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Surface engineering is a multidisciplinary field that combines
physics, chemistry, materials science, biology, and mechani-
cal engineering. Metals, ceramics, and polymers can be mod-
ified to have novel properties by surface modification
techniques such as electrochemical deposition, chemical con-
version, and plasma treatment. Scanning microscopy is
widely used to explore the microscopic world, and compre-
hensive information can be acquired by scanning microscopy
to reveal the fundamental aspects of physics, chemistry, and
biology on surfaces. The utilization of scanning microscopy
in surface engineering provides many opportunities to
improve surface modification processes and understand the
associated mechanisms.

The aim of this special issue is to establish a platform for
physicists, chemists, biologists, materials scientists, and engi-
neers to share and disseminate recent applications of scan-
ning microscopy in surface engineering. This special issue
contains 17 research papers and one review paper represent-
ing the latest research in surface engineering.

Scanning electron microscopy (SEM) has already become
a general analytical tool to observe the surface morphology of
various materials and is currently playing a very important
role in surface engineering. In this special issue, there are
13 papers about the application of SEM and the content is
quite extensive, involving common structural materials,
emerging biomaterials, and promising energy materials. For

example, magnesium alloys are recommended for bone
repair due to their natural degradation in the human body
and mechanical properties similar to those of bones. It has
thus become a hot research topic in the field of biomaterials.
Usually, the development of biomedical Mg-based materials
is closely related to surface treatment because their degrada-
tion rate has to be carefully controlled. In this special issue, C.
Liu et al. present a review to introduce recent progress and Y.
Su et al. introduce their research about the in vitrodegradation
behavior of Mg-Ca-based alloys with and without coatings.

Besides scanning electron microscopy, this special issue
contains 5 papers about the recent application of other scan-
ning microscopic techniques. L. Zhang et al. used atomic
force microscopy (AFM) to investigate Langmuir mono-
layers, and X. Fu et al. applied AFM to study the nanoscale
characteristics of the nanoindented ferromagnetic shape
memory thin film. H. Zhang et al. presented an image post-
processing framework for scanning tunneling microscopy
(STM) to reduce strong spurious oscillations and scan line
noise at fast scanning rates with preserving the features. Y.
Fan et al. used a computed tomography (CT) scanner to
observe human organs and provided a method to find the
same imaging plane in images obtained during separate scan-
ning sessions. This novel approach may offer clinicians
knowledge about the morphology and structure of a lesion
through cross-sectional images reconstructed along arbitrary
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axes. This potentially reduces the misdiagnosis rate when
cross-sectional images are interpreted.

In summary, the contributed papers cover several general
aspects of surface engineering and technologies. We try our
best to present latest applications of scanning microscopy
in this field and hope that our endeavor will provide the
authors with inspirations for their future research.
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It has been reported that the size and shape of the pores depend on the structure of the base metal, the type of electrolyte, and the
conditions of the anodizing process. The paper presents thin Al

2
O

3
oxide layer formed under hard anodizing conditions on a plate

made of EN AW-5251 aluminum alloy. The oxidation of the ceramic layer was carried out for 40–80 minutes in a three-component
SAS electrolyte (aqueous solution of acids: sulphuric 33ml/l, adipic 67 g/l, and oxalic 30 g/l) at a temperature of 293–313 K, and
the current density was 200–400A/m2. Presented images were taken by a scanning microscope. A computer analysis of the binary
images of layers showed different shapes of pores. The structure of ceramic Al

2
O

3
layers is one of the main factors determining

mechanical properties.The resistance to wear of specimen-oxide coating layer depends on porosity, morphology, and roughness of
the ceramic layer surface. A 3Doxide coatingmodel, based on the computer analysis of images from a scanning electronmicroscope
(Philips XL 30 ESEM/EDAX), was proposed.

1. Introduction

Nanotechnology is a new research approach, which refers
to the understanding and improvement of the properties of
matter on the nanoscale. In such a dimension, matter shows
completely different and often surprising properties, as a
result of which the traditional boundaries between scientific
and technical disciplines become blurred. Anodic oxide con-
version coatings obtained in the electrodeposition process are
the components of a wide variety of nanostructures, such as
photonic crystals, metamaterials, and microelements. They
can also be used as matrices for the production of nanotubes
or nanowires [1–4].

A number of theories presented in the literature, which
deal with the structure, formation mechanisms, and the
forming of Al

2
O

3
coatings, result from the analysis of

microscopic images and physicochemical properties of the
coatings. The first author of Al

2
O

3
coating formation theory

was Csokan [5]. It says that, in the beginning of the anodizing
process, oxygen atoms or electrolyte anions are adsorbed
or chemisorbed onto active sites (defects, faults, and grain
boundaries) on the aluminum surface.Then the layer of oxide
nuclei is formed. Perpendicular oxide growth is much slower
than at the edges of the nucleus, and as a result of this lateral

growth, the oxide covers the entire aluminum surface. The
local differences in chemical solubility of the oxide layer
and in structural deformations created by different state of
energy are directly responsible for the formation of pores.
Keller, Hunter, and Robinson (KHR), the authors of [6],
extended Csokan’s theory. In their opinion at the beginning
of the hard anodizing process, the highly ordered homoge-
neous anodic oxide barrier is created. The further current
applied causes the rise of the porous oxide layer. The passing
current increases the local temperature of the electrolyte
such that consequently oxide dissolution is enhanced and
current breakdowns form pores in the oxide layer.The anodic
structure exhibiting the hexagonal arrangement of cells is
derived from pores due to the existing tendency of spherical
distribution of potential and current about the pore. The
barrier layer thickness and pore and cell dimensions depend
on the voltage applied in the process of hard anodizing, type
of electrolyte, its composition, and process temperature. KHR
coating was formed at 120 volts in the 4% phosphoric acid
electrolyte and temperature of 297,15 K (Figure 1(a)) [6].

Another author of oxide layer structure formation theory
was Sulka [7]. He represented schematically oxide layer
created by hard anodizing as a closed-packed array of hexag-
onally arranged cells containing pores in each cell center
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Figure 1: Al
2
O

3
oxide layer models by (a) KHR, (b) Sulka, and (c) Skoneczny.

(Figure 1(b)). In his opinion, growth of the oxide layer takes
place at themetal and oxide interface at the pore bottoms and
involves the conversion of a preexisting, naturally occurring
film on the surface into the barrier-type film and further
into a porous oxide layer. During the porous oxide growth,
a thin and compact barrier layer at the pore interface is
continuously dissolved by locally increased field, and a new
barrier layer at the interface is rebuilt. Steady-state growth
causes the cylindrical pores to appear. Nanostructures were
produced by 1–3 steps of anodizing in sulphuric acid at
electrolyte potentials between 15 and 25V at temperature of
274.15–283.15 K [11].

The oxide coating layer model proposed by Skoneczny
is shown in Figure 1(c) with marks: (1) micropores, (2)
admixture, (3) metal, (4) barrier layer, (5) oxide film, (6)
porous layer, (7) macropores, and (d) fiber diameter. The
model obtained in a three-component SAS electrolyte (aque-
ous solution of acids: sulphuric 33ml/l, adipic 67 g/l, and
oxalic 30 g/l) at temperature of 293K and current density
of 200A/m2 is comprised of a thin barrier layer directly
adjoiningmetal and a porous upper layer.Micropores formed
as a result of aluminum oxide nanofibers contacting one
another are the result of the formation of the columnar
structure. A section of a pore has an equilateral triangle shape,
where the sides have been replaced by an arc formed from
a circular section. Energy interferences in the oxide layer
and the local etching of grain boundaries of the substrate
material and mixtures caused the formation of macropores
[12]. The research discussed was based on a model proposed
by Skoneczny due to the fact that it had been produced under
similar conditions to those that were used in the experiments.

Anodic coatings produced on aluminum are applied in
tribology to increase the hardness, as well as to improve
wear resistance and corrosion resistance. Physicochemical
characteristics of anodic oxide coatings (AOC) are deter-
mined on the basis of the examination of their structure and
morphology, which have a decisive influence on the tribo-
logical properties. The latter, in lubricant-free polymer/layer

systems, depend mainly on the porosity, morphology, and
roughness of the oxide layer’s surface and the substrate
material used. The type of the electrolyte used has a funda-
mental influence on the appearance and, consequently, the
tribological properties of the oxide layer. Different acids or
their mixtures can form the electrolyte. Parameters such as
current density, anodizing time, temperature of electrolysis,
electrolyte stirring rate, and the type of base material are of
importance. Controlling them allows us to obtain coatings
with predefined properties [13]. The phases of forming the
Al

2
O

3
(Figure 2) layer can be divided into the following: the

formation of a barrier layer, local field distribution caused
by surface fluctuations in the surface, the formation of pores
through layer’s dissolution, and stable growth of the layer
[14, 15].

Analysis of images from a scanningmicroscope presented
in the literature has shown that multiple structures of the
oxide layers’ surfacemorphology can be obtained, depending
on the applied conditions of their formation through anodiz-
ing (Figures 3(a)–3(d)).

Based on a computer analysis of the microscopic images
obtained, an attempt was made to reproduce the real surface
morphology of the Al

2
O

3
layer in a program (SFO 2012) [16].

The idea of the developed SFO 2012 program is to make it
possible to simulate themorphology of the oxide layer, Al

2
O

3
,

produced in different hard anodizing conditions.

2. Layer Technology

The EN AW-5251 aluminum alloy was the base for Al
2
O

3

layer.The chemical composition of ENAW-5251 is as follows:
Mg, 1.9%; Mn, 0.26%; Si, 0.2%; Fe, 0.32%; Cu, 0.05%; Zn,
0.01%; Cr, 0.02%; Ti, 0.02%; and Al, 97.2%. It was chosen
because of its good mechanical properties and a scanty
content of admixtures of other elements, which facilitated the
formation of the oxide layer. Coatings were produced in the
anodizing system on rolled sheet metal strips of an area of 1
× 10−3 m2 and thickness of 4 × 10−3 m.



Scanning 3

Electrolyte

Electrode

！Ｆ2／3 ！Ｆ3+ ／2−/／（−

Aluminium

(a)

E

(b)

E

(c)

！Ｆ3+ ／2−

E

(d)

Figure 2: Phases of forming the Al
2
O

3
layer bymeans of hard anodizing: (a) the formation of a barrier layer, (b) local field distribution caused

by surface fluctuations in the surface, (c) the formation of pores through layer’s dissolution, and (d) stable growth of the layer.

(a) (b)

(c) (d)

Figure 3: SEM bottom view of a porous alumina layer prepared in different conditions: (a) H
3
PO

4
, 160V, 276.15 K [7], (b) mixture of

(CH
2
)
4
(COOH)

2
, H

2
SO

4
, andH

2
C
2
O

4
, 300A/m2, 303.15 K [8], (c) 2.4MH

2
SO

4
, 25 V, 281.15 K [9], and (d)H

2
SO

4
andH

3
PO

4
, 120V, 308.15 K

[10].
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Table 1: Parameters controlled by hard anodizing process.

Parameters marking Current density [A/m2] Electrolyte temperature [K] Oxidation time [min]
A 200 293 40
B 300 303 60
C 400 313 80

(a) (b) (c)

Figure 4: Morphology of the oxide layer: (a) sample A, (b) sample B, and (c) sample C.

Cnts: 76CPS: 1040FS: 3161

10:58:53 8-26-99Lsec: 44
Label:
Prst: None

AlKa

O Ka

1.00 1.50 2.00 2.50 3.00 3.50 4.00 4.50 5.000.50
KeV: 0.25

Figure 5: Results of the chemical composition analysis of the substrate and Al
2
O

3
layer.

Prior to the oxidation process, the surfaces of the samples
were etched in a 5% solution of KOH and next, in order
to reverse the etching reaction, tin-plated in a 10% HNO

3

solution. Distilled water was used for rinsing after the
etching and tin-plating procedures. Oxidation of the properly
prepared sample surfaces was carried out in a SAS solution
of the following acids: sulfuric 33ml/l, adipic 67 g/l, and
oxalic 30 g/l. Temperature of the electrolyte was 293–313 K,
current density was 200–400A/m2, and oxidation time was
40–80 minutes. The electrolyte was stirred at a constant rate
of 150 rpm. The production parameters of the individual
samples are presented in Table 1. The range of anodization
parameters was determined for three levels: minimal, central,
and maximal. The minimum and maximum parameters
correspond to the boundary values normally used in the
production of Al

2
O

3
layers.

The anodizing samples with a deposited oxide layer
(Figure 4) were rinsed in distilled water.

3. Results and Discussion

3.1. Analysis of the Chemical Composition of the Substrate
and Al2O3 Layer. Analysis of the chemical composition
was performed on a transverse microsection of the Al

2
O

3

layer produced on an aluminum alloy in a three-component
electrolyte in order to corroborate and examine the amounts
of elements of which the oxide layer is built. It showed
that the obtained oxide layer contained atomically 56.8% of
aluminum and 43.2% of oxygen (Figure 5).

As a result of the stoichiometry calculations, its chemical
composition should include 52,92% of aluminum and 47,08%
of oxygen.

3.2. Computer Analysis in the ImageJ Program. To examine
the Al

2
O

3
layer’s morphology and structure obtained from

scanning electron microscopy images, a computer image
analysis in the ImageJ program (v1.46) was used (Figures 6
and 7). The application allowed processing the actual images
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(a) (b)

Figure 6: Morphology of the oxide layer produced in the electrolyte SAS: (a) SEM image and (b) binary image.

(a) (b)

Figure 7: Structure of the oxide layer produced in the electrolyte SAS: (a) SEM image zoom 30,000x and (b) binary image.

and their fragments and carrying out an analysis of images of
the morphology of the oxide layer.

4. Calculation

4.1. The Analytical Solution. Using the properties of triangles
inscribed in a circle, the properties of circles, their mutual
positions between one another, and the properties of flat
angles, as well as taking advantage of transformations of
trigonometric functions of a triangle, the analytical solution
was proposed.

The analytical solution was implemented in C++ lan-
guage, the outcome of which was program code.

According to Skoneczny’s theory [17], the possible fiber
orientations were modeled in the Inventor program (Figures
8(a)–8(d)). Feret’s diameters of nanopores were as follows:

triangle-shaped, 50 nm, rhombus-shaped, 82 nm, pentagon-
shaped, 132 nm, and hexagon-shaped, 180 nm.

Based on the structure and morphology images of the
Al

2
O

3
layer, a vision of the appearance and structure of the

oxide coating was obtained. A columnarmodel of the coating
was created using CAD (Figure 9) [8].

4.2.The Algorithm and Functioning of the SFO 2012 Computer
Program. The program was written according to the proce-
dural algorithm:

(1) Objective: to simulate the morphology of a coating
and to optimize the surface topography at its design
stage

(2) Data: types of fiber orientations and computer analy-
sis of SEM images
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(a) (b) (c) (d)

Figure 8: The modeled pores in the shape of (a) triangle, (b) rhombus, (c) pentagon, and (d) hexagon.

156nm

(1) (2)

(3)

Figure 9: Oxide coating Al
2
O

3
model: (1) micropores, (2) nanopores, and (3) ceramic fibers.

(a) (b) (c)

Figure 10: Regular groups of fibers: (a) SEM photos of AOC, (b) a window of the SFO program simulation of fiber orientation, and (c) SEM
photos of AOC with markers of fiber orientation.

(3) Problem: a programbuilding the structure of an oxide
coating

(4) Problem analysis: programming fiber groups and
their orientations, a mathematical study, and imple-
mentation of data, objects, and classes

(5) Outcome: an application simulating the fiber orienta-
tion in a coating

The operation of the program begins with the drawing of
fiber groups frompoint 0.0 located in the top left-hand corner
of the result window. The drawing area is 1000 × 500 px. The
program performs a random distribution of the groups using
mathematical prediction of events by means of the Monte
Carlo method. It draws for one of the nanopore groups in
the shape of a triangle, a pentagon, or a hexagon. A group
of quadrangle nanopores is created from a combination of

pentagon and hexagon groups. Image analysis showed 705
complete fiber objects that form the Al

2
O

3
coating on the

working screen of the program. The result of the operation
of the application is the proposed image of the oxide coating
morphology (Figures 10(a)–10(c)).

In Table 2, the comparison of nanopores size measure-
ments obtained from SFO and microscope was shown.
Measurements were made for sample B. The accuracy of
the calculation in computer program results from statistical
deviations of the sample and does not exceed several percent.

The surfacemeasurements of nanopores weremade using
computer image analysis in ImageJ program.The application
allows binarization, grouping, and calculating surface area
of objects of analyzed images. Measurements are shown for
exemplary sample B. The size and shape of pores depend
on the substrate metal structure, the type of electrolyte, and
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Table 2: The surface measurements of nanopores.

Measured from The shape of nanopores
Triangle [nm2] Rhombus [nm2] Pentagon [nm2] Hexagon [nm2]

SFO program 981 5223 13227 25000
SEM image 1003 5169 13656 26696

the conditions in which the anodizing process is conducted.
Nanopores, which are the result of aluminum oxide fibers
contacting one another, as well as of their arrangement and
growth, are formed in a perfect columnar structure without
energy interference. The cross section of a pore has in that
case the shape of an equilateral triangle whose sides are
covered with an arc formed from a segment of a fiber. The
structures of fibers creating macropores were also modeled.
The macropores were formed as a result of transformation
of the energy interference in the substrate structure into
an oxide coating, and they took the shape of a rhombus,
a quadrangle, a pentagon, or a hexagon. The appearance
of a morphology obtained from a combination of various
nanopores and micropores was proposed (Figure 10(b)).

5. Conclusions

The geometric structure of the surface is one of the most
important properties of the Al

2
O

3
coating which affects, to a

large degree, its tribological characteristics in nonlubricated
sliding systems.

The proposed computer model of the oxide coating’s
morphology built in the SFO 2012 program is an attempt to
reconstruct the real system in a computer program in order
to better understand and illustrate possible solutions to the
investigated problem. The simulation uses a mathematical
model written in the form of a computer program.Themodel
is a simplified version of the actual system and illustrates the
ongoing processes in an approximate way. The conceptual
model consists of a number of assumptions that reduce the
examined problem and the real area of analysis to their
simplified counterparts that are acceptable in the context of
the purpose of the modeling and simulation.
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Four nontoxic biological alloys, Mg-0.5Ca-1Sr-4Zr (Alloy 1), Mg-0.5Ca-1Sr-1.5Zr (Alloy 2), Mg-0.5Ca-3Sr-1.5Zr (Alloy 3), andMg-
0.5Ca-1Sr-0.5Sn (Alloy 4), were prepared by vacuum smelting, gravity casting, and hot rolling.The composition andmicrostructure
of the alloys were investigated by optical microscope, X-ray fluorescence spectrometer (XRF), X-ray diffraction (XRD), scanning
electron microscope (SEM), and energy dispersion spectroscopy (EDS). The mechanical properties and corrosion behaviors of the
alloys in Hank’s solution were studied. Results showed that a large amount of fine and uniformly distributed second-phase particles
(Zr, Mg17Sr2, and CaMgSn) was observed in four alloys obtained after rolling and alloying. The segregation of Zr in alloys was
observed in EDS image, and chemical analysis showed that there was macrosegregation of the elements in the alloys. Furthermore,
Mg17Sr2 phases in theMg-0.5Ca-1Sr-0.5Sn alloy homogenized the distribution of CaMgZn phases.The comprehensive mechanical
properties of four newly designed rolled alloys were much higher than those of pure Mg, and the compressive strength of the
alloys was more than twice as high as that of pure magnesium.TheMg-0.5Ca-1Sr-0.5Sn alloy released the least hydrogen in Hank’s
solution, which was lower than that of pure magnesium. Electrochemical test results in Hank’s solution further showed that the
Mg-0.5Ca-1Sr-0.5Sn alloy had delayed corrosion and lowest 𝐼corr which was 25% of that of pure magnesium. Biological experiments
results showed that the Mg-0.5Ca-1Sr-0.5Sn alloy had better biocompatibility and optimal potential for bone substitute material.

1. Introduction

In recent years, titanium alloy, 316L stainless steel [1, 2], and
cobalt-based alloys [3, 4] are widely used in bone substitute
materials [5–7]. However, poor biocompatibility impacted
316L SS application. Its implantation into the human body
may cause the occurrence of allergic reactions to nickel [8].
Ebadian et al. compared various implantation materials and
found that the chrome cobalt (Co-Cr) group was more toxic
than the other groups; inflammation increased over time
[9]. Magnesium and its alloys have been attracting growing
attention as next-generation medical material suitable for
biodegradable bone implant and stent, due to their well
physical and mechanical properties, such as excellent bio-
compatibility, high strength, and similar Young’s modulus to
human bone [10–13]. Magnesium and its alloys’ density is
approximately 1.8–2.0 g⋅cm−3, which is closer to the density of
human bone (1.7–2.0 g⋅cm−3). Titanium alloy, 316L stainless

steel, and cobalt-based alloy were up to 4.0 g⋅cm−3, 7.9 g⋅cm−3
or more, and 8.3 g⋅cm−3 or more, respectively. Magnesium
alloys’ Young’s modulus is 41–45GPa, which is closer to that
of the human bone density (10–40GPa), while titanium alloy,
316L stainless steel, and cobalt-based alloy Young’s modulus
were up to 110GPa, 189GPa, and more than 230GPa [10].

What hindered the development of magnesium alloy was
the corrosion resistance of magnesium alloy. As a biocompat-
ible implant material, magnesium alloys were susceptible to
corrosion in human body which was rich in Cl− ions, leading
to premature failure of its mechanical properties as a key
problem for the researchers [14]. In order to improve the
corrosion resistance of the biocompatible magnesium alloy,
fine-graining [15–17], high-purification [18], alloying [19],
and surface treatment [20, 21] were commonly used.

Alloying is a hot topic in improving the comprehensive
properties of biologicalmagnesium alloys. Ca is an important
constituent element of bone tissue, which can increase the

Hindawi
Scanning
Volume 2018, Article ID 6519310, 10 pages
https://doi.org/10.1155/2018/6519310

http://orcid.org/0000-0001-6723-7895
http://orcid.org/0000-0001-8008-3536
https://doi.org/10.1155/2018/6519310


2 Scanning

strength and corrosion resistance of the alloywhile increasing
the solid solubility of Zr in themagnesium alloy and promote
the refinement of the alloymicrostructure [10, 19, 22]. Zr as an
alloying element can significantly refine the grains, enhance
the tensile strength and yield strength of the alloy, and in the
meantime form the precipitation phase to improve the
corrosion resistance of the alloy [10, 23]. Sr can promote the
growth of osteoblasts, accelerate the healing of bone tissue,
and improve the mechanical properties, corrosion resistance,
and high temperature creep resistance of the alloy [24–31].
After rolling, the structure can be further refined by Hall-
Petch formula [32]: 𝜎𝑦 = 𝜎0+𝑘𝑑−1/2; the fine crystallization
can effectively enhance the mechanical properties. The mag-
nesium alloy is packed in hexagons; the fine crystallization
strengthening effect is much larger than the face of the
cubic aluminum alloy. Ding et al. [28] studied the Zr, Sr in
Mg-Sr-Zr alloy of nontoxic side on the human metabolism
and the best content on the basis of the achievements of
scholars. Sn and Ca were also essential elements of the
human body. This study preliminarily analyzed the Mg-Ca
alloy and added elements which had good biocompatibility.
The microstructure, mechanical properties, and corrosion
resistance of the magnesium alloy were studied by adding the
various amounts of control elements, and the experimental
data were provided for the study of corrosion-resistant
biocompatible magnesium alloy.

2. Experimental Method

2.1.Material Preparation. For comparison, 10mmthick plates
of pure Mg (99.99%) were used for a variety of performance
tests.

Four specimens (Alloy 1, Alloy 2, Alloy 3, and Alloy 4)
were prepared by using pieces of pure Mg (99.99%), Mg-
30Sr alloy, Mg-10Ca alloy, and pure Sn and Mg-30Zr alloy
(Figure 1). The 10mm thick rolling plates of Alloy 1, Alloy
2, Alloy 3, and Alloy 4 were prepared by the following
method.

(1) Pieces of the pure Mg, pure Sn, and the alloys were
melted in a crucible resistance furnace under the protection
of 0.01% CO2 + SF6. Pieces of Mg-30Sr alloy should be added
in the end because they were easy to be burned.

(2) Then 0.1% CCl4 slag was added in the melts and was
heated to 720∘C for the degassing and grain refining purpose.
When the alloy was completely melted and stirred at 720∘C
for 5minutes, then the temperature was raised to 750∘C for 20
minutes and the furnace was turned down. After the furnace
temperature dropped to 720∘C, the alloy liquid was poured
into a steel mold (H13 die steel) which had been preheated to
200∘C to obtain an ingot. Before pouring, the mold was
coated with a thin layer of releasing agent for casting.

(3) After air cooling, the ingot was heated to 300∘C and
placed on a hot rolling mill to be rolled in a mold with
dimensions of 𝜑80mm in inner diameter, 20mm in wall
thickness, and 500mm in height and rolled to 10mm thick-
ness by one-step molding at a rolling ratio of 16 : 1. Before
extrusion, the magnesium alloy bar was kept in a holding
furnace at 300∘C for about 30 minutes to ensure that the bar
was completely heated and the extruded cylinder was heated

Alloy 1

Alloy 2

Alloy 3

Alloy 4

Figure 1: Alloy 1, Alloy 2, Alloy 3, and Alloy 4 after rolling.

to 300∘Cbefore extrusion.Magnesium alloy hot extrusion die
coating lubricant was applied.

2.2. Microstructure Characteristics. The alloy samples were
cut on the rolled alloy specimens (Table 1) and in parallel
directionwith rolling. Five samples (pureMg,Alloy 1, Alloy 2,
Alloy 3, and Alloy 4) were ground from 400 grit to 2000 grit
with SiC sandpaper and polished on a PG-2 metallographic
sample polishing machine and then etched with corrosive
(distilled water 80mL, picric acid 5 g, and acetic acid 15mL).
The pure Mg and four as-cast alloys’ microstructure was
observed by LEICA DM 2500M optical microscope and the
EMPYREAN XRD were used to analyze the phase with a
Cu K𝛼 radiation over the range 20∘ ⩽ 2𝜃 ⩽ 80∘ with an
accelerating voltage of 40 kV and a current of 250mV at room
temperature. The samples were scanned at 2∘/min. The mor-
phology of the alloy was observed by MLA 650F SEM, and
the composition was analyzed by EDS.

2.3. Mechanical Performance Test. The tensile test samples
and compression test samples were cut from rolled Mg alloy
specimens in parallel direction of rolling. For comparison,
3mm thick plates of pureMg (99.99%)were used for a variety
of performance tests.

The tensile test specimens (the gauge part was 50mm in
length, 12.5mm in width, and 3mm in thickness) and com-
pression test specimens (8mm high and 5mm in diameter)
prepared according to ASTM E8 [29], E8M-13a [30], and
ASTM E9-89a [31] were stretched and compressed, respec-
tively, using a W-100 microcomputer controlled electronic
universal testing machine at a draw rate of 0.5mm/min and a
compression test rate of 0.01mm/min. Three sets of tensile
test specimens and 3 sets of compression test specimens were
tested, respectively, and the average values were calculated.
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Table 1: The specimens and composition by XRF (mass%).

Rolled alloy specimen Designed content Actual content by XRF Impurity content by XRF
(wt%)

Alloy 1 Mg-0.5Ca-1Sr-4Zr Mg-0.45Ca-0.74Sr-3.99Zr 0.016% Fe,
Si, Cu, Ni undetected.

Alloy 2 Mg-0.5Ca-1Sr-1.5Zr Mg-0.55Ca-1.07Sr-1.49Zr 0.009% Fe, 0.11% Si,
Cu, Ni undetected.

Alloy 3 Mg-0.5Ca-3.5Sr-1.5Zr Mg-0.54Ca-3.37Sr-1.37Zr 0.017% Fe, 0.083% Si,
Cu, Ni undetected.

Alloy 4 Mg-0.5Ca-1Sr-0.5Sn Mg-0.43Ca-1.21Sr-0.48Sn 0.020% Fe, 0.12% Si,
Cu, Ni undetected.

2.4. Electrochemical Tests. Alloy samples cut into 1 cm ∗
1 cm ∗ 1 cm pieces were ground from 400 grit to 2000 grit
with SiC sandpaper and polished on a PG-2 metallo-
graphic sample polishing machine and then placed in Hank’s
physiological solution at a constant temperature of 37∘C
(Hank’s solution composition: 8.01 g/L NaCl, 0.40 g/L KCl,
0.19 g/L CaCl2, 0.051 g/L Na2HPO4⋅H2O, 0.055 g/L KH2PO4,
0.353 g/L NaHCO3, and 0.346 g/L MgSO4⋅7H2O) to evaluate
the corrosion rate with hydrogen evolution. The epoxy resin
protection was made on specimens and the specimens were
only 0.5 cm2 exposed to the solution. The CS310 multifunc-
tion electrochemical workstation was applied with calomel
electrode as the reference electrode; Pt was applied as the aux-
iliary electrode of the three-electrode system to measure the
open circuit potential.The scanning speed was set at 1mv/s to
measure the polarization curve. The dynamic potential scan-
ning range of −0.5 V to 1.5 V and Tafel traditional method
were used for fitting.

2.5. Cell Culture. Cells for CVR test were cultured in low-lim-
it basal medium (MEM) (Gibco, Invitrogen, Mulgrave, VIC,
Australia) (Barwon Biomedical Research, Geelong Hospital,
Victoria, Australia) with osteoblast characteristics. Other
reagents include 10% fetal bovine serum (Bovogen (Sigma-
Aldrich, Castle Hill, NSW, Australia), 10,000 units/mL pen-
icillin-10000𝜇g/mL streptomycin (Gibco) and 0.4% ampho-
stat B (In Vitro Technologies), 1% nonessential amino acids
(Sigma-Aldrich, Castle Hill, NSW, Australia), Auckland, New
Zealand) and were cultured in a humidified air atmosphere at
37∘C and 5% CO2. The medium was replaced every 3 days.

2.6. Cell Viability Ratio (CVR) Test. TheMg-Ca alloy samples
of 𝜑8 × 2mm were sterilized at 180∘C for 2 h and then placed
into the cell culture plate with control samples, 5 × 103 cells
were seeded on each sample for 7 days, and the biocompati-
bility was evaluated by the international standard ISO10993-5
[33].

3. Results and Discussion

3.1. Composition and Microstructure. Rolled alloy specimens
are listed in Table 1. Three small samples (1 cm ∗ 1 cm ∗ 10
cm) were cut at three different locations on the specimens.
Elemental compositions of three samples were tested by S4

20 30 40 50 60 70 80

1

2

4

3

Mg
Zr CaMgSn

2

－Ａ17３Ｌ2

Figure 2: XRD patterns of rolled Alloy 1, Alloy 2, Alloy 3, and Alloy
4.

PIONEER XRF and the results listed in Table 1 were the
average content.

Chemical analysis of Alloy 1 showed that average content
of Zr was 3.97, and 3 samples were 3.88, 4.10, and 3.95, respec-
tively. Average content of Zr inAlloy 2was 1.48, and 3 samples
were 1.48, 1.39, and 1.58, respectively. Average content of
Zr in Alloy 3 was 1.37, and 3 samples were 1.29, 1.36, and
1.47, respectively. Hence, there was macrosegregation of the
elements in Alloy 1, Alloy 2, and Alloy 3.

Chemical analysis showed that there was no macrosegre-
gation of the elements in Alloy 4. Average content of Sn in
Alloy 4 was 0.48, and 3 samples were 0.47, 0.48, and 0.48,
respectively.

Phase compositions of fourmagnesium alloys were deter-
mined by XRD (Figure 2). It could be seen from the figure
that Alloy 1, Alloy 2, and Alloy 3 were mainly composed of 𝛼-
Mg matrix, Zr, and intermetallic compound Mg17Sr2. After
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Figure 3: Microstructures of the cross sections of rolled alloys: (a) pure Mg; (b) Alloy 1; (c) Alloy 2; (d) Alloy 3; (e) Alloy 4.

adding Sn, CaMgSn phase was formed beside 𝛼-Mg matrix
and Mg17Sr2, and the diffraction angle of the strongest peak
showed deviation, which may be due to the rolling of as-cast
alloy and different additives.

Figure 3 shows the cross-section metallographic pho-
tographs of pure Mg and four groups of rolled magnesium
alloy (Alloy 1, Alloy 2, Alloy 3, and Alloy 4). It can be seen
from the figure that, compared to pure Mg in Figure 3(a),
the grain sizes of magnesium alloy had been refined after
rolling, whichmight be caused by alloying and alloy dynamic
recrystallization. The black points should be pure 𝛼-Zr
particles (the maximum solid solubility in the magnesium
alloy is 0.6%), and the XRD spectrum of Figure 2 shows that
Alloy 1 had a strong Zr prime peak. Although the average
grain sizes of Figure 3(e) were 9.7 𝜇m according to linear
intercept method in ASTM E112 [34], which was significantly
larger than that of Figure 3(b), 5.36𝜇m, Figure 3(c), 6.71𝜇m,

and Figure 3(d), 6.16 𝜇m, it can be seen that the distribution of
the components in Figure 3(e) was relatively uniform. After
being rolled, the grains in the alloys were found to be
stretched and there were some incomplete recrystallization
and recovery zones. In addition, the cross sections were
formed by equiaxed grains. The dynamic recrystallization
after rolling was secondarily refined to that of the grains.

Figure 4 shows SEM, Zr EDS, and Sn EDS images of
Alloy 1, Alloy 2, Alloy 3, and Alloy 4, respectively. In Figures
4(a2), 4(b2), and 4(c2), it can be seen that the irregular
circular white areas were 𝛼-Zr-rich segregation areas, and the
distribution of Zr was not very uniform.The crystallization of
Alloy 1, Alloy 2, andAlloy 3wasmore refined than that of pure
magnesium (Figure 3) because a small amount of Zr was co-
solid-solved into the 𝛼-Mg matrix.

The uniformly distributed Sn element was found by EDS
mapping in Figure 4(d2). Therefore, the crystallization of
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(d1) (d2)
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Figure 4: Images of (a1) SEM of Alloy 1, (a2) Zr EDS pattern of Alloy 1, (b1) SEM of Alloy 2, (b2) Zr EDS pattern of Alloy 2, (c1) SEM of Alloy
3, (c2) Zr EDS pattern of Alloy 3, (d1) SEM of Alloy 4, and (d2) Sn EDS pattern of Alloy 4.
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Figure 5: Tensile strength and elongation (a) and compressive strength (b) of pure Mg and Alloy 1, Alloy 2, Alloy 3, and Alloy 4.

Alloy 4 was more refined than that of pure magnesium and
Alloy 1, Alloy 2, and Alloy 3 (Figure 3).

3.2. Mechanical Properties. The mechanical properties of
pure Mg and four alloys are shown in Figure 5. The com-
prehensive mechanical properties of four rolling alloys were
much higher than those of pureMg, whichmay be due to fac-
tors such as solid solution and second-phase strengthening of
Zr, Ca and work hardening of Mg2Sn, Mg17Sr2. The com-
pressive strength of Alloy 3 was relatively better than others.
Mg17Sr2 phases in alloys could refine crystalline grains. The
elongation of Alloy 4 was higher than that of 3 alloys, demon-
strating that theMg17Sr2 phases in the alloy homogenized the
distribution of CaMgZn phases and contributed to the alloy
elongation.

Compressive strength of the alloys was more than twice
as high as that of pure magnesium. This was because a large
number of second-phase particles (Mg2Sn, Mg17Sr2) greatly
improve the compressive strength of the alloys.

3.3. Corrosion Resistance. As shown in Figure 6, pureMg and
Mg alloys 1, 2, 3, and 4 were immersed in Hank’s solution at
37∘C to evaluate the amount of hydrogen evolution with
immersion time. It can be seen from the figure that the curve
of Alloy 4 was close to a straight line in the 120-hour experi-
mental period, indicating that Alloy 4 basically remained in a
relatively consistent dissolution rate.The other four groups of
alloys and pureMg were initially in rapid hydrogen evolution
rate; then the rate began to decline as time went on. It can
be seen from the figure that only the hydrogen deposition
amount of Alloy 4 was close to that of pure Mg and was more
resistant to corrosion than pure Mg. Corrosion resistance of
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Figure 6: Variations of hydrogen evolution volumes of pureMg and
Mg alloys in Hank’s solution with immersion time.

Alloy 1, Alloy 2, and Alloy 3 was relatively closer, which
was inferior to that of pure Mg. According to the daily
precipitation of hydrogen, from the formula ph = 2.279Vh
[35], the calculation result of the corrosion rate of the alloys
per year is shown in Table 2.
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Figure 7: Polarization curves in Hank’s solution of rolled pure Mg
and Mg alloys.

Figure 7 is the polarization curve of pure Mg and Mg
Alloy 1, Alloy 2, Alloy 3, and Alloy 4 in Hank’s solution at
37∘C. It can be seen from the figure that, in the cathode region,
the corrosion current of Alloy 4 was much smaller than that
of pure Mg and other 3 alloys at the same potential, and the
corrosion current of the other 3 alloys was larger than that
of pure Mg, indicating that the corrosion resistance of Alloy
4 was most optimal, and other alloys were less corrosion-
resistive than pure Mg, which was accordant with the results
measured by the hydrogen evolution method. In the anode
area, it was apparent that pure Mg and Alloy 4 had inflection
points, respectively, indicating that corrosion-resistant pas-
sivation films were formed, thereby reducing the corrosion
rate, while inflection points in the other three groups of alloys
were not particularly significant and are basically close to
active dissolution, especially Alloy 3. The results were fitted
by Tafel traditional method, and the corrosion potential and
current density are shown in Table 4.

Table 3 shows the corrosion potential (𝐸corr) and corro-
sion current densities (𝐼corr) of phosphate coatings. Electro-
chemical parameters showed results correspond to potentio-
dynamic polarization curves of the alloys shown in Figure 7.
𝐸corr of Alloy 1, Alloy 2, Alloy 3, and Alloy 4 showed lower
𝐸corr than that of pure Mg. The Mg-0.5Ca-1Sr-0.5Sn alloy
demonstrated lowest corrosion current and corrosion rate in
electrochemical test; 𝐼corr was 25% of that of pure magnesium
and showed delayed corrosion in Hank’s solution.

Figure 8 shows SEM images of Alloy 1, Alloy 2, Alloy
3, and Alloy 4 after being immersed in Hank’s solution for
120 h and washing away the corrosion product. Corrosion
microcracks could be seen and they were not shown in the
original morphologies on the surface of Alloy 1 and Alloy
2 samples. There were severe bulges because 𝛼-Zr in the

Table 2: Hydrogen evolution and corrosion rates of pure Mg and
Mg alloys in Hank’s solution.

Samples H2 evolution rate
mL/(cm2 day)

Corrosion rate(1)
mm/year

Pure Mg 1.43 3.26
Alloy 1 4.79 10.92
Alloy 2 5.14 11.71
Alloy 3 5.32 12.11
Alloy 4 0.68 1.56
(1)Corrosion rate mm/year was calculated with H2 production rate.

Zr-rich region acted as cathode in corrosion galvanic and
accelerated the corrosion in the process of corrosion. That is
the reason why the corrosion resistance of Alloy 1 and Alloy 2
was poor. The original morphology on the surface of Alloy 3
samples was more complete but there were bulges because of
electrochemistry corrosion.

The original morphology on the surface of Alloy 3 sam-
ples was more complete without corrosion. Mg17Sn2 com-
pounds made CaMgSn homogeneous and corrosion was
blocked.

3.4. Biocompatibility Assessment. Table 4 shows the cell via-
bility ratio (CVR) values used for assessing the in vitro cyto-
toxicities of theMg-Ca alloys, compared to control group.The
cell viability ratio (CVR) was calculated using the equation
given by [36]:

CVR =
(viable cell count in experimental extract)
(viable cell count in control extract)

. (1)

As can be seen fromFigure 9, the cell viability ratio (CVR)
values of Alloy 1, Alloy 2, Alloy 3, and Alloy 4 were 0.89, 0.94,
0.87, and 0.92, respectively. They were close to the results of
the control group, where Alloy 2 and Alloy 4 showed slightly
higher CVR in the materials evaluated. Therefore, it can be
inferred that Alloy 2 and Alloy 4 had better cell compatibility.

4. Conclusion

A new series of Mg-Ca alloys including Mg-0.5Ca-1Sr-4Zr,
Mg-0.5Ca-1Sr-1.5Zr,Mg-0.5Ca-3Sr-1.5Zr, andMg-0.5Ca-1Sr-
0.5Sn were designed using the vacuum smelting, gravity
casting, and hot rolling approaches. The microstructures,
mechanical properties, and cytocompatibility of the Mg-Ca
alloys were investigated. The following conclusions can be
drawn from this study.

(1) The alloys were composed of 𝛼-Mg, 𝛼-Zr, Mg12Sr7,
and CaMgSn, and their grain sizes were dramatically refined
compared with that of pure Mg, which were characterized by
optical microscopy, XRD, and EDS.

(2) The comprehensive mechanical properties of alloys
containing Zr were greatly improved; Mg-0.5Ca-3Sr-1.5Zr
alloy obtained the highest tensile strength of approximately
200MPa and highest compression strength at 350MPa. But
the corrosion resistance of Mg-Ca-Sr-Zr alloys was not
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Table 3: Electrochemical parameters of pure Mg and Mg alloys.

Sample code 𝐸corr (V) 𝐼corr (mA/cm2) Corrosion rate (mm/year)
Pure Mg −1.38 0.48 10.39
Alloy 1 −1.26 0.72 15.63
Alloy 2 −1.21 0.74 16.12
Alloy 3 −1.48 3.09 67.06
Alloy 4 −1.55 0.11 2.42

(a) (b)

(c) (d)

Figure 8: The SEM images of the alloys immersed in Hank’s solution after 120 h: (a) Alloy 1; (b) Alloy 2; (c) Alloy 3; (d) Alloy 4.

Table 4: Cell viability ratio of alloys after 24 h extract cell seed for 1
day and then cell cultures for 5 days.

Viability (% of control) Average (%) STD
1 2 3

Control 99.99 98.54912 101.4509 100% 1.18
Alloy 1 80.05 91.2 94.45 88.57 7.55
Alloy 2 94.7 92.41 96.1 94.40 1.86
Alloy 3 91.7154 87.32 82.6 87.21 4.56
Alloy 4 84.4 96.2 94.89 91.83 6.47

as good as that of pure Mg. The alloy showed balanced
mechanical properties, with tensile strength of 180Mpa and

compressive strength of 340Mpa, which was a bit lower than
Mg-0.5Ca-3Sr-1.5Zr alloy, but superior to pure Mg.

(3) The Mg-0.5Ca-1Sr-0.5Sn alloy released the least
hydrogen in Hank’s solution, which was lower than that of
pure magnesium. Electrochemical test results in Hank’s solu-
tion further showed that the Mg-0.5Ca-1Sr-0.5Sn alloy had
delayed corrosion and lowest 𝐼corr which was 25% of that of
pure magnesium.

(4)TheMg-Ca alloys exhibited excellent cytocompatibil-
ity on osteoblast-like cells (SaOS2).
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Figure 9: Cell viability ratio of alloys after 24 h extract cell seed for
1 day and then cell cultures for 5 days.
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Bone repair materials are rapidly becoming a hot topic in the field of biomedical materials due to being an important
means of repairing human bony deficiencies and replacing hard tissue. Magnesium (Mg) alloys are potentially biocompatible,
osteoconductive, and biodegradable metallic materials that can be used in bone repair due to their in situ degradation in the body,
mechanical properties similar to those of bones, and ability to positively stimulate the formation of new bones. However, rapid
degradation of these materials in physiological environments may lead to gas cavities, hemolysis, and osteolysis and thus, hinder
their clinical orthopedic applications. This paper reviews recent work on the use of Mg alloy implants in bone repair. Research
to date on alloy design, surface modification, and biological performance of Mg alloys is comprehensively summarized. Future
challenges for and developments in biomedical Mg alloys for use in bone repair are also discussed.

1. Introduction

As the largest dynamic biological tissue in the body, bones
are composed of inorganic minerals and metabolically active
cells surrounded by a large volume of extracellular matrix,
and they form a rigid framework that has an irreplaceable role
in maintaining life activities, including supporting the body
and protecting visceral organs [1, 2]. Surgical treatment of
bone injuries has become common, where there are millions
of bone injury patients in emergency departments worldwide
each year due to involvement in vigorous athletic activities,
social instability, traffic accidents, and prolonged human
lifespan [3–5]. Bone defects, mainly induced by traumatic
avulsions, sequelae of infection-induced bony sequestration,
congenital malformations, or neoplastic resections, confront
us with an extreme challenge for reconstructive surgery. The
need to induce bone regeneration to repair structural bone
deficiencies has inspired research on and development of a
vast number of bone repair materials [2, 6].

Bone repair is a physiological process influenced by a
variety of biomechanical, biochemical, cellular, hormonal,

and pathological factors. Continuous bone deposition,
resorption, and remodeling and sufficient blood supply
promote bone repair [7]. Based on the basic principles of
bone tissue healing, different bone repair materials have
been developed. For a long time, autograft bones have been
considered the gold standard of bone repair materials when
replacing damaged or lost bones because they have all the
characteristics necessary to stimulate new bone growth
of osteoconductivity, osteogenicity, and osteoinductivity.
However, resources for these autografts are scarce and sec-
ondary surgeries increase the pain experienced by patients.
Furthermore, donor-site complications can occur, clinical
benefits are not guaranteed, and there is a high rate of asso-
ciated complications [4, 8, 9]. A large number of alternative
bone repair materials have been increasingly used to replace
autograft bones and are commercially available as bone
substitutes.Themost commonly used products are composed
of calcium (Ca) phosphate ceramics, Ca sulfate, bioactive
glass, natural materials, and biological/synthetic composites
[10–15]. However, the clinical performance of these materials
is unsatisfactory. For example, some have poor mechanical
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properties and display limited osteoinduction in the clinic
[16, 17]. Metallic materials are another alternative for use in
the repair or replacement of diseased or damaged bone tissue.
Metallic materials currently widely used in orthopedics
include stainless steel and titanium alloys because they
are mechanically strong and resistant to fracture [18–21].
However, there is a potential for the release of metallic ions
and/or particles through corrosion and/or wear that trigger
inflammatory responses that can reduce biocompatibility
and lead to tissue loss. Furthermore, the elastic moduli and
tensile strength of metals and bone are significantly different,
which can cause stress shielding and result in weakening of
surrounding bone. These inert implants also often need to
be removed via invasive secondary surgeries once the bone
fracture has completely healed. To minimize trauma to the
patients and decrease medical costs, biodegradable implants
could be used to replace traditional metal implants and
remove the need for secondary surgeries [22–26].

Magnesium (Mg) alloys have a reputation for being revo-
lutionary biodegradable metal materials in orthopedic appli-
cations due to their good biocompatibility, biodegradability,
and acceptable mechanical properties [27–30]. The fourth
most plentiful cation in the human body, Mg is an element
essential in manymetabolic processes and is primarily stored
in bone tissue. Mg is taken into the body daily in substantial
amounts, stimulates the growth of bone cells, and accelerates
the healing of bone tissue. Mg alloys are degraded in vivo
due to the presence of Cl− in the physiological environment,
thereby eliminating the need for secondary surgeries to
remove the implant. Mg2+, a corrosion product of Mg alloy
implants, does not cause unexpected complications because
excessive Mg cations are easily eliminated in the urine [31–
34]. Moreover, Mg alloys have mechanical properties similar
to those of bone. Mg alloys are lightweight with densities
(1.7–1.9 g/cm3) very similar to those of human cortical bone
(1.75 g/cm3), unlike titanium alloys (Ti-6Al-4V 4.47 g/cm3)
and stainless steel (about 7.8 g/cm3). The elastic modulus
of Mg alloys, about 45GPa, is relatively close to that of
natural bone, 3–20GPa, compared to the elastic moduli of
titanium alloys and stainless steel (110 and 200GPa, resp.).
Therefore, the stress shielding from the notable mechanical
mismatch between natural bone and metal implants should
be mitigated [35–37]. Therefore, Mg alloys are expected to
become biocompatible, biodegradable, lightweight, and load-
bearing orthopedic implants [22, 38–40].

While research on Mg alloys as bone implants has led to
significant progress over the past 20 years, rapid degradation
of these materials inside the human body is still a major
obstacle hampering their use in the clinic. As biodegradable
materials, it is important that the rate of implant degradation
matches the rate of healing of the bone tissue, which generally
consists of an early inflammatory stage lasting from 3 to
7 days, a reparative stage that leads to a strong healing
union lasting about 3-4 months, and then a remodeling
phase that can last months to years [41–43]. Therefore, it
is necessary for the implant to remain stable for at least
12 weeks [22]. However, the currently available Mg alloys
degrade too quickly to hold well during implantation. This
fast degradation results in the formation of hydrogen gas

cavities, rapid loss of mechanical integrity of the implants,
and adverse host tissue reactions, such as local swelling and
significant pain within the first week after surgery [44–46].

There have been a number of recent opportunities and
challenges in the development of Mg alloys for use in bone
repair. Therefore, it is necessary to summarize the findings of
the researchers in this field. Compared to recently published
reviews [27, 47–53], this paper is more targeted and specif-
ically discusses biodegradable Mg alloys to be used in bone
repair. We review the alloying design, surface modifications,
and the in vitro and in vivo biological performance of Mg in
bone repair. Novel insights that have been used to improve
the compatibility and reliability of biomedical Mg alloys in
the bone reconstruction field are also discussed.

2. Alloying Design of Magnesium Alloys

Adequate strength, ductility, fatigue resistance, and biocorro-
sion resistance are important characteristics for biodegrad-
able implants to be used in orthopedic applications. Because
adding alloying elements can improve mechanical properties
and decrease the corrosion rate of Mg by modifying the
structure and phase distribution, several Mg alloys have been
designed to meet the requirements of bone repair implant
materials [30, 32, 60].

2.1. Alloying Elements. Careful selection of alloying elements
is the first step in designing Mg alloys. To strengthen Mg-
based materials, adding elements such as Al, Zn, Ca, Ag, Ce,
and Th can generate different microstructures and improve
the mechanical properties of the resulting Mg alloy [71–74].
In terms of corrosion, alloying elements that have electro-
chemical potentials similar to that of Mg (−2.37V), such as Y
(−2.37V),Nd (−2.43V), andCe (−2.48V), and have relatively
high solid solubility in Mg, such as Sc (25.9 wt.% limit), Gd
(23.5 wt.% limit), and Dy (25.3 wt.% limit), can enhance the
corrosion resistance by reducing internal galvanic corrosion
in physiological environments [37, 75, 76]. Biocompatibility
also needs to be considered. Previous reports have shown
that biological nutrients (e.g., Ca, Sr, Zn, Si, and Mn) and
trace nontoxic elements (e.g., Zr, Nd, and Y) added either
independently or together to the Mg matrix do not cause
detrimental local tissue responses and can be easily absorbed
by surrounding tissues [29, 30, 35, 77–80]. With the devel-
opment of biodegradable Mg alloys, researchers have started
trying to endow Mg alloys with new biomedical functions
through alloying. Ca, Sr, Ag, and Cu as biofunctional trace
metallic elements have been confirmed to promote bone cell
activation and stimulate new bone formation. In addition to
promoting osteogenesis, these elements also inhibit bacterial
infection after implantation, thereby effectively decreasing
morbidity andmortality, bymaking the environment alkaline
and releasing antimicrobial metallic ions [81–86].

2.2. Alloy Systems. Due to having a combination of good
mechanical properties and corrosion resistance, some com-
mercialMg alloy systems have been selected as biodegradable
Mg alloys at an early stage. Commercial Mg alloys used in
biological research include theAZ (Mg-Al-Zn),WE (Mg-RE-
Zr), and ZK (Mg-Zn-Zr) series alloys.
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AZ series alloys, particularly AZ31 (Mg-3Al-1Zn) and
AZ91 (Mg-9Al-1Zn) alloys, have been extensively studied
both in vitro and in vivo in recent years [46, 87–89]. It has
been reported that AZ31 and AZ91 alloys release hydrogen
upon degradation in physiological environments, leading to
a significant increase in both pH and Mg ion concentration
[90]. In Hank’s solution, the AZ31 alloy degrades more slowly
than the AZ91 alloy, but there is no significant difference in
vivo [91, 92]. Short-term in vivo studies of AZ31 and AZ91
alloys have also revealed that a biocompatible Ca phosphate
protective film layer covers their surfaces and increases the
formation of new bone mass around the implants [92, 93].

WE series alloys have good biocorrosion resistance
because they form a rare-earth (RE) oxide film in aqueous
environments. It has been reported that WE54 (1.58 Nd,
4.85 Y, 0.28 Zr, 0.08 Ce, 0.13 Gd, 0.16 Er, 0.13 Yb, and
balanced Mg in wt.%) has marginally higher resistance
to degradation in vitro than pure Mg and heat treatment
impacts its degradation [94]. Witte et al. analyzed the in vivo
degradation of four different Mg alloys and confirmed that
WE43 (4.16 Y, 3.80 RE, 0.36 Zr, 0.20 Zn, and 0.13 Mn, all in
wt.%) has good biocompatibility [93]. However, an increase
in Al ion concentration in the brain is associated with the
occurrence of Alzheimer’s disease and severe hepatotoxicity
has occurred after the administration of RE elements, such as
Y, Ce, and Pr [6].

Recently, ZK series alloys, especially ZK40 (Mg-4Zn-
0.5Zr) and ZK60 (Mg-6Zn-0.5Zr), have attracted the atten-
tion of researchers because of the good biocompatibility of
the component elements [95–97]. A daily intake of 11mg Zn
and 50 𝜇g Zr is permissible, so Mg-Zn-Zr alloys are more
attractive than Mg-Al-Zn and Mg-RE-Zr alloys in terms of
element biocompatibility and biosafety and are candidate
biodegradable metals for use in bone repair devices [25].
However, the extremely high rates of degradation of Mg-Zn-
Zr alloys are alarming and restrict their future development.

In addition to the above commercial Mg alloy systems,
newMg alloys have also been developed for use in orthopedic
applications, including Mg-Ca, Mg-Sr, Mg-Zn, and Mg-RE
alloy systems.

Ca, acting as a grain-refining agent in Mg alloys, can
stabilize grain size at levels up to 0.5% of the Ca content
and cause slight decreases with further addition [98]. As a
major component of human bone, Ca is essential for bone
cell signaling and beneficial to bone healing. It has been
reported that Mg-1Ca alloy does not induce cytotoxicity
and osteoblasts and osteocytes are highly active around
Mg-1Ca alloy pins implanted in rabbit femoral shafts, thus
demonstrating good biocompatibility and bioactivity [84].

Strontium (Sr) and Ca belong to the same family and
have similar physical and chemical properties and biological
functions. Brar et al. studied Mg-𝑥wt.% Sr (𝑥 = 0.5, 1.0, and
1.5 wt.%) alloys and found that the Mg-0.5Sr alloy degraded
the slowest [35]. Zhao et al. and Gu et al., respectively,
reported that the as-extrudedMg-0.5Sr and as-rolledMg-2Sr
alloys had the best combination of corrosion resistance, high
strength, and in vivo biocompatibility [86, 99].

Zinc (Zn) is one of the most abundant essential nutrients
in the human body and is safe for use in biomedical

Table 1: Common second phases of select biodegradable Mg alloys.

Biodegradable magnesium
alloys

The second phases in magnesium
matrix

AZ31B [61], AZ61D [62] Mg
17
Al
12

AZ91D [63, 64] Mg
17
Al
12
, Al
8
Mn
5

Mg-Ca [65] Mg
2
Ca

Mg-Sr [4, 65] Mg
17
Sr
2
, Mg
2
Sr

Mg-Zn [66] MgZn
2

Mg-Zn-Ca [67] Mg
2
Zn
3

Mg-Si [66] Mg
2
Si

Mg-Al-Si [68] Mg
2
Si

WE43 [69] Mg
24
Y
5
, Mg
41
Nd
5
, Mg
12
Nd

ZK60 [70] MgZn, MgZn
2

applications [100]. The rate of Mg corrosion can be reduced
by increasing the mass fraction of Zn mixed with Mg,
thus strengthening the mechanical properties of Mg through
solid solution hardening [101]. Cai et al. reported that a Zn
content of up to 5wt.% in Mg-Zn binary alloys exhibits grain
boundary, solid solution, and secondary phase strengthening,
resulting in improved resistance to corrosion andmechanical
properties [102]. Mg-6Zn alloy has good biocompatibility in
vitro based on hemolysis and MC3T3-E1 cell adhesion assays
[103].

Because Mg-RE alloys have good mechanical properties
and corrosion resistance, new Mg-RE alloys, such as Mg-
Y, Mg-Nd, Mg-Gd, Mg-Ce, and Mg-Ld, have been studied.
Among these, Mg-Nd alloy has a much slower corrosion
rate than the other alloys [74]. Mg-Y alloy was prepared
using a zone solidification method and improved corrosion
resistance and mechanical properties [104]. Mg-Y-Zn alloy
contains an interesting combination of preferred microstruc-
tural, mechanical, electrochemical, and biological properties,
making it very promising for use as a biodegradable implant
material [105].

2.3. Alloy Microstructures. Alloying elements in Mg alloys
may exist in the form of second-phase particles and precip-
itate in grains or grain boundaries, substantially enhancing
mechanical properties through second-phase strengthening.

Figure 1 presents the typical morphologies of second
phases for Mg alloys and Table 1 presents the second phases
of biodegradable Mg alloys. Compared to Mg matrix, second
phases have higher potentials and may facilitate corrosion,
leaching into the physiological environment accompanied
with the degradation of the matrix. Kannan investigated
the degradability of Mg

17
Al
12

phase in simulated body fluid
(SBF) using electrochemical measurements and found that
the degradation rate of Mg

17
Al
12
was lower than that of bare

Mg. Our previous study demonstrated that pitting corrosion
occurs with crackings for Mg

17
Al
12
phase in Hank’s solution

and degrades much slower than AZ31 alloy and pure Mg
[106].

When assessing Mg alloy implants for use in bone repair,
the stability of second phases and Mg matrix under different
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Figure 1: Typical morphologies of second phases in (a) as-cast ZE41, (b) as-cast WE43, (c) as-forged WE43 [54], and (d) AZ91D alloys [55].

conditions may have significantly influenced degradation
and biological responses to the implant in the body. Yang
et al. theoretically investigated the thermodynamic stability
of four conventional second phases for Mg-Zn-Zr, Mg-
Ca, Mg-Sr, and Mg-Al-Zn alloys, as well as Mg matrix in
bioabsorbable Mg alloys, via the Dmol3 calculation method.
The second phases had higher phase stability thanMgmatrix,
but the phase stability was quite different for different types
of second phases and second-phase-4H

2
O systems [71]. In

order to evaluate the effect of second phases on the bio-
logical safety of biodegradable Mg alloy implants, Mg

17
Al
12

second phase from Mg-Al-Zn alloys was investigated for
in vitro biocompatibility and phagocytosis by macrophages.
Mg
17
Al
12

second phase did not induce hemolysis and had
excellent cytocompatibility. Mg

17
Al
12
particles are processed

in endolysosomal compartments and lysosomes play a major
role in digesting Mg

17
Al
12
particles [107].

However, not all the alloying elements in Mg alloys
form second-phase particles. Asmentioned above, some alloy
elements have relatively high solid solubility in Mg, such as
Y (12 wt.% limit), Sc (25.9 wt.% limit), Gd (23.5 wt.% limit),
and Dy (25.3 wt.% limit), and can exist in the form of solid
solutions, thus achieving solid solution strengthening. In the
solution, the original crystal structure of magnesium remains
unchanged, but a lattice distortion is produced and thus the
motion of dislocations becomes impeded, which leads to
the enhancement of strength of Mg. Gao et al. explored the

effects of solid solutions on themechanical behavior of binary
Mg-Y single-phase alloys. They found enhanced hardness
as the Y content increased at room temperature because
of large differences in the atomic radii of Y and Mg and
a relatively wide range of solubilities [108]. Moreover, solid
solution alloying also potentially affects degradation of Mg
alloys by improving corrosion resistance by reducing internal
galvanic corrosion between the second phase andMgmatrix.
Zhang et al. studied the effect of solid solution treatment on
the corrosion and electrochemical behaviors of Mg-15Y alloy
and found that solution treatment decreased the extent of
galvanic corrosion due to the dissolution of Mg

24
Y
5
second

phase into the matrix [109]. Therefore, solid solution might
be a feasible alternative for generating a single-phaseMg alloy
and can help improve the corrosion resistance ofMg alloys in
orthopedic applications.

2.4. Impurities in Magnesium Alloys. During casting and
refining, magnesium always introduces superfluous amounts
of impurity elements. Impurity elements in Mg alloys usually
include iron (Fe), nickel (Ni), and copper (Cu) [66, 110].These
elements can significantly accelerate Mg corrosion when
their concentrations exceed the limits of tolerance [111–113].
Standards for Mg impurity elements are 35–50 ppm for Fe,
20–50 ppm forNi, and 100–300 ppm for Cu (wt.%). Below the
tolerance limits, no impurity particles are formed and, thus,
no electrochemically active cathodic sites exist to accelerate
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Figure 2: Scanning electronmicroscope (SEM) images ofMgO inclusions inMg-Gd-Y-Zr: (a) Z-shaped, (b) spherical, (c) block, (d) rod-like,
(e) needle-like, and (f) lamellar MgO [56].

corrosive attack, which keeps the corrosion rate very slow.
When levels are above the tolerance limits, Fe, Ni, and Cu
in Mg alloys significantly increase the corrosion rate due
to the low solubility of these elements and their distinctly
more noble position in the electrochemical series [66]. Atrens
et al. found that impurity elements notably accelerate salt-
water corrosion ofMg binary alloys [114]. Recent studies have
shown that adding silicon (Si) to the reactive impurity ele-
ments Fe, Ni, and Cu is detrimental to corrosion, as it plays a
critical role in promoting the formation and growth of Fe-rich
particles. Lee et al. suggested that corrosion of Mg is depen-
dent on the content ratio of impurities, such as the Fe/Mn
ratio, rather than their absolute content. As the Fe/Mn ratio
increases, the high rate of corrosion stage extends [5]. In addi-
tion to accelerating corrosion, excessive impurity elements
are also harmful to biocompatibility. For example,Ni leaching
into the body has toxic biological effects and high levels of
Cu exert a toxic effect at cell surfaces [115]. In order to reduce
impurity during casting and refining, the crucible, stirrer, and
mold containing no such elements are prudently utilized [31].

As the chemical properties of Mg alloys are very active,
a large amount of nonmetallic inclusions is also produced
during casting and refining which act as additional major
impurities in Mg alloys [116]. The main nonmetallic inclu-
sions include MgO, Mg

3
N
2
, MgF

2
, MgS

2
, and AlF

3
. These

nonmetallic impurities primarily come from the oxidation
of Mg alloys in ambient atmospheres. For example, MgO, a
common Mg alloy inclusion, is produced when Mg and O

2

react in the air. Figure 2 illustrates the different morphologies

of MgO impurities in Mg-Gd-Y-Zr alloy [56]. Mg
3
N
2
is

attributed to Mg and N
2
combining in the air. When Mg

alloys smelt under the protection of SF
6
gas, MgF

2
and MgS

inclusions may form from reactions between SF
6
and liquid

Mg. As the nonmetallic impurities significantly reduce the
castability, mechanical properties, and corrosion resistance of
Mg alloys, purification technology is undergoing continuous
development [117]. The common methods of purifying Mg
alloys include gas purge, flux purification, filtering purifi-
cation, RE purification, and electromagnetic purification
methods [116].

3. Surface Modifications of Magnesium Alloys

In order to efficiently improve the corrosion resistance of
Mg alloys in physiological environments, as well as main-
tain their mechanical integrity and ameliorate interfacial
biocompatibility, various surface modifications have been
developed. Distinct from alloying techniques, surface mod-
ifications directly insulate Mg alloys from the surrounding
biological environment and prevent the penetration of body
fluid into substrates [100, 118, 119]. Based on whether a new
phase is generated on the surface of the Mg alloys, the
methods of surface modification can be classified into three
categories: chemical modifications, physical modifications,
and a combination of these two methods [120].

3.1. Chemical Modifications. Chemical modifications are
defined as new phases covering the surface of Mg alloys
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Figure 3: Surface morphologies of ZK60 alloy coated by microarc oxidation at voltages of (a) 230V, (b) 300V, (c) 370V, and (d) 450V [29].
Some microcracks can be found on the 230V coating, as marked by the black arrow in (a).

that are synthesized through chemical or electrochemical
reactions.Thismethod removes the native oxide layer that has
fewer passive properties, such as an inability to efficiently pro-
tect against corrosion, but forms easily due to the high reac-
tivity ofMgmatrix. Chemicalmodifications generally include
acid etching, alkaline heat treatment, fluoride treatment,
anodic oxidation, and microarc oxidation (MAO) [120].

Acid etching is a pretreatment method commonly used
to remove the coarse scale produced during manufacturing
and replace the native oxide layer with a more compact
passivated layer [121]. Turhan et al. reported that acid etching
with a 2.5% H

2
SO
4
solution greatly enhances the resistance

of AZ91D alloys to degradation [122]. In addition, alkaline
heat treatment, a simple and economical method, creates a
Mg(OH)

2
barrier layer on substrate surface that slows down

the corrosion rate of Mg alloy [123]. It has been reported
that the corrosion rate of Mg is decreased through NaOH
treatment, where an NaOH concentration of 1M leads to the
slowest corrosion rate, through the formation of a protective
layer [123, 124]. Fluoride treatment of Mg alloys replaces the
original oxide film with a thin and more homogeneousMgF

2

layer with higher polarization resistance. The advantages of
the MgF

2
layer include a high density, low water solubility,

and nontoxicity when fluorine ions are released into the
host organism. Witte found out that MgF

2
coating slows in

vivo corrosion of LAE442 alloy without observably elevating
fluoride concentrations in the adjacent bone [125]. Moreover,
fluoride can stimulate osteoblast proliferation, increase new

mineral deposition in cancellous bones, and decrease the sol-
ubility of bone tissue upon incorporation into the bone [88].
An experimental study in dogs found that fluoride-modified
implant surfaces promote osteointegration during the early
phase of healing following installation of the implant [126].

Anodic oxidation is an electrochemical process that pro-
duces a thick and stable oxide film onmetals. Lei et al. created
an Mg oxide film on AZ31B Mg alloy by anodic oxidation
at a constant current. This film efficiently delays degradation
of AZ31B Mg alloy without having any adverse effects on
osteoblast proliferation or new bone formation [127]. MAO is
a high-voltage plasma-assisted anodic oxidation process that
is widely employed to modify the surface of biodegradable
Mg alloys. MAO coatings are very hard and have good
wear resistance, moderate corrosion resistance, and better
thermal stability and dielectric properties [128]. Lin et al.
prepared forsterite-containing MAO coatings on ZK60 Mg
alloy to slow down degradation and improve the biological
properties of the alloy. It was found that the resistance to
corrosion from theMAOcoating increased as the preparation
voltage increased. Compared to bare ZK60 Mg alloy, MAO-
coated ZK60 has a dramatically lower hemolytic ratio and
no cytotoxicity to L929 cells. Figure 3 presents the surface
morphologies of ZK60 alloy with MAO coatings generated
at different voltages [29].

3.2. Physical Modifications. Different from the chemical
methods, no chemical bonds were formed between the
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surface and the substrates for physical modifications. The
modifications aim to offer a physical barrier to improve the
corrosion resistance of magnesium substrates. The physical
modifications can be performed by introducing apatite coat-
ings, polymer coatings, laser surface processing, or cold spray
coatings [120, 129].

Apatite is a main inorganic component of natural bone. It
can remarkably promote the recovery of bone fracture due to
its excellent bioactivity. Besides, apatite also could improve
the degradation resistance of implants as a protective layer
due to its relatively low solubility and high thermal stability
[130].

As one important member of the apatite family, hydrox-
yapatite (HA) shows the closest chemical composition with
bone mineral and is widely used to coat magnesium alloys
for bone repair [120]. Wang et al. developed an HA coating
on ZK60 Mg alloy with HA and found that it prevented the
degradation of the alloy and increased cytocompatibility for
L929 cells, rendering ZK60 alloymore suitable for orthopedic
applications. In addition, no significant deterioration in
compression strengthwas noted in the coated alloy compared
to the uncoated one [131].

Polymer coatings are also promising Mg alloy modi-
fications for use in orthopedic applications. Gray-Munro
et al. explored the influence of polymer coating on the
corrosion rate of AZ31 Mg alloy in SBF using PLA, which
is a semicrystalline biodegradable polymer, and found that
the coating prevented corrosion, especially during the early
stages of implantation [90].

Laser surface processing, which uses a high-energy laser
beam, has also been employed to regulate biodegradation
of Mg alloys and has been found to cause secondary phase
dissolution and create a fine grained structure. Coy et al.
found significant dissolution of the second phase ofMg

17
Al
12

in AZ91D when using laser surface processing [132]. Similar
results were reported by Guo et al. and Khalfaui et al. for
WE43 and ZE41 alloys using laser processing [133, 134].
Appreciable improvements in resistance to corrosion have
also been observed for the aforementioned modified alloys
[135].

Cold spray technology is a viablemethod for surface engi-
neering of Mg alloys. The deposition of cold spray coatings
involves ballistic impingement of particles, usually ranging
in size from 1 to 100 𝜇m, accelerated by a high-velocity gas
stream and sprayed towards the substrate surface. A low
temperature process, cold spray is particularly suitable for
the deposition of bioactive coatings on Mg alloys, making it
possible to depress oxidation and phase transformation of the
substrate. Noorakma et al. recently studied the deposition of
HA on an AZ51 alloy using a modified cold spray process and
found that this modification helped retain the characteristics
of HA. Immersion in SBF for up to 14 days revealed that
HA-coated AZ51 alloy was bioactive and facilitated apatite
formation [136].

3.3. Chemical and Physical Modifications. Considering the
limitations of single chemical and physical treatments, com-
posite modifications that involve both chemical and physical
treatments have been gaining increasing attention. It has been

reported that double-modified layers effectively improve
biodegradation resistance of substrates and control degra-
dation rates over a larger range [120]. Guo et al. fabricated
an MAO/poly-L-lactic acid (PLLA) composite coating on
WE42 alloy surfaces by sealing PLLA to the MAO coating
through physical interlocking. This MAO/PLLA-modified
WE42 alloy was found to have good corrosion resistance and
cytocompatibility. Figure 4 presents the surface morpholo-
gies of WE42, WE42-MAO, and WE42-MAO/PLLA before
and after being submerged in Hank’s solution for four days
[57]. As shown in Figures 4(a) and 4(d), WE42 Mg alloy
was severely corroded by Hank’s solution. The surface of the
WE42 experienced strong corrosion as shown in Figure 4(d)
based on deeper and wider cracks and holes, as well as the
deposition of white flocculent accumulations. Micropores
andmicrocracks were randomly distributed on the surface of
the MAO coating (Figure 4(b)). After submersion, the MAO
coating was corroded with little white flocculent deposits on
the surface (Figure 4(e)). The biocompatible PLLA sealing
layer was smooth and uniform, overlaying cracks and pores
on the surface of the MAO coating (Figure 4(c)). As shown
in Figure 4(f), there were no notable changes to the surface of
theMAO/PLLA, where the surface of theWE42-MAO/PLLA
sample remained covered with an intact layer that displayed
no signs of corrosion.

4. Biological Performance of Biodegradable
Magnesium Alloys as Bone Implants

It is critical for biodegradable Mg alloys to have good
biocompatibility in the body in order to be used in the
clinic [130]. Therefore, the in vitro and in vivo biological
performance of biodegradable Mg alloys has been examined
for many years [137].

4.1. In Vitro Biological Performance. In vitro experiments
can be used to simulate and predict corrosion and bio-
compatibility of Mg alloys in vivo [138]. Compared to in
vivo experiments, in vitro experiments are more convenient
and can provide quick and reasonable feedback concerning
efficacy [139]. Gu et al. studied the in vitro corrosion and
biocompatibility of nine binary Mg-1X (wt.%, X = Al, Ag, In,
Mn, Si, Sn, Y, Zn, and Zr) alloys using SEM, X-ray diffraction,
tensile tests, immersion tests, electrochemical corrosion tests,
cell culture, and platelet adhesion. The addition of alloying
elements influenced the strength and corrosion resistance of
Mg. Al, Si, Sn, Zn, and Zr improved the strength ofMg, while
Al, In, Mn, Zn, and Zr slowed down corrosion of as-cast Mg-
X alloys in both SBF and Hank’s solutions. Conversely, Si
and Y negatively impacted Mg corrosion. Cytotoxicity assays
indicate that Mg-1Al, Mg-1Sn, and Mg-1Zn alloy extracts
do not significant reduce the viability of fibroblasts (L-929
and NIH3T3), Mg-1Al, Mg-1Si, Mg-1Sn, Mg-1Y, Mg-1Zn, and
Mg-1Zr alloy extracts do not have significant toxicity against
osteoblasts (MC3T3-E1), and Mg-1Al and Mg-1Zn have no
negative effects on the viability of blood vessel-related cells
(ECV304 andVSMC). In hemolysis assays,Mg-1In,Mg-1Mn,
Mg-1Si, and Mg-1Y alloys had low ratios of hemolysis of
less than 5%. Adhered platelets are approximately round in



8 Scanning

(a)

(a)

(b)

(b)

(c)

(c)

(d)

(d)

(e)

(e)

(f)

(f)

Figure 4: SEM images of sample surface morphology before (a)WE42, (b)WE42-MAO, and (c)WE42-MAO/PLLA and after (d)WE42, (e)
WE42-MAO, and (f) WE42-MAO/PLLA were submerged in Hank’s solution at 37∘C (pH = 7.4) [57].

shape and have slight spreading of pseudopodia, but fewer
were adhered for alloys compared to the pure Mg control
[140]. Wang et al. investigated in vitro cellular responses
and degradation of the Mg alloy M1A (Mg-1.42wt.% Mn)
in SBF and albumin-containing SBF (A-SBF, 40 g/L). They
found that the corrosion of M1A was strongly affected by the
presence of albumin due to the synergistic effects of albumin
adsorption and chelation. M1A samples had well-spread cells
and good cell viability, implying that M1A Mg alloy has
the potential to serve in biodegradable implants. Figure 5
presents the surface morphology of M1A after soaking in A-
SBF for 30min [58]. Figure 5(a) suggests that the presence
of albumin does not significantly influence the formation
of the passivation layer within the first 0.5 h of immersion.
However, assessments of the surface after cleaning (Figures
5(b) and 5(c)) reveal that the grain boundaries are still the
preferred sites for initiation of corrosion and the corrosion
was relatively uniform across the test surface. However, in
vitro assays cannot completely recapitulate in vivo experi-
ments because in vivo environments are more complex [141].
Witte et al. investigated the effects of in vitro and in vivo cor-
rosive environments on the corrosion rates of gravity-casted
AZ91D and LAE442 Mg alloys and found that corrosion was
about four orders of magnitude slower in vivo than in vitro
[92].

4.2. In Vivo Biological Performance. In vivo animal experi-
ments must be performed to optimally mimic physiological
environments of human body prior to clinical experiments.
In vivo animal experiments help characterize local tissue
reactions to Mg-based implants through follow-up testing,
including serum analysis, radiographic examination, micro-
CT investigations, histology analysis, and implant examina-
tion [142]. Local bone responses to biodegradable Mg alloys
depend on the rate of degradation, corrosion products, and
stability of the Mg alloys.

Zhang et al. implanted Mg-Zn-Mn alloy into rats to
investigate the in vivo degradation of Mg alloy, response of
the bone to the biodegradable Mg implant, and effect of the
degradation of Mg alloy on blood composition and organs.
Mg-Zn-Mn alloy was found to degrade at different rates
in the marrow cavity and cortical bone. New bone tissue,
but not fibrous capsule, formed around the Mg implants
6 weeks after implantation. More new bone tissue, as well
as membrane, was found around the implant 10 and 26
weeks after implantation.The degradation of the Mg-Zn-Mn
implant caused little change to the blood composition, liver,
and kidneys [143]. Dziuba et al. developed a new degradable
Mg alloy, ZEK100, and explored its long-term degrada-
tion and biocompatibility in adult female New Zealand
white rabbits. Importantly, ZEK100 degrades slowly in vivo.
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Figure 5: Surface morphology of M1A after soaking in A-SBF for 30min: (a) original surface, (b) surface after cleaning, and (c) high-
magnification view of surface after cleaning [58].

However, favorable in vivo degradation is not necessarily
associated with good biocompatibility and the absence of
general pathological disorders does not definitively indicate
that Mg implants have acceptable biocompatibility. In this
study, ZEK100 caused various local pathological effects in the
form of severe bone alterations [142]. Chai et al. implanted
𝛽-tricalcium phosphate- (TCP-) coated AZ31 Mg alloys into
the femurs of rats after predrilling with 1mm hand-operated
drills to evaluate implant osteogenesis and biodegradability.
Figure 6 shows the SEM of the rod samples of 𝛽-TCP-coated
AZ31, naked AZ31, and Ti-6Al-4V alloys after implantation
for 1, 4, and 12 weeks [59]. For the 𝛽-TCP-coated Mg alloy,
cells and cell secretion proteins were found on the surface
after the 1st week. After 4 weeks, the rod implant was covered
with a large amount of organic proteins. After 12 weeks,
degradation products and cracks were thicker on the surface
than at the previous timepoint. On the naked Mg alloy,
many cracks were clearly seen after 1 week. After 4 weeks,
cell secretion proteins were found on the surface. After 12
weeks, a thin excreted matrix layer that almost covered
the naked Mg alloy sample was observed. By comparison,
the Ti alloy surface morphology was the same at different
timepoints. This demonstrates that the 𝛽-TCP coating slows
down degradation of naked Mg alloy at the early stages of
implantation and confirms that the 𝛽-TCP coating greatly
improved osteoconductivity and osteogenesis in the early 12-
week postoperation period.

5. Conclusion and Suggestions

This review presented and discussed recent research and
developments on Mg alloy for use in bone repair. Signif-
icant efforts have been made to improve the mechanical
properties, corrosion resistance, and biocompatibility of Mg
alloys through alloying design and surface modification. In
summary, there is great potential for the future use of Mg
alloys in bone repair as surgical implant materials. Although
a vast number of studies have focused on biodegradable Mg
alloy implants, which are expected to reduce the need for
follow-up surgeries and lead to safer, more effective bone
repair, improvements are needed and suggestions for future
research are presented in this article.

To better mimic the performance of Mg alloys in phys-
iological environments, targeted animal models need to be
created. For example, an ovariectomized rat model was built
to explore the effects of 10% SrHA coatings on implant
fixation and prophylaxis of postmenopausal osteoporosis
[144]. Waselau et al. created triangular fragments with 1 cm
long arms using a Y-shaped osteotomy of the second and
fourthmetatarsal bones in horses and compared the effects of
biodegradable Mg phosphate cement, Ca phosphate cement,
and no cement on bone repair, biocompatibility, and bone
adhesion [145]. The above-described animal models, as well
as traditional bone damage models, should be adapted for
future studies on the use of Mg alloys for bone repair.

With regard to the feasibility of using biodegradable
Mg alloys in bone repair surgery, the interlocking of bone
implants, such as nails, screws, needles, and plates, into
the surrounding bone must be biomechanically tested. It is
important to assess the strength of bone-implant fixation in
vivo by comparing the implants of interest with commonly
used implants. Erdmann et al. compared the biomechanical
properties of degradableMg-0.8Ca alloy and commonly used
stainless steel (S316L) screws using uniaxial pull-out tests in
an MTS 858 Mini Bionix at a rate of 0.1mm/s. Mg-0.8Ca had
good tolerability and biomechanical properties comparable
to S316L during the first 2-3 weeks after implantation.
Therefore, its use as a biodegradable implant is conceivable
[23]. Castellani et al. investigated the bone-implant interface
strength and osseointegration of a novel biodegradable Mg
alloy (Mg-Y-Nd-HRE, based on WE43) and compared it
to a titanium control (Ti-6Al-7Nb). By comparison, Mg-Y-
Nd-HRE alloy not only enhanced the response of the bone
but also had excellent interfacial strength, thus fulfilling two
critical requirements for use in bone implants [146]. Creating
a mechanically stable bone-implant interface is particularly
critical to the successful clinical use of bone repair implants.
Therefore, additional biomechanical research is required in
the future.

Because of the complexity of the physiological environ-
ment of the human body, long-term studies are required
to investigate in vivo degradation and biocompatibility of
biodegradable Mg alloys. In addition to the above sugges-
tions, future work should focus on the topics described
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Figure 6: SEM images of 𝛽-tricalcium phosphate-coated AZ31, naked AZ31, and Ti-6Al-4V alloy rod samples after implantation for 1, 4, and
12 weeks. Scale bar = 5 𝜇m [59].

below. The development of controllable degradation of
biodegradable Mg alloys via either novel or traditional
strategies, such as processing control and bionic coating,
is required. An example is the development of biofunc-
tional alloy systems using human essential nutrients in
alloying [81]. In addition, because bone vasculature plays
a vital role in bone development, remodeling, and home-
ostasis, angiogenesis of Mg-based implants should also be
a focus of research [147]. In order to obtain more reli-
able biosafety information and prepare for clinical trials,
it is necessary to investigate the longer-term effects of Mg
alloy implants on tissues and organs. The in vivo per-
formance of biodegradable Mg alloys will likely improve
in the near future and, therefore, Mg alloy implants will
play more important roles in the treatment of orthopedic
diseases.
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[17] O. Böstman and H. Pihlajamäki, “Clinical biocompatibility
of biodegradable orthopaedic implants for internal fixation: a
review,” Biomaterials, vol. 21, no. 24, pp. 2615–2621, 2000.

[18] H. Chai, L. Guo, X. Wang et al., “Antibacterial effect of 317L
stainless steel contained copper in prevention of implant-related
infection in vitro and in vivo,” Journal of Materials Science:
Materials in Medicine, vol. 22, no. 11, pp. 2525–2535, 2011.

[19] L. Nan and K. Yang, “Cu Ions Dissolution from Cu-bearing
Antibacterial Stainless Steel,” Journal of Materials Science and
Technology, vol. 26, no. 10, pp. 941–944, 2010.

[20] T. Shirai, H. Tsuchiya, T. Shimizu, K. Ohtani, Y. Zen, and K.
Tomita, “Prevention of pin tract infection with titanium-copper
alloys,” Journal of Biomedical Materials Research Part B: Applied
Biomaterials, vol. 91, no. 1, pp. 373–380, 2009.

[21] M. Nakai, M. Niinomi, and D. Ishii, “Mechanical and
biodegradable properties of porous titanium filled with poly-
L-lactic acid by modified in situ polymerization technique,”
Journal of the Mechanical Behavior of Biomedical Materials, vol.
4, no. 7, pp. 1206–1218, 2011.

[22] M. P. Staiger, A. M. Pietak, J. Huadmai, and G. Dias, “Mag-
nesium and its alloys as orthopedic biomaterials: a review,”
Biomaterials, vol. 27, no. 9, pp. 1728–1734, 2006.

[23] N. Erdmann, N. Angrisani, J. Reifenrath et al., “Biomechanical
testing and degradation analysis of MgCa0.8 alloy screws: a
comparative in vivo study in rabbits,” Acta Biomaterialia, vol.
7, no. 3, pp. 1421–1428, 2011.

[24] H. Tschernitschek, L. Borchers, and W. Geurtsen, “Nonalloyed
titanium as a bioinert metal-a review,” Quintessence Interna-
tional, vol. 36, no. 7, pp. 523–530, 2005.

[25] D. Hong, P. Saha, D.-T. Chou et al., “In vitro degradation and
cytotoxicity response of Mg-4% Zn-0.5% Zr (ZK40) alloy as a
potential biodegradablematerial,”Acta Biomaterialia, vol. 9, no.
10, pp. 8534–8547, 2013.

[26] K. W. K. Yeung and K. H. M. Wong, Biodegradable Metallic
Materials for Orthopaedic Implantations: A Review, vol. 20, IOS
Press, 2012.

[27] S. Shadanbaz and G. J. Dias, “Calcium phosphate coatings on
magnesium alloys for biomedical applications: a review,” Acta
Biomaterialia, vol. 8, no. 1, pp. 20–30, 2012.

[28] H. Yang, X. Yan, M. Ling, Z. Xiong, C. Ou, andW. Lu, “In vitro
corrosion and cytocompatibility properties of nano-Whisker
hydroxyapatite coating on magnesium alloy for bone tissue
engineering applications,” International Journal of Molecular
Sciences, vol. 16, no. 3, pp. 6113–6123, 2015.

[29] X. Lin, L. Tan, Q. Zhang et al., “The in vitro degradation
process and biocompatibility of a ZK60 magnesium alloy
with a forsterite-containing micro-arc oxidation coating,” Acta
Biomaterialia, vol. 9, no. 10, pp. 8631–8642, 2013.

[30] D. Persaud-Sharma and A. McGoron, “Biodegradable magne-
sium alloys: a review ofmaterial development and applications,”
Journal of Biomimetics, Biomaterials and Tissue Engineering, vol.
12, no. 1, pp. 25–39, 2011.

[31] H. Waizy, J.-M. Seitz, J. Reifenrath et al., “Biodegradable
magnesium implants for orthopedic applications,” Journal of
Materials Science, vol. 48, no. 1, pp. 39–50, 2013.

[32] M. Bornapour, M. Celikin, M. Cerruti, and M. Pekguleryuz,
“Magnesium implant alloy with low levels of strontium and cal-
cium:The third element effect and phase selection improve bio-
corrosion resistance and mechanical performance,” Materials
Science and Engineering C: Materials for Biological Applications,
vol. 35, no. 1, pp. 267–282, 2014.

[33] D. Xue, Y. Yun, M. J. Schulz, and V. Shanov, “Corrosion protec-
tion of biodegradable magnesium implants using anodization,”
Materials Science and Engineering C: Materials for Biological
Applications, vol. 31, no. 2, pp. 215–223, 2011.

[34] C. K. Seal, K. Vince, and M. A. Hodgson, “Biodegradable
surgical implants based on magnesium alloys - A review of
current research,” in Proceedings of the IOP Conference Series:
Materials Science and Engineering, IOP Publishing, 2009.

[35] H. S. Brar, J. Wong, and M. V. Manuel, “Investigation of the
mechanical and degradation properties of Mg-Sr and Mg-Zn-
Sr alloys for use as potential biodegradable implant materials,”
Journal of the Mechanical Behavior of Biomedical Materials, vol.
7, pp. 87–95, 2012.



12 Scanning

[36] N. Li and Y. Zheng, “Novel Magnesium Alloys Developed for
Biomedical Application: A Review,” Journal of Materials Science
and Technology, vol. 29, no. 6, pp. 489–502, 2013.

[37] Y. Chen, Z. Xu, C. Smith, and J. Sankar, “Recent advances on the
development of magnesium alloys for biodegradable implants,”
Acta Biomaterialia, vol. 10, no. 11, pp. 4561–4573, 2014.

[38] Y. Yun, Z. Dong, D. Yang et al., “Biodegradable Mg corrosion
and osteoblast cell culture studies,” Materials Science and
Engineering C: Materials for Biological Applications, vol. 29, no.
6, pp. 1814–1821, 2009.

[39] S. Agarwal, J. Curtin, B. Duffy, and S. Jaiswal, “Biodegradable
magnesium alloys for orthopaedic applications: A review on
corrosion, biocompatibility and surface modifications,” Mate-
rials Science and Engineering C: Materials for Biological Applica-
tions, vol. 68, pp. 948–963, 2016.

[40] G. Song and S. Song, “A possible biodegradable magnesium
implant material,” Advanced Engineering Materials, vol. 9, no.
4, pp. 298–302, 2007.

[41] X. N. Gu, W. Zheng, Y. Cheng, and Y. F. Zheng, “A study
on alkaline heat treated Mg-Ca alloy for the control of the
biocorrosion rate,” Acta Biomaterialia, vol. 5, no. 7, pp. 2790–
2799, 2009.

[42] A. W. Lloyd, “Interfacial bioengineering to enhance surface
biocompatibility,” Medical Device Technology, vol. 13, no. 1, pp.
18–21, 2002.

[43] R. M. Smith, “AO Principles of Fracture Management,” The
Journal of Bone & Joint Surgery, vol. 84, no. 7, p. 1293, 2002.

[44] T. Hassel, F.-W. Bach, C. Krause, and P. Wilk, “Corrosion pro-
tection and repassivation after the deformation of magnesium
alloys coated with a protective magnesium fluoride layer,” in
Proceedings of the 2005 TMS Annual Meeting, pp. 485–490, usa,
February 2005.

[45] J. Kuhlmann, I. Bartsch, E.Willbold et al., “Fast escape of hydro-
gen from gas cavities around corroding magnesium implants,”
Acta Biomaterialia, vol. 9, no. 10, pp. 8714–8721, 2013.

[46] H. Wang and Z. Shi, “In vitro biodegradation behavior of mag-
nesium and magnesium alloy,” Journal of Biomedical Materials
Research Part B: Applied Biomaterials, vol. 98, no. 2, pp. 203–
209, 2011.

[47] J. J. Huang and K. Yang, “Research on magnesium alloys for
bio-medical applications,”Materials Review, vol. 20, pp. 67–69,
2006.

[48] F. Witte, N. Hort, C. Vogt et al., “Degradable biomaterials based
on magnesium corrosion,” Current Opinion in Solid State &
Materials Science, vol. 12, no. 5-6, pp. 63–72, 2008.

[49] P. Gill, N. Munroe, R. Dua, and S. Ramaswamy, “Corrosion and
Biocompatibility Assessment of Magnesium Alloys,” Journal of
Biomaterials and Nanobiotechnology, vol. 03, no. 01, pp. 10–13,
2012.

[50] H. Hornberger, S. Virtanen, and A. R. Boccaccini, “Biomedical
coatings on magnesium alloys - A review,” Acta Biomaterialia,
vol. 8, no. 7, pp. 2442–2455, 2012.

[51] J. Chen, L. Tan, and K. Yang, “Recent advances on the develop-
ment of biodegradable magnesium alloys: a review,” Materials
Technology, vol. 31, no. 12, pp. 681–688, 2016.

[52] M. Paramsothy and S. Ramakrishna, “Biodegradable Materials
for Clinical Applications: A Review,” Reviews in Advanced
Sciences and Engineering, vol. 4, no. 3, pp. 221–238, 2015.

[53] M. Pogorielov, E. Husak, A. Solodivnik, and S. Zhdanov,
“Magnesium-based biodegradable alloys: Degradation, appli-
cation, and alloying elements,” Interventional Medicine and
Applied Science, vol. 9, no. 1, pp. 27–38, 2017.

[54] A. E. Coy, F. Viejo, P. Skeldon, and G. E. Thompson, “Sus-
ceptibility of rare-earth-magnesium alloys to micro-galvanic
corrosion,” Corrosion Science, vol. 52, no. 12, pp. 3896–3906,
2010.

[55] L.Wang, B.-P. Zhang, and T. Shinohara, “Corrosion behavior of
AZ91 magnesium alloy in dilute NaCl solutions,”Materials and
Corrosion, vol. 31, no. 2, pp. 857–863, 2010.

[56] M.-J. Liang, G.-H. Wu, W.-J. Ding, and W. Wang, “Effect of
inclusion on service properties of GW103K magnesium alloy,”
Transactions of Nonferrous Metals Society of China, vol. 21, no.
4, pp. 717–724, 2011.

[57] M. Guo, L. Cao, P. Lu, Y. Liu, and X. Xu, “Anticorrosion and
cytocompatibility behavior of MAO/PLLA modified magne-
sium alloy WE42,” Journal of Materials Science: Materials in
Medicine, vol. 22, no. 7, pp. 1735–1740, 2011.

[58] Y. Wang, C. S. Lim, C. V. Lim, M. S. Yong, E. K. Teo, and L. N.
Moh, “In vitro degradation behavior of M1A magnesium alloy
in protein-containing simulated body fluid,” Materials Science
and Engineering C: Materials for Biological Applications, vol. 31,
no. 3, pp. 579–587, 2011.

[59] H. Chai, L. Guo, X.Wang et al., “In vitro and in vivo evaluations
on osteogenesis and biodegradability of a 𝛽-tricalcium phos-
phate coated magnesium alloy,” Journal of Biomedical Materials
Research Part A, vol. 100, no. 2, pp. 293–304, 2012.

[60] Q. Li, Q. Wang, Y. Wang, X. Zeng, and W. Ding, “Effect of Nd
and Y addition onmicrostructure andmechanical properties of
as-cast Mg-Zn-Zr alloy,” Journal of Alloys and Compounds, vol.
427, no. 1-2, pp. 115–123, 2007.

[61] Z. Huang, Q. Huang, L. Ma, J. Lin, and Z. Pang, “Effects of 𝛽-
Mg17A112 on edge crack of roll-castingAZ31Bmagnesiumalloy
plate,” Rare Metal Materials and Engineering, vol. 43, no. 5, pp.
1199–1203, 2014.

[62] H. S. Kim and W. J. Kim, “Enhanced corrosion resistance of
ultrafine-grained AZ61 alloy containing very fine particles of
Mg
17
Al
12
phase,” Corrosion Science, vol. 75, pp. 228–238, 2013.

[63] Y. Wang, M. Xia, Z. Fan, X. Zhou, and G. E. Thompson, “The
effect of Al8Mn5 intermetallic particles on grain size of as-cast
Mg-Al-Zn AZ91D alloy,” Intermetallics, vol. 18, no. 8, pp. 1683–
1689, 2010.

[64] M. Jönsson, D. Thierry, and N. LeBozec, “The influence of
microstructure on the corrosion behaviour ofAZ91D studied by
scanning Kelvin probe force microscopy and scanning Kelvin
probe,” Corrosion Science, vol. 48, no. 5, pp. 1193–1208, 2006.

[65] M. Aljarrah andM.Medraj, “Thermodynamic modelling of the
Mg-Ca,Mg-Sr, Ca-Sr andMg-Ca-Sr systems using themodified
quasichemical model,” Calphad, vol. 32, no. 2, pp. 240–251,
2008.
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A chemical vapor transport (CVT) method was implemented to grow bulk ZnO crystals. X-ray diffraction (XRD), field emission
scanning electron microscopy (SEM), and optical microscope (OM) studies were carried out to characterize the surface properties
of the grown crystal. The XRD result indicated the exposed solid-vapor interface of the as-grown crystal was composed of (0001)
and {1011} faces. Using SEM and OM, we observed small hexagonal pyramids and microstructures formed of crosslines on the as-
grown crystal and found hexagonal thermal etching pits on the surfaces of seed crystals.The formation, evolution, and distribution
mechanisms of the microstructures were investigated.

1. Introduction

Wurtzite ZnO is a direct wide bandgap semiconductor with
a bandgap energy of about 3.37 eV at room temperature and
has a large free exciton binding energy of about 60meV [1–
3]. It has attracted considerable attention due to its promising
applications in laser diodes for blue and UV spectral regions,
transparent field effect transistors, and RT polariton lasers.
Besides, ZnO single crystals can be used as substrates for
the heteroepitaxial growth of GaN, which presents a lattice
mismatch less than 1.8%.

To date, bulk ZnO single crystals have been grown via a
hydrothermal (HT) method [4–6], pressurized melt method
[7, 8], flux method [9–11], and chemical vapor transport
(CVT) method [9, 10, 12, 13]. Among them, CVT method is
suitable for high-purity ZnO crystals grown at the relatively
low temperature. The advantageous feature of this method is
the purification effect during vapor transport. Using carbon
as the transport agent, several research groups have grown
high-quality ZnO crystals successfully. A lot of research has
been carried out on the structural, optical, and electrical
properties of CVT ZnO crystals [13–17]. However, there
is scarce literature dealing with the surface properties and
morphology of ZnO crystals grown from the vapor phase.
To our knowledge, there is no report of hexagonal pyramids

and regular microstructures formed of crosslines on the crys-
tallization front of the CVT ZnO bulk crystals. The shape
of crystallization front is known to determine the growth
stability of the crystal. Thus, it is important to investigate the
morphology and the growth mechanism of growth interface.

In this work, we focus on the microstructures appearing
on the surface of a CVT ZnO crystal. X-ray diffraction (XRD),
field emission scanning electron microscopy (SEM), and
optical microscope (OM) studies were carried out to char-
acterize the surface properties of the obtained crystal. The
formation, evolution, and distribution mechanisms of the
microstructures were investigated. The conclusions may be
helpful for improvement of the growth techniques of CVT
ZnO crystals.

2. Experiment

A horizontal CVT system was used for the growth of ZnO
single crystals, as shown in Figure 1. Approximately 10 g
of ZnO polycrystalline materials with about 0.12 g graphite
powder were placed in a fused-silica ampoule and then
evaporated to 10−4 Pa. After sealing, the ampoule was placed
in a horizontal tube furnace. The seed crystal was located
at one end of the ampoule, while the source materials were
placed at the other end of the ampoule. In our CVT growth
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Figure 1: Scheme of the horizontal CVT growth system.

Figure 2: Photograph of obtained crystal ingot consisting of the as-grown crystal and the seed crystal.

system, the exposed seed surface was (0001) face, and a silica
sample holder was placed next to the seed crystal to fix the
seed. The growth experiments were carried out under the
source temperature Ts = 1010∘C and the growth temperature
Tg = 980∘C. Growth period was 2 weeks.

The crystalline property of the obtained crystal was
examined using X-ray diffraction (Philips X’Pert PRO, CuK𝛼
radiation, 𝜆 = 0.154 nm). The surface morphology of the
crystal was characterized using FE-SEM (Quanta 250, FEI)
and OM (BX61-32FDIC-S08, OLYMPUS).

3. Results and Discussion

Figure 2 shows the photograph of the obtained crystal ingot,
which consists of two parts: the as-grown crystal and the
seed crystal. Figure 3 shows the SEM photograph of the area
containing both the as-grown crystal and the seed crystal.

Figures 4(a)–4(d) showOM and SEM photographs of the
as-grown crystal with different resolution. The microstruc-
tures formed of many crosslines are observed with low
resolution. Small hexagonal pyramids are found with high
resolution.

The surface of the as-grown crystal was subjected to XRD
analysis. The XRD pattern is shown as a logarithmic scale in
Figure 5, from which two diffraction peaks are identified to
be the crystal face sets {0001} and {1011}. The peak observed
at about 2𝜃 = 34.4∘ corresponds to ZnO (0001) face, revealing
the preferentially oriented growth direction along the 𝑐-axis.

The peak at about 2𝜃 = 36.2∘ indicates some {1011} faces
existed on the solid-vapor interface.

Figure 6(a) shows a sketch of wurtzite ZnO structure,
in which the faces of (0001) and {10-11} are highlighted. A
schematic hexagonal pyramid consisting of a (0001) face for
the base and {1011} faces for the side surfaces is shown in
Figure 6(b). ZnO is structurally described as a series of planes
composed of fourfold tetrahedrally coordinated O2− and
Zn2+ ions stacked alternatively along the 𝑐-axis [18]. These
ions produce the positively charged Zn (0001) plane and the
negatively charged O (0001) plane, resulting in the sponta-
neous polarization along the 𝑐-axis and the consequential
different growth rates of polar surfaces.

For ZnO crystal, it has been observed that the maximal
crystal growth velocity is fixed in the ⟨0001⟩ direction.
The relationship between the growth rates towards different
directions is found as follows: 𝑉⟨0001⟩ > 𝑉⟨ 10 11 ⟩ > 𝑉⟨ 01 10 ⟩ >
𝑉⟨ 000 1 ⟩ [19]. Generally, the faces perpendicular to the fast
growth direction have small surface areas, while the faces
perpendicular to the slow growth direction dominate the final
morphology. Because of the differences of growth rates of
polar faces, hexagonal pyramid-like ZnO microcrystals are
formed after nucleation, which are observedwith high resolu-
tion in Figure 4(d).

Based on the observed surface morphology of the as-
grown crystal, we proposed possible formation mechanisms
of microstructures formed of crosslines observed with low
resolution. During the growth process, ZnO nuclei first form



Scanning 3

As-grown crystal

Seed crystal

Figure 3: SEM photograph of the area containing both the as-grown crystal and the seed crystal with enlargement of 75 times.

(a) OM picture of the as-grown crystal with enlarge-
ment of 200 times

Micro-face edge

(b) SEM picture of the as-grown crystal with enlarge-
ment of 250 times

Micro-face edge

(c) SEM picture of the as-grown crystal with enlarge-
ment of 4000 times

(d) SEM picture of the as-grown crystal with enlarge-
ment of 30000 times

Figure 4

on the solid-vapor interface, followed by formations of hexag-
onal pyramid-like microcrystals. As the pyramids grow and
pack closely together, V-shaped interfaces and small-angle
boundaries form between them. With increasing growth
time, the V-shaped regions are filled up and the small-angle

boundaries gradually disappear. The flat (0001) face then
appears on the vapor-solid interface, as shown in Figure 7(a).
In some cases, the crystal is affected by disadvantageous
growth conditions, which may lead to subgrain tilting
and boundary elimination and yield high-angle boundaries
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Figure 5: XRD pattern of the as-growth crystal.
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Figure 6: (a) Sketch of ZnO structure highlighting (0001) and {1011} faces. (b) Hexagonal pyramid consisting of {1011} faces and (0001)
face.
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Figure 7: Formation of (a) flat face; (b) micro face on the as-grown crystal.
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Figure 8: Formation of the crosslines on the as-grown crystal.

(a) OM picture of the seed crystal with enlargement of
1000 times

(b) SEM picture of the seed crystal with enlargement
of 75 times

(c) SEM picture of the seed crystal with enlargement
of 300 times

(d) SEM picture of the seed crystal with enlargement
of 1200 times

Figure 9

between subgrains. Micro faces having an angle with respect
to the flat plane appear on the surface of solid-vapor interface,
as shown in Figure 7(b).

With the increase of time,micro faces gather together and
gradually form hexagonal growth steps, which contain regu-
lar micro-face edges. Then new nuclei and small hexagonal
pyramids form continually on the hexagonal growth steps.
For hexagonal pyramids are not able to grow on the edges
of micro faces, crosslines of vacant space without hexagonal

pyramids are formed. The formation of the crosslines is
illustrated schematically in Figure 8.

Figures 9(a)–6(d) show OM and SEM photographs of
the seed crystal. The appearance of thermal etching pits was
observed on the seed crystal. Because a part of the seed was
shaded from the flow of supersaturated vapor by the sample
holder in our CVT system, thermal etching effect occurred
at the masked area of the seed crystal. Etching process first
occurred at the damage layer above the bulk crystal and
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Figure 10: Development of the thermal etching pits on the seed crystal.

yielded irregular etching pits. Once the damage layer is de-
pleted, thermal etching pits were produced at the points of
emergence of dislocation lines on the surface of the bulk crys-
tal. Due to the differences in etching rates between the polar
faces, the {10-11} planes will appear in the later stage [20]. As
a result, hexagonal thermal etching pits composed of six
{10-11} planes and the +𝐶 plane are formed. As the growth
time is increased, the size of the etching pits increases, and
some pits dissociated and enlarged. The thermal etching
mechanism of the seed crystal is illustrated schematically in
Figure 10.

4. Conclusion

A CVT method was adopted to growth bulk ZnO crystals.
Surface properties and microstructures appearing on the
surface of the crystal were studied by XRD, OM, and SEM.
Hexagonal pyramids andhexagonal thermal etching pitswere
observed on the as-grown crystal and the seed crystal, respec-
tively. The formation, evolution, and distribution mecha-
nisms of the observed microstructures were investigated.
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By properly proportioned SiC particles with different sizes and using squeeze infiltration process, SiCp/Al composites with high
volume fraction of SiC content (Vp = 60.0%, 61.2%, 63.5%, 67.4%, and 68.0%) were achieved for optical application. The flexural
strength of the prepared SiCp/Al composites was higher than 483MPa and the elastic modulus was increased from 174.2 to
206.2GPa. With an increase in SiC volume fraction, the flexural strength and Poisson’s ratio decreased with the increase in
elastic modulus. After the anodic oxidation treatment, an oxidation film with porous structure was prepared on the surface of
the composite and the oxidation film was uniformly distributed. The anodic oxide growth rate of composite decreased with SiC
content increased and linearly increased with anodizing time.

1. Introduction

The aluminum matrix composites reinforced by SiCp par-
ticles have been extensively applied in industry for their
low density and high specific strength. In recent years,
these materials with high fraction of SiCp particle (>60%)
are used in space mirror, owing to their excellent thermal
conductivity and low coefficient of thermal expansion (CTE)
[1]. SiCp/Al composite with relatively high SiC content are
selected as structural substrates for a space mirrors [2]. Guo
et al. [3] analyzed that the closer the glass and matrix of
thermal expansion coefficients between them, the better the
combination. Zhang et al. [4] prepared a plane mirror with
an open back lightweight structure with SiCp/Al compos-
ite with a light advantage. However, due to high volume
fraction SiCp/Al with high hardness and low plasticity, it is
difficult to machine this kind of material to achieve high
surfacemicroroughness; otherwise it cannot reach the optical
function [5]. At present, the glass coating technique, which
has been taken as an important modification technique
to bond the glass on the SiCp/Al composite surface, has

attracted more interest, because the higher polishability of
the SiCp/Al composite surface can be obtained by using this
technique [6, 7]. Compounding optical glass and composites
improves the polishing properties of the composites [8]. In
order to obtain a high profile and surface roughness, the
mirror is polished by using the ultrasmooth polishing. Several
researchers have attempted to overcome the bonding strength
between metal and glass. Chanmuang et al. [9] prepared the
borosilicate glass-to-Kovar joint by bonding glass to the alloy,
and the joint has a bonding strength of 4.3MPa. Joining was
preformed by fusion of the glass, which wetted the alloy,
at 1000∘C after 15min in the electric furnace. In traditional
process, compounding of composite and glass is operated
under high temperature. If we adopt the anodic oxidation
technology, the binding temperature can be reduced. It is
significant to save energy.

The bonding strength of SiCp/Al composite-glass compo-
nents plays an important role in the reliability. The bonding
property at glass/metal interface is deemed as the key bench-
mark for assessing the quality of the space mirror, because
it will be posited in the harsh serving condition. Mantel
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Table 1: Chemical composition of 6061-Al.

Specification Composition (wt %)
Cu Mg Fe Si Zn Mn Pb Al

Aluminum alloy 0.258 1.08 0.255 0.962 0.24 0.168 0.09 96.947

Table 2: The properties of the prepared SiCp/Al composites. 𝐷 is the average diameter of the mixed powders used in this work, 𝑉𝑝 is the
volume fraction of SiC particles, 𝜎𝑏𝑏 is the flexural strength of the composites, 𝐸 is the elastic modulus of the composites, and 𝛾 is Poisson’s
ratio of the composites.

Gradation composition
(𝜇m) and proportion

𝐷
𝜇m

𝑉𝑝
(%)

𝜎𝑏𝑏
(MPa) 𝛾

𝐸 (GPa)
Measured/Wu (%) Measured/H-S (%)Measured

data
Wu

model
H-S
model

45 : 8 : 2 = 1000 : 100 : 400 34.63 68.0 483 0.28 206.1 245.1 271.7 84 76
45 : 8 : 2 = 1000 : 200 : 300 36.69 67.4 544 0.33 195.8 243.3 269.8 80 73
45 : 8 : 2 = 1000 : 250 : 250 37.38 63.5 548 0.35 195.7 231.9 257.7 84 76
45 : 8 : 2 = 1000 : 300 : 200 39.74 61.2 554 0.35 180.8 225.6 251.0 80 72
45 : 8 : 2 = 1000 : 400 : 100 44.87 60.0 569 0.36 174.2 222.5 247.5 78 70

[10] indicated the initially prepared oxidation film at the
glass/metal interface was favorable to enhance the bonding
property.

As far as Al matrix composite, it is well known that
the thickness of alumina film under natural condition is
only several nanometers, which is difficult to form a stable
metal/glass bonding interface. After the anodizing process on
the SiCp/Al substrate, an oxidation film with thick enough
dimension on the surface of aluminum could be obtained.
Aluminum is a potential candidate metal for forming an
oxidation film with substantial thickness on its surface.
However, the aluminum layer on the exposed surface of Al
ingot is too thin to satisfy the demand of promoting the
bonding property at glass/metal interface. In the past decades,
techniques such as anodizing and microarc oxidation were
proposed for anticorrosion of Al substrate. Anodizing is
an effective and commercial method for obtaining a thick
oxidation film on Al surface, which is also suitable for the
industrial mass production.

So far, there have been few reports about anodized
SiCp/Al composite, even less high volume fraction SiCp/Al
composite. Because the local melt structure around SiC
particle affects the microstructures of the composites and the
properties of the interface [11], compounding temperature
must be lower than the solution temperature of the matrix.
However, researchers have paid little attention to the melting
point of anodized high volume fraction SiCp/Al composites.
In order to obtain a perfect combination of composite
and glass, the effect of the anodizing process on the oxide
growth rates of composites and the solution temperature
of composites needs to be investigated. For the aerospace
application, combination of glass and alloywas often achieved
at relatively high temperature 1000∘C after 15min in the
electric furnace. In our previous work [12], the glass was com-
bined to the SiCp/Al composite matrix with high content SiC
particles with 45 𝜇m, 8 𝜇m, and 2 𝜇m addition by preparing
an alumina layer on the surface of SiCp/Al composite in the
electric furnace. Selecting an optical grade SiCp/Al composite
with high SiC content as a space mirror material is propitious

to promote the integration of the mirror and its supporting
structure. However, till date, few reports are concerned with
combining the glass on the Al matrix with high addition
of SiC particles with vacuum hot-pressing compound. As a
novel structural material for aerospace, composites have to
possess goodmechanical properties when the aerospace parts
are in the service conditions of rapid cooling and heating,
such as with high dimensional stability, high elastic modulus,
and low Poisson’s ratio.

2. Experiment

2.1. Materials and Procedures. The chemical compositions of
the Al matrix are listed in Table 1. The green 𝛼-SiC (6H)
powder with a purity of 99.9%was used in this experiment. In
order to obtain the SiCp/Al composites with high SiCp frac-
tions, the particles with themedian diameters of 45𝜇m, 8 𝜇m,
and 2𝜇m were ball-milled for 10 h and then homogenously
mixed at room temperature. The size distribution, tested by
Malvern laser particle size analyzer, of the particles after ball
milling process was given in Table 2.

A hydraulic machine was carried out for the preparation
of SiCp preform. In this process the mixed SiCp powder was
compacted in a cylindrical graphite mold under a pressure of
25MPa.Thereafter, the preformwas sintered at 1600∘C for 2 h
and cooled down to room temperature in the atmosphere.

The SiCp/Al composite was manufactured by using the
squeeze casting machine. The prepared preform was pre-
heated to 700∘C in a steel mold. The molten Al (superheated
to 820∘C) was infiltrated to the steel mold by applying the
hydraulic pressure from 8 to 90MPa. The steel mold was
cooled down to the room temperature when the infiltration
process was completed.

The formed SiCp/Al composites were machined into the
standard tensile and flexural specimens according to GB/T
228.1-2010 and GB/T 232-2010, respectively.

Flexural samples were also fabricated according to the
standard of GB/T 232-2010. The dimension for the flexural
sample was 65mm × 7mm × 7mm. The parallelepiped
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Figure 1: The schematic of tensile and flexural specimen size and the photo of test sample.

samples wasmachinedwith the size of 8mm× 8mm× 8mm.
The parallelepiped samples were used for anodizing process.
Before anodizing operation, the samples was etched in KOH
solution (50 g/L) at room temperature for 2min. Thereafter,
it was rinsed in distilled water. Chemical pickling process
was carried out in terms of HNO3 solution (1mol/L) at room
temperature for 3min. Again, the sample was cleaned by
distilled water and dried in a drying oven. The anodizing
electrolyte was sulfuric acid. The sulfuric acid concentra-
tion was 180 g/L; the polar distance was 3 cm; the anodic
current density was 1.6 A. An aluminum alloy plate was
used as the cathode materials. Sulfuric and nitric acids were
analytical grade chemicals. Different anodic oxidation times
were employed in order to obtain different thickness of the
oxidation film. The time durations for the anodizing process
were independently set at 5min, for 10min, for 15min,
for 20min, for 25min, and for 30min. The parallelepiped
samples were mechanically ground P 1500 grade paper and
then polished.

2.2. TestingMethods and Characterization. In order to obtain
a better interface bonding strength, high volume fraction
SiCp/Alwas anodized prior to vacuumhot-pressing. Two sets
of strain gauges that scatter in orthogonal planes were stuck
on the tensile specimens. The gauge length was marked on
the surface of the tensile specimens (Figure 1). The strains
of the specimens were tested at room temperature on a
MTS test machine. Based on strain measurements of the
composites, Poisson’s ratio of the composites was calculated.

By measuring the change in the length of tensile sample
and the cleavage fracture stress, the elastic modulus of the
composites was calculated. The flexural strengths of the
samples were tested at room temperature on a MTS test
machine. The test method is a three-point bending test.
The micromorphologies of the mixed SiC particles and the
fracture surface of tensile samples and flexural samples were
observed by a NOVA NANOSEM 430 scanning electron
microscope (SEM).

X-ray diffraction (XRD) analysis of the parallelepiped
samples was carried out on a SIEMENS D8 ADVANCE
diffractometer using Cu radiation. Electron backscattered
diffraction (EBSD) was used to evaluate the oxide layers of
the samples. The oxygen content in the anodized samples
was analyzed by Energy Dispersive Spectrometer (EDS).
The parallelepiped samples were sputtered with platinum
for 70 seconds to characterization. SEM was employed to
observe themicrostructure of the anodic film.Thedifferential
Scanning Calorimetry (DSC) measured the endothermic
peak of the composites. The heating rate was 5∘C/min. The
DSC scanning was initiated at 30∘C and completed at 750∘C.

3. Results and Analysis

3.1. Mechanical Properties of Composites

3.1.1. Flexural Strength. Testing results in Table 2 show that
the flexural strengths of composites are 569, 554, 548, 544,
and 483MPa for the 60.0%, 61.2%, 63.5%, 67.4%, and 68.0%
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Table 3: The properties of SiC particles and aluminum alloy at
room temperature. 𝜎𝑏𝑏, 𝐸, and 𝛾 represent flexural strength, elastic
modulus, and Poisson’s ratio, respectively.

Specification 𝜎𝑏𝑏 𝐸 𝛾
(MPa) (GPa)

SiC 550 410 0.14
Aluminum alloy 398a 130.1a 0.40a
aExperimental data.

composites, respectively. The flexural strength of the matrix
is 398MPa (Table 3 for the properties of aluminum alloy),
and the flexural strength of the SiC is 550MPa. The flexural
strength of the composites is greater than the flexural of
the matrix; even the flexural strengths of 60% and 61.2%
composites are higher than the flexural strength of SiC. This
indicates remarkable enhancement in flexural strength of
composites with an addition of SiC particles.

The effect of SiC content to the flexural strength of
composites is presented in Figure 2(a). It is observed in
Figure 2(a) that the flexural strengths of composites have a
clear tendency to decrease with the increase of SiC particle
volume fraction; in particular the flexural strength produced
at a rapid decrease in the value of SiC content from 67.4% to
68.0%. This can be ascribed to two reasons: on the one hand,
the higher the volume fraction of SiC particle and the smaller
the size of SiC particle the easier the agglomeration of SiC
particles [13, 14]. In this experiment, composites are prepared
with the mixture of SiC particles infiltration in molten alu-
minum.Themean grain sizes of SiC particle are 45𝜇m, 8𝜇m,
and 2 𝜇m.The size of SiC particle mixture is refined after ball
milling. It is clearly seen from Figure 3(a) (white arrow) that
there are many fine particles in the mixture, and these fine
particles cluster together. Some fine particles are very fine,
with sizes reaching nanometers (Figure 3(b)). Figure 3(b)
shows that the fine particles can form agglomeration easily.
The agglomeration of fine particles prevents the infiltration
of molten aluminum into a SiC preform and results in a
degradation of the interface bonding performance between
SiC andmatrix.The stress transfer at the SiC-matrix interface
becomesmore inefficient with the increase of SiC content. So,
the flexural strengths of composites decrease with increasing
particle loading. Another reason is related to the brittleness of
SiC. Composites will become more brittle with the increase
of SiC particle content. The increase of brittleness causes a
decline in the flexural strength of composites [15].

Testing data in Table 2 indicates that the mean grain sizes
of SiC particles in composites are 44.87, 39.74, 37.38, 36.39,
and 34.63 𝜇m for the 60.0%, 61.2%, 63.5%, 67.4%, and 68.0%
composites, respectively. The effect of SiC particle size on
the flexural strengths of composites is shown in Figure 2(c).
As depicted in Figure 2(c), for smaller mean grain size of
SiC particles (34.63–37.38 𝜇m), there is a prompt increase
in the flexural strength with increasing particle sizes. For
larger mean grain sizes of SiC particles (39.74–44.87 𝜇m),
the increase in the flexural strength is no longer significant.
The results imply that SiC particle size has an effect on
SiC-matrix interface adhesion. The mean grain size of SiC

particles is related to the content of 2 𝜇m particles. With
the content of 2 𝜇m particle decreasing, the content of fine
particles decreases, and the agglomeration of SiC particles
reduces. Desirable infiltration results can be obtained during
squeezingmolten aluminum into SiC preform.This enhances
the interfacial property of SiC-matrix and improves the
flexural strength of composites.

3.1.2. Elastic Modulus. The measured elastic modulus of
composites was reported in Table 2 as 174.2, 180.8, 195.7, 195.8,
and 206.1 GPa for the 60.0%, 61.2%, 63.5%, 67.4%, and 68.0%
composites, respectively.The effect of SiC volume fraction on
the elastic modulus of composites is shown in Figure 2(b).
It can be observed in Figure 2(b) that the elastic modulus
of composites increases linearly with increasing SiC content,
indicating that increasing the volume fraction of SiC particles
can improve the elastic modulus of composites. When the
SiC-matrix interfacial adhesion is strong, the stress transfer at
SiC-matrix interface is efficient.The effect of SiC particle size
on the elastic modulus of composites is shown in Figure 2(d).
As depicted in Figure 2(d), for larger mean grain size of
SiC particles (34.63–39.74 𝜇m), there is a prompt decrease in
the elastic modulus with increasing particle sizes. For larger
mean grain sizes of SiC particles 44.87 𝜇m, the increase in
the flexural strength is no longer significant. Under effective
stress transfer, the strength of composites will improve with
the increase of SiC content, but the strain in the longitudinal
and composites will decrease. So, the elastic modulus of
composites increases with increasing SiC content.

3.1.3. Poisson’s Ratio. Poisson’s ratios of composites are 0.36,
0.35, 0.35, 0.33, and 0.28 for the 60.0%, 61.2%, 63.5%,
67.4%, and 68.0% composites, respectively. The effect of SiC
volume fraction on Poisson’s ratio of composites is shown in
Figure 2(e), in which Poisson’s ratio of composites decreases
with the increase of SiC volume fraction. The decrease of
Poisson’s ratio with the increase of SiC content is primarily
due to the difference in property of SiC andmatrix.The elastic
modulus of SiC particle is greater than that of the matrix; and
Poisson’s ratio of SiC particles is lower than that of thematrix.
The effect of SiC particle size on Poisson’s ratio of composites
is shown in Figure 2(f). As depicted in Figure 2(f), for larger
mean grain size of SiC particles (34.63–39.74 𝜇m), there is
a prompt increase in Poisson’s ratio with increasing particle
sizes. For larger mean grain sizes of SiC particles 44.87 𝜇m,
the increase in Poisson’s ratio is no longer significant. This
resists the negative strain of the matrix in the transverse
direction [16]. So, Poisson’s ratio of composites with higher
SiC content is less than Poisson’s ratio of composites with
lower SiC content.

3.1.4. Fracture Behavior. Figure 4(a) is the SEM fractograph
for the fracture sample of 68.0% composites. The fracture
surface of composites in Figure 4(a) is very rough. The
fracture surface appearance of SiC particles presents variety,
such as steps, crack, and mirror. The result indicates that the
dominant fracture mechanism of composites is a cleavage
fracture arising from crack propagation. The fracture of
composites appears to have an obvious brittle character.
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Figure 2: (a) Effect of SiC vol.% on flexural strength, (b) effect of SiC vol.% on elastic modulus, (c) effect of mean grain size on flexural
strength, (d) effect of mean grain size on measured elasticity modulus, (e) effect of SiC vol.% on Poisson’s ratio, and (f) effect of mean grain
size on Poisson’s ratio.
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Figure 3: (a) SEM images of the mixture SiC particle (gradation composition and proportion 45𝜇m : 8 𝜇m : 2 𝜇m = 1000 : 250 : 250) and (b)
high magnification image of the framed area in (a).
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Figure 4: Fracture morphology of SiCp/Al composites. (a) The flexural fracture of the composite containing 68.0% SiCp, (b) high
magnification image of the framed area in (a), and (c) high magnification image of the framed area in (b).

Figure 4(b) is highly magnified images of the framed area
in Figure 4(a). Figure 4(b) exhibits the interfacial adhesion
between SiC particle and matrix is perfectly bonded. There
is no debonding between the interface, SiC particle, and
matrix in good fusion. The results reveal that the interfacial
bonding strength between SiCparticle andmatrix is high [17].
Figure 4(c) is high magnification image of the framed area
in Figure 4(b). Figure 4(c) shows that there is an extensive
dimple pattern in the local composite. It can be observed that
the dimple sizes in the composite are less than 5 𝜇m. The

dimples are associated with SiC particle size. Since there is
incomplete infiltrating, the interfacial adhesion between fine
particles and matrix is not perfect. Debonding will occur at
the interface between fine particles and the matrix under the
local stress concentrations. With ductile crack propagation,
the void nucleation grows and finally coalesces. This results
in dimple formation. Dimples on the composites show that
ductile fracture occurs in the local composites during the
breaking process of the composites. However, no dislocation
is observed near crack tip in Figure 4(c). It can be concluded
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Figure 5: XRD patterns of the SiCP/Al composites (a) before and (b) after anodization.

that the main character of composites behaves as brittle
materials [18].

3.2. Properties of the Anodic Oxide Composites

3.2.1. XRD Analysis of Nonoxidizable and Anodized SiCp/Al
Composite. Figure 5(a) displays the XRD results of the
nonoxidizable composites with different volume fractions of
SiC particles. In Figure 5(a), SiC, Al, and CuAl2 phases are
identified by XRD; the Si and Mg peak are not observed,
and the detrimental interfacial reaction producing Al4C3
also is not found. The contents of Si, Cu, and Mg listed in
matrix (Table 1) are 0.760%, 2.085%, and 1.696%, respectively.
However, the elements of Si and Mg cannot be detected in
composites. Such result indicates that Si andMg dissolve into
the aluminum. The peak of CuAl2 shows that the chemical
reaction between Al and Cu happens and that leads to
generation of the new phase CuAl2. The composites without
Al4C3 indicate that Si and Mg, though in much smaller
amounts in the aluminum alloy, can effectively suppress the
occurrence of the detrimental interface reaction: 4Al + 3SiC
= Al4C3 + 3Si.

Figure 5(b) shows the XRD results of the anodized
composites with different SiC content. In Figure 5(b), the
peaks of SiC and Al are very strong, and the Al2O3 and Cu2O
peaks are detected.The phase analysis reveals that oxide films
formed on the surface of composites after anodic oxidation
treatment. It is worth mentioning that the formation of
Cu oxides is a suboxide. Petukhov et al. think that the
formation of a suboxide is related to themass transfer and the
insufficient O2− ions in electrolyte [19]. Chern and Tsai find
that the suboxide on the surface of composites can improve
thewettability ofmetal and obtain a higher binding forcewith
glass [20]. So, the formation of suboxides in composites is
helpful to compound glass and composites.

3.2.2. Micrograph of Anodic Film. Figure 6(a) shows SEM
micrograph of the anodized 60.0% SiCp/Al composite at
room temperature for 30min. For the image obtained by
using electron backscattered diffraction (EBSD), the element
oxygen appears darker than Si and Al because of its smaller
atomic mass. In Figure 6(a), it can be observed that the
surface of the composite is composed of two layers of
materials: a bright layer and darker layer. The darker layer
has penetrated into the composite and the thickness of darker
layer can reach 28.4𝜇m. The oxygen content at the interface
between bright layer and darker layer is investigated by
energy dispersive X-ray analysis (white arrow). The white
curve in Figure 6(a) reflects the change of the oxygen between
the bright layer and the darker layer. The result displays the
oxygen content in the darker layer is obviously higher than
in the bright layer. The phase analysis of composites after
oxidation (Figure 5(b)) and the mutation of oxygen content
are a strong argument for the saying that the dark layer on the
surface of composite is the anodic film.

Figure 6(b) displays an EBSD image of the surface
of the anodized 60.0% SiCp/Al composite. As seen from
Figure 6(b), there are many darker regions (white arrow) on
the surface of the composite, the distribution of these darker
regions is uniform, and SiC particles are surrounded by the
darker regions. An electron probe microanalysis (EPMA) is
used to analyze the microscopic structure and composition
of the composite’s surface.The compositional elements of the
framed area in Figure 6(b) are obtained by map analyses with
EPMA. According to the composition determination, EPMA
analysis shows that not only C, Cu, Al, Mg, and Si but also O
exists on the composite. The result indicates that the surface
of the composite is covered by oxide as shown in Figure 6(d).

Figure 6(c) shows high magnification morphology of
anodic film. It can be obviously observed from Figure 6(c)
that the microscopic structure of anodic film is a porous
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Figure 6: Micrograph of the Al 60.0 vol% SiCP composite after oxidation for 30min: (a) backscattered electrons image of the cross section,
(b) backscattered electrons image of the surface, (c) high magnification image of the anodized film, and (d) energy dispersive spectrum for
the framed area in (b).

Table 4: The thickness of anodized film after oxidizing for different time. 𝑉𝑝 is the volume fraction of SiC particles.

𝑉𝑝 Thickness of anodized film for different oxidizing time (𝜇m)
(%) 5min 10min 15min 20min 25min 30min
68.0 12.5 14.5 15.5 17.9 18.3 19.6
67.4 12.9 15.9 17.3 20.2 22.4 24.4
63.5 13.5 16.3 19.2 21.2 23.4 26.4
61.2 16.9 18.7 20.8 23.0 24.8 27.3
60.0 17.5 19.6 22.4 24.0 26.2 28.4

structure.The shape of the pore looks like a crooked pipe.The
shape of the pore is related to the shape of the matrix. The
tightly packed SiC particles determine that the structure of
matrix is complicated, so the channel of mass transfer results
in the crooked pore.

3.2.3. FilmThickness. The thickness of oxidation layers under
different anodizing time is presented in Table 4.

The result is in agreement with the reports about the
growth of oxide film [21, 22]. The thickness of the anodic
films obtained during this experiment ranges from 12.5 to
28.4𝜇m. Similarly, the thickness of the anodic films in the

linearity ranges from 5 to 76𝜇m [23]. Figure 7(a) displays
the relationship between the film thickness and SiC volume
fraction. It can be observed that the thickness of oxidation
layers decreases with the increase of SiC volume fraction for
the same anodizing time, and the decline rate in region I
is larger than that in region II. The result implies that the
SiC contents in composites have an effect on the growth
rates of anodic films. The more the SiC particles content,
the higher the packing density of SiC particle, and the more
complex the structure of matrix; so it was the structure of
the porous anodic oxide film. The structure of mass transfer
channel is illustrated in Figure 7(c). During anodic oxidation
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Figure 7: The relationship (a) between the anodic film thickness and SiC volume fraction and (b) between the anodic film thickness and
anodizing time. (c) The schematic of mass transfer channel.

of composites, the growing anodic films need a continuous
delivery of oxygen [24]. The growth of the anodic films is
determined by the transfer velocity of ion across the matrix-
oxide interface [25]. Because of the complex structure, the
mass transfer channel obstructs the flow of electrolytes, and
this results in a reduction of the mas transfer velocity and
the decline in the growth rates of anodic films. The 2𝜇m SiC
particle content of 68% composite is more than that of 67.4%
of the composite.The increase of 2𝜇mSiC particle accelerates
complication of the mass transfer channel’s structure. So, the
flow resistance of electrolytes increases sharply. As a result,
the growth rate of anodic films decreases significantly. The
relationship between the thickness of anodic films and time
is shown in Figure 7(b). From Figure 7(b), it is clear that
film growth is consistent with the rising stage (region III)
and the stable stage (region IV). The film growth rate of the
rising stage is greater than that of the stable stage. At the
same time, the film thickness-time relationship reveals that
the anodic films grow linearly with time during the stable
stage. The result implies that there is dynamic equilibrium
between oxidation and chemical dissolution. The dynamic
equilibrium of the oxide formation and dissolution causes

that the growth rates of anodic films are a constant. The
thickness of SiCp/Al content 68.0% micrograph was shown
in Figure 8.

3.2.4. The Melting Point of Composites. The DSC thermo-
grams of nonoxidizable and anodized composites obtained
are shown in Figures 9(a) and 9(b), respectively. It is found
that the curves in both Figures consist of similar principle
features and heat effects are the two endothermic peaks, (A)
and (B). The endothermic peak (A) is due to the dissolution
of CuAl2, and the endothermic peak (B) is attributed to the
dissolution of the matrix alloy [26]. The peak temperatures
(A and B) are shown in Figures 9(a) and 9(b). The data in
Figures 9(a) and 9(b) show the following: (1) the endothermic
peaks (A) of all nonoxidizable composites and anodized
composites are near 570∘C, and the endothermic peaks (B)
of all nonoxidizable composites and anodized composites are
near 640∘C. During compounding optical glass and com-
posites, the preheat temperature must be based on peak (A)
temperature. (2) SiC content and anodic films on the surface
of composites have a negligent effect on the endothermic
peaks of composites.
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Figure 8: SEM micrograph of 68.0% SiCp/Al composite after being anodized with different time.

4. Discussions

At present, a number of scholars have applied microme-
chanics theory to study the quantitative relationship between
the properties of composites and the properties of its con-
stituents, and established the mathematical model, such as
the Hashin-Shtrikman model [27] (H-S model) and the
Wu model [28]. By comparing the predicted results with
the model with experimental results, the rationality of the
model can be studied. However, the accuracy of these
models on predicting the elastic modulus of high volume
fraction SiCP/Al composites is rare in reports, let alone
model validation.The advance of the present composite is the
fabrication process, which consisted of mixing SiC particles,
sintering process design, prefrom quality traceability, pre-
heating prefrom,melting aluminum, and squeeze infiltrating.

The new process differs from the traditional process, which
can decrease the rejection rate and cost. The development
of SiCp/Al composite is integration of material and process
development with system design andmanufacturing process,
which provides an approach to obtain the maximum benefit
from the characteristics offered by a new material [29].

4.1. Hashin-Shtrikman Model. Hashin and Shtrikman con-
sider the strain, interface bonding, and stress transfer
between reinforcement and matrix. They assume that the
strain cross section of the composite under uniaxial loading
is uniform, the interface bonding between particle-matrix is
perfect, and stress transfer between reinforcement andmatrix
is effective. They have grouped many analysis methods, such
as direct methods, variation methods, and approximation
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Figure 9: DSC curves of the composite containing 60.0 vol% SiCp, (a) before and (b) after anodization.

methods. Finally, they derived amodel for the effective elastic
modulus of two-phase composite materials. The model is
expressed as follows:

𝐸𝑐 = 𝐸𝑚
[𝐸𝑚𝑉𝑚 + 𝐸𝑝 (𝑉𝑝 + 1)]
[𝐸𝑝𝑉𝑚 + 𝐸𝑚 (𝑉𝑝 + 1)]

, (1)

where 𝐸 is the elastic modulus and 𝑉 is the volume fraction.
Subscripts 𝑐, 𝑚, and 𝑝 refer to the composite, matrix, and
particle, respectively.

The predicted results of the H-S model are presented
in Table 2. Figure 2(b) shows the comparison between the
prediction and experimental data. As can be seen, the mea-
sured elasticmoduli are lower than the predicted value ofH-S
model but can reach 70% of them.The result indicates that if

the modulus of high volume fraction SiCP/Al composite is
calculated by H-S model, the accuracy of predicted value is
low.The reason can be attributed to the perfect hypothesis on
the interface between reinforcement andmatrix.The dimples
shown in Figure 4(c) indicate that the local composites have
ductile characteristic. The ductile characteristic will increase
the strain of composites. Decohesion between the SiC and
matrix will cause an ineffective stress transfer between SiC
and matrix and lead to a decline in the strength of the
composites. These will result in the decrease of the moduli.

4.2. Wu Model. In consideration of the difficulties for char-
acterizing the microstructures of two-phase composites, Wu
introduces an unknown parameter, which can be determined
from experiment. He derives an equation for calculating the
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effective elastic modulus of composites. Wu’s equation can be
written as follows:

1
𝐸𝑐 =
[
[
1
𝐸𝑚 −

(1/𝐸𝑚 − 1/𝐸𝑝)2
𝜆 (1/𝐸𝑚 − 𝑉𝑚/𝑉𝑝𝐸𝑚)

]
]
𝑉𝑚 +
𝑉𝑝
𝐸𝑝 , (2)

where 𝐸 is the elastic modulus, 𝑉 is volume fraction, 𝜆 is the
unknownparameter (𝜆 = 20), and subscripts 𝑐,𝑚, and𝑝 refer
to the composite, matrix, and particle, respectively.

The calculated data from the Wu model are listed in
Table 2. By contrasting measured data with forecasting value,
it can be found that the Wu model values are also higher
than the measured moduli. However, the measured elastic
modulus can reach 78% the prediction of the Wu model,
indicating thatWumodel is more practical for the prediction
of high volume fraction composites’ modulus. It is due to the
unknown parameter (𝜆) that can fit the experimental data.

5. Conclusions

In the present study, the mechanical and anodized surface
properties of high volume fraction SiCP/Al composite have
been investigated, and the accuracy of theoretical model
in predicting the elastic modulus of high volume fraction
composites also has been verified. The following results are
obtained.

Si andMg are added in smaller amounts to the aluminum
alloy, effectively suppressing the formation of Al4C3. With
an increase in SiC volume fraction, the flexural strength and
Poisson’s ratio decrease while the elastic modulus increases.
With the mean grain size increasing, the flexural strength
increases. From the fracture feature, it is found that the
dominant fracture mechanism of composites is a cleavage
fracture with occurrence of ductile fracture in the local of
composites.

Through anodic oxidation treatment, an oxidation film
with porous structure can be prepared on the surface of
the composites. The anodic film is uniformly distributed.
The oxide growth rate of composites linearly increases with
anodizing time and decreases with SiC content increasing.
SiC content and anodic films on the surface of composites
have a negligent effect on the endothermic peaks of the
composites.

The measured elastic modulus is in good agreement with
predicted values based on Wu’s model.
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In order to decrease the degradation rate of magnesium (Mg) alloys for the potential orthopedic applications, manganese-calcium
phosphate coatings were prepared on an Mg-Ca-Zn alloy in calcium phosphating solutions with different addition of Mn2+.
Influence of Mn content on degradation behaviors of phosphate coatings in the simulated body fluid was investigated to obtain
the optimum coating. With the increasing Mn addition, the corrosion resistance of the manganese-calcium phosphate coatings
was gradually improved. The optimum coating prepared in solution containing 0.05mol/L Mn2+ had a uniform and compact
microstructure and was composed of MnHPO

4
⋅3H
2
O, CaHPO

4
⋅2H
2
O, and Ca

3
(PO
4
)
2
. The electrochemical corrosion test in

simulated body fluid revealed that polarization resistance of the optimum coating is 36273 Ωcm2, which is about 11 times higher
than that of phosphate coating withoutMn addition.The optimum coating also showed themost stable surface structure and lowest
hydrogen release in the immersion test in simulated body fluid.

1. Introduction

Orthopedic surgery in recent times depends profoundly on
the development of biomaterials used for fixation of fractures
and joint replacement [1]. Among the three main kinds
of biological implant materials, metallic materials, ceramic
materials, and polymeric materials, biodegradable metals
and polymers have gained interest for their advantages of
being gradually dissolved, absorbed, consumed, or excreted
in the human body, so there is no need for the secondary
surgery to remove implants after the surgery regions have
healed [2]. Current biodegradable implantsmade of polymers
have an unsatisfactory mechanical strength [3] and therefore
limited applications. Thus, magnesium (Mg) and its alloys
have been attracting growing attention as next-generation
medicalmaterial suitable for biodegradable bone implant and
stent due to their well physical and mechanical properties,
such as excellent biocompatibility, high strength, and similar
elastic modulus to human bone [4–7]. However, the rapid
decomposition speed of Mg alloys hinders the implants to

fulfill their surgical function before being discharged, the
inhomogeneous local corrosion starting from the surface
of Mg alloys makes the corrosion behavior uncontrollable,
and too much hydrogen evolved can be accumulated in
gas pockets next to the corroding Mg implant, which will
delay healing of the surgery region and lead to inflammatory
reaction.

Attempts to improve the corrosion resistance perfor-
mance have beenmade on variousMg alloys, such as onAZ91
[8, 9], AZ31 [10, 11], AM60 [12], ZM21 [13], Mg-Ca [14], Mg-
Zn and Mg-Mn [15], Mg-Zr-Sr [16], and Mg-Zn-Ca. Among
these Mg based alloys, AZ91 and AM60 contain Al which is
indicated in several pathological conditions in the human,
the most commonly associated ones include dementia and
Alzheimer’s disease [17]. Cawas a preferable addition element
for its capability of refining microstructure and biomimetic
mineralization behavior during alloy biodegradable process
[18]; Zn is next to aluminum in strengthening effectiveness as
an alloying element in Mg, and adding Zn can improve both
the tensile strength and the corrosion resistance of Mg alloys
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[19]. In vitro cytotoxicity assessments indicated that Mg-Zn-
Ca alloys did not induce toxicity in L-929 cells and are suitable
for biomedical applications [20].

Surface treatment considered in previous studies includes
chemical conversion coatings [21–23], electrochemical plat-
ing [24], anodizing [25], microarc [26], polymer coatings
[27], and sol-gel coatings [28]. Among all the treatment
methods, phosphate conversion coating was easier to acquire
and more environmentally friendly. Phosphate conversion
coating consists of crystalline or amorphous surface metal
phosphates or of metal phosphate ions in the passivating
solution and is usually carried out by immersion of the metal
samples into the phosphating baths at a certain range of
bath temperature and pH value of the bath solution [29, 30].
Besides, when phosphate coating is used as a pretreatment
layer between the substrate and a top layer, the pores in the
coating may improve the bonding ability between substrate
and top coating [31]. Calcium phosphate (CaP) coatings
enhance cellular adhesion, proliferation, and differentiation
to promote bone regeneration [22, 32–35]. Studies also
referred to the fact that increase of calcium phosphate
could maintain homeostasis and reduce the level of pH in
physiological system [36]. Manganese-containing coatings
induced higher bone-related gene expression in a culture
of osteoblastic cells. This indicates that manganese could
improve cell mediated mineralization [37]. CaP coating was
reported in our previous work and coatings containing Mn
element were reported in studies elsewhere that contributed
to corrosion resistance on Mg alloys [24, 38–40].

Calcium can significantly influence the stability of Mg-
Zn alloy, the crystallization of alloy can be refined [41], and
a precipitate that has a complex structure can form. The
precipitation has good high temperature stability, which can
significantly improve the creep resistance of Mg alloy. The
addition of trace amounts of Ca can have a substantial pos-
itive influence on the precipitation, process during artificial
ageing in the Mg-Zn system [41]. The microstructure of the
modified alloy is more complex and has a much refined
precipitate structure that is very stable for prolonged periods,
leading to a significant improvement in creep resistance.
Mg-5Zn-1.5Ca alloy was found to be nontoxic and have
good mechanical properties (the comparison is in another
unpublished article of our study); thus Mg-5Zn-1.5Ca alloy
was applied as Mg matrix substrate in this study.

The aim of this study was to develop a manganese-
calcium phosphate conversion coating on Mg-5Zn-1.5Ca
alloy which only employed MnCl

2
and Ca (NO

3
)
2
as the

essential precursors that further improve the corrosion
resistance property. Effect of Mn addition’s amount in the
phosphate solution to the coating’s corrosion resistance
was investigated; the in vitro biodegradation behavior and
hydrogen evolution in SBF were evaluated. The morphology
and composition of the coatings were also examined by X-ray
diffraction (XRD) and scanning electron microscope (SEM)
with energy dispersion spectroscopy (EDS). Furthermore,
we also analyzed the polarization measurement, degradation
behavior, impedance, and anticorrosion ability of a conver-
sion coating on the Mg alloy.

2. Materials and Methods

2.1. Sample Preparation and Coating Process. In this work, a
home-made extruded Mg-5Zn-1.5Ca alloy with a dimension
of 10mm × 10mm × 5mm and compositions of 5 wt% Zn,
1.5 wt%Ca, andMgbalancewas used as the substratematerial
in the following coating processes. Firstly, the samples were
subsequently abraded by 500, 1000, 1500, and 2000 grit
sandpapers to remove the oxide layer and to obtain similar
surface roughness not more than RA 0.05 (the phosphate
coatings would be uneven if the surface roughness of the
Mg alloy substrate is high) and then ultrasonically rinsed in
ethanol in order to remove grease on the alloy surface. For
comparison purpose, 3 sets of samples were prepared and
tested, respectively, and the average values were calculated.
In this study, a “calcium salts pretreatment and phosphate
coating” phosphate process was introduced to prepare phos-
phate coatings.Thepurpose of calcium salts pretreatmentwas
to form denser and homogenous calcium activated particle
on the sample surface which contributes to the uniform and
complete phosphate coatings.

Samples were pretreated in a calcium solution with
1.1mol/L CaO and 0.20mol/L HNO3 liquor for 0.5 minutes
at pH 1.8. Then the samples were rinsed with deionized
water and were coated in the phosphate solution for 10
minutes under 37∘C at pH 2.7. The composition of phosphate
solution was listed in Table 1. The pH of the phosphating
solution was adjusted using nitric acid (HNO3) or sodium
hydroxide (NaOH). All the chemical reagents were of reagent
grade and purchased from Sinopharm Chemical Reagent Co.
(Shanghai, China).

2.2. Analysis of Composition of Phosphate Coating and
Morphology Analysis. The phases of the coatings were
analyzed by a X-ray diffractometer (XRD, Rigaku Dymax,
Japan) with a Cu K𝛼 radiation (𝛾 = 0.154178 nm) and a
monochromator at 40 kV and 100mA with the scanning
rate and step being 4∘/min and 0.02∘, respectively. The
surface morphologies of the samples were examined using
a JSM-5310 scanning electron microscope (SEM, ZEISS
EV018, Germany), with the voltage of 20 kV and working
distance (WD) of 10.0mm. The surface chemical elements
were analyzed using an attached INC250 energy dispersive
X-ray analyzer (EDS, X-Max, Oxford Instruments, UK) with
the acquisition duration of 60 s.

The surface morphologies of the samples were examined
using a JSM-5310 scanning electronmicroscope (SEM, ZEISS
EV018, Germany; WD = 12.0, EHT = 20 kV). After perform-
ing immersion test in SBF for 168 hours, the surface mor-
phologies of the samples were characterized and analyzed.

2.3. Potentiodynamic Polarization. The electrochemical mea-
surements were performed by using a potentiostat (Ver-
saSTAT 3, Princeton Applied Research, US) with a three-
electrode system. In this system, a platinum electrode was
treated as the counter electrode, and a saturated calomel
electrode (SCE, +0.242V versus SHE) was regarded as the
reference electrode, while the sample with an exposed area
of 1 cm2 was regarded as the working electrode. Prior to
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Table 1: Composition of solutions and Mn content in the coatings of samples.

Composition of phosphating solution (mol/L) Mn content in phosphating coating (EDS in Figure 3) (wt%)
Sample 1 Base solution∗∗ 0
Sample 2 Base solution with 0.01mol/L Mn2+ 0.13%
Sample 3 Base solution with 0.03mol/L Mn2+ 0.96%
Sample 4 Base solution with 0.05mol/L Mn2+ 13.83%
Sample 5 Base solution with 0.07mol/L Mn2+ 14.16%
∗∗Composition of base solution: 0.26mol/L CaNO3⋅4H2O, 0.17mol/L H3PO4 aqueous solution at pH 2.7.

performing themeasurements, the sampleswere immersed in
the SBF solution for about 30min to establish an open circuit
potential (OCP) for making the system stable firstly.

2.4. Electrochemical Impedance Spectroscopy. The corrosion
resistance and biodegradable property of the coatings were
evaluated by the electrochemical measurements and immer-
sion tests in the SBF solution (37∘C).The SBF solution is com-
posed of 8.0 g/L NaCl, 0.4 g/L KCl, 0.14 g/L CaCl

2
, 0.35 g/L

NaHCO
3
, 1.0 g/L C

6
H
12
O
6
(glucose), 0.2 g/L MgSO

4
⋅H
2
O,

0.1 g/L KH
2
PO
4
⋅H
2
O, and 0.06 g/L Na

2
HPO
4
⋅H
2
O and pH

= 7.4 [42]. The impedances of the samples were evaluated by
the electrochemical impedance spectroscopy (EIS) analysis
at an OCP of 10mV from 100 kHz down to 10MHz addi-
tionally; the potentiodynamic polarization test proceeded at
a scanning rate of 5mV/s and in the range of OCP ±1.5 V.The
data curves of the tested samples for the potentiodynamic
polarization and EIS experiments were analyzed through
CorrView and ZSimpWin software, respectively.

2.5. Test of Hydrogen Evolution. All the samples were im-
mersed in the SBF solution at 37∘C for 168 hours for
analyzing the corrosion behaviors of coatings on Mg alloys.
The hydrogen evolution volumes of the samples in the SBF
solutions were recorded every 12 hours.Three sets of samples
were prepared and tested, respectively. All the tests in this
paper have been repeated at least three times and five times
for the data with obvious errors.

3. Results and Discussion

3.1. Phosphate Coating with the Calcium Salts Pretreatment
Film. The preparation of samples was shown in Materials
and Methods. Mg-5Zn-1.5Ca alloy pieces, after removing all
of the oxide film, were treated by calcium salt treatment in
the pretreatment solution. All of the samples were pretreated
in the same solution: 1.2mol/L CaO and 0.21mol/L HNO

3

at pH 1.8. SEM images of the composition of calcium salts
pretreatment solution of the film are shown in Figure 1. After
water rinse, samples were coated with phosphate coating in
different solution; their chemical components are shown in
Table 1.Themanganese content in the phosphate coating was
obtained by EDS.The details of the other elements of EDS are
listed in Figure 3.

In Table 1, the manganese content in the phosphate coat-
ing obtained from solution containing 0.03mol/L Mn2+ was
less (0.96%).Themanganese content in the phosphate coating

5 m

Figure 1: SEM of the calcium pretreatment film on the Mg alloy.

obtained from solution containing 0.05mol/L Mn2+ was up
to 13.83%. The manganese content of phosphate coatings
was increased with the Mn2+ addition in the phosphating
solution.

Figure 1 showed SEM image of the calcium pretreatment
film on the Mg-5Zn-1.5Ca alloy. After pretreatment, it can be
seen that a base film with uniform and dense microstructure
formed on the substrate. The pretreatment film was not
sufficient to fully cover the Mg alloy substrate, but the small
crystal nucleus provided a rough surface to promote the
formation of the later phosphate conversion coatings and
offered basic protection for the Mg alloy.

Figure 2 illustrated the XRD patterns phosphate coatings
with various Mn2+ contents on Mg-5Zn-1.5Ca alloy sub-
strates. Dicalcium dihydrate (DCPD, CaHPO

4
⋅2H
2
O) and

Ca
2
Mg
6
Zn
3
were detected in CaP coating in Sample 1, and

DCPD and Ca
2
Mg
6
Zn
3
characteristic peaks remained in the

phosphate coatings, but their peaks’ intensity became weak
in Sample 4, and they were rarely observed in Sample 5. A
small quantity of tricalcium phosphate (TCP, Ca

3
(PO
4
)
2
)

that was often reported to appear in CaP coatings [27, 43]
was also detected in all of the coatings. In coating of Sample
2, 0.01mol/L Mn2+ was added to the phosphate coating,
and manganese hydrogen phosphate trihydrate (MHPT,
MnHPO

4
⋅3H
2
O) can be weakly detected, and its diffraction

peak intensity increased with the increase of the Mn2+
addition in phosphate coating solution of Sample 3, Sample
4, and Sample 5.

3.2. Microstructure of Phosphate Coatings before Immersed
Test. The SEM surface morphology of coatings on samples
was shown in Figure 3. Along with the gradual increase
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Figure 2: XRD analysis of phosphate coatings on samples.

of Mn2+ content, the morphologies of the coatings show
an obvious trend of variation. In all of the figures, the
scattered flakes reduced on the surface morphology of
samples and lumpy crystals started to appear. The flakes
have been reported in researches as a typical CaP coating
morphology, and the lumpy crystals could be considered a
typical MnHPO

4
structure as reported in studies of man-

ganese phosphate coatings on Mg alloy [44]. As revealed in
Figure 3(a), the surface of a CaP coating was uniform and
dense, while the size of a flake approximated 10𝜇m. From
Figure 3(b), the coating of Sample 2 had smaller flakes than a
CaP coating and some crystals appear. In Figures 3(c), 3(d),
and 3(e), the number of crystals (MnHPO

4
⋅3H
2
O) increased

and flakes (Ca
3
(PO
4
)
2
and CaHPO

4
⋅2H
2
O) decreased with

the Mn amount increase. Especially in Figure 3(d), the
flakes and crystals densely alternate with each other, so that
the coating of Sample 4 can offer good protection for Mg
alloy. Furthermore, most of the flakes disappeared and many
crystals were cracked in Figure 3(e) for Sample 5. Obviously,
the high amounts of Mn2+ additive make coatings containing
Mn2+ appear to be of crystal-like structure, which probably
consists of the MnHPO

4
⋅3H
2
O and was clearly detected by

the XRD tests of Sample 4 and Sample 5, as shown in Figure 2.

3.3. Electrochemical Corrosion Behavior of the Samples.
Potentiodynamic polarization curves and their correspond-
ing electrochemical parameters of the samples were shown
in Figure 4 and Table 2, respectively. Figure 4 showed the
corrosion potential (𝐸corr) and corrosion current densities
(𝑖corr) of phosphate coatings. Samples with more positive
𝐸corr would have greater potential of corrosion. As shown in
Table 2, 𝐸corr of Sample 1 and Sample 2 was more positive and
𝐸corr of Sample 4 was the least positive and was 204mV/SCE
more negative than Sample 1.Thus, it can be deducted that, in
the corrosion process, Sample 4 tended less to be corroded.
𝑖corr was in direct proportion to corrosion rate; 𝑖corr of Sample

Table 2: Electrochemical parameters corresponding to the polariza-
tion curves in Figure 5.

Samples 𝐸corr
(mV/SCE)

𝐼corr
(A/cm2)

Sample 1 −1529 3.548 × 10−5

Sample 2 −1468 2.023 × 10−5

Sample 3 −1387 5.400 × 10−5

Sample 4 −1305 7.414 × 10−7

Sample 5 −1325 9.063 × 10−5

4was the lowest andwas 0.036%–0.081% of other samples. As
a result, Sample 4 had better anticorrosion performance and
could prevent decompositions.

For further evaluation on the corrosion behaviors of the
coatings, the EIS test was employed. Figure 5 and Table 3
show the Nyquist plots and the main fitting results for
the coated samples, respectively. The equivalent circuits and
detailed description for the Nyquist plot in this study were
similar to those in our prior research [45]. The Nyquist
plot for coatings of Samples 1, 2, and 3 contained one high
frequency (HF) capacitive loop and one medium frequency
(MF) capacitive loop. This diagram was analyzed using the
equivalent circuit in Figure 6(a), which reveals the presence
of different intersurface areas with different characteristics.
TheHF capacitive loopwas related to the dielectric properties
of the coating (characterized by 𝑅

𝑐
and 𝑄

𝑐
), and 𝑅ct was

the charge transfer resistance. The second equivalent circuit
shown in Figure 6(b) was used to describe the Nyquist
plots for coatings of Sample 4 and Sample 5. The plots
only contained one capacitance loop, which refers to the
simple process at the solution/coating interface and implies
that the coatings have full coverage and could supply good
corrosion protection for the substrateMg alloy.𝐶dl represents
the electric double layer capacity at the solution/substrate
interface at pinholes [1]. As compared to the base solution
coated samples, the solution containingMn2+ coated samples
had smaller𝐶dl values, especially for the Sample 4 coated one.
This implies that the coating of Sample 4 has denser surface
structures than other coatings. The total surface resistance
(𝑅total) of the coating of Sample 4 was 36273Ωcm2, which was
11.5 times 𝑅total of the coating of Sample 1. Thus, either the
potentiodynamic polarization or the EIS test indicates that
the coating of Sample 4 on a Mg-5Zn-1.5Ca alloy possesses
better anticorrosion ability than other coatings in this study.

3.4. Corrosion Behaviors of the Samples in Immersion Tests.
The SEM photos for the surface morphologies of the samples
after being corroded by the SBF solution for 168 hours
are shown in Figure 7. After being immersed in the SBF
solution, the flake-like coating of Sample 1 and Sample 2
was undistinguishable, cracked, and covered by corrosion
products as illustrated in Figures 7(a) and 7(b). During the
immersion process, the second phase particles Ca2Mg6Zn3
acted as cathodes and caused the dissolution of the coating
and the exposure of the Mg alloy substrate. On the surface
of Sample 3 in Figure 7(c), the flakes were still observable
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Figure 3: SEM surface morphology (a)–(e): phosphate coating obtained from calcium phosphating solution containing 0, 0.01, 0.03, 0.05,
and 0.07mol/L Mn2+ content on Samples 1–5.

and they cover most of the cracks so as to provide a better
protection for theMg alloy.The coating of Sample 4 as shown
in Figure 7(d) is intact and almost free of pitting corrosion.
The three components CaHPO4⋅2H2O, Ca3 (PO4)2, and
MnHPO4⋅3H2O were homogenized in the coating, which
may cause the change of corrosionmechanism from local cor-
rosion to uniform corrosion. This indicates that the lumpy-
crystal manganese compound offered a most improved cor-
rosion protection for the Mg alloy. However, a small amount
of corrosion cracking occurs in Figure 7(e) with the further
increasingMn content.The content ofMnHPO4⋅3H2O in the
XRD analysis in Figure 2 showed that the concentration of
MnHPO4⋅3H2O was the highest. This is possibly caused by
the stress corrosion of the lumpy coating in the simulated
body fluid. Therefore, these phenomena indicate that the

coating of Sample 4 provided a complemented structure that
would protect Mg alloy durably.

Analysis from Figure 7 and the XRD results in Figure 2
can be made as follows:

(1) The second phase particles Ca
2
Mg
6
Zn
3
containingCa

and Zn are used as cathodes in the film layer which
caused the anode of the film to dissolve and the Mg
alloy matrix was exposed. Therefore, the corrosion is
more severe (11.25 wt% Mg exposed) in Figure 7(a).

(2) Corrosion cracking also is shown in Figure 7(b) and
Figure 7(c). This was because CaHPO

4
⋅2H
2
O in the

film contained a large amount of active element Ca.
This caused dissolution corrosion, which can be seen
from the calcium contents of 14.91 and 18.03wt%
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Table 3: Main fitting results of Nyquist plot exhibited in Figure 6.

Samples Rc
(Ωcm2)

Cdl
(𝜇Fcm−2)

Rct (Rmt)
(Ωcm2)

Rads
(Ωcm2)

Lads
(Hcm−2)

Rtotal
(Ωcm2)

Sample 1 2223 118 928 - - 3151
Sample 2 448 13 3572 - - 4020
Sample 3 1400 4 17030 - - 18430
Sample 4 1843 1.3 34430 - - 36273
Sample 5 287 5 1138 - - 1425
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Figure 4:The polarization curves of coatings on Samples 1–5 in SBF
solution.

in map scanning results of Figures 7(b) and 7(c),
respectively.

(3) The film layer in Figure 7(d) was intact and
free of corrosion. CaHPO

4
⋅2H
2
O, Ca

3
(PO
4
)
2
, and

MnHPO
4
⋅3H
2
O homogenized the film, the corrosion

current was evenly dispersed, and the film was more
resistant to corrosion. The relative potential of these
three components and the Mg alloy matrix changed,
which is the cause of the change of local corrosion
mechanism.

(4) A small amount of corrosion cracking is shown in
Figure 7(e). The content of MnHPO

4
⋅3H
2
O in the

XRD analysis in Figure 2 showed that the concentra-
tion of MnHPO

4
⋅3H
2
O was higher than that of the

other four samples. Maybe when concentration of the
higher hard MnHPO

4
⋅3H
2
O in the coating surface is

more than a certain value, stress corrosion crack is
generated on the coating in the simulated body fluid.
The mechanism would be further studied in our next
work.

The samples were, respectively, immersed in the SBF
solution for 168 hours, while the hydrogen (H

2
) evolution

volumes variation was shown Figure 8. Results in Figure 8
indicate that the H

2
evolution volume of all the coatings
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Figure 5: EIS patterns of coatings on Samples 1–5 in SBF solution.
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Figure 6: Equivalent circuits for EIS plots of (a) coatings of Samples
1, 2, and 3 and (b) coatings of Samples 4 and 5.

containing Mn2+ was relatively lower than that of the coating
of Sample 1 in the SBF, which implies better anticorrosion
reaction. Coating of Sample 4 had the lowest H

2
evolution

volume in this test, which remained almost 0ml for the first
96 hours and increased very slowly to 1.4ml/cm2 measured
at the 168th hour. Standard deviation in Figure 8 also
demonstrates thatH

2
evolution volume of Sample 4wasmore

stable than that of other coatings. Hence, these results stated
that the coating of Sample 4 had the promising property of



Scanning 7

Element Wt%
C K 11.87
O K 54.77
Mg K
P K
Ca K

11.25
14.93
7.18

20 m

(a)

Element Wt%
C K 5.88
O K 53.43
Mg K
P K
Ca K

Zn K

8.21
15.18
14.91

1.51
Mn K 0.88

20 m

(b)

Element Wt%
C K 3.92
O K 55.52
Mg K
P K
Ca K

Zn K

3.39
16.25
18.03

1.09
Mn K 1.96

20 m

(c)

Element Wt%
C K 4.60
O K 51.41
Mg K
P K
Ca K

Zn K

2.83
17.25
8.83

1.25
Mn K 13.38

20 m

(d)

Element Wt%
C K 5.33
O K 47.72
Mg K
P K
Ca K

Zn K

13.50
14.18
3.27

1.83
Mn K 14.16

20 m

(e)

Figure 7: EDS and SEM of samples after being immersed in SBF for 168 hours: phosphate coating obtained from solution containing (a)
0mol/L Mn2+, 0.01mol/L Mn2+, 0.03mol/L Mn2+, 0.05mol/L Mn2+, and 0.07mol/L Mn2+.

lower H
2
evolution volume applied onMg alloy surface when

served as body implant materials.

4. Conclusions

(1) Manganese-calcium phosphate coatings were pre-
pared on an Mg-5Zn-1.5Ca alloy in calcium phos-
phating solutions with different addition of Mn2+. A

calcium salt pretreatment film was applied to homog-
enize the subsequent manganese-calcium phosphate
coating.

(2) Mn content in the phosphate coatings has significant
influences on the coating morphology and degra-
dation behavior. With the increasing Mn addition,
the degradation resistance of the manganese-calcium
phosphate coatings was gradually improved.
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Figure 8: Hydrogen evolution volumes of coatings on Samples 1–5
in SBF solution for 168 hours.

(3) The optimum coating prepared in solution con-
taining 0.05mol/L Mn2+ had a uniform and
compact microstructure and was composed of
MnHPO4⋅3H2O, CaHPO4⋅2H2O, and Ca3(PO4)2.
The electrochemical and immersion corrosion test
in simulated body fluid revealed that the optimum
coating had a greatly improved surface stability and
degradation resistance compared to the calcium
phosphate coating without Mn addition.
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The Cr-Cu-N coatings with various Cu contents (0–25.18 (±0.17) at.%) were deposited on Si wafer and stainless steel (SUS
304) substrates in reactive Ar+N

2
gas mixture by a hybrid coating system combining pulsed DC and RF magnetron sputtering

techniques. The influence of Cu content on the coating composition, microstructure, and mechanical properties was investigated.
Themicrostructure of the coatings was significantly altered by the introduction of Cu.The deposited coatings exhibit solid solution
structure with different compositions in all of the samples. Addition of Cu is intensively favored for preferred orientation growth
along (200) direction by restricting in (111) direction. With increasing Cu content, the surface and cross-sectional morphology
of coatings were changed from triangle cone-shaped, columnar feature to broccoli-like and compact glassy microstructure,
respectively. The mechanical properties including the residual stress, nanohardness, and toughness of the coatings were explored
on the basis of Cu content. The highest hardness was obtained at the Cu content of 1.49 (±0.10) at.%.

1. Introduction

Transition metal nitride coatings, which possess superior
properties such as high hardness, excellent thermal stability,
good chemical inertness, and high wear resistance, have been
intensively studied in many groups [1–3]. Chromium nitride
(CrN), as one member of the transition metal nitrides, is
an important hard coating material which is widely used
in industrial application for improving life and working
efficiency of cutting tools due to its relatively high hardness,
superior resistance to high temperature oxidation, and cor-
rosion resistance [4–7]. Toughness is an important factor for
hard coatings applied in mechanical applications. Without
improvement of toughness, the life time of CrN coatings
can be dramatically reduced because of the propagation of
cracks and abrasive wear at harsh working conditions. In
order to achieve long-life time and high stability, several
researches have been actively engaged in improving both
the hardness and toughness of the nitride hard coatings,

simultaneously. Incorporating a third soft metal phase into
CrN based coatings is an easy way to satisfy above demands
[8–12], which can adjust, for example, the microstructure,
hardness, and surface quality of the coatings. Wu et al. [13]
have deposited Cr-Nb-N coatings by magnetron sputtering
in an Ar-N

2
atmosphere and suggested that the hardness

and oxidation resistance could be improved by addition of
niobium. Kim et al. [14] have reported the effect of soft metal
Ni-doping on the microstructure and mechanical properties,
especially, on the toughness of the Cr-Ni-N coatings. Musil
et al. [15] selected Cu as the third soft metal to be added to
CrN coating system, and the result showed that the hardness
up to 35GPa was achieved at Cu content value of 1 at.%.
Tan et al. [16, 17] synthesized Cr-Cu-N coatings by RF/DC
reactive magnetron sputtering and investigated microstruc-
ture and hardness of the coatings by Cu addition where
hardness reached over 27GPa at low Cu content. Such a
high hardness may be the consequence of the combination of
grain refinement hardening and blocking of grain boundary
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sliding. Lee et al. [18] deposited theCr-Cu-N coatingswithCu
contents ranging from 0.4 to 14.9 at.%.Themaximumaverage
hardness around 20GPa and scratching coefficient around 0.1
were found in the coatings with around 2.1 to 2.6 at.% Cu.

Previous works mainly focused on the influence of Cu
doping on the microstructure and hardness, but the chemical
status of Cu in the coatings, the tribological properties,
and toughness of the coatings can be a topic of further
investigations. Therefore, in this work, a more systematic
study has been performed to identify the effect of various
Cu contents on the phase structure, microstructure, and
mechanical, tribological, and toughness performances of the
Cr-Cu-N coatings.

2. Experiment Details

Six series of Cr-Cu-N coatings with various Cu content
were deposited by hybrid coating system combining a radio
frequency (RF) and a pulsed DC (PDC) sputtering, which
was schematically shown in previous reports [19]. The Cr
target and Cu target were connected with PDC and RF power
sources, respectively. Various contents of Cuwere obtained by
adjusting the RF power of Cu target. In order to guarantee the
homogeneous feature along the surface plane, the substrate
holder was located at the center of vacuum chamber and
then rotated continuously at 10 r/min during the deposition
process. The distance between the samples and targets was
approximately 100mm. A bias power source was connected
to the substrate holder. SUS 304 stainless steel materials and
Si wafers were used as substrates. This stainless steel has
the following chemical composition (in wt%): C (0.044), Si
(0.43), Mn (1.12), P (0.032), S (0.004), Ni (8.03), Cr (18.13),
N (0.04), and Fe in balance. Before actual experiment, all
the substrates were ultrasonically cleaned in acetone and
industrial alcohol sequentially for 30min and then fixed
on the holder after being blown dry with pure nitrogen.
The chamber was evacuated to a base pressure below 6.0
× 10−3 Pa using rotary and turbomolecular pumps. Before
deposition, ion bombardment was conducted by Ar glow
discharge for 5min with a bias voltage of −800V at 0.8 Pa,
and then plasma etching was conducted for 10min with PDC
sputtering (0.8 kW) and bias voltage of −800V. To improve
the adhesion of coatings, Cr interlayer was sputtering for
10min. The working pressure was maintained to 0.4 Pa and
the reactive gas N

2
was constant at 20 sccm. To maintain the

deposition pressure, theAr gas flow ratewas varied from65 to
80 sccm.The duty cycle of the PDC power and the frequency
of RF were maintained at 60% and 13.8 kHz, respectively.The
Cr target power was kept at 0.8 kW, while the Cu target power
was varied from 0 to 150W to study the Cu content effect on
the microstructure and mechanical properties of produced
samples.The deposition time was 120min and the deposition
temperature was maintained at 300∘C. The DC bias voltage
was −150V. The deposition parameters are listed in Table 1.
During the whole deposition processes, no apparent micro-
arcs were observed.

Chemical elemental proportions, over coating surfaces,
were evaluated using electron probe micro analysis (EPMA,
CAMECA SX100). The physical structures of various coating

Table 1: The deposition parameters and the thickness of the
coatings.

Deposition parameters
Base pressure (Pa) 6.0 × 10−3

Working pressure (Pa) 0.4
N
2
gas flow (sccm) 20

Ar gas flow (sccm) 65∼80
Substrate temperature (∘C) 300
Substrate bias voltage (v) −150
Deposition time (min) 120
Cr target power (w) 800 800 800 800 800 800
Cu target power (w) 0 30 60 90 120 150
Coating thickness (𝜇m) 1.71 2.16 2.30 2.52 2.92 3.22

were determined by an X-ray diffractometer (XRD, D8-
Discovery Brucker, Cu K𝛼, 40 kV, 40mA) patterns obtained
from 20∘ to 80∘. The chemical bonding status in coatings
was evaluated by X-ray photoelectron spectra (XPS, VG
Scientifics, ESCALAB250), using theAr+ ions etching sample
surface for 300 s, and the spectra were calibrated for the value
of carbon peak C 1s at 284.6 eV. The morphologies of the
Cr-Cu-N coatings were measured by using field-emission
scanning electronmicroscopy (FE-SEM, S4800,Hitachi).The
coatings thickness was measured from the cross-sectional
images and deposition rate was calculated through the indi-
vidual deposition time.The hardness and Young’s modulus of
the coatings were confirmed by using nanoindentation tester
(Hysitron, TI950TriboIndentor) under a load of 6mN.About
twenty-five indentations were performed for each sample and
an average value was proposed. The surface average rough-
ness of the coatingwasmeasured over a scan area of 5× 5 𝜇m2
using an atomic force microscope (AFM, MFM-3D, Asylum
Research) in contact mode. Residual stress was calculated
from the stress tester machine (J&L Advanced Plasma Tech-
nology�) according to substrate curvature method based
on the Stoney equation [20]. The friction coefficients were
measured through sliding wear test using a conventional ball-
on-disk wear apparatus. An alumina ball with 6mmdiameter
was used as a counterpart material. The sliding tests were
conductedwith a linear speed of 100mm/s under a load of 2N
at ambient temperature around 24∘C and a relative humidity
of 37%.The sliding distance was 60m in each sample. Finally,
the toughness of the coatings was evaluated by using Vickers
hardness testing system (Mitutoyo HM-220) at 2N load.

3. Results and Discussion

3.1. Studies on Chemical Composition and Deposition Rate.
Figure 1 shows the chemical composition analysis of the
coatings measured by EPMA. The concentration of oxygen
inside the coatings was less than 5 at.% from all the deposited
samples, which may be attributed to residual gas in the
chamber during deposition, and the coating was close to
stoichiometric in pure CrN. The Cu content presents a
nearly linear increase from 0 at.% to 25.18 (±0.17) at.% with
increasing the Cu target power, while the N and Cr contents
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Figure 1: The composition of the Cr-Cu-N coatings with respect to
the Cu target power.

decrease monotonically from 53.19 (±0.19) at.% and 46.71
(±0.26) at.% to 37.10 (±0.15) at.% and 33.49 (±0.21) at.%,
respectively. It is noted that, with increasing Cu content, the
coatings becomeN deficient and at themaximumCu content
of 25.18 (±0.17) at.%, the atomic ratio ofmetal versus nitrogen
increased to about 1.6 : 1. That is attributed to the atomic
mass of N atoms that is lighter than Cr atoms; thus, N atoms
are prone to being sputtered by impinging ions with high
energy [21, 22]. Figure 2 shows the variation of deposition
rate together with the changed Cu target sputtering power.
It is clearly seen that the deposition rate of coatings increased
from 14.3 to 26.8 nm/min as the sputtering power increased
from 0 to 150W, which was attributed tomore ionization ions
that could reach effectively to the substrate surface. Le et al.
[23] reported the effect of sputtering power on the growth rate
of films where they believed that, at higher sputtering power
in magnetron sputtering system, adatoms acquire sufficient
kinetic energy from the high energy inert argon gas. Then
the surface diffusion of these adatoms is expected to improve
with themomentumwhich in turn transfers to the nucleation
and growth of films; thereby the films thickness was increased
with sputtering power.

3.2. The Phase Structure and Microstructure Analyses. The
XRD patterns of Cr-Cu-N coatings, deposited on Si wafer
with various Cu target powers, are presented in Figure 3, with
XRD spectrum of CrN coating being presented as reference.
In the XRD spectrum of CrN coating, observed peaks
according to the Joint Committee For Powder Diffraction
Studies (JCPDS) card (PDF#110065) demonstrate a pattern
of the FCC crystal structure with highest intensity of (111)
plane. Other peaks such as (200), (220), and (311) also appear.
As compared to the CrN coating, XRD patterns of the Cr-
Cu-N coatings are mainly composed of CrN phase, and the
(200) plane is the preferred orientation phase in Cr-Cu-N
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Figure 2:The relation between deposition rate and Cu target power.

(1
11

)

(2
00

)

(3
11

)

(2
20

)

(2
00

)

25.18 at.% Cu 

19.35 at.% Cu 

15.16 at.% Cu 

8.88 at.% Cu

1.49 at.% Cu 

In
te

ns
ity

 (a
.u

.)

0 at.% Cu

(1
11

)

CrN (PDF#110065)
Cu (PDF#040836)

30 40 50 60 70 8020
2 (degree)

Figure 3: The XRD patterns of the Cr-Cu-N coatings as a function
of Cu contents.

coatings. The (220) and (311) diffraction peak of the coating
have disappeared when the Cu target power is up to 120W,
which demonstrates that Cu content has strong influence on
coatings growth. The change of preferred orientation of the
growth plane is known to be due to preferential sputtering of
the atoms in different planes during the sputter deposition
process. The (200) plane has the smallest nuclear stopping
cross-section, which implies that it has the lowest sputtering
yield in this plane. On the other hand, the (111) plane has
the largest nuclear stopping cross-section; from sputtering
theory it is known that the sputtering yield varies with
nuclear stopping cross-section. On the first stage, the pure
CrN coating would grow toward the orientation of the (111)
plane with the lowest strain energy at high stress condition.
Afterwards, increasing the sputtering power intensifies the
preferential sputtering of the atoms in (111) planes, which



4 Scanning

5 10 15 20 250
Cu content (at.%)

5

10

15

20

25

30

Av
er

ag
e g

ra
in

 si
ze

 (n
m

)

Figure 4: Average grain sizes of Cr-Cu-N coatings as a function of
Cu contents.

suppress the growth of CrN grains along (111) plane [24].
Meanwhile, the (200) planes experience less sputtering which
in turn promote the grains with a (200) orientation. With
increase of Cu content, (111) and (200) diffraction peaks
of CrN had the tendency to broaden. It was certified that
Cu atoms addition could induce grain refinement, similar
result to Zeman et al. [25] reported. However, there were
no traces of metallic Cu and CuN phases that have been
found in XRD diffraction patterns with Cu content below
15.16 (±0.23) at.%. It was considered that Cu atoms existed at
the CrN grain boundaries as amorphous phase or Cu atoms
incorporated in CrN crystals as solid solutions [26]; with
Cu content further increasing, the crystalline (111) or (200)
planes diffraction peaks of fcc-Cu were found, which was
verified in PDF#040836.

Figure 4 shows the calculated average grain sizes of the
Cr-Cu-N coatings by using Scherrer’s formula [14].The grain
size of the coating deposited at CrN condition without Cu
content has demonstrated maximum value of 28 nm and as
the Cu content is further increased to 25.18 (±0.17) at.%, the
grain size is decreased rapidly to ∼7 nm. This result further
indicates that an addition of Cu can block the grain growth,
leading to grain size refinement effect, which is consistent
with XRD result discussed above. It is well known that, with
power increased, the coating obtains relative high energy
by the ions bombardment, generating more defects. These
surface defects increase the number of preferential nucleation
sites which can also result in smaller grain sizes [27]. In
order to confirm the Cu atoms existing form in the Cr-Cu-
N coatings, the chemical bonding status was investigated by
XPS. The binding energy (BE) of the C1s peak at 284.6 eV
was considered as reference in calculating the binding energy.
Figure 5 shows the XPS spectra taken for Cr 2p, N 1s,
and Cu 2p energy regions after an etched time of 180 s
with various Cu contents. As shown in Figure 5(a), the Cr
spectrum is fitted into four peaks: two peaks are at binding
energies of 574.9 eV and 576.8 eV, which correspond to CrN
and Cr

2
O
3
of Cr 2p3/2 [28], while the other two peaks at

584.3 eV and 586.5 eV are for CrN and Cr
2
O
3
of Cr 2p1/2

[29]. That means that the Cr atoms were reacted with N to
form Cr-N bonds. No significant chemical shift has been
detected with increasing Cu contents in the coatings. There
is also a certain amount of Cr

2
O
3
in the coatings, due to

oxygen contamination coming from the sputtering chamber
or target composition. In Figure 5(b), the N spectrum is
found in the range of 396.8 ± 0.4 eV, which belongs to
CrN phase [30]. The peaks found in the Cu 2p region are
identified as metallic Cu (932.6 ± 0.4 eV) and oxide copper
(934 ± 0.4 eV). Although a little peak shift exists, no distinct
shoulder peaks appeared. It was reported that copper nitride
synthesis needed considerable high energy, so it could be
concluded that Cu existed as metallic species instead of
copper nitride in the Cr-Cu-N coatings [31]. Because metal
Cu is immiscible in the CrN phase, combined with XRD
and XPS results, it can be concluded that the Cu as metallic
species distributed in the interstitial of nanocrystalline CrN
phase or segregated as amorphous phase in the intergranular
boundaries with Cu content below 15.16 (±0.23) at.%, then
Cu atoms grew up into metallic Cu crystallites agglomerated
in the intergranular boundaries when Cu content was higher
than 19.35 (±0.14) at.%. [31, 32].

To investigate the microstructures and thicknesses of Cr-
Cu-N coatings as a function of Cu content, the surface and
cross-sectional SEM images are shown as Figures 6(a)–6(f)
and Figures 7(a)–7(f), respectively. As seen in Figure 6(a),
the crystallites of the pristine CrN coatings are larger than
others (Figures 7(b)–7(f)). When Cu atoms are incorpo-
rated into the CrN coatings, surface morphology is changed
from irregular shape with triangular structure, which is
typical columnar characteristic, to broccoli-likewith compact
structure, which is corresponding to variation of preferred
orientation fromCrN (111) to (200). It is clear that an addition
of Cu content into the CrN coatings makes grain size finer.
The thickness is gradually increased with the Cu target
power from 0 to 150W (see Figures 7(a)–7(f)). An obvious
columnar structure is observed in Figures 7(a), 7(b), and
7(c), wherein small amount of Cu exists. When Cu content
reached a relative high standard, the columnar structure
becomes denser and the grain boundaries become vague,
forming a nearly featureless structure. These phenomena
can be explained as follows: with increase of the Cu target
power, the surface adatom’s energy andmobility were further
increased, which forced them to move effectively due to
ion bombardment compared with lower or no Cu target
sputtering power; these movement particles would fill the
voids between grains and interrupted the growth of large
column structure; a higher deposition rate induces more Cu
atoms, arriving at the surface of the substrate per unit time,
and it is certainly producing more heterogeneous nucleation
sites, resulting in the grain size refinement [27].TheCu atoms
are mobile on account of their immiscibility in CrN coatings
and thus are able to disrupt the columnar grain growth during
deposition process [17, 32], which can lead to controlling the
size and shape of the grains.

The typical AFM images (for three Cu powers) and sur-
face roughness versus Cu content plot of Cr-Cu-N coatings
are shown in Figures 8(a)–8(c) and 8(d), respectively. As it is
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Figure 5: Binding energies of the Cr-Cu-N coatings with respect to the Cu contents (a) Cr 2p, (b) N 1s, and (c, d) Cu 2p.

expected from the images, when Cu content into coatings is
increased, the surface roughness is rapidly decreased, which
is in good agreement with the result found in Figures 6 and
7. The surface roughness value of coating is ∼38 nm without
Cu content; however, smoother surface can be obtainedwhen
the Cu is introduced.The smallest roughness value of <10 nm
at 19.35 (±0.14) at.% of Cu is obtained which is related to
an increase of an atomic movement and densification of the
coatings as a result of high energy increased by target power.

3.3. Mechanical Properties. Average indentation hardness
(𝐻) and elastic modulus (𝐸) of Cr-Cu-N coatings versus
Cu contents are shown in Figure 9. The CrN coating
exhibits nanohardness value of ∼15GPa and elastic modulus
of ∼188GPa. Maximum hardness of ∼20GPa and elastic
modulus of ∼235GPa are achieved when Cu content is 1.49
(±0.10) at.%. With increasing Cu content, the 𝐻 value is
decreased almost linearly from 20GPa to 6GPa. The same
trend was also observed on the relationship between elastic

modulus and Cu content of coatings. According to the Hall-
Petch effect [33] applied in nanostructured materials, the
hardness of materials increases with decreasing the grain
size. The grain size calculation study done in Figure 4 has
revealed that, with Cu addition, grain size refinement could
be obtained.Therefore, both the solid solution strengthening
(a few Cu atoms are dissolved in CrN crystals) [18] and Hall-
Petch effect are responsible for the hardness enhancement.
On increasing Cu content further, a great amount of softer
metallic Cu phase formation takes place in the coatings and
the grain size refinement reaches its critical value, which
causes the inverseHall-Petch effect.Theywere all contributed
to the decrease of hardness. It is clearly seen that the Cu
content plays a key role on the hardness and modulus of Cr-
Cu-N coatings. In literature [15], Musil et al. reported that
the hardness value of the Cr-Cu-N coating reached 35GPa on
adding 1 at.%Cu.On the research of Al-Cu-Nnanocomposite
coatings by Musil et al. [34], the maximum ∼23GPa H value
at 5 at.% Cu has already been reported. Zeman et al. [25]
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Figure 6: The surface morphologies of the Cr-Cu-N coatings with respect to the Cu content.
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Figure 7: Cross-section images of the Cr-Cu-N coatings with various Cu contents.

revealed that the strong (111) preferred orientations with fine
columnar structure and little Cu content are essential to
achieve better hardness in Zr-Cu-N nanocomposite coating
system. The increase in hardness of the coating with small
addition of Cu was also observed in Mo

2
N coating system

with adding 1–3 at.% Cu; with further increasing the Cu con-
tent, both the hardness and modulus dramatically declined

[35]. These results reveal that by controlling the additive
element content (i.e., Cu) one offers a convenient method
to monitor the hardness and modulus of Me-Cu-N coatings.
Figure 10 shows the compressive residual stress date of the
coatings decreased from 1.6GPa at 0 at.% Cu to 0.6GPa at
25.18 (±0.17) at.% Cu. It is suggested that the energetic ion
bombardment by increasing Cu target power does not all
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Figure 8: The 3D topographic AFM images (5 𝜇m × 5 𝜇m) of the coatings with Cu content of (a) 0 at.%, (b) 1.49 at.%, and (c) 25.18 at.%,
respectively, and (d) plot of RMS roughness versus Cu content.
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Figure 9: Variations of hardness and elastic modulus of Cr-Cu-N
coatings as a function of Cu contents.

the times generate an increased tendency of compressive
stress during deposition process. This phenomenon can be
explained by the addition of Cu, which otherwise can be from

a buffer area, leading to generating stress relief in the coatings
[36].

Figure 11 shows the friction coefficients of Cr-Cu-N
coatings with various Cu content against an Al

2
O
3
ball on

a ball-on-disk tribometer under a normal load of 2N as a
function of sliding distance at room temperature. The value
of friction coefficient is increased sharply within the first 5m
and then stays constant in the following 55m.The curves are
not stable at the initial running-in stage and then become
in the steady state. This behavior is in agreement with the
basic wear principle where the effective value is obtained at
the steady state position. Coating without Cu doping reveals
relatively higher friction coefficient, that is, 0.58. With the
Cu addition, the value of friction coefficient is decreased and
the minimum friction coefficient of 0.47 is obtained for an
addition of 15.16 (±0.23) at.% Cu content in the coating. The
beneficial effect on tribology performance through addingCu
has previously been addressed by Shi et al. [37] by considering
unidirectional scratch for a constant load. But in our work,
when the Cu content exceeds a certain limitation, the friction
coefficient rises rapidly as seen in inset image of Figure 11.
That is because an excessive Cu causes softer phase coatings
followed by poor hardness, which can be easily scuffed during
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Figure 11: Friction coefficients of Cr-Cu-N coatings as a function of
Cu content.

rotate frictionmotion process.Otherwise, the separated chips
(main is soft Cu phase) from substrate can be adhered to the
grinding ball during the wear test, resulting in adhesive wear,
which also can lead to increasing the value of the friction
coefficient. Typical worn morphology of the CrN coating
and Cr-Cu-N coatings with Cu content of 1.49 (±0.10) at.%
and 25.18 (±0.17) at.% was in Figures 12(a)–12(c). Obvious
furrows were found on the wear track, which were formed
by transferring the peeled wear debris into the interface
between the coating and friction ball in Figure 12(a); wear
debris was also found and distributed on the wear track. The
hard wear debris acted as the third body to be involved in
the friction process and scratched the coating like a blade.

Therefore, the main wear mechanism of CrN coating was
abrasive wear. With doping 1.49 (±0.10) at.% Cu into the CrN
coating as shown in Figure 12(b), the wear width and depth
became more narrower and shallower. One reason for the
slighter abrasion of the composite coating was its smaller
friction coefficient and higher hardness. Also, it has been
demonstrated that higher 𝐻/𝐸 ratio usually leads to better
wear resistance [38], which is consistent with our result.
When the Cu content reaches 25.18 (±0.17) at.% in the CrN
coating as shown in Figure 12(c), the wear trace appeared
more serious than that in Figures 12(a) and 12(b). That is
the consequence of high friction coefficient, low hardness,
and low 𝐻/𝐸 ratio. As mentioned above, excess softer Cu
phase easily adhered to the grinding ball during the wear test
resulting in adhesive wear.

Toughness is the ability of a material to absorb the energy
during deformation up to its fracture. Many factors can influ-
ence the toughness of coating, including the doping content
of third phase into coating; the residual stress of coating;
and the ratio of hardness to elastic modulus of coating. In
most cases, not just one factor plays a role on the toughness
property, but two or several factors together contribute to the
toughness. Using low content metal doping into the nitride
coating is a common method for improving the toughness of
coating, which is consistent with our result in Figure 13(b).
It is cleared that the toughness of the containing low Cu
content coating is better than that of the pure CrN coating
(Figure 13(a)). The compact and dense structure makes a
contribution to increasing the crack resistance of coating and
that the excellent ductility of Cu may consume the energy
from the compressive and shear stress by plastic deformation,
which also can improve crack resistance [14]. When the Cu
content is up to 25.18 (±0.17) at.%, the radial cracks were
more serious than the pure CrN and 1.49 (±0.10) at.% Cu
of CrN coatings, although the circumferential crack was
absent. From [39], it is indicated that the value of 𝐻/𝐸 is an
important criterion to evaluate radical crack; the more high
value represents the high resistance against radial cracks. In
this work, the ratio value of 𝐻/𝐸 was 0.07 with CrN and
the maximum value 0.08 was obtained in 1.49 (±0.10) at.%
Cu of CrN coating and then decreased to 0.04 when the Cu
content is at 25.18 (±0.17) at.% in CrN coating. From similar
phenomena as reported in [39], we could conclude that excess
metal Cu doping weakened the resistance of CrN coating to
radial crack owing to low stress and low ratio between the
hardness and elasticmodulus of coating.Therefore, it appears
that not all Cu contents are optimal.Theunderlying causes for
this behavior need more investigation.

4. Conclusion

The effects of Cu contents on the microstructural evolution
and properties of Cr-Cu-N coatings deposited by a RF/PDC
comagnetron sputtering are studied and reported. The Cu
content is varied from 0 to 25.18 (±0.17) at.%. The preferred
orientations of these coatings are strongly affected by the Cu
content; that is, pure CrN coating has demonstrated strong
(111) plane, and with Cu addition, the (200) plane is domi-
nating. When the Cu content reaches up to a certain value,
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50 Ｇ

(a) 0 at.% Cu

50 Ｇ

(b) 1.49 at.% Cu

50 Ｇ

(c) 25.18 at.% Cu

Figure 12: Typical worn morphologies of the Cr-Cu-N coatings with Cu content of (a) 0 at.%, (b) 1.49 at.%, and (c) 25.18 at.%.

Cracks

5 Ｇ

(a) 0 at.% Cu

Smooth

5 Ｇ

(b) 1.49 at.% Cu

Smooth

5 Ｇ

(c) 25.18 at.% Cu

Figure 13: The crack resistances of Cr-Cu-N coatings with respect to Cu content.

the metallic Cu appears. That means that the Cu as metallic
species distributed in the interstitial of nanocrystalline CrN
phase or segregated as amorphous phase in the intergranular
boundaries with low Cu doping content, while it precipitated
as metallic Cu phase and agglomerated in the intergranular
boundaries at highCudoping content.The friction coefficient
of the coatings was decreased by Cu addition. The hardness
and elastic modulus values decreased from 20GPa and
235GPa to 6.1 GPa and 142GPa, respectively, as the Cu
content increased from 1.49 (±0.10) to 25.18 (±0.17) at.%.
The CrN coating with 1.49 (±0.10) at.% Cu addition presents
excellent tribological properties, which would be attributed
to the lower friction coefficient, high hardness, and high𝐻/𝐸
ratio. Proper Cu addition, improved hardness, and enhanced
toughness can be achieved at the same time.
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A nanocrystalline layer was prepared on the surface of 34CrMo4 steel by time controlling shot peening (SP, i.e., 1, 5, 10, and 20
minutes). Field emission scanning electron microscopy (FESEM), X-ray diffraction (XRD) analysis, and transmission electron
microscope (TEM) were applied to analyze the surface, cross-sections, and grain size of the specimens before and after SP. The
electrochemical corrosion behavior was used to simulate a liquid under the oil and gas wells environment. It was characterized
by the potentiodynamic polarization test and electrochemical impedance spectroscopy (EIS). The analysis results show that the
surfaces of the SP samples were very rough and had numerous cracks. A passive film on SP surface was formed by nanocrystalline
grains. However, the passive film formed in the initial stage was not dense or uniform, and cracks occurred in the passive film
during peening, resulting in a decrease in corrosion resistance.

1. Introduction

The Cr-Mo series steels are widely used because of their
excellent properties by reasonable heat treatment process,
such as favorable hardenability and shock absorption, less
tendency of temper brittleness, and good corrosion resistance
[1, 2]. Owing to those superior performances, 34CrMo4 is one
of the Cr-Mo series steel which is always used as a drill
stem. In recent years, the drilling tools are vulnerable in
high-sulfur and high-temperature oil and natural gas wells,
leading to corrosion or even fracture failure and resulting
in huge economic loss. Nanocrystalline materials [3, 4] have
attracted considerable amount of interest due to their excel-
lent performance in a multitude of areas, such as mechanical
strength, wear resistance, and corrosion resistance [5–8]. Sur-
face modification includes surface deposition, physical vapor
deposition (PVD) and chemical vapor deposition (CVD)
[9, 10], laser surface treatment [11, 12], and shot peening (SP)
[13–16], which is an effective way to improve the surface
properties of materials. Currently, SP is an economical,
low cost, and effective method for industrial production,

significantly improving wear resistance, fatigue resistance,
and corrosion resistance of the material. The severe plastic
deformation results in cold working hardening of the surface
layer successfully being applied to pure metal [17], various
alloys, and steels [18–20].

This study aims to improve the corrosion properties of
34CrMo4 steel upon SP; the effect of peening time on corro-
sion resistancewas investigated in the simulated environment
of liquid under oil wells. In addition, a variety of methods
were used to characterize and analyze the mechanism of
corrosion resistance.

2. Materials and Methods

Chemical composition of the 34CrMo4 steels used in the test
is shown in Table 1, which is consistent with the nominal
material composition. Before the SP, the specimens are heat-
treated by quenching from 870∘C and annealing in 560∘C for
2 hr [21]. After heat treatment, specimens were ground down
to 2000 grits SiC sand paper and then polished on cloth to
reduce scratching. The process parameters of the SP carried
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2 m

(a)

10 m

(b)

Figure 1: Matrix of 34CrMo4 steel (a) FESEM image and (b) EBSD IPF mapping.

(a) (b) (c) (d)

25 m

(e)

Figure 2: Cross-sectional OM observation of test specimens: (a) untreated, (b) 1min peened, (c) 5min peened, (d) 10min peened, and (e)
20min peened. Dashed arrows show the affected depth by shot peening.

out the intensities of 0.5mm, which was produced using
cast steel shots 0.6mm in diameter, and treated times were
adoptive for 1min, 5min, 10min, and 20min, respective-
ly.

The microstructure morphology of untreated and SP
samples was etched in a 3% HNO

3
+ 97% alcohol solution,

followed by optical microscope (OLYMPUS, GX71) charac-
terization. The surface before and after shot peening and the
electron back-scattered diffraction (EBSD) result of raw sam-
ple were observed by scanning electronmicroscope (FESEM,
JSM-7800F). The different depth microstructure of peening
samples was researched by transmission electronmicroscope
(TEM, JEM-2100F operating at 200 kV). Phase composition
and crystallite size measurements of shot peening sam-
ples were studied by X-ray diffraction (XRD, SmartLab-9)
with a CuK𝛼 radiation, having a working voltage of 45 kV
and current of 200mA. The electrochemical behavior of
34CrMo4 steel before and after SP was evaluated by electro-
chemical workstation (CH Instrument, CHI-660E), and both
evaluations were performed with a three-electrode system
(i.e., 34CrMo4 steel, Calomel electrode, and Pt as working
electrode, reference electrode, and counter electrode, resp.).
In order to better simulate the actual working environment
of the 34CrMo4 steel under the oil well, the electrolyte
composition consisting of 4710mg/L NaCl, 780mg/L KCl,
33850mg/LCaCl

2
, and 33600mg/LMgCl

2
was similar to that

of the drilling fluid [22].

3. Results and Discussion

3.1. Microstructure Analysis. Themicrostructure of 34CrMo4
steel matrix was investigated by FESEM and can be observed
in Figure 1, which presents the FESEM image of the 34CrMo4
steel. In Figure 1(a), grain boundaries with triple junction
are marked by a red arrow. Moreover, the grain size is in
micrometer scale, and fine carbide particles are distributed
in the matrix. In Figure 1(b), EBSD inverse pole figure (IPF)
mapping indicates representative fine and homogeneous
tempered martensite structure. The colors are significantly
different crystal directions.

Figure 2 shows the optical micrograph (OM) of all the
cross-sectional specimens. It is the typical fine tempered
martensite structure in picture (a) where the organization is
overwhelmingly homogeneous. All of the deformation layers
of peened specimen are clearly observable in the top layer,
and the depth of strain layer, which slowly increases with the
prolongation of peening time, is from 80𝜇m to 150𝜇m at the
red arrows direction in the mircoscale.

The morphology of the surface and cross-sectional layers
by SP was studied. Figure 3 shows that SP surfaces for 5min
and 20min aremore than rough comparedwith the untreated
surface; it can be seen that the surfaces are made up of
many defects with the loose lamellar structures and small
cracks under greater magnification. On the other hand, the
vertical plane (cross-section) has a great deal of cracks, with
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Figure 3: FESEM images of surface and cross-sections of the untreated (a, a, and a), 5min shot peened (b, b, and b), and 20min shot
peened specimens (c, c, and c).

length being about tens of microns and depth ranging from
10 to 30 microns. The surface condition included roughness
and cracks, which had a significant effect on the material
properties, especially corrosion resistance.

Figure 4 illustrates that the XRD profiles exhibited no
phase transformation of the untreated and SP samples, which
crystallizes uniquely in the 𝛼-Fe phase (PCPDF#65-4899)
[23]. However, with peening time increased to 20min, full
width half maximum (FWHM) of the peaks gradually in-
crease, which is attributable to grain refinement in the peen-
ing process. The mean grain size of surface layer-calculated
according to the Scherrer formula of the XRD data was
about to ∼87.2 nm for 1min, ∼55.3 nm for 5min, ∼33.8 nm
for 10min, and ∼32.2 nm for 20min of peened specimens,
respectively. However, the grain size of untreated sample is
approximately a micrometer.

Figure 5 presents the TEM results: (a) illustrates a typical
fine quenched and tempered martensite structure in the
34CrMo4 steel. It is apparent that a series of laths are arranged
in parallel. Themean width of lath is 200∼500 nm and length
is 1.5∼2.5 𝜇m. Figure 5(b) displays the TEM micrograph at
a depth of 10 𝜇m by 20min peening, indicating that lath
of tempered martensite has disappeared. (c, d) are SADPs
taken on (a) and (b) areas, respectively. The ring-like pattern
seen in (d) indicates that the martensite phase has a random
orientation. Figure 5(e) is a dark-field image corresponding
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Figure 4: X-ray diffraction patterns of untreated and peened sam-
ples with different peening times.

to [211] diffraction direction of martensite phase, indicating
that average grain size is ∼30 nm (Figure 5(f)), which is
identical with the results received by XRD.

3.2. Corrosion Properties. The potentiodynamic polarization
curves of the 34CrMo4 steel before and after shot peening in
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Figure 5: TEM images of (a) untreated and (b) 20min SP specimens at ∼10 𝜇m depth, with the corresponding (c) SADPs and (d) peened
specimen. (e) TEM dark field image at [211] direction of martensite phase and (f) grain size measurement.

a simulated liquid environment of the oil well are measured.
The curves do not discernibly alter them for 1min peening
when compared with the untreated specimen. It is important
to highlight that the anode curve exhibits a sharp slope
(i.e., passivation zone) when the peening time is over 5min,
as can be observed in Figure 6. The slope on the anode
curves may be a result of the grain refinement produced
during the SP process. Figure 7 displays the outcome of the
potentiodynamic polarization test for all samples. It can be
seen that the corrosion potential monotonically decreased
with the extension of peening time, and the corrosion current
density gradually increases. The peened surface is rough and
has numerous defects, leading to the electrolyte being prone
to gathering in the corner and moving along the cracks, as
seen in Figure 3.

Figures 8 and 9 show that capacitive arc radius (polariza-
tion resistance) clearly reduces through SP treatment. With
careful attention it was found that the capacitive arc radius
first increases and then slowly decreases. From the small
photograph inserts in the Nyquist plots, it is obvious that the
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Figure 6: The polarization curves of untreated and SP specimens.
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Table 2: Fitting results of equivalent circuit.

Peening
time (min)

Rs
Ω⋅cm2

C (10−4)
F⋅cm2

Rct
Ω⋅cm2

Q (10−3)
F⋅cm2 Nn Rf

Ω⋅cm2

0 59.24 3.921 1048 - - -
1 15.81 2052 264.6 16.97 0.5594 216
5 17.58 56.84 418.5 4.208 0.6695 312.1
10 11.85 0.000426 10.28 6.388 0.7357 56.2
20 19.26 0.01354 53.28 13.08 0.7213 20.86
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Figure 7: The values of 𝐸corr and log 𝑖corr of untreated and SP speci-
mens.
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Figure 8: The Nyquist plots of untreated and SP specimens.

peened sample shows a small capacitive arc and the untreated
sample does not in the high frequency range. The results are
also supported by the Bode plot with the relation between
frequency and phase angle, indicating the time constants exit
two values.

According to the electrochemical experimental data
shown in Figure 10, two equivalent circuits are simulated.The
circuit in Figure 10(a) is representative of the untreated sam-
ple, and Figure 10(b) belongs to the SP. The simulation data
of the equivalent circuits of EIS curves, thereinto, contained
solution resistance (Rs), electrical capacitance of double
layer (C), resistance of double layer (Rct), and electrical
capacitance of natural oxide film (Q, constant phase element)
with the corresponding dispersion coefficient (Nn), as well
as the resistance of passive film (Rf); these are presented in
Table 2.

Based on the experimental results, the effect reason and
mechanism of corrosion resistance of the 34CrMo4 steel by
shot peening had been demonstrated. Firstly, the corrosion
resistance property is a clear illustration of how the untreated
and peened samples have changed. Corrosion resistance
property decreased the steel shot with high energy to hit
the specimen surface, bringing about numerous defects
including cracks, roughness, loose lamellar structures, and
others as can be seen in Figure 5. Those defects make the
corrosion liquid easy to spread in the matrix interior, leading
to material oxidation. The nanostructure was then produced
by peening and XRD data calculations, causing the passive
film on the metal surface to emerge.The corrosion resistance
property is measured by potentiodynamic scanning; it is
illustrated that the passivation zone is evident with increasing
peening time, which is a consequence of the nanocrystalline
layer of metal surface being well-distributed. On the other
hand, the equivalent circuit of EIS for the peened sample
shows the nature of passive film. The results indicate that the
passive film is rough, which can be demonstrated by the dis-
persion coefficient expressing a noncapacitance. Moreover,
it should be noted that the Rf value of the peened sample
was found to rise first from 216 to 312.1Ω⋅cm2 and then
decreased to 20.86Ω⋅cm2; this information is exhibited in
Table 2. To analyze and explain this particular phenomenon,
it can be suggested that the passive film at the beginning
is not compact and uniform during short peening time.
Accordingly, increasing the peening time up to 10min or
longer drives off the passive film fracture, with the final result
worsening corrosion resistance.Therefore, it can be proposed
that corrosion resistance can be only improved when the SP
time is appropriate.

4. Conclusion

The 34CrMo4 steel surface was modified by SP.The following
use of XRD diffraction and TEM results observed and
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Figure 10: Equivalent circuits of (a) untreated and (b) SP specimens.

confirmed the existence of a nanolayer, with the grain size
at the top of the surface being approximately ten nanome-
ters.

The surface of SP shows many defects, including rough-
ness and cracks, leading to an obvious decrease in corrosion
resistance of 34CrMo4 steel. The electrochemical behavior
results indicated that the peened materials show greater
passivation compared with the untreatedmaterial on account
of crystal refinement. It can then be seen that the resistance of
passive film increases at first and then decreases by the fitting
results of equivalent circuits, which is attributable to the
passive film at the beginning not being compact or uniform
during short peening time. However, film fracture occurred
after increasing peening time.
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Cross-sectional imaging is considered the gold standard in diagnosing a range of diseases. However, despite its widespread use in
clinical practice and research, no widely acceptedmethod is available to reliably match cross-sectional planes in several consecutive
scans. This deficiency can impede comparison between cross-sectional images and ultimately lead to misdiagnosis. Here, we
propose and demonstrate a method for finding the same imaging plane in images obtained during separate scanning sessions.
Our method is based on the reconstruction of a “virtual organ” from which arbitrary cross-sectional images can be extracted,
independent of the axis orientation in the original scan or cut; the key is to establish unique body coordinates of the organ from its
principal axes of inertia. To verify our method a series of tests were performed, and the same cross-sectional plane was successfully
extracted. This new approach offers clinicians access, after just a single scanning session, to the morphology and structure of a
lesion through cross-sectional images reconstructed along arbitrary axes. It also aids comparable detection of morphological and
structural changes in the same imaging plane from scans of the same patient taken at different times—thus potentially reducing
the misdiagnosis rate when cross-sectional images are interpreted.

1. Introduction

In vivo and ex vivo cross section image (CSI) (defined
here as encompassing magnetic resonance imaging (MRI),
computed tomography (CT), and any images of serial sec-
tions of human organ) is taking an increasingly important
role in medicine. Clinically, it is considered to be the gold
standard for the diagnosis of a wide range of diseases [1–
3]. Scientifically, the analysis of CSIs is an essential step in a
broad range of studies [4–9]. In particular, many studies [10–
14] have shown that the analysis of CSIs is of key importance
when describing and predicting morphological changes in
organs.

In order to use CSIs for medical examination, reliable
methods for determining the anatomical coordinate system,

the anatomical landmarks and their relationship are required.
Since 1750 when Euler first discovered and defined principal
axes of inertia (PAI), it has been used to establish a body coor-
dinate system for differentmethods [15–21]. Recently, PAI has
been used to define an automated patient-specific anatomical
coordinate system for the distal femur and proximal tibia
[22], to characterize the geometry of the carpal bones [23],
to investigate the rotational variations of temporomandibular
joint trajectories [24], tomeasure the anisotropy ofmandible’s
trabecular bone [25], and to calculate the bone stresses
adjacent to dental implants [26].

Despite such a widespread use of CSI, the approach,
as practiced today, has critical limitations. For example, a
recent analysis of 117,348 imaging orders from 3340 clinicians
showed that computerized decision-support systems failed
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Table 1: Basic information for the first metatarsal.

Participant Volumea Areab Positionc 1st rotationd 2nd rotationd(1) 12,359.49 3,674.19 (187.82, 90.35, 162.21) (38.80, −15.84, −3.13) (−0.02, 0.00, 0.00)(2) 15,135.75 4,156.17 (194.25, 105.35, −185.41) (25.21, −25.58, −10.52) (−0.15, 0.03, 0.00)(3) 12,517.31 3,732.70 (224.86, 108.32, −215.00) (−42.04, 4.98, 22.07) (1.63, −30.84, −0.02)∗(4) 16,644.79 4,409.09 (183.93, 101.91, −191.81) (36.60, −37.49, 0.07) (−0.05, 0.00, 0.00)(5) 17,006.04 4,523.55 (208.98, 107.08, −208.79) (30.06, −23.61, −0.57) (−0.01, 0.00, 0.00)(6) 18,133.94 4,591.07 (228.24, 103.84, −200.65) (43.94, −13.99, −15.57) (−0.11, 0.03, 0.00)
amm3, bmm2, cmm, and ddeg. ∗The 3rd rotation was (0.01, 0.00, 0.00).

in two out of three cases to match selected MRI, CT,
and nuclear-medicine based imaging procedures with the
appropriate criteria [27]. If we directly use the CSIs obtained
in different scanning session, the resulting diagnosis may not
be reliable because it is very difficult for patients to maintain
the same position, even with the help of the stereotactic
frames. Also, scans are often taken with the participants
positioned in the standard anatomical posture, but when the
interval between two scans is long, reproducing the patient’s
previous posture is near-impossible. Moreover, other factors
such as different radiographers, different CT scanner systems,
physical changes of the participant, and even breathing can all
make it difficult to resume the identical posture [28, 29].

Although the analysis of CSIs using anatomical coor-
dinate system based on PAI and center of mass (COM)
determination has been remarkably employed, a solution to
the problem of matching cross-sectional planes extracted
from “virtual organs” reconstructed during separate scanning
section is not reported in the literature [30–34]. A virtual
organ is composed of a finite number of volume elements
and its morphology and structure can be expressed through
the geometric relationships between these volume elements.
Cutting such a virtual organ requires relative positioning,
which means that a body coordinate system needs to be
established. When we tried to improve the accuracy and
precision of an PAI oriented CSIs analysis, we utilized the
PAI as the body coordinates of a 3D organ image and faced
a new problem: since the multiplication of transformation
matrices operating on a matrix (the coordinates of a point
written as a column/row matrix) was not commutative [35],
the iteration times to calculate the PAIwere uncertain or even
unpredictable. For a 2D image, to calculate its COM and PAI,
only one translation and one rotation are needed, but for a 3D
image, the number of iterations was an uncertain value and
consequently required too long processing time.

Bearing in mind all unexplored clinical and technical
aspects of the CSIs analysis in medicine, the specific purpose
of the present paper is to introduce a novel method utilizing
the PAI determination to extract the anatomically identically
positioned CSIs obtained in different patients or obtained
in the same patient during separate scanning sessions. In
addition, we hypothesize that it is possible to construct an

iterative relation during 3D reconstruction of a virtual organ
by setting the control conditions. Specifically, by limiting the
number of iterations, we aim to construct a unique body
coordinate of a 3D organ. Hypothesis has been verified by
reconstructing the CSIs of the first metatarsal bone of six
participants.

2. Methods and Materials

2.1. Subjects and Imaging. The study was approved by the
Ethical Committee of FujianNormalUniversity.Themethods
were carried out in accordance with the approved guidelines.
The participants provided fully informed consent to partici-
pate in this study by signing a written consent form.

Two studies were carried out on the following experimen-
tal groups: (1) the right foot of one healthy male participant
which was scanned twice, with an interval of 19 months
between sessions; (2) the right foot of five healthy male
wrestlers from a provincial sports school.

Before the scan, each participant’s medical history was
reviewed and each of themunderwentX-ray imaging in order
to exclude participants with conditions such as pathological
changes, deformations, or injury of the foot. The feet were
imaged using the CT scanner (Philips/Brilliance 64; KVP)
operated at 120KV. The scanning was conducted along both
foot transects, from top to bottom. Participants were asked
to remain in the standard anatomical position. The basic
morphological features of the participants’ first metatarsals,
their position, and posture during scanning are given in
Table 1.

2.2. Positioning of the Virtual Organ. The position of the
organ’s center of mass (COM) was obtained using the equa-
tions 𝑥𝑐 = ∑𝑛𝑖=1 𝑥𝑖𝜌𝑖Δ𝑉∑𝑛𝑖=1 𝜌𝑖Δ𝑉 ,

𝑦𝑐 = ∑𝑛𝑖=1 𝑦𝑖𝜌𝑖Δ𝑉∑𝑛𝑖=1 𝜌𝑖Δ𝑉 ,
𝑧𝑐 = ∑𝑛𝑖=1 𝑧𝑖𝜌𝑖Δ𝑉∑𝑛𝑖=1 𝜌𝑖Δ𝑉 ,

(1)
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where (𝑥𝑐, 𝑦𝑐, 𝑧𝑐) is the set of coordinates for the organ’s
COM, (𝑥𝑖, 𝑦𝑖, 𝑧𝑖) is the set of coordinates for each volume
element in the CSI, Δ𝑉 is the volume element, 𝜌 is the
density of the volume element, and 𝑛 is the number of volume
elements.

The rotation angle around the 𝑥-axis is
𝛼 = 12arctan( 2∑𝑦𝑜𝑖𝑧𝑜𝑖𝜌𝑖Δ𝑉∑𝑦2𝑜𝑖𝜌𝑖Δ𝑉 − ∑𝑧2𝑜𝑖𝜌𝑖Δ𝑉) , (2)

where ∑𝑦𝑜𝑖𝑧𝑜𝑖𝜌𝑖Δ𝑉 represents the products of inertia rotat-
ing around the𝑥-axis and∑𝑦2𝑜𝑖𝜌𝑖Δ𝑉,∑𝑧2𝑜𝑖𝜌𝑖Δ𝑉 represent the
moments of inertia.

The positional coordinates of the volume elements after a
rotation by an angle 𝛼 around the 𝑥-axis are
(𝑥𝛼𝑖𝑦𝛼𝑖𝑧𝛼𝑖 ) = (

1 0 00 cos (𝛼) − sin (𝛼)0 sin (𝛼) cos (𝛼) )(
𝑥𝑜𝑖𝑦𝑜𝑖 − 𝑦𝑐𝑧𝑜𝑖 − 𝑧𝑐)

+(0𝑦𝑐𝑧𝑐).
(3)

The rotation angle around the 𝑦-axis is
𝛽 = 12arctan( 2∑𝑥𝛼𝑖𝑧𝛼𝑖𝜌𝑖Δ𝑉∑𝑥2𝛼𝑖𝜌𝑖Δ𝑉 − ∑𝑧2𝛼𝑖𝜌𝑖Δ𝑉) , (4)

where ∑𝑥𝛼𝑖𝑧𝛼𝑖𝜌𝑖Δ𝑉 is the product of inertia after rotat-
ing around the 𝑦-axis and ∑𝑥2𝛼𝑖𝜌𝑖Δ𝑉, ∑𝑧2𝛼𝑖𝜌𝑖Δ𝑉 are the
moments of inertia.

The positional coordinates of the volume elements after a
rotation by an angle 𝛽 around the 𝑦-axis are
(𝑥𝛽𝑖𝑦𝛽𝑖𝑧𝛽𝑖) = (

cos (𝛽) 0 sin (𝛽)0 1 0− sin (𝛽) 0 cos (𝛽))(
𝑥𝛼𝑖 − 𝑥𝑐𝑦𝛼𝑖𝑧𝛼𝑖 − 𝑧𝑐)

+(𝑥𝑐0𝑧𝑐),
(5)

where (𝑥𝛼𝑖 , 𝑦𝛼𝑖 , 𝑧𝛼𝑖 ) is defined as in (4).
The rotation angle around the 𝑧-axis is
𝛾 = 12arctan( 2∑𝑥𝛽𝑖𝑦𝛽𝑖𝜌𝑖Δ𝑉∑𝑥2

𝛽𝑖
𝜌𝑖Δ𝑉 − ∑𝑦2𝛽𝑖𝜌𝑖Δ𝑉) , (6)

where ∑𝑥𝛼𝑖𝑧𝛼𝑖𝜌𝑖Δ𝑉 represents the products of inertia rotat-
ing around the 𝑧-axis and ∑𝑥2𝛼𝑖𝜌𝑖Δ𝑉, ∑𝑧2𝛼𝑖𝜌𝑖Δ𝑉 are the
moments of inertia.

The positional coordinates of the volume elements after a
rotation by angle 𝛾 around the 𝑧-axis are
(𝑥𝛾𝑖𝑦𝛾𝑖𝑧𝛾𝑖) = (

cos (𝛾) − sin (𝛾) 0
sin (𝛾) cos (𝛾) 00 0 1)(

𝑥𝛽𝑖 − 𝑥𝑐𝑦𝛽𝑖 − 𝑦𝑐𝑧𝛽𝑖 )
+(𝑥𝑐𝑦𝑐0) ,

(7)

where (𝑥𝛽𝑖 , 𝑦𝛽𝑖 , 𝑧𝛽𝑖 ) is defined as in (5).
Processing according to (2)–(7) was performed itera-

tively. The process was completed when and only when 𝛼 =0, 𝛽 = 0, 𝛾 = 0 (usual error margin 0.001). Since the PAI
have no direction (whereas the coordinate axis does have
one), the organ’s posture varies after it has been positioned.
We took the standard anatomical posture as a starting point.
For instance, when the anteroposterior position of the foot
was reversed after being positioned, we flipped the canvas
horizontally by 180∘ in the vertical direction.

2.3. Reconstructing a Virtual Organ. The reconstructed CSI is
isotropic:

𝑥𝑖 = Round(((𝑥𝑖 − 𝑥𝑐)𝑅 , 0)𝑅) ,
𝑦𝑖 = Round(((𝑦𝑖 − 𝑦𝑐)𝑅 , 0)𝑅) ,
𝑧𝑖 = Round(((𝑧𝑖 − 𝑧𝑐)𝑅 , 0)𝑅) ,

(8)

where 𝑅 represents the CSI resolution (in this case, 0.5mm;
the logical slice distance is 0.45mm, but to ensure recon-
struction quality, we chose a greater resolution), (𝑥𝑖 , 𝑦𝑖 , 𝑧𝑖 )
is the set of coordinates of the reconstructed (𝑥𝑖, 𝑦𝑖, 𝑧𝑖), and(𝑥𝑖, 𝑦𝑖, 𝑧𝑖) and (𝑥𝑐, 𝑦𝑐, 𝑧𝑐) are defined as in (1).

For CSIs along one axis, we obtain along the horizontal
axis

𝑥𝑖 = {{{𝑥𝑖 𝑝 + Δ > 𝑥𝑖 > 𝑝 − Δ
space other

𝑦𝑖 = {{{𝑦𝑖 other

space 𝑥𝑖 = space
𝑧𝑖 = {{{𝑧𝑖 other

space 𝑥𝑖 = space,
(9)
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along the frontal axis

𝑥𝑖 = {{{𝑥𝑖 other

space 𝑦𝑖 = space
𝑦𝑖 = {{{𝑦𝑖 𝑝 + Δ > 𝑦𝑖 > 𝑝 − Δ

space other

𝑧𝑖 = {{{𝑧𝑖 other

space 𝑦𝑖 = space,
(10)

and along the vertical axis

𝑥𝑖 = {{{𝑥𝑖 other

space 𝑧𝑖 = space
𝑦𝑖 = {{{𝑦𝑖 other

space 𝑧𝑖 = space
𝑧𝑖 = {{{𝑧𝑖 𝑝 + Δ > 𝑧𝑖 > 𝑝 − Δ

space other.
(11)

In (9)–(11), 𝑝 denotes a point on an axis, with 𝑝 ∈(0, ±𝑅, ±2𝑅, . . .). (𝑥𝑖 , 𝑦𝑖 , 𝑧𝑖 ), (𝑥𝑖, 𝑦𝑖, 𝑧𝑖) and 𝑅 are defined as
in (8) and 0 < Δ < (1/2)𝑅. These equations are used to
reconstruct cross sections along a chosen axis.

3. Results and Discussion

Deductive reasoning shows that asymmetrically shaped and
anisotropically distributed objects, such as human organs
[36], have unique body coordinates [37]. The key issue in
our study was to test whether the original morphology and
structure of an organwill be preserved after it is reconstructed
based on its unique body coordinates. Collectively, observed
lines of evidence suggest that the proposed method utilizing
PAI oriented 3D virtual organ reconstructions has a consider-
able potential to match CSIs obtained at different time points
or from different participants.

In this section, we use the term “standardization” to refer
to establishing a coordinate system based on the organ’s PAI
and to subsequently setting the organ’s COM as the origin
of the coordinate system. As can be seen in Figures 1(a) and
1(b), the participant’s position and posture were significantly
different in the two scans. Based on the body coordinate
system created according to the PAI of the virtual organ,
we reconstructed the two scan CSIs of the metatarsal along
the same axis (Figure 1(c)). The ability to perform such an
operation is of significant importance for clinical practice,
as with our method clinicians can accurately position the
lesions and observe changes therein for the same cross section
plane, even if the images were obtained in different scanning
sessions. This enables a more direct comparison, potentially
resulting in a more precise and effective diagnosis as changes

can be detected unambiguously when the same location has
been scanned multiple times. Our method might therefore
lead to a reliable predictor in clinical diagnosis, where the
visualization of the organ body coordinate system can enable
a qualitative diagnostic analysis of CSIs taken for observed
organ with improved quality and reliability.

Going beyond enabling a more direct comparison
between two images, our method opens up a route to
create an average CSI over several images. Namely, a virtual
organ consists of a finite number of cross sections, which
means that modelling of an average organ should start from
average CSIs. To this end, a second part of the current
research was conducted to analyse CSIs dataset of the feet
of six volunteers. The first metatarsals of their left foot were
selected for standardization. After positioning, the CSIs were
merged (Figure 2). Evidently, the positions and postures of
the first metatarsals are different among the participants, as
are the morphology and structure for each individual bone
(Figure 2(b)). Clinically, numerous indices of healthy people
are considered as diagnostic standards (e.g., temperature,
body mass index, blood pressure, and bone mineral density)
[38]. This is also true for CSIs. It is therefore necessary
to model an average CSI based on differences between
individuals and on the requirements for a diagnosis. After
the length and width vertical to the principal axes of a CSI
were rated by percentages, three average cross sections of the
first metatarsal from the six volunteers were calculated (Fig-
ure 2(c)).This figure shows that an average cross section of the
same organ from different participants can be reconstructed.
In practice, an attempt to compare the CSIs of an organ
from different patients may lead to the misinterpretation of
the radiological findings if the extreme differences between
the same structures from different patients exist. However,
proposed approach provides the promising opportunities to
standardize the protocols for the radiological examinations
and compare the outcomes observed at different time points
as well as the results obtained in different studies. It is justified
to assume that although the variations exist, it is possible
for precisely defined CSI to determine average anatomical
outcomes. Furthermore, it is also reasonable to stipulate that
significant differences could be observed at the same CSI if
healing or pathological processes between two time points
take place which can influence the correct PAI establishment.
Thus, for pathological process the whole organ or sometimes
even surrounding anatomical structures should be taken into
consideration during 3D reconstruction.

When the scanning axis of the equipment is fixed, the
same holds true for the coordinate system of the scanning
area. The body coordinate system of an organ is then deter-
mined by the position and posture of the participant when
being scanned. At present, attempts are made to immobilise
patients reproducibly in fixed position by using stereotactic
frames [39]. An ideal approach is to develop a method for
constructing a body coordinate system regardless of scanning
posture or cutting axis. Our study offers such a method.
We reconstructed CSIs of the first metatarsal along any axis
(see supplementary animation file (available here)), offering
a direct example to illustrate the power of our approach.
After the organ is reconstructed based on its unique body
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1st scan

2nd scan
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(a)
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Sagittal section
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Horizontal section Coronal section
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Figure 1: Standardized cross section images (CSIs) of the first metatarsal of the right foot. (a) Standardized body coordinate system of the first
metatarsal. (b) Center of mass (COM) on the coronal, horizontal, and sagittal plane before positioning. (c) COM on the coronal, horizontal,
and sagittal plane after positioning. Equation (1) is used to calculate the COM of the metatarsal. Equations (9)–(11) are used to establish the
three sections of the scanned posture (with the COMof the metatarsal on the planes); see panel (a). Equation (1) is used to calculate the COM
of the metatarsal and (2)–(7) are applied successively to position the metatarsal; (8) is used to reconstruct the CSIs (panel (b)), while (9)–(11)
are used to establish the three sections after they are positioned (with the COM of the metatarsal on the planes); see panel (c). After the first
scan, positioning of the first metatarsal was completed in two iterations, first by rotating about the 𝑥-, 𝑦- and 𝑧-axes by 34.25, −10.31, and 22.48
degrees, respectively, and then by 0.09, 0.03, and 0.00 degrees, respectively. Also, after the second scan, positioning of the first metatarsal was
completed in two iterations, by rotating about the 𝑥-, 𝑦- and 𝑧-axes first by 38.34, 14.92, and 5.86 degrees, respectively, and then by −0.04,
0.00, and 0.00 degrees, respectively. The COM of the first metatarsal was 69.55, 150.48, and −111.94mm, in the first scan and 70.30, 91.72, and−168.04mm in the second scan. The origin of the coordinate system was set at the organ’s COM.

coordinates, its original morphology will be retained, as well
as its structure. The CSIs along arbitrary axes reflects the
structure of an organ from different angles and different
positions. Using the present method, the body coordinates
can rotate on the organ, so that we can observe cutting
or scanning section along arbitrary axes, as a virtual organ
retains its geometric invariance through processes such as
rotation or translation [40].

The results showed that when we utilized the COM and
three PAI of a 3D organ as its body coordinate, we could suc-
cessfully register images from the same participant’s different
times’ scans or from the same organ of different participants,
suggesting that an average CSI can best serve for medical
education. The invariation of an organ to its coordinate
transformation can be verified by Target Registration Error
tests, with an accuracy of submillimeter.

To calculate the PAI of an organ, we need to extract the
organ (from each cross section). This work is done man-
ually, which might affect its reproducibility, and represents
a limitation of this study. When reconstructing the pixels
that comprise an organ, the rotation may lead to some “free
points,” which do not belong to section 𝑖, section 𝑖 − 1,
or section 𝑖 + 1. We will investigate how to identify and
determine these “free points” in future work.

The clinical significance of presented approach lies in
the fact that after one scan session, a clinician can study
the morphology and structure of a lesion using CSIs along
arbitrary axes. Clinician can follow over time morphological
and structural changes in the same plane of a lesion, using
different scans from the same patient. In this way, the rate
of misdiagnoses related to CSI will be reduced. The CSIs
are from the same position and posture, and the errors are
controlled within submillimeter distance. In addition, it is
believed that proposedmethod can be potentially used for the
customization of orthopaedic prosthesis. For example, after
positioning and mirroring the uninjured side of an organ, we
can design and develop prosthesis for the injured side. This
prosthesis is the closest in properties to the uninjured side,
and we may call it specially custom-made for the individual.
Again, it has been demonstrated that the presented method
has a potential to overcome a critical hurdle of not-cutting
principal axes in defected virtual organ of injured side.

4. Conclusions

In summary, we demonstrated that the construction of
human virtual organs by stacking CSI scan enables their
positioning independent of the scanning or cutting axis. In
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Cross-sectional 3D view
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Horizontal section
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Figure 2: Merging of the cross section images of the first metatarsals of the left foot. (a) Standardized body coordinate system of the first
metatarsal of the left foot. (b) Standardized geometry of the first metatarsal of the left foot. (c) Center of mass on coronal, horizontal, and
sagittal planes after the CSIs were merged. The processing method is the same as that of the first metatarsal in Figure 1.

this manner, the unique body coordinates of an organ are
established based on their PAI. As a result, CSI reconstruction
along arbitrary axes of the organ’s body coordinates becomes
a reality. Clinically, this method can be widely applied to
observe CSIs from multiple scans in the same position and
posture and consequently avoid radiological misdiagnosis.
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Plastic deformations, such as those obtained by shot peening on specimen surface, are an efficient way to improve the mechanical
behavior of metals. Generally, scanning electron microscopy (SEM) and electron backscattered diffraction (EBSD) are commonly
used to observe the complexmicrostructural evolutions, such as grain refinement and phase transformation, induced by the surface
treatment. In this work, the microstructure of 347 stainless steel, after ultrasonic shot peening (USP) treatments, was investigated.
SEM, EBSD, transmission electron microscopy, and X-ray diffraction were used to observe the microstructural evolutions, such as
grain refinement and phase transformation.Deformation depth after theUSP treatmentwas about 200 𝜇m.Grain size on the treated
surface layer was about 100 nm, with two phases: austenite and 𝛼-martensite. The percentages of the austenite and 𝛼-martensite
phases were 54% and 46%, respectively, which constitute an exact expression of the degree of plastic deformation on austenitic
stainless steel.

1. Introduction

Austenitic 347 stainless steel exhibits extremely good ductility
and is used in applications requiring good formability, such as
the formation of furnace tubes in petrochemical industries,
mainly because of its corrosion resistance and mechanical
strength.This kind of stainless steel is stabilizedwith the addi-
tion of niobium (Nb), thus preventing sensitization-related
corrosion failures as well as operational and maintenance
errors that may result in premature failure [1]. After anneal-
ing, a soft austenitic structure is obtained, which will be con-
verted into𝛼-martensite during subsequent operations, such
as cold working and refrigeration treatments. These steels
exhibit a good combination of formability, strength, ductility,
and corrosion resistance,whichmakes themcompetitivewith
other high strength steels and alloys [2].

The refinement of coarse grains ofmetals and alloys to low
dimensions (∼100 nm) could improve the mechanical prop-
erties of the resulting material [3, 4]. Great efforts have been

made to refine coarse grains to nanocrystals using strain-
induced grain refinement techniques, including shot peening.
Ultrasonic shot peening (USP) was applied to enhance the
surface properties of metallic parts, by inducing phase trans-
formation, microstructural refinement, and even nanocrys-
tallization, due to the high-strain rate introduced by high-
energy ultrasonic vibration [5–7]. The mechanical properties
of steels with low-stacking fault energy, such as austenitic
347 stainless steel, are significantly affected by strain-induced
grain refinement and phase transformation. However the
degree of plastic deformation on austenitic stainless steel is
not clear in previous study. Nevertheless, in this study, this
surface treatment induced complex microstructural evolu-
tions such as grain refinement and phase transformation,
with an exact percentage of the austenite and 𝛼-martensite
phases during deformation, which is an expression of the
degree of plastic deformation on austenitic stainless steel.
In this paper, we try to introduce the application of EBSD
techniques to the surface modification of stainless steel upon
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(a) (b)

Figure 1: Surface scanning electron microscopy images of (a) untreated and (b) ultrasonic shot peening treated specimens.

shot peening.The relationship of processing-microstructure-
property was extensively introduced in previous studies.

2. Materials and Methods

Materials used in this work are a commercial 347 stainless
steel with the chemical composition beingC∼ 0.072, Si∼ 0.32,
Mn ∼ 1.99, P ∼ 0.03, S ∼ 0.012, Ni ∼ 10.1, Cr ∼ 18.02, and Nb ∼
0.97 (wt.%). The USP equipment was previously described
[5]. Before the treatment, the plate surface was ground to
2000-grit with SiC sand paper. The USP treatment lasted
for 5mins and was performed at room temperature, with an
amplitude of 70𝜇m, frequency of 20 kHz, ball size of 1.5mm,
and a peening area of 2800mm2 in themiddle of a plate (110×
30 × 5mm3).

After the USP treatment, analysis of the surface and
cross-sectional region of the specimens was performed using
scanning electron microscopy (SEM), electron backscat-
tered diffraction (EBSD), transmission electron microscopy
(TEM), and X-ray diffraction (XRD). For the SEM and cross-
sectional EBSD measurements, JSM-7800F with Oxford sys-
tem was used on the surface and cross section of the spec-
imen, with a beam step size of 300 nm. High magnification
of the EBSD phase mapping was taken by another EBSD,
with a TSL-OIM system installed in a MIRA II LMH FE-
SEM, which was used in depth beam scanmode, with a beam
step size of 100 nm. TEM measurement was performed on
a Philips CM200, operated at 200 kV. XRD analyses of the
surface layer were performed using a Rigaku SmartLab-9 X-
ray (Japan) diffractometer with Cu K𝛼 radiation, for 1 hour.

The cross-sectional specimens for EBSD analysis were
mechanically polished to 200 𝜇m thickness, followed by elec-
trolytic polishing for 10 s. For the top layer highmagnification
EBSD analysis and top layer TEMobservation, back-thinning
processing was used to prepare the top-most surface layer.
The top treated surface specimens were thinned to 90 𝜇m,
by polishing from the side opposite to the treated side, and
then a transparent plastic filmwas attached to the treated side
to prevent etching/polishing during electrolytic polishing.
Finally, the TEM specimens were electropolished (Struers

TenuPol-5) at room temperature, with an electrolyte mixture
of 10% perchloric acid and 90% acetic acid.

3. Results and Discussion

Figure 1 shows the surface morphology of (a) untreated
and (b) USP-treated specimens, analyzed by SEM. On the
untreated specimen, scratches are from different directions,
small cracks, and defects seen everywhere; on the USP-
treated specimen, the surface modification during peening
resulted in a denser andmore continuous surface, few defects,
and well smoothness.

The effect of plastic deformation was measured via EBSD
method form cross section and top view side. Figure 2 shows
cross-sectional (a) image quality (IQ) and (b) inverse pole
figure (IPF) maps of the USP-treated specimen. In IQ image,
the twin structures are clearly obvious in the inherent grains.
Because of USP treatment, in the 0∼50 𝜇m depth from the
surface, very high-density deformation structures become
apparent, and most of them were impossible to read, because
the grain size was smaller than the limit of detection (step size
of EBSD mapping about 300 nm). High-density deformed
slip band structures are obvious in inherent grains in 50∼
100 𝜇m depth from the surface, whereas low-density slips,
with low angle grain boundaries, can be observed in 100∼
200𝜇m depth from the surface. The misorientation statistics
decrease upon the depth goes down until the out-off effect
depth, aswell as before plastic deformationmatrix. According
to a preliminary study, the black dots in the matrix are NbC
orM
23
C
6
particles which are not read during EBSDmapping

[8].
Figure 3(a) was taken as high magnification of the EBSD

phase mapping method, with a TSL-OIM system installed
in a MIRA II LMH FE-SEM, which was used in depth
beam scan mode, with a beam step size of 100 nm. The
TSL-OIM system can auto-define two phases and give the
percentage.The red color indicates the austenite phase, which
is a face-centered cubic lattice; green color indicates the 𝛼-
martensite phase, with body-centered cubic lattice.The grain
refinement is obvious, as the two phases maxed each other
and grain size was smaller than 100 nm. The percentages of
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Figure 2: Cross-sectional electron backscatter diffraction (a) image quality and (b) inverse pole figure maps of the ultrasonic shot peening
treated specimen.
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Figure 3: Top-most layer (a) electron backscatter diffraction phase mapping, (b) transmission electron microscopy image, and (c)
corresponding selected area diffraction pattern on the top-most layer of the ultrasonic shot peening treated specimen.

the austenite and 𝛼-martensite phases were 54% and 46%,
respectively, which are an exact expression of the degree of
plastic deformation. Before deformation, the steel matrix was
mostly austenite, and the strain caused phase transformation
to 𝛼-martensite during deformation; therefore the increase
in the percentage of second phase is closely related to the
degree of deformation, which means that the percentages of

the two phases are an exact expression of the degree of plastic
deformation on austenitic stainless steels.

Figure 3(b) is a TEM bright field image of the top-most
layer of the USP-treated specimen. The refined grains mea-
sured about 100 nm, indicating that theUSP treatment caused
the nanocrystallization of 347 stainless steel. Figure 3(c)
is the corresponding selected area diffraction pattern on
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Figure 4: X-ray diffraction profiles of ultrasonic shot peening treat-
ed specimen.

the top-most layer of the specimen. The ring-like pattern
indicates the presence of nanocrystals in this layer, and the
two phases of austenite and 𝛼-martensite are also clearly
obvious (Figure 3(c)). To reconfirm the two-phase structure,
XRD analysis was performed on the surface of the USP-
treated specimen, and the resulting XRD profiles are shown
in Figure 4. The austenite and 𝛼-martensite phase peaks are
clearly obvious in the XRD profile. However, in this XRD
profile analysis, it is difficult to determine the actual percent-
ages of the two phases. In this work, the XRD analysis was
used as a qualitative analysis, but the EBSD techniques can
be a quantitative analysis.

It is difficult to measure the degree of plastic deformation
of various alloys or steels by simple testing. Existing research
methods include using stress, microhardness, and grain size
to characterize the deformation [9–11]. In this study, the
EBSD technique can define the depth and phase percentages
of austenitic 347 stainless steel (Figures 2 and 3). The quanti-
tative analysis has important manufacture significance in
industrial production. High magnification EBSD phase map-
ping is an efficient way of determining the percentages of the
austenite and 𝛼-martensite phases, as shown in this study
(54% and 46%, respectively). However, this technique is
only appropriate for austenitic steels and for certain strain-
induced phase transformation alloys. Furthermore, the per-
centages of the phases are not the only scale plate to measure
deformation. Microstructure deformations including dis-
location formation, dislocation density change, grain refine-
ment, twins, and slips, which are not appropriate for EBSD
phasemapping. Even though the EBSD technique can exactly
express the degree of plastic deformation in the case of aus-
tenitic stainless steel, a rationalmethod needs to be developed
for the comprehensive evaluation of plastic deformations in
other metals or alloys.

4. Conclusions

In this study, austenitic 347 stainless steel was USP-treated
and investigated by SEM, EBSD, TEM, and XRD. The

microstructure evolutions are obvious as grain refinement
and phase transformation. EBSD analysis was taken from
cross section and top view side. The deformation structures
become obvious at about 200𝜇m depth after USP treatment,
and grain size on the treated surface layer was about 100 nm,
with two phases: austenite and 𝛼-martensite. The percent-
ages of the austenite and 𝛼-martensite phases were 54% and
46%, respectively, which are exactly expressing the degree of
plastic deformation.
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The in situ SiC/Al composites were fabricated in Al-Si-C systems with different Si/C mass ratios and holding time by the method
of combustion synthesis and hot press consolidation.The influences of Si/C mass ratio and holding time on the phase constitution,
microstructure, and hardness of the composites were investigated. The results indicate that the increase of Si/C mass ratio leads
to more uniform size distribution of the SiC particles in the Al matrix. Moreover, by improving the Si/C mass ratio from 4 : 1 to
5 : 1, the maximum size of SiC particle was reduced from 4.1 𝜇m to 2.0 𝜇m. Meanwhile, the percentage of submicroparticles was
increased from 22% to 63%, and the average hardness value of the composites was increased by 13%. In addition, when the holding
time is set to be fifteen minutes, the Al4C3 phase did not exist in the composites because of its total reactions with Si atoms to form
SiC particles, and the average hardness value was 73.8HB.

1. Introduction

The SiC reinforced aluminum matrix (SiC/Al) composites
have become very promising materials in the fields of semi-
conductor packaging, automobile, and aeronautics industry
due to their high thermal conductivity and low coefficient
of thermal expansion, lightweight, high strength, and wear-
resistance [1–5]. For example, the SiC/Al composites which
we fabricated in this work can be used for engine piston and
heat sink [6, 7]. Therefore, the SiC/Al composites are actively
investigated in an effort to improve their comprehensive
properties [8, 9].

In recent years, several methods have been applied to
fabricate the SiC/Al composites, such as stir casting [10–
12], hot pressing sintering [2, 13], powder metallurgy [8],
liquid pressing process [14], high pressure solidification [15],
and squeeze-cast [16]. Nevertheless, in these methods the

reinforcing SiC particles are usually directly added to Al
matrix to form ex situ SiC/Al composites. The ex situ SiC/Al
composites have several inherent disadvantages [17–19]: (I)
the reinforcing SiC particles is difficult to be uniformly
dispersed into the Al matrix; (II) during the incorporation
of particles, interfaces between SiC and Al matrix are easy
to be contaminated. In addition, cracks could appear in the
interfaces due to the formation of thin oxide layers on the
surfaces of the particles. To overcome these drawbacks stated
above, the research on Almatrix composites is moving in two
directions: one is metallic glasses replaced by typical ceramic
particles reinforcements [20–22]; the other is in situ methods
replaced by traditional ex situ methods.

Compared to the ex situ methods, in the in situ meth-
ods the reinforcement is synthesized through a chemical
reaction among the pristine elemental materials themselves
in the matrix [23, 24]. Therefore, the interfaces between
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Table 1: Characteristics of the raw materials used in experiment.

Raw materials Purity (wt.%) Particle size Morphology Production units
Al ≥99.7 <48 𝜇mmesh Spherical particles

Shanghai ST-Nano Science and Technology Co., Ltd.Si ≥99.9 <48 𝜇mmesh Irregularly shaped particles
C-black ≥99.9 100 ± 20 nm Spherical particles

reinforcement and matrix are very clean, and the bonding
strength is strong. At the same time, the reinforcing particles
formed by the in situ method are finer in size and uniformly
distributed into the matrix [25, 26]. Nie et al. [27] fabricated
the in situ SiC/Al composites by the structural evolution of
TiC in Al-Si melt. They reported that the synthesis of the
SiC particles occurred via the gradual reaction between the
TiC and the Si atoms, and the needle-like TiAl𝑥Si𝑦 phase
simultaneously is formed. The needle-like TiAl𝑥Si𝑦 phase
plays a detrimental role in the mechanical properties of the
composites. Du et al. fabricated the in situ SiC/Al composites
by liquid-solid reaction [28] andmaster alloy casting method
[6, 29], respectively. They reported that the formation of SiC
particles was attributed to the reaction between dissolved Si
atoms and Al4C3 intermediate phase, which indicates that
the fabrication of in situ SiC/Al composites through gradual
phase transformation mechanism was feasible. However, the
formation process of the in situ SiC particles is reversible if
the intermediate phase Al4C3 is as carbon source. Therefore,
different reaction conditions will significantly impact on
the synthesis reaction. Meanwhile, the effects of Si/C ratio
and holding time on the fabrication of the in situ SiC/Al
composites have not been involved in previous work. Besides,
to our knowledge, the method of the combustion synthesis
and hot press consolidation is another effective way for
the fabrication of in situ composites [30–32]. This method
takes advantage of low energy requirement, one step forming
process, density, and high purity of the products.

Thus, the objectives of the present work are to fabricate
the in situ SiC/Al composites in an Al-C-Si system using
the method of the combustion synthesis and hot press
consolidation. Meanwhile, the effects of Si/C mass ratio and
holding time on the phase constitution, microstructure, and
hardness of the in situ SiC/Al composites were investigated.

2. Experiment

In this work, commercial Al powders, Si powders, and C-
black powders were used for making the powder blends. The
detailed information of the raw materials is given in Table 1.
The SEM images and particle size distribution are shown in
Figure 1.

The detailed fabrication process procedure is shown as
follows: First, Al powders and carbon powders were mixed
with different Si/C mass ratio (as shown in Table 2). The
dispersion method was a dry process using ball milling.
The mixtures of powders were sealed into a 500mL volume
zirconia jar together with ZrO2 milling balls (ball to powder
mass ratio of 10). The jar was aerated with argon gas to
protect the powder from excessive oxidation.Themilling was

Table 2: Weight of the raw materials with different Si/C mass ratio
used in the fabrication procedure.

Si/C mass ratio Al Si C
4 : 1 75 g 20 g 5 g
5 : 1 70 g 25 g 5 g
6 : 1 65 g 30 g 5 g

carried out on a roller ball milling machine at 35 rpm for
8 h. Second, the mixtures were cold pressed into cylindrical
compacts with the diameter of 28mm and height of 30mm.
Third, the powder compact was contained in a graphite
mold. And the graphite mold with powder compact was
put in a self-made vacuum thermal explosion furnace as
illustrated in Figure 2, in which the combustion synthesis and
hot press consolidation experiment was conducted. During
this process, the temperature was monitored by W5-Re26
thermocouples and the heating rate was 20∘C/min. The
furnace temperature was set to 950∘C, and after different
holding time, the pressure of 30MPa was applied. Finally, the
compact was cooled inside the furnace to room temperature.
Notice that the compact was heated and cooled in a vacuum
environment (≤5 × 10−2 Pa).

The phase constitution of the samples was investigated
by X-ray diffraction (XRD, Model D/Max 2500PC, Rigaku,
Tokyo, Japan) withCuK𝛼 (𝜆 = 0.154 nm) radiation.The sam-
ples were firstly mechanical ground, then polished down to a
diamondfinish of 1.5𝜇m, and then etched in a hybrid solution
of 5%HCl and 95%ethanol at room temperature for 5 s for the
microstructural observations.Themorphology was observed
by scanning electron microscopy (SEM, Model Evo18 Carl
Zeiss, Oberkochen, Germany). The size measurement and
distribution statistics of SiC particle were performed with the
Nano Measurer software. The hardness tests were conducted
on a XHB-3000 digital Brinell hardness tester according to
the ASTM E10-14 standard.

3. Results and Discussion

3.1. Fabrication of In Situ SiC/Al Composites. The in situ
SiC/Al composite was firstly fabricated in an Al-Si-C system
with the Si/C mass ratio of 5 : 1 at 950∘C and holding time
for 15min. Figure 3 shows the XRD pattern of the fabricated
SiC/Al composite. It can be seen that the in situ SiC/Al
composite was successfully fabricated and no Al4C3 phase
existed in the composite. Figure 4(a) shows the SEM images
of the etched surfaces of the fabricated SiC/Al composite.
It can be observed that a large quantity of irregular blocky-
shaped particles is distributed in the Al matrix. By the EDS
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Figure 1: The SEM images of (a) Al, (b) Si, and (c) C (provided by Shanghai ST-Nano Science and Technology Co., Ltd.); particle size
distribution of (d) Al, (e) Si, and (f) C.
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Figure 2: Schematic of the equipment for the combustion synthesis and hot press consolidation experiment.

analysis of the content of Si and C elements in (Figure 4(b)),
the irregular blocky-shaped particles are identified as SiC.
According to Du et al. reports [28], it can be known that the
formation of SiC is achieved via the replacement reaction of
Si and Al4C3. Hence the obtained SiC particles are liable to
inheritmorphological characteristics of the reactant ofAl4C3.
Figures 4(c)–4(f) show the element mapping of the SiC/Al
composite. It can be seen that there are bulk crystal Si and
SiC particles, and they are nearly uniformly distributed in

the Al matrix. Meanwhile, a little amount of oxygen can be
found, because the raw materials contained trace amounts
of oxygen. Finally, the above results indicate that the pure
SiC/Al composites are synthesized by in situmethod at 950∘C
and holding time for 15min by combustion synthesis and hot
press consolidation.

3.2. Effect of the Si/C Mass Ratio. In order to investigate
the effect of Si/C mass ratio on the phase constitution and
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Figure 3: XRD pattern of the SiC/Al composites with Si/C mass ratio of 5 : 1.

microstructure of the in situ SiC/Al composites, the SiC/Al
composites with different the Si/Cmass ratio were fabricated.

Figure 5 shows theXRDpatterns of the SiC/Al composites
with different Si/C mass ratio (4 : 1, 5 : 1, and 6 : 1). It can
be seen that the main phases are Al, Si, and SiC in these
samples. The peak intensity of the SiC phase is enhanced
with increasing of the Si/C mass ratio. Figure 6 shows the
SEM images of etched surfaces of the SiC/Al composites with
different Si/C mass ratios. It clearly reveals that the irregular
blocky-shaped SiC particles are formed in these samples.
Nevertheless, the amount of SiC particles increases and the
size decreases with the increase of Si/C mass ratio.

Figure 7 shows the corresponding size distribution of the
in situ synthesized SiC particles in the tested samples. As
shown in Figure 7(a), the maximum and average value of
the SiC particles size in the composites with the Si/C mass
ratio of 4 : 1 are about 4.1 𝜇m and 1.6 𝜇m, respectively, and
the percentage of the submicroparticle is about 22% in total.
As shown in Figure 7(b), when the Si/C mass ratio is 5 : 1,
the maximum and average value of the SiC particles size
are reduced to be 2.0 𝜇m and 1 𝜇m, respectively. Meanwhile,
the percentage of submicroparticles increases to about 63%.
As shown in Figure 7(c), when the Si/C mass ratio is 6 : 1,
the maximum and average value of the SiC particle size are
reduced to be 1.9 𝜇mand 0.9 𝜇m, respectively.The percentage
of submicroparticles increases up to about 66%. The results
indicate that the increase of the Si/Cmass ratio can reduce the
size of the SiC particles and lead tomore uniformdistribution
of the particle size. Particularly, when the Si/C mass ratio
increases from 4 : 1 to 5 : 1, the size of SiC particles is reduced
significantly. The reason is that when the concentration of
Si in the system increases, the contact opportunity between
Al4C3 phase and Si atoms increases; consequently SiC nucle-
ation rate increases.The average hardness value of the SiC/Al
composites with different Si/C mass ratio (4 : 1, 5 : 1, 6 : 1) is

65.3HB, 73.8HB, and 75.6HB, respectively. It can be found
that when the percentage of the SiC submicroparticle in
the composites increases from 22% to 63%, the hardness is
increased by 13%.

The above results indicate that the increase of the Si/C
mass ratio is helpful to synthesis of SiC particles. However,
when the remaining Si in Al matrix is much more than the
eutectic composition (12.6%) after in situ synthesized SiC, the
additional Si leads to the rapid reduction of the compactness,
strength, and ductility of the sample [33]. As a result, Si
content is about 12% in research on most Al-Si alloy [34–
36]. Therefore, the Si/C mass ratio of 5 : 1 is considered to be
reasonable for the fabrication of the in situ SiC/Al composites.

3.3. Effect of the Holding Time. The holding time in the
fabrication process of the in situ SiC/Al composites is the
dynamic factor of direct impact on the reaction process;
therefore the SiC/Al composites with the Si/C mass ratio
of 5 : 1 under different holding time (0, 15, 30min) were
fabricated, respectively. Figure 8 shows the XRD patterns of
the SiC/Al composites with different holding time (0, 15, and
30min). It can be seen that the products in the sample with
the holding time of 15min are mainly Al, Si, and SiC phases,
shown in Figure 8(b). Meanwhile, the Al4C3 phases appear
in the sample without holding and with the holding time of
30min as shown in Figure 8((a) and (c)).

In the Al-Si-C systems, the synthesis reaction of SiC
is mainly limited by the diffusion of Si atoms. If without
holding in the fabrication, the first generated Al4C3 phases
have not enough time to react completely with Si atoms.
Meanwhile, when the holding time is extended to 30min,
the Si concentration in the system is decreased with the
continual reaction between Al4C3 and Si atoms. The above
two factors will lead the remaining of Al4C3 phases to appear
in composites.
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Figure 4: (a) SEM images of the etched surfaces of the SiC/Al composites with Si/C mass ratio of 5 : 1, (b) EDS analysis of the SiC particle as
indicated in (a), and element mappings of (c) Al, (d) O, (e) Si, and (f) C.

Figure 9 shows the SEM images of etched surfaces of
the SiC/Al composites with different holding time (0, 15,
and 30min). It can be seen that the in situ SiC particles
with the irregular blocky-shape formed in the three samples.
Nevertheless, SiC particles are few when the holding time is
0min. With the holding time of 15min, the amount of SiC
particles is increased. Meanwhile, with further increase of
the holding time (30min), the amount of the SiC particles
has no obvious changes. Figure 10 shows the corresponding
size distribution of the in situ synthesized SiC particles in

the tested samples under different holding times. It can be
seen that holding times had no discernible effect on the SiC
particles size. Nevertheless, the average hardness value of the
SiC/Al composites with different holding time (0min, 15min,
and 30min) is measured to be 58.5HB, 73.8HB, and 71.6HB,
respectively. It can be found that when holding time is 15min
the composites have the largest hardness value. Particularly,
if there is no holding time during fabrication process, the
hardness value of the SiC/Al composites is decreased by 21%
because the SiC particles are few in this sample.



6 Scanning

20 30 40 50 60 70 80

(c)

(a)

(b)In
te

ns
ity

 (a
.u

)

2 (degree)

Al
SiC
Si

Figure 5: XRD patterns of the SiC/Al composites with different Si/C mass ratio: (a) Si/C mass ratio = 4 : 1, (b) Si/C mass ratio = 5 : 1, and (c)
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Figure 6: SEM images of the etched surfaces of the SiC/Al composites with different Si/Cmass ratios: (a) Si/Cmass ratio = 4 : 1, (b) Si/Cmass
ratio = 5 : 1, and (c) Si/C mass ratio = 6 : 1.
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Figure 7: Size distribution of the SiC particles in the SiC/Al composites with different Si/C mass ratios: (a) Si/C mass ratio = 4 : 1, (b) Si/C
mass ratio = 5 : 1, and (c) Si/C mass ratio = 6 : 1.

In general, the Al4C3 phase plays a detrimental role in the
mechanical properties of the composites [37]. Therefore, it is
important to strictly control the residue of Al4C3 phase in the
aluminummatrix composite. According to above results, the
holding time should be chosen as 15min for the fabrication
of in situ SiC/Al composites.

4. Conclusions

In this study, the in situ SiC/Al composites are successfully
fabricated by the method of combustion synthesis and hot
press consolidation. With the increase of the Si/C mass ratio,
the size distribution of SiC particles becomes more uniform.

When the Si/C mass ratio increases from 4 : 1 to 5 : 1, the
maximum size of SiC particles was reduced from 4.1 𝜇m to
2.0 𝜇m. Meanwhile, the percentage of the submicroparticles
was increased from 22% to 63% and the hardness value was
increased by 13%. In addition, without holding and with the
holding time of 30min in the fabrication process of the in situ
SiC/Al composites, the transition phase Al4C3 was residue.
Furthermore if there is no holding time the SiC particles
were few in composites; as a result the average hardness value
was decreased by 21%. When the holding time was set to be
fifteen minutes, the Al4C3 phase totally reacts with Si atoms
to form SiC particles, and the average hardness value was
73.8HB.
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Figure 9: SEM images of the etched surfaces of the SiC/Al composites with different holding times: (a) 0min, (b) 15min, and (c) 30min.
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Figure 10: Size distribution of the SiC particles in the SiC/Al composites with different holding times: (a) 0min, (b) 15min, and (c) 30min.
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We present an image postprocessing framework for Scanning Tunneling Microscope (STM) to reduce the strong spurious
oscillations and scan line noise at fast scan rates and preserve the features, allowing an order of magnitude increase in the scan
rate without upgrading the hardware. The proposed method consists of two steps for large scale images and four steps for atomic
scale images. For large scale images, we first apply for each line an image registration method to align the forward and backward
scans of the same line. In the second step we apply a “rubber band” model which is solved by a novel Constrained Adaptive and
Iterative Filtering Algorithm (CIAFA). The numerical results on measurement from copper(111) surface indicate the processed
images are comparable in accuracy to data obtained with a slow scan rate, but are free of the scan drift error commonly seen in
slow scan data. For atomic scale images, an additional first step to remove line-by-line strong background fluctuations and a fourth
step of replacing the postprocessed image by its ranking map as the final atomic resolution image are required.The resulting image
restores the lattice image that is nearly undetectable in the original fast scan data.

1. Introduction

The invention of the scanning tunneling microscopy (STM)
revolutionized the study of nanoscale and atomic scale
surface structures and properties [1, 2]. However, STM has
rarely been considered a real-time method because of its
slow scanning rate compared to most dynamic processes on
a surface [3]. This has severely limited its application to the
study of most dynamic processes on surfaces such as surface
diffusion, phase transitions, self-assembly phenomena, film
growth and etching, chemical reactions, and conformational
changes of molecules. Raising the scan rate of scanning
probes has been the objective of intense research efforts in
the past decades [3–5], with most of the efforts focused
on hardware improvements. On the other hand, researchers
have also applied other techniques to utilize conventional,
slow scan STM to study dynamic processes. For example,
low-frequency dynamic behavior of a flexible free-standing

graphene sheet has been studied using clever postprocessing
[6].

The common practice for STMmeasurement is by bring-
ing the tip close to the sample surface and applying a voltage
bias to generate a tunnel current between the tip and sample.
The tip is moved across the sample parallel to the surface
(in the 𝑥𝑦 plane). Changes in the surface height 𝑧 or in the
density of states cause a change in the tunneling current. The
change in current with respect to position can be measured
itself, or alternatively the height of the tip corresponding to
a constant current can be measured. These two modes are
called the constant height mode and the constant current
mode, respectively. In the constant current mode, feedback
electronics adjust the height by a voltage to the piezoelectric
height control mechanism. In the constant height mode, the
voltage and height are both held constant while the current
changes to keep the junction voltage from changing. The
constant currentmode is usually used in STMbecause surface
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Figure 1: STM data of a single crystal Cu(111) surface obtained with a fast scan rate (0.1msec per pixel): (a) topography raw data from forward
scan (𝐹𝑜), scan area 80×80 nm2, or effective scanning speed 1.56 𝜇/sec; (b) topography rawdata frombackward scan (𝐵𝑜); (c) atomic resolution
raw data from forward scan, scan area 10 × 10 nm2, or effective scanning speed 195 nm/sec; (d) atomic resolution raw data from backward
scan. Bright streaks are indications of possible tip crashes.

features can easily exceed a predefined tip-sample separation
(typically 4–7 Å) and can crash the tip in a constant height
mode. But the constant current mode is slow, due to more
time required by the piezoelectric movements to register the
height change. The time to complete a measurement for each
pixel position is about 2msec for a typical equipment and
approaches 0.1msec for a top-of-line setup [3–5].

Conventional STM has a limited scanning speed because
of the response time of the electric circuit and the piezo-
electric component used to control the movement of the
probes. The control of the motion of the tip requires an
electric feedback circuit which can generate a resonance at
the frequency of the order of 10 kHz. If the scanning speed
is too fast large noise appears in the image in the form of a
spatial oscillation (Figure 1). However, below a critical scan
rate determined by the resonant frequency, such noise usually
appears differently in the forward scans and the backward

ones. Therefore one can devise an algorithm that exploits
the difference between the forward and backward scans to
eliminate the oscillatory noise in the image, thus allowing
faster scans to be performed.

For atomic resolution images, the error due to a fast
scan rate appears to be large intensity fluctuations between
scan lines, as shown in Figures 1(c) and 1(d). These large
fluctuations are likely caused by “soft” crashes of the tip, an
unavoidable problem when the scan rate is driven faster than
the response rate of the feedback circuit. However, after each
tip crash, the atomic features remain but with a different
background intensity. Thus an effective background removal
procedure is needed before the forward and backward scan
images can be combined to obtain an optimal result.

The effectiveness of the method is demonstrated on
topography data from a single crystal Cu(111) surface. Cu
surface is a prototypical platform for atomic resolution STM
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Figure 2: Comparison of processed topography images of the Cu sample in Figures 1(a) and 1(b): (a) slow scan rate (2msec per pixel) data
averaged over forward and backward scans; (b) processed data using the algorithm presented in this paper from the fast scan rate (0.1msec
per pixel) data shown in Figure 1. Scan drift is clearly visible in (a), appearing as a gradual change in the height (represented by the color) of
a plateau. There is no visible scan drift in (b).

studies on electron scattering [7], nanostructure synthesis
[8, 9], and catalysis behaviors [10]. The faster scanning
will allow revealing dynamic processes on Cu surface, such
as molecular self-assembly [11], surface diffusion [12], and
chemical reaction [13]. We will show that, after processing
using the algorithm presented in this paper, the obtained
topography image from a fast scan rate of 0.1msec per pixel
(effective scanning speed 1.56 𝜇/sec for scan area 80×80 nm2)
nearly matches the quality of the image of the same sample
from a slow scan rate of 2msec per pixel and also eliminates
the scan drift that is apparent in the slow scan image
(Figure 2). For atomic resolution data, our method is able to
greatly improve the accuracy of a slow scan data (Figure 3)
and to recover atomic images (Figure 4) from a fast scan data
with a scan rate also at 0.1msec per pixel (effective scanning
speed 195 nm/sec for scan area 10 × 10 nm2) where the raw
image is overwhelmed by noise and tip crash streaks (see
Figure 1).

The paper is organized as follows: we introduce our
methods of background removal in Section 2.1 and signal
registration in Section 2.2, followed by the proposed sig-
nal restoration method in Section 2.3 and atomic image
extraction method in Section 2.4. The description of the
STM experimental setup, sample preparation, and results of
our method applied on a data set with fast scan speed and
comparison to data with slow scan speed are presented in
Section 3. Concluding remarks are given in Section 4.

2. Method

2.1. Line-by-Line Background Removal. The intensity fluc-
tuation in the atomic resolution images seriously degrades
the image quality and impedes the registration and image
restorationmethod that wewill apply later. Because the image
intensity varies strongly from one scan line to the next, but

stays nearly constant over long segments within each line, this
fluctuation can be treated as a background for each scan line.
Therefore, the first step in processing the atomic resolution
images is to remove this background in a line-by-linemanner.

The forward and the backward scans are represented by
𝐹𝑎 ∈ R𝑚×𝑛 and 𝐵𝑎 ∈ R𝑚×𝑛, respectively. Consider one of the
images, say 𝐹𝑎, whose 𝑖th line is represented by 𝑓 ∈ R1×𝑛.
The background is considered a slow varying function along
the line.We wish to remove the background and keep the fast
varying features. To achieve this, we estimate the value of the
background at point 𝑥, 𝑔𝑥, by a weighted least mean-square
linear fit to a segment of the line centered at 𝑥 with length 𝐿:

min
𝑎𝑥 ,𝑔𝑥

𝑥+𝐿/2

∑
𝑥=𝑥−𝐿/2

𝑓 (𝑥) − 𝑎𝑥 (𝑥 − 𝑥) − 𝑔𝑥
2 𝑤(𝑥 − 𝑥) , (1)

where

𝑤(𝑥 − 𝑥) = 𝐿2
𝐿2 + 4 (𝑥 − 𝑥)2 . (2)

The weight 𝑤(𝑥 − 𝑥) is to reduce the impact of noise in the
data. It is a numerically efficient alternative to robust least
mean-square fits. The corrected image is given by

𝑓 (𝑥) = 𝑓 (𝑥) − 𝑔𝑥, (3)

for each 𝑥. We found numerically∑𝑥 𝑓(𝑥) ≪ ∑𝑥 |𝑓(𝑥)|. This
means that on average the corrected image intensity is close
to zero. This removes most of the background and brings all
lines to about the same intensity (close to zero).

An additional minor improvement to the background
removal process is to remove the small remnant slope at
the two edges by fitting a small part of the line at two ends
to a linear background with slopes of the same magnitude



4 Scanning

1.8 Å

2 ＨＧ

0

(a)

2 ＨＧ

1.8 Å

0

(b)

2 ＨＧ

0

60 (a.u.)

(c)

Figure 3: Processed atomic resolution image of the Cu sample from the slow scan data: (a) original forward scan; (b) original backward scan;
(c) the ranking map of the postprocessed image as the final atomic resolution image.
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Figure 4: Processed atomic resolution image of the Cu sample from the fast scan data in Figures 1(c) and 1(d): (a) result after background
removal, registration, and image restoration steps; (b) the ranking map of the postprocessed image as the final atomic resolution image.
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Figure 5: Average of the forward and backward scans in Figure 1: (a) average of the unprocessed data, (1/2)(𝐹𝑜+𝐵𝑜); (b) average of the aligned
data, (1/2)(𝐹𝑎 + 𝐵𝑎).
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Figure 6: Difference of the forward and backward scans in Figure 1: (a) difference between the unprocessed data (|𝐹𝑜 − 𝐵𝑜|); (b) difference
between the aligned data (|𝐹𝑎 − 𝐵𝑎|).

but opposite sign (so that the two lines meet at the same
height in themiddle) and removing this background from the
corresponding halves of the line.This stepmakes the intensity
somewhat more uniform across the whole line.

The value of 𝐿 is determined by searching for the
maximum correlation coefficient after image registration, a
process that we will describe below.

The effect of the background removal step using linear
regression allows the subsequent two steps to be carried
out which produced Figure 4(a), whereas without this step
the steps described in the following two subsections are
ineffective to process the original image in Figure 1 due to the
overwhelming noise.

2.2. Image Registration. Our goal is to combine data from
forward and backward scans to obtain a more accurate
image. Because there is always a small registration difference
between the forward and backward scans, a simple combina-
tion of the unprocessed data (e.g., a simple average) will yield
a blurred image (Figure 5(a)). Indeed, the difference between
the forward and backward scans is large near the features
in the image (Figure 6(a)). Therefore it is necessary to first
match the two scans via a process of image registration before
combining them.

The method for image registration is improved signifi-
cantly from the one used in [14].Themain differences are that
we now use a new global registration method different than
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the one used in [14] and that we no longer use a deformation
based local registration method.The latter tends to lock onto
the noise thus magnifying the effects of noise.

Although the images are two-dimensional, the data is
acquired in a line-by-line manner. Therefore the image
registration method is applied separately to each line of
the forward and the backward scans, 𝐹𝑎 and 𝐵𝑎. In the
registration procedure, each pair of corresponding lines from
𝐹𝑎 and 𝐵𝑎 are adjusted by a line shift to minimize their
difference. The line shift is calculated for the 𝑖th lines of 𝐹𝑎
and 𝐵𝑎, which are represented by 𝑓 ∈ R1×𝑛 and 𝑏 ∈ R1×𝑛,
respectively, as a minimization problem. The objective is to
find a constant 𝑐, such that 𝑓(𝑥 + 𝑐) is as close to 𝑏(𝑥 − 𝑐) as
possible. In [14], the condition is expressed as the following
model:

min
𝑐∈Z

𝑓 (𝑥 + 𝑐) − 𝑏 (𝑥 − 𝑐)2 . (4)

The small searching space for 𝑐 in practice allows one to solve
this minimization through a heuristic search. However, this
method is susceptible to noise, especially for atomic resolu-
tion data in which presence of noise signalmay have the same
magnitude as images of atoms. Therefore we need a more
robust approach to image registration.

The improved approach is to treat the pair of data sets 𝐹𝑎
and 𝐵𝑎 as linearly correlated data and find the constant 𝑐 such
that the correlation coefficient is maximized:

max
𝑐∈Z

∑𝑥 [𝑓 (𝑥 + 𝑐) − 𝑓avg] [𝑏 (𝑥 − 𝑐) − 𝑏avg]
√𝑓 (𝑥 + 𝑐) − 𝑓avg

2 𝑏 (𝑥 − 𝑐) − 𝑏avg
2
, (5)

where 𝑓avg = (1/𝑁)∑𝑥 𝑓(𝑥+ 𝑐) and 𝑏avg = (1/𝑁)∑𝑥 𝑏(𝑥− 𝑐),
𝑁 is the number of points in each line, and√‖𝑓(𝑥)‖2 denotes
the quadratic mean of 𝑓(𝑥).

The benefit of image registration is clearly visible in Fig-
ure 5(b), which shows the simple average of the aligned data
𝐹𝑎 and 𝐵𝑎. The average image is much sharper compared to
Figure 5(a). The difference between the aligned images, |𝐹𝑎 −𝐵𝑎| shown in Figure 6(a), is also greatly reduced compared
to that of the unprocessed data (Figure 6(b)). However, even
with the aligned data, the spurious oscillations still exist.
In fact, in the best case scenario, a simple average would
only reduce the spurious oscillations by about half. A better
algorithm is needed to eliminate these oscillations, as we will
present next.

2.3. ImageRestoration. Using the aligned forward scan𝐹𝑎 and
backward scan 𝐵𝑎, we wish to find an approximate image
that is as close to the true image 𝑆 as possible. Our main
goal is to eliminate any noise and spurious signals in the
image, while keeping all features in the image. We consider
any feature that exists only in one (forward or backward) scan
but is not matched in the other scan as spurious and must
be removed. To remove such spurious signals, we propose a
“rubber band” model, in which a “rubber band” is inserted
between the curves of the two scanned signals and is pulled
tight, as illustrated in Figure 7.The “rubber band” curve is the

Figure 7: Illustration of the rubber band method using simulated
data.The red and green curves are simulated forward and backward
scan signals, respectively. A rubber band (black) is inserted between
the two curves and pulled tight, yielding the final approximation of
the true image.

final image thatmost closely represents the true signal. Math-
ematically, let 𝑠 denote one row of 𝑆 while 𝑓 and 𝑏 represent
the corresponding rows of 𝐹𝑎 and 𝐵𝑎. The associated model
for this pair of lines is given by

min
𝑠

𝑛∑
𝑝=2

𝑠 (𝑝) − 𝑠 (𝑝 − 1)2

s.t. 𝑠 (𝑝) ≤ max {𝑓 (𝑝) , 𝑏 (𝑝)} ,
𝑠 (𝑝) ≥ min {𝑓 (𝑝) , 𝑏 (𝑝)} ,

where 𝑝 = 1, . . . , 𝑛.

(6)

Thismodel can be solved in an efficientmanner by repeatedly
smoothing a candidate signal inserted between the two
curves 𝐹𝑎 and 𝐵𝑎 via a constrained signal filtering that main-
tains the filtered value within the bounds set by 𝐹𝑎 and 𝐵𝑎
until convergence.The existence of the solution is guaranteed
as the average of the forward and backward scans satisfies the
constraint and we use it as the initial candidate signal. For the
filtering process, the value of each point on the line is replaced
by the average value of its two nearest neighbors, subject to
the constraint that it is bounded by 𝐹𝑎 and 𝐵𝑎. The algorithm
is outlined in Algorithm 1.

In Algorithm 1, the notation 𝐹(:, 𝑟) represents the 𝑟th row
of the 2D matrix 𝐹 and the operators min{⋅, ⋅} and max{⋅, ⋅}
generate vectors of element-wise minimum or maximum
value of the two input vectors, respectively.

2.4. Construction of the RankingMap. Thefirst three postpro-
cessing steps described above on atomic resolution fast scan
data yield images that clearly show surface lattice structure,
as in Figure 4(a). However, this image, like most atomic reso-
lution STM images, contains both the information of atomic
positions and the topography of the surface. The latter tends
to obstruct the visibility of atomic positions. If the topography
information is discarded, then one can obtain a higher quality
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Input: Aligned forward and backward scan 𝐹𝑎 and 𝐵𝑎 with dimension
𝑚 × 𝑛, the tolerance tol and the maximum iteration number𝑁.
For 𝑟 = 1, . . . , 𝑚 do
(1) Set 𝑓 = 𝐹𝑎(:, 𝑟), 𝑏 = 𝐵𝑎(:, 𝑟) and 𝑠0 = (1/2)(𝑓 + 𝑏).
(2) Calculate 𝑠max(𝑝) = max{𝑓(𝑝), 𝑏(𝑝)} and 𝑠min(𝑝) = min{𝑓(𝑝), 𝑏(𝑝)}.
(3) For 𝑖 = 1, . . . , 𝑁 do:

(a) For 𝑝 = 1, . . . , 𝑛 do:
(i) Compute 𝑦(𝑝) = 0.5[𝑠𝑖(𝑝 − 1) + 𝑠𝑖−1(𝑝 + 1)].
(ii) Set 𝑠𝑖(𝑝) = max(min(𝑦(𝑝), 𝑠max(𝑝)), 𝑠min(𝑝)).

(b) Compute 𝑑 = √‖𝑠𝑖 − 𝑠𝑖−1‖2, terminate loop 3 if 𝑑 < tol.
(4) Set the 𝑟-th row of the output data 𝑆(:, 𝑟) = 𝑠𝑖.

end for
Output: 𝑆 as the restored data from 𝐹𝑎 and 𝐵𝑎.

Algorithm 1: The Constrained Adaptive and Iterative Filtering Algorithm.

image containing only atomic positions. In this section we
will describe such an algorithm.

The first part of this algorithm is to remove all large
scale topography information while retaining the local height
information that is needed to distinguish the atoms. To
achieve this, we denote byΩ𝑥,𝑦 the square consisting of 𝑛 × 𝑛
pixels centered at (𝑥, 𝑦) and define a ranking function𝑅(𝑥, 𝑦)
for 𝑆(𝑥, 𝑦) onΩ𝑥,𝑦 as follows: If 𝑆(𝑥, 𝑦) is the 𝑖th smallest one
among all 𝑆(𝑥, 𝑦) for (𝑥, 𝑦) ∈ Ω𝑥,𝑦, define 𝑅(𝑥, 𝑦) =: 𝑖 − 1.
Then, we replace 𝑆(𝑥, 𝑦) by 𝑅(𝑥, 𝑦). Clearly, we have

𝑅 (𝑥, 𝑦)

= {{
{{{

0, if 𝑆 (𝑥, 𝑦) = min
(𝑥 ,𝑦)∈Ω𝑥,𝑦

𝑆 (𝑥, 𝑦) ,
𝑛2 − 1, if 𝑆 (𝑥, 𝑦) = max

(𝑥 ,𝑦)∈Ω𝑥,𝑦

𝑆 (𝑥, 𝑦) ,
(7)

This ensures that the entire map is ranged between 0 and 𝑛2 −
1.The best value for 𝑛 is the number of pixels that coversmore
than 1-2 atomic distances.

The ranking map obtained this way is a ragged image. We
apply a 2D median filter [15] to obtain a smoothed image.

The idea of using the ranking map for feature enhance-
ment can be viewed as the reverse of ranking based smooth-
ing techniques such asmedian filtering. However the ranking
map algorithm presented here is unique in that it does
not merely use the ranking to help determine the image
intensity as in the median filtering method. In the ranking
map method, the final image intensity is the ranking itself,
and the original image is discarded once the ranking map is
constructed.

3. Experimental Setup and Results

To establish the effectiveness of the algorithm, it is tested on
STM topography scans of a clean copper(111) single crystal
surface at room temperature (299K) using a tungsten tip
under conventional scan speed (about 2msec per data point)
as well as fast scan speed of 0.1msec per data point with

multiple scans for the same region on the sample surface.The
STM scans are acquired by using a variable temperature STM
(Omicron) with Nanonis (SPECS) controller in constant cur-
rentmode. CleanCu(111) single crystal was prepared by cycles
of Ar+ sputtering and postannealing (550∘C) in ultrahigh
vacuum condition (8 × 10−11 Torr). Electrochemically etched
tungsten tip was cleaned by in situ electron bombardment
heating.

As already discussed in previous sections, the original
unprocessed topography data from a fast scanwith a scan rate
of 0.1msec per pixel are shown in Figures 1(a) and 1(b). We
can see that both original forward scan and backward scan
suffer from significant noise but the patterns of noise are dif-
ferent,making noise elimination possible through combining
the two images.The averages and the differences between the
original forward and backward scans and the aligned ones
after image registration are shown in Figures 5 and 6. The
effect of the image restoration algorithm on the experimental
image is shown in Figure 8 for three selected rows of the
data. The final corrected image is compared to a set of
STMscanswith slow scan rate on the same surface in Figure 2.

For the atomic resolution fast scan data, the raw image
in Figures 1(c) and 1(d) is overwhelmed by noise and has
no observable atomic structure. The final processed image
(Figure 4(b)), however, displays clearly the surface lattice
structure. One can even see the significant lattice strain and
disorder due to the proximity of a large defect.

4. Conclusion

We have demonstrated an algorithm that can greatly reduce
the noise and error of STM images by combining forward and
backward scan data in a line-by-line manner. This allows us
to push the scan rate for a conventional STM setup to beyond
its normal limit, up to 10 times faster. An order of magnitude
increase in the scan rate will greatly reduce systematic
errors such as the scan drift and environmental noise and
will also improve research productivity. Furthermore, this
increase represents a first step towards the goal of real-time
observation of dynamic processes on surface by STM.
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Figure 8: The aligned forward and backward data from the same line of scans: (a) row 46; (b) row 80; (c) row 100.

Using the ranking map as the atomic resolution image, as
described in this work, is a general algorithm for postprocess-
ing STM images beyond fast scans. Any images obstructed
by significant surface topology variations can be treated by
this algorithm to yield sharp, atomic resolution results. This
algorithm is also useful as an alternative way to enhance
image features and can be used as a general tool in image
processing technology.
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The microstructure and wear resistance of Stellite 6 alloy hardfacing layer at two different temperatures (room temperature and
300∘C) were investigated by plasma arc surfacing processes on Q235 Steel. Tribological test was conducted to characterize the wear
property. The microstructure of Stellite 6 alloy coating mainly consists of 𝛼-Co and (Cr, Fe)

7
C
3
phases. The friction coefficient of

Stellite 6 alloys fluctuates slightly under different loads at 300∘C. The oxide layer is formed on the coating surface and serves as a
special lubricant during the wear test. Abrasive wear is the dominant mechanism at room temperature, and microploughing and
plasticity are the key wear mechanisms at 300∘C.

1. Introduction

Cobalt- (Co-) based alloys (e.g., Stellite alloy) are widely used
in the wear environment because of their good resistance
to corrosion, wear, and abrasion [1]. Stellite systems are Co
alloys thatmainly contain alloying elements, such as tungsten
(W), chromium (Cr), molybdenum (Mo), and a certain
amount of carbon (C). Cr is the main alloying element that
reacts with C to form interdendritic carbide. The alloying
elements W and Mo also react with C to form carbide as
secondary particles. Solid solution strengthening ofCo-based
alloys with carbides can be easily achieved. The distribution,
size, and shape of carbides are determined by the processing
condition and affect the mechanical properties and hardness
[2–5].

Stellite 6 alloys coated on stainless steel are used for
valve application in a high-temperature and high-pressure
environment, where a material may melt, creep, or degrade.
In our application, theworking temperature is between 250∘C
and 300∘C [6]. In such application, alloys play an important
role in preventing various wear factors that affect the sliding
surface. Oxygen in air is a normal element that reacts with
alloying elements, particularly at high temperatures [7–10].
The formation of oxides plays an important role in the wear
process [11]. The alloying element Cr shows good wear and
corrosion resistance andhigh-temperature strength. Fontalvo

and coworkers demonstrated that oxides formed at high
temperatures reduced wear and served as protective film
between the contacting areas [12, 13]. The wear performance
of Stellite 6 alloys was relatively superior at 750∘C. Oxides
growing slowly on Stellite 6 alloys lead to the formation of
a protective film with good wear resistance [14]. Wang and
coworkers demonstrated that the oxide scale increased with
the addition of yttrium to Stellite alloy to improve the wear
performance at 650∘C. When the surface of Stellite 6 alloy
was subjected to wear, heat expansion, and oxidation, the
oxide film was destroyed.The fresh surface was exposed, and
oxidationwas accelerated.Ultimately, the filmwas completely
broken. This process was repeated, and the wear resistance
decreased.Therefore, the bonding strength of the oxide film is
a key factor affecting the total resistance at elevated tempera-
ture [15–22].

This study aims to evaluate the effect of temperature on
wear resistance, which is theworking temperature of the valve
in real application. The process and mechanism of wear are
discussed at room temperature and 300∘C.

2. Experimental Procedure

2.1. Preparation of Stellite 6 Hardfacing. Q235 mild steel was
used as substrate, and Stellite 6 alloys were welded by plasma
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Table 1: Nominal chemical compositions of Stellite 6 (wt%).

Composition C Cr Si W Fe Mo Ni Mn Co
Mass percentage 1.15 29.00 1.10 4.00 3.00 1.00 3.00 0.50 Bal

transferred arc welding (PTAW). The composition (wt%) of
Q235 mild steel was 0.16 C, 0.53 Mn, 0.30 Si, <0.045 P, <0.055
S, and balanced Fe. The composition of Stellite 6 powder is
listed in Table 1. The surface of the matrix was cleaned with
acetone and washed with distilled water to remove residue
and grease. Afterward, the matrix was air-dried.The Stellite 6
powder was prepainted on the surface of the substrate. The
thickness of powder was approximately 2mm. The coating
was prepared by the PTAWmethod with a current of 150A.

2.2. Microstructural Characterization. Q235 mild steel with
coating was cut along the perpendicular direction of the
contacting line of the substrate and coating.Then, the cutting
surface of the coating was enclosed with Bakelite.The surface
of the specimens was polished by SiC sandpaper down to
1,500#, followed by polishing padwith alumina powder.Then,
the surface was washed with distilled water and ultrasoni-
cated in a water bath for 5min. Afterward, themicrostructure
of the coating was etched by nitrohydrochloric acid. The
images of the coating before and after wear were taken by
an optical microscope and a scanning electron microscope
(SEM). The morphology of coating taken from different
spots was analyzed. X-ray diffraction (XRD) was used to
characterize the phase analysis conducted using the XRD
equipment with Cu K𝛼 radiation. A step of 0.02∘ was used to
scan the 2𝜃 degree from 30∘ to 100∘. The specimen for XRD
test was preetched in 10wt% oxalic acid for 90 s at an anode
polarization potential of 6V at room temperature.

2.3. Test of Wear Resistance. The wear test was conducted
using the UMT-2 Friction–Wear Tester (USA). Specimens
with the dimensions of 15mm × 15mm × 4mm were taken
from the coating. The surface of the specimens was polished
and cleaned with acetone and distilled water. The tribolog-
ical test was conducted using the ball-on-disk tribometer
with 10N loading at different temperatures. The tests were
conducted using C45 spherical steel (ASTM 1045) with a
diameter of 9.38mm. The speed of the specimen against the
ball was 2.5 cm s−1 in 30min. After the test, the morphology
of the wear track was checked by SEM and confocal laser
scanner (LEXTOLS400). Then, the wear rate was calculated
using𝑊𝑠 = 𝐶𝐴/𝐹𝐿, where 𝐶 is the length of the wear track,
𝐴 is the average area of wear loss, 𝐹 is the loading, and 𝐿 is
the distance of the wear. After the experiments, the surface of
the specimens was characterized by SEM.

3. Results and Discussion

3.1. XRD Analysis of Stellite 6 Alloys. The results of XRD
analysis of Stellite 6 alloy coating are shown in Figure 1. The
phases of deposited coating are 𝛼-Co and M

7
C
6
(M = Fe,

Cr), which are determined by comparison with the lattice
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Figure 1: XRD pattern of the welding coating.

parameter of standard JCPDS cards. The highest peak inten-
sity is recorded for the 𝛼-Co and (Cr, Fe)

7
C
3
phases, and the

peaks of these two phases overlap.Thepresence of (Cr, Fe)
7
C
3

[23] plays a key role in increasing the hardness of the coating
[24].

3.2. Microstructure of Stellite 6 Alloy Hardfacing. Figure 2
shows the microstructure of the coating from substrate to
surface. Generally, the microstructure of welding coating is
divided into three parts, namely, dilution, transition, and fine
grain zones [25]. Figure 2(a) shows the fusion line between
substrate and coating. The dilution zone of the coating is
shown as red rectangles in Figure 2(b). Planar crystalline
structures were observed over the substrate. These planar
crystalline structures come in contact with the grains of the
substrate. New grains usually form from unmelted grain.The
size of the new grains increases along the original direction
of the crystal. Then, columnar crystal is formed along the
perpendicular direction of the fusion line, as shown in Fig-
ure 2(c). As solidification proceeds, the upper part of the coat-
ing around the surface becomes the fine grain zone, as shown
in Figure 2(d). In the fine grain regions, the crystal exhibits
multidirectional growth.

The cellular–dendritic carbides are surrounded by the
solid solution of Co and Cr, which solidifies toward the
surface, as shown in Figure 3. The microstructure of the
coating is homogeneous. The dendritic carbides can play a
key role in increasing the hardness and wear resistance of the
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Figure 2: Microstructure of hardfacing layer: (a) fusion line, (b) dilution zone, (c) transition zone, and (d) fine crystalline zone.
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Figure 3: SEM images of the hardfacing layer around the surface of the coating.

coating. These results are similar to those reported by Xu et
al. [26].

3.3. Tribological Test of Stellite 6 Alloys. Figure 4 shows
the variation of the friction coefficient with sliding time
under different loadings. Figures 4(a) and 4(b) indicate that
the friction coefficient initially increases rapidly at room
temperature and 300∘C. With the increase in distance, the
wear rate decreases slightly with fluctuation and reaches a
stable state [27]. Generally, in the stable state, no noticeable
changes in the friction coefficient are observed at low loading.
Figure 4(a) shows that the friction coefficient of Stellite 6
alloys decreases with the increase in loadings. At low load-
ings, the friction efficient is similar because of the hard phases
of Stellite 6 alloy. When the critical value is reached, the

friction efficient decreases obviously, as shown in Figure 4(a).
The friction coefficient at high temperature increases and
reaches the stable state without consuming a considerable
amount of time. The values of the friction coefficient at
room temperature are higher than those at 300∘C because
the hardness of the coating decreases and the oxidation of
the coating increases [28]. The mechanical properties play a
key role in increasing the friction coefficient of the coating
because hardness significantly affects the wear performance
of Stellite 6 alloy at room andmoderate temperatures [29, 30].
At elevated temperature, with the decrease in hardness rate
and mechanical properties, the worn surface, with a thin
layer and weakly adherent oxide films, is easily destroyed
[31, 32]. In such condition, the wear mechanism will be
associatedwith temperature.Thewear rate of the coatings can
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Figure 4: Friction coefficient of Stellite 6 under different loadings (a) at room temperature and (b) at 300∘C.
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Figure 5: Wear rate of Stellite 6 under different loadings at room
temperature and 300∘C.

be determined based on the following relation:𝐾 = 𝑉/(𝐹×𝑆),
where 𝐹 is the normal load, 𝑆 is the sliding distance, and 𝑉 is
the volume of the materials worn out during the test.

The variations of the wear rate of the coating at room
temperature and 300∘C under different loadings are shown
in Figure 5. With the increase in loadings, the wear rate of
Stellite alloy coating increases. The wear rate reaches 250
× 10−6mmN−1⋅m−1 when 15N is applied to the Stellite 6
alloy coating. However, when applied at 300∘C, the wear

rate reaches approximately 500 × 10−6mm⋅N−1⋅m−1 under
different loadings. At room temperature, the wear rate is
influenced by the loadings. By contrast, at 300∘C, the wear
rate is relatively stable without any obvious change. These
results coincide with those of friction coefficient.

3.4. Morphology of Stellite 6 Coating after the Wear Test.
Figure 6 shows the SEM images of Stellite 6 alloy coating
at room temperature and 300∘C. Notably, a large number of
particles accumulated on the surface of the coating at room
temperature compared with the morphology of the coating
at 300∘C after the tribological test, as shown in Figures 2(a)
and 2(b). These particles cannot form a protective layer and
cause the increase in the friction coefficient, which accelerates
the wear rate. Ploughing scars also appear on the surface of
the coating. The friction coefficient of the coating decreases
with the increase in the applied loading because of the large
number of particles, as shown in Figure 4(a). In this case,
abrasive wear is the key mechanism at room temperature.

Figures 6(c) and 6(d) show the smooth morphology of
the coating. Wear and plastic deformation during the test are
observed from the SEM images of thewear line of the coating.
The smooth surface of the wear track is subjected to oxidation
at 300∘C. The oxide layer can be utilized as a lubricant.
Motallebzadeh et al. reported that the wear mechanisms of
Stellite 12 alloy are plasticity at 300∘C and oxidative wear at
700∘C [33]. The friction coefficient at 300∘C is lower than
that at room temperature, which coincided with the results of
wear rate shown in Figure 5. The surfaces exhibit a laminar
shape, and no obvious hard precipitates were observed on
the surface. In this case, microploughing and plasticity are
the key wear mechanisms at 300∘C [34, 35]. Figures 6(e) and
6(f) show the energy-dispersive X-ray spectroscopy (EDS)
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Figure 6: SEM images of Stellite 6 after friction tests at room temperature under (a) 10N and (b) 15N applied loadings and at 300∘C under
(c) 10N and (d) 15N applied loadings. (e) EDS analysis of Figure 6(c) and (f) EDS analysis of Figure 6(d).

analysis of the worn surface of Stellite 6 alloy at 300∘C. The
formation of oxides, such as Fe

2
O
3
, CrO, CoO, and Cr

2
O
3
,

at elevated temperature is shown in Figures 6(e) and 6(f).
The content of the oxidative layer increases significantly with
the increase in loadings, which is indicative of more CoO
oxidized during the sliding test.

Figure 7 shows the 3D morphology of Stellite 6 alloy
coating after the tribological test. The worn surface of the
coatings shows a large wear track.Many flat planes, which are
solid oxide compact layers, are observed along the track. At
low loading, manymountain-like embossments are observed
on the surface at the applied loading of 15N. The surface of
the coating is coarse after the wear test. The profiles of three
specimens under different applied loadings are similar and
coincide with the results of wear rate shown in Figure 5.

4. Conclusion

The slide wear performances of Stellite 6 alloy coating on
Q235 stainless steels at room temperature and 300∘C have
been compared. The friction coefficient of the coating at
room temperature is higher than that at 300∘C. With the
increase in applied loading, the friction coefficient of Stellite
6 alloy increases at room temperature. However, at 300∘C,
the friction coefficient of Stellite 6 alloy fluctuates slightly
under different applied loadings. The coating after sliding
wear at 300∘C is subjected to oxidation. The oxide layer can
be utilized as a lubricant. The wear rate at 300∘C is higher
than that at room temperature because of microploughing.
Microploughing and plasticity are the key wear mechanisms
at 300∘C.
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Figure 7: 3D morphology of Stellite 6 at high temperature under (a) 5N, (b) 10N, and (c) 15N applied loadings.
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Predicting themechanism ofMBP binding to cholesterol ismeaningful in understanding howMBP participate in lateral membrane
organization. The interaction of MBP with cholesterol monolayer was investigated at three surface pressures on 10mM Tris-HCl
bufferwith the different concentrations ofMBP.The results show that𝜋-A isotherms shift to largermolecular area at all pressures. By
means of analyzing𝜋-T curves, a surface pressure increasewas obtained. Results indicated that the greater the protein concentration
in the subphase, the larger the increase of surface pressure. In addition, changes in monolayer surface morphology and domain
formation were performed by AFM. These results provide more direct and convincing evidence for the MBP interaction with
cholesterol.TheMBP-cholesterol interaction suggests a significant concentrations and surface pressure dependence and is probably
governed by hydrogen bonds.The date presented could help to understand at least one of themolecularmechanisms throughwhich
MBP affects lateral organization of the cholesterol membrane.

1. Introduction

Cholesterol is an essential component of both central nervous
system (CNS) and peripheral nervous system (PNS) myelin
and acts as a precursor of signaling molecules in the CNS
[1]. In addition, MBP is to be the main component in the
maintenance and formation of integrity of CNS myelin.
The interaction of proteins with lipid structures plays an
important role in various fields [2]. A large number of
biological reactions happened in interfaces where the main
constituents are proteins and lipids. The systematic inves-
tigations of lipid-protein interactions have been performed
using biomembrane models at the air-subphase interface of
a Langmuir film balance. The Langmuir film balance is also
known as Langmuir-Blodgett (LB) technology. It is used to
study the relationship between the area and surface pressure
at the liquid surface spread film. To date the LB technology
is often coupled with AFM to determine the topography and
domains of themonolayer at different subphase composition,
surface pressure, pH, temperature, and so on [3].

Here, simple bioinformatics approaches were used to set
up whether MBP, one of the major structural proteins of
CNS myelin, is capable of adhesive cholesterol. MBP has

been confirmed to be the main agent in the formation and
maintenance of integrity of CNS myelin [4, 5]. According to
the clinical experience and latest research, MBP was found
to be associated with myelin degradation. Multiple Sclerosis
(MS) attacks the myelin-wrapped nerves of the CNS [6].
MBP is water soluble protein with 170 amino acid residues
and a molecular weight of 18.5 KDa with a net positive
charge of 19 at physiological pH [7, 8]. Maintaining the
myelin sheath that wraps around neurons by holding together
both cytoplasmic sides of oligodendrocyte membranes is the
primary physiological role of MBP [9]. In summary, MBP is
an intrinsically unstructured (disordered) protein that may
be combined to the polar lipid, such as phospholipids and
cholesterol.

Notably, cholesterol is very special among biological
membrane lipid because it is polycyclic, has a very small
polar head group (-OH), and does not contain any acyl-
chain that allows biochemical changes (Figure 1). At the
same time, cholesterol is an indispensable and vital com-
ponent of both PNS and CNS myelin, whose main role
in the central nervous system is to act as a precursor
of signaling molecules, such as oxysterols and neuroactive
steroids [10, 11]. A variety of experimental data measured
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Figure 1: The chemical structure of cholesterol.

that the attraction and binding of MBP to monolayers or
bilayers of different lipid compositions are modulated by
hydrophobic interactions with the hydrophobic chains of
lipids and electrostatic interactions with the acidic lipids head
groups [12–15]. Recent evidence also manifests that the bind-
ing of MBP to cholesterol-containing membranes affects the
formation of lipid microdomains [16]. Therefore, predicting
which MBP could bind cholesterol is very important and
meaningful in comprehending howMBPparticipate in lateral
membrane organization of cholesterol. By applying physic-
ochemical and chemoproteomic strategy, novel cholesterol-
protein interactions in living cells have been recent describe
[17].

Since cholesterol is a major component of myelin lipid
membranes, the mechanism of their formation could incor-
porate interaction between MBP and cholesterol. Never-
theless, no interaction of cholesterol with MBP has been
investigated in more detail. Here, LB technology was used
to detect the adsorption of MBP to cholesterol surfaces as a
function of surface pressure, adsorption time, and bulk MBP
concentration.

The results obtained suggest that there is a possibility of
such an interaction. These results of the research provide a
new insight on at least one possible molecular mechanism
of the integrity and functionality of cytoplasmic myelin
monolayers.

2. Materials and Methods

2.1. Materials. MBP was extracted from bovine brain and
purified in the water soluble according to established proce-
dures of Deibler et al., [18] solubilized in Tris-HCl 10mM,
pH 7.2, and prepared in working solution at a concentration
range of 1.0 × 10−9∼5.5 × 10−9M. Cholesterol (purity > 99%)
was purchased in powder form from Avanti Polar Lipids,
Inc. (Alabaster, AL, USA), and used without practicing
further purification procedures. In the study of monolayers,
cholesterol was dissolved in chloroform/methanol 3 : 1 (v/v)
mixture at a final concentration of 1mg/mL and used as
spreading solution in general amounts of 20𝜇L.All the exper-
imental water (18.2MΩcm) was acquired from a Millipore
purification system.

2.2. Surface Pressure-Area Isotherms. All experiments were
conducted on a KSVMini-trough system (Helsinki, Finland)
with an effective trough surface area of 75 × 364mm2. The

measurement resolution is ±0.1mN/mwith a trough volume
of 240mL.

The monolayer was spread by using a lipid solution on
10mM Tris (hydroxyethyl) amino-methane titrated to pH
7.2 with HCl. The required volumes of the lipid solutions
were deposited at the air/subphase interface containing the
appropriate amount of MBP by using a Hamilton microsy-
ringe. 15 minutes was left for the solvent evaporation after
which the monolayers were compressed with the constant
speed of 10mm/min per barrier. The temperature of the
subphase remains constant by means of the water circulator
bath. Before each experiment, the trough and barriers were
washedwith absolute ethyl alcohol and rinsedwith ultra-pure
water.

Compression of the cholesterol monolayer occurred until
the target surface pressure of 15mN/m was reached. The
surface pressure variation caused by the interaction of the
MBP in the subphase with the cholesterol monolayer was
continuously recorded as a function of time by using a
computer-controlled LB until the surface pressure was in
equilibrium, suggesting the end of adsorption. All measure-
ment data were repeated three times minimum to ensure the
reproducibility.

2.3. Atomic Force Microscopy (AFM) Observations. AFM
image was acquired in air at room temperature using a
SPM-9500-J3 AFM (Shimadzu Corporation, Japan). AFM
images were obtained by using a Micro V-shaped Cantilever
(Olympus Optical Co. Ltd., Japan) with a spring constant of
0.06N/m, a length of 125𝜇m, and thickness of 400 nm. All
images (512×512 points) were performed in air at a scan rate
of 1Hz.

3. Results and Discussion

3.1. Thermodynamic Interaction of Monolayer Isotherms. The
surface pressure versus molecular area (𝜋-𝐴) isotherms of
cholesterol monolayers spread on the buffer subphase con-
taining MBP at different concentrations (0, 1.0, 2.5, 4.0, and
5.5 nM)weremeasured at 22±1∘C (in Figure 2).The resulting
𝜋-𝐴 curves evince the phase behavior of the monolayer
in the course of compression, when the molecular packing
gradually increases. For the isotherm of pure cholesterol
monolayer, the curves are in agreement with those reported
in the previous work [19–21]. As presented in Figure 2, with
the increase of the MBP concentration in the subphase, the
curves we studied were shifted towards the higher area. That
is to say, they occupied a greater area at a given surface
pressure than the membrane spread on pure water surface,
implying that the presence of MBP induces minor changes
of lipid conformations. Similar to our previous studies [22],
when added to the subphase, MBP gave rise to the changes in
the conformation of cholesterol monolayer. Furthermore, the
changes of curves and surface conformation indicated that
there were strong molecular interactions between the choles-
terol and MBP. AFM observation of MBP/cholesterol shows
domain at different surface pressures, and the monolayer
becomes homogeneous promptly when the surface pressure
is increased. The study found that the adsorption process
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Figure 2: Surface pressure-area (𝜋-𝐴) isotherms and atomic force
microscopy images of cholesterol monolayers on the Tris-HCl
buffer containing different concentrations of MBP are shown (inset:
variation of the compression modulus 𝐶−1

𝑠
with surface pressure 𝜋).

mainly depends on the hydrogen bonds between hydroxylic
groups of cholesterol and MBP, and MBP may also have
a great effect on the conformation of cholesterol in the
monolayers.

To quantify the phase transition process of the monolay-
ers, we introduced the parameter of compression modulus
(𝐶−1
𝑠
). The researchers have published that the presence of

mixtures in lipid monolayers produced more compressible
films which strongly depends on the size and hydrophobicity
of lipid molecules [23]. It has become a significant parameter
to characterize the transition region, based on the analysis of
𝜋-𝐴 isotherms.These experimental values were calculated by
using the following equation:

𝐶−1
𝑠
= −𝐴(𝑑𝜋𝑑𝐴) , (1)

where 𝐴 is the area per molecule of the monolayer and
𝜋 is the corresponding surface pressure [24]. 𝐶−1

𝑠
can be

used to characterize the phase state of the monolayer (𝐶−1
𝑠

=
12.5∼50mN/m, lipid expanded, 𝐶−1

𝑠
= 100∼250mN/m, lipid

condensed) [25]. Another role is used to compare the elastic
modulus of different monolayer. The higher 𝐶−1

𝑠
value the

more ordered the monolayers [26].
As presented in the inset to Figure 2, we show the

changes of𝐶−1
𝑠
with𝜋 for themonolayers ofMBP/cholesterol.

For the monolayer of pure cholesterol, it presents a typical
condensed monolayer with a maximum value of 𝐶−1

𝑠
above

800mN/m (solid phase). Cholesterol monolayer formed on
water subphases has been studied in various works [27]. In
our case, the compression modulus 𝐶−1

𝑠
of the monolayers

mixtures MBP/cholesterol dropped with an increase in MBP
concentration (Figure 3). It can be concluded that the incor-
poration of MBP into the monolayers of cholesterol causes
a decrease in 𝐶−1

𝑠
value, and the monolayers become more
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Figure 3: Plot of compression modulus (𝐶−1
𝑠
) as a function of MBP

concentration in the subphase.

disordered. This behavior indicated that MBP interacts with
the cholesterol molecules in air/subphase interface.

3.2. Quantitative Analysis of Successive Compression-Expan-
sion Cycles. In order to investigate the stability of mixed
monolayer successive compression-expansion cycles in air/
subphase interface were conducted (see Figures 4(a), 4(b),
and 4(c)). The results of consecutive hysteresis cycles of
cholesterol monolayers over the different concentrations of
MBP at variable surface pressure values were shown in
Figure 4. The 𝜋-𝐴 isotherms of MBP/cholesterol mixed
monolayer shift entirely to higher areas which indicates that
the interaction between MBP and cholesterol is strongly
influenced by the concentration of MBP in the subphase.
By analyzing the compression-expansion cycles of three
surface pressures (5, 15, and 30mN/m), we founded that the
expansion isotherm moves to the left slightly relative to that
of the compression one. The reason for this phenomenon
suggested that MBP/cholesterol mixed monolayer shows a
mild hysteresis behavior with almost no loss of material into
the Tris-HCl subphase (Figure 4). At the same time, pure
cholesterol does not show hysteresis. It is shown in Figure 4
that all cholesterol/MBP films demonstrate some degree of
hysteresis after at different concentrations of MBP adsorp-
tion, where the compression curves of the films happen to
at higher molecular areas than the expansion part of the
curves. The quantification of the compress-expansion cycle
of apparent losses in the terms of % is defined according to

Apparent loss (%) = 100 (1 − 𝐴𝐸1𝐴𝐶1) . (2)

Wherein𝐴
𝐶1 and𝐴𝐸1 are the values of molecular area of

the first compression curves for the different concentrations
and surface pressures, respectively. The value of apparent
losses is used to describe the effects of the various parameters
such as the surface pressure and the concentration of protein
in the subphase.Thenumerical characteristics of the apparent
loss are presented in Table 1.
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Table 1: The apparent loss of the monolayers at the different subphase concentrations and the different surface pressure.

𝜋 (mN/m) apparent loss%
0 nM 1.0 nM 2.5 nM 4.0 nM 5.5 nM

5.00 0.20% 0.30% 0.10% 0.09% 0.11%
15.00 0.15% 0.90% 1.00% 1.93% 3.12%
30.00 0.21% 1.95% 2.01% 2.63% 3.34%
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Figure 4: Compression-expansion cycles of cholesterol on the different concentrations of MBP at variable surface pressure values.

The data in Table 1 we analyzed show that the greater
the concentration of MBP and the surface pressure, the
more the value of apparent loss; however, we noticed
that the apparent loss of hysteresis is very minor at the
three surface pressures. The maximum value of 3.34% of

apparent loss is acquired, suggesting small changes of mixed
monolayer at the MBP concentration of 5.5 nM and the
surface pressure of 30mN/m. This result indicated more
stable interaction between MBP and cholesterol in this
phase.



Scanning 5

0 1700 3400 5100 6800 8500
0

5

10

15

20

25

30
Su

rfa
ce

 p
re

ss
ur

e (
m

N
/m

)

time (S)
Chol + MBP (5.5nM)
Chol + MBP (4.0 nM)

Chol + MBP (2.5 nM)
Chol + MBP (1.0 nM)

(a)

0 1 2 3 4 5 6 7
0

1

2

3

4

5

6

7

Protein subphase concentration (nM)

Δ


(m
N

/m
)

(b)

Figure 5: (a) Time dependence of the surface pressure changes during the adsorption of MBP with the cholesterol monolayer. 𝐶MBP =
1.0, 2.5, 4.0, and 5.5 nM. (b) Surface pressure increase (Δ𝜋) of a cholesterol monolayer (𝜋initial = 15mN/m) induced by different subphase
concentrations of MBP.
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Figure 6: MBP molecules by Langmuir-Blodgett deposition. (a) is the height map of (b). Scale bar: 5𝜇m.

3.3. Affinity Capacity of MBP onto a Cholesterol Monolayer.
The affinity ability of MBP onto a cholesterol monolayer was
conducted by LB experiments at various concentrations of
the MBP in the subphase. Figure 5(a) shows the increase in
surface pressure (Δ𝜋 = 𝜋final − 𝜋initial), as the cholesterol
is spread over the interface with an initial surface pressure
of 15mN/m. The increase of surface pressure implied MBP
insertion into the cholesterol monolayer for different MBP
concentrations. With the increase of the MBP concentration
in the subphase, the increase of the surface pressure also
increases (Δ𝜋

5.5 nM > Δ𝜋4.0 nM > Δ𝜋2.5 nM > Δ𝜋1.0 nM).
A plateau is observed after 6800 s, which demonstrates that
the MBP adsorb to the cholesterol film processes at the lipid
interface or in the bulk solution (aggregation). Figure 5(b)

should stress on the fact that the ability of MBP adsorbing to
monolayer largely depends on the concentration of MBP and
the composition of monolayer at the air-subphase interface.

3.4. SurfaceMorphology Explores by Atomic ForceMicroscopy.
Themonolayers at the air/subphase interfacewere transferred
onto smoothmica substrates for detection byAFM.Ourmain
goal was to detect whetherMBP would cause conformational
changes in the formation of the cholesterol monolayer. The
initial surface pressure of the lipid monolayers was set
at 5.0 ± 1.0, 15.0 ± 1.0, and 30.0 ± 1.0mN/m and the
MBP concentrations in the subphase were 0, 1.0, 2.5, 4.0,
and 5.5 nM, respectively. In Figures 6(a) and 6(b), MBP
prepared by Langmuir-Blodgett method have been visualized
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Figure 7: AFM image of the binary MBP/cholesterol monolayers at three surface pressure (5, 15, and 30mN/m) on 10mM Tris-HCL buffer
(pH 7.2) at 𝐶MBP = 0, 1.0, 2.5, 4.0, and 5.5 nM.The scale bars in the lower-right represent 5 𝜇m.
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Figure 8: AFM image of MBP adsorption into spread cholesterol monolayer from the Tris-HCl subphase at the concentration of 4 nM. (a) is
the height map of (b). Scale bar: 5 𝜇m.
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Figure 9: AFM image of MBP adsorption into spread cholesterol monolayer from the Tris-HCl subphase at the concentration of 5.5 nM. (a)
is the height map of (b). Scale bar: 2.5 𝜇m.

by AFM. These granules have been evidently formed by
MBP molecules. Changes in the surface morphology of the
cholesterol monolayer induced by the interaction with MBP
were reflected with AFM. Figure 7 shows that the morpho-
logical images of themixedmonolayer vary significantly with
concentration of MBP and surface pressure. Figures 7(a),
7(b), and 7(c) display the AFM images of pure cholesterol
monolayers deposited at 5, 15, and 30mN/m, respectively.
There has been a single phase structure with the line tension
forming a pattern of circular domain at the lateral pressure of
5mN/mand finally showing a homogeneous and dense phase
at the surface pressure of 30mN/m.

The presence of MBP in the subphase could induce
changes dramatically to the topographic view of the mono-
layer. At the MBP concentration in the subphase of 1 nM,
randomly distributing small irregular sheet structures can be
found in the domains (Figures 7(d), 7(e), and 7(f)). The film
is getting more density when the surface pressure reached
30mN/m. The image difference in the adsorption surface
pressure, albeit small, is meaningful. From the AFM image, it
can be inferred that the sheet structures ofmixmonolayer dif-
fered from that of the pure cholesterol monolayer, indicating

that incorporation ofMBP in cholesterolmonolayers disturbs
the cholesterol organization. We also have presented the
image for mixed monolayer at the MBP concentration in
the subphase of 2.5 nM (Figures 7(g), 7(h), and 7(i)). As
can be observed at the lateral pressure of 15mN/m, MBP
adsorption in the monolayer was randomly distributed, and
some MBP molecular was aggregated with each other. As
the MBP concentration increases to 4 nM, the scattered
protein particles were observed, most of which formed the
approximate shape of a spherical cap (Figures 7(j), 7(k), and
7(l)). We can analyze that these MBP molecules seem to
aggregate and increase in size, as shown in Figure 6. At
higher subphase MBP concentration of 5.5 nM, these MBP
molecular aggregates appeared to be linked together to form
larger structure (Figures 7(m), 7(n), and 7(o)). And you can
see that in the height diagram (Figures 8 and 9).

This result supports the 𝜋-𝐴 isotherms and hysteresis
behaviors that demonstrated that the morphological changes
of the cholesterol monolayer induced by the interaction
with MBP. As hydrogen bond formations are considered
to be involved in the interaction of MBP to cholesterol
membranes.
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4. Conclusions

Our research provides experimental evidence for an inter-
action between MBP and cholesterol. The surface behavior
of MBP with cholesterol was systematically investigated by
applying the Langmuir-Blodgett technique. The monolayers
of the cholesterol were spread on the subphase containing
different concentrations of MBP, and their curves were
measured. The important findings of this work can be
summarized as the following three aspects. First of all, the
𝜋-𝐴 and hysteresis isotherms reveal that the MBP binding
to the cholesterol is adsorbed to the surface of the mono-
layer. Secondly, the experimental results of the AFM image
obtained by the present study demonstrated the conforma-
tional changes of the cholesterol monolayer induced by the
different concentrations of MBP in the subphase. In the
meantime, the formation of MBP aggregates through inter-
action between the hydroxyl groups of cholesterol and MBP
by hydrogen bonding. And lastly, the concentration of MBP
in the subphase is major factor influencing the adsorption
of MBP in addition to cholesterol-MBP hydrogen bonding
including hydrophobic cholesterol-MBP interactions. Hence,
the results of the study provide particulars to understanding
of the interaction of MBP-cholesterol on the molecular
mechanism.Theymay provide useful andmeaningful in CNS
and PNS as a precursor of signaling molecules.
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Langmuir monolayers of 1,2-dipalmitoyl-sn-glycero-3-phosphocholine (DPPC) and a mixture of DPPC with curcumin (CUR)
have been investigated at the air-water interface through a combination of surface pressure measurements and atomic force
microscopy (AFM) observation. By analyzing the correlation data of mean molecular areas, the compressibility coefficient, and
other thermodynamic parameters, we obtained that the interaction between the two components perhaps was mainly governed by
the hydrogen bonding between the amino group of DPPC and the hydroxyl groups of CUR. CUR markedly affected the surface
compressibility, the thermodynamic stability, and the thermodynamic phase behaviors of mixed monolayers. The interaction
between CUR and DPPC was sensitive to the components and the physical states of mixed monolayers under compression. Two-
dimensional phase diagrams and interaction energies indicated that DPPC andCURmolecules weremiscible inmixedmonolayers.
AFM images results were in agreement with these analyses results of experimental data. This study will encourage us to further
research the application of CUR in the biomedical field.

1. Introduction

Curcumin [1,7-bis(4-hydroxy-3-methoxyphenyl)-1,6-hepta-
diene-3,5-dione] (CUR) (Figure 1(a)) is one of the most
common yellow colors in nature. It is obtained from the
rhizomes of the plantCurcuma longa and other Zingiberaceae
plants [1, 2]. CURwas usually used as a natural phenolic spice
and food colorant a long time ago. It also was an important
ingredient in curry and polyphenolic nutraceuticals in daily
life [1, 3]. CUR belongs to acid polyphenolic compounds
[4, 5]. Many previous studies proved that CUR has been
widely investigated and was shown to have an important
role in pharmacological activities because of its low toxicity,
low adverse reactions, and special structure (hydroxyl groups
of the benzene rings, the double bonds in the alkene part,
and the diketone moiety) [6], such as anti-inflammatory,
anticancer, antioxidant, anticoagulation, antiatherosclerotic,
antimutagenic, antibiotic, antiviral, antifungal, and antiamy-
loid activities [6–8]. It has been reported that CUR can inhibit
the proliferation and promote the apoptosis of many types

of cancer cells, including lung cancer cells [9, 10]. But the
interaction mechanisms between CUR and cancer cells are
still unclear. 1,2-Dipalmitoyl-sn-glycero-3-phosphocholine
(DPPC) (Figure 1(b)) is a major component in natural lung
surfactants, also known as pulmonary surfactants [11, 12].
So, in our work, the Langmuir-Blodgett technology was
used to investigate the interaction mechanisms between the
interfacial monolayers of DPPC and CUR.

The behaviors of mixed DPPC-CUR monolayers with
various mole fractions of CUR at the air-water interface have
been investigated through the Langmuir-Blodgett (LB) tech-
nology and atomic forcemicroscopy (AFM) observation.The
miscibility of the two components, the thermodynamic sta-
bility of mixed monolayers, and the intermolecular interac-
tions between DPPC and CURmolecules have been analyzed
by the correlation data of surface pressure-mean molecular
areas isotherms. In addition to these, the surfacemorphology
features of mixed DPPC-CUR monolayers were observed
with AFM. This research will help us obtain an insight into
the biological activity of CUR in the biomedical field.
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2. Experimental Details

2.1. Materials. 1,2-Dipalmitoyl-sn-glycero-3-phosphocho-
line (DPPC) and curcumin (CUR) were purchased from
Sigma-Aldrich Chemical Company, and both of them were
used without further purification. DPPC and CUR were
dissolved in chloroform/methanol (3 : 1, v/v) mixture and
methanol solution (due to the low solubility of CUR in water)
at a concentration of 0.1mg/mL, respectively. Chloroform
and methanol were also purchased from Sigma-Aldrich
Chemical Company. For all the experiments, ultrapure water
(resistivity = 18MΩ cm) was employed for the subphase and
cleaning the trough.

2.2. 𝜋-𝐴 Isotherms of Mixed Monolayers. Certain volumes
of the two solutions were dropped onto the surface of the
subphase with a Hamilton microsyringe. The mixed DPPC-
CUR monolayers with different mole fractions of CUR were
obtained using a computer-controlled commercial device
(Minitrough, KSV, Helsinki, Finland) with two symmetric
moving barriers at a constant rate of 1mm/min [13, 14]. After
15min of evaporating the organic solutions and equilibrating
the monolayer, the barriers were compressed. The Wilhelmy
plate technique would help us record the surface pressure
accurately, and these data were simultaneously recorded by
the computer [15, 16]. In addition, the Langmuir-Blodgett
technique was used to transfer mixed DPPC-CUR mono-
layers onto freshly cleaved micas at the surface pressure of
15mN/mwith a vertical pullingmethod at a constant transfer
velocity of 0.5mm/min,whichwas used as a one-layer LBfilm
for atomic force microscopy (AFM) observation [17]. Every
experimental test was repeated at least three times to obtain
good reproducibility. All measurements were carried out at
the temperature of 291 ± 1 K.

2.3. Atomic Force Microscopy (AFM) Observation. The sur-
face morphology features of mixed DPPC-CUR monolayers
with different mole fractions of CUR were directly visualized
by using an SPM-9500-J3 AFM (Shimadzu Corporation,
Japan) in the tapping mode. The AFM images (512 × 512
points per line) in height mode were collected at a scan-
ning rate of 1.0Hz using a micro-V-shaped cantilever probe
(Olympus Corporation, Japan). The nominal spring constant
of the probe was 0.06N/m. The probe was made of Si3N4
[13, 18]. Allmeasurementswere carried out at the temperature
of 291 ± 1 K.

3. Results and Discussion

3.1. 𝜋-𝐴 Isotherms at Discrete Mole Fractions at Air-Water
Interface. The surface pressure (𝜋)-mean molecular area (𝐴)
isotherms of mixed DPPC/CUR monolayers with various
mole fractions of CUR (𝑋CUR = 0, 0.2, 0.4, 0.6, 0.8, and 1)
at the air-water interface are shown in Figure 2.The isotherm
of pure DPPCmonolayer showed its inherent characteristics;
for example, there was a main transition at ∼8mN/m, and
the collapse surface pressure was ∼65mN/m. All of them
were consistent with the reported literature [19, 20]. From
Figure 2, we observed that the collapse surface pressure was

∼50mN/m for pure CUR.The collapse pressure of pure CUR
was obviously lower than that of DPPC. The reason perhaps
was that the DPPC molecule has a bigger headgroup with
two hydrophobic tail chains, while the structure of the CUR
molecule is symmetrical. From Figure 2, we could also obtain
that the addition of CUR made the curves move towards
the direction of the smaller mean molecular area and the
lift-off molecular area gradually decreased at the same time.
The isotherms of the mixed system appeared in the order
between those of the two pure monolayers. The shape of
isotherms arrayed systematically and the slopes decreased
with the increase of 𝑋CUR (the values of the slopes were
209.86, 189.114, 182.85, 167.80, 131.34, and 119.33, resp., with the
increase of𝑋CUR from 0 to 1).The influence of CUR onDPPC
monolayers was caused by the interaction betweenDPPC and
CUR molecules.

3.2. Miscibility of the Mixed Monolayers. In order to ensure
themiscibility of the two components, we calculated the ideal
values of the molecular area (𝐴 id) of the mixed DPPC-CUR
monolayers. 𝐴 id was calculated from the following equation
[21]:

𝐴 id = 𝐴1𝑋1 + 𝐴2𝑋2, (1)

where 𝐴1 and 𝐴2 are the molecular areas of components 1
and 2 at a definite surface pressure. 𝑋1 and 𝑋2 are the mole
fractions of components 1 and 2 in mixed monolayers. The
information of the miscibility can be obtained by comparing
the deviation between the experimental mean molecular
areas (𝐴exp) and 𝐴 id. If two components are immiscible
or ideally miscible but do not interact, the curve of the
mean molecular areas is a straight line. On the contrary, if
the curve exhibits nonlinear characteristics, it indicates that
the two components are miscible in the mixed monolayer
[22].

Themeanmolecular areas (𝐴exp and𝐴 id) as a function of
the mole fraction of CUR (𝑋CUR = 0, 0.2, 0.4, 0.6, 0.8, and 1)
at different surface pressures (𝜋 = 5, 15, 25, 35, and 45mN/m)
are shown in Figure 3. As can be seen from Figure 3,
the curves of 𝐴exp exhibited nonlinear characteristics for
different surface pressures. It indicated that DPPC/CURwere
considered to be miscible and interacted with each other
at the air-water interface. From Figure 3, we also obtained
that the experimental data were almost in accord with the
theoretical ones at 𝑋CUR = 0.2 for all different surface
pressures. This indicated that the two compositions mixed
may be near ideality. However, the negative deviations from
the ideal mixing lines were observed when 𝑋CUR ≥ 0.4.
This indicated that the two components were miscible easily.
These results suggested that the state of mixed monolayers
may be divided at least into two parts above and below the
mole fraction of 0.4, and the interaction mechanisms were
associated with the composition of monolayers.

The analysis of the excess mean molecular area (Δ𝐴exc)
is an accurate way to study the miscibility of the two
components and the different intermolecular interactions
between the two components in the mixed monolayers. The
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DPPC
0.8DPPC + 0.2CUR
0.6DPPC + 0.4CUR

0.4DPPC + 0.6CUR
0.2DPPC + 0.8CUR
CUR

0

20

40

60

80

Su
rfa

ce
 p

re
ss

ur
e (

m
N

/m
)

20 40 60 80 100 120 1400
Mean molecular area (Å2

)

Figure 2: Surface pressure-area (𝜋-𝐴) isotherms of mixed DPPC-
CUR monolayers.

Δ𝐴exc value at a given surface pressure can be calculated by
the equation [23]

Δ𝐴exc = 𝐴exp − 𝐴 id. (2)

When Δ𝐴exc = 0, this means the two components are
completely immiscible or perfectly miscible. When Δ𝐴exc ̸=
0, this suggests the miscibility of the two components and
different interaction mechanisms occur in the mixed mono-
layers [24].

The Δ𝐴exc values as a function of the mole fraction of
CUR (𝑋CUR = 0, 0.2, 0.4, 0.6, 0.8, and 1) at different
surface pressures (𝜋 = 5, 15, 25, 35, and 45mN/m) are
shown in Figure 4. We found that, for all different surface
pressures, the Δ𝐴exc values were positive at 𝑋CUR = 0.2
and negative at 𝑋CUR ≥ 0.4 within the limit of error. This
indicated that, at low mole fraction of CUR (𝑋CUR = 0.2),
the interactions between like molecules (DPPC-DPPC and

CUR-CUR) were stronger than that between DPPC and
CUR, whichmeant that the two components may bemiscible
difficultly.With the increase of𝑋CUR, the interaction between
DPPC andCURmolecules in themixedmonolayer wasmore
attractive than that between the molecules in their respective
one-component monolayers and the two components were
miscible easily at the interface, which resulted in the decrease
of the mean molecular areas of the mixed monolayers. The
attractive interaction between the two components perhaps
was mainly governed by the hydrogen bonding between the
amino group of DPPC and the hydroxyl groups of CUR.

The negative value of Δ𝐴exc means the presence of CUR
molecules had a contraction effect on the phospholipid
monolayers at the range of 0.4 ≤ 𝑋CUR ≤ 0.8. With the
increase of the surface pressure, the absolute values of Δ𝐴exc
decreased except for the case of 𝑋CUR = 0.8 at 𝜋 = 5mN/m.
When 𝑋CUR = 0.6, the Δ𝐴exc values obtained the minimum
values for all different surface pressures. This meant that
the interaction between DPPC and CUR molecules was
strongest at 𝑋CUR = 0.6 for the same surface pressure. These
results suggested that the interaction between DPPC and
CUR molecules and the intensity of the contraction effect of
CUR on the phospholipid monolayer were associated with
the composition of monolayers and the surface pressure.

In order to study the intensity of the contraction effect
of CUR on the phospholipid monolayer exactly, the percent
of condensation (𝐶%) of the mixed monolayer was used to
evaluate the intensity of the contraction effect. 𝐶% at a given
surface pressure can be calculated by the following equation
[25, 26]:

𝐶% = (𝐴 id − 𝐴exp

𝐴 id
) × 100%. (3)

The negative and positive values of 𝐶% mean the expan-
sion and contraction effect caused by CUR, respectively.
The higher absolute value of 𝐶% represents the stronger
expansion or condensation effect [27]. The data of the mixed
DPPC-CURmonolayers at different surface pressures (𝜋 = 5,
15, 25, 35, and 45mN/m) are presented in Table 1.
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Figure 3:Meanmolecular area as a function of themole fraction of CUR in themixedDPPC-CURmonolayers on water subphase at different
values of surface pressures (𝜋 = 5, 15, 25, 35, and 45mN/m).
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Table 1: The percent of condensation (𝐶%) caused by CUR molecules as a function of mole fraction of CUR at discrete surface pressures.

𝜋 (mN/m)
𝐶%
𝑋CUR

0 0.2 0.4 0.6 0.8 1
5 0 −1.175 13.914 19.648 2.279 0
15 0 −0.117 10.983 23.859 18.925 0
25 0 −1.041 9.143 24.730 21.455 0
35 0 −0.652 9.723 25.922 23.995 0
45 0 −0.333 9.923 26.534 25.437 0
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Figure 4: The excess area (Δ𝐴exc) as a function of𝑋CUR at different
surface pressures (𝜋 = 5, 15, 25, 35, and 45mN/m).

As can be seen from Table 1, when 𝑋CUR = 0.2, the
𝐶% values were negative for all different surface pressures,
which meant the expansion effect caused by CUR, and the
𝐶% value got the minimum (𝐶% = −1.175%) at the surface
pressure of 5mN/m. With the increase of surface pressure,
the 𝐶% values at 𝑋CUR = 0.2 increased to −0.333%. This
indicated that, with the increase of surface pressure, the two
compositionsmixedmay be near ideality in the ordered-tilted
condensed state. The 𝐶% values were positive except for the
case of 𝑋CUR = 0.2. Another interesting thing observed in
Table 1 was that the 𝐶% values at 𝑋CUR = 0.6 were higher
than that at other cases at the same surface pressure and got
the maximum value (𝐶% = 26.534%) at the surface pressure
of 45mN/m. This indicated that when 𝑋CUR = 0.6, the
intensity of the contraction effect reached the extremum at
𝜋 = 45mN/m. The reason perhaps was that the attractive
interaction between the two components was enhanced at
higher surface pressure. The expansion and condensation
effects were sensitive to the physical state of monolayers and
the compositions of mixed monolayers.

3.3. Compressibility Analysis. The compressibility coefficient
(𝐶−1𝑆 ) obtained from 𝜋-𝐴 isotherms is a useful parameter to
characterize the compression elasticity and phase transition

behaviors of the monolayers at the air-water interface under
compression [12, 28]. 𝐶−1𝑆 can be calculated by the following
equation:

𝐶−1𝑆 = −𝐴(𝜕𝜋𝜕𝐴)𝑇 , (4)

where𝐴 represents themeanmolecular area and𝜋 represents
the surface pressure. In general, the higher 𝐶−1𝑆 value means
the monolayer is difficult to compress [29]. According to
the early studies by Davies and Rideal [30], the compress-
ibility coefficient (𝐶−1𝑆 ) is a useful parameter to quantify
the physical states of monolayers. The classification of the
physical states of monolayers is shown as follows: gas (G)
phase (𝐶−1𝑆 < 12.5mN/m), liquid expansion (LE) phase (𝐶−1𝑆 :
12.5–50mN/m), liquid (liquid expansion/liquid condensed
coexistence (LE/LC)) phase (𝐶−1𝑆 : 50–100mN/m), liquid con-
densed (LC) phase (𝐶−1𝑆 : 100–250mN/m), and condensed (C)
phase (𝐶−1𝑆 > 250mN/m) [29, 30]. The minima of 𝐶−1𝑆 corre-
spond to the phase transition point of lipid monolayers [13].

The compression elasticity-surface pressure (𝐶−1𝑆 -𝜋)
curves obtained from 𝜋-𝐴 isotherms are presented in
Figure 5. We could see that the maximum of 𝐶−1𝑆 of the
pure DPPC monolayer was 216.32mN/m and two minimum
values on the curve were observed at the surface pressures of
∼8mN/m and ∼15mN/m (Figure 5(a)), which corresponded
to the phase transitions from liquid expansion (LE) to liquid
expansion (LE)/liquid condensed (LC) coexistence phase and
LE/LC to LC phase, respectively. The phase transition point
of LE to LE/LC phase moved towards the direction of lower
surface pressurewith the increase of𝑋CUR (up to 0.2) (Figures
5(a) and 5(b)). When 𝑋CUR ≥ 0.4, the phase transition point
from LE/LC to LC phase disappeared. When 0.4 ≤ 𝑋CUR ≤
0.8, two minimum values were observed on each curve,
which corresponded to the phase transitions from gas (G)
to LE phase and LE to LE/LC phase, respectively (Figures
5(c), 5(d), and 5(e)). In the case of CUR alone, we found that
there was only a minimum value at ∼4mN/m (Figure 5(f)).
This indicated that the phase transition from G to LE phase
occurred under compression. The phase transition points
of mixed monolayers from G to LE phase moved towards
the direction of higher surface pressure with the increase of
𝑋CUR. These results also indicated that the mixed monolayer
state was divided into two parts above and below the mole
fraction of 0.4. When 𝑋CUR < 0.4, the isotherms of mixed
monolayers followed the pattern of pure DPPC monolayer,
while followed the pattern of CUR when 𝑋CUR ≥ 0.4. In
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Figure 5: The surface compression elasticity of mixed DPPC-CUR monolayers as a function of surface pressure for discrete𝑋CUR.
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Figure 6: The excess Gibbs free energy (Δ𝐺ex) values of the mixed
DPPC-CURmonolayers at the air-water interface at discrete surface
pressures.

addition, the maximum value of 𝐶−1𝑆 (𝐶−1𝑆 max) decreased
from 216.32 to 140.56mN/m with the mole fraction of CUR
increasing from 0 to 0.8. This indicated that the addition of
CUR to the lipid monolayers made the monolayers more
disordered, and the compressibility of monolayers gradually
increased. It was also worth noting that the 𝐶−1𝑆 max value was
161.46mN/m for pure CUR monolayer, which was higher
than the case of 𝑋CUR = 0.8. These results obtained from
𝐶−1𝑆 -𝜋 curves indicated that the compression elasticity and
phase transition behaviors of mixed monolayers were closely
related to the interaction betweenDPPC andCURmolecules.

3.4. Thermodynamic Stability Analysis of the Binary Mono-
layers. The excess Gibbs free energy (Δ𝐺ex) was used to
quantitatively analyze the information of the thermodynamic
stability of mixed monolayers; Δ𝐺ex can be calculated from
the following equation [31, 32]:

Δ𝐺ex = ∫𝜋
0
[𝐴exp − (𝑋1𝐴1 + 𝑋2𝐴2)] 𝑑𝜋, (5)

where𝐴exp represents the experimentalmeanmolecular area.
𝐴1 and 𝐴2 denote the mean molecular areas of components
1 and 2 at a definite surface pressure, respectively. X1 and
X2 are their mole fractions of components 1 and 2 in mixed
monolayers.𝜋 is the surface pressure ofmonolayers. IfΔ𝐺ex =0, this means the two components are ideally mixed or totally
immiscible. The negative value of this parameter means that
the two components are miscible easily at the interface and
the attractive interaction between the two molecules makes
the mixed monolayers stable. On the contrary, the positive
value means the mixed monolayers have lower thermody-
namic stability [23, 33]. The minimum of Δ𝐺ex indicates the
highest thermodynamic stability of the mixed monolayer in
comparison with other monolayers.

TheΔ𝐺ex values as a function of themole fraction of CUR
(𝑋CUR = 0, 0.2, 0.4, 0.6, 0.8, and 1) at a series of discrete

surface pressures are presented in Figure 6. Positive values
were obtained in the case of 𝑋CUR = 0.2 for all different
surface pressures, andΔ𝐺ex values increasedwith the increase
of surface pressure.This indicated that themixedmonolayers
had low thermodynamic stability. The Δ𝐺ex values were all
negative at the range of 0.4 ≤ 𝑋CUR ≤ 0.8 and became
more negative with the increase of surface pressure. This also
indicated that the increase of surface pressure resulted in the
enhancement of the attractive interactions between DPPC
and CUR molecules. The thermodynamic stability of the
mixed monolayers was higher than that of pure monolayers
and themixedmonolayer of𝑋CUR = 0.2. Attention should be
paid to the case of 𝑋CUR = 0.6; the minimums of Δ𝐺ex were
got at the same surface pressure for all mixtures.This revealed
that the hydrogen bonding between the two components was
strongest at 𝑋CUR = 0.6, which made the mixed monolayer
have the highest thermodynamic stability.

The regular solution theory (RST) was applied to fur-
ther analyze the thermodynamic information of the mixed
monolayers in more detail [34]. From the values of Δ𝐺ex, the
interaction parameter 𝜉 and activity coefficients 𝛾𝑖 of DPPC
and CUR at a given surface pressure can be calculated by the
following equations [23, 34, 35]:

𝜉 = Δ𝐺ex
𝑅𝑇 (𝑋1𝑋22 + 𝑋2𝑋21) =

Δ𝐺ex
𝑅𝑇𝑋1𝑋2 ,

ln 𝛾1 = 𝜉𝑋22,
ln 𝛾2 = 𝜉𝑋21,

(6)

where𝑅 is the Boltzmann constant,𝑇 is the absolute tempera-
ture, and𝑋1 and𝑋2 denote themole fractions of components
1 and 2 in the mixed film. The interaction parameter 𝜉 is a
measurement of the cohesive forces between different mole-
cules [36, 37]. The negative value of 𝜉 denotes a stronger
attractive interaction between the two molecules while the
positive value of 𝜉 means a stronger repulsive interaction
between like molecules [38]. The bigger absolute value of 𝜉
means the stronger interaction between molecules.

The interaction parameter 𝜉 and the activity coefficients 𝛾𝑖
of DPPC and CUR as a function of 𝑋CUR at different surface
pressures are shown in Figures 7 and 8, respectively. From
Figure 7, we could see that, for all pressures, the 𝜉 values
were all positive at 𝑋CUR = 0.2 and all negative at 0.4 ≤
𝑋CUR ≤ 0.8, respectively. The positive values at 𝑋CUR =
0.2 suggested that the repulsive interactions between like
molecules (DPPC-DPPC and CUR-CUR) were stronger than
that between DPPC and CURmolecules in the mixed mono-
layer, which resulted in the low thermodynamic stability of
the mixed monolayer. However, the negative values at the
range of 0.4 ≤ 𝑋CUR ≤ 0.8 indicated that the interaction
between DPPC and CUR in mixed monolayers became more
strongly attractive compared with the interactions between
likemolecules (DPPC-DPPC andCUR-CUR) in their respec-
tive one-component monolayers. Another interesting thing
observed in Figure 7 was that, at the same𝑋CUR, the absolute
values of 𝜉 increased with the increase of surface pressure.
This also indicated that the interaction between molecules
became stronger in the ordered-tilted condensed state. In
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Figure 7: Interaction parameter (𝜉) of DPPC-CUR monolayers
versus𝑋CUR at discrete surface pressures.

addition, the absolute value of 𝜉 at𝑋CUR = 0.6was the highest
for all mixtures at the surface pressure of 45mN/m. This
suggested that when 𝑋CUR = 0.6, DPPC could interact most
attractively with CUR in the ordered-tilted condensed state.
These results were consistent with the above analysis. This
situation could also be reflected by the activity coefficients. In
general, if two molecules are noninteracting, surface activity
coefficients will be equal to unity (𝛾1 = 𝛾2 = 1) [39]. From
Figures 8(a) and 8(b), we could observe that 𝛾DPPC values
were very close to one (unity) at 𝑋CUR = 0.2 and then
markedly decreased with the increase of 𝑋CUR from 0.4 to
0.8 for the same surface pressure. However, the 𝛾CUR values
decreased to a minimum value (up to 𝑋CUR = 0.4) and then
increasedwith the increase of𝑋CUR. At𝑋CUR = 0.8, 𝛾CUR was
almost equal to one (unity) for the same surface pressure.The
values of 𝛾DPPC and 𝛾CUR decreased with the increase of sur-
face pressure for all 𝑋CUR, which meant that the inter-
molecular interactions between DPPC and CUR strengthen
with the improvement of surface pressure. An ordered-tilted
condensed state provided a better interaction environment.
For the cases of 𝑋CUR = 0.6 and 0.8, 𝛾DPPC = 0.32 and
0.13 while 𝛾CUR = 0.61 and 0.88 at the surface pressure of
45mN/m, respectively. This revealed that DPPC and CUR
exhibited an attractive interaction with each other, especially
at𝑋CUR = 0.6. DPPCmolecules (as the minority) couldmost
attractively interact with CUR molecules (as the majority) at
𝑋CUR = 0.8 compared with single component monolayer.

3.5. Two-Dimensional Phase Diagrams. The two-dimen-
sional phase diagram is a significative method to learn the
thermodynamic information related to the phase behavior
of the Langmuir monolayer. The two-dimensional phase
diagrams of two-dimensional systems are constructed by
using the data of the disordered/ordered transition pressure
(𝜋eq) and the monolayer collapse pressure (𝜋𝑐) obtained
from the 𝜋-𝐴 isotherms [39, 40]. The changes of the phase

diagrams of DPPC-CUR system at various molar fractions of
CURare shown in Figure 9.The linear distribution of𝜋eqwith
the change of molar fractions of CUR indicated that DPPC
and CUR molecules were miscible in the mixed monolayers
[18]. Under the assumption of a regular surface mixture,
the following Joos equation can theoretically simulate the
coexistence phase boundary between orderedmonolayer (2D
phase) and bulk phases (3Dphase) ofmolecules spread on the
surface [39–41]:

1 = 𝑋1𝑒(((𝜋𝑐,𝑚−𝜋𝑐,1)/𝐾𝑇)𝜔1)𝑒[𝜉(𝑋1)2]

+ 𝑋2𝑒(((𝜋𝑐,𝑚−𝜋𝑐,2)/𝐾𝑇)𝜔2)𝑒[𝜉(𝑋2)2],
(7)

where 𝑋1 and 𝑋2 denote the mole fractions of components
1 and 2 in the given binary mixed monolayers, respectively.
𝜋𝑐,1 and 𝜋𝑐,2 represent the corresponding collapse pressures
of components 1 and 2. 𝜋𝑐,𝑚 represents the collapse pressure
of the mixedmonolayer at a given composition of𝑋1 and𝑋2.𝜔1 and 𝜔2 are the corresponding limiting molecular areas of
components 1 and 2 at the collapse points, respectively. 𝜉 is the
interaction parameter. 𝐾 and 𝑇 are the Boltzmann constant
and the temperature in Kelvin, respectively. The interaction
parameter 𝜉 can be used to obtain the interaction energy
(−Δ𝜀) [35, 42]:

−Δ𝜀 = −𝜉𝑅𝑇𝑧 , (8)

where 𝑧 is the number of nearest neighbors (equal to 6) in a
hexagonal close-packed monolayer.

As can be seen from Figure 9, the phase behaviors of
the mixed DPPC-CUR monolayers can be divided into two
parts: 𝜉 = 1.354 for 0 ≤ 𝑋CUR ≤ 0.2 and 𝜉 = 1.151 for
0.2 < 𝑋CUR ≤ 1. Their interaction energies (−Δ𝜀) were
−545.55 J/mol and −463.76 J/mol, respectively. When −Δ𝜀 <
2𝑅𝑇 (4958.7 J/mol), the two components are miscible in
mixed monolayers [43]. So, DPPC and CUR molecules were
miscible in the mixed monolayers for all various mole ratios.

3.6. AFM Observation. The monolayers were transferred
onto mica substrates at the surface pressure of 15mN/m, and
atomic force microscopy was used to image the topography
of monolayers at the nanoscale level. The AFM images
provide more information about the molecular interactions,
the miscibility of the two components, domain growth, and
phase separation of monolayers at the air-water interface [38,
40]. AFM images of mixed DPPC-CUR monolayers with the
six different mole fractions are shown in Figures 10(a)–10(f).
The structures of the lipid monolayers had changed a lot
with the increase of 𝑋CUR. The observed domain of pure
DPPC monolayer showed a uniform pattern with a mass of
compact platforms and relatively fewer pore-like structures
(Figure 10(a)). When 𝑋CUR = 0.2, some platforms in the
shape of different branches could be seen in the image
(Figure 10(b)). The interactions between DPPC and CUR
molecules made the structure of the platform become small.
As can be seen from the magnified area in Figure 10(b),
a variety of microdomains of complexes appeared in the
observed domain. The 𝜉 and Δ𝐺ex values were positive at
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Figure 8: Activity coefficients (a) 𝛾DPPC and (b) 𝛾CUR of mixed DPPC-CUR monolayers versus𝑋CUR at discrete surface pressures.
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Figure 9: Two-dimensional phase diagrams based on the variation
in phase transition pressure (𝜋eq) and collapse pressure (𝜋𝑐) on pure
water subphase at 291 ± 1 K as a function of 𝑋CUR. The pink line
was calculated according to (7) for 𝜉 = 0. The black and red lines
represent experimental 𝜋eq and 𝜋𝑐 values, respectively. The blue
line was calculated using (7) and was made coincident with the
experimental values by adjusting 𝜉.

𝑋CUR = 0.2 at the surface pressure of 15mN/m. This indi-
cated that the monolayer had poor stability. These results
were consistent with the observation of the AFM image.
When 𝑋CUR = 0.4, the branch-like structures of lipid mono-
layers changed into floriated platform structures, and more
microdomains of complexes appeared in the observed image
(Figure 10(c)). Compared with the case of 𝑋CUR = 0.4,
the observed AFM image showed that the floriated platform
structures changed into smaller microdomains of complexes

when 𝑋CUR = 0.6 (Figure 10(d)). When 𝑋CUR = 0.8, the flo-
riated platform structures almost disappeared and more and
more microdomains of complexes appeared in the observed
domain (Figure 10(e)). This indicated that the thermody-
namic stability of the mixed monolayer at 𝑋CUR = 0.8 was
less than that at𝑋CUR = 0.6. These results revealed that CUR
molecules had a contraction effect on the DPPC lipid mono-
layer. For the case of 𝑋CUR = 1, from the observed image,
we observed that there were no obvious membrane struc-
tures (Figure 10(f)), which may be caused by the structural
property of CUR molecule. From Figures 10(a)–10(e), it was
obtained that DPPC and CURmolecules were miscible in the
mixed monolayers.

CUR has been widely investigated as an important role in
the pharmacological activities because of its low toxicity, low
adverse reactions, and special structure (hydroxyl groups of
the benzene rings, the double bonds in the alkene part, and
the diketone moiety). DPPC is a major component in natural
lung surfactants. In our work, the experimental results
indicated that CUR has an expansion or contraction effect
on DPPC monolayers. In addition, CUR markedly affected
the compressibility, the thermodynamic stability, and the
thermodynamic phase behaviors of themixedmonolayers. At
𝑋CUR = 0.2, the interactions between like molecules (DPPC-
DPPC and CUR-CUR) were stronger than that between
DPPC-CUR. With the increase of surface pressure, the two
compositionsmixedmay be near ideality in the ordered-tilted
condensed state. At 0.4 ≤ 𝑋CUR ≤ 1, the interaction between
DPPC and CUR molecules in the mixed film was more
attractive than that between the molecules in their respective
one-component monolayers, and the two components were
partially miscible at the interface. The reason was that
the interaction between the two components was mainly
governed by the hydrogen bonding between the amino group
ofDPPCand the hydroxyl groups ofCUR.When𝑋CUR = 0.6,
the strongest attractive interaction between CUR and DPPC
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Figure 11: The model of the contraction effect of CUR molecules on the DPPC lipid monolayer.

was obtained at the surface pressure of 45mN/m. This indi-
cated that the interaction mechanism between CUR and
DPPC molecules was sensitive to the components and the
physical states of the mixed monolayers under compression.
A similar behavior was obtained in DPPC/resveratrol mono-
layers [44]. In Hoda et al.’s work, they also obtained that the
interaction ways were sensitive to the physical states of lipid
monolayers [41]. When 0.4 ≤ 𝑋CUR ≤ 1, the attractive
interaction made the thermodynamic stability of the mixed
films higher than that of the pure DPPC monolayer and the
mixed monolayer of 𝑋CUR = 0.2. The model of the contrac-
tion effect of CUR molecules on DPPC lipid monolayer is

shown in Figure 11. The contraction effect made some defect
structures occur in the DPPCmonolayer. The study provides
an important experimental basis and theoretical support for
learning the interactionmechanismbetweenDPPC andCUR
molecules and getting an insight into the biological activity of
CUR in the biomedical field.

4. Conclusion

In this work, the interaction between CUR and DPPC mole-
cules at the air-water interface has been studied by analyzing
the miscibility, the thermodynamic stability, the morphology
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structure, and the two-dimensional phase diagram of the
mixed DPPC-CUR monolayers at different mole ratios. It
was obtained that the interaction between CUR and DPPC
molecules depends on the components of the mixed mono-
layers and the surface pressure under compression. At low
mole fraction of CUR (𝑋CUR = 0.2), the interactions between
like molecules (DPPC-DPPC and CUR-CUR) were stronger
than that between DPPC-CUR. The interaction between
DPPC and CUR molecules in the mixed film was more
attractive than that between the molecules in their respective
one-component monolayers when 0.4 ≤ 𝑋CUR ≤ 1. The
attractive interaction was strongest in the case of𝑋CUR = 0.6.
The addition of CUR improved the surface compressibility of
the mixed monolayers.The two-dimensional phase diagrams
and the interaction energies indicated that DPPC and CUR
molecules were miscible in the mixed monolayers. The
changes of morphology features of the mixed monolayers
obtained from AFM images were consistent with the results
from other experimental parameters. The study provides
important theoretical support and experimental basis for
understanding the mechanism of CUR contact with DPPC
molecules.
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𝑀-plane GaN thin films were grown on LiAlO
2
substrates under different N/Ga flux ratios by plasma-assisted molecular beam

epitaxy. An anisotropic growth of𝑀-plane GaN was demonstrated against the N/Ga flux ratio. As the N/Ga flux ratio decreased
by increasing Ga flux, the GaN surface trended to a flat morphology with stripes along [1120]. According to high-resolution X-ray
diffraction analysis, Li

5
GaO
4
was observed on the interface between GaN and LiAlO

2
substrate. The formation of Li

5
GaO
4
would

influence the surface morphology and crystal quality.

1. Introduction

The wurtzite GaN and its ternary compounds were inves-
tigated widely in the last few decades because of their out-
standing physical stable properties and the potential for high
performance optoelectronic devices [1, 2]. Due to the strong
piezoelectric and spontaneous polarization fields along the 𝑐-
axis of GaN which were attributed to the dipole and stress
asymmetry, the polar 𝑐-plane GaN-based quantum wells
(QWs) suffered from quantum-confined stark effect (QCSE)
in the growth direction. As a result, the band structure
of 𝑐-plane GaN would be modified that further reduced
the overlap of electron-hole wave functions, which were
disadvantages for its optoelectronic performance [3, 4]. In
order to eliminate the effect of QCSE in the growth direction,
a possible solution is to grow nonpolar (e.g.,𝑀-plane and a-
plane) GaN-based QWs [5].

The 𝛾-LiAlO
2
(LAO) substrate, which is tetragonal crystal

structure and belongs to the space group P4
1
2
1
2, is an

ideal substrate for𝑀-plane GaN epitaxial growth. Its lattice
constants are identified as aLAO = bLAO = 0.5169 nm and
𝑐LAO = 0.6268 nm. The LAO substrate shows a greatly small
lattice mismatch with𝑀-plane GaN. The lattice mismatches

between them are −1.7% and −0.3% in [1120] and [0001]
directions of GaN, respectively [6–9]. However, the LAO
substrate is hydrolytic and thermally less stable [10]. It
is difficult to grow high quality 𝑀-plane GaN on LAO
substrates by general growth methods such as metal-organic
chemical vapor deposition (MOCVD) or hydride vapor
phase epitaxy (HVPE), which were processing at more than
1000∘C. In the previous studies, we have grown𝑀-plane GaN
on LAO and misoriented LAO substrates at relatively low
growth temperature growth by plasma-assisted molecular
beam epitaxy (PAMBE) and have found a large anisotropic
growth mechanism and strain within the𝑀-plane GaN films
[11, 12]. In this study, we grew a series of𝑀-plane GaN thin
films (about 80 nm) by PAMBE and investigated their in-
plane anisotropic properties.

2. Materials and Methods

Five samples of 𝑀-plane GaN thin film, labeled as samples
A, B, C, D, and E, were grown on LAO substrates by
PAMBE system with standard effusion cell for Ga evapo-
ration (99.9995% purity) and ultra-high pure nitrogen gas
(99.9999% purity) supplied in a radio-frequency plasma
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Figure 1: RHEED patterns of samples A, B, C, D, and E for [1120] azimuth (a)–(e) and for [0001] azimuth (f)–(j).

source (Veecomodel GEN 930).The 1 × 1 cm2 LAO substrates
were cut from polished 2 inch wafer, and the LAO crystal
ingot was fabricated by using the traditional Czochralski
pulling technique. Before mounting on a holder, the LAO
substrates were degreased with acetone, isopropanol, and
phosphoric acid (H

3
PO
4
: H
2
O = 1 : 30) in an ultrasonic bath

for five minutes sequentially and deionized water for a few
seconds and then driedwith nitrogen gas immediately. Before
epitaxial growth, a thermal treatment, out-gassed at 850∘C for
10 minutes, was introduced to the LAO substrates and then
the Ga wetting layer was performed for 5 minutes at 800∘C
in the MBE growth chamber. The GaN were grown for 30
minutes at 800∘C under different N/Ga flux ratios. The N/Ga
flux ratios of samples A, B, C, D, and E were 60.0, 54.5, 52.2,
50.0, and 45.8 (with the Ga flux were 1.00 × 10−7, 1.10 × 10−7,
1.15 × 10−7, 1.20 × 10−7, and 1.30 × 10−7 torr), respectively. The
N/Ga flux ratios were evaluated from the beam equivalent
pressure of N source against that of Ga source. The in situ
reflection high-energy electron diffraction (RHEED) was
used to characterize the growth of GaN thin films. The sur-
face morphology was obtained by scanning electron micro-
scope (SEM) (JEOL JSM-6330TF). The structural properties
and crystalline preferred orientations were characterized by
high-resolution X-ray diffraction (XRD, Bede D1) using a
SIEMENS D5000 X-ray diffractometer with a Cu anode and
field emission transmission electron microscope (FE-TEM)
(Phillips, model Tecnai F-20) with an electron voltage of
200 kV. The cross-sectional TEM specimens were prepared
by focus ion beam (FIB) (Seiko Inc., model SII-3050). The
optical properties of the samples were analyzed by polar-
dependence photoluminescence (PL) (Horiba, Lab RAMHR
Evolution) spectra which was measured using a continuous
wave He–Cd laser (325 nm).

3. Results and Discussion

Figure 1 shows the RHEED patterns for GaN [1120] and
GaN [0001] azimuth of the samples. The RHEED patterns

of sample A (N/Ga = 60.0) show streaky patterns for [1120]
azimuth in Figure 1(a) and spotty patterns for [0001] azimuth
in Figure 1(f). It indicated the in-plane anisotropic growth:
2D-like growth along [1120] and 3D-like growth along [0001]
of GaN. In addition, the ringed patterns were observed for
both [1120] and [0001] azimuth of sample A. It revealed that
the GaNwas amixed structure, including polycrystalline and
single crystalline. As the N/Ga flux ratio was decreased to
54.5 and 52.2 for samples B and C, the RHEED patterns of
samples B and C exhibit a bright streaky pattern in Figures
1(b), 1(c), 1(g), and 1(h), indicating the growth mechanism of
GaN which trended to 2D-like growth under these growth
conditions. While the ratio kept decreasing, the smeared
streaky patterns were presented for samples D and E, with
the N/Ga ratios of 50.0 and 45.8, as shown in Figures 1(d),
1(e), 1(i), and 1(j), respectively. Since the GaN films were
grown under such low N/Ga flux ratios, the smeared streaky
patterns were induced by excess Ga atoms under the Ga-rich
condition. It was noted in Figure 1(i) that the intensity of
the RHEED pattern for [0001] azimuth of sample D shows
a modulated streaky pattern, which revealed that the growth
condition of sample D (especially in [0001] direction) was
under an intermediate growthmode between 2D-like growth
and 3D-like growth.

The anisotropic growth mechanism could be attributed
to the anisotropic lattice mismatch and thermal expansion
mismatch between𝑀-plane GaN and LAO substrates. Con-
sequently, this anisotropic surface diffusion behavior will be
the longer growth steps in the [1120] direction due to the
lower diffusion barrier and the shorter steps bunching in
the [0001] direction due to higher diffusion barrier [13].
According to the SEM image in Figure 2(a), sample A shows
the morphology of polycrystalline with small grain size
(about 100 nm). Sample Awas grown under the highest N/Ga
ratio (N/Ga = 60.0). Under such high N/Ga flux ratio (low
Ga flux), the LAO substrate would be damaged by the N

2

plasma during growth so that GaN could not be epitaxially
grown on the LAO substrate although we had grown Ga
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Figure 2: SEM images of samples A, B, C, D, and E (a)–(e); the scale bar is 100 nm. SEM image of samples D (left) and E (right) (f); the scale
bar is 10 𝜇m.

wetting layer before grown GaN. As the N/Ga flux ratio was
decreased to 54.5 and 52.2 for sample B and C, the surface of
both samples B and C exhibits a flat morphology with stripes
parallel to [1120], as shown in Figures 2(b) and 2(c), due to
the lower diffusion barrier. We also observed rectangular pits
and cracks in the central area of the SEM images for samples
B and C.Those pits and cracks could be attributed to the GaN
grown on the interstices of Ga droplets. When the Ga wetting
layerwas grownon the LAO substrate for 5minutes, it formed
numerous Ga droplets which did not cover the surface of
LAO substrate completely. Therefore, those uncovered areas
would be damaged by the N

2
plasma, leading to a rough

morphology with pits and cracks. For the sample D (N/Ga
= 50.0), the surface shows a rough morphology with longer
step edges in [1120] direction and shorter step edges in [0001]
direction, as shown in Figure 2(d). Since the N/Ga flux ratio
decreased to 50.0, the growth condition trended to a Ga-rich
regime, resulting in a lot of Ga droplets induced by excess
Ga atoms during growth. Figure 2(f) shows the SEM image,
which was scanned under wider field of view, of sample D
(left side) and sample E (right side). It could be observed that
there were a great amount of Ga droplets on the top.However,
as the N/Ga flux ratio kept decreasing for sample E (N/Ga
= 45.8), the surface presented a flat morphology with stripes
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Figure 3: XRD 2𝜃-𝜔 scan diagrams for [1120] azimuth (a) and [0001] azimuth (b).

parallel to [1120] as shown in Figure 2(e), which was similar
to the morphology of samples B and C. The pits and cracks
were observed on the upper right side of SEM image, as well.

To determine the crystallographic orientation, the sam-
ples were characterized by XRD for different azimuth. Fig-
ure 3 shows the XRD 2𝜃-𝜔 scan diagrams for (a) GaN [1120]
azimuth and (b) GaN [0001] azimuth of the samples. In
the 2𝜃-𝜔 scan diagrams, the highest peak at 2𝜃 = 34.68∘ is
corresponding to the diffraction of LAO (100) and a lower
peak is corresponding to the diffraction of 𝑀-plane GaN
(1100). The diffraction peaks of GaN (1100) of samples A, B,
C, D, and E were 32.2918∘, 32.2809∘, 32.2943∘, 32.2827∘, and
32.2838∘ for [1120] azimuth and 32.3420∘, 32.2692∘, 32.2911∘,
32.2825∘, and 32.2763∘ for [0001] azimuth, respectively. The
shift of the peak position from the theoretical𝑀-plane GaN
diffraction angle (2𝜃Theo = 32.38∘) could be attributed to the
in-plane compressive strain. It should be noticed that there
was a weak peak at 2𝜃 = 36.58∘ in the 2𝜃-𝜔 scan diagrams
for [1120] azimuth of samples B, C, and D, as shown in
Figure 3(a). This peak is corresponding to Li

5
GaO
4
(123) or

Li
5
GaO
4
(312). Under the growth conditions of samples B, C,

and D, a part of LAO would be damaged by N
2
plasma with

the Ga wetting layer, yielding to the formation of Li
5
GaO
4

during the initial of GaN growth. It was found that the
Li
5
GaO
4
peak was the strongest in sample D, which leads to a

rough morphology as shown with SEM image in Figure 2(d).
When the N/Ga flux ratio kept decreasing for sample E, the
growth condition (with N/Ga flux ratio = 45.8) favored the
epitaxial growth ofGaN to suppress the formation of Li

5
GaO
4

during the growth. As a result, the peak of Li
5
GaO
4
became

stronger when the N/Ga flux ratio decreased (samples B,
C, and D) and vanished as the N/Ga ratio decreased to
45.8 (sample E). The XRD 𝜔-scan rocking curve of𝑀-plane
GaN was taken for [1120] and [0001] azimuth as well. The
full width at half maximum values (FWHM) of rocking
curve reflected the quality of samples with overall defect

density and anisotropic mosaicity [14]. The FWHM of 𝑀-
plane GaN for [1120] and [0001] azimuth were shown in
Figure 4. Sample A shows wider rocking curves (FWHM
for [1120] and [0001] azimuth were 2296 arcsec and 4402
arcsec). The wider rocking curve represents a poorer crystal
quality. As the N/Ga flux ratio decreased, the FWHM of
sample B for [1120] and [0001] azimuth were reduced to 1243
arcsec and 1320 arcsec, respectively. However, the FWHM for
[1120] and [0001] azimuth of sample C (sample D) were 1339
(1830) arcsec and 1284 (1360) arcsec, respectively. The poorer
crystal quality of samples C and D could be attributed to the
formation of Li

5
GaO
4
. Since Li

5
GaO
4
could not be observed

in sample E, the FWMH for [1120] and [0001] azimuth were
reduced to 1284 arcsec and 1306 arcsec, which indicated that
the crystal quality was improved when Li

5
GaO
4
was absent.

The high-resolution cross-sectional TEM image of sam-
ple D was taken along [1120], as shown in Figure 5. A clear
interlayer (about 2 nm) was observed between𝑀-plane GaN
and LAO substrate. The interlayer could be attributed to
the self-assemble Li

5
GaO
4
. If the 𝑀-plane GaN samples

were grown under N-rich condition, LAO substrates reacted
under irradiation of N

2
plasma and decomposed into the

binary compounds (i.e., Al
2
O
3
or Li
2
O). Generally, LiXO

2

would transform into Li
5
XO
4
(X = Al, Ga) under the high-

temperature condition or irradiation damage [15, 16]. In
our case, those binary compounds reacted with Ga atoms,
provided by Ga wetting layer and leading to the formation
of Li
5
GaO
4
. As the𝑀-plane GaN was grown under Ga-rich

growth condition by increasing the Ga flux (sample E), the
irradiation damage was prevented resulting in the absence of
Li
5
GaO
4
.

Due to the in-plane strain within the𝑀-plane GaN films,
the maxima of valence bands at the Brillouin-zone center (Γ-
point) are split into three energy levels, that is, heavy hole
(HH), light hole (LH), and spin-orbital crystal-field split-off
hole (SCH) [17]. Under the anisotropic compressive in-plane
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Figure 4: Rocking curve FWHM values of samples A, B, C, D, and E for [1120] azimuth (open square) and [0001] azimuth (solid circle).
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Figure 5: Cross-sectional TEM image of sample D.

strain condition, the energy levels of interband transition
were modified in the order of HH, SCH, and LH versus
conduction band, of which corresponding emission energies
are𝐸
1
,𝐸
2
, and𝐸

3
, respectively [18].The polar-dependence PL

spectra taken at room temperature were shown in Figure 6.
As the polarization angles decreased from 90∘ to 0∘, the
emission transformed from 𝐸

1
to 𝐸
2
. Because sample A was a

polycrystalline structure, the PL spectra of sample A contain
a defect-related emission (2.6∼2.8 eV) and the zinc-blende
(about 3.2 eV) GaN, wurtzite GaN emission (including an
𝑀-plane 𝐸

1
emission peak at 3.4011 eV). The 𝐸

1
emission of

samples B, C, D, and E were 3.4387 eV, 3.4337 eV, 3.4366 eV,
and 3.4368 eV, respectively. The slightly shift of 𝐸

1
emission

could be attributed to the in-plane compressive strain. The
polar-dependence PL spectra support the analyses of XRD
measurements and SEM observations.

4. Conclusion

We have grown five 𝑀-plane GaN thin films on the LAO
substrates under different N/Ga flux ratios by PAMBE.
Because of the anisotropic diffusion mechanism of adatoms,
RHEED patterns show a streaky patterns for [1120] azimuth.
For [0001] azimuth, it shows streaky, spotty, and modulated
streaky patterns for different samples. Under the extreme N-
rich growth condition, LAO substrates would be damaged
by N
2
plasma, leading to a polycrystalline structure. The

crystal quality could be improved and the surface trended
to a smoother morphology by decreasing the N/Ga flux
ratio. As the N/Ga flux ratio kept decreasing, the crystal
quality became poorer and the surface trended to a rough
morphology. The rough morphology and poorer crystal
quality could be attributed to the formation of Li

5
GaO
4

which was observed by the XRD 2𝜃-𝜔 scan diagram for
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Figure 6: Polar-dependence PL spectra of sample A (a), B (b), C (c), D (d), and E (e). The polarization angles were 90∘ (black), 60∘ (red), 30∘
(blue), and 0∘ (dark green), respectively.

[1120] azimuth. The self-assembled Li
5
GaO
4
was formed if

the𝑀-plane GaN films were grown under the intermediate
growth condition between N-rich and Ga-rich, and it could
be suppressed by the growing of𝑀-planeGaN under Ga-rich
condition.
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Dye-sensitized solar cell (DSSC) is a potential candidate to replace conventional silicon-based solar cells because of high
efficiency, cheap cost, and lower energy consumption in comparison with silicon chip manufacture. In this report, mixed-phase
(anatase and rutile nanoparticles) TiO2 photoanode was synthesized to investigate material characteristics, carriers transport, and
photovoltaic performance for future DSSC application. Field-emission scanning electron microscope (SEM), X-ray diffraction
(XRD), photoluminescence (PL), and UV-visible spectroscopy were used to characterize mixed TiO2 particles. Subsequently,
various mixed-phase TiO2 anodes in DSSC devices were measured by electrical impedance spectra (EIS) and energy efficiency
conversion. The overall energy conversion efficiency of DSSC chip was improved as a result of the increase of rutile phase of
TiO2 (14%) in anatase matrix. Synergistic effects including TiO2 crystallization, reduction of defect density level in energy band,
longer lifetime of photoexcited electrons, and lower resistance of electron pathway all contributed to high efficiency of light energy
conversion.

1. Introduction

Significant demand for energy gives rise to the depletion of
fossil resources, global warming, and climate change; thus
energy substitutes are always urgent mission to protect living
condition without losing life convenience and economic
benefits. Among all alternatives, dye-sensitized solar cells
(DSSCs) with simple structure and acceptable conversion of
sunlight into electricity with low cost and high efficiency have
attracted much attention. Traditionally, TiO2 semiconductor
acting as anode electrode is attached to sensitizer ruthenium
dye and is involved in volatile liquid electrolyte containing
I−/I3-redox couple and counterelectrode to form a complete
DSSC cell [1–3]. Therefore, the DSSC performance strongly
depends on the TiO2 characteristics such as its morphology,
phase compositions, and other properties [4, 5]. Recently,
many studies have offered one-dimensional TiO2 nanoma-
terials such as nanowires and nanotubes which offer high
surface-to-volume ratio in the structure of TiO2 photoanode
because abundant dye can be loaded on the TiO2 photoanode
surface to maximize the amount of photogeneration [6]. In
efficient DSSC operation, one cycle of photon-to-electricity

conversion is completed by fast electron injection from
a photoexcited dye into the TiO2 conduction band and
subsequently dye regeneration and holes transportation to
the counterelectrode. Lower resistance of charge pathways
and electron-hole recombination rate of photogenerated
carriers are necessary for longer electron diffusion length
and extending lifetime in TiO2 photoanode and to obtain
good collection efficiency [7, 8]. Therefore, the TiO2 semi-
conductor with adequate band gap and pathway resistance
of electron transport plays an important role in obtaining
the most efficient DSSCs. Although 1D of nanocrystalline
TiO2 is preferred to act as photoanode by proposing enough
dye attaching, well order and good arrangement patterns are
difficult to fabrication using low cost process. Besides, mini-
mized interfacial charge recombination has to be considered
during carrier transport and final conversion efficiency. To
decrease interfacial recombination and increasing electron
lifetime, metal oxides of core shell 1D configuration on
top of the transparent TiO2 film have been investigated
using ZrO2 and ZnO. In order to adjust conduction band
position, overcoat materials Mg(OH)2, Zn(OH)2 proposed
more negative conduction band in comparison with TiO2;
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thus these metal hydroxides were applied as a blocking TiO2
layer at the FTO/TiO2 interface to decrease electron leakage.

Due to themultiplicity of semiconductor TiO2, there have
many fabrication methods to decorate the TiO2 photoelec-
trode by changing TiO2 characteristics in order to enhance
cell conversion efficiency [9, 10]. For instance, a mixture of
TiO2 nanoparticles with different size, phase composition,
and morphology result in conversion efficiency because of
the light scattering and the facile electron transport [11,
12]. Alternatively, metal decoration of TiO2 photoanodes
by tailoring photoanode properties, redistributing defects,
and trapping levels in the band gap enables changing the
conduction band position [13–15]. However, metal-decorated
TiO2 suffers from thermal stability issue which is worse
for electron-hole recombination. Oppositely, nitrogen and
carbon doping on TiO2 can eliminate oxygen vacancies and
surface-deficiency-related defects and results in lower resis-
tivity and contact resistance on the carrier transport pathway.

In previous works, we concentrated on the mixture of
core shell structures of TiO2 nanotube with nanoparticles
and then presented the electron transport behavior related to
DSSC conversion efficiency. Different shapes of conduct car-
rier transport behaviors in TiO2 photoanode were discussed.
TiO2 phase is controlled at around 500

∘Cby sintering process
and the results demonstrate that sintering treatment can
significantly affect crystal nanoporous TiO2 photoanode for
DSSCs. In this study, we investigate the photovoltaic behavior
using mixed-phase TiO2 structure as anode in DSSC cell. It is
well known that TiO2 has three polymorphs phases in nature:
rutile, anatase, and brookite; the band gap of rutile phase and
anatase phase are 3.0 eV and 3.2 eV, respectively. By mixing
the different contents of rutile phase into anatase matric
and coating it on FTO-glass substrate to be photoanode, the
cell employing the composited photoanode was investigated
to find out the conversion efficiency of DSSC by material
properties, carrier transport, and EIS measurement.

2. Materials and Methods

Prior to the fabrication of the TiO2 photoanodes, fluorine
doped tin oxide (FTO) glass substrates were cleaned by the
same volume ratio of acetone and isopropyl alcohol mixture
in an ultrasonic water bath for 30min. To prepare TiO2
nanoparticle paste, Degussa-P25 (anatase: 80%, rutile: 20%)
powder and P90 (anatase: 90%, rutile: 10%) powder acting as
TiO2 precursors were mixed with specific contents to meet
experimental design. First, 1 g of polyethylene glycol (PEG)
was hydrolyzed in 3mL of deionized water under stirring at
room temperature for 15min. Second, separately P25 and P90
mixtures (w/w = 0%/100%, 30%/70%, 50%/50%, 70%/30%,
100%/0%) were add to PEG colloids, to obtain rutile weight
percent from 5% to 15% which was denoted as R5, R9, R10,
R14, and R15, respectively. Then, colloid was stirred at room
temperature for 8 h. To prepare TiO2 photoanodes, first, spin
coat FTO glass with TiCl4 and anneal substrate at 80

∘C for 50
minutes. Second, 10 um∼14 um of synthesized mixed-phase
TiO2 nanoparticle paste was formed on substrate using a
glass rod. All as-prepared TiO2 photoanodes were calcined at
450∘C for 30min in air atmosphere to form microstructure.

An active area of 0.5 cm × 0.5 cm was selected from the
TiO2 photoanode and immersed in a 3.0 × 10−3M solution of
the ruthenium based dye [RuL2(NCS)2] TBA2 for overnight,
where Ru is ruthenium, L represents 2,2-bipyridyl-4,4-
dicarboxylic acid, NCS stands for isothiocyanate, and TBA
is tetrabutylammonium (N719 dye, Everlight Chemical, Tai-
wan).The specimenswere washedwith ethanol after immers-
ing in N719 dye solution. A thin Pt sputtered on an FTO
glass was used as the counterelectrode. The iodide/tri-iodide
(I−/I3

−) electrolyte (lodolyte R-150) was cast into the dye
absorbed TiO2 electrodes. The TiO2 photoanode and the Pt
coated cathode were clamped together in order to assemble
the DSSC devices. The film morphology was observed by
field-emission scanning electron microscope (FESEM). The
crystalline phases of the obtained titanium electrodes were
characterized by X-ray diffraction (XRD) radiation at scan-
ning rate of 0.01 deg/min from 2𝜃 = 5∘ to 60∘ and Raman
spectroscopy from wavelength = 100 to 2000 cm−1. The
photovoltaic characteristics of DSSC devices were measured
by an electrochemical analyzer under a standard AM 1.5
sunlight illumination with 100mW/cm2 light source. The
electrical impedance spectra (EIS) were also measured in the
range of 0.01Hz to 100 kHz using the same equipment and
setup. To obtain the information about band gap energy of
the as-synthesized nanoparticle, spectrum has been recorded
using UV/vis spectrophotometer. Photoluminescence (PL)
spectroscopy was used to obtain the information about
defects of the as-synthesized nanoparticle.

3. Results and Discussion

Characteristics of crystal TiO2 photoanode, resistance of
carrier pathway, EIS curves, and photovoltaic results are
overall discussed by the integrated DSSC cell.

3.1. Mixed TiO2 Photoanode Morphology and Properties. To
investigate morphology of various rutile contents and ensure
good adhesive interface betweenmixed TiO2 nanocomposite
and FTO before applying to DSSC, the mixture was used to
be verified by SEM. Figure 1 shows the top-view SEM images
of TiO2 nanoparticles. It can be seen that TiO2 nanoparticles
with approximate spherical shape has an average particle
size around 20–30 nm of R5 and random size distribution
from 30 nm to 70 nm in R9 to R15, respectively. The average
particle aggregates as the rutile phase increases. Figure 2
shows XRD diffraction patterns of synthesized TiO2 after
sintering at 450∘C which were used to investigate the crystal-
lization degree, compositions, and grain size. Moreover, peak
patterns can be used to estimate the anatase content in the
nanostructured using the following equation:

𝐶A =
𝐴A

𝐴A + 1.265 × 𝐴R
× 100%, (1)

where 𝐶A is the anatase content in the TiO2 and 𝐴R and 𝐴A
are the areas covered by rutile peak (110) and anatase peak
(101) in the XRD pattern, respectively. In Figure 2, R15 peak
simultaneously shows anatase (101) and rutile (110) planes
that imply the anatase and rutile phase are well-crystallized
due to sharp diffractions. In contrast, R5 only has the sharp
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Figure 1: SEM images of the photoelectrodes top view: (a) R5, (b) R9, (c) R14, and (d) R15.
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Figure 2: XRD patterns of TiO2 nanoparticles.

diffraction pattern associated with anatase (101) crystal plane
and broad diffraction from the rutile (110) plane illustrates a
relatively low degree of crystal structure of the rutile TiO2.
Besides, the grain size was determined from the width at half
maximum of the (101) anatase peak according to the Scherrer
formula:

𝐷 =
0.9𝜆

𝑤 × cos 𝜃
, (2)

Table 1: Value of the grain size and the rutile content of TiO2
photoanodes.

Grain size (nm) Rutile content
R5 11.78 5.29%
R9 14.89 8.97%
R10 16.47 10.34%
R14 18.12 13.89%
R15 19.46 15.04%

where 𝜆 is the X-ray wavelength, 𝑤 is width at half maxi-
mum peak, and 𝜃 is peak position. Grain size is gradually
agglomeration from 11.8 nm to 19.5 nm by increasing rutile
content. Synthesized TiO2 nanocomposite was coated on
fluoride-doped tin oxide (FTO) conducting glasses acting as
photoanode. Table 1 shows the results of different amount
of the rutile phase and grain size in anatase matrix. The
mixtures contain various ratios of rutile phase in anatase
matrix which are denoted from R5 to R15, respectively, where
the numbers represent the rutile content. Photoluminescence
(PL) is a common method to analyze the characteristics
of photogenerated charge trapping and carrier separation
behavior, and the PL emissions result from the recombination
of photogenerated charge carriers. In this work, the PL
spectra excited by 325 nm light source was used to express
the deficiency in TiO2 nanoparticles. As shown in Figure 3,
three main signal peaks are found at 395 nm, 470 nm, and
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Figure 3: PL spectra of TiO2 specimens.

545 nm. A peak centered at 395 nm is found among all
samples which results from the transient of shallow donor
level in forbidden gap. It is speculated that electron-trapped
oxygen vacancy that formed shallow energy levels is located
at forbidden gap andnear conduct band, resulting in emission
at near 395 nm wavelength [16]. These defect levels as well
as surface states can act as chemisorptions of oxygen which
control electron scavenge on the photoanode TiO2 surface
[17]. Both R15 and R14 show lowest peak intensity at 395 nm,
indicating lower electron-trapped oxygen vacancy of defect
state level in band gap. Because the PL spectra of TiO2 are
sensitive to the prepared conditions and crystal characteristic,
sample R5 related to high lower crystalline could intrinsically
chemosorb oxygen molecular and exhibit high intensity at
peak 395 nm among all samples. The peak at 395 nm related
to electron-trapped oxygen vacancy is the dominant factor
to affect carrier transport in DSSC operation. A peak around
545 nm is attributed to the relaxation of self-trapped exciton
which is thought to be electron-hole recombination rate in
TiO2 structure. To be noted that this recombination within
TiO2 photoanode is not major dominant rule in DSSC
performance. A sharp peak at around 465 nm was found
among all samples; the back-electron transfer at the interface
of TiO2 photoanode electrolyte is illustrated to be the main
recombination pathway in deteriorating the DSSC efficiency.
Higher rutile content proposes lower defect state levels in
band gap [18, 19].UV-vis spectraweremeasured to investigate
the effect of rutile content on the optical properties in anatase
TiO2 matrix. Different rutile contents in anatase matrix are
denoted as R5, R9, R10, R14, and R15, respectively. Figure 4
indicates that the absorption edges of synthesized TiO2
materials were successfully extended to the visible region.
All samples exhibit optical absorption below 400 nm which
is attributed to the band-to-band electron transition in the
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Figure 4: UV-vis spectra of TiO2 photoanodes.

TiO2 nanocrystals related to its band gap energy near 3.1 eV.
It can be observed that the absorption thresholds at 400 nm
for R5 samples are slightly blue-shifted compared to that of
R15 one and the degree of blue shift slightly increases with
the amount of rutile content. The integral band gap energy
agrees with the full width at half maximum (FWHM) shown
in Figure 2 XRD pattern, meaning the smaller FWHM has
the better conductivity, and proposes narrowband gap energy
[20, 21].

3.2. Photovoltaic Results of DSSC. The photovoltaic char-
acteristics of DSSC were measured under the intensity of
100mW/cm2 simulated solar light. The overall solar conver-
sion efficiency (𝜂) is a product of the short-circuit current
density (𝐼SC), the open-circuit photo voltage (𝑉OC), and the
fill factor (FF), according to

𝜂 =
𝐼SC × 𝑉OC × FF
𝑃in

, (3)

where 𝑃in is the total light incident on the cell (100mW/cm2).
Figure 5 shows the 𝐽-𝑉 curve; the values of the photo-
voltaic (PV) parameters including open-circuit voltage (𝑉OC),
photocurrent (𝐽SC), fill factor (FF), and energy-conversion
efficiency (𝜂) are summarized in Table 2. The fill factor is
the ratio of the maximum cell power to the product of
𝐼SC and 𝑉OC. It can be seen from Table 2 that the highest
overall efficiency (3.82%) was obtained at R14 and the cell
performance was enhanced by rutile content (R14 > R15 >
R10 > R9 > R5) until 14% of rutile content. Too much of
rutile content is not good for energy-conversion efficiency.
The synergistic effect between the anatase and rutile phases
occurs in R14, suggesting that an optimal rutile percentage
near 14wt% obtains the best performance by mixed-phase
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Table 2: Summary of photovoltaic parameters on DSSC under
stimulated sunlight.

𝐽SC (mA cm−2) 𝑉OC (V) THK (um) FF 𝜂 (%)
R5 4.544 0.761 9.6 0.7 2.4
R9 4.812 0.84 10.2 0.7 2.7
R10 5.34 0.807 12 0.7 3.01
R14 6.776 0.821 14 0.7 3.82
R15 6.812 0.825 10.5 0.6 3.42
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Figure 5: 𝐽-𝑉 plotsmeasured by various TiO2 photoanodes ofDSSC
devices.

DSSCs. It highlights the existence of a synergistic effect
between the mixture TiO2 photoanode in DSSCs. It is
known that efficiency of electron transfer is determined from
the degree of recombination rates and pure rutile displays
photocatalytic inactive due to high recombination center
compared to anatase. By decorating rutile content in anatase
matrix, slight rutile crystallizes and the defect state relating
to electron-trapped oxygen vacancy and electron scavenge
decreases. Therefore, the present rutile content prompts
electron transfer from rutile to anatase lattice trapping sites,
future inhibiting electron/hole recombination occurrence
[22, 23]. Figure 6 shows the schematic drawing of the energy
diagram, illustrating the pathway of excited photoelectrons
injection from the dye to the rutile conduction band, passing
through anatase trapped level in the band gap and arriving at
photoanode surface [24].

3.3. Parameters of Electron Transport Determined by EIS.
There are three types of impedance and electron pathway
in DSSC system including the recombination in TiO2-
electrolyte dye and proposed carriers transport pathway. The
total impedance (𝑍𝑆) of the DSSC is given by the sum of the

Rutile Anatase

Dye 

Light
CB

VB

Surface

Defect density state

h
−

e
−

Figure 6: Carriers transport paths of anatase and rutile phases TiO2.

summation of impedance of diffusion and recombination in
TiO2 photoanode (𝑍𝑇), impedance at Pt electrode/electrolyte
interface (𝑍𝑃), and impedance of tri-iodide diffusion in
the electrolyte (𝑍𝑁). The impedance of 𝑍𝑇 consists of 𝑅𝑊
and 𝑅𝐾, which represents electron transport resistance in
TiO2 photoanode and charge-transfer resistance related to
electrons recombination with electrolyte, respectively. All
electron transport parameters on DSSC including charge-
transfer resistance (𝑅𝑘), electron density (𝑛𝑠), and electron
life time (𝜏) on conduction band are evaluated by EIS
measurement. Figure 7(a) shows the typical experimental
spectra of Nyquist plot; each sample contains three arcs
(𝜔1, 𝜔2, 𝜔3) corresponding to charge transport within Pt
counterelectrode and electrolyte interface, TiO2 photoanode-
electrolyte-dye system, and diffusion of tri-iodide ions in the
electrolyte, respectively [25]. The 𝑅𝑘 value is estimated from
the diameter of central arc𝜔2. Moreover, at the steady state,
electron density 𝑛𝑠 value in the conduction band is calculated
as the following equations:

Con = 𝐿 × 𝐾eff × 𝑅𝑘,

𝑛𝑠 =
𝐾𝐵𝑇

𝑞2 × 𝐴 × Con
.

(4)

Here 𝐿, 𝐾eff , 𝑞, 𝐴, 𝑛𝑠, 𝐾𝐵, and 𝑇 represent photoanode
TiO2 thickness, peak frequency of the central arc𝜔2, the
charge of an electron, electrode area, electron density in the
conduction band, Boltzmann constant, and absolute tem-
perature. The life time (𝜏) of photoinjected electrons within
TiO2 photoanode is calculated as 1/2𝜋𝑓 and the highest
peak frequency 𝑓 is obtained via the Bode plot shown in
Figure 7(b) whose frequency ranges from 1 to 100Hz. Table 3
summaries EIS parameters of all samples. Because higher
𝑅𝑘 value could suppress the back-electron recombination at
the TiO2 photoanode/electrolyte interface and then increases
𝑉OC, in contrast, surface state and oxygen vacancy acting as
recombination pathway could simultaneously decrease 𝑅𝑘.
Although R5 is composed of high 𝑛𝑠 value on conduction
band and longer 𝜏, lower 𝑅𝑘 value 34.9Ω deteriorates the
efficiency of energy conversion due to lower 𝑉OC of back-
electron recombination. It consists with photoluminescence
result that lower surface state and oxygen vacancies contained
in high rutile content samples, >14% rutile content in anatase
TiO2, obtain high electron life time, smooth migration, and
density in CB; simultaneously the higher 𝑅𝑘 facilitates the
higher 𝑉OC and 𝐽SC values; thus the highest efficiency of
energy conversion is achieved. Rutile content may affect
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Figure 7: (a) Nyquist plots corresponding to specific resistance in photoanode/electrolyte/dye system. (b) Bode plots related to peak
frequency.

Table 3: EIS measured results of various TiO2 photoanodes on
DSSC devices.

𝑅𝑘 (Ω) 𝜏eff (ms) 𝑛𝑠 (cm
−3)

R5 34.9 7.5 9.37 ∗ 1017

R9 39.47 9.13 6.70 ∗ 1017

R10 40.16 6.19 6.00 ∗ 1017

R14 42.18 11.08 1.53 ∗ 1018

R15 45.65 11.08 9.94 ∗ 1017

relative location of rutile conduction band to anatase trapping
site, resulting in increasing of electron density and efficiency
of energy conversion.

4. Conclusion

Theaddition of rutile content in anatase TiO2matrix prompts
TiO2 crystalline and reduces the integral band gap and defect
density states in forbidden gap. Moreover, light harvest on
DSSC significantly enhanced the photocurrent and overall
solar conversion efficiency by increasing rutile content into
anatase photoanodes. The obvious increase in 𝐽SC on the 14%
rutile TiO2 phase in photoanode has the highest energy-
conversion efficiency (𝜂) of 3.8% and is 58% higher than that
on 5%. The addition of rutile is the major reason to reduce
oxygen vacancies and less electron-back recombination. In
appropriate rutile content on anatase TiO2 matrix, the path-
way of excited photoelectrons injection from the dye to the
rutile conduction band, passing through anatase trapped level
in the band gap and finally arriving at photoanode surface,
becomes smooth. An optimal rutile content around 14wt%
is found to be increase the DSSCs performance with regard

to photoanode crystalline, defect density level, and electron
transport.
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The structure and nanoscale mechanical properties of Ni48.8Mn27.2Ga24 thin film fabricated by DC magnetron sputtering are
investigated systematically. The thin film has the austenite state at room temperature with the L21 Hesuler structure. During
nanoindentation, stress-induced martensitic transformation occurs on the nanoscale for the film annealed at 823K for 1 hour and
the shape recovery ratio is up to 85.3%. The associated mechanism is discussed.

1. Introduction

Ferromagnetic shape memory alloys have large magnetic-
field-induced strain (MFIS) in addition to themagnetic shape
memory effect (MSME) [1–3]. MFIS originates from the
rearrangement of martensitic twin variants under an external
magnetic-field or magnetic-field-induced martensitic trans-
formation [4, 5] and up to 10% MFIS has hitherto been
observed from Ni-Mn-Ga single crystals [6]. Researchers
working on microelectromechanical systems (MEMS) have
recently turned their attention to Ni-Mn-Ga ferromagnetic
shape memory alloy (SMA) thin films due to potential
applicationsmicrodevices and actuators [7–15]. Despitemore
understanding about the preparation process [8–10], phase
transformation [11, 12] and magnetic transport properties
[13–15] of Ni-Mn-Ga thin films, the nanoscale mechanical
properties which are crucial toMEMS and involved in stress-
induced martensitic transformation and shape recovery ratio
on the Nanoscale have not been extensively explored. In
this work, nanoindentation is conducted onNi48.8Mn27.2Ga24
thin films and stress-induced martensitic transformation is
observed.This study provides insights to the nanomechanical
characteristics of Ni-Mn-Ga thin films which have large
potential in MEMS.

2. Experimental Details

A Ni-Mn-Ga film 4 𝜇m thick was deposited onto a single
crystal Si (100) substrate by DC magnetron sputtering at
300W power and 0.4 Pa working pressure. The composition
of the target was Ni47Mn30G23 with a diameter of 60mm
and thickness of 2mm. Before deposition, the base pressure
was better than 2 × 10−4Pa and the target was presputtered
for at least 30 minutes to eliminate the surface oxide layer.
Deposition was conducted for 90 minutes and the substrate
was not heated. In order to crystallize the as-deposited Ni-
Mn-Ga films, they were annealed at 723K, 773K, or 823K
for 1 hour at a reduced pressure of 4 × 10−4 Pa.

The composition of the as-deposited Ni-Mn-Ga thin film
was determined by energy-dispersive X-ray spectroscopy
(EDS) equipped with the scanning electron microscope
(SEM, S-4700). The crystallographic structure was analyzed
by X-ray diffraction (XRD) using a piece of free-standing
Ni-Mn-Ga thin film peeled off from the silicon substrate
and annealed at 773K for 1 hour at 3.0 × 10−4 Pa. The size
of the peeled thin film is approximately 7mm × 7mm.
The martensitic transformation temperature is attempted to
test by means of differential scanning calorimetry (DSC,
Perkin-Elmer Diamond). The mass of the free-standing
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Figure 1: Typical XRD pattern of the Ni48.8Mn27.2Ga24 thin film
annealed at 823K for 1 hour.

thin film is approximately 1mg for DSC measurements.
The microstructure was observed by transmission electron
microscopy (TEM, JEOL 3000F, 300 kV). The thin foil was
prepared by twin-jet electropolishing in an electrolyte con-
taining nitric acid and methanol (3 : 7 in volume) at 250K.
The nanoscale mechanical properties were determined on
a Hysitron triboscope nanoindenter in conjunction with a
Digital Instruments nanoscope IV atomic force microscope
(AFM). The nanoindenter was equipped with a Berkovich
triangular pyramidal tip with the size of 200 nm and attached
to the AFM scanner tube, thus allowing in situ topographical
imaging at small loads. A suitable area was selected and
the indentation experiments were performed within a few
nanometers of this area using a maximum load of 9mN.

3. Results and Discussion

The composition of theNi-Mn-Ga thin film isNi48.8Mn27.2Ga24.
In order to determine themartensitic transformation temper-
ature, DSC is attempted but no evident phase transformation
peaks are detected due to a low thermal enthalpy and small
mass (∼1mg) of thin film peeled off from the substrate [9].
To further determine the phases, the representative XRD
pattern of the Ni48.8Mn27.2Ga24 thin film annealed at 823K
for 1 hour is depicted in Figure 1. Only one diffraction peak at
approximately 43.9∘ can be observed and it can be indexed to
the cubic austenitic structure. In addition, the film annealed
at 723K and 773K for 1 hour is also cubic austenitic structure.
The microstructure of the film annealed at 823K for 1 hour
is assessed by TEM (Figure 2). As shown in Figure 2(b),
the electron diffraction pattern (EDP) suggests a superlattice
structure and the indexed result further reveals that the thin
film has the austenite state with the L21 Hesuler structure.

Figure 3 shows the load versus indentation depth curves
of the specimens annealed at 723K, 773K, and 823K for 1
hour under a maximum load of 9mN at room temperature.
The overall shape of the load-depth curves is different. With
regard to the specimen annealed at 723K, the load-depth

(a)

000

(b)
022

022

50nm

Figure 2: Microstructure of the parent phase in the thin film
annealed at 823 K for 1 hour: (a) Bright field image and (b) EDP taken
from (a) with the electron beam along [100].
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Figure 3:Nanoindentation curves of the thin film annealed at 723 K,
773K, and 823K for 1 hour under a maximum load of 9mN at room
temperature.

curve indicates that the specimen is relatively hard and pos-
sesses relatively high resistance to the indenter.The nonlinear
unloading path of the load-depth curve is consistent with
measurements conducted on brittle materials [16, 17]. For the
specimen annealed at 773K, the initial portion of the load-
depth curve increases gradually followed by a sharp increase.
During unloading, nonlinear pseudoelasticity recovery is
observed, indicating relatively soft and elastic characteristics
which are not similar to those of the specimen annealed
at 723K. As the annealing temperature is raised to 823K,
a wide plateau can be observed from the load-depth curve
suggesting stress-induced martensitic transformation on the
nanoscale. The reason for the absence of stress-induced
martensitic transformation in the specimens annealed at
723K and 773K may be attributed to the existence of the
amorphous phase in the films annealed at low temperature.
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The amorphous phase in the films makes it difficult to
accommodate the load and the transition between austenite
and martensite. In addition, it is important to note that the
indentation response of the thin films on silicon substrates is a
complex function of the elastic and plastic properties of both
the film and substrate. In particular, the indentation depth
for the film annealed at 823K is more than 50% of the film
thickness. Silicon substrate effects are thought to play amajor
role in the overall load-displacement deformation processes
that occur around the indenter.These possible effects include
the elastic and plastic properties of silicon substrates, size
effects in indentation plasticity, and dislocation interactions
in small volumes [18–20]. These are clearly challenges for
future work.

In stress-induced martensitic transformation, the load-
depth curve can be divided into three stages upon loading.
The initial portion of the curve at an indentation depth of
below 200 nm is purely elastic deformation of the austenite
phase, which is in accordance with the Hertz contact theory
[21].The elastic indentation force of the parent phase (𝐹aus) is
determined by the following equation [21]:

𝐹aus =
4
3
(𝐸𝑎
∗𝑅1/2ℎ3/2) , (1)

where 𝐸𝑎∗ = 𝐸𝑎/(1 − ]2𝑎), 𝑅 is a constant related to the
indenter tip, h is the depth, 𝐸𝑎 is the elastic Young’s mod-
ulus of austenite, and ]𝑎 is the Poisson ratio of austenite.
Larger indentation loads result in yield of austenite because
austenite is unable to accommodate the additional deforma-
tion. That is, when the equivalent stress is involved in the
indentation stress, the residual stress gradients originating
from annealing reach the martensitic transformation stress
and nucleation of the low symmetry martensite phase is
impelled driving the lattice distortion of the parent phase
into martensite. It can be seen that the yield point A
(load of 1500 uN) in Figure 3 is the critical transition point
of the austenite-to-martensite phase transformation. The
transformation stress on the nanoscale has a magnitude
of about 2mN. After the yield point A, the slope of the
load-displacement curve decreases remarkably and exhibits
a wide plateau. The plateau, that is, the second stage, is
ascribed to the reorientation of martensitic twin variants and
formation of a single variant. The third stage of the curve
upon loading arises from the elasticity of the single variant.
During unloading, the specimen undergoes stress-induced
reverse martensitic transformation as evidenced by the stress
hysteresis plateau which corresponds to the elastic recovery
of the single martensitic variant. Afterwards, the reverse
martensitic transformation takes place with decreasing loads
due to the elastic energy stored in the martensitic single
variant as the driving force [22].

The load-depth curves are characterized by the stress
hysteresis. The area under the unloading portion of the
indentation load-depth curve determines the recoverable
energy corresponding to the lattice relaxation and reverse
transformation [23]. The area between the loading and
unloading portions of the indentation load-depth curve
determines the dissipated energy [23]. Hence, there is stress
hysteresis in the indentation curves. The dependence of
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Figure 4: Dissipation energy and residual displacement of the thin
film annealed at 723K, 773K, and 823K for 1 hour after unloading.

the dissipation energy and recoverable energy as well as
residual depth on the annealing temperature is illustrated
in Figure 4. The dissipation energy and residual depth of
the specimen annealed at 823K are larger than those of the
specimens annealed at 723K and 773K. The larger energy
dissipated in the specimen annealed at 823K is to overcome
the residual compressive stress induced during annealing
and stress-induced martensitic transformation. The stress-
induced martensite crystals in the parent phase require
energy to obtain energetically favorable orientations in nucle-
ation and growth. Moreover, a portion of the dissipated
energy contributes to strain mismatch at the martensite-
austenite boundaries during martensitic transformation and
reverse transformation. As a consequence, the energy dissi-
pated for stress-induced martensitic transformation is larger
than that of specimens without stress-induced martensitic
transformation.

Figure 5 presents the indentation impressions on the
annealed specimens after unloading. The area and depth
of the residual impressions as determined by in situ AFM
increase with annealing temperature. In order to quantify the
effects of elastic and pseudoelastic recovery, a recovery ratio
𝑅 is expressed by the following formula:

𝑅 =
(𝐷max − 𝐷res)
𝐷max

× 100%, (2)

where 𝐷max is the maximum indentation depth and 𝐷res is
the depth of the residual indent. R signifies the combined
effects of elastic and pseudoelastic recovery. The recovery
ratios 𝑅 of the specimens annealed at 723K, 773K, and
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Figure 5: AFM indentation impressions in the annealed thin film after unloading: (a) 723 K for 1 hour; (b) 773K for 1 hour; (c) 823K for 1
hour.

823K are 49.2%, 68.5%, and 85.3%, respectively. For the
specimens annealed at 723K and 773K, the lower recovery
ratio of less than 70% reveals high resistance to the indenter,
whereas the specimen annealed at 823K displays good
accommodating capability due to stress-induced marten-
sitic transformation. Although the stress-inducedmartensitic
transformation occurs in the specimen annealed at 823K,
there is residual deformation after unloading, mainly because
of the irreversible strain between nucleated martensite and
austenite as well as influence by the sharpness of the indenter
tip [24]. Additionally, the surface roughness of the specimens
annealed at 723K, 773K, and 823K is 18.4 nm, 20.6 nm,
and 42.6 nm, respectively. The surface roughness increases
with the annealing temperatures increase. Larger surface
roughness causes stress concentrations that are beneficial to
trigger martensitic transformations in films [25]. Therefore,
the thin film annealed at 823K exhibits a stress-induced
martensitic transformation in the load-displacement curve,
as shown in Figure 3. It has been shown that it ismore difficult
for the remnant impressions frommicroscale sharp indenters
to recover compared to those from spherical indenters due to
the higher stress levels inherent to a sharp contact [24]. In
addition, the depth of indentation is up to 2,500 nm in the
specimen annealed at 823K and it is about three orders of
magnitude larger than that of the completed recovery in TiNi
thin films [26]. Therefore, it can be concluded that despite
the residual impression left after unloading for the specimen
annealed at 823K, this specimen possesses a good ductility
because that the load can be accommodated by the elasticity
of austenite and reorientation of martensitic twin variants
induced by the load.

4. Conclusion

Nanoindentation is conducted to determine the compressive
properties of Ni-Mn-Ga ferromagnetic shape memory alloy
thin film on the nanoscale. Stress-induced martensitic trans-
formation is observed from the Ni48.8Mn27.2Ga24 thin film at
room temperature, and after annealing at 823K for 1 hour, a
relative large shape recovery ratio of 85.3% is achieved. The

results suggest the potential use of Ni-Mn-Ga thin films in
MEMS.
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