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Thermomechanical processing was first coined for steels
in the 1950s, but it had been around since the 1850s,
when Kirkaldy conducted extensive research linking pro-
cessing, tensile properties, and microstructures, including
fractographs [1–3]. Often, it was practiced without complete
understanding, as for eutectoid steel in rolling and cooling
and in patenting wire with transformation and wire drawing
[4]. For Al, improved processing schedules were found for
Al-Mg-Si alloys in press quenching after hot extrusion and
in solution treating before cold impact extrusion [5–10]. The
wide variety of TMP for Al is found in a recent book [11]
that relates it to all classes of alloys and to rolling [12–16],
extrusion [8, 9, 16], and forging [17]. TMP has spread to
many metals as noted in the adjoining papers developed to
level that modeling is possible [18].

In broad definition, TMP is a sequence of temperature
and strain operations to produce a shape and a microstruc-
ture with outstanding properties for that alloy [19, 20]. If a
step obliterates the previous microstructures, then the whole
sequence does not qualify as TMP [7, 10, 11, 16]. Time
or space breaks are permitted, for example, multistage cold
rolling to suitable strain, annealing to a fine grain size and
finally deep drawing or preaging an Al autobody panel so that
precipitation is completed in the paint baking process [21].
The processing becomes more valuable if several steps can be
combined, thus saving in labor, equipment, and energy [7–9,
16]. Preliminary research must be conducted to understand
the effects of ranges in composition, temperature, and strain
rate, as exemplified in the papers that follow.

Al and Mg alloys have no allotropic transformations but
can be precipitation hardened. Generally, Al can be worked
over the range of 200–500◦C [19, 20, 22–24], whereas Mg
has insufficient operating slip systems below 200◦C and
above that has less uniform substructures and lower ductility
than comparable Al alloys [25]. Dislocation substructures
vary by temperature and strain rate have significant effects
on particle distributions [10, 11, 24] and in superplastic
behavior [6, 26]. The paper by M. E. Kassner et al. compares
quench sensitivity of two Al-Mg-Si alloys, and Fare et al.
consider the effect of severe deformation on aging. The
influence of temperature on an Mg alloy is reported by Yeom
et al.

Steels and Ti alloys have an allotropic transformation
[3, 27, 28] that develops a variety microstructures dependent
on composition and cooling rate usually with different
precipitation behaviors for the same alloying [1, 3, 4, 29,
30]. Structural refinement can be enhanced in the course
of shaping by changing from one phase to another or by
manipulating the duplex structure [3, 31, 32]. Steels have by
far the widest selection of TMP, such as controlled rolling
for ferrite grain refining and carry-over of substructures into
bainite or martensite to name a few; each of these with
many options depends on the solute or precipitation alloying
[1, 18, 29, 33]. Dislocation substructures play a significant
role in nucleation of the new phase or are carried through a
martensitic type, as well as nucleating particles [30, 31, 34].
Fundamental aspects of these possibilities are clarified in
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the papers by Yeom et al. (extrusion Ti 6 Al-4V) and by Li
et al. (martensite Ti-3.5Al-4.5Mo).

H. J. McQueen
E. Evangelista

M. Kassner
C. S. Lee
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Microstructure evolution of Ti-6Al-4V alloy during hot backward extrusion process was simulated with the combined approaches
of finite element method (FEM) and microstructure prediction model. From experimental analysis, it can be found that the change
of microstructure during hot forming process of titanium alloy has a close relation to α/β phase transformation and grain growth
behaviour. A microstructure prediction model was established by considering the change of volume fractions and grain size of
both phases varying with process variables and then implemented into the user-defined subroutine of FEM analysis. In order to
demonstrate the reliability of the model, the volume fraction and grain size of primary α phase during the hot backward extrusion
process of Ti-6Al-4V alloy were simulated. The simulation results were compared with the experimental ones.

1. Introduction

Computer simulation is an important and effective tool for
the optimized forming processes and to reduce error which
may be caused by trial and error method. Finite element
(FE) analysis is widely used for the simulation of shape
and microstructure changes in hot forming [1–3]. With the
improvement in understanding of the relationship between
microstructures and mechanical properties of structural
components, the prediction of shape and microstructure
changes has become a hot issue in the high-temperature
forming.

The high-temperature forming processes for manufac-
turing titanium alloy products are normally conducted on
the equiaxed structure in two-phase (α + β) field [4]. The
microstructure change is mainly indicated as the change
of volume fraction and grain size of α and β phases. It
may be due to phase transformation and grain growth
during the high temperature forming. In the past, most of
microstructure simulations have focused on the prediction of
the single-phase alloys using the recrystallization and grain
growth models [5]. However, only a limited work [6, 7]

has been carried out on the simulation for microstructure
evolution of Ti-6Al-4V alloy during hot forming processes.
Therefore, the aim of this research is to establish the
methodology for prediction of the microstructure evolution
of Ti-6Al-4V components during high-temperature forming
processes, and to develop a useful design tool for obtaining
the optimum process condition in the high-temperature
forming processes using finite element method (FEM)
simulation.

2. Experimental Procedures

The material used in this work was a Ti-6Al-4V alloy billet
annealed at 704◦C for 2 h with a diameter of 100 mm. The
chemical composition of the alloy is 6.32Al, 4.18V, 0.21Fe,
0.014C, 0.18O, 0.008N, 0.001Y, and balance Ti (in wt%).
Initial microstructure of Ti-6Al-4V alloy was an equiaxed
structure with the primary α grain size of about 16 μm as
shown in Figure 1.

In order to investigate flow behavior and microstruc-
ture evolution of Ti-6Al-4V alloy in the α-β phase field,
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40 μm

Figure 1: Typical microstructure of the annealed Ti-6Al-4V alloy
billet.

compression and heat treatment tests were carried out.
Compression tests were performed in the temperature ranges
between 850◦C and 1000◦C with 25◦C intervals using the
strain rate ranging from 10−3 to 10 s−1. Heat treatment tests
were carried out with the holding time of 30 min between
900 and 1015◦C. To observe the actual microstructure at
the test temperature, after the holding time of 30 min, the
heat-treated samples were water-quenched. To analyze the
microstructure evolution during cooling, the samples were
heat-treated at the temperature of 900, 925, 950, and 975◦C
for 30 min. Following the heat treatment, the samples were
cooled down using different cooling rates.

In order to verify the reliability of the established mi-
crostructure prediction model, Ti-6Al-4V alloy tube was
manufactured by hot backward extrusion process using a
150 ton hydraulic press. Backward extrusion process for
evaluating the reliability of the model was selected to
predict microstructure variation during actual hot working
considering friction, interface heat transfer, and process
variables. The design of the dies (punch and lower die)
and preform is represented in Figure 2. Oil-based graphite
lubricant was spread into the punch and lower dies to reduce
die friction. The preform of Ti-6Al-4V alloy was glass-coated
and heated to an extrusion temperature of 970◦C. The punch
and die temperatures were selected at 500◦C and 600◦C,
respectively. After the backward extrusion, the Ti-6Al-4V
tube was water-quenched.

3. Results and Discussion

Figure 3 shows the change of microstructures with increasing
the heating temperature obtained from isothermal heat
treatment tests of Ti-6Al-4V alloy. It can be found that
the volume fraction and grain size of α phase decrease
with increasing the heating temperature, and especially the
grain size of α phase markedly decreases from more than
950◦C. The β phase grains remain constant up to 950◦C and
dramatically grow at 975◦C. This is in agreement with the
observations by Semiatin et al. [8].

Figure 4 shows the change of microstructure with
increasing hold time obtained from isothermal heat treat-
ment tests of Ti-6Al-4V alloy. It is noted that the α grain

1.6

35
.8

0.5
punch

Preform

Lower die

R
54

R16

R6

R16

R
54

R7

37.5

33.5

Figure 2: Design of the punch, lower die, and preform used in hot
backward extrusion.

size does not change significantly with holding time whereas
β grain size increases considerably. This is due to the high
diffusivity in β phase.

In general, mechanical properties of Ti-6Al-4V alloy
products forged at α-β region were directly affected by
the volume fraction and grain size of equiaxed primary
α phase. The microstructure prediction model reflecting
microstructure evolution during heating and high temper-
ature deformation is established in this work. To predict
the volume fraction and grain size of primary α phase, the
geometrical model for grain size change of α phase developed
in previous work [2, 9, 10] was used. Assuming that the total
numbers of α grains and β grain size are constant, the grain
size of α phase (d) can be calculated by following equation:

d = d0

(
fα
fα0

)1/3 (
μm

)
, (1)

where d0 and fα0 are the initial grain size and volume fraction
of primary α phase, respectively, and fα is the present volume
fraction of primary α phase. Meanwhile, the volume fractions
of each phase during heating and soaking can be expressed
as a function of initial volume fractions of each phase and
temperature

fα = fα,RT +
(

1− exp
(
−k ·

〈
Tβ − T

〉))
fβ = 1− fα,

(2)

where fβ0 and fβ are initial volume fraction and present
volume fraction of β phase, respectively. fα,RT is the volume
fraction of primary α phase at room temperature. The
magnitude of 〈Tβ − T〉 is zero when Tβ − T ≤0, and it is
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Figure 3: Microstructures of Ti-6Al-4V alloy samples water quenched after a 30 min heat treatment at (a) 900◦C, (b) 925◦C, (c) 950◦C, and
(d) 975◦C.

40 μm

(a)

40 μm

(b)

40 μm

(c)

Figure 4: Microstructures of Ti-6Al-4V alloy samples water quenched after isothermal heat treatment at 950◦C for (a) 10 min, (b) 1 h, and
(c) 10 h. White dotted lines indicate β grains.

Tβ −T in other case. Through the isothermal heat treatment
tests, the parameters fα,RT and k in Ti-6Al-4V alloy with an
equiaxed structure were determined by 0.942 and 8.17×10−3,
respectively.

In α-β Ti alloys, phase transformation (β → α) also
occurs during cooling and forming. In order to express
the volume fraction change of α phase during cooling and
forming, the Avrami-type equation was applied

fα,c = fα,h +
(
fα,RT − fα,h

) · (1− exp
(− f (T) · tn))

f (T) = A ·
(
Theat − T

Theat − Te

)n′
,

(3)

where fα,h are the volume fraction of α phase after heating
and soaking. Theat is heating or soaking temperature. Te

represents the finishing temperature of phase transformation
and this value is assumed to be 298 K. The values of n, n′, and
A were 1, 6.67, and 0.0023, respectively.

A commercial FEM code, DEFORM 2D, was used to
simulate the effect of process variables in hot backward
extrusion process of Ti-6Al-4V alloy on the distribution
of the internal state variables such as strain, strain rate,
and temperature. The flow stress data obtained from com-
pression tests were corrected for temperature increment
calculated by the following equation:

ΔT = 0.9
∫ ε

0 pσdε

ρC
, (4)
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Figure 5: FEM modeling for hot backward extrusion process of Ti-6Al-4V alloy.
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Figure 6: Temperature and effective strain contours for hot backward extrusion simulation of Ti-6Al-4V alloy.

where εp is plastic strain, ρ is density of material, and C is
specific heat. Corrected flow stress data were directly used
to simulate material behavior of Ti-6Al-4V alloy during hot
backward extrusion.

Generally, the friction between dies and workpiece is
expressed by the friction law of constant factor. Also,
interface heat transfer between dies and workpiece greatly
affects the temperature change of the workpiece during hot
forming process. Based on the results of previous work [11],
the friction coefficient and interface heat transfer coefficient

were determined at 0.3 and 5.0 kW/m2◦C, respectively. The
element used in the simulation is brick elements, and
automatic remeshing system was adopted during simulation.
Figure 5 shows the 2D modeling for dies and initial preform
shapes.

Figure 6 shows simulation results of strain and tem-
perature distributions of hot backward extrusion process
of Ti-6Al-4V alloy tube. The simulation results indicate
that the highest strain region in the workpiece is found
at inner wall, which is in contact with the punch during
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Figure 7: Microstructures observed at different locations for backward extruded Ti-6Al-4V alloy tube.
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Figure 8: Contours of volume fraction and grain size of primary α phase for hot backward extrusion simulation of Ti-6Al-4V alloy. The
symbols “S” and “E” in the bracket denote simulation and experimental results, respectively.

the forming process, and the temperature level at die contact
area (or surface area) is lower than that at middle area
due to heat transfer between dies and workpiece. Also, the
lowest temperature region in the workpiece is found at
the bottom, which is in constant contact with the lower

die throughout the forming process from the moment the
preform is transferred to the die.

Figure 7 shows the Ti-6Al-4V alloy tube manufactured
by hot backward extrusion process and the microstructures
observed at the cross-section of the tube. It can be found
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that extruded Ti-6Al-4V alloy tube is formed without the
surface defects. Microstructures observed at most locations
indicate a bimodal structure composed of equiaxed α and
transformed beta phases. In the microstructural observation
from surface to middle positions, it can be seen that the
volume fraction of α phase at middle position is smaller than
that of α phase at surface.

These microstructure changes during the extrusion pro-
cess were closely related to the plastic strain and temperature
varying at different positions. In this work, in order to
predict the α grain size and the α/β phases volume fraction
change, the decoupled approach between the microstructure
model and FE analysis was applied. The model for predicting
the volume fraction change and grain size of α phase
was implemented into a post-user-defined subroutine of a
commercial FE-code, DEFORM-2D.

Figure 8 shows the comparison between experimental
data and simulation results. The experimental data measured
from extruded tube were overlapped aside from simulation
results. the values in the brackets especially indicate the
experimental data. It was found that reasonable accuracy was
obtained at most of region and the average deviation was
below 15%. Only at a certain part of inner wall, 36% of
error was noticed which is due to the contact of the inner
wall with the punch occurring in the given microstructures.
It is clearly demonstrated that simulation results of volume
fraction and grain size of α phase at most locations for the
extruded Ti-6Al-4V tube were relatively close to measured
values. Consequently, it is suggested that the microstructure
simulation module is very useful for hot forming process
design of Ti-6Al-4V alloy.

4. Conclusions

In this work, the microstructure evolution of Ti-6Al-4V tube
during hot extrusion process was predicted by decoupled
approach of FE analysis and microstructure prediction
model. In order to evaluate the volume fraction and grain
size of α phase during the hot backward extrusion process,
the microstructure prediction model of Ti-6Al-4V alloy
was suggested and implemented into the post-user sub-
routine of FE code. The comparison of the microstructure
simulation module with the actual microstructures of the
backward extruded Ti-6Al-4V alloy tube has successfully
validated the reliability of the present module in the
prediction of the volume fraction and grain size of α
phase.
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S. Farè, N. Lecis, and M. Vedani

Dipartimento di Meccanica, Politecnico di Milano, via Giuseppe La Masa, 1, 20156 Milan, Italy

Correspondence should be addressed to M. Vedani, maurizio.vedani@polimi.it

Received 22 March 2011; Accepted 12 June 2011

Academic Editor: Enrico Evangelista
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A study was carried out on aging behaviour of a 6082 alloy processed by two different severe plastic deformation techniques:
ECAP and asymmetric rolling. Both techniques were able to generate an ultrafine-grained structure in samples processed at room
temperature. It was stated that severe straining promotes marked changes in the postdeformation aging kinetics. The peaks of β′′/β′

transition phases were anticipated and of progressively reduced intensity over the coarse grained alloy. A further peak accounting
for onset of recrystallization also appeared in the most severely deformed samples. Full consistency in peak shape and position
was found when comparing materials processed by ECAP and asymmetric rolling. Isothermal aging treatments performed at
180◦C revealed that in the severely deformed samples, aging became so fast that the hardness curves continuously decreased due
to overwhelming effects of structure restoration. On the contrary, aging at 130◦C offers good opportunities for fully exploiting the
precipitate hardening effects in the ultrafine-grained alloy.

1. Introduction

Wrought Al-Mg-Si alloys (6xxx series aluminum alloys) are
widely used for structural applications in aerospace and
automotive industries owing to their strength, formability,
weldability, corrosion resistance, and cost. The age hardening
response of 6xxx series alloys can be very significant, lead-
ing to remarkable improvement of strength after an appro-
priate heat treatment. Their precipitation sequence has been
reported in numerous research works, and a satisfactory
agreement on phase evolution occurring during aging has
been achieved [1–7]. A large number of wrought Al-Mg-Si
alloys contain an excess of Si, above that required to form
the Mg2Si (β) phase, to improve the age hardening response.
For these alloys, the accepted precipitation sequence starting
from a supersaturated solid solution is separate clusters of
Si and Mg atoms, coclusters containing Mg and Si atoms,
spherical GP zones, needle-like metastable β′′ phase, rod-
like metastable β′ phase, Si precipitates, and platelets of equi-
librium β phase. Among these, the β′′ precipitates are con-
sidered to give the main contribution to strength and hence
they are mostly responsible for the peak age hardening effect
[2, 4, 5, 8].

Several research works showed that the precipitation
kinetics and even precipitation sequence are changed when
the alloy structure is plastically deformed. Zhen et al. [5, 9]
showed that when Al-Mg-Si alloys had been extensively cold
rolled, their aging curves featured a decrease of the pre-
cipitation temperatures of some phases. It was suggested
that the increased density of defects in the crystal structure
would enhance appreciably the diffusion distance of Si and
hence promote the formation of a more obvious peak for
the GP zones, the anticipation of the metastable β′′/β′ peak
temperatures, and the reduction of the amount of Si and
Mg2Si phases that eventually formed.

Similar modifications in the precipitation sequence were
also found in alloys deformed in the severe plastic defor-
mation (SPD) regime, to produce ultrafine-grained alloys.
Murayama et al. [10] investigated a solution treated Al-Cu
binary alloy processed by equal channel angular pressing
(ECAP) to refine its structure at room temperature. By care-
ful DSC and TEM analyses, they stated that during post-
ECAP aging, the formation of GP zones and of transition
θ′′ precipitates was suppressed and that the precipitation
of θ′ and θ (Al2Cu) phases was enhanced and occurred
at lower temperatures in the heavily deformed structure of
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Table 1: Chemical composition (mass %) of the 6082 alloy investigated.

Mg Si Mn Fe Cu Cr Ti Al

1.193 1.019 0.650 0.267 0.005 0.010 0.015 balance

the alloys. Huang and coworkers [11] consistently stated
that in a laboratory Al-4 wt.% Cu alloy severely deformed
after solution annealing, copious precipitation of θ phase
occurred at grain boundaries on natural aging, while no
indication of θ′′, θ′, or GP zones formation was observed.
Gubicza et al. [12] obtained similar conclusions on supersat-
urated Al-Zn-Mg alloys processed by ECAP at 200◦C. They
observed that high-temperature straining suppresses the
formation of GP zones and η′ transition precipitates while
enhancing the precipitation kinetics of the η precipitates
over the conventionally solution treated and artificially aged
alloys.

Information on aging response of SPD-processed 6xxx
alloys is also available. Roven and coauthors [8] investigated
the precipitation behaviour of a 6063 alloy during ECAP at
RT and at 175◦C and found that spherical β′′ precipitates are
dynamically formed from the as-solutionized alloy during
SPD even at RT, instead of the needle-like β′′ transition
precipitates that are usually observed in conventionally aged
alloys. Some of the present authors [13, 14] investigated the
aging behaviour of several wrought alloys of the Al–Mg–Si
system after ECAP and showed that precipitation kinetics in
the ultrafine-grained alloys was markedly accelerated over
the coarse-grained materials. It was also demonstrated that
the formation of β′′/β′ phases occurred at lower tempera-
tures with increasing ECAP strain, whereas β′ precipitation
was strongly reduced due to expected formation of compet-
ing Si-rich phases in the heavily deformed structure.

In the present paper, comparative results are presented
on post-SPD aging behaviour of a commercial 6082 Al alloy
severely deformed at room temperature by two different
techniques. Available data on ECAP processed alloys in the
as-solution annealed condition are compared to results ob-
tained on the same materials deformed by asymmetric roll-
ing. Investigations on aging kinetics and structure develop-
ment allowed to draw conclusions on aging behaviour aimed
at defining optimal parameters and treatment feasibility for
ultrafine-grained Al-Mg-Si alloys.

2. Materials and Experimental Procedures

A commercial 6082 Al alloy supplied in the form of extruded
bars was investigated. The alloy chemical composition is
given in Table 1.

For ECAP processing, samples having a length of 100 mm
and a diameter of 10 mm were cut from the bars, solution
treated in a muffle furnace at 530◦C for 2 hours and water
quenched.

ECAP pressing was carried out using a die with channels
intersecting at an angle Φ of 90◦ and with an external cur-
vature angle Ψ of 20◦, corresponding to a theoretical strain
of 1.05 for each pass [15]. Samples were processed at room

temperature by the so-called route C (rotation by 180◦ of
the specimen at each pass) to accumulate up to six passes.
The experimental details of the ECAP facility and material
processing are described elsewhere [16].

For asymmetric rolling (ASR) in the SPD regime, samples
having a thickness of 20 mm and width of 40 mm were cut
and subjected to the same solution treatment above men-
tioned. Cold rolling reduction was performed down to a
thickness of 0,23 mm by a multipass procedure with no in-
termediate annealing treatments. The rolling schedule con-
sisted of thickness reductions of about 20% at each step and
the rotation of the billet along its longitudinal axis before
each pass (a procedure equivalent to route C adopted for
ECAP). The asymmetry ratio, namely, the rotational speed
ratio between the two rolls, was set to 1,4 on the basis of
previous studies [17]. A laboratory rolling mill in a two-
high configuration, featuring the possibility of independently
modifying the rotational speed of the rolls, was adopted for
this purpose.

Analyses on grain structure evolution and on precipitates
developed in SPD processed and aged samples was per-
formed by TEM. Disk samples were prepared by cutting disks
from ECAP billets and rolled samples, manually grinding
and polishing. Twin jet electrolytic thinning was then carried
out at−35◦C with a 30% HNO3 solution in methanol at 18 V.

Samples of the processed alloy were subjected to DSC
analyses to investigate the influence of SPD on precipitation
kinetics. Runs were carried out on samples having a weight of
about 50 mg in a purified argon atmosphere with a scanning
rate of 20◦C/min. The effects associated to transformation
reactions were isolated by subtracting a baseline recorded
form high-purity Al runs.

Vickers microhardness adopting a load on the indenter of
1 N was adopted to evaluate modification of alloy strength.
Evolution of microhardness was assessed as a function of
aging time during isothermal treatments at temperatures
of 180 and 130◦C. The profiles allowed to state the peak-
hardness aging times of the processed alloy as a function of
the strain imparted either by ECAP or by ASR. Comparative
results are presented in this paper considering the equivalent
strain experienced. For ECAP, the Iwahashi equivalent strain
was calculated [15] whereas for ASR, the equivalent Von
Mises strain was evaluated, assuming plane strain deforma-
tion [18], by

εeq = 2√
3
· ln

(
h0

h f

)
· ∅, (1)

with h0 and h f being the initial and final thickness, respec-
tively, and ∅ a parameter accounting for the asymmetry
effects.
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Figure 1: Microstructure of the coarse grained 6082 Al alloy before SPD. (a) Optical and (b) TEM micrographs.
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Figure 2: Representative TEM images and corresponding SAD patterns of the ultrafine structure achieved after (a) 6 ECAP passes and (b)
asymmetric rolling reduction corresponding to 5,50 equivalent strain.

3. Results and Discussion

3.1. Grain Structure after SPD. In Figures 1 and 2, sets of
representative micrographs showing the initial solution an-
nealed coarse structure and its evolution toward the ultrafine
scale by ECAP and ASR are reported. Details of the mi-
crostructure evolution during ECAP and ASR processing
have already been published elsewhere [13, 17]. It is worth
considering here that for both processes, after the first

passes, sets of parallel bands of subgrains a few hundreds of
micrometers in width are formed. By increasing the number
of passes, the subboundary misalignment increased (as in-
ferred by the increased spreading of the spots of the SAD
patterns). Eventually, subgrain fragmentation and further
increase of the misalignment led to an ultrafine equiaxed
high-angle grain structure. For both processes, the average
grain size achieved after the highest imparted strain (6 ECAP
passes corresponding to an equivalent strain of 6,33 and
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Figure 3: DSC curves of the solution annealed and SPD processed 6082 alloy as a function of (a) ECAP passes and (b) amount of equivalent
strain imparted by ASR. The curves are arbitrarily shifted along y-axis to avoid superposition.

reduction down to a thickness of 0,23 mm, corresponding to
an equivalent strain of 5,50 for asymmetric rolling) was of
about 300 nm.

3.2. Differential Scanning Calorimetry. Figure 3 summarizes
typical DSC runs recorded as a function of ECAP passes and
equivalent strain given by ASR of the solution-treated 6082
alloy. The thermograms of the unprocessed solution treated
alloy match the established aging sequence of this alloy [1–
3, 9]. In particular, the broad exothermic peak (upward
peak) in the plot of Figure 3(a) at 305◦C, often interpreted
as two partially superimposed subpeaks, corresponds to the
formation of β′′ and β′ metastable precipitates at about
270◦C and 330◦C, respectively. More specifically, it was
suggested that the subpeak at 270◦C could also be related to
precipitation of tiny Si-rich particles acting as precursors for
the formation of the β′′ phase and that the peak at 330◦C
corresponds to formation of both rod-shaped β′ phase and
relatively large Si-rich precipitates [1, 2, 9]. A dissolution
endothermic trough (downward peak in the plot) of the
above phases follows at about 400◦C, while the second
marked exothermic peak at 460◦C and the corresponding
endothermic trough at 520◦C are related to the formation
and dissolution of the equilibrium β-Mg2Si phase.

The ECAP processed alloys (see Figure 3(a)) feature
marked differences in position and shape of the peaks. The
above described broad peak related to the formation of β′′

and β′ phases now appears as a more narrow peak centred
at 275◦C, irrespective of the number of ECAP passes expe-
rienced. The formation of the stable β precipitates in the
severely deformed alloy revealed to be markedly anticipated
(405–415◦C) and of progressively reduced intensity with
respect to the unprocessed solution treated alloy. It is also
worth noting that a new peak appears at about 330◦C in
the alloy processed to 4 and 6 ECAP passes and in ASR
samples deformed to similar equivalent strains (see arrows

in Figures 3(a) and 3(b)). In a previous study, some of the
present authors focussed on the interpretation of aging peaks
of ECAP processed Al-Mg-Si alloys of similar composition
[14]. By TEM analysis of samples aged in the DSC just
immediately before the onset, and after the offset of this peak,
they were able to demonstrate that this unexpected hump
detected in the most strain-hardened samples was related
to recrystallization phenomena that became more evident
and developed at decreasing temperatures as ECAP strain
increased.

Finally, comparison between Figures 3(a) and 3(b) sup-
plies evidence about similarities of effects promoted by ECAP
and ASR processes. Inspection of the thermograms reveals
full consistency of peak positions as a function of strain (it
is to remind that each ECAP pass corresponds to a strain
of 1,05) for the two SPD techniques here considered. The
only difference concerns the amplitude of precipitate peaks
that is supposed to be due to different weight of samples.
Indeed, due to geometrical constraints, the samples cut from
the ASR thin sheets had a less regular shape with a higher
surface/volume ratio.

While information on ECAP effects on aging was already
available in the literature owing to a number of published
research studies [8, 10–12, 19], data on aging behaviour in
Al alloys severely deformed by cold rolling are relatively less
frequent. The present data on aging of ASR performed in
the severe deformation regime (up to 5,50 equivalent strain)
are indeed in good agreement with established evidence
showing that kinetics and morphology of transition pre-
cipitates are deeply altered by SPD and that new opportu-
nities for isothermal aging at lower temperatures deserve
to be explored owing to accelerated diffusion of alloying
elements in the heavily dislocated alloy structure. It is worth
mentioning that studies were carried recently on 6061 and
6063 Al alloys subjected to room temperature and cryogenic
rolling in the severe plastic deformation regime [20, 21].



Journal of Metallurgy 5

0

20

40

60

80

100

120

140

0 10 20 30 40 50

V
ic

ke
rs

m
ic

ro
h

ar
dn

es
s

(H
V

n
)

Time (hours)

ECAP 0
ECAP 1

ECAP 2
ECAP 6

(a)

0

20

40

60

80

100

120

140

0 10 20 30 40 50

V
ic

ke
rs

m
ic

ro
h

ar
dn

es
s

(H
V

n
)

Time (hours)

0 eq. strain
1.66 eq. strain

5.5 eq. strain

(b)

Figure 4: Aging curves at 180◦C of the solution annealed and SPD processed 6082 alloy as a function of (a) ECAP passes and (b) amount of
equivalent strain imparted by ASR.
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Figure 5: Aging curves at 130◦C of the solution annealed and SPD processed 6082 alloy as a function of (a) ECAP passes and (b) amount of
equivalent strain imparted by ASR.

It was observed that low-temperature processing causes
substantial suppression of structure recovery during strain-
ing and hence preserves higher dislocation densities in the
samples, increasing the driving force for sub-microcrystalline
grain development. This feature was more significant when
presolution annealed alloys were processed due to effects of
solute elements (mainly Mg and Si for 6xxx series alloys) in
pinning dislocations and retarding their annihilation during
deformation.

A further issue related to aging of UFG structures was
considered by Chinh and coauthors [22] who proposed
several strategies for processing age-hardenable alloys. It
was stated that for Al-Mg-Zn-Zr alloys, ECAP processing
should be performed immediately after quenching or at least
within a very short period of preaging, to avoid excessive

strengthening effects related to anticipated aging and hence
formation of cracks during further ECAP passes.

3.3. Aging Kinetics. Post-SPD aging behaviour was further
investigated by isothermal treatments at 130 and 180◦C. The
evolution of microhardness as a function of aging time at
the above-mentioned temperatures is depicted in Figures 4
and 5.

When comparing the peak-hardness times as a function
of the amount of strain experienced by the alloy prior to
the aging treatment, it is readily confirmed that severe plastic
deformation remarkably accelerates the aging kinetics, con-
sistently with previous DSC results. For the alloy processed
to the highest strain levels (e.g., 6 passes by ECAP and 5,50
equivalent strain by ASR), aging at 180◦C became so fast



6 Journal of Metallurgy

200 nm

(a)

200 nm

(b)

200 nm

(c)

Figure 6: Morphology of strengthening precipitates detected in (a) solution annealed and peak aged coarse-grained alloy, (b) presolution
annealed and peak-aged after 1 ECAP pass, (c) presolution annealed and peak-aged after 6 ECAP passes [13].

that the hardness curves continuously decreased, starting
from beginning of the aging treatment (see Figure 4). It must
be considered that during aging, recovery of the heavily
deformed structure and precipitation from the supersatu-
rated solution can simultaneously occur. The former mech-
anism lowers defect density, which results in decreasing
strength, the latter contributes to increased density of dis-
persoids and hence improves the strengthening effect. The
continuous loss of hardness detected during aging at 180◦C
here reported is therefore supposed to be due to overwhelm-
ing restoration mechanisms of the deformed structure over
the precipitation hardening potential, in good accordance
with other literature reports [19]. The data shown in
Figure 5 suggests that isothermal aging carried out at 130◦C
on presolutionised and SPD processed alloys could supply
interesting opportunities for fully exploiting the precipitate
hardening effects while controlling the stored energy in
the structure. This evidence is confirmed by investigations
carried out by Panigrahi et al. [21] and by Niranjani et al.
[23] showing that even temperatures as low as 100◦C can be
successfully selected for aging of Al–Mg–Si alloys after severe
plastic deformation by rolling. Nikitina et al. [24] considered
an Al-Cu-Mg-Si alloy processed by HPT and investigated
structural stability and aging behaviour of the UFG alloy.
Also these authors found evidence of a markedly anticipated
aging behaviour by DSC and highlighted by microhardness
measurements that the SPD processed samples underwent
significant softening during treatments at temperatures
exceeding 175◦C even for aging times as low as 30 minutes.

From present data, it can be suggested that a proper
combination of grain-refinement strengthening and age-
hardening can be fully exploited in solution annealed UFG
alloys only when isothermal aging is performed at temper-
atures significantly lower than conventional values and for
shorter periods that have to be tailored to specific amount of
strain imparted during SPD and alloy composition. Stability

of UFG structure would also be preserved by the addition
of dispersoid-forming elements that could retard restoration
during aging [14].

3.4. Strengthening Precipitates. Investigation on the strength-
ening precipitate structure found in the SPD processed
samples was carried out only on a limited number of
ECAP conditions [13]. Figure 6 depicts a colletion of TEM
micrographs taken from ECAP samples peak aged at 130◦C.
The peak aging time of each condition was selected on
the basis of the hardness curves previously reported in
Figure 5(a). The solution annealed and peak aged 6082 alloy
(undeformed sample) featured a dispersion of about 0,1 μm
long rod-like phases identified as β′ precipitates on the basis
of their morphology [1, 2] together with globular particles
with an average size of 50 nm. In the ECAP processed sam-
ples shown in Figures 6(b) and 6(c), arrangement of dis-
location in the matrix was observed according to expected
recovery mechanisms acting during aging. Moreover, the
above-mentioned globular particles became predominant
over the rod-like precipitates.

4. Conclusions

A study was carried out on aging of a 6082 alloy processed
by two different severe plastic deformation techniques. From
comparative analysis of the results, the following conclusions
can be drawn.

(i) Both ECAP and ASR were able to generate an ultra-
fine structure consisting of equiaxed grains after
extensive deformation at room temperature. At the
highest strain investigated, of 6 ECAP passes (corre-
sponding to an equivalent strain of 6,33) and of an
equivalent strain of 5,50 given by ASR, an average
grain size of about 300 nm was detected.
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(ii) DSC analyses revealed that SPD carried out on the
presolution annealed alloy promotes marked changes
in the postdeformation aging kinetics. The peaks
of β′′/β′ transition phases were anticipated and of
progressively reduced intensity over the conventional
coarse grained (not processed by SPD) alloy. A peak
accounting for onset of recrystallization also ap-
peared in samples deformed for more than 4 passes
by ECAP or rolled by ASR at equivalent strains ex-
ceeding 3. A full consistency in peak shape and posi-
tion was found when comparing materials processed
by the two SPD techniques and strained at compara-
ble levels.

(iii) Isothermal aging treatments performed at 130 and
180◦C on the presolution annealed and SPD pro-
cessed samples were considered to establish optimal
aging times and to evaluate the achievable strength by
microhardness. It was confirmed that SPD remark-
ably accelerates the aging kinetics. For the alloy proc-
essed to the highest strain levels, aging at 180◦C
became so fast that the hardness curves continuously
decreased due to overwhelming effects of structure
restoration. On the contrary, aging carried out at
130◦C offered good opportunities for fully exploiting
the precipitate hardening effects, while preserving the
ultrafine-grained structure.

(iv) TEM investigations performed on selected samples
aged at 130◦C to peak hardness condition showed
that the rod-like β′ transition phase typically found in
the coarse grained samples was progressively replaced
by globular precipitates in ultrafine SPD processed
samples.

(v) The experimental data here presented suggest that
a proper combination of grain-refinement strength-
ening and age-hardening can be fully exploited in
solution annealed UFG alloys only when isothermal
aging is performed at temperatures significantly low-
er than conventional values and for shorter periods.
Aging conditions have to be tailored to specific
amount of strain imparted during SPD and to alloy
composition.
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Magnesium alloys can be used for reducing the weight of various structural products, because of their high specific strength.
They have attracted considerable attention as materials with a reduced environmental load, since they help to save both resources
and energy. In order to use Mg alloys for manufacturing vehicles, it is important to investigate the deformation mechanism and
transition point for optimizing the material and vehicle design. In this study, we investigated the transition of the deformation
mechanism during the high-temperature uniaxial tensile deformation of the AZ31 Mg alloy. At a test temperature of 523 K and
an initial strain rate of 3 × 10−3 s−1, the AZ31 Mg alloy (mean grain size: ∼5 μm) exhibited stable deformation behavior and the
deformation mechanism changed to one dominated by grain boundary sliding.

1. Introduction

Recently, there has been a strong demand for measures that
can be adopted to improve the energy efficiency of vehicles
and to reduce CO2 emission. One such measure involves
further reducing the weight of members or devices in vehi-
cles [1–3]. Possible measures for weight reduction include
reducing the number of vehicle parts, decreasing the member
thickness, and using light materials. Another approach is to
use Mg alloys, which are the lightest and the most promising
metallic materials [4–6]. Thus, Mg alloys have been widely
used in thixomolding and casting products [7, 8]. To increase
the utility of these alloys, attempts to increase their strength
and formability have been made [9–12]. Mg alloys have
been used in vehicles, and they have recently been used
as secondary strength members in cell phones, electronic
devices, and so forth [13, 14]. Increasing the use of Mg alloys
in the vehicle members of transport devices involves many
challenges, including optimizing the plastic working and
strengthening the alloys to allow the fabrication of members
with various shapes.

Cold working is known to be a difficult process for
conducting the plastic working of Mg alloys since the
deformability of the alloys is extremely small at room tem-
perature, because of the hexagonal close-packed structure
of Mg alloys [15]. However, Mg alloys with a slip system
other than the basal slip system can become more active; this
results in a lower deformation resistance and a considerable
increase in expansion when the deformation temperature
increases. Therefore, considering the product precision and
formability, plastic working of Mg alloy members is con-
ducted mostly at high temperatures [16]. There are many
reports on the strength, elongation, and superplasticity of
Mg alloys [17–19]. However, to develop plastic working
technology for Mg alloys, it is important to study the high-
temperature deformation behavior of Mg alloys and their
drawability and extrusion properties. The majority of studies
on Mg alloys such as the Mg-Zn-Y [20, 21] and Mg-Zn-
Gd [22, 23] alloys have neither addressed the development
of technology for controlling the working nor included a
detailed analysis of the deformation behavior. Furthermore,
few researchers have reported on the transition points
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where the high-temperature deformation behavior of the
AZ31 Mg alloy changes, although superplastic deformation
has been investigated [24–27]. Therefore, in this study, we
examined the transition points of the deformation mech-
anism observed under high-temperature deformation by
conducting high-temperature uniaxial tensile tests on rolled
AZ31 material and by evaluating the stability of the deforma-
tion mechanism during high-temperature deformation. The
objective is to develop a plastic working technology for the
AZ31 Mg alloy.

2. Experimental Procedure

The tensile specimen was an extruded rod of the AZ31
Mg alloy (rod diameter: 70 mm; rod length: 800 mm). The
chemical composition of the rod (in mass%) was as follows:
Al, 3.0%; Zn, 0.89%; Mn, 0.5%; Cu, 0.0016%; Si, 0.028%;
Fe, 0.002%; and Mg constituted the rest of the mass. Figure 1
shows an optical micrograph of the extruded material. The
grain size of the extruded material was 27 μm. We cut out the
rolled material from the extruded rod material such that it
had a thickness of 5 mm, a length of 50 mm, and a width of
50 mm; the cutting was performed by machining. The rolled
material was then homogenized by maintaining it at 573 K
for 1.8 ks in an electric furnace and cooling it in water. After
homogenization, the rolled material was maintained for
0.36 ks in an electric furnace heated to 493 K and subjected
to multipass rolling (rolling temperature: 493 K; rolling rim
speed: 0.17 m/s). Rolling was conducted so that the thickness
would be progressively reduced from 5.0 to 2.5, 1.5, and
1.0 mm, and the material was reheated in an electric furnace
for 0.18 ks when each pass was completed. The material was
cooled in water after the thickness decreased to 1.0 mm.
Longitudinal section observations showed that the rolled
plate had an isometric grain diameter of approximately 5 μm.
A tensile specimen with a gauge length, width, and thickness
of 8, 4, and 1 mm, respectively, was obtained from the rolled
material. Here, the direction of material extrusion, direction
of rolling, and tensile direction were parallel. For the high-
temperature tensile test conducted in an Ar atmosphere, the
range of test temperatures was set to 523 to 623 K, the range
of initial strain rates was set to 3 × 10−1 to 3× 10−4 s−1, and
the rate of temperature increase was set to 0.17 K s−1. The
temperature was maintained for 0.9 ks when the target
temperature was reached. After deformation, the structure
was observed by optical microscopy and by field-emission
scanning electron microscopy (FE-SEM). Figure 2 shows an
optical micrograph of the longitudinal section structure,
the inverse pole figure (IPF) map, and the pole figure (PF)
map of the hot-rolled plate obtained by electron backscatter
diffraction (EBSD). The EBSD analysis was conducted using
a measured view of 150 μm × 150 μm in 0.3 μm steps.
Figure 2(c) shows that the rolled material had a basal texture
with a maximum intensity of 6.3 at 80% rolling reduction.
The basal texture is considered to have developed because
the number of passes was three and rolling was conducted at
493 K with reheating within a short period. The intensity of
the basal texture and that of the sheet rolled using a single

50 μmExtrusion direction

Figure 1: Optical micrograph of the as-extruded material.

roller when the AZ31 Mg alloy was subjected to working
from 473 to 673 K until the rolling reduction reached 85.7%
were found to be 7 and 5, respectively, although the grain is
isometric [28].

3. Results

3.1. Mechanical Properties of High-Temperature Tensile Defor-
mation. To study the effects of test temperatures and strain
rate on tensile deformation, the nominal-stress-nominal-
strain curve at test temperatures of 523, 573, and 623 K for
initial strain rates of 3 × 10−1 s−1 to 3 × 10−4 s−1 are shown
in Figure 3. The stress-strain behavior shows an increase in
stress with concurrent work hardening during the initial
stages of tensile deformation; the stress then reached a
maximum, after which the tensile specimen broke and the
stress decreased because of work hardening [29].

At the high strain rates in the range we considered, the
tensile specimen broke suddenly after it showed the maxi-
mum stress. However, the level of work hardening as well
as the maximum stress decreased as the initial strain rate
decreased and the test temperature increased; a stationary
deformation area and massive extension were observed
under low stress. These behaviors are consistent with the
high-temperature deformation and superplastic behavior of
AZ-type Mg alloys [30, 31], Mg-RE (rare-earth) alloys [32,
33], and Al-Mg alloys [34].

3.2. Effects of Strain Rate and Temperature on Breaking Elon-
gation and Maximum Stress. Figure 4 shows the effects of
test temperature and strain rate on breaking elongation. The
breaking elongation tended to increase as the initial strain
rate decreased and the test temperature increased. At the high
initial strain rate of 3×10−1 s−1, the breaking elongation was
nearly 100%, regardless of the test temperature.

Figure 5 shows the effect of the test temperature and
strain rate on deformation stress. Since the rigidity modulus
is affected by the temperature, the deformation stress shown
is normalized with the rigidity modulus at the maximum
stress [35, 36]. The rigidity modulus was calculated on the
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Figure 2: Optical micrograph (a), inverse pole figure map (b), and pole figure map (c) of the as-rolled specimens.

basis of the relationship between the rigidity modulus and
temperature given by the following equation:

μ = μ0

(
1 +

(
T − 300
TM

)(
TMdμ

μ0dT

))
. (1)

Here, μ denotes the rigidity modulus at a certain temper-
ature (T), μ0: the initial rigidity modulus (1.6×104 (MNm−2)
for Mg), TM , the melting point (924 K), and (TMδμ/μ0δT),
a constant equal to −0.49. The double-logarithmic relation-
ship between the initial strain rate and maximum stress
normalized by the rigidity modulus was linear, as shown in
Figure 5. It is evident that the normalized maximum stress
decreases as the test temperature increases and the strain rate
decreases. We calculated the stress exponent (n) from the
gradient of this linear relationship and found that the value
of n is 2 at 573 K and 623 K and strain rates of 3 × 10−3 to
10−4 s−1; this value is different from that (n = 5) in all other
conditions. This difference is attributed to the difference in
deformation mechanisms.

3.3. Strain Hardening Index and Strain Rate Sensitivity.
Figure 6 shows the relationship between the strain hardening
index (ϑ) and the test temperature. The value of ϑ was 1.25
to 1.6 at the test temperature of 523 K, and the effect of the

strain rate is relatively small. However, ϑ decreased as the
temperature increased, and the rate of decrease increased as
the strain rate decreased. The decrease in the value of ϑ was
larger under the conditions in which the stationary defor-
mation behavior was observed from the nominal-stress-
nominal-strain curve shown in Figure 3. Under the assump-
tion that the stationary deformation occurred depending on
the balance between dynamic recovery or recrystallization
and work hardening, the decrease in ϑ at high temperatures
and low strain rates may be attributed to dynamic recovery
and recrystallization [37].

Figure 7 shows the relationship between the initial strain
rate and the plastic flow stress. Here, we defined the plastic
flow stress as the net stress that is involved in plastic defor-
mation by subtracting the proof stress from the maximum
stress. The relationship between the strain rate and the plastic
flow stress at 523 K is represented by a gradual curve for
which m is about 0.1, and the strain rate sensitivity was small.
On the other hand, the relationship at 623 K is represented
as a curve that bends as the strain rate decreases; the m
value at low strain rates is approximately 0.3, and the strain
rate sensitivity was high. At 573 K, which is the intermediate
temperature, the relationship is represented by a gradual
curve whose shape is similar to that at 523 K for high strain
rates and similar to that at 623 K for low strain rates; the m
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Figure 3: Nominal-stress-nominal-strain curves for tensile deformation at 523 K (a), 573 K (b), and 623 K (c) at an initial strain rate of
3× 10−1 to 10−4 s−1.

value for this curve is 0.2 and 0.3 for high and low strain rates,
respectively.

3.4. Observation of Plate Surface Structure after High-Temper-
ature Tensile Deformation. Figure 8 shows the deformed sur-
face structure for the case in which the same degree of defor-
mation was applied at each strain rate at 573 K and 623 K.
The surface structure was observed by optical microscopy.
On the basis of the results shown in Figures 5–7, we selected
573 K and 623 K as the test temperatures and 3.0 × 10−2

to 3.0 × 10−4 s−1 as the range of initial strain rates, which
was believed to include the point at which the deformation

transition occurred. To compare the structural change before
breaking, we varied the degree of deformation according to
the nominal stress-strain curve shown in Figure 3. Figure 8
shows that isometric cavities were formed as the strain rate
decreased and the test temperature increased, while cavities
that elongated in the tensile direction were formed at high
strain rates. On the basis of the SEM structure (Figure 10)
described later, the cavities were considered to grow and
merge without elongation in the tensile direction because
of active occurrence of grain boundary sliding (GBS) under
high-temperature and low-strain-rate conditions. Since the
structures observed by optical microscopy at 573 K and
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623 K were similar, we calculated the area fraction of cavities
relative to the degree of deformation on the basis of these
structures after causing deformation at 573 K and 623 K
and initial strain rates of 3.0 × 10−3 s−1 and 3.0 × 10−4 s−1

(Figure 9). The area fraction of cavities relative to the degree
of deformation increased as the test temperature increased
and the strain rate decreased. At 573 K, the area fraction
of cavities was proportional to the degree of deformation,
while at 623 K, the relationship was proportional only until
the degree of deformation reached 140% and the gradient of
the area fraction of cavities varied with further deformation.
To measure the area fraction of cavities while avoiding the
effects of constriction, and so forth, which occur under a
large deformation, we obtained measurements at a point
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500 μm from the center of the parallel section. Figure 10
shows the SEM structures of the plate surface of the tensile
specimen subjected to various degrees of deformation at
573 K and 673 K and an initial strain rate of 3.0 × 10−3 s−1.
At 573 K, GBS and transgranular sliding occurred and
generated minute cavities on grain boundaries, although
little unevenness was caused by GBS at 20% deformation.
At 40% deformation, GBS was clearly dominant, and the
surface of the tensile specimen was uneven. When the
degree of deformation was 80% and higher, cavities were
clearly observed and GBS occurred; further, a fiber-like
structure [38, 39] was formed on the grain boundary,
along with the growth of cavities. However, grains were not
elongated in the tensile direction. At 673 K, unevenness
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Figure 8: Optical micrographs of the as-rolled specimens deformed during tensile tests at 573 K (a)–(c) and 623 K (d)–(f), for ε = 85% (a,
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was clearly observed on the surface of the tensile specimen
subjected to 20% deformation and a fiber-like structure
and cavities formed on the grain boundary. It is surmised

that the merging of cavities (Figure 10(g)) and transgranular
sliding occurred as the degree of deformation was increased.
Sliding deformation was more clearly observed at 623 K
than at 573 K. Transgranular sliding was reported even for
deformation temperatures of 573 K and above when the
strain rate was low and the degree of deformation of the
extruded AZ61 material was 30% [40]. The results of this
study agree with this observation. The bending of the linear
curve shown in Figure 5 at 573 K and 623 K and initial strain
rates of 3.0×10−3 to 3.0×10−4 s−1, as well as the largem value,
are attributed to the fact that structural changes occurred
mainly by GBS.

4. Discussion

4.1. Evaluation of the Stability of High-Temperature Deforma-
tion. On the basis of the experimental results, we found that
the strength and breaking elongations of the AZ31 Mg alloy
were dependent on the test temperature and strain rate at
high temperatures; we also found that the mode of breaking
changed from one involving constriction to one involving
uniform elongation as the test temperature increased and the
initial strain rate decreased. For stable and uniform defor-
mation, the local deformation stress concurrent with work
hardening should decrease and the constriction resistance
(m value) should increase according to the local constriction
deformation. However, the stability may vary depending
on the constriction shape, even when the constriction is
allowed to grow. To discuss the stability during deformation,
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Figure 10: SEM micrographs of the as-rolled specimens deformed during tensile tests at 573 K (a)–(d) and 623 K (e)–(h) at an initial strain
rate of 3 × 10−3 s−1, for tensile deformation ratios of 20% (a, e), 40% (b, f), 80% (c, g), and 120% (d, h). The tensile direction is along the
vertical direction.

parameters that indicate the changes in the shape of the
constriction are required. Sato et al. [41] discussed such
parameters and considered the deformation stability by
introducing I in the following equation:

I(ε) =
(
γ − 1

)
m

. (2)

Here, γ denotes the work hardening index and m denotes
the strain rate sensitivity. According to the analysis by Sato
et al. [41], constriction growth can be evaluated as follows:
depending on I : constriction does not grow when I > 0, it
grows slowly when −1 < I < 0, and it grows gradually from
the beginning of deformation until it breaks; when −2 < I ,
the constriction grows sharply.

Therefore, we calculated I(ε) by substituting for the work
hardening index in (2), while setting ε to 0.1, 0.2, and 0.3
on the basis of the nominal stress-strain curve shown in
Figure 3; further, we obtained the m value from Figure 7.
The analytical results of the tensile test at 623 K are shown
in Figure 11. I(ε) decreases as the deformation increases,
that is, as the work hardening decreases relative to the strain
increment. Here, I decreases to −2 or less for strain rates of
3× 10−1 to 10−2 s−1, while it is close to −2 at low strain rates

of 3 × 10−3 to 10−4 s−1. For a similar analysis, I was close
to −2 at 573 K (3 × 10−4 s−1) and −2 or less in all other
cases. The results of this study show that to achieve stable
deformation, the work hardening and constriction resistance
must be balanced to cope with the large elongation; the
results also show that the stability can be evaluated using I(ε).

4.2. Transition of Deformation Mechanism. Figure 7 shows
that the deformation mechanism for the test temperature
of 573 K is represented by a gradual curve. The stress index
under these conditions corresponded to the bending, and
the test conditions (523 K and 3 × 10−3 s−1) seemed to
correspond to the point of transition of the deformation
mechanisms. The high-temperature deformation map for
pure Mg reported by Ashby and Verrall [42] indicates that
the area that corresponds to the strength and temperature
considered in this study seems to be the section where the
deformation mechanism of the AZ31 Mg alloy shifts from
plasticity to power-law creep. Although pure Mg and Mg
alloys differ, a transition of the deformation mechanism is
thought to occur for the AZ31 Mg alloy as well. Here, the
structural observations reported by Noda et al. [43] indicate
that the AZ31 Mg alloy is a fine-grain Al-Mg alloy but it
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Figure 11: The dependence of the initial strain rate on neck stability
(I), for several values of I calculated using (2); (a) 523 K, (b) 573 K,
and (c) 623 K.

changes with the superplastic deformation mechanism at a
test temperature of 473 K, owing to GBS and transgranular
sliding. For initial grain sizes of 3 μm or less, a large
elongation of over 200% can occur in the low-temperature
range via transgranular sliding as the main deformation
mechanism [34].

On the basis of structural observation, we assumed that
the deformed section is the cause of the transition of the
deformation mechanism. On the basis of the structural
observations shown in Figure 10, as well as Figures 5–
7 and 11, we assume that the deformation mechanism
changes at 573 K and 3× 10−3 s−1. To study the deformation
structure under these conditions, we performed SEM obser-
vation of the deformation structure after 40% deformation
(Figure 12). Since we observed the projections of grain
boundaries, the formation of the fiber structure on the
grain boundaries, as well as minute cavities among the fiber
structures, we assumed that GBS with concurrent formation
of minute cavities was the main deformation mechanism [38,
39]. Figure 12(b) shows the observed deformation structure;
crease-like patterns (indicated by arrows) were observed
within the grains and transgranular sliding also occurred.
Substructures are formed inside the grains of the material
when it is deformed at a high rate and a low temperature
[44]. The experimental results presented so far suggest that
GBS is the main mechanism under low strain rates that result
in stable deformation. For the AZ31 Mg alloy used in this
study (grain size: ∼5 μm), the change in the deformation
mechanism at 523 K and 3× 10−3 s−1 is attributed to (1) the
change in the stable deformation behavior, (2) the change in
the deformation mechanism to one dominated by GBS, and
(3) the influence of the stability of the plastic deformation
concurrent with GBS on the transition.

5. Conclusion

We conducted high-temperature tensile tests and evaluated
the high-temperature deformation behavior and deforma-
tion mechanism of the AZ31 Mg alloy, to obtain basic data
for developing plastic working technology. We obtained the
following results.

(1) For the AZ31 Mg alloy, the high-temperature behav-
ior mainly depends on the strain rate and deforma-
tion temperature. A stationary deformation area was
observed, and a large elongation was evident as the
temperature increased and strain rate decreased.

(2) The strain rate affects the work hardening and con-
striction resistance during high-temperature defor-
mation. The stability of high-temperature deforma-
tion was evaluated by using the stability parameters
I(ε) obtained from the work hardening and constric-
tion resistance; I was close to −2 for test conditions
under which the large elongation occurred, and −2
or less under other test conditions. Therefore, I is an
effective parameter for evaluating stability.

(3) The AZ31 Mg alloy used in this study had a grain
size of approximately 5 μm. It is assumed that the
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Figure 12: The slip morphology on the specimen surface after 40% tensile deformation at a strain rate of 3× 10−3 s−1 and a temperature of
573 K.

deformation mechanism changes beyond the test
temperature of 523 K and the initial strain rate of
3 × 10−3 s−1 because of a change in the stable defor-
mation behavior and transition in the deformation
mechanism that is mainly dominated by GBS. It is
also assumed that the transition is affected by the GBS
concurrent with deformation.
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The twinning structure of the orthorhombic α′′ martensite phase in alpha + beta Ti-3.5Al-4.5Mo (wt%) titanium alloy was studied
using X-ray diffraction and transmission electron microscopy by water quenching from below transus temperatures. While water
quenching from 910◦C induced the formation of {110}◦ twins, quenching from 840◦C formed the α′′ martensite with {111}◦
type I twins. The effect of the principle strains on the twinning structure was discussed. As compared to the previous studies, the
principle strains play an important role in the formation of the twinning type.

1. Introduction

Commercial α + β titanium alloys are widely used in
structural and aerospace applications where the combi-
nation of light weight, strength, and room temperature
corrosion resistance is highly desired. With different alloy
compositions and thermomechanical processing parameters,
a wide range of mechanical properties can be achieved in
titanium alloys. Beside the enhanced mechanical properties,
metastable martensite microstructure can be obtained with
fast cooling from body-centered cubic (bcc) β phase region.
While near alpha titanium alloys yield only small fraction
of martensite structure, alpha + beta titanium alloys can
produce a combination of hcp (α′) and c-orthorhombic (α′′)
martensite phase [1, 2]. α′′ phase is particularly interesting
because it can be thermoelastic, and better understanding
of this phase transformation can be used to design smart
systems.

There have been extensive studies on the properties
of α′ [3–6] and the phenomenological theory martensite
crystallography (PTMC) [7, 8]. Unlike the α′ martensite
transformation, the α′′ martensite transformation which was
first found in a Ti-Nb system [9] can be thermoelastic, and
the shape memory effect is present [10–14]. The crystal

structure of α′′ martensite is intermediate between bcc β
and hcp α phases [9], and the lattice parameters vary with
alloy compositions significantly [15]. The morphology of
α′′ martensite depends on the magnitude of the lattice
deformation. It was found in Ti-Ta alloy that most of the
α′′ martensite are not twinned state at a certain Ta content
[16], while most literatures concerning the α′′ martensite
twin structure in β titanium alloys reported that the α′′

martensite is in {111} twin structure [17, 18]. However,
the morphology and crystallography of α′′ martensite twin
has not been completely described, especially for the α + β
titanium alloys in which the β isomorphic elements are very
close to the lower critical concentration of α′′ martensite.

It is well known that twinning is a deformation pro-
cess of most engineering materials to reduce the overall
energy of the system, thus, the determination of twinning
structure of the orthorhombic α′′ martensite is essential for
better understanding of the deformation mechanism and
future development of titanium alloys. In this study, we
have investigated an α + β titanium alloy with nominal
composition of Ti-3.5Al-4.5Mo (wt%). This alloy is based
on Russian Ti-4.5Al-3Mo-1V (VT14) high-strength titanium
alloy mainly used for stampings, gear applications [19]. By
reducing the aluminum and omitting vanadium contents, we
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have reduced the amount of β phase so that the martensite
microstructure would contain no retained β phase and the
identification of α′′ phase would be more pronounced.
Considering the β transus temperature of this alloy is about
925◦C where the cubic β phase can transform to hexagonal
α phase, we have selected 910◦C and 840◦C as quenching
temperatures where they refer to the highest temperature
that α′′ phase can be observed and the lowest temperature
that the microstructure will be mostly α′′ phase after water
quenching, respectively.

2. Experimental Procedure

A titanium alloy ingot with 60 gr weight was prepared in a
nonconsumable arc melting furnace under protective argon
atmosphere. The ingot was homogenized at 1200◦C for 2
hours followed by air cooling and then forged at 900◦C
to a bar shape with 10 × 10 × 130 mm3 dimensions. The
Energy Dispersive Spectroscopy (EDS) analysis showed that
the composition of the ingot is Ti-3.63Al-4.41Mo (wt%).
Two samples with 10 × 10 × 10 mm3 cube shape were
cut from the bar and heat-treated at 910◦C or 840◦C
for 1 h followed by water quenching. The α′′ martensite
transformation depends on the quenching rate and alloy
composition [20, 21]. In present study, the samples were used
in identical dimensions so that the quenching rate effect in
different samples will be insignificant. Phase distributions
and lattice parameters were measured with the Rigaku
D/max-2400PC X-Ray diffractometer using Cu-Kα radiation
at 56 kV voltage and 182 mA current. The microstructures
from each quenching temperatures were analyzed with the
Technai G220 transmission electron microscope operating at
200 kV. TEM foils were mechanically thinned to about 30 μm
in thickness, and further reduction was carried out using
MTP-1A magnetic force-driven twin-jet electrolytic polisher
in a solution of 20% perchloric acid, 30% butyl alcohol, and
50% methanol (vol.%) at −30◦C to −40◦C and a current of
15–20 mA.

3. Results and Discussions

The lattice parameters of samples quenched from 840◦C
or 910◦C were calculated from the corresponding X-ray
diffraction patterns shown in Figure 1. The lattice parameters
consistently changed as compared to previous studies [15].
The lattice parameters of α′′ martensite phase were calculated
as a0 = 0.3120 nm, b0 = 0.4990 nm, and c0 = 0.4670 nm
after quenched from 910◦C and a0 = 0.3130 nm, b0 =
0.4920 nm, and c0 = 0.4640 nm after quenched from 840◦C,
respectively. The average errors to calculate the lattices
parameters were ±0.001 nm. According to the principle of
phase equilibrium, the isomorphic β-stable elements (M0

in present alloy) in the β phase are richer when solution
treated at 840◦C than that at 910◦C. Thus, a0 in the unit
cell increases while b0 and c0 decrease. Such lattice distortion
due to different quenching temperatures was induced by the
enriched molybdenum content in the β phase and α′′ phase.
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Figure 1: The X-ray diffraction patterns of the samples quenched
from 840◦C or 910◦C. Marked α, α′, and α′′ phases are the
hexagonal, hexagonal martensite, and orthorhombic martensite
structures, respectively.

The phase transformation between the β and α′′ marten-
site phase can be explained with Au-Cd-type transformation
[22], as shown in Figure 2 where cubic β transforms to
orthrhombic α′′ martensite phase. The twinning relation-
ships can be generally categorized into two classes. Inamura
[20] named these classes as “class A” transformation for
{111}0 type I twinning and “class B” transformation for
{011}0 compound twinning. The twinning planes for class
A and B were expressed as {011}β and {100}β, respectively.

Figure 3(a) shows the TEM bright field image of the
sample quenched from 910◦C, and Figure 3(b) shows the
corresponding selected area electron diffraction (SAED)
pattern taken from the marked area. The α′′ martensite
twins locate between α′ laths and is (011) twinning, that is,
“class B”. Most of the twins in the α′′ martensite were in
“class B” type, and the “class A” type twinning was rarely
observed. Figures 3(c) and 3(d) show the TEM bright field
image of the sample quenched from 840◦C, and the SAED
pattern taken from the encircled area in (c), respectively.
The α′′ martensite distributes between the remnant β phase
laths. The “class A” transformation, namely, the {111}0 type
I twinning was confirmed by the Figure 3(d). In contrast
with sample quenched from 910◦C, the α′′ martensite in the
sample quenched from 840◦C is almost in “class A” and the
“class B” transformation was rarely observed.

As shown in Figure 1, the β phase transformed to α′ + α′′

and α′′ + β phases due to the isomorphic β stable elements
after water quenched from 910◦C and 840◦C, respectively.
The Burgers orientation relationship (OR) between β and
α′ is {0001}α//{110}β and 〈1120〉α//〈110〉β, the OR of β
and α′′ is {001}α′′ //{110}β and 〈100〉α′′ //〈001〉β [15]. When
the partial β phase transforms into a set of parallel α′

laths during quenching, the (011)β twin plane extends along



Journal of Metallurgy 3

aβ

2

1

3

0 a0

b0

c0

Figure 2: The schematic Au-Cd-type lattice phase transformation. Cubic β phase (left) with aβ lattice parameter transforms to α′′ martensite
(right) with a0, b0, and c0 lattice parameters.
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Figure 3: (a) The TEM bright field image of the sample quenched from 910◦C, (b) the corresponding SAED pattern of the encircled area
obtained from sample quenched from 910◦C, the α′′ martensite is in the class B transformation, namely, the {110}0 compound twinning. (c)
A representative TEM bright field micrograph structure in the sample quenched from 840◦C and the SAED pattern from the circled region
is shown in (d); and the α′′ martensite is {111}0 type I twinning, belonging to class A transformation.

the [011]β direction with a formation of residual stress. If the
α′′ martensite twin phase nucleates in this region, the newly
formed twins will form by making 45◦ with the habit plane
as the preferred slide plane will make a maximum Schmidt
factor. By referring to Figure 2, the possible slide plane is
{100}β. When the product of α′′ + β is obtained during
quenching, the remnant β phase shrinks and compressive
stress is developed. While the remnant β phase shrinks, newly
formed α′′ phase will develop and tensile stresses appear
along {001} direction families to reduce the overall energy
of the system. The discussion about the elastic strain energy
reduction follows in the next section.

During the twin formation of the α′′ martensite, the
elastic strain energy is significantly high due to variations in
the free energy of the system. Mura [23] used the Eshelby’s
model to estimate the elastic strain energy per unit volume,
W, of a thin plate parallel to (hkk)β for isotropic media as

W = μ

1− v

[(
B

A
η2 + η3

)2

− 2
B

A
(1− v)η2η3

]
, (1)

where A = h2 + 2k2 and B = h2−2k2, η1 = (a0−aβ)/aβ,η2 =
(b0−

√
2aβ)/

√
2aβ, η3 = (c0−

√
2aβ)/

√
2aβ are the magnitude

of the principle strain components of the β − α′′ martensite
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transformation [20], and μ and ν are the shear modulus and
Poisson’s ratio, respectively. The lattice parameter of the β
phase was taken as 0.330 nm when η2 and η3 were calculated
by using the lattice parameters measured from the samples
quenched at different temperatures. By using the formula
above, the elastic strain energies were calculated per unit
volume of the α′′ martensite thin plate parallel to {011}β and
{100}β, respectively. It was found that W{100}β becomes
much larger than W{011}β when η3 is a tensile strain at
910◦C, and W{100}β is much smaller than W{011}β when
η3 is a compressive strain at 840◦C.

In the process of β − α′′ martensite transformation, one
unit cell of the α′′ martensite corresponds to two unit cells of
the β phase, the volume of a unit cell of α′′, V0, is a0×b0×c0,
and the volume of two unit cells, Vβ, is 2 × aβ × aβ × aβ.
VO is about 1.2% larger than Vβ in the sample quenched
from 910◦C, while VO is about 1.0% smaller than Vβ in the
sample quenched from 840◦C. When the local twin structure
expands, the higher magnitude of the elastic strain energy
would decrease the free energy in the α′′ martensite due
to increased molybdenum content. In shrinking regions, a
lower free energy state can be obtained with larger magnitude
of W . Thus, W{100}β is thermodynamically favorable when
the sample is quenched from 910◦C. When the local twin
structure shrinks, the elastic strain energy would be positive,
a larger W can also make a lower energy condition, and
W{011}β is thermodynamically favorable when the sample
is quenched from 840◦C.

Different W may introduce different twinning systems
into the alloys. As described before that the main twinning
system of α′′ martensite in the sample quenched from 910◦C
is class B, while class A in the sample quenched from 840◦C.
This yields to a conclusion that low isomorphic β-stable
elements can introduce a high strain in the water quenched
microstructure, and {011}0 compound twinning is likely
to form. {111}0 type I twinning is preferred in a water
quenched microstructure with high β-stable elements. In
fact, most of the observed α′′ martensite twin structure in
β titanium alloys are {111}0 twin structure [17, 18].

It is also important to note that not all research finds
the {111}0 compound twinning as the predominant twin
structures in β titanium alloys. Based on the theory of
deformation twinning given by Bilby and Crocker, Ping
[21], the possible deformation twinning is mainly {110}0

compound twinning in β-Ti alloys, and the result was
confirmed by his investigation. This would be another proof
that the strain induces the formation of {110}0 twinning
when principle strain η3 is plus. Similarly, increased content
of the isomorphic β-stable elements distorts the lattice with
a negative η3 and promotes the formation of the {111}0 type
I twinning. The results from both quenching temperatures
consistently show these twin structures.

4. Conclusions

The orthorhombic α′′ martensite twinning was investigated
in the Ti-3.5Al-4.5Mo (wt%) alloy. Quenching from 910◦C
induced the formation of {110}0 compound twinning, while

the α′′ martensite is mainly the {111}0 type I twinning in
the sample quenched from 840◦C. The type of α′′ martensite
twin structure is highly dependent on the principle strain,
that is, a tensile η3 leads to form {110}0 twinning while a
compressive η3 induces the formation of the {111}0 type I
twinning. The contents of the isomorphic β-stable elements
in the titanium alloy is the main effect on the formation
of the principle strains and determines the type of α′′

martensite twin structure.
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The purpose of this study is to investigate the quench sensitivity of the mechanical properties of 6061 and 6069 aluminum
alloys. The relationship between mechanical properties and quench delay time at various temperatures between 200–500◦C was
determined. It was concluded that the 6069-T6 was somewhat more quench sensitive than 6061, which may be consistent with the
composition difference. This study also provides increased data on the quench sensitivity of the traditional alloy, 6061-T6.

1. Introduction

The mechanical properties of the relatively new 6xxx series
alloy, 6069, were extensively discussed by the authors in [1–
3]. The objective of this study was to determine the quench
sensitivity of the new alloy 6069, especially as compared
to the traditional 6061 alloy. That is, on rapidly cooling
from the solution annealing temperature by quenching, any
reduction in the cooling rate translates to longer times at
intermediate temperatures where “uncontrolled” nucleation
can occur and lead to lower T6 properties subsequent to
aging. The mechanical properties response varies for a given,
decreased, cooling rate depending on the alloy composition.
Gullotti et al. [4] and others [5, 6] found that for the 6xxx
alloys, those that had higher Mg, Si, Mn, Cr, and Zr were
more likely to have relatively accelerated Mg2Si precipitation
leading to diminished T6 mechanical properties. Mondolfo
[7] reported that Cu increases quench sensitivity, but Zoller
et al. [5] found that Cu actually alleviates quench sensitivity
somewhat. The alloy 6069 has been demonstrated to have
superior T6 fatigue, tensile, and fracture toughness prop-
erties over 6061 [1, 2]. However, the improved properties
are provided in association with alloy additions Mg, Si, Cr
(and Cu for which the effect is uncertain) which may render
6069 more quench sensitive. Thus, this investigation assessed
the quench sensitivity of 6061 and 6069, both prepared

identically from extruded air slip direct chill casting (Air-
Slipor‘ASDC). Both were solution treated at the same tem-
perature and “quenched” into salt baths at various tempera-
tures for various times followed by a water quench. The times
at temperatures for a fixed deterioration (e.g., 5%) of T6 ten-
sile (yield stress and ultimate tensile stress) were determined.

2. Experimental Methods

The 6061 and 6069 aluminum alloys used in this study were
extruded at Anodizing Inc. (Portland, Ore) from Air-Slip
Direct Chill Cast (ASDC) ingots provided by Northwest Alu-
minum Company. 6061 ingot was extruded into solid flat bar
with a thickness of 9.53 mm and width of 38.1 mm. 6069
(228.6 mm diameter) ingot was extruded into solid round
bar of 38.1 mm in diameter. The 6061 and 6069 ingots were
pre heat treated before extrusion. The compositions of 6061
and 6069 aluminum alloys used in this study as well as 6061
sheet of an earlier (comparison) study from [4] are listed in
Table 1.

The tensile specimens of 6061 and 6069 aluminum alloys
of this study were cut along the extrusion direction and
machined into round specimens with 2.54 mm diameter and
10.2 mm gage length. The specimens were solution heat-
treated at 566◦C for 1.5 hours with an accuracy of 1.5◦C.
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Figure 1: The effect of delayed quenching on the 6061-T6 (a) yield strength, (b) UTS, and (c) elongation.

Table 1: The composition of extruded 6061 and 6069 alloys used in this study as well as 6061 sheet [4].

Composition, %wt.

Si Fe Cu Mn Mg Cr Ti V Ga Zn

6061 (this study) 0.65 0.23 0.23 0.02 0.89 0.06 0.024 0.01 0.01 —

6069 (this study) 0.88 0.30 0.71 — 1.4 0.22 0.032 0.01 0.02 0.01

6061 (from [4]) 0.66 0.38 0.23 0.12 0.98 0.12 0.014 — — 0.07

The specimens were then quenched into a molten salt bath at
various temperatures (200–500◦C) for various times (3–200
seconds) and then water quenched to ambient tem-perature.
The (molar) composition of molten salt used in the temper-
ature range of 300 to 500◦C was 18.3% KCl, 50.4% LiCl, 8%

NaCl, and 23.3% RbCl. The (molar) composition of molten
salt used in the temperature range of 200 to 300◦C was 56%
AlCl3, 7% KCl, and 37% LiCl. Thermocouples were placed
inside the center of a “control” specimen, and the time was
recorded when the temperature of thermocouples was within
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Figure 2: The effect of delayed quenching on the 6069-T6 (a) yield strength, (b) UTS, and (c) elongation.

3◦C of molten salt. The precipitation (T-6) treatment for
extruded 6061 and 6069 specimens was 185◦C for 8 hours.

3. Results and Discussion

Figures 1 and 2 show the relationship between mechanical
properties (yield stress, UTS, and elongation) of the extruded
6061-T6 and 6069-T6 alloys and the delay quenching time
at various (isothermal) temperatures (200–500◦C). It was
found that the (0.2% offset) yield stress and UTS of both
alloys decreased as the hold time increased at a given
isothermal temperature. It was also observed that, at a given
hold time, the strength of both alloys decreased as isother-
mal temperature decreased (from 500 to 350◦C) and then

increased again (from 200 to 300◦C). The largest decreases
in strength (yield and UTS) are observed at isothermal tem-
peratures of 350–390◦C for extruded 6061 and 6069. It was
also observed that elongation (%) slightly increased as the
hold time increased, especially at isothermal temperatures of
300–390◦C.

Based on these results, the time-temperature curves at
95% of maximum (small decrease in mechanical behavior)
yield stress and UTS for extruded 6061-T6 and 6069-T6
aluminum alloys are illustrated in Figure 3. The data of 95%
of maximum strength were sometimes interpolated from
the strength data. It is observed that extruded 6061 allows
more time for a decrease to 95% of maximum strength
than extruded 6069 at a given isothermal temperature. This
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Figure 3: The time-temperature (a) yield, (b) UTS behavior of 6061-T6 and 6069-T6. Earlier work [4] on the 6061-T6 is also indicated.

indicates that mechanical properties of extruded 6069 are
more sensitive to quench rate than those of extruded 6061.
This is consistent with the higher levels of Mg, Si, Cu,
and Cr reported in Table 1. The figure also reports other
data for 6061 [4, 5]. The increased amount of magnesium,
silicon and chromium may increase Mg2Si concentration and
nucleation rate, which is consistent with other studies [4].
The discrepancy between the 6061-T6 of this and the earlier
study by Gullotti et al. [4], particularly at low temperatures,
is not fully understood. It is curious that the 6061 of the
present study shows more quench sensitivity, since the Cr,
Mg, Mn, Si are all (slightly) lower, than that of the Gullotti
study. However, a study by Camero et al. [8] of alloy 6063
shows that vanadium accelerates the precipitation kinetics of
the β

′
and β

′
phases. The absences of V in [4] may explain

this discrepancy. Additionally, the ratio of Mg to Si was
1.34 in this study and 1.48 in [4], with the stoichiometric
ratio being Mg/Si = 2 as the β precipitates are Mg2Si. The
resulting greater excess of Si in the current study may be
favorable to the formation of β

′
phases due to the presence

of heterogeneous nucleation sites [9, 10]. Thus the increased
quench sensitivity of this study, may be explained by the
higher level of excess Si and the presence of vanadium. It
should also be noted that the solution treatment temperature
used in the present study for 6061 was 37◦C higher than the
standard suggested temperature, resulting in higher initial
properties.

4. Conclusions

(1) 6061 and 6069 extruded aluminum alloys were solution-
treated and quenched to various temperatures in salt baths
between 200 and 500◦C for various times, followed by water
quenching. The strength of extruded 6061-T6 and 6069-T6
alloys decreased as isothermal temperature decreased from

500–350◦C and then increased again from 300–200◦C for
fixed times at temperature. The largest strength (yield and
UTS) decreases occurred at isothermal temperature of 390◦C
and 350◦C for extruded 6061-T6 and 6069-T6, respectively.

(2) Time-temperature curves at 95% of maximum yield
stress and UTS for extruded 6061-T6 and 6069-T6 aluminum
alloys indicate that mechanical properties of the new alloy
6069 are more sensitive to quench rate than those of the
traditional alloy, 6061.

(3) The increased quenched sensitivity appears to be due
to increased amount of magnesium, silicon, and chromium
(and possibly Cu), which may increase the Mg2Si concentra-
tion and nucleation rate.
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