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Light metals, such as Li, Mg, and Ti, are now receiving
increasing attention as functional materials owing to their
superior functional properties for energy and biomedical
applications. For example, Mg has a high hydrogen storage
capacity up to 7.6 wt%, a high specific capacity as battery
electrodes, and a good biocompatibility as biodegradable
implants. These superior properties render the possibility of
applying light-metal-based alloys/compounds in energy and
biomedical industries. However, light-metal-based materials
are also facing some serious disadvantages when used for
energy and biomedical applications, which strongly limit
their further industrial applications. In this issue, different
approaches were used to create nanostructures in several
light-metal-based materials in order to improve their prop-
erties.

The paper “Preparation and hydrogen storage properties
of Mg-rich Mg-Ni ultrafine particles” by J. Zou et al. used
an arc plasma method to prepare a Mg-rich Mg-Ni ultrafine
powder. The hydrogen storage properties and the forma-
tion/decomposition of Mg2NiH4 in the Mg-Ni powder were
carefully analyzed and discussed in detail.

The paper “Thermodynamic property study of nanos-
tructured Mg-H, Mg-Ni-H, and Mg-Cu-H systems by high
pressure DSC method” by H. Shao et al. analyzed some
nanostructured Mg hydrides, such as Mg-H, Mg-Ni-H, and
Mg-Cu-H using the high pressure DSC technique. A good

agreement in the thermodynamic data was obtained between
DSC measurements and PCT measurements.

The paper “Effect of nano-magnesium hydride on the
thermal decomposition behaviors of RDX” by M. Yao et al.
has analyzed the decomposition behaviors of RDX with
and without the addition of nano-Mg hydride. The change
in thermodynamic data of the RDX/MgH2 mixture was
measured using DSC and ARC techniques, and mechanisms
were discussed.

The paper “Applied pressure on altering the nano-
crystallization behavior of Al 86Ni 6Y 4.5Co 2La 1.5metallic glass
powder during spark plasma sintering and its effect on powder
consolidation” by X. P. Li et al. prepared dense bulk materials
using spark plasma sintering method from metallic powders.
The microstructure of the consolidated powders was analyzed
by the TEM technique and nanocrystallization behaviors
with regards to the applied pressure during sintering were
investigated.

The paper “Low temperature synthesis of hexagonal shaped𝛼-𝐴𝑙2𝑂3 using a solvothermal method” by A. Y.-Kim et al.
prepared 𝛼-Al2O3 particles through a solvothermal method.
The change in microstructure and properties associated with
the variation in pH values during preparation was carefully
analyzed.

The paper “Antibacterial TiO 2 coating incorporating silver
nanoparticles by microarc oxidation and ion implantation” by
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P. Zhang et al. used microarc oxidation and ion implantation
method to prepare TiO2 coatings containing Ag nanopar-
ticles on Ti. The microstructure, phase components and
antibacterial property of the TiO2 coatings were investigated.

The paper “Nanostructure formations and improvement
in corrosion resistance of steels by means of pulsed electron
beam surface treatment” by K. M. Zhang et al. reviewed
the formation of nanostructures in the surface layers of
some steels induced by pulsed electron beam treatment. In
particular, the mechanisms of nanostructure formations and
improvement in corrosion resistance of steels were discussed
in detail.

The paper “Formation of surface nano- and textured
austenite induced by pulsed electron beam irradiation under
melting mode” by K. M. Zhang and J. X. Zou studied the
formation of nano- and textured austenite on the D2 mould
steel and NiTi alloy after the pulsed electron beam treatment.
The generation of nanostructured austenite with special
texture state was investigated and the related mechanisms
were proposed.

The paper “Study on nanostructures induced by high-
current pulsed electron beam” by B. Gao et al. analyzed
the formation of surface nanostructures in Mg-Zn-Y and
Al-Si alloys induced by pulsed electron beam irradiation.
TEM and EBSD techniques were used to characterize the
nanostructures and related mechanisms of nanostructure
formations in these light alloys.

The paper “Surface nanocrystallization of 3Cr13 stainless
steel induced by high-current pulsed electron beam irradiation”
by Z. Han et al. investigated the surface nanocrystallization
of a 3Cr13 stainless steel induced by the pulsed electron beam
treatment. It was observed that the formation of nanostruc-
tures was related to the carbide dissolution, rapid melting,
solidification, and high thermal stresses in the surface layers
during the beam treatment.

Jianxin Zou
Craig Buckley
Huaiyu Shao

Gang Ji
Kemin Zhang
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We report in this paper an interesting phenomenon associated with low-energy high-current pulsed electron beam (LEHCPEB)
treatment: surface nanograined and textured austenite formation under the melting treatment mode. The treatment induces
superfast heating and melting followed by a rapid solidification and cooling of the material surfaces. As a result, nano-structured
surface layers can be achieved quite easily. Examples of nanoaustenite formation with special texture state in the modified surface
layer of AISI D2 steel and NiTi alloy will show the potential for surface nanocrystallization of materials with improved properties
by LEHCPEB technique.

1. Introduction

Recently, the application of energetic beams such as ion,
electron, laser, and plasma has been of increasing interest
to modify the surface of metallic materials [1–3]. The main
feature of these pulsed systems lies in their high power

density of 109–1012W/cm2 acting at the target surface within
short durations. Among these pulsed beam techniques, the
low-energy high-current pulsed electron beam (LEHCPEB)
is relatively new [3, 4]. The simplicity and reliability are
the advantages of this technique over pulsed laser and ion
beam treatments, with potential industrial applications [3].
The high-density electron pulses of short durations induce
dynamic temperature fields in the surface layers, leading to
the superfast heating, possible melting, and even evaporation.
This is followed by a rapid solidification and cooling of the
material surface. As a result, nonequilibrium microstruc-
tures, such as supersaturated solid solution, nanosized grain,
and even amorphous phase formations, can be achieved in
the resolidified layer. In addition, a dynamic stress field is

formed that causes intense deformation in the material sub-
layers [5]. These mechanisms can generate a surface layer with
improved physical, chemical, and strength properties that
are often unattainable with conventional surface treatment
techniques [3, 4].

During the past few decades, nanostructured materials
have been studied extensively due to the fact that they have
many advantages over conventional coarse-grained materials
[6]. Especially, nanoaustenization has long been the objective
of metallurgists to achieve combined high toughness of the
austenite phase and high strength of the nanostructure.
Rapid solidification and severe plastic deformation may be
two alternative candidates for such a purpose. In some
previews works, fine structured austenite steels were obtained
by various solidification-related techniques, such as thermal
spray, melt spinning, and laser treatment with the aim of
producing the so-called “super steel” high strength steel with
high ductility [7–9]. However, fine austenitic steel with a
single phase structure is not achieved below 400 nm yet
due to many factors concerning difficulties of preparation
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techniques and designing of fabrication route. Sever plastic
deformation methods, such as equal channel angular pro-
cessing and mechanical attrition treatment, are known to
be able to produce nanostructured materials with grain size
down to several nms [10, 11]. However, austenite is usually
metastable; that is, it tends to transform into martensite. For
example, by using repeated cold rolling and equal channel
angle processing, austenitic stainless steels can be nanocrys-
tallized [7, 8], but the final microstructure always presents
a mixture of martensite and austenite due to the strain-
induced martensitic transformation during these processing.
Further high-temperature annealing is necessary to revert
the martensite to austenite. As a side effect, the size of the
austenite grains will increase to micrometer size at the same
time.

In many cases, the nature of the material surface is
of major importance, in particular for fatigue, corrosion,
and wear resistance properties which are of interests for
industrial applications. Therefore, instead of producing bulk
nanostructured materials, nanocrystallization of the surface
can be an optimum alternative [10–12]. K. Lu and J. Lu first
proposed the concept of surface nanocrystallization of mate-
rials through chemical, physical, and mechanical methods
[10]. By using mechanical attrition treatment, they obtained
nanostructured surface layers having better mechanical and
chemical properties on different metallic materials [11].
The purpose of the present work is to show the surface
nanoaustenite formations in metallic materials induced by
the LEHCPEB treatment.

2. Experimental Procedure

2.1. Starting Materials. Two kinds of materials were selected
to be treated by LEHCPEB, a cold worked die steel (AISI D2)
and an NiTi shape memory alloy. The chemical composition
of the D2 steel is C 1.4∼1.6200 wt%, Cr 11∼13 wt%, Mo 0.7–
1.2 wt% V∼1 wt%, Mn 0.6 wt%, Si 0.6 wt%, Fe balance. The D2
steel samples were austenitized at 1020∘C for 30 min followed
by water quenching [13]. The steel was subsequently tempered
at 200∘C for 3 hours. The above treatment procedure results
in an initial structure of mixed carbides (Cr7C3 type) and
tempered martensite. The as-received Ni(50.6 at%)Ti shape
memory alloy was hot rolled at 750∘C by multipasses in the
form of a nearly rounded bar having a diameter of about
12 mm [14]. This processing led to a recrystallized structure
having a very weak (less than two time random) and broad⟨110⟩ fiber texture // to the rolling direction. The initial grain
size was about 10∼50 𝜇m. The specimens for the LEHCPEB
treatment were cut perpendicularly to the rolling axis into
2 mm thick discs. Prior to the LEHCPEB treatments, the disc
surfaces were polished down to 1𝜇m diamond paste, and the
specimens were ultrasonically cleaned in acetone.

2.2. Experimental Conditions. The electron beam system
used in this work is a “Nadezhda-2-” type LEHCPEB
source. It can produce electron beams with the following
characteristics: an electron energy of 10 to 40 keV; a pulse
duration of about 1 𝜇s; an energy density ranging from 0.5

to 5 J/cm2; and a cross-section area that can be adjusted

between 10 and 50 cm2. The electron beam is generated at
an explosive emission graphite cathode. The accelerating
voltage, magnetic field intensity, and the anode-collector
distance are the controlling parameters for the beam energy
density. For more details about the LEHCPEB system, the
readers can refer to references [3, 4]. The electron-beam
treatment parameters were as follows: an accelerating voltage

of 27 kV and an energy density of ∼2.5 J/cm2. The samples
investigated here were treated for 5, 10, and 20 pulses and with
a pulse duration of 1.5 𝜇s. The dwell time between each pulse
was 10 s. The parameters were set so that in both cases the
materials’ surfaces were treated under “melting” mode, which
is different from the “evaporating” mode where the surface
can reach boiling point during treatment.

2.3. Microstructure and Phase Characterization. Conven-
tional X-ray diffraction (𝜃-2𝜃 mode) was carried out with
a Cu-K𝛼 radiation source on a SHIMADZU XRD-6000
apparatus to analyze the phase state at the sample surface.
The texture analysis on D2 steel samples was carried out using
a D8 Advance Bruker AXS X-ray goniometer equipped with
an Eulerian cradle 𝜒 stage. The Cr-K𝛼 radiation was selected
for the texture analysis in order to better distinguish and
separate the peaks from the 𝛼 and 𝛾 phases. In some cases,
to limit the X-ray penetration depth and thereby investigate
only the thin melted layer present at the surface, low incident
beam X-ray diffraction was done with an incident angle
set at 2∘. A JEOL 6500F-type field emission gun scanning
electron microscope (FEG-SEM) equipped with an electron
backscattering diffraction (EBSD) attachment was used to
observe surface morphologies and gain more information
about the microstructure and texture state of the melted
zone on NiTi samples. For the EBSD analysis, the SEM was
operated at 15 kV with the sample tilted by 70∘.

3. Results

3.1. Nano- and Textured Austenite in Irradiated D2 Steel.
Figure 1(a) shows the evolution of the XRD patterns of
LEHCPEB-treated D2 steel samples with the number of
pulses [15]. The starting material contained two phases: ferrite
(𝛼-Fe) and carbide having the Cr7C3 structure. After the
LEHCPEB bombardment, the XRD patterns are observed to
be changed somehow dramatically. Concerning the Cr7C3
phase, it is clear that the carbide peaks tend to disappear
after the LEHCPEB treatments. Concerning the 𝛼 phase, it
is interesting to note that some of the peaks in the sample
treated for 5 pulses have close neighbours. A splitting of
the (200) peak is usually found in newly formed martensite
having sufficient amount of C to reveal its quadraticity. It
is interesting to note that this peak splitting is no longer
observed after 25 pulses of LEHCPEB treatment. Finally,
some new peaks are present in the XRD patterns. They were
verified to be from the 𝛾-Fe phase. The peak intensity of the𝛾-Fe phase increases with the number of pulses, indicating
that the volume fraction of the 𝛾 phase detected by XRD
increases.
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Figure 1: (a) XRD patterns of the untreated and treated D2 steel samples. (b) Low incident beam XRD pattern of the 25-pulsed sample; a
typical cross-sectional OM picture is shown inset.

Figure 1(b) shows the low incidence beam X-ray diffrac-
togram recorded on the sample treated for 25 pulses. It only
shows the presence of the 𝛾 peaks. This indicates that the
surface layer is mainly composed of the 𝛾 phase. The typical
cross-sectional micrograph of the etched sample after the
LEHCPEB treatment for 25 pulses is shown in the inset of
Figure 1(b). The “white” layer visible on the surface, which
appears with a completely different contrast from the rest of
the material, corresponds to the melted layer. No carbides or
grain boundaries could be observed in this layer even after
deep etching. The average depth of the melted layer is 4.4 𝜇m
after 25 pulses. Below the melted layer are the heat affected
zone and substrate containing large amount of carbides.

Figure 2 shows a typical SEM micrograph taken on the
5-pulsed sample. Needle-like structures are clearly observed,
which tend to be grouped and connected to each other. This
needle-like aspect suggests the presence of martensite. It was
confirmed by EBSD measurements that those needle-like
structures are martensite and the rest are austenite [15]. A
high magnification SEM-FEG image of the 25 pulses treated
D2 steel is shown in Figure 2(b). It reveals very fine grains or
subgrains having a size of about 100∼150 nm, which cover the
whole surface. Figure 2(c) shows a typical TEM bright field
image from the melted layer of the 25-pulsed sample. The
majority of the structure consisted of the 𝛾 phase, which was
directly grown from the melt and was retained down to room
temperature. Although the cooling rate was as high as 107 K/s,
the martensitic transformation was completely suppressed
[16]. Such an effect is due to the increased stability of the
austenite phase by grain size constraining effect and by the
austenite stabilized alloying of C into the melt. Various TEM
images, taken from different locations in the thin foil, showed
that the cell size of the 𝛾 phase was in the range of 50–200 nm.
A careful look at the micrograph in Figure 2(c) reveals also

very fine precipitates. Their size is below 10 nm. They are often
present at the grain boundaries and in particular most often
at triple junctions, as arrowed in Figure 2(c).

Figure 3 shows the normalized inverse pole figure corre-
sponding to the 𝛾 phase on the 25-pulsed sample measured
by XRD goniometer [14]. The intensity in the vicinity of
(200) pole is about 1.8 is slowly decreasing when approaching
the other two poles. This indicates the presence of a ⟨200⟩
fiber texture component parallel to the normal direction of
the sample with a large spread around this ideal orientation.
In addition, the higher intensity around (220) pole (about
2.1) and its fast decreasing show also the presence of a
sharper ⟨220⟩ component. Although clearly depicted, these
two texture components are rather weak, having maximum
slightly above 2 times random. The very low intensity at (111)
pole confirms the two fibers and indicates that the ⟨220⟩ and⟨200⟩ crystallographic directions along the normal direction
of the sample are created at the expense of orientations in the
vicinity of ⟨111⟩.
3.2. Nano- and Textured Austenite in Irradiated NiTi Alloy.
XRD analysis was also carried out on the NiTi alloy samples
before and after the LEHCPEB treatments. Examples of
diffractograms are shown in Figure 4. For the initial state, the
observed peaks correspond to the NiTi (B2 structure) austen-
ite phase and the NiTi2 precipitates. After the LEHCPEB
treatment with 5 pulses, peaks corresponding to the NiTi
martensitic phase (B19) are present. In addition, it is also
clearly visible that the diffraction peaks of the NiTi2 phase
have disappeared, which is a consequence of the surface
purification effect from precipitates in the surface layer
[17]. However, the intensity of the peaks corresponding to
NiTi martensite became weaker after 10 pulses and almost
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Figure 2: Typical SEM surface morphology on the 5-pulsed D2 sample (a) and high magnification SEI (b) surface morphologies of the sample
treated with 25-pulses. Typical TEM morphology in the melted layer of the 25 pulsed sample (c).

disappeared after 20 pulses. This indicates that the fraction of
martensite in the surface layer decreases with the number of
pulses, a similar case to that observed on the D2 steel samples.

To gain more information about the microstructure and
texture issued from the solidification of the surface melted
zone, FEG-SEM observations and EBSD analysis were carried
out at the top surface of the treated NiTi samples. Figure 5
shows a typical SEM micrograph of the sample LEHCPEB
treated for 5 pulses under backscattering condition. Some
straight bands having brighter contrast are clearly visible,
close to the crater formation region. This is reasonable
because the martensitic transformation in this alloy was
triggered by the high stress field induced by the LEHCPEB
treatment, and the stress field near crater formation region is
higher due to the shock wave formation [18]. The dark spots,
often located in the crater centers, are NiTi2 precipitates,
which are the initial sites for crater formations. The rest area is
covered by fine grains and a network of fine shrinkage voids.
Much like the 25-pulsed D2 steel sample, a high magnification
SEM-FEG image of the 20 pulses treated NiTi (Figure 5(b))
reveals again very fine grains having a size of about 100 nm∼
1 𝜇m, which cover the whole surface.

Figures 6(a) and 6(b) give a typical EBSD OIM map on
the 20 pulses treated NiTi sample as well as its related pole
figures. All the grains on the top surface were indexed as
corresponding to the NiTi austenitic phase having the B2
structure and no martensitic phase could be indexed. Indeed,

the map in Figure 6(a) is almost completely dominated by
grains having a green color (medium gray), which corre-
sponds to grains having a {110} plane perpendicular to the
normal direction. Besides, some red-colored grains (deep
gray), having their {100} plane perpendicular to the normal
direction, are also present. The pole figures (Figure 6(b)),
containing rings, depict a fiber type of texture. It consists
in fact of two major components: a major ⟨110⟩ // ND
component to which it is associated with a very weak ⟨100⟩ //
ND one. The size distribution of the austenite phase grains is
shown in Figure 6(c). After the LEHCPEB treatment with 20
pulses, the rapid solidification leads to a fine grain structure
with mean grain size of about 380 nm.

4. Discussion

Usually, the LEHCPEB-modified surface layer can be divided
into three regions from the cross-sectional view having
different depths in the treated material [19–21]: (i) a melted
and rapidly solidified layer on the top surface (∼1–10𝜇m), (ii)
a heat affected zone (HAZ∼10–100 𝜇m), and (iii) a stress wave
affected zone (∼100–1000𝜇m).

During the pulsed electron beam irradiation, the material
adjacent to the zone of energy transfer is rapidly heated,
leading to the formation of a nonequilibrium temperature
field propagating into the material. Simultaneously, two kinds
of stresses are generated, that is, the thermoelastic stress and
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the quasi-static thermal stress [18, 22]. When the material
top surface layer is heated up, local melting can also occur
preferentially below the surface at preferential sites such as
second phase particles or crystallographic discontinuities.
During the melting, the constrained melted pockets of mater
can be expulsed towards the outer covering solid surface,
leading to the eruptive cratering phenomena, and a recoiled
impulsion will be exerted against the underlying substrate
[18]. This leads to the formation of local high-gradient stress
fields in the vicinity of these structural discontinuities. The
stress is thus generated during the process of eruption namely,
the shock thermal stress can propagate along the direction

of the electron beam in the material matrix and fade away
when the eruption event finishes. When the electron beam
pulse is completed, the surface layer cools down rapidly while
the thermoelastic and quasi-static thermal stresses evolve
temporally until the heat balance is reached in the sample
[22].

The nanostructured austenite formation after LEHCPEB
treatment can be mainly attributed to the rapid solidification
that occurs at the surface layer. As mentioned before, the Cr
and C contents in the melted layer of D2 sample increase
with the number of pulses, and, thereby, the melt composition
becomes closer to the eutectic point. Therefore, the melt gets
stabilized, and the undercooling during rapid solidification
increases [23]. This must lead to an increase in the nucleation
rate within the melt with the number of pulses. In addition,
it was also shown that the addition of small-sized atoms,
for example, B into Ni70Cu30 alloy, can favour the grain
refinement effect by reducing the crystal growth rate [23]. In
this case, carbon will play the same role, as already shown in
an Mg alloy [24]. Thus, the drastic grain refinement observed
here with the pulse numbers must result from the combined
effects of an increased nucleation rate and a lower grain
growth. An interesting phenomenon found in the present
work was the stabilization of austenite after the repeated
actions of the beam and the rapid solidification process.
This phase directly grows from the melt. Because of the
very high cooling rate (∼107 K/s) and high thermal stress
(hundreds of MPa) undergone at the surface of the sample, it
is expected that the high temperature 𝛾 phase transforms into
martensite undercooling. In the case of D2 steel, however,
it is likely that the dissolution of the large carbide was
almost complete so that the amount of C in the austenite
must have significantly depressed the Ms temperature, and,
consequently, the martensitic transformation was avoided.
Besides, the inhibition of the martensitic transformation is
also suppressed due to the ultrafine grain size of the austenite
phase formed in this melted layer by the rapid solidification
process [16].

In both cases, we have noticed that the phase trans-
formation route with the number of pulses is similar. The
martensitic transformation occurred only at the early stage
of treatment, that is, 5 pulses. Then it was suppressed by
dissolution of carbides or by the grain size constraining
effect with sufficient number of pulses. Here, martensitic
transformation may play an important role for the grain
refining process. It can divide one grain into some separate
parts and by which the grain can be refined. This process
occurred repeatedly during each pulse, until the grain is fine
enough that martensitic transformation cannot occur any
more. The grains showed somehow an “inherent” behaviour.

Another interesting observation revealed in this work is
the presence of the mixed ⟨100⟩ + ⟨110⟩ fiber texture for
the rapidly solidified D2 steel and NiTi B2 layers. Gener-
ally, a growth process is done along the thermal gradient
direction following well-defined crystallographic directions
which, for cubic materials, are the ⟨100⟩ directions [25–
27]. The texture development can be influenced at the two
stages controlling the solidification process that starts by
nucleation and continues with growth. As the LEHCPEB
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Figure 5: Typical BSE surface morphology on the 5-pulsed NiTi sample (a) and high magnification BSE (b) surface morphology of the sample
treated with 20 pulses.
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process leads to resolidification onto an unmelted substrate,
the nucleation stage can be affected by the orientation of the
material from which the melted layer resolidifies. However,
the initial D2 steel doesnot have a specific texture, and the
initial NiTi alloy shows that only a very weak (110) fiber. This
means that the growth of the austenite from melt is not an
epitaxial one. Changes in the growth directions with respect
to solidification conditions have been reported in transparent
materials [28] as well as in Al alloys [25]. In particular, EBSD
analysis has revealed that the growth direction can change
from ⟨100⟩ to ⟨110⟩ in Al alloys directionally solidified
in high thermal gradients [26]. This was considered to
be associated with a modification of the atom attachment
kinetics when supersaturation is increased. In our cases, the
high growth rate together with the supersaturation of Ti in
the B2 phase in our alloy and C, Cr in the D2 steel, may
favour different growth directions. Indeed, further theoretical
and experimental analyses concerning the LEHCPEB are
required to fully understand the growth mechanisms of these
grains since it is clear that their nature cannot be explained
by conventional growth mechanisms.

The fine austenite structure contributes to the improved
tribological properties and corrosion resistance [29–33].
It is already established that the metastable austenite can
transform to martensite during wear process and thereby
hardens the worn zone and improves the wear resistance.
In the case of corrosion, the nanoaustenite will show better
corrosion resistance by accelerating the formation of passive
film on it. On the other hand, textured surface will also be a
positive factor for improving corrosion resistance due to the
homogenisation of grains.

5. Conclusions

This work has shown the surface nano-structured austenite
with specific texture state induced by LEHCPEB irradiation
in melting mode through the examples of modified surface
layers of AISI D2 steel and NiTi shape memory alloy. In
both cases, nanograined austenite with a ⟨100⟩ + ⟨110⟩ fiber
texture is formed on the materials after sufficient number
of pulses. The results gathered here show the very strong
potential for surface nanocrystallization of materials with
improved properties by LEHCPEB technique. The mecha-
nisms were identified to produce nanostructures from the
melted liquid by taking advantage of the rapid thermal cycle
and martensitic transformation generated by the action of the
LEHCPEB process.
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In order to improve the detonation performance of hexahydro-1,3,5-trinitro-1,3,5-triazine (RDX) explosive, addictives with high
heat values were used, and magnesium hydride (MgH2) is one of the candidates. However, it is important to see whether MgH2 is a
safe addictive. In this paper, the thermal and kinetic properties of RDX and mixture of RDX/MgH2 were investigated by differential
scanning calorimeter (DSC) and accelerating rate calorimeter (ARC), respectively. The apparent activation energy (E) and frequency
factor (A) of thermal explosion were calculated based on the data of DSC experiments using the Kissinger and Ozawa approaches.
The results show that the addition of MgH2 decreases both E and A of RDX, which means that the mixture of RDX/MgH2 has a
lower thermal stability than RDX, and the calculation results obtained from the ARC experiments data support this too. Besides, the
most probable mechanism functions about the decomposition of RDX and RDX/MgH2 were given in this paper which confirmed
the change of the decomposition mechanism.

1. Introduction

Metal hydrides belong to the hydrogen storage material,
which have been widely applied for energy storage carriers
in recent years. However, metal hydrides are also attracting
significant attention as one of the potential fuel components
of energetic materials due to their peculiar properties. Metal
hydrides have high activity and they can provide high heat
values in the process of explosion.

In middle of 1960s, the former Soviet Union conducted
the research on the application of metal hydrides for energetic
materials. It was found that the metal hydrides gave off a large
amount of heat when they were burning and caused relatively
lower flame temperature due to the generation of light mole-
cular weight gases. As a result, adding metal hydrides to pro-
pellants is likely to lead higher energetic density. For example,
propellants containing aluminum hydride (AlH3) have 9.8 to
39.2 N⋅s/kg higher specific impulses than propellants contain-
ing Be. Recently, Russia has applied it to solid propellants and
fuel air explosive weapons [1].

Nitrocellulose propellant composition containing AlH3
was proposed in 1970s in USA [2]. It was also reported that
adding magnesium hydride (MgH2) in some explosives such
as TNT, tetryl, and C-4 will increase the total work capacity
generated by organic, noninitiating explosives [3]. Selezenev
et al. [4] considered the influence of aluminum, magnesium
and their hydride powders on the detonation characteristics
of the compositions based on ammonium nitrate, hexahydro-
1,3,5-trinitro-1,3,5-triazine (RDX), and cyclotetramethylene-
tetranitramine (HMX). It concluded that the detonation velo-
city in the compositions with hydride powders were higher
than in the composition with metal powders. Besides, MgH2
was also applied as a pyrotechnic composition which provides
improved ignition rates and increased burning time without
reduction in luminous intensity [5].

From the above-mentioned researches, it can be found
that metal hydrides have great potential as additive compo-
nents for energetic materials. Among all the metal hydrides,
MgH2 has a high hydrogen storage capacity up to 7.6 wt%.
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Table 1: Data of DSC analyses on RDX and RDX/MgH2 mixture.

Sample 𝛽 𝑚/mg
Melting process Decomposition process𝑇onset/

∘C 𝑇𝑝1/∘C 𝑇𝑝2/∘C Δ𝐻𝑑/J⋅g−1

RDX

1 1.07 203.00 — 225.86 2179.06

2 1.13 201.88 — 232.22 2619.00

4 1.15 201.79 232.41 239.76 1763.61

8 0.94 198.95 — 242.72 2558.51

RDX + 10 wt% MgH2

1 1.14 200.94 — 223.22 4027.00

2 1.07 202.29 — 231.92 2512.24

4 1.03 203.05 234.26 240.65 2048.55

8 1.20 198.60 — 244.41 2045.80

Where 𝛽means the heating rate, the subscripts 1 and 2 are for the first peak and the second peaks respectively, 𝑇onset is the initial decomposing temperature,
and 𝑇𝑝 is the peak temperature. Δ𝐻𝑑 is the heat release in decomposition process.
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Figure 1: XRD pattern of MgH2 powder.

However, as an additive, MgH2 should be of a good compati-
bility with the original explosives or propellants and possess a
satisfactory thermal stability. In this paper, thermal behaviors
of RDX and the mixture of RDX/MgH2 were investigated by
differential scanning calorimeter (DSC) and accelerating rate
calorimeter (ARC). In addition, the hazard characterizations
of the mixtures were analyzed in order to ensure the safe
application of MgH2 in RDX.

2. Experimental

2.1. Materials. Nano-MgH2 used in this paper was obtained
from Shanghai Engineering Research Center of Magnesium
Materials and Applications [6]. It was prepared through a
DC Arc Plasma method followed by hydrogenation under
high hydrogen pressure at 400∘C. The details about the
preparation and microstructures of the MgH2 can be found

in the references [7]. RDX was dried at 60∘C to constant
weight.

2.2. Powder X-ray Diffraction. X-ray diffraction (XRD) was
utilized to analyze the phase components of the hydrides.
The XRD apparatus used was made by Bruker (type: D8
ADVANCE, Cu K𝛼 radiation source).

2.3. DSC Analysis. DSC is a routine tool to study the
thermal stability, heat generation caused by phase transition
and chemical reaction, kinetic parameters, decomposition
of reactive substances, and so forth. In this paper, the DSC
apparatus used was made by Mettler Toledo (type: DSC1).
MgH2 powder was tested at 10∘C/min and the mixtures of
RDX/MgH2 were heated at a constant rate (1, 2, 4, 8∘C/min)
in nitrogen atmosphere from 25 to 500∘C. The stain steel
crucible was used.

2.4. ARC Analysis. ARC is an effective tool for hazards eval-
uation of reactive substance. Compared with DSC, ARC pos-
sesses the characteristic of larger sample quality and adiabatic
experimental environment. A lightweight spherical titanium
bomb was used in the experiment. The instrument used was
made by Thermal Hazard Technology (type: esARC). The
ARC experiments were started at ambient pressure of air. The
standard ARC procedure of heat-wait-search was used [8].

3. Results and Discussion

3.1. XRD Result. The XRD pattern of MgH2 is shown in
Figure 1. Besides MgH2, the existence of Mg and MgO was
also detected in the powder.

3.2. Thermal Behaviors of MgH2 Powder. The DSC curve
of MgH2 powder is shown in Figure 2. An endothermic
peak of MgH2 appears at 481∘C, which is different from the
values reported in the literature [9, 10]. It is because metal
hydrides release hydrogen at different temperatures due to
the various surface conditions from different preparation
methods. For instance, Huot et al. [9] found that MgH2made
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Figure 2: DSC curve of MgH2 powder.

by ball milling began to decompose at 396∘C, while MgH2
synthesized through a direct-hydriding method decomposed
at about 287∘C [10].

3.3. DSC Analyses on RDX and RDX/MgH2 Mixture. The
DSC curves of RDX and RDX containing 10 wt% MgH2 at
different heating rates of 1, 2, 4, and 8∘C/min are shown in
Figures 3(a)–3(d). The decomposition temperatures of these
samples are shown in Table 1 also with the quantities of the
heat release. It can be seen from the curves that adding nano-
MgH2 powder has no significant effect on the melt point of
RDX. As for the decomposition process of RDX, it has at least
two stages which can be observed obviously from Figures
3(a)–3(c). This result confirms to the literature research [11].
However, there is only one exothermic peak in the DSC curve
of RDX at 8∘C/min.

Brill and Brush [12] investigated the mechanism of
thermal decomposition of RDX, HMX, and some other
cyclic nitramine explosives based on the T-jump/FTIR and
SMATCH/FTIR spectroscopy. The mechanism of thermal
decomposition was presented that the C–N and N–N bonds
break at the same time, as shown in formula of (1) and (2). It is
considered that the low temperature and slow heating rate are
benefit to the breakdown of C–N bonds and make the RDX go
through a long decomposition in molten state which is favor-
able for the generation of CH2O. Formula (1) is an exothermic
reaction (−212.3 kJ/mol). In addition, high temperature and
rapid heating are helpful to the breakdown of N–N bonds,
and it is an endothermic reaction (+117.2 kJ/mol). At last, the
following reaction shown in formula (3) releases a lot of heat:

(CH2NNO2)3 → 3 (CH2O + N2O) (1)

(CH2NNO2)3 → 3 (HCN + HONO) or

3 (HCN + H⋅ + NO2) (2)

5CH2O + 7NO2 → 7NO + 3CO + CO2 + 5H2O. (3)

Based on the above theory, different peak shapes of RDX
in Figures 3(a)–3(c) can be explained. When the heating
rate is slow, the breakdown of C–N bonds is the dominant
reaction and this causes a gentle and slow heat release in the
early stage of decomposition. Then, the reaction shown in
formula (3) occurs and forms a short spike in DSC curve.
On the contrary, when the heating rate increases to 8∘C/min,
the reaction shown in formula (2) becomes dominant and
absorbs part of heat which may be due to the slight concave
between 210∘C to 230∘C in curve (d) of RDX. Therefore,
the two stages of RDX’s decomposition are not observed in
Figure 3(d).

As shown in the graphs, adding 10 wt% of MgH2 has some
effect on the peak shape of RDX’s decomposition. Adding
MgH2 makes the shoulder peak become sharper especially at
the heating rate of 1∘C/min. However, the hydrogen releasing
temperatures of MgH2 used in this paper are far below the
decomposition temperature of RDX. So, it can be considered
that the effect on the peak shape is mainly due to the metal
hydride itself but not the resolved products.

MgH2 used in this paper was prepared through hydro-
genation of Mg ultrafine powders and the high transfor-
mation-induced lattice distortion will cause intense cracks
in the powder particles. As a result, lots of hydrogen atoms
exist in the gaps on the surface of crystal cells [10]. Palopoli
and Brill [13] proposed a opinion about the breakdown of
N–N bonds of cyclic nitramine that the H atoms in the
–CH2– group transfer to nearby –NO2 group firstly, which
results in N–N bonds’ breakdown. Therefore, lots of H atoms
in the gaps of MgH2 may increase the opportunity for the
interaction between H atoms and –NO2 group and promote
the generation of NO2. As a strong oxidizer, NO2 can react
with MgH2 and provide extra heat which makes the second
exothermic peak of RDX become obvious [14].

3.4. Kinetic Parameters Getting from DSC. Potential hazards
always associate with the thermal behavior of energetic
materials, so it is essential to evaluate the stability and
carry out the decomposition kinetic. In this paper, kinetic
parameters were determined using the Kissinger approach
[15] and the Ozawa approach [16] in the meantime as shown
in formulas (4) and (5), respectively, the results are shown in

Table 2,

ln( 𝛽𝑇2𝑝) = ln(𝑅𝐴𝐸 ) − 𝐸𝑅 1𝑇𝑝 , (4)

lg𝛽 = lg
𝐴𝐸𝑅𝐹 (𝛼) − 2.315 − 0.4567 𝐸𝑅𝑇𝑝 . (5)

As shown in Table 2, the values of 𝐸 calculated by the
Kissinger method are in good agreement with the values
calculated by the Ozawa method. Adding 10 wt% MgH2
decreases the activation energy of RDX from 260.57 kJ/mol
to 202.74 kJ/mol. The frequency factors are also following this
order. Therefore, the thermal stability lowered to a certain
extent after adding MgH2 to RDX.
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Figure 3: DSC curves of RDX and RDX/MgH2 mixture at different heating rate.

Table 2: Kinetic parameters obtained by Kissinger and Ozawa approaches.

Sample
Kissinger Ozawa𝐸 (kJ/mol) ln𝐴 (s−1) 𝑟2 𝐸 (kJ/mol) 𝑟2

RDX 260.57 55.93 0.98006 255.81 0.98127

RDX + 10 wt% MgH2 202.74 42.06 0.99331 200.80 0.99389

Where 𝐸 is the activation energy, 𝐴 is the frequency factor, and 𝑟2 is the linear correlation coefficient.

3.5. ARC Results. The experimental conditions and results
are listed in Table 3. The curves of temperature-time, pres-
sure-time, self-heating-rate-temperature, and so forth are
drawn in Figures 4 and 5.

The sample quantities for ARC test were smaller than
usual, which was constrained by the fierce reaction of the
explosive samples. As a result, the thermal inertia was big,
and it may lead to higher ignited temperature and smaller

pressure. The heat release should be correct because of the
heat evolution that was used to heat the titanium ball.
Whereas, the data from the ARC test still had some reference
significance to analyze the thermal stability of these mixtures.

Since the amount of sample is fairly small, the influence
caused by a different sample weight was great. In this case,
it may be improper to draw a conclusion from the data in
Table 3 directly. However, it is feasible to compare the thermal
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Table 3: Data of ARC analyses on RDX and RDX/MgH2 mixture.

Sample RDX RDX + 5 wt% MgH2𝑀 (g) 0.071 0.063𝑇0 (∘C) 201.569 199.220𝑇𝑓 (∘C) 227.653 221.791

Δ𝑇 (∘C) 26.084 22.571𝑚0 (∘C⋅min−1) 0.020 0.020𝑚𝑚 (∘C⋅min−1) 2.485 1.901𝑇𝑚 (∘C) 215.082 219.657𝑃𝑚 (bar) 7.698 6.714Δ𝑃 (bar) 5.160 4.012

Where 𝑀 is mass of sample; 𝑇0 is the initial temperature; 𝑇𝑓 is the final
temperature; Δ𝑇 is the adiabatic temperature rise; 𝑚0 and 𝑚𝑚 are self-heat
at 𝑇0 and self-heat at 𝑇𝑓; 𝑇𝑚 is temperature at maximum rate; 𝑃𝑚 is the
maximum pressure; Δ𝑃 is the adiabatic pressure rise.

stability of these two samples by the kinetic parameters
getting from the data.

Figures 4(b) and 5(b) show the different variation of self-
heating rate between RDX and RDX/MgH2 mixture. Similar
change of the variation of pressure rising rate can be observed
in Figures 4(c) and 5(c). From the figures, the self-heating
rate of RDX achieves its maximum at the middle of the
decomposition process and drops at the high-temperature
period. However, the self-heating rate of RDX/MgH2mixture
achieve maximum at the high-temperature period as well
as the pressure rising rate. That is to say, adding MgH2
influences the decomposition process of RDX in the high
temperature stage, and it is consistent with the conclusion of
DSC experiments.

In this paper, the apparent activation energy of adiabatic
decomposition process was calculated by a method using
pressure data [17], and the following formula (6) was used:

ln
𝑚𝑝𝑓 ((𝑝 − 𝑝0) /Δ𝑝) = ln (𝐴 ⋅ Δ𝑝) − 𝐸𝑅 ⋅ 1𝑇 , (6)



6 Journal of Nanomaterials

Table 4: 29 kinetic models.

No. 𝑓 (𝛼) No. 𝑓 (𝛼) No. 𝑓 (𝛼) No. 𝑓 (𝛼)
1, 2 (1 − 𝛼)𝑚, 𝑚 = 1, 2 9 1/3(1 − 𝛼)−2 16 [− ln (1 − 𝛼)]−1 23 (1/4) (1 − 𝛼) [− ln (1 − 𝛼)]−3
3 1 10 (1/4) (1 − 𝛼)−3 17 3/2 (1 − 𝛼) [− ln (1 − 𝛼)]1/3 24 (3/2) [(1 − 𝛼)−1/3 − 1]−1
4 2 (1 − 𝛼)1/2 11 (2/3) 𝛼1/2 18 2 (1 − 𝛼) [− ln (1 − 𝛼)]1/2 25 3/2 (1 − 𝛼)2/3[1 − (1 − 𝛼)1/3]−1
5 2 (1 − 𝛼)3/2 12 (1/2) 𝛼−1 19 3 (1 − 𝛼) [− ln (1 − 𝛼)]2/3 26 6 (1 − 𝛼)2/3[1 − (1 − 𝛼)1/3]1/2
6 3 (1 − 𝛼)2/3 13 2𝛼1/2 20 4 (1 − 𝛼) [− ln (1 − 𝛼)]3/4 27 4 (1 − 𝛼)1/2[1 − (1 − 𝛼)1/2]1/2
7 4 (1 − 𝛼)3/4 14 3𝛼1/2 21 (1/2) (1 − 𝛼) [− ln (1 − 𝛼)]−1 28 (3/2) (1 + 𝛼)2/3[(1 + 𝛼)1/3 − 1]−1
8

12 (1 − 𝛼)−1 15 4𝛼1/2 22 (1/3) (1 − 𝛼) [− ln (1 − 𝛼)]−2 29 (3/2) (1 − 𝛼)4/3[(1 − 𝛼)−1/3 − 1]−1
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Figure 5: Adiabatic decomposition curves of RDX + 5 wt% MgH2.

where 𝑝 is the pressure at 𝑡; 𝑚𝑝 = 𝑑𝑝/𝑑𝑡; Δ𝑝 = 𝑝𝑓 − 𝑝0 is
the pressure rise; 𝑓( ) symbolizes the kinetic model in form
of differential equation. The plot of ln (𝑚𝑝/𝑓((𝑝 − 𝑝0)/Δ𝑝))
versus 𝑇−1 should give a straight line with a slope −𝐸/𝑅
providing the kinetic model which is correctly chosen.

Different kinetic models are used to try to find the best linear
fitting, from which the activation energy can be calculated.
The 29 kinetic models are listed in Table 4.

By applying the 29 kinetic models in formula (6) and

plot ln (𝑚𝑝/𝑓((𝑝−𝑝0)/Δ𝑝)) versus 𝑇−1, the best linear fitting
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Table 5: Regression results of kinetic parameters.

Sample 𝐸 (kJ/mol) ln𝐴 (s−1) 𝑓 (𝛼) 𝑟
RDX 586.34 142.86 21 0.97695

RDX + 5 wt% MgH2 406.43 99.18 2 0.98738

result can be screened. The highest correlation coefficient and
the corresponding kinetic model are shown in Table 5 as well
as the activation energy and frequency factor. Figure 6 shows
the simulating lines which have the highest correlation with
original data.

Samples used here were not exactly the same as the
samples used for DSC experiment, the metal hydride content
was 5 wt%. Meanwhile, the values of 𝐸 and 𝐴 in Table 5 are
quite different from the value mentioned above. It is also due
to the high thermal inertia. However, the kinetic parameters
calculated from the ARC’s data show the same rules as the
kinetic parameters calculated from the DSC’s data. Adding
5 wt% MgH2 decreased the values of 𝐸 and 𝐴 obviously.
Besides, the most probable mechanism function has also
changed.

4. Conclusions

(1) The addition of 10 wt% MgH2 to RDX has no obvi-
ous or regular effect on the melt point and the
initial decomposition temperature of RDX. The sec-
ond exothermic peak grows dramatically after the
addition of MgH2 to RDX, and the exothermic heat
quantity increases at the low heating rate.

(2) Kinetic parameters obtained from the DSC data show
that the mixture of RDX/MgH2 has the lower values
of 𝐸 and 𝐴, which means that the stability of mixture
RDX/MgH2 is worse than RDX. The reason of the
reduction may be due to the catalytic effect of the

hydrogen atoms existing in the gaps on the surface of
crystal cells.

(3) The conclusion from the ARC experiment is similar to
the result obtained from DSC. The apparent activation
energy of the mixture RDX/MgH2 is also lower than
that of RDX. The most probable mechanism function
changed too. Therefore, it is necessary to ensure the
safety of the mixture RDX/MgH2 before applying it
to large-scale experiment.

Acknowledgments

Professor Zou would like to thank the financial support from
Research Funds for the Doctoral Program of Higher Educa-
tion of China (no. 20100073120007) and from Shanghai Edu-
cation Commission (no. 12ZZ017). This work is partly sup-
ported by projects from the Science and Technology Com-
mittee of Shanghai under nos. 10JC1407700, 11ZR1417600,
and “Pujiang” project under no. 11PJ1406000.

References

[1] N. E. Matzek and H. C. Roehrs, “Stabilization of light metal
hydride,” USP 3857922, 1974.

[2] J. P. Flynn, G. A. Lane, and J. J. Plomer, “Nitrocellulose propel-
lant composition containing aluminum hydride,” USP 3844856,
1974.

[3] J. R. Hradel, “Enhanced organic explosives,” USP 3012868, 1961.

[4] A. A. Selezenev, V. N. Lashkov, and V. N. Lobanov, “Effect of
Al/AlH3 and Mg/MgH2 components on detonation parameters
of mixed explosives,” in Proceedings of the 12th Detonation
Symposium, San Diego, Calif, USA, 2002.

[5] J. R. Ward, “MgH2 and Sr(NO3)2 pyrotechnic composition,”
USP 4302259, 1981.

[6] J. X. Zou, X. Q. Zeng, Y. J. Ying, and W. J. Ding, “Preparation and
hydrogen sorption properties of a nano-structured Mg based
Mg-La-O composite,” International Journal of Hydrogen Energy,
vol. 37, pp. 13067–13073, 2012.



8 Journal of Nanomaterials

[7] S. Phetsinorath, J. X. Zou, X. Q. Zeng, H. Q. Sun, and W. J.
Ding, “Preparation and hydrogen storage properties of ultrafine
pure Mg and Mg-Ti particles,”Transactions ofNonferrousMetals
Society of China, vol. 22, no. 8, pp. 1849–1854, 2012.

[8] D. I. Townsend and J. C. Tou, “Thermal hazard evaluation by an
accelerating rate calorimeter,” Thermochimica Acta, vol. 37, no.
1, pp. 1–30, 1980.

[9] J. Huot, G. Liang, S. Boily, A. Van Neste, and R. Schulz, “Struc-
tural study and hydrogen sorption kinetics of ball-milled mag-
nesium hydride,” Journal of Alloys and Compounds, vol. 293, pp.
495–500, 1999.

[10] L. L. Liu, F. S. Li, C. L. Zhi, H. C. Song, and P. Li, “Effect of
magnesium based hydrogen storage materials on the properties
of composite solid propellant,” Chinese Journal of Energetic
Materials, vol. 17, no. 5, pp. 501–504, 2009.

[11] Z. R. Liu, Y. Liu, X. P. Fan, F. Q. Zhao, and C. M. Yin, “Thermal
decomposition of rdx and hmx part i: characteristic values of
thermal analysis,” Chinese Journal of Explosives and Propellants,
vol. 27, no. 2, pp. 63–72, 2004.

[12] T. B. Brill and P. J. Brush, “Condensed phase chemistry of explo-
sives and propellants at high temperature: HMX, RDX and
BAMO,” Philosophical Transactions of the Royal Society, vol. 339,
pp. 377–385, 1992.

[13] S. F. Palopoli and T. B. Brill, “Thermal decomposition of ener-
getic materials 52. On the foam zone and surface chemistry of
rapidly decomposing HMX,”Combustion and Flame, vol. 87, no.
1, pp. 45–60, 1991.

[14] S. Bouaricha, J. Huot, D. Guay, and R. Schulz, “Reactivity during
cycling of nanocrystalline Mg-based hydrogen storage com-
pounds,” International Journal of Hydrogen Energy, vol. 27, no.
9, pp. 909–913, 2002.

[15] H. E. Kissinger, “Reaction kinetics in differential thermal anal-
ysis,” Analytical Chemistry, vol. 29, no. 11, pp. 1702–1706, 1957.

[16] T. Ozawa, “A new method of analyzing thermogravimetric
data,” Bulletin of the Chemical Society of Japan, vol. 38, no. 11,
pp. 1881–1886, 1965.

[17] X. M. Qian, L. Liu, and C. G. Feng, “Calculating apparent activa-
tion energy of adiabatic decomposition process using pressure
data,” Acta Physico, vol. 21, no. 2, pp. 134–138, 2005.



Hindawi Publishing Corporation
Journal of Nanomaterials
Volume 2013, Article ID 101508, 6 pages
http://dx.doi.org/10.1155/2013/101508

Research Article

Applied Pressure on Altering the Nano-Crystallization
Behavior of Al86Ni6Y4.5Co2La1.5 Metallic Glass Powder during
Spark Plasma Sintering and Its Effect on Powder Consolidation

X. P. Li,1 M. Yan,1 G. Ji,2 and M. Qian1

1 The University of Queensland, School of Mechanical and Mining Engineering, ARC Centre of Excellence for Design in Light Metals,
Brisbane, QLD 4072, Australia
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Metallic glass powder of the composition Al86Ni6Y4.5Co2La1.5 was consolidated into 10 mm diameter samples by spark plasma
sintering (SPS) at different temperatures under an applied pressure of 200 MPa or 600 MPa. The heating rate and isothermal holding
time were fixed at 40∘C/min and 2 min, respectively. Fully dense bulk metallic glasses (BMGs) free of particle-particle interface
oxides and nano-crystallization were fabricated under 600 MPa. In contrast, residual oxides were detected at particle-particle
interfaces (enriched in both Al and O) when fabricated under a pressure of 200 MPa, indicating the incomplete removal of the oxide
surface layers during SPS at a low pressure. Transmission electron microscopy (TEM) revealed noticeable nano-crystallization of
face-centered cubic (fcc) Al close to such interfaces. Applying a high pressure played a key role in facilitating the removal of the
oxide surface layers and therefore full densification of the Al86Ni6Y4.5Co2La1.5 metallic glass powder without nano-crystallization.
It is proposed that applied high pressure, as an external force, assisted in the breakdown of surface oxide layers that enveloped the
powder particles in the early stage of sintering. This, together with the electrical discharge during SPS, may have benefitted the
viscous flow of metallic glasses during sintering.

1. Introduction

Metallic glasses (MGs) have been investigated for decades due
to their intrinsically unique physical and chemical properties
[1]. Al-based MGs are promising advanced materials which
have attracted increasing attention for their ultrahigh specific
strength and relatively low cost compared with most other
MGs [2]. However, due to their low glass forming ability
(GFA), fabrication of Al-based BMGs through a conventional
cooling process from liquid has proved to be challenging [3–
5]. The first conceptual Al-based BMG with 1 mm diameter
was fabricated using a copper mold casting approach in 2009
[6] since the Al-based MG was first reported in 1988 [7] and
the alloy reported [6] remains to be the best glass forming Al-
based BMG to date. The slow development of Al-based BMGs
in terms of their GFA impedes the potential application of
these materials.

Since MG powder can be readily prepared by gas-
atomization [8], powder metallurgy (PM), especially the
spark plasma sintering (SPS) technique, offers an alternative
to the fabrication of BMGs. Fully dense Ti-, Ni-, Cu-, and
Fe-based BMGs with >10 mm diameters have been fabricated
using SPS [9–12]. These MGs have much higher glass tran-
sition temperatures (𝑇𝑔) [1, 3] compared to Al-based MGs
and therefore can be readily consolidated at high sintering
temperatures without nano-crystallization. As for Al-based
BMGs, because their 𝑇𝑔 temperatures are generally <300∘C,
nano-crystallization is easy to occur during SPS. Hence, few
studies have succeeded in fabricating fully dense Al-based
BMGs without crystallization [13–15]. On the other hand, a
previous study [16] has revealed that MG powder is enveloped
by an oxide layer which would inhibit viscous flow of the
amorphous material for full densification. As a result, it is
essential to remove this surface oxide layer to enable viscous
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flow for full densification of Al-based MG powder at low
temperatures.

It has been proposed [17] that the electrical discharge
during SPS has a cleaning effect which can help to remove
the surface oxide layers on metallic powders. In general,
the higher the heating rate during SPS, the more effective
the cleaning effect will be [18]. However, due to the low𝑇𝑔 of Al-based MGs (<300∘C), it is difficult to accurately
control the temperature rise and avoid overshoot when a very
high heating rate (>40∘C/min) is used. Consequently, it is
necessary to consider employing other options such as the
use of high pressure to assist in the breakdown of surface
oxide layers that envelope the powder particles. In addition,
applying high pressure during SPS is expected to favor the
viscous flow between the Al-based MG powder particles
for enhanced densification. No study has been reported on
looking into the role of applying high pressure during the SPS
of Al-based MG powder from these two perspectives.

In this study, a 10 mm diameter (Φ10 mm)
Al86Ni6Y4.5Co2La1.5 BMG was fabricated using SPS.
The influence of applied pressure on the densification of
Al86Ni6Y4.5Co2La1.5 MG powder was investigated through
detailed characterization of the as-sintered samples using
scanning electron microscopy (SEM) and transmission
electron microscopy (TEM) by focusing on selected particle-
particle interfaces. The underlying reasons were discussed.

2. Experimental Procedure

Nitrogen-gas-atomized Al86Ni6Y4.5Co2La1.5MG powder was
used. To ensure a fully amorphous state, only powder parti-
cles that are finer than 25 𝜇m in diameter were used based
on a previous study of the powder [8, 17]. The amorphous
nature of the selected powder was further confirmed by X-
ray diffraction (XRD) (D/max III, CuK𝛼 target, operated at
40 kV and 60 mA).

The surfaces of the starting powder were studied using X-
ray photoelectron spectroscopy (XPS) (Kratos Axis ULTRA
XPS, monochromatic Al X-ray, C 1 s at 285 eV was used as
a standard). XPS survey scans were taken at an analyzer pass
energy level of 160 eV and carried out over the binding energy
range of 1200-0 eV with 1.0 eV steps and 100 ms dwell time
at each step. The base pressure in the analysis chamber was

maintained in the range of 1.33 × 10−7 Pa to 1.33 × 10−6 Pa
during analysis.

The SPS experiments were conducted on an SPS-1030
made by SPS SYNTEX INC, Japan. A tungsten carbide
(WC) die (outer diameter 30 mm, inner diameter 10 mm,
and height 20 mm) was used. The 𝑇𝑔 temperature of the
Al86Ni6Y4.5Co2La1.5 MG powder varies with heating rate
and was recorded to be 270∘C at 40∘C/min in argon [8].
To avoid temperature overshoot and maximize the cleaning
effect of SPS, the heating rate was fixed at 40∘C/min, based
on a few preliminary heating trials with the SPS machine.
The isothermal holding time was fixed to be 2 min. To
study the influence of sintering temperature and pressure
on the densification of the Al86Ni6Y4.5Co2La1.5 MG powder,
a range of sintering temperatures was chosen, 248.5, 258.5,

Table 1: SPS experimental parameters used for this study.

Sintering
temperature
(∘C)

248.5 258.5 268.5 278.5 288.5 298.5 308.5

Pressure
(MPa)

200, 600 200

Holding time
(min)

2

Heating rate
(∘C/min)

40

268.5, 278.5, 288.5, 298.5, and 308.5∘C. The pressure applied
was 200 MPa or 600 MPa. Table 1 summarizes the sintering
parameters used.

The sintered density was measured using the Archimedes
method. The SPS-processed samples were cut, ground, and
polished. They were then characterized using SEM (JEOL
7001F, accelerating voltage 15 kV and working distance
10 mm) and TEM (JEOL JEM 2100, operated at 200 kV),
where the TEM samples were prepared using a precision ion
polishing system (Gatan’s PIPS, operated at −50∘C).

3. Results and Discussion

Figure 1(a) shows the morphology of the starting powder and
the XPS results are shown in Figure 1(b). Strong oxide signals
are detected on the MG powder surfaces, consistent with the
observations reported by Yan et al. [16]. An SPS-processed
10 mm diameter Al86Ni6Y4.5Co2La1.5 BMG sample (4 mm
in height) is shown in Figure 1(c), which was fabricated by
heating the powder to 248.5∘C at 40∘C/min and held at tem-
perature for 2 min under 600 MPa. The XRD results shown in
Figure 1(c) indicate that the as-sintered Al86Ni6Y4.5Co2La1.5
BMG is essentially amorphous.

Figure 2 shows the density of SPS-processed
Al86Ni6Y4.5Co2La1.5 BMGs achieved at different sintering
temperatures and pressures. Under an applied pressure of
200 MPa, the density of the BMGs increased with increasing
sintering temperature from 248.5∘C to 278.5∘C. But further
increasing the sintering temperature to 308.5∘C, which is
above the𝑇𝑔 of the alloy and also above the peak temperature
for the first crystallization stage of the Al86Ni6Y4.5Co2La1.5
MG powder [8], resulted in little increase in the sintered
density. In contrast, increasing the applied pressure from
200 MPa to 600 MPa led to a substantial increase in the
sintered density at each of the three temperatures tested.
Increasing pressure was much more effective than increasing
sintering temperature. This implies that sintering pressure
plays a key role in the densification of Al86Ni6Y4.5Co2La1.5
MG powder during SPS. In fact, the near full density achieved
by increasing pressure is difficult to achieve by increasing
sintering temperature alone without nano-crystallization. To
find out the underlying reasons for this big difference, the
as-sintered microstructure was analyzed in detail using SEM
and TEM, with a special focus being placed on the interfaces
between powder particles.

X-ray mapping was applied to all the constituent elements
(i.e., Al, Ni, Y, Co, and La) as well as O in the samples that
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Figure 1: (a) SEM image of the starting Al86Ni6Y4.5Co2La1.5MG powder used for fabrication; (b) XPS survey spectra of the
Al86Ni6Y4.5Co2La1.5 MG powder; (c) a 10 mm diameter Al86Ni6Y4.5Co2La1.5 BMG disk (thickness: 4 mm) (sintering conditions: 2 min at
248.5∘C under 600 MPa); and (d) XRD pattern of the fabricated Al86Ni6Y4.5Co2La1.5 sample.
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Figure 3: SEM mapping results of Al and Ni as well as O in a selected area of an SPS-processed sample sintered at 248.5∘C for 2 min under
200 MPa. The distribution of Y, Co, and La is generally homogeneous and similar to that of Ni.

were sintered at 248.5∘C under 200 MPa. Figure 3 shows the
results of Al, Ni, and O. The distribution of Ni, Y, Co, and La
is homogenous in the microstructure, showing few features.
However, Al and O are clearly enriched in areas close to the
initial particle-particle interfaces (see Figures 3(b) and 3(d)).
Furthermore, these Al- and O-enriched areas underwent
only limited sintering, where the sintering necks are still
recognizable between neighboring particles (see Figure 3(a)),
compared to those well-sintered oxygen-deficient areas. It
can be deduced that the surface oxide layers have hindered
the densification process of the Al86Ni6Y4.5Co2La1.5 MG
powder during SPS, and that the 200 MPa of applied pressure
can only ensure limited removal of these oxide surface layers.
To confirm this inference, TEM was used to investigate the
interfaces between the particles in the SPS-processed sample,
and the results are shown in Figures 4 and 5.

Figure 4(a) shows that the interface between two particles
in the same SPS-processed sample (sintered at 248.5∘C
under 200 MPa) has undergone noticeable crystallization.
The interface layer is about 50 nm thick and oxygen can be
detected at the interface using TEM energy dispersive X-
ray (EDX) (see Figure 4(c)). This further confirms that the
oxide surface layers were not completely removed during
SPS under the applied pressure of 200 MPa. In contrast,
clean interfaces between particles were uniformly observed
in the SPS-processed samples under an applied pressure of
600 MPa. An example is shown in Figure 4(b).

Figure 5(a) shows a detailed view of the aforementioned
crystallized interface area (Figure 4(a)) together with the
surrounding amorphous matrix. Based on the selected area
electron diffraction (SAED) patterns (inset in Figure 5(a)),
these crystallized phases are indexed to be fcc-Al. Figure 5(b)
shows a high-resolution TEM image of these fcc-Al nanocrys-
tals which are about 10 nm in size. In contrast, no crystalliza-
tion was detected in samples that were sintered at the same
temperature (248.5∘C) but under 600 MPa (see Figure 4(b)).
The difference can be explained below. Under an applied
pressure of 200 MPa and a heating rate of 40∘C/min, it is
difficult to completely remove the surface oxide layers on
powder particles, as evidenced by the results shown in Figures
3 and 4. The remaining oxide surface layers prevent viscous
flow between the powder particles and therefore inhibit full
densification. Consequently, the sintering necks between the
neighboring particles, because of the surrounding pores, will
have relatively high electrical resistance. As a result, this
will cause high local Joule heat (or enhanced temperature
gradient) in these local contact areas [19–21], resulting in
severe local nano-crystallization as shown above. With a
high applied pressure of 600 MPa, the combined effect of
the pressure and the electrical discharge during SPS can
effectively disrupt the oxide surface layers on the powder
particles leading to a complete removal of the surface oxides.
Without the oxide surface layers, viscous flow occurs making
full densification possible. This eliminates overheated local
areas and therefore prevents local nano-crystallization.
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Figure 4: TEM bright field (BF) images of particle-particle interfaces in SPS-processed samples: (a) sintered at 248.5∘C under 200 MPa; (b)
sintered at 248.5∘C under 600 MPa, free of crystallization; and (c) TEM-EDX results obtained from the interface shown in (a), indicative of
noticeable crystallization of fcc-Al.
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Figure 5: TEM BF image of an SPS-processed sample sintered at 248.5∘C under 200 MPa. The inset in (a) is the corresponding SEAD patterns
for the amorphous matrix and fcc-Al nanocrystals. (b) is an HRTEM image of the fcc-Al nanocrystals shown in (a).

4. Summary

Al86Ni6Y4.5Co2La1.5 BMG disks (diameter: 10 mm; thickness:
4 mm) were fabricated from metallic glass powder of the
same composition by SPS. The influence of applied pressure
on the densification of Al86Ni6Y4.5Co2La1.5 metallic glass

powder was investigated at different sintering temperatures
at a fixed heating rate of 40∘C/min. Applying a high pressure
(600 MPa) assisted in the removal of the surface oxide layers
that enveloped the starting metallic glass powder. This led
to full densification of the metallic glass powder flow free
of particle-particle interface oxides and nano-crystallization.
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The mechanism was attributed to potential viscous flow dur-
ing SPS between the powder particles. In contrast, both resid-
ual oxides and nanocrystalline Al phases were detected at
particle-particle interfaces in the Al86Ni6Y4.5Co2La1.5 BMGs
fabricated under a low pressure (200 MPa) with respect to
the same heating and isothermal sintering parameters. The
applied pressure showed a predominant influence on the
removal of the surface oxide layers on the starting metallic
glass powder during SPS, which is crucial to the consolidation
of the metallic glass powder.
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The nanocrystalline surface was produced on 3Cr13 martensite stainless steel surface using high-current pulsed electron beam
(HCPEB) technique. The structures of the nanocrystallized surface were characterized by X-ray diffraction and electron microscopy.
Two nanostructures consisting of fine austenite grains (50–150 nm) and very fine carbides precipitates are formed in melted surface
layer after multiple bombardments via dissolution of carbides and crater eruption. It is demonstrated that the dissolution of the
carbides and the formation of the supersaturated Fe (C) solid solution play a determining role on the microstructure evolution.
Additionally, the formation of fine austenite structure is closely related to the thermal stresses induced by the HCPEB irradiation.
The effects of both high carbon content and high value of stresses increase the stability of the austenite, which leads to the complete
suppression of martensitic transformation.

1. Introduction

Nanomaterials with considerable fine grain sizes and sig-
nificantly large volume fraction of grain boundaries have
exhibited superior mechanical, physical, and chemical prop-
erties compared to conventional coarse-grained materials
[1]. Surface nanocrystallization of a coarse-grained material
provides a new approach to improve the properties of the
materials [2]. In practice, surface nanostructures of metal
materials can be obtained via severe plastic deformation using
surface mechanical attrition treatment (SMAT) [3], high-
energy shot peening (HESP) [4], ultrasonic shot peening [5],
wire-brushing [6], and so forth.

Recently, the application of energetic beams such as ion,
electron, laser, and plasma has been of increasing interest to
modify the surface of the metallic materials [7–11]. Among
these techniques, the high-current pulsed electron beam
(HCPEB) is relatively new [12, 13]. The energy concentration
per pulse is high and could be varied within a relatively
large range. Hence, any type of exposure to the heat of
the near-surface layers of materials could be achieved: heat-
ing, melting, and high-rate evaporation. A subsequent fast
cooling is followed by high-rate crystallization of the melt

and generation of the thermoelastic dynamic and quasistatic
mechanical stresses in the region under irradiation, which
inevitably cause high-rate deformation. The combination of
the above-mentioned factors due to the HCPEB treatment
can promote structural phase transformations and result in
the formation of very fine grains within the irradiated sur-
face layers, which would remarkably influence the physical-
mechanical properties of the irradiated surface.

In this work, the surface nanocrystallization of 3Cr13 steel
resulted from the HCPEB irradiation is reported. The surface
nanocrystallization has potential applications in industries
due to its high efficiency, simplicity, and reliability of the
HCPEB technique.

2. Experimental

The HCPEB equipment, used in this work, is a Nadezhda-2
type, which can produce an electron beam with low electron
energy in the range of 10–40 kV, high peak current with the

range of 102-103 A/cm2, short pulsed duration of 0.5–1.5𝜇s,

and cross-section area 30 cm2. The electron beam is generated
by an explosive emission cathode, and the accelerating
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Table 1: The compositions of 3Cr13 stainless steel.

Samples
Chemical composition (wt.%)

C Cr Mn S P Ni Si

3Cr13 0.28 13.26 0.58 0.015 0.018 0.50 0.82

voltage, magnetic fields strength, and the anode-collector
distance can be adjusted to control the beam energy density.
More details about the HCPEB system are described in [7].

A typical 3Cr13 martensite stainless steel was used for
study in this work. Its chemical composition was listed in
Table 1. Before the electron beam treatment, the samples
were machined to dimensions of 14 mm× 10 mm× 5 mm and
austenitized at 1050∘C for 30 min. Oil quenching terminated
this heat treatment. The steel was subsequently tempered
at 620∘C for 2 h. The sample surface was prepared before
the HCPEB treatment by mechanical polishing to ensure a
similar initial surface state. The energy of the electron beam
was kept constant at 24.3 keV, and different pulse numbers
were used (5 and 10 times). For all treatments, the pulsing
time was about 1.5 𝜇s, and 10 s were set between each pulse.

Surface and cross-section microstructures were charac-
terized using a field emission gun scanning electron micro-
scope (SEM, JEOL JSM-7001F). X-ray diffraction (XRD) was
carried out with the CuK𝛼 in a Rigaku D/Max-2500/pc X-
ray diffractometer. Microstructures were further examined
with a transmission electron microscope (TEM) of type JEM-
2100. The foils used for TEM observations were obtained by
preparing one-sided mechanically prethinned, dimpled, and,
in the last step, electrolytic thinning of the thin plates until
the electron transparency occurred.

3. Results

The XRD patterns of the samples before and after the HCPEB
irradiations are shown in Figure 1. The evident broadening of
the Bragg reflection profiles may be attributed to fine grain
size and high value of residual stress. Figure 1 also reveals
that the peaks of the martensite phase are shifted to lower
angles, signifying the increase of the lattice parameter. It
might come from the presence of tensile residual stresses in
the surface [12]. Additionally, the peaks of carbide (Cr7C3)
vanish completely, and the peaks of 𝛾 austenite emerge after
the irradiations with 5 and 10 pulses. It is indicated that the
dissolved Cr7C3 carbide increased the content of carbon in
the martensite, which could also result in the increase of the
lattice parameter. Note that the peak intensity of the 𝛾-Fe
phase increases with the number of pulses, indicating that the
volume fraction and/or grain sizes of the 𝛾-phase increases
with increasing the number of pulses.

The almost complete dissolving of the carbides is in
good agreement with the SEM morphology observations
shown in Figure 2. Figure 2(a) reveals the morphology of the
treated surface where many craters are present. According
to previous studies, such a typical morphology is the result
of the local sublayer melting and eruption through the solid
outer surface [10, 14]. Figures 2(b) and 2(c) show the typical
cross-sectional micrograph of the etched samples after 5 and
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Figure 1: XRD patterns of the untreated and treated samples.

10 pulses of the HCPEB irradiation, respectively. The top
surface layer, corresponding to the melted layer that is known
to be weakly etchable [9, 15] as shown in Figures 2(b) and
2(c), appears with a gray contrast, which completely differs
from the other part of samples. The depth of the melted layer
measured from Figures 2(b) and 2(c) is about 4–6𝜇m.

Figure 3(a) exhibits the SEM images of the irradiated
surface where the craters are seldom presented. One can see
that two typical characteristics of features were formed on
the irradiated surface, namely island feature (indicated by
letter A) and martensite-like feature (indicated by letter B).
High magnification SEM images of both regions, as shown in
Figures 3(b) and 3(c), reveal that very fine grains with sizes
of 80 nm are approximately homogeneously dispersed on the
irradiated surface, clearly indicating that the melted surface
layer is mainly composed of refined grains or subgrains.

TEM micrograph shown in Figure 4(a) shows the typ-
ical microstructure of the untreated sample, consisting of
Cr7C3 carbides and martensite. After 5 pulses, as shown in
Figure 4(b), the original carbides phase disappears, and the
grains with sizes from 50 to 150 nm are formed. After 10
pulses, similar microstructure was observed in Figure 4(c)
compared to its 5 pulses counterpart. The primary differences
lie in that a little larger grain sizes (about 80–200 nm) were
obtained for 10 pulses sample. It is worth noting that the
interiors of the fine grain appear to be clean without any
detectable defects. The corresponding selected area electron
diffraction (SAED) pattern (Figure 4(d)) shows a random
crystallographic orientation, indicating the formation of
equiaxed fine 𝛾 austenite grain structure in the melted layer.
A careful look at the micrograph in Figures 4(b) and 4(c) also
reveals very fine precipitates with sizes below 20 nm. They are
often present at the grain boundaries (Figure 4(b)) and triple
junctions (Figure 4(c)). Their presence at grain boundary
and/or triple junctions suggests that they precipitated from
the solid state in nature.

The formation of fine precipitates can be attributed to the
rapid quenching process from the supersaturated Fe (C) solid
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Figure 2: SEM micrographs showing the surface morphology (a), cross-sectional aspect of the samples irradiated for 5 pulses (b), and 10
pulses (c).
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Figure 3: Typical SEM images of island region (marked A) and martensite-like region (marked B) (a), high-magnification SEM images of
the region A (b), and the region B (c), showing the surface aspects.
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Figure 4: TEM images showing the aspects of the melted surface layer of the 3Cr13 steel, (a) untreated, (b) treated with 5 pulses, (c) treated
with 10 pulses, and (d) the corresponding electron diffraction pattern of (c).

solution after the dissolution of the carbides. The transient
cooling process inhibits the precipitation and growth of
carbides and finally leads to the formation of very fine carbide
precipitates.

The surface structure is more pronouncedly characterized
by the nanostructure austenite. Stahli et al. observed the
formation of a thin layer (about 0.3𝜇m) of a nanoaustenite
structure after irradiating a prequenched bearing steel using
a pulsed laser [16]. Similar results were also observed in
D2 steel [9, 15] HSS S6-5-2 steel [17], and M50 steel [18]
irradiated by the multiple pulses of the HCPEB irradiation.
Our observation is a little different from the studies of Zou
et al. [9, 15, 18]. In their studies, similar austenite grains were
observed after the HCPEB remelting of the D2 steel, and so
forth. However, they concluded that the austenite has a high
orientation tendency. Comparatively, in our study, a random
crystallographic orientation and equiaxed fine austenite grain
structure were obtained.

An interesting phenomenon found in the present work
is the stabilization of the austenite in the melted layer of
the irradiated samples despite the very high cooling rate
undergone by the surface of the sample. In the present
case, the austenite directly grows from the melt during the
rapid solidification process, and the high amounts of Cr
and C in this phase due to the dissolution of the initial
carbide particles are an important factor for suppressing
the martensitic transformation [9]. In addition, the very

fine size of the austenite grains is another factor for the
stabilization of the austenite phase because it will significantly
enhance its strength and make the accommodation of a
martensitic variant more difficult [15]. Finally, in our opinion,
the thermal stress induced by the surface irradiation may
be an important factor which should affect the formation of
fine austenite. Based on Bardenshtein et al.’s research [19],
austenite is favored by the thermal stresses. When an electron
beam irradiates the target, due to the drastic temperature
change, a steep temperature gradient is generated along the
incident direction of the beam. However, due to the lateral
confinement along the surface, the thermal expansion in the
directions vertical to the beam is strongly resisted, causing
the surface thermal stress. This external force increased the
internal stress to an extraordinarily high level [20]. The
microstructure of the sublayer beneath the melted layer was
also investigated, and the results are shown in Figure 5.
It illuminates the substructure in some of the preformed
martensite plates, indicating the formation of deformation
twins within martensite plates. In Figure 5(b), very high
density of dislocations was produced in the interior of pre-
formed martensite plates. Apparently, high density of dis-
locations was introduced by the intense deformation under
the action of high value of applied stresses. It is reasonably
believed that the formation of the twins in the preformed
martensite plates was mainly resulted from the high applied
stresses and the strain rate due to the rapid heating and
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(a) (b)

Figure 5: TEM images of deformation twins (a) and dislocation configurations (b), showing the deformation microstructures in the
preformed martensite beneath melted surface layer.

cooling caused by HCPEB irradiation [20]. Therefore, the
formation of fine austenite structure in this work is closely
related to the thermal stresses induced by HCPEB irradiation.

It is well known that surface nanostructures exhibit supe-
rior mechanical properties compared to conventional coarse-
grained materials. Moreover, high value of residual stresses
accumulated in the subsurface layer below the top nanostruc-
ture surface are favored to the improvement of the surface
performance. In conclusion, HCPEB irradiations provide an
effective method for fabricating surface nanostructure.

4. Conclusions

The initial samples of 3Cr13 steel were irradiated by high-
current pulsed electron beam. The surface structures were
investigated in detail using X-ray diffraction, SEM, and TEM.
According to experimental results, we conclude as follows.

After HCPEB posttreatments, irradiated surface melted,
and a supersaturated Fe (C) solid solution phase was formed
after multiple bombardments. Rapid solidification caused the
formation of two nanostructures consisting of fine austenite
grains (50–150 nm) and very fine carbides precipitates in
the melted surface layer via dissolution of carbides and
crater eruption. Rapid heating and cooling induced heavy
plastic deformation beneath the melted layer, which lead
to the formation of deformation twins and high density of
dislocations within martensite plates. The dissolution of the
carbides and the formation of the supersaturated Fe (C)
solid solution play a determining role on the microstructure
evolution. Furthermore, the formation of the fine austenite
structure is closely related to the thermal stresses induced
by the HCPEB irradiation. The effects of both high carbon
content and high value of stresses increase the stability of
the austenite, which leads to the complete suppressing of
martensitic transformation.
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The corrosion of steels has long been the topic for materials scientists. It is established that surface treatment is an efficient way to
improve the corrosion resistance of steels without changing the bulk properties and with low costs. In the present paper, different
kinds of surface treatment techniques for steels are briefly reviewed. In particular, the surface modification involving nanostructure
formations of steels by using a low energy high pulsed electron beam (LEHCPEB) treatment is lightened in the case of an AISI
316L stainless steel and D2 steel. The overall results demonstrate the high potential of the LEHCPEB technique for improving the
corrosion performance of steels.

1. Introduction

Steels are the most widely used metallic materials both in
industrials and in our daily life. This is due to their superior
properties, such as high strength, good ductility, high hard-
ness, and low costs. However, steels often suffer from staining,
rusting, and corroding in different environments [1–3], which
may cause serious problems or even failure of the components
made of steels. Usually, general corrosion occurs in carbon
steels or low-alloyed steels since there is no dense protective
films formed on these steels [4]. Therefore, the steels are
continuously corroded. The so-called stainless steel usually
contains Cr of more than 11 wt% [5]. As a result of the high Cr
content, a dense protective Cr oxide layer can be formed on
the surface in corrosive environments, which will prevent the
further corrosion of the bulk material. Nevertheless, stainless
steel can be affected by pitting in the presence of halide

ions, particularly the chloride ion [6–8]. Therefore, corrosion
resistance is of first concern for different kinds of steels to be
used in industrial. The addition of alloying elements, such as
Cr, into steels is a way to improve the corrosion resistance of
steels. However, alloying of the bulk material will also change
the mechanical properties of the steels. Furthermore, alloying
is also very costly.

To compromise the corrosion, mechanical properties,
and the cost, the ideal solution would be to use surface
modification techniques to generate a protective layer at the
near-surface region or on the surface of the steels. In the
past decades, different surface modification techniques have
been applied to improve the corrosion resistance of steels. It
is found that carburizing, boriding, and nitriding can be used
to create a hardened layer on the steel surface, containing
mainly carbides, borides, or nitrides, respectively. These
hardened layers may also have better corrosion resistance
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Figure 1: Schematic diagram of the LEHCPEB source based on
vacuum spark plasma.

than their substrates [9–12]. By using laser surface remelting
and cladding, the corrosion resistance of laser-treated steels
can be also greatly improved. This was mainly attributed to a
homogenization of the elements in the remelted surface layer
or the addition of protective alloying elements/compounds
[13, 14]. Other methods, mainly film deposition techniques
such as physical vapour deposition (PVD), chemical vapour
deposition (CVD), sol-gel methods, electroless plating, and
so on [15–17], have also been introduced to modify the steel
surfaces. For instances, TiN, CrN, NbN, and TiCN films or
multilayer films can be deposited onto steel surfaces by using
various film deposition techniques [18–21]. Although these
films always have better corrosion resistance, the surface
properties strongly depend on the quality of the films such
as pinholes and impurities, which are not easy to control.
Furthermore, the films often suffer from poor adhesion
with the substrates. Ion implantation is also testified to be
able to improve the corrosion resistance of steels through
introducing alloying elements into the very top surface layers
[22–24]. However, the ion-implanted layers, usually less than
1 𝜇m in thickness, are too thin to sustain long-time corrosion.

Low Energy High Current Pulsed Electron Beam
(LEHCPEB) technique is a recently developed technique
for surface modification of metallic materials [25, 26].
The pulsed electron irradiation induces (i) very rapid
heating, melting, solidification, and cooling of the surface
together with (ii) the formation of thermal stress waves. As
a result, improved surface properties of the material, often
unattainable with conventional surface treatment techniques,
can be obtained fairly easily. This is particularly true for
tribological properties [27–29]. Previous investigations have
suggested that the LEHCPEB technique could be also used to
improve the corrosion resistance of precipitates containing
alloys [30–32]. The pulsed electron irradiation generated by
this surface treatment technique induces rapid melting of
the surface followed by extremely fast solidification. This
process leads to the dissolution of second-phase particles
and, after sufficient number of pulses, to the formation of a

2-3 𝜇m thick homogeneous melted surface [33]. In the case
of the steels, the subsequent ultra-fast solidification leads to
a structure containing nanostructured domains [34]. It will
be shown in the following sections that those effects induced
by the LEHCPEB treatments can significantly improve the
corrosion resistance of steels.

2. The LEHCPEB System

The pulsed electron beam treatment was carried out with a
Nadezhda-2 type LEHCPEB source [25, 35]. It produces an
electron beam of low energy (10–40 keV), high-peak current

(102–103 A/cm2), short pulse duration (approx.1𝜇s), and high
efficiency (repeating pulse interval being 10 s). Figure 1 shows
a detailed sketch of the electron beam gun, a major part of the
electron beam system which produces electron beams. The
explosive emission cathode is made of porous graphite for its
low ionization potential. The anode is made of stainless steel
and has a hole in its center through which the beam passes.
Graphite cathode spark plasma sources are placed evenly in
a circle behind the anode. The electron beam is transported
through the anode plasma to the collector. To prevent the
beam from pinching and dispersing, an external magnetic
field created by a sectioned solenoid is used. The accelerating
voltage, magnetic field intensity, and anode-collector distance
control the beam energy density. More details about the
LEHCPEB system can be found in [35, 36].

3. Surface Modifications of Steels by
the LEHCPEB Treatment

Two examples of steels treated by the LEHCPEB are shown
here, namely, AISI 316L stainless steel and AISI D2 steel.
The details about the starting materials and their LEHCPEB
treatments can be found in [32–34]. In both cases, the
modifications in microstructure and corrosion resistance
induced by the treatment will be reviewed and discussed in
detail.

3.1. Improving Corrosion Resistance of 316L Stainless Steel
by LEHCPEB. Figure 2(a) shows a SEM image of the
microstructure of the AISI 316L stainless steel in the as-
received condition after etching in chloronitrous acid and
observation under secondary electron imaging (SEI) condi-
tion. The microstructure is primarily a single austenitic phase
structure. Many of the grains are twinned, and their size
is about 40∼60𝜇m. Figure 2(b) is a backscattered electron
image (BEI) of the untreated sample. The composition is fairly
homogenous on the whole surface, but many tiny inclusions
are visible. These inclusions are the intentionally introduced
MnS particles [37] improving machinability. Electron probe
microanalysis was also carried out on the treated samples to
reveal the possible composition changes in the LEHCPEB-
treated samples. Figure 3 shows the results from the samples

treated for 5 and 20 pulses with a beam energy of 3 J/cm2.
Figure 3(a) is a secondary electron image of the sample
treated for 5 pulses, and Figure 3(b) is the corresponding
backscattered electron image. In Figure 3(a), a large amount
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Figure 2: SEM images obtained under SEI (a) and BEI (b) imaging conditions for the initial sample.
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Figure 3: Images of the samples treated for 5 ((a) and (b)) and 20 ((c) and (d)) pulses observed under SEI ((a) and (c)) and BEI ((b) and (d))
conditions.

of craters can be observed, which are commonly present
on metal surfaces treated with pulsed energetic beams [38,
39]. They are distributed fairly homogeneously on the whole
surface. In Figure 3(b), some dark spots still exist on the
surface, but their quantity is reduced compared to the initial
state. Comparing Figures 3(a) and 3(b), it is clear that the
dark spots are always located at the center of the craters.
The elemental line scan shown in Figure 3(b) reveals that
the dark spots correspond to S- and Mn-rich particles or
MnS inclusions. The previously mentioned result indicates

that the MnS particles initiate the craters. Figures 3(c) and
3(d) display the same analysis for the 20-pulse sample. In
Figure 3(c), only a few craters are present after 20 pulses.
The crater density is much lower than the one reported for
the 5-pulse treatment. Figure 3(d) shows that the dark spots
have almost completely disappeared. In brief, the second
phase particles are the nucleation sites for craters during the
LEHCPEB treatment.

A typical example of SNMS analysis in 20-pulse sample
is given in Figure 4 where the evolutions in the Fe, Cr, Ni,
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Figure 4: A typical example of surface composition profiles of the 316L stainless steel sample treated by LEHCPEB for 20 pulses measured
by SNMS.
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Figure 5: Potentiodynamic polarization curves of the treated and
untreated AISI 316L stainless steel in the TSB fluid.

Mo, and Mn concentrations are plotted as a function of the
distance from the surface. After 20 pulses, as illustrated in
Figure 4(a), the Fe, Ni, Cr, and Mo concentrations remained
nearly constant. On the other hand, the Mn concentration
decreases significantly toward the surface from 1.6 at. % in
the bulk of the steel down to about 0.6 at. % at the top
surface, as shown in Figure 4(b). Considering that a part of
Mn exists in MnS particles, the decrease in Mn concentration
in the surface layer confirmed the occurrence of the selective
purification effect during the LEHCPEB treatment.

Figure 5 shows the results of the potentiodynamic polar-
ization curves of the untreated and treated samples. All the
samples have a passive behavior in the Tyrode’s simulated
body fluid (TSBF) solution. The corrosion current density

of the LEHCPEB-treated samples decreased when increasing
the pulse numbers. The corrosion current density of the
sample after 20 pulses was an order of magnitude lower than
that of the untreated sample. The corrosion potential (𝐸corr)
of all the treated samples is also increased to some extent.
The breakdown potential of the passive film, 𝐸brk, increases
from 233 mV (SCE) for the untreated sample to 342 mV for
the 20-pulsed sample. These polarization curves reveal a
significant improvement in the corrosion resistance of the
316L stainless steel after the LEHCPEB treatment. However,
the results also show that the 5-pulse sample has a lower
broken potential with a narrower passive region compared to
that of the untreated sample.

Figure 6 shows the Bode plots of EIS spectra for all
the 316L stainless steel samples in the TSB fluid. In the
high-frequency region, the impedance reflects the electrolyte
resistance between the sample and the reference electrode.
At the low-frequency limit, the impedance is attributed to
the polarization resistance of the sample in the electrolyte
[40]. It is clear that the impedance modulus and the phase
angle of the initial sample are always lower than those of
the treated samples. From Figure 6(a), it can be seen that |𝑍|
has a nearly linear relation with log(𝑓). Figure 6(b) indicates
that the phase angle 𝜙 has values close to −80∘ at low-
frequency values (𝑓 < l Hz) after the LEHCPEB treatments.
These characteristics indicate that the oxide layer formed on
modified samples has predominantly a capacitive behavior
[41]. The near capacitive behavior is observed over a wider
frequency range for the modified samples. This means that
the passive film on the LEHCPEB-modified sample surface
can maintain its characteristic response over a longer time.
Moreover, the 20-pulse sample displayed higher polarization
resistance compared with that of 5-pulse one. This can be
observed in both the higher near capacitive values of the
phase shift response at low frequencies and in the impedance
values at low frequency. From all of the previously mentioned
results, we can safely conclude that the corrosion resistance
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Figure 6: Bode plots of 316L samples in the TSB fluid: (a) impedance modulus |𝑍| versus frequency 𝑓, (b) phase angle 𝜙 versus frequency.
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Figure 7: Optical morphologies of the D2 samples: as initial (a), treated sample D2-1 (b).

of samples was significantly improved after the LEHCPEB
treatment. The best corrosion resistance in this study was
found to be the sample treated with 20 pulses.

The crater formation and related surface purification
effect are believed to be the main reasons for the improved
corrosion resistance. At the early stage of the treatment, typ-
ically 5 pulses in our case, eruption usually occurs on the top
surface, since there are a large amount of inclusions/second-
phase particles. With the increased number of pulses, the par-
ticle density on the top surface decreases due to the eruption
events as well as their dissolution within the melt. This reduc-
tion of particle density leads to a lower amount of available
nucleation sites for new eruption events and, consequently,
the crater formation on the top surface is more difficult. Since
the solidification rate is very fast, “solute trapping” occurs
under cooling after the dissolution of the particles and results
in the homogenization of the chemistry in the resolidified
melted layer. This removes the Cr-depleted zone generally

present at the material surface [8] and enhances the corro-
sion resistance. The best corrosion properties are obtained
after a sufficient number of LEHCBEB pulses—typically 20
pulses here—that can provide with the combination of (i) the
formation of a chemically homogeneous film and (ii) the
absence of surface craters.

By using the LEHCPEB treatment, rapid surface alloying
of the 316L stainless steel with Ti has been successfully
achieved. The results showed that the corrosion resistance of
the steel can be further improved by introducing Ti into the
top surface layer of the stainless steel [42].

3.2. Improving Corrosion Resistance of D2 Steel by LEHCPEB.
The pulsed electron beam treatment parameters for the D2
steel samples are shown in Table 1. Here, the number of pulses
is set as 20 for all the samples, while the accelerating voltage is
changed. Figures 7(a) and 7(b) give the typical optical images
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Figure 8: XRD patterns of the untreated and treated D2 steel
samples, as received (a), D2-1 (b), D2-2 (c), and D2-3 (d).

Carbides
Precipitates

200nm

Figure 9: Typical bright field TEM micrograph taken in the melted
layer of the 25-pulse D2 steel sample.

of the untreated and treated D2 steel (D2-1) samples. It can
be clearly seen that large carbides are present in the untreated
sample (Figure 7(a)). After the treatment, craters are formed
on the surface (Figure 7(b)), which are the results of eruptions
occurring at the carbides. Indeed, the carbides have lower
melting point and heat conductivity than the 𝛼 ferrite matrix.
Therefore, during the treatment process, the carbides melt
before the rest of the material. Just below the surface, the
melting expansion induces an eruption event, as described in
more detail elsewhere [34, 43].

Figure 8 shows the XRD traces of the samples before
and after the LEHCPEB treatments. The starting material
contained two phases: ferrite (𝛼-Fe) and carbide having the
Cr7C3 structure. The volume fraction of the carbide is fairly
important, and the carbide peaks are clearly visible in the
XRD trace of the starting material. The intensity of the X-
ray diffraction peaks also indicates that the major phase in
the initial material was 𝛼-ferrite. After the LEHCPEB bom-
bardment, the XRD traces are observed to change somehow
dramatically. Concerning the Cr7C3 phase, it is clear that
the carbide peaks tend to disappear after the LEHCPEB

Table 1: LEHCPEB treatment parameters of the D2 steel samples.

Specimens
Energy

(kV)
Distance

(mm)
Pulses
(times)

D2

D2-1 18.00 140 20

D2-2 21.50 140 20

D2-3 27.80 140 20

Table 2: Corrosion data of the untreated and treated D2 steel
samples in 3.5% NaCl solution.

Samples
𝐸corr

(mV)
𝑖corr

(𝜇A/cm2)

𝑅𝑝
(kΩ/cm2)

As initial −720.38 0.29 74.37

D2-1 −451.45 0.23 93.06

D2-2 −470.77 0.21 101.27

D2-3 −478.14 0.20 105.69

treatments. Concerning the 𝛼 phase, it is interesting to note
that some of the peaks in the treated samples have close
neighbours. A splitting of the (200) peak is usually found in
newly formed martensite having sufficient amount of C to
reveal its quadraticity. Finally, some new peaks are present
in the XRD traces. They were verified to be from the 𝛾-Fe
phase. The peak intensity of the 𝛾-Fe phase increases with the
accelerating voltage, indicating that the volume fraction of the𝛾 phase detected by XRD increases [44, 45].

The corrosion resistance of the D2 steels samples was
measured in the 3.5% NaCl water solution. The corrosion
data calculated from potentiodynamic polarization tests are
summarized in Table 2. It can be found that the corrosion
potential (𝐸corr) becomes nobler after the LEHCPEB treat-
ment, while the corrosion current (𝑖corr) decreases. As a
result, the calculated polarization resistance (𝑅𝑝) increases
after the LEHCPEB treatment. The best corrosion resistance
is found in the D2 steel sample treated with the highest
accelerating voltage (D2-3).

The corrosion resistance of D2 steel is closely related to
the formation of austenite in the surface layer. From the
phase diagram, it can be established that the primary phase
in solidification for the D2 steel should be 𝛾. However, the
local composition depends on the ability of electron beam to
homogenize the surface layer. When the accelerating voltage
is low, that is, low beam energy density, the melting duration
of the surface layer is very short. As a result, the large carbides
cannot be completely dissolved in the melt. During cooling,
martensitic transformation will occur in the C lean austenite.
When high-accelerating voltage is applied, the melt duration
at the top surface layer is sufficient long for carbides to
be completely dissolved. The austenite layer formed in the
melted layer will be stabilized by C and retained at room
temperature. Figure 9 shows a typical TEM bright field image
of the austenite layer formed in a D2 steel sample treated by 25
pulses [34]. It is clearly seen that the austenite phase has a cell-
like structure with a cell size of about 100∼200 nm. Besides,
some nanoscale carbides and precipitates are also visible at
the boundary or the triple junctions of the cells. Such kind
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of nanocell/grain structure was also observed in other steels,
Mg, Al alloys treated by pulsed electron beams [46–50]. The
presence of these metastable homogeneous layers with special
nanostructures formed by the LEHCPEB treatment at the top
surface accounts for the improved corrosion resistance of the
treated samples. The advantages of the LEHCPEB treatment
over other conventional surface treatment techniques lie
in (i) the formation of homogeneous surface layers having
nanostructures after a sufficient number of pulses [30–36];
(ii) the strong metallurgical binder between treated layers and
the substrate [25, 32–34]; and (iii) the thick modified layer
after the LEHCPEB treatment [25, 26, 36, 38]. Therefore, the
LEHCPEB technique is a promising approach in improving
the surface properties of metallic materials, especially their
corrosion resistance.

4. Summary

The modifications in microstructures and corrosion after
low energy high current pulsed electron beam (LEHCPEB)
surface treatment have been shown in the case of steels.
The results obtained here for the AISI 316L stainless steel
and AISI D2 steel clearly confirm the high potential of the
LEHCPEB technique for improving the corrosion resistance;
in particular if the number of pulses and/or the beam energy
is sufficiently high. The crater eruption-induced purification
effect and the formations of homogenized layer and nanos-
tructures are believed to be the main reasons accounting
for the improved corrosion resistance of steels after the
LEHCPEB treatment.
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Infection associated with titanium implants remains the most common serious complication in hard tissue replacement surgery.
Since such postoperative infections are usually difficult to cure, it is critical to find optimal strategies for preventing infections.
In this study, TiO2 coating incorporating silver (Ag) nanoparticles were fabricated on pure titanium by microarc oxidation and
ion implantation. The antibacterial activity was evaluated by exposing the specimens to Staphylococcus aureus and comparing the
reaction of the pathogens to Ti-MAO-Ag with Ti-MAO controls. Ti-MAO-Ag clearly inhibited bacterial colonization more than the
control specimen. The coating’s antibacterial ability was enhanced by increasing the dose of silver ion implantation, and Ti-MAO-
Ag20.0 had the best antibacterial ability. In addition, cytocompatibility was assessed by culturing cell colonies on the specimens.
The cells grew well on both specimens. These findings indicate that surface modification by means of this process combining MAO
and silver ion implantation is useful in providing antibacterial activity and exhibits cytocompatibility with titanium implants.

1. Introduction

Titanium- (Ti-) based implants are widely used in the surgical
domain as hard tissue replacements due to their relatively low
elastic modulus, good fatigue strength, formability, corrosion
resistance, and high biocompatibility [1]. However, the main-
tenance of bioinertness and the prevention of toxic metal ion
release are becoming key challenges to the safety of implants
in the human body. For this reason, numerous strategies have
been developed to produce favorable surfaces on the implants
which not only help to retain the excellent bulk properties of
titanium during a long life cycle but also favor the prevention
or delay of toxic metal ion release [2–6].

Nowadays, stricter antibacterial requirements of implants
have been urgently demanded for clinical use. Bacterial
infection associated with implants has become a growing
threat to human health, as it may cause various complications
such as swelling, tenderness, erythema, extensive soft tissue
trauma, warmth, and diminished range of joint motion, leav-
ing patients suffering from prolonged morbidity, extended
rehabilitation, and repeated debridement and surgery [7–11].

Moreover, such infections are usually difficult to treat, which
motivates people to develop various methods to prevent
infections rather than treat them. However, in spite of the
great efforts made to mitigate bacterial contamination such
as thorough disinfection and strict aseptic surgical operation
schemes, bacterial invasion and complications still occur in
the nearby tissues after implant surgery [12, 13]. On the other
hand, several biomaterial surface modification approaches
have been attempted to improve the antibacterial ability of the
implant and have demonstrated great progresses in reducing
the incidence of implant-associated infections [12].

The infections associated with implants are characterized
by bacterial colonization and biofilm formation on the
implanted device as well as infection of the adjacent tissues.
It is generally accepted that the most effective way to prevent
biofilm buildup on implants is to prohibit the initial bacterial
adhesion, as the biofilms are quite difficult to remove after
formation. Therefore, postoperative infection rates may be
greatly reduced through improving the antimicrobial proper-
ties of the implant surface by means of surface modifications.
Antibacterial surfaces were originally produced by direct
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impregnation with antibiotics, with the purpose of preventing
the initial adhesion of bacteria onto the implant surface [7–10,
14–17]. However, although these antibiotic-loaded surfaces
demonstrated superior curative effects, potential toxicity and
increased bacterial drug resistance due to the slow-release
doses have become new increased risks in surgery [8]. In
addition to antibiotic-releasing coatings, research interest has
also focused on developing covalently bonded drugs to realize
long-lasting antibacterial ability. However, the susceptibility
of bacteria to drugs in the vicinity of implants presents
a problem, and drug resistance of bacteria isolated from
implants has been reported [8, 18].

Recently, silver-containing coatings have attracted
increasing attention due to the nontoxicity of the active
Ag+ to human cells and its antimicrobial activity [8, 19, 20].
Ag+ is a strong bactericide with satisfactory stability
and presents significant broad spectrum antimicrobial
effects on both gram-positive and gram-negative bacteria
[20]. The antibacterial effect can last for a long time and
can be less prone to producing antibacterial resistance
[20, 21]. Moreover, silver-containing coatings could inhibit
bacterial attachment onto the implants [21]. In vitro studies
demonstrate excellent biocompatibility of silver-containing
coatings without genotoxicity or cytotoxicity [22]. In vivo
studies, on the other hand, indicate that silver-containing
coatings have no local or systemic side-effects [20–22].

The required Ag dose in the implants is typically low,
which makes it possible to introduce Ag into biocompatible
coatings. In fact, various well-established techniques such
as plasma ion implantation have been proposed to produce
silver-containing coatings [23]. By incorporating a sufficient
amount of Ag to enhance the antibacterial ability of porous
coatings, a surface that retains biocompatibility and relatively
long-term antibacterial ability can be produced. In this study,
the silver was introduced by an ion implantation method
into TiO2 coatings produced by microarc oxidation (MAO).
MAO on the surface of titanium implants can provide
a porous biofunctional TiO2 coating with good adhesion
to the substrate and high apatite-forming ability [6, 24–
29]. The incorporation of Ag was expected to improve the
antibacterial ability of the TiO2 coatings. The microstructure,
the antimicrobial properties, and the biocompatibility of the
TiO2 coatings in which Ag was implanted were investigated
in detail.

2. Materials and Methods

2.1. Coating Specimen Preparation. Commercially available
pure titanium alloys (TA2) were used as specimens. The
titanium specimens were cut into plates with dimensions of15 × 10 × 2mm. The surfaces of the plates were abraded with
emery papers of 200, 400, 600, 800, and 1200 grit in turn
and washed in an ultrasonic bath for 20 min with acetone,
ethanol, and deionized water, respectively. The titanium
plates were then dried in an oven at room temperature.

MAO was carried out on the Ti plates with an AC-
type high power supply (PN-III). The plates served as
the anode electrode and a stainless steel plate was used

as the counter electrode. The electrolyte was 0.2 M cal-
cium acetate monohydrate ((CH3COO)2Ca ⋅ H2O, CA) and
0.02 M 𝛽-glycerophosphoric acid disodium salt pentahydrate
(C3H7Na2O6P ⋅ 5H2O, 𝛽-GP). After treatment at 350 V for 5
minutes, porous TiO2 coatings formed on the plate surface.
The thickness of the oxide coating ranged from 12 𝜇m to
20𝜇m and the average diameter of the pore size was 5 to
10 𝜇m.

2.2. Silver Ion Implantation. Silver ion implantation was
performed using an ion implantation machine equipped with
a metal vapor vacuum arc (MEVVA) ion source. The initial
gas pressure in the ion implantation chamber was under 2 ×10−3 Pa. Silver was implanted into the TiO2 coatings with an
acceleration energy of 65 keV. The silver implantation doses

were 1.0, 5.0, 10.0, and 20.0 × 1017 ions/cm2, respectively. The
corresponding samples were denoted as Ti-MAO-Ag1.0, Ti-
MAO-Ag5.0, Ti-MAO-Ag10.0, and Ti-MAO-Ag20.0, respec-
tively.

2.3. In Vitro Antimicrobial Properties. The antibacterial activ-
ities of the silver-containing coatings were characterized
based on the American Society for Testing and Materi-
als (ASTM) G21-1996 (“Standard Practice for Determining
Resistance of Synthetic Polymeric Materials to Fungi”).
Gram-positive Staphylococcus aureus (ATCC 6538) was used
to evaluate the antibacterial ability of the silver-containing
coatings since staphylococci mainly account for infections
of both temporarily and permanently implanted orthopedic
devices. All the specimens and petri dishes were sterilized
by autoclave at 121∘C for 1 h. Afterwards, bacteria solution

with a concentration of 5.6 × 106 CFU/mL was dripped onto
the sample surface. The specimens were covered by plastic
film in a sterile dish and incubated at 37∘C for 24 h. Each
specimen and its covered film were washed with 5 mL of
stroke-physiological saline solution. The wash eluate was
collected and diluted to 1 : 50 with saline solution. Then
100 𝜇L of the diluted solution was incubated on a standard
culture plate containing LB broth (10 g/L tryptone, 5 g/L yeast
extract, 10 g/L NaCl). After further incubation at 37∘C for
24 h, the active bacteria were counted and the antibacterial
rate was calculated using the following formula:

𝑅 = (𝐵 − 𝐴)𝐵 × 100%, (1)

where 𝑅 is the antibacterial rate (%), 𝐵 is the average number
of viable bacteria on the corresponding MAO titanium
specimen without Ag ion implantation which is consistent
with the control group, and 𝐴 is the average number of
viable bacteria on the Ag-ion-implanted MAO specimen. The
measurement was repeated three times for S. aureus culture.

2.4. Cell Culture. The 3T3 cell line (Chinese hamster fibrob-
lasts) was used for cytotoxicity tests. The culture medium
consisted of alpha-minimum essential medium (𝛼-MEM)
supplemented with 10% fetal calf serum (FBS), 100 U mL−1

of penicillin, and 100𝜇g mL−1 of streptomycin sulfate. Exper-
iments were conducted in an incubator at 37∘C with
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Figure 1: Surface morphologies for different specimens with various implanted Ag doses on MAO coating surfaces: (a) Ti-MAO-Ag1.0, (b)
Ti-MAO-Ag5.0, (c) Ti-MAO-Ag10.0, and (d) Ti-MAO-Ag20.0.
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Figure 2: XRD patterns of samples with different implanted Ag
doses: (a) Ti-MAO-Ag1.0, (b) Ti-MAO-Ag5.0, (c) Ti-MAO-Ag10.0,
and (d) Ti-MAO-Ag20.0.

a humidified atmosphere of 95% air and 5% CO2 for 24 h.
The specimens were sterilized by heating at 180∘C for 1 h.
The cells were fixed with 5 mL of 10% formalin for 30 min,
stained with 8 mL of 0.15% methylene blue for an additional
30 min, washed thoroughly with different concentration alco-
hol strictly, and dried [30].

2.5. Microstructure and Surface Analyses. The surface mor-
phologies of the coatings were examined by scanning electron
microscopy (SEM, Zeiss SUPRA 40, Germany). The crys-
talline structure was characterized by X-ray diffraction (XRD,
D/Max 2400 V, Rigaku, Tokyo, Japan) using Cu K𝛼 radiation
in the 2𝜃 range of 10–80∘ with an accelerating voltage of 36 kV
and a current of 100 mA. The chemical composition of the
surface layer was analyzed by energy dispersive spectrometry
(EDS).

3. Results and Discussion

The SEM top-morphology images of the coatings incorpo-
rating different doses of silver are shown in Figure 1. The
typical porous surfaces on MAO-treated pure titanium can be
clearly seen, indicating that the implantation of Ag had little
effect on the surface morphology of the TiO2 coating formed.
The implanted Ag presented in the form of nanoparticles
distributed homogeneously on the surface and even inside
the open pores. Inspection of the porous coating surfaces
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Figure 3: Photos of culture plates after antibacterial tests against Staphylococcus aureus: (a) control specimen Ti-MAO, (b) Ti-MAO-Ag1.0,
(c) Ti-MAO-Ag5.0, (d) Ti-MAO-Ag10.0, and (e) Ti-MAO-Ag20.0.
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Figure 4: Antibacterial rate (𝑅) evolution with the incorporated Ag
doses.

with different implanted doses shows that the amount of Ag
nanoparticles on the porous coating surfaces increased with
increases in the dose implanted.

Figure 2 exhibits the XRD patterns of the specimens with
different doses of implanted silver. Only the peaks related
to the anatase and rutile phases and the phase from the Ti
substrate can be indexed for all the specimens. The peaks of
Ag or Ag alloys do not appear, confirming that the Ag was
present as nanoparticles. The results are contrary to those
reported by other research groups [19, 31], who found that the
weak Ag diffraction peaks could be identified although the
Ag particles were in the nanocrystalline form. The difference
could be attributed to the amounts of silver incorporated
and the methods of incorporation. The ion implantation
technique demonstrated the unique advantage of providing
a superfine nanoparticle in contrast to the other methods of
incorporation.

EDS composition analysis indicated that the incorporated
Ag content on the sample surface increases with increasing
the ion implantation doses of Ag, as shown in Table 1, which
is consistent with the SEM observations.

The antibacterial ability of MAO coatings in which Ag
was implanted was investigated by growing S. aureus colonies
on LB plates. The MAO coatings incorporating Ag present
strong inhibition of S. aureus colony formation compared to
the MAO coating without incorporated Ag, where significant
amounts of colonies were found (see Figure 3(a)). In contrast,
nearly no viable bacteria could be seen on Ti-MAO-Ag20.0
(Figure 3(e)). Moreover, the number of bacteria that could
be seen decreased as the dose of Ag incorporated increased,
suggesting that the antibacterial ability increased with the
content of incorporated Ag. The detailed calculation of the
antibacterial rate shown in Figure 4 demonstrates that the
antibacterial rate increases with increases in the dose of
Ag incorporated from 95.8% to nearly 100%. The results
are in good accordance with a previous report [19], where
TiO2 nanotubes incorporating Ag demonstrated superior

antibacterial ability by killing all the planktonic bacteria in
the suspension during the first few days.

However, the mechanism of inhibitory action of silver
ions on microorganisms remains controversial. It is proposed
that DNA loses its replication ability and cellular proteins
become inactivated by the reaction with Ag [32, 33]. Other
research results showed that Ag+ bound to functional groups
of proteins, resulting in protein denaturation [32]. Con-
cerning the mechanism of how the silver nanoparticles act
as biocidal material against S. aureus, some reports have
suggested that electrostatic attraction between negatively
charged bacterial cells and positively charged nanoparticles
is crucial for the activity of nanoparticles as bacterici-
dal materials [34]. However, there are also contradictory
reports revealing that, despite the negative charge on the
silver nanoparticle surfaces, silver nanoparticles present good
antibacterial activity by interacting directly with “building
elements” of the bacterial membrane structure, resulting in
structural change in the bacterial membrane, degradation,
and finally cell death [32]. This mechanism has been verified
in a series of studies [32, 35–37], which would explain the
good antibacterial ability observed in this study.

The cytotoxicity of the specimens was evaluated by
observing the morphology of the 3T3 cell colony formation.
The formation of normal fibroblasts with a spindle-like shape
was observed on the surfaces of all samples (Figure 5). The
morphologies of the fibroblasts show little difference when
comparing the samples with and without Ag implantation,
indicating that the Ag-containing coatings demonstrated
similar biocompatibility to the titanium treated directly by
MAO. The latter has been reported to demonstrate superior
biocompatibility and no cytotoxicity [38, 39].

Toxicity from silver has been observed in the form of
argyria only when there are large open wounds and large
amounts of silver ions have been used for dressing. Reports
of silver allergy are scarce in the literature. On the contrary,
most studies propose that silver nanoparticles are non-
toxic. However, with respect of their small size and variable
properties, it is suggested that they are hazardous to the
environment of the human body [21, 40]. Hussain et al. [41]
studied the toxicity of silver nanoparticles of different sizes in
a rat liver cell line. They reported that abnormal size, cellular
shrinkage, and irregular shape of the cells increased as the
concentration of silver nanoparticles increased, suggesting
that the cytotoxicity of silver nanoparticles to mitochondrial
activity increased. In this study, the cells spread well and
displayed a normal shape in the coatings incorporating silver,
indicating that these implanted doses of Ag+ in the coatings
are nontoxic to the colony cells.

4. Conclusion

Ag was incorporated in MAO TiO2 coatings on pure tita-
nium by an ion implantation method. The ion implan-
tation technique demonstrated the unique advantage of
providing a superfine silver nanoparticle. With increases
in the implanted doses, the Ag content in the coatings
increased. The in vitro antimicrobial tests indicated that the
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Figure 5: The surface morphology of the cells cultured on the surface of the Ag incorporated coatings by SEM: (a) the referred MAO-treated
titanium, (b) Ti-MAO-Ag1.0, (c) Ti-MAO-Ag5.0, (d) Ti-MAO-Ag10.0, and (e) Ti-MAO-Ag20.0.

Table 1: Compositions on the Ag+ implanted surfaces from EDS analysis.

No. Specimen Dose (1017 ions/cm2)
Element (wt. %)

Ti O Ca P Ag

1 Ti-MAO-Ag1.0 1.0 43.8 42.7 9.5 3.5 0.5

2 Ti-MAO-Ag5.0 5.0 55.5 34.5 6.8 2.5 0.8

3 Ti-MAO-Ag10.0 10 49.6 42.7 4.5 2.0 1.2

4 Ti-MAO-Ag20.0 20 51.0 34.3 9.5 3.9 1.3

Ag-containing coatings possessed good antibacterial ability,
which may have resulted from the interaction between
the nanocrystalline silver and the bacterial membrane. The
superior biocompatibility and noncytotoxicity of the silver-
containing porous structural coatings were confirmed by the

cell culture tests. The combination of antibacterial ability and
biocompatibility as well as noncytotoxicity indicates that the
ion implantation method could provide a promising strategy
for the fabrication of a long-term antibacterial surface and
thus an attractive biomaterial.
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[23] A. Ewald, D. Hösel, S. Patel et al., “Silver-doped calcium phos-
phate cements with antimicrobial activity,” Acta Biomaterialia,
vol. 7, no. 11, pp. 4064–4070, 2011.

[24] P. K. Chu, J. Y. Chen, L. P. Wang, and N. Huang, “Plasma-surface
modification of biomaterials,”Materials Science and Engineering
R, vol. 36, no. 5-6, pp. 143–206, 2002.

[25] X. Liu, R. W. Y. Poon, S. C. H. Kwok, P. K. Chu, and C.
Ding, “Plasma surface modification of titanium for hard tissue
replacements,” Surface andCoatings Technology, vol. 186, no. 1-2,
pp. 227–233, 2004.

[26] E. Matykina, M. Montuori, J. Gough et al., “Spark anodising
of titanium for biomedical applications,” Transactions of the
Institute of Metal Finishing, vol. 84, no. 3, pp. 125–133, 2006.

[27] F. C. Walsh, C. T. J. Low, R. J. K. Wood et al., “Plasma elec-
trolytic oxidation (PEO) for production of anodised coatings
on lightweight metal (Al, mg, Ti) alloys,” Transactions of the
Institute of Metal Finishing, vol. 87, no. 3, pp. 122–135, 2009.

[28] A. G. Rakoch and I. V. Bardin, “Microarc oxidation of light
alloys,” Metallurgist, vol. 54, no. 5-6, pp. 378–383, 2010.

[29] W. G. Graham and K. R. Stalder, “Plasmas in liquids and some
of their applications in nanoscience,” Journal of Physics D, vol.
44, no. 17, Article ID 174037, 2011.

[30] T. Shirai, T. Shimizu, K. Ohtani, Y. Zen, M. Takaya, and H.
Tsuchiya, “Antibacterial iodine-supported titanium implants,”
Acta Biomaterialia, vol. 7, no. 4, pp. 1928–1933, 2011.

[31] O. Akhavan, “Lasting antibacterial activities of Ag-TiO2/Ag/a-
TiO2 nanocomposite thin film photocatalysts under solar light
irradiation,” Journal of Colloid and Interface Science, vol. 336, no.
1, pp. 117–124, 2009.

[32] I. Sondi and B. Salopek-Sondi, “Silver nanoparticles as antimi-
crobial agent: a case study on E. coli as a model for Gram-
negative bacteria,” Journal of Colloid and Interface Science, vol.
275, no. 1, pp. 177–182, 2004.

[33] Q. L. Feng, J. Wu, G. Q. Chen et al., “A mechanistic study
of the antibacterial effect of silver ions on Escherichia coli
and Staphylococcus aureus,” Journal of Biomedical Materials
Research, vol. 52, no. 4, pp. 662–668, 2000.

[34] P. K. Stoimenov, R. L. Klinger, G. L. Marchin, and K. J. Klabunde,
“Metal oxide nanoparticles as bactericidal agents,” Langmuir,
vol. 18, no. 17, pp. 6679–6686, 2002.



8 Journal of Nanomaterials

[35] W. K. Jung, H. C. Koo, K. W. Kim, S. Shin, S. H. Kim, and Y.
H. Park, “Antibacterial activity and mechanism of action of the
silver ion in Staphylococcus aureus and Escherichia coli,” Applied
and Environmental Microbiology, vol. 74, no. 7, pp. 2171–2178,
2008.

[36] S. H. Kim, H. S. Lee, D. S. Ryu, S. J. Choi, and D. S. Lee, “Antibac-
terial activity of silver-nanoparticles against Staphylococcus
aureus and Escherichia coli,” Korean Journal of Microbiology and
Biotechnology, vol. 39, no. 1, pp. 77–85, 2011.

[37] Q. L. Feng, J. Wu, G. Q. Chen et al., “A mechanistic study
of the antibacterial effect of silver ions on Escherichia coli
and Staphylococcus aureus,” Journal of Biomedical Materials
Research, vol. 52, no. 4, pp. 662–668, 2000.

[38] D. Q. Wei, Y. Zhou, and C. H. Yang, “Characteristic, cell
response and apatite-induction ability of microarc oxidized
TiO2-based coating containing P on Ti6Al4V before and after
chemical-treatment and dehydration,” Ceramics International,
vol. 35, no. 7, pp. 2545–2554, 2009.

[39] Y. W. Lim, S. Y. Kwon, D. H. Sun, H. E. Kim, and Y. S.
Kim, “Enhanced cell integration to titanium alloy by surface
treatment with microarc oxidation: a pilot study,” Clinical
Orthopaedics and Related Research, vol. 467, no. 9, pp. 2251–
2258, 2009.

[40] L. Braydich-Stolle, S. Hussain, J. J. Schlager, and M. C. Hof-
mann, “In vitro cytotoxicity of nanoparticles in mammalian
germline stem cells,” Toxicological Sciences, vol. 88, no. 2, pp.
412–419, 2005.

[41] S. M. Hussain, K. L. Hess, J. M. Gearhart, K. T. Geiss, and J. J.
Schlager, “In vitro toxicity of nanoparticles in BRL 3A rat liver
cells,” Toxicology in Vitro, vol. 19, no. 7, pp. 975–983, 2005.



Hindawi Publishing Corporation
Journal of Nanomaterials
Volume 2013, Article ID 281841, 7 pages
http://dx.doi.org/10.1155/2013/281841

Research Article

Thermodynamic Property Study of Nanostructured Mg-H,
Mg-Ni-H, and Mg-Cu-H Systems by High Pressure DSC Method

Huaiyu Shao,1 Gongbiao Xin,2 Xingguo Li,2 and Etsuo Akiba1

1 International Institute for Carbon-Neutral Energy Research (WPI- I2CNER), Kyushu University, Fukuoka 819-0395, Japan
2 Beijing National Laboratory for Molecular Sciences (BNLMS), andThe State Key Laboratory of Rare Earth Materials Chemistry and
Applications, College of Chemistry and Molecular Engineering, Peking University, Beijing 100871, China

Correspondence should be addressed to Huaiyu Shao; h.shao@i2cner.kyushu-u.ac.jp and Xingguo Li; xgli@pku.edu.cn

Received 13 December 2012; Accepted 17 January 2013

Academic Editor: Jianxin Zou

Copyright © 2013 Huaiyu Shao et al. This is an open access article distributed under the Creative Commons Attribution License,
which permits unrestricted use, distribution, and reproduction in any medium, provided the original work is properly cited.

Mg, Ni, and Cu nanoparticles were synthesized by hydrogen plasma metal reaction method. Preparation of Mg2Ni and Mg2Cu
alloys from these Mg, Ni, and Cu nanoparticles has been successfully achieved in convenient conditions. High pressure differential
scanning calorimetry (DSC) technique in hydrogen atmosphere was applied to study the synthesis and thermodynamic properties
of the hydrogen absorption/desorption processes of nanostructured Mg-H, Mg-Ni-H, and Mg-Cu-H systems. Van’t Hoff equation
of Mg-Ni-H system as well as formation enthalpy and entropy of Mg2NiH4 was obtained by high pressure DSC method. The results
agree with the ones by pressure-composition isotherm (PCT) methods in our previous work and the ones in literature.

1. Introduction

Mg and Mg-based alloys are widely studied as hydrogen
storage materials for the advantages such as low price,
light weight, high hydrogen capacity, and high abundance
of Mg in the earth’s crust [1–4]. The hydrides of Mg and
the common Mg-based alloys show considerable hydrogen
storage content—7.6 mass% for MgH2 and 3.6, 4.5, and 5.4
mass% for Mg2NiH4, Mg2CoH5, and Mg2FeH6, respectively.
Recently some new hydrogen storage materials have been
explored [4, 5], but Mg-based materials are still ones of
the most promising hydrogen storage candidates to many
researchers, especially for heat storage or stationary energy
storage [3, 6], in which cases, working temperature can be
above 500 K.

One serious barrier of Mg-based alloys for hydrogen
storage study is synthesis of these alloys by conventional
melting method because of the large difference in melting
point and vaporization pressure between Mg and Ni, Co,
Fe, and so forth. Ball milling/mechanical alloying method
has been developed to synthesize Mg-based alloys and it is
considered as one effective way to prepare nonequilibrium

alloy samples with plenty of defects and samples with grain
size in nanometer scale [7]. Recently it has almost become the
main preparation method by many groups to study Mg-based
alloys [8–20]. However, this method faces the disadvantage
of possible pollution by steel balls or air during the milling
process. Another difficulty in the study of Mg-based materials
is poor kinetics of these materials. For example, Mg2Ni in
micrometer scale produced by conventional melting method
needs absorption/desorption temperature higher than 500 K
even after several hydrogen absorption and desorption cycles
under hydrogen pressure atmosphere. Common Mg metal
samples in micrometer scale need much stricter conditions
to absorb and desorb hydrogen. Our group and some
other researchers successfully prepared nanostructured Mg-
based alloy and hydride samples in convenient conditions
from metal nanoparticles which were synthesized by plasma
metal reaction [21–26]. These nanostructured samples show
excellent hydrogen storage kinetics and properties. They
can absorb and desorb hydrogen in convenient conditions
without any activation process [23, 27, 28]. This work is
to demonstrate that we can study the preparation pro-
cess, thermodynamic properties, and reaction mechanism of
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these nanostructured Mg-based materials by high pressure
differential scanning calorimetry (DSC) technique under
hydrogen atmosphere.

2. Experimental Details

The Mg, Ni, and Cu nanoparticles were synthesized from
bulk metals by hydrogen plasma metal reaction method.
Bulk Mg, Ni, and Cu metals (purity > 99.7%) were melted
and vaporized by hydrogen-plasma-metal reaction in the
chamber and the gaseous metals were taken to the collecting
room by the circulating gas and were deposited on the
filter wall, where we obtained the Mg, Ni, and Cu metal
nanoparticles. To prepare Mg-Ni and Mg-Cu system alloys
and hydrides, Mg and Ni (Cu) nanoparticles were weighted
at a 2 : 1 molar ratio and mixed in acetone by an ultrasonic
homogenizer. Then the mixture was dried and pressed into
small pieces, from which, Mg-Ni (Mg-Cu) hydrides were
synthesized in 4 MPa hydrogen atmosphere at 623 K (673 K)
for 2 h (9 h) and alloys were obtained after the evacuation of
the hydrides at the same temperature.

The composition and structure analysis of the samples
were carried out by X-ray diffraction at an automatic Rigaku
X-ray diffractometer with monochromatic Cu K𝛼 radiation
at a scanning rate of 4∘/min.

The synthesis and thermodynamic properties of Mg-H,
Mg-Ni-H, and Mg-Cu-H systems were studied from DSC
measurements using a NETZSCH DSC 204 HP apparatus
starting from metal nanoparticles. Mg, 2Mg+Ni and 2Mg+Cu
nanoparticle mixture samples with about 10 mg in weight
were put into the chamber of the DSC apparatus. After closure
of the system, evacuation and supply of 0.5 MPa hydrogen
cycles were conducted to fresh the system. For the synthesis
of Mg-Ni-H and Mg-Cu-H system, a flowing and constant
hydrogen atmosphere of 4 MPa pressure was provided to
the DSC chamber system. A special device is equipped in
this DSC machine to keep the flowing atmosphere constant.
The temperature was increased from room temperature to
823 K at a heating rate of 20 K/min. The heating and cooling
processes were repeated two more cycles after the first
synthesis cycle. After the production of Mg2NiH4, the sample
was taken through several heating and cooling cycles between
453 K and 823 K at 5, 10, and 20 K/min in various flowing and
constant hydrogen pressure value (1 MPa, 2 MPa, and 4 MPa).

3. Results and Discussion

Figures 1 and 2 show the XRD curves of the metal nanoparti-
cle samples by hydrogen plasma metal reaction method and
Mg-Ni-H, Mg-Cu-H system samples prepared from these
metal nanoparticles. Figure 1(a) shows the metal nanoparticle
sample prepared from bulk Mg contains pure Mg phase. Mg
nanoparticle sample shows hexagonal structure and the space
group is P63/mmc. The size is in the range of a few hundred
nm. There is a small reflection peak at 42.9∘, which is due
to the small amount of MgO impurity (less than 1 mass%).
All of the other peaks are indexed to Mg phase. This thin
layer MgO actually is very helpful to prevent the Mg particles
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Figure 1: XRD patterns of (a) Mg nanoparticles, (b) Ni nanoparti-
cles, (c) Mg2NiH4 sample prepared from Mg and Ni nanoparticles
at 623 K in 4 MPa hydrogen for 2 hours, and (d) Mg2Ni sample
prepared after evacuation of Mg2NiH4.

from further oxidation. The reflection peaks in Figure 1(b)
are all ascribed to Ni nanoparticles. Ni sample shows face-
centered cubic structure of Fm3 m space group. The broad-
ening of Ni peaks indicates the nanostructure of Ni samples.
The particle size is about 30–50 nm. Figure 1(c) presents
the Mg2NiH4 sample prepared from 2Mg+Ni nanoparticle
mixture by sintering in 4 MPa hydrogen at 623 K for 2 h.
The XRD curve is well indexed to monoclinic Mg2NiH4 low-
temperature phase (space group: C2/m). After evacuation
of the Mg2NiH4 sample, Mg2Ni alloy (hexagonal structure,
space group: P6222) was obtained (Figure 1(d)). Hydrogen
and nanostructure of the metal samples play important
roles in the preparation of Mg2NiH4 and Mg2Ni samples in
convenient conditions.

Figure 2(b) indicates XRD curve of the obtained Cu
nanoparticles. Only Cu phase is observed, which is face-
centered cubic structure with the space group of Fm3 m. The
Cu peaks are also broad because of the nanostructure of the
Cu phase. From 2Mg+Cu nanoparticle mixture, firstly Mg-
Cu-H hydride sample was obtained by sintering the mixture
sample in 4 MPa hydrogen atmosphere at 673 K for 9 h and
the XRD curve of the obtained hydrides sample is shown in
Figure 2(c). The sample mainly consists of MgH2 (tetragonal
structure, space group: P42/mnm) and MgCu2 (face-centered
cubic structure, space group: Fd3 m) phases. For Mg-Cu-H
system, there is no ternary hydride found in literature up
to now. After the evacuation, Mg2Cu main phase sample
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Figure 2: XRD patterns of (a) Mg nanoparticles, (b) Cu nanopar-
ticles, (c) Mg-Cu-H hydride sample prepared from Mg and Cu
nanoparticles at 673 K in 4 MPa hydrogen for 9 hours, and (d)
Mg2Cu sample prepared after evacuation of Mg-Cu-H hydride
system.
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Figure 3: DSC curve of Mg-H system started from Mg nanoparticle
sample in 4 MPa hydrogen pressure.

(orthorhombic, space group: Fddd) was obtained. A small
amount of MgCu2 impurity is detected.

Figure 3 shows the DSC curve of the Mg nanoparticles
in an initial hydrogen pressure of 4 MPa, at a scan rate of
20 K/min. The upper dash line indicates the temperature
trend and the solid line shows the DSC curve. The first peak
is a small exothermic peak at 662.6 K, which is due to the
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Figure 4: DSC curve of Mg-Ni-H system started from 2Mg+Ni
nanoparticle mixture in 4 MPa hydrogen pressure.

hydrogen absorption of small amount of Mg nanoparticles.
Most of the Mg begins to react with hydrogen to form MgH2
in the first cooling cycle and shows an exothermic peak at
676.1 K. Firstly, only partial Mg sample reacts with hydrogen
to form the hydride because at the beginning of the hydrogen
absorption, it is difficult for hydrogen to penetrate the MgO
layer on the surface of Mg nanoparticles and then enter the
interior of Mg particles in very short time with heating rate
of 20 K/min due to kinetic limitation. After the Mg particle
surface are cracked by the entry of hydrogen, much more
fresh surface occurs and makes it easier for hydrogen to enter
the Mg particle interior and react with the left Mg to form
MgH2. The reaction equations are expressed as follows:

Mg + H2 → MgH2, (1)

MgH2 → Mg + H2. (2)

In the second heating cycle, the hydrogenated MgH2 desorbs
hydrogen to form Mg phase and shows an endothermic peak
with a peak temperature of 744.6 K (2). The formed Mg
absorbs hydrogen again during the second cooling process
and shows a peak temperature of 672.6 K (1).

Figure 4 presents the DSC result of starting sample-
2Mg+Ni nanoparticle mixture in 4 MPa hydrogen, at a scan
rate of 20 K/min. The first exothermic peak at 413.2 K is
attributed to the hydrogen absorption of part of the Mg
nanoparticles (1) with Ni as catalyst. The hydrogen absorption
peak of Mg nanoparticles is about 250 K lowered (compared
to Figure 3) when there are Ni nanoparticles as catalyst, which
indicates the excellent catalytic effect of Ni nanoparticles
to the hydrogen absorption of Mg phase. At about 430∼
450 K, there are several exothermic peaks, which are also due
to hydrogen absorption of the rest Mg nanoparticles. The
formed MgH2 reacts with Ni to form Mg2Ni and shows an
endothermic peak in the first heating period at 728.0 K. The
reaction is expressed as follows:

MgH2 + Ni → Mg2Ni + H2. (3)

The Mg2Ni phase absorbs hydrogen and shows an exothermic
peak at 682.6 K in the first cooling cycle, which is ascribed to
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Figure 5: DSC curve of Mg-Cu-H system started from 2Mg+Cu
nanoparticle mixture in 4 MPa hydrogen pressure.

(4). The exothermic peaks at 683.3 K in the second cooling
cycle and 683.1 K in the third cycle have the same attribution:

Mg2Ni + H2 → Mg2NiH4. (4)

A small exothermic peak at 503.7 K in the first cooling
cycle is due to the transformation of high temperature
(HT) Mg2NiH4 phase to low temperature one (LT) (5). The
exothermic peak at 503.9 K in the second cooling cycle and
the one at 503.7 K in the third cooling cycle are due to
the same transformation reaction. The exothermic peak at
515.1 K in the second heating cycle and the one at 515.4 K
at the third heating cycle are due to the transformation of
low temperature Mg2NiH4 phase to high temperature one as
follows:

Mg2NiH4 (HT) ←→ Mg2NiH4 (LT) . (5)

The high and sharp peak at 729.7 K at the second heating cycle
and the one at 729.0 K at the third cycle are due to desorption
of Mg2NiH4 phase to form Mg2Ni and hydrogen as follows:

Mg2NiH4 → Mg2Ni + H2. (6)

Figure 5 indicates the DSC curve of 2Mg+Cu nanoparticle
mixture in 4 MPa hydrogen atmosphere. The heating and
cooling rate is 20 K/min. The first exothermic peak occurs at
434.5 K, which is corresponding to the hydrogen absorption
of Mg nanoparticles with Cu nanoparticles as the catalyst.
This is similar to Mg-Ni-H system in Figure 4. With Cu
catalyst, the hydrogenation peak temperature is lowered
about 230 K. After the first exothermic peak, there are several
exothermic and endothermic peaks in the temperature range
of 660 K to 740 K in the first heating period. The attribution
of these peaks remains unclear currently. After these peaks,
the next peak at 617.4 K in the first cooling cycle could be
easily defined as hydrogen absorption peak of Mg2Cu phase
according to DSC results of Mg-H system in Figure 3 and
pressure-composition isotherm (PCT) results reported by us
before [28]. The reactions of (1), (7), and (8) are thought to
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Figure 6: DSC curve of Mg-Ni-H system in 2 MPa hydrogen, at
different scan rates started from Mg2NiH4 sample.

contribute to these peaks between 600 K and 740 K in the first
heating process as follows:

MgH2 + Cu → Mg2Cu + H2, (7)

Mg + Cu → Mg2Cu. (8)

The sharp exothermic peaks at 617.4 K, 616.2 K, and 614.7 K
in the cooling period are due to the hydrogen absorption of
Mg2Cu expressed as (9), which could be easily confirmed by
the XRD results after the DSC measurement. The large sharp
endothermic peaks at 682.1 K in the second and third cycles
are attributed to desorption of MgH2 and MgCu2 mixture
to form Mg2Cu and hydrogen (10). The same reaction
mechanism during cycling of Mg-Cu-H system was reported
by other groups [1, 29]:

Mg2Cu + H2 → MgH2 + MgCu2, (9)

MgH2 + MgCu2 → Mg2Cu + H2. (10)

Figure 6 presents the DSC curve started from low tempera-
ture Mg2NiH4 phase in 2 MPa hydrogen, which is obtained
from 2Mg+Ni nanoparticle mixture by DSC methods in
4 MPa hydrogen for one heating and cooling cycle. The upper
dash line shows the temperature program. The middle solid
line indicates the pressure change with time. During each
heating and cooling cycle with different scan rates (5, 10, and
20 K/min), there are two large peaks and two small ones.
These peaks have the same attribution with the ones in the
second and third cycles of the DSC curve in Figure 4. They
are also ascribed to (5), (6), (4), and (5) in the appearance
order. From the figure, we may see that the desorption
reaction of Mg2NiH4 to form Mg2Ni (6) in 2 MPa hydrogen
shows the peak temperatures of 684.2 K at 5 K/min, 689.2 K
at 10 K/min, and 695.1 K at 20 K/min. From the pressure
recording data, we obtain the real-time pressure values, which
are 2.106 MPa for 684.2 K at 5 K/min, 2.106 MPa for 689.2 K
at 10 K/min, and 2.107 MPa for 695.1 K at 20 K/min. These
pressure, temperature and scan rate data in 2 MPa hydrogen
are described in Table 1 and the values in 4 MPa and 1 MPa are
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Table 1: Desorption temperature and pressure values from DSC
measurements of Mg-Ni-H system.

Scan rate
(K/min)

Desorption
temperature (K)

Desorption pressure
(0.1 MPa)

5

720.6 41.05

684.2 21.06

645.4 10.99

10

725.8 41.01

689.2 21.06

652.3 11.05

20

731.0 41.07

695.1 21.07

659.2 11.05

also included. These peaks are approximately corresponding
to middle point of the desorption process. Usually we take
the hydrogen equilibrium pressure of the middle point of the
desorption curve during PCT measurement, and the real-
time temperature of the middle point to make van’t Hoff plot
to obtain desorption enthalpy and entropy according to the
van’t Hoff equation:

ln( 𝑃𝑃0 ) = Δ𝐻𝑅𝑇 − Δ𝑆𝑅 . (11)

Using the data shown in Table 1, we could obtain the van’t
Hoff equations at different scan rates, which are given in
Table 2. The van’t Hoff equations vary with the scan rates
because the peak temperatures for hydrogen desorption
reaction from DSC technique differ at different scan rates. The
higher the scan rate, the higher the temperature difference
between peak temperature and real equilibrium temperature.
If we want to obtain the van’t Hoff equation at complete
equilibrium state, we should take the DSC measurement at
zero scan rate, which is impossible. However, in our case,
the kinetics of the absorption and desorption reaction of
nanostructured Mg-Ni-H system is superior. This means
we can approach almost equilibrium state of the sorption
reactions at low scan rates. After we measured the system
at 5 K/min rate, we made the plot. We obtain a van’t
Hoff equation of ln(𝑃/0.1MPa) = −8123/𝑇 + 14.961 and
the formation enthalpy and entropy values of −67.5 kJ/mol
H2 and −124.4 J/(K⋅mol H2). These results agree well with
the ones from the van’t Hoff equation (ln(𝑃/0.1MPa) =−7978/𝑇+15.06) and formation enthalpy and entropy values
(−66.3 kJ/mol H2 and −125.3 J/(K⋅mol H2), resp.,) obtained
by PCT technique in our previous work [23]. PCT technique
is a traditional way used to make van’t Hoff plot by obtain-
ing the equilibrium pressure values of samples at various
temperatures and obtain formation enthalpy and entropy
values, but one whole PCT including hydrogen absorption
and desorption process usually is quite time-consuming.
It usually takes several days or much more depending on
the hydrogen storage kinetics of the samples, measurement
parameters, and equilibrium conditions. Also it has not been
much noticed that the obtained equilibrium pressure values
vary much with different equilibrium conditions during PCT

measurements, which could contribute to some difference in
the calculated van’t Hoff equation and formation enthalpy
and entropy results using these plateau pressure data. By DSC
technique, we could make a whole van’t Hoff plot in a much
more time-saving way. By comparing the results from DSC
method and former PCT technique, it shows DSC method
is an excellent way to obtain van’t Hoff equations as well
as formation enthalpy and entropy values of nanostructured
hydrogen storage systems, which are with good kinetics.
After we reported our method [30], Rongeat et al. reported
their results about thermodynamic properties of hydrides
determined by high pressure DSC method in a much different
way [31]. We take the middle point of the DSC reaction
peak and assume that the thermodynamics values obtained
by our method are not equilibrium state while with kinetics
factor, so we can compare with other people’s results from
desorption PCT measurements. Rongeat et al. tried to give
a range of thermodynamics values of the equilibrium state
between absorption measurements and desorption ones.
Table 3 shows the temperature values of transformation
reaction between high temperature Mg2NiH4 phase and low
temperature one, in different hydrogen pressure values and
at different scan rates. From this table, we can see that the
transformation temperature from LT phase to HT phase and
the one from HT phase to LT phase do not change much with
the different hydrogen pressure.

4. Conclusions

The main conclusions of this work are as follows:

(1) Nanostructured Mg-Ni-H, Mg-Cu-H hydride sys-
tems and Mg2Ni, Mg2Cu alloys can be obtained from
Mg, Ni, and Cu nanoparticles by high hydrogen
pressure DSC method.

(2) The preparation process and hydrogen absorption
and desorption properties of nanostructured Mg-
H, Mg-Ni-H, and Mg-Cu-H systems were studied
by DSC method. With Ni or Cu as catalyst, Mg
nanoparticles absorb hydrogen at temperatures about
230–250 K lowered. Nanostructured Mg-H, Mg-Ni-
H, and Mg-Cu-H systems show excellent hydrogen
storage properties.

(3) From the temperature and hydrogen pressure values
obtained in DSC measurements of nanostructured
Mg-Ni-H system, van’t Hoff equation was obtained
as ln(𝑃/0.1MPa) = −8123/𝑇 + 14.961 at 5 K/min
scan rate. The formation enthalpy and entropy are−67.5 kJ/mol H2 and −124.4 J/(K⋅mol H2). These
results agree with those by PCT method.
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Table 2: Van’t Hoff equations of Mg2NiH4 at different DSC scan rates.

Scan rate (K/min) Van’t Hoff equation Formation enthalpy (−kJ/mol H2) Formation entropy −J/(K ⋅ mol H2)

5 ln(𝑃/0.1MPa) = −8123/𝑇 + 14.961 67.5 124.4

10 ln(𝑃/0.1MPa) = −8431/𝑇 + 15.313 70.1 127.3

20 ln(𝑃/0.1MPa) = −8793/𝑇 + 15.728 73.1 130.8

Table 3: Transformation temperatures between high temperature Mg2NiH4 phase and low temperature one in different hydrogen pressure
values and scan rate conditions.

LT phase to HT phase HT phase to LT phase

Pressure
(MPa)

Scan rate
(K/min)

Temperature
(K)

Pressure
(MPa)

Scan rate
(K/min)

Temperature
(K)

4

20 516.6

4

20 504.7

10 515.3 10 506.2

5 515.0 5 507.2

2

20 516.5

2

20 503.9

10 515.6 10 505.0

5 515.5 5 506.0

1

20 516.5

1

20 504.1

10 515.7 10 504.8

5 515.6 5 505.4
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This study demonstrates the low temperature synthesis of α-Al2O3 by solvothermal method using gibbsite alumina precursor in 1,
4-butanediol solvent according to various pH conditions. In acidic solution, an orthorhombic boehmite (AlOOH) structure was
obtained after solvothermal reaction. A significant result in this study was that the solvothermally synthesized alumina in pH = 9
at 300 ◦C for 36 h represented a rhombohedral α-Al2O3 structure hexagonal shaped with about 1.5∼2.0 μm of particle size. Other-
wise, the α-Al2O3 structure was rather changed to the mixture of a boehmite and α-Al2O3 structures above pH = 11. In the case
of α-Al2O3 synthesized at pH = 9, the specific surface area was 26.18 m2/g, and the particles that were stable in acidic solution
resulted in 61.80 mV of zeta potential.

1. Introduction

The α-Al2O3 powder has considerable potential for a wide
range of applications including high strength materials,
sapphire crystal growth, electronics, semiconductors, and
catalysts [1–4]. In particular, the current high demand for
sapphire substrates for the LED market has greatly added to
the crystal growth business on top of existing applications.
The volume of sapphire wafer production is currently mea-
sured in hundreds of millions of units annually. Here α-
Al2O3 crystals have attracted attention as a source of sap-
phire. Due to its versatility, increasing interest has focused on
the synthesis of α-Al2O3. Conventional synthesis processes
of α-Al2O3 involve vapor phase reaction, precipitation, sol-
gel, hydrothermal, and combustion methods. Vapor phase
reaction for preparation fine α-Al2O3 powder from a gas
phase precursor demands high temperature above 1200◦C
[5]. The precipitation method suffers from its complexity
and time consuming as like long washing times and aging
time [6]. The direct formation of α-Al2O3 via the hydro-
thermal method needs high temperature and pressure [7].

The combustion method has been used to yield α-Al2O3

powders, whereas the powder obtained from the process is
usually hard aggregated but contains nano-sized primary
particles [8]. Sol-gel a commonly from a precursor solution
used technique, involves the formation of an amorphous
gel; however, this method needs some thermal treatment
steps at various temperatures [9, 10]. In general, α-Al2O3

derived from the decomposition of gelatinous boehmite,
gibbsite, and related hydroxide alumina undergoes a number
of transitional phases. Amorphous alumina dehydrates at
500◦C to form γ-alumina which then transforms to δ-
alumina and θ-alumina before becoming α-Al2O3 in the
range of 1,200∼1,400◦C, depending on the procedure [11].
Recently several studies on the preparation of α-Al2O3

have tried to lower the formation temperature by using
additives [12, 13]. It has been suggested that the metal-
organic-derived alumina could lower the transformation
temperature of α-Al2O3. In our previous researches [14, 15],
we have also reported two papers; both were about mild
temperature synthesis of α-Al2O3 using a chelating reagent
as like ethylenediamine and a premicrowave treatment,
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resulted that α-Al2O3 structure was successfully obtained
below 1,000◦C. However, the crystallization temperature is
still high. Therefore, new methods are needed to overcome
the problem. In particular, the solvothermal method is
an alternative to calcinations for promoting crystallization
under mild temperatures. This process has been applied
recently to the synthesis of small ceramic particles and films
containing a range of metal oxides. Solvothermal treatments
can be used to control the grain size, particle morphology,
crystalline phases, and surface chemistry by regulating the
sol composition, reaction temperatures, pressure, solvent
nature, additives, and aging time. The particles prepared
using the solvothermal method are expected to have a larger
surface area, smaller particle size, and greater stability than
those obtained by other methods, such as the sol-gel method.
There are few reports of α-Al2O3, which are prepared using
the solvothermal method. Bell and Adair [16] have syn-
thesized α-alumina in 1,4-butanediol solvent by reaction of
gibbsite powder at 300◦C for 36 h under a stirring rate of
460 rpm and autogenously pressures. They have also con-
trolled the morphology through the use of special adsorbents
in non-aqueous solution synthesis involves consideration
of solvent degradation. Such studies are continuing, but
without evident success as yet.

In this study, we have also tried to synthesize a spe-
cial α-Al2O3 powder as a raw material for sapphire crystal
growth in application to the LED industry. The α-Al2O3

structure in this study is controlled according to the effects
of the pHs in the preparation step using a solvothermal
method. The as-synthesized Al2O3 powders are charac-
terized by X-ray diffraction (XRD) analysis, transmission
electron microscopy (TEM), field emission scanning electron
microscopy (FESEM), specific surface areas (Brunauer-
Emmett-Teller, BET), X-ray photoelectron spectroscopy
(XPS), and zeta potentials using electrophoresis light scat-
tering (ELS) measurements.

2. Experimental

A solvothermal method was introduced in this study
[16]. Gibbsite (Al(OH)3, sigmaaldrich.com/sigma-aldrich/
home.html) was used as an aluminum precursor. First, the
Gibbsite of 10.0 g was well dispersed in small amount of
methanol with sonification for 1 h and then the colloidal
solution was well mixed with excess 1,4-butanediol solvent
for 2 h. The colloidal solution was thermally treated at
70◦C for 24 h to remove methanol. Then acetic acid or
ammonia water was slowly dropped into the solution to
control pH = 4, 7, 9, and 11. The final solution was stirred
homogeneously for 5 h, and then the solution was moved
to a liner in autoclave, and finally the autoclave was heated
in N2 atmosphere at a rate of 10◦C/min to 300◦C and then
maintained isothermally at this temperature for 36 h and
70 atm. After solvothermal treatment, the obtained white
powders were washed and dried. The synthesized Al2O3 were
named to pH 4, 7, 9, and 11 according to pH of the final
solution in the preparation step.

The as-synthesized Al2O3 powders were identified using
powder XRD (model MPD, PANalytical, Yeungnam Univer-
sity Instrumental Analysis Center, Korea) with nickel-filtered
CuKα radiation (30 kV, 30 mA) at 2-theta angles of 10–90◦.
The scan speed was 10◦/min, and the time constant was
1 s. The sizes and shapes of the materials were measured
by field emission SEM/energy-dispersive X-ray spectroscopy
(FESEM/EDS; S-4100, Hitachi, Yeungnam University Instru-
mental Analysis Center, Korea). XPS measurements of the
binding energy of Al2p and O1s orbitals in alumina powders
were recorded with a model AXIS-NOVA (Kratos Inc.,
Korea Basic Science Institute Jeonju Center, Korea) system,
equipped with a nonmonochromatic AlKα (1486.6 eV) X-
ray source. The specific surface area was calculated accord-
ing to the BET theory that gives the isotherm equation
for multilayer adsorption by generalization of Langmuir’s
treatment of the unimolecular layer. The BET surface areas
were measured using a Belsorp II instrument. The materials
were degassed under vacuum at 120◦C for 1 h before the
BET surface measurements. Then the samples were thermally
treated at 300◦C for 30 min. The BET surface areas of the
materials were measured through nitrogen gas adsorption
using a continuous flow method with a mixture of nitrogen
and helium as the carrier gas. The zeta potentials of the mate-
rials were determined by electrophoretic mobility using an
electrophoresis measurement apparatus (ELS 8000, Otsuka
Electronics, Japan) with a plate sample cell. ELS determi-
nations were performed in the reference beam mode at a
laser light source wavelength of 670 nm, modular frequency
of 250 Hz, and scattering angle of 15◦. The standard error
of the zeta potentials, converted from the experimentally
determined electrophoretic mobility, was typically < 1.5%
and the percent error < 5%. To measure the zeta potentials,
0.1 wt% of each sample was dispersed in deionized water and
the pH of the solution was adjusted to 7. Relative sintered
particle size distributions of the various pH solutions were
also measured by using this equipment. Thermal gravimetric
analysis measurements were collected using a TGA N-1000
(Scinco. Korea) thermal gravimetric analysis (TGA) equip-
ped with a platinum crucible. Samples were heated from
room temperature (∼50◦C) to 900◦C with a heating rate of
5◦C min−1 while the chamber was continuously purged with
O2 gases at a rate of 25 mL/min.

3. Results and Discussion

Figure 1 shows the XRD patterns of the four types as-
synthesized Al2O3 powders according to various pH condi-
tions after solvothermal treatment at 300◦C for 36 h. The
synthesized Al2O3 powder at pH = 4 exhibited peaks at
2 theta angles of 14.51, 28.22, 38.44, 49.18, 49.47, 55.19,
63.93, and 72.03◦ corresponding to the (d020), (d120), (d031),
(d200), (d200), (d220), (d231), and (d251) spaces, respectively,
and they were ascribed to the orthorhombic boehmite
(AlOOH) structure [17]. However, the structures changed
to the boehmite/α-Al2O3 mixture at pH = 7. A significant
result showed at pH = 9 that the XRD peaks assigned to
α-Al2O3 were clearer and sharper without high thermal
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Figure 1: The XRD patterns of the Al2O3 powders as-solvother-
mally synthesized according to pHs.

treatment above 1,000◦C. The synthesized α-Al2O3 particle
exhibited peaks at 2 theta angles of 25.57, 35.14, 37.76,
43.33, 46.16, 52.53, 57.47, 61.27, 66.49, 68.18, and 76.84,
corresponding to the (d012), (d104), (d110), (d113), (d202),
(d024), (d116), (d018), (d214), (d300) and (d1,0,10) spaces,
respectively [18]. It was ascribed to the rhombohedral
structure. Consequently, α-Al2O3 was easily acquired with
the solvothermal process, and it lowered the existing tem-
perature by 500∼900◦C, compared to the sol-gel process.
These results revealed the pH effect on the crystallinity
because of hydrolysis and poly-condensation in solvothermal
treatment. This indicates that the rate of hydrolysis is
governed by the hydronium ion in acidic solutions, so that
the amount of water is small due to rapid formation of
H3O+. On the other hand, the reaction is controlled by the
hydroxyl ions (OH−) when powders are derived at pH =
9. The initial growth leads to a linear chain, but the high
concentration of OH− ions leads to crystallization because
the probability of intermolecular reaction is higher than the
intra-molecular reaction. The most probable metal-oxygen
polymeric network, formed at high pH. The full width at
half maximum (FWHM) height of the peak at 2θ = 35.14◦

(104) was measured, and the Scherrer equation [19], t =
0.9λ/β cos θ, where λ the wavelength of the incident X-rays,
β, the FWHM in radians and θ the diffraction angle, was
used to determine the crystalline domain size. The calculated
crystalline domain size based on a special peak of 35.14◦

(d104) is 39.66 nm for the α-Al2O3 powders synthesized at
pH = 9.

TEM and SEM images of the solvothermally synthesized
Al2O3 particles prepared at various pHs are shown in
Figure 2. This figure revealed that the shapes varied accord-
ing to the pH. At lower pH, the Al2O3 powder was close

to an orthorhombic rectangular shape. However, at neutral
solution, the form was changed to cube/hexagonal mixture
shape. In particular, it was transferred the α-Al2O3 structure
to the perfect hexagonal-shaped at pH = 9, and eventually it
became huge square pillars of 1.5–2.0 μm. However at higher
pH, the shape was seemed to collapse.

The atomic compositions on the surface of the synthe-
sized α-Al2O3 powders were analyzed by EDS and the results
are summarized in Table 1, which revealed the presence of Al
and O as the only elementary components of two samples
with an Al : O atomic ratio of about 6 : 4. In the samples
synthesized in acidic solutions, the measured Al : O ratio
revealed a little higher aluminum content than that in alkali
solution of pH 11 in this study. However, at pH = 9 that rep-
resented α-Al2O3 structure, the oxygen concentration was
higher compared to the other phase’s alumina.

Figure 3 presents the high-resolution spectra obtained
from the quantitative XPS analyses of the as-synthesized
four Al2O3 samples produced at various pHs. The survey
spectra of materials contained Al2p and O1s peaks by XPS
handbook [20]. It is well known that the Al2p3/2 orbital in
α-type Al2O3 has a binding energyof 73.5∼74.2 eV, and this
was assigned to Al3+ in Al2O3 and was almost same in pH 4,
7, 9, and 11, which gave an Al2p3/2 orbital binding energy of
72.85∼73.29 eV. In general, a large binding energy indicates
the presence of more oxidized states. In this study, the Al2p3/2

orbital binding energies were shifted to lower binding energy
compared to the pure α-type Al2O3 represented in XPS
handbook, which were assigned to reduced Al ions in Al2O3.
The O1s region was decomposed into two contributions:
metal–O (∼530.2 eV) in the metal oxide and metal–OH
(531.0 eV). In general, a higher metal–OH peak indicates that
particles are more hydrophilic. However, only a single peak
was seen in all samples induced from pH 4, 7, 9, and 11, at
around 531∼532 eV, which was assigned to Al–O.

The BET surface areas of the materials were measured
by nitrogen gas adsorption using a continuous flow method
with a mixture of nitrogen and helium as the carrier gas.
The pore size distribution is an important characteristic
for porous materials. The relative pressure at which pore
filling takes place by capillary condensation can be calculated
from Kelvin’s equation. By using Kelvin’s equation, the pore
radius in which the capillary condensation occurs actively
can be determined as a function of the relative pressure
(P/P0). The mean pore diameter, Dp, was calculated from
Dp = 4VT/S, where VT is the total volume of pores, and
S the BET surface area. All isotherms belonged to type I–V
according to the IUPAC classification [21]. The adsorption-
desorption isotherms of N2 at 77 K for the four Al2O3

powders, were calculated as shown in Figure 4, and the values
are also summarized in the table. All of Al2O3 samples in
this study showed isotherms belong to III type in the IUPAC
classification [22]. The synthesized Al2O3 samples in this
study did not have any pores and however the BET surface
area and pore volume were decreased in Al2O3 sample
synthesized at pH = 9 to 26.18 m2 g−1 and 0.249 cc/g, respec-
tively, compared to the other Al2O3 samples. We expected
from this result that the α-type Al2O3 derived from pH = 9
has a larger particle size and higher density.
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Figure 2: The TEM and FESEM images of the Al2O3 powders as-solvothermally synthesized according to pHs.
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Figure 4: The adsorption-desorption isotherm curves of N2 at 77 K on the Al2O3 powders as-solvothermally synthesized according to pHs.

Table 1: The atomic compositions analyzed by energy-dispersive X-ray spectroscopy (EDS) study on the Al2O3 powders as-solvothermally
synthesized according to pHs.

Samples elements
pH 4 pH 7 pH 9 pH 11

Weight% Atomic% Weight% Atomic% Weight% Atomic% Weight% Atomic%

O 55.89 68.12 49.37 62.19 45.79 58.76 51.15 63.85

Al 44.11 31.88 50.63 37.81 54.21 41.24 48.85 36.15

Total 100 100 100 100

The zeta potential is an important parameter in colloidal
stability, since it reflects the variation in surface potential
for a specific material. These powders were derived from the
solution route at low temperature; therefore, zeta potential
studies were conducted to understand the surface charge

of these powders. Figure 5 shows the zeta potential data of
an aqueous suspension of synthesized Al2O3 powders. No
electrolyte was added to control the ionic strength of the
solutions. The zeta potentials of all of the Al2O3 suspensions
were significantly decreased with increasing pH. The surface
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pH = 11 −28.31 960.8 −34.99 1414.2 −41.60 2184.9 −38.49 1838.1
∗A: zeta potential (mV) and B: aggregated particle size (nm) in aqueous solution.

Figure 5: The zeta potential data of an aqueous suspension of the Al2O3 powders as-solvothermally synthesized according to pHs.

charges were transferred from positive in acidic solution to
negative in alkali solution. For α-Al2O3 synthesized at pH =
9, the isoelectric point was at pH = 8 with large aggregation,
and it positively charged to a maximum of 61.80 mV at
pH = 3, which indicated that the α-Al2O3 colloidal existed
stably while having a small aggregation. Above this pH, the
positive charge of the α-Al2O3 particle was decreased with
the same trend of mobility, resulting in an average aggregated
diameter of 2,555 nm at pH = 7.

4. Conclusions

This study demonstrated the effect of pH in solvothermal
synthesis to reduce the crystal growth temperature of α-
Al2O3 compared to ordinary methods. Most significantly, the
solvothermal treatment produced rhombohedrally struc-
tured α-Al2O3 with the hexagonal particle range of 1.5∼
2.0 μm at 300◦C with pH = 9 and however the boehmite and
mixed structures were seen at pH = 4, 7, and 11. The sur-
face area was smaller in α-Al2O3 synthesized at pH = 9.
Electrophoretic light scattering (ELS) measurement in aque-
ous solution at pH = 3 revealed positive surface charges in the
α-Al2O3, which indicated that the α-Al2O3 colloidal existed
stably while having a small aggregation.
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Four techniques using high-current pulsed electron beam (HCPEB) were proposed to obtain surface nanostructure of metal
and alloys. The first method involves the distribution of several fine Mg nanoparticles on the top surface of treated samples by
evaporation of pure Mg with low boiling point. The second technique uses superfast heating, melting, and cooling induced by
HCPEB irradiation to refine the primary phase or the second phase in alloys to nanosized uniform distributed phases in the matrix,
such as the quasicrystal phase Mg30Zn60Y10 in the quasicrystal alloy Mg67Zn30Y3. The third technique involves the refinement of
eutectic silicon phase in hypereutectic Al-15Si alloys to fine particles with the size of several nanometers through solid solution and
precipitation refinement. Finally, in the deformation zone induced by HCPEB irradiation, the grain size can be refined to several
hundred nanometers, such as the grain size of the hypereutectic Al-15Si alloys in the deformation zone, which can reach ∼400 nm
after HCPEB treatment for 25 pulses. Therefore, HCPEB technology is an efficient way to obtain surface nanostructure.

1. Introduction

Nanomaterials are typically characterized by ultrafine grains
[1]. They fundamentally possess several unique properties
and behavior such as increased strength/hardness, enhanced
diffusivity, enhanced thermal expansion coefficient, and
superior soft magnetic properties [2] compared with the
conventional coarse-grained materials. With continuous
discovery of the unique properties of nanomaterials in recent
years, various processing techniques have been developed to
synthesize bulk nanomaterials, such as ultrafine powder
consolidation [3], amorphous solid crystallization [4], ball
milling [5], and severe plastic deformation [6].

High-current pulsed electron beam (HCPEB) technique,
as a novel and valid method [7, 8] used for material surface
modification, is long considered to be a very simple, reliable,
and highly efficient method. The electron beam generates
intense and superfast melting, evaporation, solidification,
and even ablation on the surface of target materials together
with the formation of thermal stress and shock waves.
Therefore, the depth of the HCPEB modification zone can
reach several hundred micrometers [9–12], which greatly

satisfies the modification demands for engineering materials.
The combination of these influencing factors, peculiar to
HCPEB treatment, can lead to the nanocrystalline formation
in near-surface layers of metallic materials [13, 14].

Hence, four methods involving HCPEB technology were
proposed to obtain surface nanocrystalline formation in this
paper.

2. Experimental Procedures

2.1. Starting Materials and HCPEB Treatment. The starting
materials in this experiment were pure Mg (99.7 wt%),
Mg67Zn30Y3 quasicrystal alloy (with a chemical composition
of Zn (50.86 wt%), Y (7.02 wt%), and Mg balance), and
hypereutectic Al-15Si alloy (with chemical composition of
Si (15 wt%) and Al balance). Prior to HCPEB treatment,
the samples were cut into Φ10 mm × 9 cm cylinders, with
surfaces that were mechanically polished and washed by
absolute ethyl alcohol. Then, the sample surfaces were
treated through “Nadezhda-2” type HCPEB system, with the
following working parameters: accelerating voltage, 23 kV;
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energy density, 1 J/cm2 to 3 J/cm2; pulse duration, ∼1 μs;
and pulse number, 10 for pure Mg and quasicrystal alloy
Mg67Zn30Y3 and 25 for hypereutectic Al-15Si alloy.

2.2. Microstructural Analysis. The sample surface and cross-
ing section morphologies were analyzed using a field emis-
sion gun scanning electron microscope (SEM) (Jeol JSM
6500 F) with EBSD acquisition camera and Channel 5
software. The beam control mode was applied for automatic
orientation mapping with a step size of 0.04 μm. Thin films
for transmission electron microscopy (TEM) were prepared
by grinding, dimpling, and ion-beam thinning, and the
microstructure characteristics were observed in a transmis-
sion electron microscope (FEI-Tecnai G220).

3. Results and Discussion

The characteristics of the obtained nanostructures according
to the four techniques using HCPEB treatment are discussed
as follows.

3.1. Surface Characteristics of Pure Mg after HCPEB Treat-
ment. Figure 1 illustrates the surface SEM morphology
of HCPEB-treated pure Mg for 10 pulses under energy
density of 3 J/cm2. Several separated bulges are evident, and
numerous fine particles were observed between and on top of
these bulges. The chemical composition of the fine particles
is determined to be pure Mg using EDS analysis, and the size
of the fine particles ranges from several hundred nanometers
to several micrometers. Pure Mg vaporizes on the top surface
of the treated sample. The special morphology formation
can be explained as follows. First, the surface temperature of
the HCPEB-treated Mg reaches boiling point, vaporization
occurs at a given depth determined by the energy density of
HCPEB, and a considerable amount of bubbles form in the
liquid Mg solution. Second, when the bubbles reach the top
surface, the abruption of these bubbles induces shock effect
on the nearby zone and a large number of fine particles will
erupt simultaneously. Finally, these fine erupted particles fall
to the top frozen surface under the effect of gravity, and the
special surface morphology as seen in Figure 1 is formed.

Thus, vaporization behavior induced by HCPEB treating
low-boiling point metal can produce abundant fine particles
with sizes ranging from several hundred nanometers to
several micrometers.

3.2. Microstructure Characteristics of Mg67Zn30Y3 Quasicrystal
Alloy before and after HCPEB Treatment. Figure 2 demon-
strates the surface back-scattered electron (BSE) images of
Mg67Zn30Y3 quasicrystal alloy in the initial state and after
HCPEB treatment for 10 pulses. Figure 2(a) depicts the
initial microstructure characteristics of Mg67Zn30Y3 qua-
sicrystal alloy, consisting of gray matrix phase Mg7Zn3, black
dendrite α-Mg phase, and white petal-shaped quasicrystal
Mg30Zn60Y10 phase [15]. The phase contrast change is
mainly attributed to the different contents of Mg element in
the different phases. Two types of dendrites are both Mg-rich
phases and have few solid solution of Y element. By contrast,

Figure 1: Surface SEM morphology of HCPEB-treated pure Mg
with 10 pulses under energy density of 3 J/cm2.

the white petal-shaped phase consists of the following:
Mg, 37.496%; Zn, 53.022%; and Y, 9.482%. Although a
certain deviation from the quasicrystal Mg30Zn60Y10 phase in
standard ternary Mg-Zn-Y alloy is reported in [13], the phase
should be the quasicrystal Mg30Zn60Y10 from the typical
petal morphology, and the deviation is probably caused by
the EDS test error. Figure 2(b) illustrates the typical surface
morphology of Mg67Zn30Y3 quasicrystal alloy after HCPEB
treatment for 10 pulses. The phase boundaries between
different phases become clear, and the coarse petal phase
disappears. During multiple HCPEB treatments, the top
surface of the treated sample undergoes repeated melting and
solidification. The chemical composition tends to distribute
uniformly as a result of the chemical composition diffusion
during the HCPEB process, forming the special morphology
(Figure 2(b)). However, determining the accurate size of the
quasicrystal Mg30Zn60Y10 phase after 10-pulse treatment by
SEM observation is quite difficult.

Figures 2(c) and 2(d) illustrate the TEM observations of
the quasicrystal phase of the Mg67Zn30Y3 quasicrystal alloy
before and after HCPEB treatment. Figure 2(c) demonstrates
the TEM bright field image of the initial sample and
corresponding SAED pattern (five-fold symmetry). A black
petal-shaped phase is observed under TEM view. Through
the identification of the SAED pattern with five-fold sym-
metry, the petal-shaped phase is considered as quasicrystal
Mg30Zn60Y10 with icosahedral structure of quasiperiodic
structure arrangement. This result further confirms the
observations obtained from SEM. In addition, several fine
branches are formed in the vicinity of the large petal-
shaped quasicrystal phase, known as the two-fold axis of
quasicrystal growth. Figure 2(d) illustrates the TEM bright
field image of a 10-pulse-treated sample and corresponding
SAED pattern (diffraction rings). After HCPEB treatment
for 10 pulses, a considerable amount of nanosized par-
ticles with grain size of approximately 10 nm to 30 nm
is uniformly distributed in surface layer. The interplanar
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Figure 2: SEM and TEM morphology of quasicrystal Mg67Zn30Y3 alloy before and after HCPEB treatment under energy density of
∼2.5 J/cm2 and 10 pulses (SEM morphology of quasicrystal Mg67Zn30Y3 alloy (a) before and (b) after HCPEB treatment, TEM morphology
of quasicrystal phase (c) in initial sample and corresponding SAED pattern, (d) in treated sample and corresponding SAED pattern).

spacing values corresponding to each diffraction ring were
calculated and compared with interplanar spacing (dstan) val-
ues of acknowledged quasicrystal Mg30Zn60Y10. Hence, the
dispersed metastable nanocrystalline phase is identified to
be the quasicrystal phase Mg30Zn60Y10. Thus, a melted layer
containing a large number of nanostructured quasicrystal
phases is obtained by the HCPEB treatment.

Hence, using HCPEB multiple bombardments, the
coarse petal quasicrystal phase Mg30Zn60Y10 can be refined
to dispersed distribution nanostructured quasicrystal phase.

3.3. Microstructure Characteristics of Hypereutectic Al-15Si
Alloy before and after HCPEB Treatment. Figure 3 depicts
the SEM surface morphology of hypereutectic Al-15Si alloy
before and after HCPEB treatment under energy density of
∼3 J/cm2. For the initial sample shown in Figure 3(a), the
Al-Si eutectic structure in as-cast hypereutectic Al-15Si alloy
is clearly observed by SEM. In addition, a small number of
coarse primary Si phases with size of several ten micrometers
are distributed randomly on the surface. For the 25 pulse-
treated sample shown in Figure 3(b), the eutectic structure
disappears completely after HCPEB treatment and numerous
cellular cells (∼100 nm wide) are uniformly distributed

on the top surface. Additionally, a remarkable amount of
Si nanoparticles is precipitated on the boundary of the
nanocellular cell structure. Most of the eutectic Si phase
of initial sample solid dissolves in the α-Al and forms
the supersaturated solid solution. Some of the Si element
precipitate from the supersaturated solid solution during the
rapid solidification. The estimated size of the Si nanoparticles
ranges from 5 nm to 50 nm. Thus, the size of eutectic Si phase
can be refined to 5 ∼ 50 nm after HCPEB treatment.

This process is the third way to obtain nanostructure
by solid solution and precipitation refinement induced by
HCPEB treatment.

3.4. Microstructure Characteristics of Deformation Zone of
HCPEB-Treated Hypereutectic Al-15Si Alloy. A deformation
zone can be found under the melted layer of the HCPEB-
treated sample, but few studies on the grain size distribution
in this zone have been reported. Figure 4(a) illustrates the
SEM morphology image of this deformation zone (distance
from the top surface approximately from 10 μm to 30 μm).
Several fine Si particles are distributed in this zone, and the
initial eutectic Si phases are deduced to be transformed to
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Figure 3: SEM surface morphology of hypereutectic Al-15Si (a) before HCPEB treatment and (b) after 25-pulse treatment under energy
density of ∼3 J/cm2.
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Figure 4: Cross-section morphology of HCPEB-treated hypereutectic Al-15Si alloy heat-affection zone for 25 pulses (a) and corresponding
EBSD orientation map.

these fine particles as a result of microplastic deformation
induced by multiple HCPEB shock wave impacts. From the
corresponding EBSD orientation map (Figure 4(b)), several
large lamellar primary Si phases were subdivided into several
grains under multiple plastic deformations induced by the
shock wave, and some Si phases release coupled stress as seen
in Figure 4(b) and refined to several hundred nm. For the
Al matrix, the grains were transformed from coarse dendrite
crystal to fine equiaxed crystal with size of ∼300 nm (Figure
4(b)). And the preferred orientation for Al phase in this zone
is [111] direction, which is parallel to propagation direction
of shock wave.

To show the grain distribution clearly, Figure 5(a) illus-
trates the EBSD grain map, white lines present the low angel
grain boundary (grain orientation difference between 3◦ and
10◦), and black lines present the high angel grain boundary
(orientation difference over 10◦). Figure 5(b) provides the
corresponding grain size distribution map in this zone with
an orientation difference of over 3◦. Figure 5(a) shows that
numerous low-angel grain boundaries are formed resulting
from severe plastic deformation induced by the HCPEB
shock wave impact. Most of the grains are less than 1 μm in
size, and the average grain size is approximately 460 nm from

statistical result of all the grain sizes in the deformation zone
(Figure 5(b)).

Hence, the grain size in the deformation zone under
melted layer can reach several hundred nanometers after
multiple pulses treatment of HCPEB. This is the fourth way
to obtain a nanostructure by HCPEB treatment.

4. Conclusions

This work investigated the different techniques involving
HCPEB treatment to obtain nanostructure for pure Mg,
quasicrystal Mg alloy Mg67Zn30Y3, and hypereutectic Al-15Si
alloy. The main results are as follows.

(1) A considerable amount of fine particles with sizes
from several hundred nanometers to several microm-
eters are distributed on the top surface of treated
pure Mg sample as a result of vaporization behavior
induced by HCPEB treating.

(2) After 10 pulses of HCPEB treatment for quasicrystal
Mg alloy Mg67Zn30Y3, the phase boundaries between
different phases become more apparent because
of repeated melting and solidification. The surface
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Figure 5: EBSD grain map of HCPEB-treated hypereutectic Al-15Si
alloy heat-affection zone for (a) 25 pulses and (b) corresponding
grain size distribution under grain orientation difference of over 3◦.

chemical composition tends to be homogeneously
distributed. A large number of nano quasicrystal
Mg30Zn60Y10 phases are formed with size of approxi-
mately 10 nm to 30 nm.

(3) After 25 pulses of HCPEB treatment for hypereutectic
Al-15Si alloy, many cellular cells with∼100 nm diam-
eter are uniformly distributed on the top surface.
In addition, a number of Si nanoparticles (5 nm
to 50 nm) are precipitated on the boundary of the
nanocellular cell structure.

(4) After 25 pulses of HCPEB treatment for hypereutectic
Al-15Si alloy, the grain size in the deformation zone
induced by multiple HCPEB shock wave impacts can
reach several hundred nanometers.

Acknowledgments

The authors would like to acknowledge the support from
the Fundamental Research Funds for the Central Universities
(N090602009 and N100402010) and the key projects in the
National Science & Technology Pillar Program during the
eleventh five-year plan period (2009BAE80B01).

References

[1] G. Liu, J. Lu, and K. Lu, “Surface nanocrystallization of 316L
stainless steel induced by ultrasonic shot peening,” Materials
Science and Engineering A, vol. 286, no. 1, pp. 91–95, 2000.

[2] C. Suryanarayana, “Nanocrystalline materials,” International
Materials Reviews, vol. 40, no. 2, pp. 41–64, 1995.

[3] X. Zhang, H. Wang, M. Kassem, J. Narayan, and C. C. Koch,
“Preparation of bulk ultrafine-grained and nanostructured
Zn, Al and their alloys by in situ consolidation of powders
during mechanical attrition,” Scripta Materialia, vol. 46, no.
9, pp. 661–665, 2002.

[4] T. Nagase, M. Nakamura, and Y. Umakoshi, “Electron irradi-
ation induced nano-crystallization in Zr66.7Ni33.3 amorphous
alloy and Zr60Al15Ni25 metallic glass,” Intermetallics, vol. 15,
no. 2, pp. 211–224, 2007.

[5] T. P. Yadav, N. K. Mukhopadhyay, R. S. Tiwari, and O. N.
Srivastava, “Studies on the formation and stability of nano-
crystalline Al50Cu28Fe22 alloy synthesized through high-energy
ball milling,” Materials Science and Engineering A, vol. 393, no.
1-2, pp. 366–373, 2005.

[6] M. N. Ahmadabadi, H. Shirazi, H. Ghasemi-Nanesa, S. H.
Nedjad, B. Poorganji, and T. Furuhara, “Role of severe plastic
deformation on the formation of nanograins and nano-sized
precipitates in Fe-Ni-Mn steel,” Materials and Design, vol. 32,
no. 6, pp. 3526–3531, 2011.

[7] S. Hao, P. Wu, J. Zou, T. Grosdidier, and C. Dong, “Mi-
crostructure evolution occurring in the modified surface of
316L stainless steel under high current pulsed electron beam
treatment,” Applied Surface Science, vol. 253, no. 12, pp. 5349–
5354, 2007.

[8] T. Grosdidier, J. X. Zou, N. Stein, C. Boulanger, S. Z. Hao,
and C. Dong, “Texture modification, grain refinement and
improved hardness/corrosion balance of a FeAl alloy by pulsed
electron beam surface treatment in the “heating mode”,”
Scripta Materialia, vol. 58, no. 12, pp. 1058–1061, 2008.

[9] J. X. Zou, K. M. Zhang, S. Z. Hao, C. Dong, and T. Grosdidier,
“Mechanisms of hardening, wear and corrosion improvement
of 316 L stainless steel by low energy high current pulsed
electron beam surface treatment,” Thin Solid Films, vol. 519,
no. 4, pp. 1404–1415, 2010.

[10] Y. Qin, C. Dong, Z. F. Song et al., “Deep modification of
materials by thermal stress wave generated by irradiation of
high-current pulsed electron beams,” Journal of Vacuum
Science & Technology A, vol. 23, pp. 430–435, 2009.

[11] J. X. Zou, T. Grosdidier, K. M. Zhang, B. Gao, S. Z. Hao, and C.
Dong, “Microstructures and phase formations in the surface
layer of an AISI D2 steel treated with pulsed electron beam,”
Journal of Alloys and Compounds, vol. 434-435, pp. 707–709,
2007.

[12] J. Zou, T. Grosdidier, K. Zhang, and C. Dong, “Mechanisms of
nanostructure and metastable phase formations in the surface
melted layers of a HCPEB-treated D2 steel,” Acta Materialia,
vol. 54, no. 20, pp. 5409–5419, 2006.

[13] Q. F. Guan, H. Zou, G. T. Zou et al., “Surface nanostructure
and amorphous state of a low carbon steel induced by high-
current pulsed electron beam,” Surface and Coatings Technol-
ogy, vol. 196, no. 1–3, pp. 145–149, 2005.

[14] Y. Hao, B. Gao, G. F. Tu, S. W. Li, C. Dong, and Z. G. Zhang,
“Improved wear resistance of Al-15Si alloy with a high current
pulsed electron beam treatment,” Nuclear Instruments and
Methods in Physics Research B, vol. 269, no. 13, pp. 1499–1505,
2011.

[15] A. P. Tsai, A. Inoue, and T. Masumoto, “Stoichiometric icos-
ahedral phase in the ZnMgY system,” Journal of Materials
Research, vol. 12, pp. 1468–1471, 1997.



Hindawi Publishing Corporation
Journal of Nanomaterials
Volume 2012, Article ID 592147, 8 pages
doi:10.1155/2012/592147

Research Article

Preparation and Hydrogen Storage Properties of Mg-Rich Mg-Ni
Ultrafine Particles

Jianxin Zou,1, 2 Haiquan Sun,1 Xiaoqin Zeng,1, 2 Gang Ji,3 and Wenjiang Ding1, 2

1 Shanghai Engineering Research Center of Magnesium Materials and Applications and National Engineering Research Center of
Light Alloy Net Forming, Shanghai Jiao Tong University, Shanghai 200240, China

2 State Key Laboratory of Metal Matrix Composites, School of Materials Science and Engineering, Shanghai Jiao Tong University,
Shanghai 200240, China
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In the present work, Mg-rich Mg-Ni ultrafine powders were prepared through an arc plasma method. The phase components,
microstructure, and hydrogen storage properties of the powders were carefully investigated. It is found that Mg2Ni and MgNi2

could be obtained directly from the vapor state reactions between Mg and Ni, depending on the local vapor content in the reaction
chamber. A nanostructured MgH2 + Mg2NiH4 hydrogen storage composite could be generated after hydrogenation of the Mg-
Ni ultrafine powders. After dehydrogenation, MgH2 and Mg2NiH4 decomposed into nanograined Mg and Mg2Ni, respectively.
Thermogravimetry/differential scanning calorimetry (TG/DSC) analyses showed that Mg2NiH4 phase may play a catalytic role in
the dehydriding process of the hydrogenated Mg ultrafine particles.

1. Introduction

Mg-based alloys and composites are believed to be promising
candidates as hydrogen storage carriers due to their high
hydrogen storage capacity (7.6 wt% for MgH2 and 3.6 wt%
for Mg2NiH4), great abundance, and low cost [1]. However,
the sluggish hydrogen sorption kinetics and high operating
temperature of Mg (>573 K) limit its practical applications.
Different methods, such as alloying, catalyst addition, and
nanocrystallization, have been used to improve the hydro-
gen thermodynamics and sorption kinetics of Mg [2–4].
Consequently, various Mg-based alloys, composites, and
compounds have been developed with superior hydrogen
sorption kinetics over pure Mg. Among those Mg-based
materials, Mg2Ni intermetallic compound is well known
to form Mg2NiH4 hydride with high reaction rate, which
has a hydrogen storage capacity of 3.6 wt% [1]. However,
it is difficult to obtain Mg alloys with accurately desirable
compositions by conventional melt-cast methods due to
following reasons: (1) Mg has low melting point (923 K) and
high vapor pressure (133 Pa at 878 K); (2) Mg is quite active

in the presence of oxygen. Especially in the case of Mg-Ni
binary system, casting is quite difficult because of the large
difference in melting point between Ni (1728 K) and Mg
(923 K). Furthermore, based on the binary phase diagram
[5, 6], single phase Mg2Ni cannot be simply obtained by
casting as a phase separation occurs during solidification.

Mechanical alloying (MA) method has been widely used
to produce nanostructured alloys or composites, especially
to produce amorphous and nanocrystalline Mg2Ni alloys.
However, it usually takes a long time to prepare alloys
by the MA method, the sample can be contaminated
during the milling process, oxidation occurs even in a
protective atmosphere [7]. Moreover, it is difficult to obtain
a homogenous sample by the MA method [8]. It is known
that nano- or ultrafine particles have a lowered melting point
because of the small size and large specific surface area of the
particles, which implies a possibility of preparing the Mg2Ni
compound by using magnesium and nickel nanoparticles.
Lio et al. synthesized Mg2Ni intermetallic nanoparticles by
a two-step method [9]. First, Mg and Ni nanoparticles
were prepared by hydrogen plasma-metal reaction. Second,
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Figure 1: Schematic illustration of the DC arc plasma evaporation
equipment.

the mixture of Mg and Ni nanoparticles in a 2 : 1 molar
ratio was compressed into a pellet and was heated up to
623 K under a hydrogen pressure of about 40 bar to react
with hydrogen. It is established that at 553 K and 3 MPa
hydrogen pressure, Mg2NiH4 can be generated, and Mg2Ni
intermetallic phase was obtained with high productivity
after hydrogen desorption. The obtained Mg2Ni compound
has excellent hydrogen storage properties and can absorb
hydrogen to its maximum capacity in the first cycle at a
high speed without any activation. Its excellent performance
is due to the ultrafine particle size, large surface area, and
internal defects.

In this paper, we have attempted the direct preparation
of Mg-Ni composite ultrafine particles through vapor state
reactions by using a DC arc plasma method. This process is
similar to the in-flight plasma processes, which injected the
metal powders into the plasma flame leaving the gasification.
In this process, the metal vapor cooled down rapidly
after leaving the plasma flame, reached saturation, then
condensed and formed nano- or ultrafine powders [10].

2. Experimental

2.1. Sample Preparation. The Mg-Ni ultrafine powders
were prepared using an arc plasma evaporation apparatus.
Figure 1 shows a schematic illustration of the experimental
equipment. It mainly consists of a reaction chamber and
a collection room. Mg-Ni ultrafine particles were prepared
by arc evaporation of the mixture of magnesium and nickel
powders. Commercially available Mg and Ni powders with
99.9 wt% in purity and 100 μm in particle size were delicately
mixed in a molar ratio of 1 : 2. The mixed powders were
then compressed at room temperature to form cylinders
with 10 mm in diameter and 7 mm in height by an uniaxial
compressor under a pressure of 25 MPa. These cylinders, as
anode materials, were put into the reaction chamber filled
with mixed 0.75 atm Ar + 0.05 atm H2 gas after the chamber

was evacuated to 5 × 10−2 Pa. The DC current is set at 140 A
during arc evaporation. Before the Mg-Ni ultrafine particles
were taken out from the reaction chamber, they were slowly
passivated with a mixture of argon and air to prevent the
particles from burning in air.

2.2. Characterization. The phase identification of the Mg-
Ni nanoparticles before and after hydrogen absorption was
carried out by X-ray diffraction (XRD) using a D/max
2550VL/PCX apparatus equipped with Cu-Kα radiation
source. The morphology and microstructure of the powders
were observed by using a JEM-2100 transmission electron
microscope (TEM), operated at 200 kV. The composition
of the Mg-Ni powders was analyzed by inductive coupled
plasma emission spectrometer (ICP). A conventional Sieviet-
type pressure-composition-temperature (P-C-T) apparatus,
which means measuring hydrogen content versus pressure by
recording the change of gas pressure in a constant volume,
was used to test the hydrogen sorption properties of the Mg-
Ni ultrafine powders. The testing temperatures were set at
400◦C, 375◦C, 350◦C and 325◦C. The hydrogen desorption
property of the prepared powders was analyzed by thermo-
gravimetry/differential scanning calorimetry spectroscopy
(TG/DSC) technique.

3. Results and Discussions

3.1. XRD Analysis. Figures 2(a), 2(b), and 2(c) show the
XRD patterns of the as- prepared Mg-Ni ultrafine particles,
the samples obtained after the hydrogen absorption and after
desorption, respectively. From Figure 2(a), it is seen that the
main phases of the Mg-Ni ultrafine particles prepared by DC
arc plasma are Mg and Ni, with a small amount of MgO.
Besides, the presence of Mg2Ni and MgNi2 phases is also
detected. The peaks corresponding to MgNi2 phase are fairly
weak, indicating that the volume content of Mg2Ni in the
powders is very low. The MgO phase was formed when the
Mg-Ni nanoparticles were passivated in the mixture of argon
and air. The MgO layer at the surface of the magnesium
particles can effectively prevent the further oxidation or
even burning of the Mg particles when exposed to air. The
existence of Mg2Ni and MgNi2 shows that the following
reactions have occurred during the arc plasma evaporation:

2Mg + Ni −→ Mg2Ni (1)

Mg + 2Ni −→ MgNi2 (2)

These reactions occurred in vapor state depending on the
local vapor concentrations of Mg and Ni. Indeed, Mg has
much higher vapor pressure than Ni at the same temperature,
resulting in the generation of a vapor rich in Mg during
arc evaporation. ICP analysis shows that the average Mg
and Ni content in the Mg-Ni ultrafine powders is 7 : 1
in molar ratio, much higher than the ratio 1 : 2 in the
original mixture. However, the local vapor content may
not be homogeneous during arc evaporation of the Mg-
Ni mixture. Ni concentration might be higher than Mg in
local regions inside the plasma. As a result, both reaction (1)
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Figure 2: X-ray diffraction patterns of Mg-Ni ultrafine-particles (a), Mg-Ni ultrafine particles after hydrogen absorption at 400◦C, 4 MPa,
(b), and Mg-Ni ultrafine particles after hydrogen desorption (c).

and reaction (2) could occur in the mixed vapor, leading to
the formation of Mg2Ni and MgNi2 phases. As the vapor is
highly rich in Mg, reaction (1) should be more important
than reaction (2). As a result, the amount of Mg2Ni should
be higher than the amount of MgNi2. The fact that the
majority phases in the Mg-Ni ultrafine powders are pure
Mg and Ni indicates that most of Mg and Ni vapors do
not react with each other during evaporation. It has been
established that the evaporation rate of metals plays a major
role for the generation of the metal particles. According
to the Ohno’s model, the vapor generation rate of a metal
through hydrogen plasma reaction method is proximately
proportional to its reaction parameter, Rp, which can be
expressed by the following equation:

Rp =
(
−ΔHr

Ls

)[
NH2(T)

NH2(273)

]
, (3)

where Hr is the reaction enthalpy between metal and
hydrogen, Ls is the heat of vaporization of the metal at the
temperature T , and NH2 (T) and NH2 (273) are densities of
the hydrogen molecules in the metal at temperature T and
273 K. By inputting parameters for Mg and Ni into (3), it is
estimated that Rp = 1 for Mg and Rp = 0.17 for Ni. The
large difference in Rp values indicates that the evaporation
rate for Ni is much lower than that for Mg. This is
consistent with the ICP result for which the Ni content in the
composite is lower than that in the mixed powders before arc
evaporation.

From the XRD pattern in Figure 2(b), it can be seen
that most of the Mg-Ni powders have transformed into
MgH2 and Mg2NiH4 hydrides after the hydrogen absorption
at 400◦C and 4 MPa. The mechanism for the formation
of Mg2NiH4 hydride is thought to be the reaction (4)
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followed by reaction (5) occurred during the isothermal
period:

Mg + H2 −→ MgH2 (4)

2MgH2 + Ni −→ Mg2NiH4 (5)

As the atomic ratio of Mg : Ni is 7 : 1 in the Mg-Ni ultrafine
powders, the reactions (4) and (5) can be combined together
into reaction (6). That is, when Mg-Ni ultrafine powders
are completely hydrogenated, the molar ratio of MgH2 to
Mg2NiH4 should be around 5 : 1:

Mg7Ni + 7H2 −→ 5MgH2 + Mg2NiH4 (6)

There is still a small amount of Mg phase observed
in the sample after hydrogenation at 400◦C, as seen in
Figure 2(b). This is due to the fact that some relatively
large Mg particles cannot be completely hydrogenated. It is
observed from Figure 2(c) that after hydrogen desorption,
MgH2 decomposes completely and transforms into Mg, and
Mg2NiH4 transforms into Mg2Ni compound, as described by
the following reaction:

Mg2NiH4 −→ Mg2Ni + 2H2 (7)

This principle of the reactions (4), (5), and (7) is used to
prepare Mg2Ni compound by Shao et al. [12, 13]. Comparing
Figures 2(a) and 2(b), it is worth noting that the diffraction
peaks of MgNi2 disappeared after hydrogen absorption. It
is believed that MgNi2 should react with MgH2 to form
Mg2NiH4 in the presence of high temperature and hydrogen
atmosphere, as described by the following reaction:

3MgH2 + MgNi2 + H2 −→ 2Mg2NiH4 (8)

3.2. TEM Observations of the Mg-Ni Ultrafine Particles.
Figures 3(a), 3(b), and 3(c) show typical bright field TEM
micrographs of Mg-Ni composite powders before hydrogen
absorption, the samples obtained after hydrogen absorption
and after hydrogen desorption, respectively, with corre-
sponding selected area electron diffraction (SAED) patterns.
From Figure 3(a), it is observed that most of the particles
have quasispherical shape with the particle size ranges from
50 to 600 nm. The corresponding SAED pattern consists of
rings and overlapped dispersed spots. The rings are identified
to be Mg and MgO phases. However, the spots are not
indexed and could correspond to the Ni, Mg2Ni, and MgNi2

phases based on the result of XRD analysis (Figure 2(a)).
Normally, Mg can be directly evaporated into gaseous atoms
before melting in the high temperature plasma. This is due
to the low melting point and small latent heat of evaporation
for Mg. The fast vapor generation rate of the Mg results in
the formation of relatively large particles [14]. After hydro-
genation at 400◦C in 4 MPa hydrogen atmosphere, MgH2

and Mg2NiH4 phases formed in the composite. The typical
morphology of these hydrides is shown in Figure 3(b).
The particles became transparent having size in the range
between 50 and 200 nm, smaller than the Mg particles

shown in Figure 3(a). In the corresponding SAED pattern,
diffracted rings belonging to MgH2, Mg2NiH4, MgO, and
Mg phases can be detected. It is found from Figure 3(c)
that after 4 hydrogen absorption and desorption cycles,
those large Mg particles have been cracked and broken into
smaller particles. The corresponding SAED pattern is mainly
composed of well-defined rings belonging to pure Mg.
Besides this, MgO and Mg2Ni are also identified. Compared
with that of the as-prepared particles obtained using the
same SAED aperture (Figure 3(a)), it indicates the grain
refinement of Mg particles after hydrogen sorption cycles.
The grain refinement of Mg particles is expected to benefit
from the hydrogen storage properties owing to the increased
surface areas and reduced diffusion length for hydrogen. As
a consequence of the reduction in particle size, fresh surface
was generated during the hydriding/dehydriding cycles. The
presence of new surfaces makes the Mg particles easier to
be oxidized. As a result, the amount of MgO increases
after hydrogen sorption cycles, as can be observed from
the comparison between diffraction peaks of MgO phase in
Figures 2(c) and 2(a).

3.3. Hydrogen Storage Properties. Figure 4 shows the P-C-T
curves of the hydrogen absorption-desorption processes for
the Mg-Ni ultrafine particles at 400◦C, 375◦C, 350◦C, and
325◦C. The data obtained from the P-C-T measurements
are summarized in Table 1. Two plateaus of absorption and
desorption are clearly visible on each profile. According to
the XRD results given above, two types of hydrides, MgH2

and Mg2NiH4, formed after hydrogenation. Therefore, the
two plateaus of the absorption and desorption are attributed
to the formation and decomposition of MgH2 and Mg2NiH4.
According to previous investigations on the Mg-rich Mg-Ni
composite materials, the low plateaus are due to hydriding
and dehydriding of Mg, while the high plateaus are the
results of hydriding and dehydriding of Mg2Ni [15, 16]. The
maximum hydrogen absorption capacities at 400, 375, 350,
and 325◦C are 3.16, 3.05, 2.97, and 2.96 wt%, respectively,
which are even lower than the theoretical value of 3.6 wt%
for Mg2Ni. This is due to the existence of MgO, the residual
Mg and Ni in the hydrided Mg-Ni composite, as shown in
Figure 2(b). Indeed, some large magnesium particles cannot
be completely hydrogenated. From these PCT data, the van’t
Hoff plots (lnP versus 1000/T) for the Mg-Ni composite
are drawn in Figure 5. According to the linear fitting lines
from the experimental data, the van’t Hoff equations for
the hydrogenation are ln(Plow) = −10/T + 15.16 for Mg
and ln(Phigh) = −7.77/T + 12.27 for Mg2Ni. The van’t Hoff
equations for the dehydrogenation are ln(Plow) = −9.31/T +
13.84 for Mg and ln(Phigh) = −7.96/T + 12.23 for Mg2Ni.
Therefore, the obtained values of the hydride formation
enthalpies (ΔHab) are−83.1 kJ/mol for Mg and−64.6 kJ/mol
for Mg2Ni, while the dehydrogenation enthalpies (ΔHde) are
77.4 kJ/mol for Mg and 66.2 kJ/mol for Mg2Ni. These hydro-
genation and dehydrogenation enthalpies of Mg and Mg2Ni
phases agree well with the values reported in the literature,
for example, about −66.3 kJ/mol H2 for hydrogenation of
Mg2Ni [10, 17] and −74.5 kJ/mol H2 for hydrogenation of
Mg [18].



Journal of Nanomaterials 5

MgO (200)
Mg (103)
Mg (104)

(a)

MgH2 (501)
MgH2 (103)
MgH2 (330)
MgH2 (202)
Mg (103)
MgO (200)
Mg2NiH4 (420)

(b)

(c)

Figure 3: Bright field TEM micrographs of Mg-Ni nanoparticles before hydrogen absorption with SAED patterns inset (a), after hydrogen
absorption with SAED patterns inset (b), and after hydrogen desorption with SAED patterns inset (c).

Table 1: The data of P-C-T tests.

Temperature/◦C
Maximum H2

absorption/wt%
Low plateau of

absorption/MPa
Low plateau of

desorption/MPa
High plateau of
absorption/MPa

High plateau of
desorption/MPa

325 2.96 0.195 0.173 0.464 0.338
350 2.97 0.433 0.329 0.840 0.570
375 3.05 0.792 0.645 1.347 0.995
400 3.16 1.259 0.946 1.974 1.457
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Figure 4: P-C-T curves of Mg-Ni ultrafine particles measured at
400◦C, 375◦C, 350◦C and 325◦C.

Figure 6 shows the TG/DSC curves of the hydrided Mg-
Ni composite obtained in 4 MPa hydrogen atmosphere at
400◦C. It is observed that three endothermic peaks appeared
on the DSC curve measured from room temperature to
500◦C. The small peak in the temperature range between
235◦C and 250◦C comes from the phase transformation
of Mg2NiH4 from its low temperature form to its high
temperature form [19]. While in the same temperature
range, TG curve does not show any mass loss. Two strong
endothermic peaks in the high temperature range between
365◦C and 425◦C are observed on the DSC curve together
with a mass loss of 3.3 wt%. They result from the dehydriding
of Mg2NiH4 and MgH2. In order to understand the dehy-
driding processes of the hydrogenated Mg-Ni composite, a
partially hydrogenated sample is prepared and studied by
using DSC technique. The sample is hydrogenated at 350◦C
with 0.89 wt% of hydrogen absorption. Figure 7 shows the
XRD pattern of the partially hydrogenated composite. From
Figure 7, one can see that both MgH2 and Mg2NiH4 phases
exist after absorbing 0.89 wt% of hydrogen. The intensity of
peaks from MgH2 is relative higher than that of the Mg2NiH4

phase, indicating that the main product in this partially
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Figure 6: TG/DSC curves of the hydrogenated Mg-Ni composite samples (a) after absorbing hydrogen in 4 MPa hydrogen atmosphere at
400◦C and (b) after absorbing 0.89 wt% of hydrogen at 350◦C.

hydrogenated sample is MgH2. Therefore, the hydrogenation
enthalpy calculated from the lower plateaus on the P-C-T
curves actually comes from the formation of both MgH2

(majority) and Mg2NiH4 (minority) phases. Figure 6(b)
shows the TG/DSC curves of the partially hydrided Mg-Ni
composite. In Figure 6(b), two peaks are visible. A very weak
endothermic peak appeared at 240◦C, which corresponds to
the phase transformation of Mg2NiH4. The other endother-
mic peak, with the onset point at 390◦C and the peak point
located at 420◦C, must come from the dehydriding of MgH2.
Therefore, the endothermic peak located at 370◦C observed
in Figure 6(a) is confirmed from the dehydriding reaction
of Mg2NiH4 → Mg2Ni + 2H2 while that of 395◦C is from
the dehydriding reaction of MgH2 → Mg + H2. It is worth
noting here that the dehydriding temperature of MgH2 in the

fully hydrogenated powders is slightly lower than the partially
hydrogenated powders. Also, the measured dehydrogenation
enthalpy for MgH2 (83.1 kJ/mol H2) is slightly higher than its
formation enthalpy (77.4 kJ/mol H2). XRD analysis showed
that the difference between the partially hydrogenated Mg-Ni
powders and fully hydrogenated powders lies in the amount
of Mg2NiH4 phase. Therefore, the Mg2NiH4 phase may play a
role for the dehydriding of MgH2 in the hydrogenated Mg-Ni
composite powders. During dehydriding process, Mg2NiH4

decomposes prior to the MgH2. The decomposition of
Mg2NiH4 into nanostructured Mg2Ni may act as “hydrogen
channels” for the decomposition of MgH2. Similar phenom-
ena were also observed in Mg-Nb2O5 system for which the
Nb2O5 act as hydrogen channels for hydrogen sorption of Mg
[20, 21].
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4. Conclusions

Mg-rich Mg-Ni ultrafine powders were prepared through a
DC arc plasma method. The results showed that Mg2Ni and
MgNi2 phases could be obtained directly from the vapor state
reactions between Mg and Ni vapors, depending on the local
vapor content in the reaction chamber. After hydrogenation,
a nanostructured MgH2+Mg2NiH4 hydrogen storage com-
posite could be generated from the Mg-Ni ultrafine powders.
After dehydrogenation, MgH2 and Mg2NiH4 decomposed
into nanograined Mg and Mg2Ni, respectively. The hydro-
genation enthalpy and dehydrogenation temperature of
MgH2 in the composite are significantly reduced. TG/DSC
and XRD analyses on the fully hydrogenated sample and
partially hydrogenated sample showed that Mg2NiH4 phase
may play a catalytic role in the dehydriding process of the
hydrogenated Mg ultrafine particles.
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