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Energetic ion beams are employed for the synthesis, modifi-
cation, and analysis of advanced, technologically important
materials, and many novel applications have emerged over
the past several decades. The evolution of the field over this
period is recorded in a broad range of conferences that are
dedicated to particular aspects of ion-beam modification
or analysis of materials, including international conferences
on ion beam modification of materials (IBMM), ion beam
analysis (IBA), surface modification of materials by ion
beams (SMMIB), and so forth. This special issue aims to
present some of the latest results in the field.

The special issue contains five review papers covering
areas of particular current significance, and nine topical re-
search papers. The review paper by J. C. McCallum et al. pre-
sents an overview of single-ion implantation for determin-
istic doping of semiconductors, with a particular focus on
quantum computing and communication. The paper by L.
Thome et al. summarizes the current understanding of radi-
ation effects in nuclear ceramics, a topic of direct relevance
to the immobilization of radioactive waste and the choice
of structural materials for fusion reactors. The paper by
K. Grandfield and H. Engqvist reviews the application of
focused ion beams (FIBs) in life science, reporting the ad-
vances and challenges of FIB techniques in the life sciences,
including TEM preparation techniques. The paper by S. P.
Dash et al. is dealing with interface and interdiffusion effects

in Co/Si systems using a special high-resolution Rutherford
backscattering spectrometer (HRBS). The authors also de-
monstrate that the Co/Si interdiffusion can be stopped
using a thin MgO diffusion barrier layer. The paper by K.
Zakrzewska summarizes the properties and defect structure
of nonstoichiometric TiO2 thin films using different ion
beam methods.

The topical research papers serve to highlight the diver-
sity and flexibility of ion beam modification and analysis
techniques and cover a broad range of material systems and
analytical approaches.

The paper of J. Arunkumar et al. addresses the analysis of
minor alloying elements in structural reactor materials. The
contribution from Z. Li et al. presents the different irradi-
ation properties of nuclear graphite materials with respect
to porosity, pore size, and morphology before and after
irradiation.

The contribution from Drogowska et al. studies the ef-
fect and distribution of hydrogen in Ti/Si, Ti/TiO2/Si,
and Pd/Ti/TiO2/Si thin-film systems verifying the higher H
in-diffusion for systems with Pd top layer. The contribution
from H. A. Shukur et al. addresses the morphology, struc-
ture, and optical characteristics of irradiated TiO2 films,
demonstrating improved photocatalytic activity of TiO2 after
N+ irradiation due to the replacement of O atoms by N
atoms.
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The paper from L. Meissner et al. reports the biocom-
patibility of NiTi specimens after high-dose Si, Ti, and Zr
implantation revealing the nontoxicity of these materials and
associated mesenchymal stem cells (MCS) proliferation.

There are two articles that deal with implantation effects.
The first one from K. Baba et al. addresses the doping
effects of silver on the structure and properties of diamond-
like carbon (DLC), demonstrating improved tribological
properties after silver implantation. The second one from R.
Machaka et al. presents a systematic study on implantation
effects on the mechanical and structural properties in the
near-surface region of boron suboxide (B6O).

Other two papers of this special issue are concerned with
technique development and improvement. The first one
from J. A. Whitby et al. combines a special time-of-flight
secondary ion mass spectrometer (SIMS) with focused ion
beam (FIB) and scanning electron microscopy (SEM) to
provide information about the roughness of surfaces, and to
provide three-dimensional chemical images with a resolution
below 50 nm. The contribution from V. Haeublein et al. ad-
dresses the issue of ion beam transport and its effect on beam
purity and sample contamination using a newly developed
simulation tool for modelling the transport mechanisms of
ions in the magnet analyser.
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David D. Cohen
Robert G. Elliman
Wolfgang Ensinger

Joseph Gyulai
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Results on a systematic study on the effects of ion implantation on the near-surface mechanical and structural properties of boron
suboxide (B6O) prepared by uniaxial hot pressing are reviewed. 150 keV fluorine ions at fluences of up to 5.0 × 1016 ions/cm2

were implanted into the ultrahard ceramic material at room temperature and characterized using Raman spectroscopy, atomic
force microscopy, and scanning electron microscopy with energy-dispersive X-ray spectroscopy. Evidence of ion-beam-assisted
nucleation of novel clustered BxOyFz particles by ion implantation is revealed. In addition, obtained results also reveal that fluorine
implantation into the B6O specimen leads to an overall degradation of near-surface mechanical properties with increasing fluorine
fluence. Implications of these observations in the creation of amorphous near-surface layers by high-dose ion implantation are
discussed in this paper.

1. Introduction

Energetic ions have been of interest to researchers for
their capability of (i) characterization of materials, (ii)
modification of materials, and more recently (iii) synthesis
of new materials. Of particular interest is the possibility of
ion beams to circumvent thermodynamic limits related to
conventional methods such as diffusion, solubility, deposi-
tion, and alloy formation by providing high kinetic energy
through ion impact and utilizing ballistic effects during ion-
solid interaction [1–4]. Moreover, ion implantation allows
the precise control of the ion energy, ion fluence, dopant
distribution as well as a choice of the ion species. As

a result the surface modification conditions can also be
influenced with a great deal of reproducibility and control
for specific needs, that is, either synthesis, modification, or
characterization of materials.

The increasing fascination with low-dimensional mate-
rial structures is mainly motivated by the search for new
materials with tunable novel properties of evident techno-
logical relevance. It is therefore not surprising that nanos-
tructured materials are gaining growing importance due to
their unique properties that are intermediate between those
corresponding to the bulk solids and molecules. In recent
years many groups have reported on the ion-beam-assisted
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synthesis of novel nanostructured materials by ion implanta-
tion [3, 5–7]. In addition, unique and sometimes superior
mechanical [1, 8], structural [2, 9–11], optoelectronic [7,
12], corrosion, and tribomechanical surface properties [2,
13] of the ion-implanted materials have also been reported.

Boron suboxide, B6O, is an superhard boron-rich
ceramic material. It exhibits a rather unusual and wide range
of superior properties; among these are high hardness with
low density, high mechanical strength, oxidation resistance
up to high temperatures as well as its chemical inertness
[14–18]. The potential applications of B6O as ideal wear-
reduction coatings for high-speed cutting tools, abrasives,
or other high-wear applications, for example, have been an
object of intense interest in recent years [19, 20]. How-
ever, despite the intensive research efforts, the commercial
applications are yet to be realized. This is partly because
of the low fracture toughness of hot-pressed materials [17,
18] and the considerable practical challenges associated
with the densifying stoichiometric B6O material with good
crystallinity [17, 18]. Furthermore, numerous mechanical
properties of the material were until recently rather poorly
understood [14, 21].

Preliminary first-principle ab initio density functional
calculations of the structural properties of boron suboxide
(nominally B6O) by Lowther suggest that the strength of the
bonding in B6O (and other boron-rich superhard materials
such as B4C and AlMgB14) may be enhanced by the presence
of a high electronegativity interstitial in the structure [22].
The computational calculations confirm the shortening of
covalent bonds which is believed to favour higher elastic con-
stants and hardness values. By introducing energetic fluorine
ions into B6O using ion implantation—a nonequilibrium
technique of choice for introducing “controlled” defects into
the near-surface layers [4, 23]. To the best of our knowledge,
no work has been reported on effect of ion implantation
on the near-surface mechanical and structural properties of
B6O.

In our work, the radiation effects of the ceramic material
under heavy ion irradiation have been studied to develop
an understanding of the radiation resistance evolution
with respect to the material properties. We apply nanoin-
dentation, Raman spectroscopy, atomic force microscopy
(AFM), and scanning electron microscopy (SEM) with
energy-dispersive X-ray spectroscopy (EDX) to demonstrate
the synthesis of BxOyFz clustered particles using 150 keV
fluorine ion implantation into B6O. This paper reviews
results obtained in the study.

2. Experimental Methods

B6O powder synthesized at the Fraunhofer Institute for
Ceramic Technologies and Systems, Dresden, Germany, by
reacting B and B2O3 as detailed by Andrews et al. in [18]
was prepared and uniaxially hot-pressed in hBN pots under
argon environment at 1800◦C and 50 MPa for 20 min at the
School of Chemical and Metallurgical Engineering, Univer-
sity of the Witwatersrand, Johannesburg, South Africa. The
hot-pressed compacts were then prepared using a method

Table 1: The nomenclature of the unimplanted and implanted
samples.

Sample no. Ion species
Energy Fluence

keV F+/cm2

A — — —

B F+ 150 1.0× 1014

C F+ 150 5.0× 1014

D F+ 150 5.0× 1015

E F+ 150 1.0× 1016

F F+ 150 3.0× 1016

G F+ 150 5.0× 1016

prescribed by Machaka et al. in [21]. The density of the hot-
pressed compacts measured 2.44 g/cm3.

150 keV fluorine ions were implanted into hot-pressed
B6O specimen at fluences between 1.0 × 1014 to 5.0 ×
1016 ions/cm2 at room temperature. A modified Varian-
Extrion 200-20A2F model ion implanter at iThemba LABS
(Gauteng), Johannesburg was used. The nomenclature of
the unimplanted and implanted samples is tabulated in
Table 1. The depth distribution of the radiation damage and
implanted ion profile were estimated using SRIM2010 [24],
a suite of Monte Carlo computational codes popular for
the simulation of the interactions of energetic ions with the
target material.

The specimen’s surface microstructure and composition
were characterized by SEM and EDX, respectively. The
specimen surface topography was characterized using AFM.
Gwyddion v2.24 [25], a modular multiplatform software for
profilometric data analysis, was used to analyze AFM images.
The powder diffraction patterns were collected using a Cu
Kα source in the Bragg-Brentano backscattering geometry
over a 10◦–90◦ 2θ range, with a 0.02◦ step size. Raman
measurements performed at the CSIR’s National Centre
for nanostructured materials nanomaterial characterization
facility under ambient conditions using a 514.5 nm Ar+ ion
excitation were used to characterize the ion beam induced
structural modifications whilst the mechanical properties of
the unimplanted and implanted samples were determined
using nanoindentation at Nelson Mandela Metropolitan
University, Port Elizabeth. Details of the experimental pro-
cedures of the Raman spectroscopy and the nanoindentation
measurements are also reported elsewhere [14, 26].

3. Results and Discussions

3.1. Structural Characterization

3.1.1. Implant Depth Profile. The distribution of the im-
planted fluorine ions estimated using SRIM2010 can be
described as a near-Gaussian shape function characterized
with a projected range of about 450 nm and an estimated
range straggling of about 60 nm. However, in practice we
are aware that the SRIM estimation does not take into
account the possible surface sputtering, dynamic annealing,
and diffusion processes taking place during ion implantation.
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Figure 1: It shows the SEM surface micrograph (a) and the
EDX surface compositional analysis (b) of the hot-pressed B6O
specimen. Iron contamination (bright spots on SEM micrograph)
is responsible for EDX elemental peaks observed.

3.1.2. SEM and EDX Analysis. The surface morphology and
compositional analysis of unimplanted B6O specimen as
determined by SEM and EDX are shown in Figures 1(a) and
1(b), respectively. By and large, the SEM micrograph shows
a homogeneous B6O microstructure with visible pores on
the specimen surface as a direct result of some considerable
practical challenges in the densification of B6O by hot
pressing [15–17].

The analysis of the surface composition by EDX is
also indicative of nominally pure B6O phase. The observed
iron contamination (typically a few wt.%) is expected and
unavoidable possibly as a direct consequence of the abrasion
of the steel ball and the containment cell during powder ball
milling [19, 20, 27].

The SEM and EDX analysis of the heavily implanted
specimen (B4 in Figures 2(b)–2(d)), for example, shows
obvious dissimilarities between the unimplanted and the
implanted specimen. Firstly, in addition to the homogeneous
B6O phase the surface pores and the iron and chromium
contamination, SEM micrographs show evidence of the

existence of additional clusters of ion-beam-synthesized
particles. Secondly, image analysis of the microstructure
(Figures 2(b) and 2(c)) indicates that the average particle
sizes of the formed clusters is 110 nm. Thirdly, the measured
EDX pattern shows two weak iron peaks at 0.75 ev and
6.4 eV. Although the positions of the 0.75 eV iron peak and
the fluorine peak coincide, there appears to exist enough
evidence observed to indicate a BxOyFz stoichiometry for
the ion-beam-synthesized clustered particles. We have also
observed that the compositional change becomes more sig-
nificant with increasing fluorine implantation dose. The B6O
signature EDX pattern unimplanted specimen is depicted in
Figure 1(b) [15, 28].

3.1.3. Raman Spectroscopy Analysis. Raman scattering spec-
troscopy is very sensitive to the nature of crystalline struc-
ture, disorder, and amorphization and is often employed
to characterize ion-implantation-induced defects and any
irregularity in the crystalline symmetry. The rather popular
technique offers a rapid, nondestructive, and simple diagnos-
tic probe for the evaluation of the structural modifications
imposed by ion implantation and for optical characterization
of ion-implanted specimens since the penetration depth
of the laser beam is often of the order of the depth of
penetration of implanted ions.

Figures 3 and 4 show the Raman spectra of pristine
(specimen A) and F+-implanted hot-pressed B6O (specimens
B to G). The Raman spectrum of the pristine specimen is
characteristic of nominal composition B6O [21, 29–32].

The measured Raman spectra are evidently characterized
by a relatively low Raman signal to noise ratio. Nevertheless,
it is not difficult to see that F+ implantation at fluences up
to 5.0× 1015 ions/cm2 reveals that the material resists amor-
phization and retains the crystal structure of B6O. At the
same time, implantation at fluences above 5.0×1015 ions/cm2

clearly shows that the signature Raman spectrum of B6O
predominately disappears (specimen D).

Rao et al. [33, 34], in Raman scattering spectroscopy,
the main effect in going from the crystalline to amorphous
form is the introduction of characteristic features in the
frequencies and line shapes of the Raman modes. However,
for a diatomic lattice, the effect of amorphization should
be a decrease in intensity of the lattice modes and even the
disappearance of these modes at higher ion implantation
doses. Accordingly, we tentatively attribute the disappearance
of the signature B6O Raman spectrum at implantation
fluences exceeding 5.0 × 1015 ions/cm2 to amorphization as
a result of ion-induced radiation damage.

Measured spectra on samples implanted at fluences
beyond 5.0 × 1015 ions/cm2 reveal an almost unrelated
and new asymmetrically broadened Raman feature centred
around 1550 cm−1. In general, it is widely accepted in the
field that the observed line shape asymmetry is consistent
with the size-dependent effects in measured Raman modes—
optical phonon confinement [35]. The existence of ion-
beam-synthesized aggregates made up of micro- and/or
nanosized particles is known to exhibit this phenomenon.
For example, we recently reported on the Raman spectra
of cBN nanocrystals formed by He+ ion implantation into
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Figure 2: A depiction of SEM images measured on the surface of (a) an unimplanted B6O specimen, ((b) and (c)) a 5.0× 1015 F+ ions/cm2

implanted B6O specimen showing clusters of particles embedded in the samples synthesized by fluorine-ion-beam implantation, and (d) an
EDX measured pattern on one such ion-beam-synthesized cluster which is highlighted in micrograph (c).

hBN [9]. Several other researchers have also reported on the
ion-beam synthesis of other nanostructures phased by ion
bombardment [3, 5, 6]. In fact, ion implantation is a method
of choice for synthesizing nc-Si in optoelectronics [7].

A further increase in the implantation fluence beyond
5.0 × 1015 ions/cm2 gives rise to further increase in both
width and intensity of the asymmetrically broadened Raman
feature. Furthermore, increases in the feature’s peak intensity
with increasing ion dose may be a result of the increase in
volume fraction of the clustered particles in the material
surface layer. A critical fluence of about 3.0 × 1016 ions/cm2

was observed beyond which the volume fraction of the
clustered particles will reduce owing to the existence of
surface sputtering and possibly radiation damage.

In summary, a possible explanation of this Raman
scattering characteristic in ion-implanted B6O could be the
nucleation of a new micro- or nanocrystalline phase in the
B6O matrix. At higher doses, ion implantation creates a
nonequilibrium solid-state supersaturation of the implanted
ions in solutions which could induce the precipitation of ion-
beam-synthesized nanostructured particle nuclei effectively,

due to thermodynamic stabilization. These nuclei grow addi-
tionally as a result of the surface deposition of solvated ions.
According to Shen et al. [8], the ion beam synthesis of the
nanostructured particles could be conceptualized into several
steps: (i) stopping and accumulation of F implants in the
near-surface area of the host B6O matrix, (ii) supersaturation
of this area by F implants, (iii) formation of nuclei of a
BxOyFz phase, and (iv) growth of the nanoparticles from
the nuclei. Stepanov in reference [3] best illustrates the basic
physical processes involved in the formation of nanoparticles
from an implant with respect to the ion dose in Figure 5
shown below.

3.2. Mechanical Characterization. The representative inden-
tation load-displacement (P-h) curves continuously mea-
sured during loading and unloading for the four specimens
under investigation (unimplanted (specimen A) and fluorine
implanted (specimens C, D, and G)) are shown in Figure 6.
The intrinsic hardness H(E) and the elastic modulus E of
specimen were evaluated from the nanoindentation response
curves by applying a modified O&P procedure as outlined in
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Figure 3: The Raman spectra of unimplanted (specimen A) and
fluorine-ion-implanted (specimens B to G) B6O specimen. The
spectra are shifted along the y-axis for better comparison. The y-
axis is normalized.
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Figure 4: An expanded view of the normalized Raman spectra
of the 1550 cm−1 mode. A comparison between measured (dotted
curve) and calculated first-order Raman line shapes of ion-
implanted B6O. Again, the y-axis is normalized, and the spectra are
shifted along the y-axis for better comparison.

Appendix A [37–39]. The AFM imaging of the indentation
impressions and analysis has been relegated to Appendix B.
An average surface roughness (determined from the AFM
images, see Figure 9) of about 7 nm Ra measured on the
surface appears to be a very small fraction of the maximum
indentation depth and does not appear to influence the
mechanical properties significantly. Table 2 shows a sum-
mary of the calculated values of H(E) and E, as well as the

1016 ion/cm2 1017 ion/cm2 Ion dose

Ion implantation Laser or thermal annealing

Sputtering

Substrate

Supersaturation Nucleation Growth Ostwald ripening Coalescence

Figure 5: An illustration of the basic physical processes (from left
to right) involved in the formation of clustered particles from an
implant with respect to the ion dose. Surface sputtering under
irradiation is also considered [36]. Diagram courtesy of Stepanov
[3]. Note. In this study, all characterization was done on as-
implanted specimen; no annealing was done.
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Figure 6: Representative indentation response curves measured
during the nanoindentation measurements on the unimplanted
(specimen A), and fluorine-implanted (specimen C, D, and G) hot-
pressed boron suboxide specimen.

Table 2: A summary of the effect of ion implantation on H(E), E,
the ratio H/E, and the Meyer’s index n.

Specimen
H(E) E

H/E n
GPa GPa

A 31.0 328.0 0.093 1.66

C 29.0 359.0 0.082 1.92

D 23.0 300.0 0.076 1.94

G 21.0 292.0 0.073 1.96

ratio H/E and the Meyer’s index, n (see (1) below), also
calculated from the experimentally measured loading P-h
curves.

In order to exhibit all dependences (of the mechanical
properties on the fluence of implantation) in one figure for
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(d) The Meyer’s index measured for hot-pressed B6O samples irradi-
ated with various fluences of F ions

Figure 7

ease of analysis and comparison, the calculated values were
normalized to those measured for the control specimen A
and presented in Figure 7.

The characterized mechanical properties are evidently
influenced by the fluence of implantation. For example, an
increase in the fluorine ion dose is observed to result in
an overall decrease in the intrinsic hardness and the elastic
modulus of the material, a decrease in the values of the ratio
H/E, and a general increase in the Meyer’s index values.
These trends reflect the changes in the structure or the mate-
rial, the mechanism of plastic deformation of the irradiated
material, and most probably, after ion-implantation-induced
amorphization of the pristine structure, as further discussed
below.

3.2.1. Intrinsic Hardness. From the measured P-h curves, the
intrinsic hardness of the control pristine B6O specimen was
evaluated to be 31± 0.2 GPa, a value in close agreement with
recently published microhardness [15, 16] and nanohardness
[40] values. The effect of F-ion implantation on the hardness
value H(E) is summarized in Figure 7(a). The change in the
hardness value is quite small for implantation doses of up
to 5 × 1014 F+/cm2, while a severe decrease of about 30% is
observed for a dose of 5× 1016 F+/cm2.

Two mechanisms of plastic deformation, namely, phase
transformation and plastic flow, can be responsible for
a change in hardness during a nanomechanical testing
experiment. The main indicator for the operation of phase
transformation during the nanoindentation experiment is
the appearance of dislocation discontinuities (kinks or

pop-ins) in the P-h curves [41, 42]. Their absence in the
P-h curves of hot-pressed B6O presented here (see Figure 6)
suggests that the testing performed in the present study does
not induce significant phase transformation; we suspect that
the plastic deformation of hot-pressed B6O is accomplished
by plastic flow. We consider the plastic flow to be associated
with structural changes caused by radiation damage and
the subsequent fluorine irradiation-induced amorphization.
This relation supports the suggestion of plastic flow as the
deformation mechanism of the ion-implanted hot-pressed
ceramic B6O material. The softening of the ion-implanted
specimen can be attributed to the amorphization of the
surface layer, as identified by the micro-Raman spectroscopy
characterization results.

3.2.2. Elastic Modulus. From the measured P-h curves, the
elastic modulus of the pristine B6O specimen was evaluated
to be 330 ± 4 GPa, a value also consistent with previously
published data [15].

The Young’s modulus is clearly correlated with the
amorphization of the crystalline structure, although for
low-irradiation fluences the values increase by about 10%
before rapidly decreasing as amorphization of the crystalline
structure supposedly takes place. We propose that the effect
of ion implantation on the elastic modulus is related to
the induced decrease in the short-range order (distortion)
of the B12 icosahedral network. The initial increase might
be attributed to the increase of the concentration of the
interstitial nitrogen ions in the implanted surface region.
A lower elastic modulus of the implanted hot-pressed B6O
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Table 3: H/E ratios of B6O and hard ceramic materials.

Material H/E ratio

Diamond 0.09–0.1 [44]

Hot-pressed B6O 0.093

B4C 0.07–0.09 [44]

SiC 0.080 [44]

Si3N4 0.080 [44]

Silicon 0.062 [46]

could be associated with the implantation-induced increase
in the B–B bond angle deviations or simply the collective
distortion of the individual B12 icosahedra or/and the α-
rhombohedral framework, as a result of ion bombardment
(see Figure 7(b)); it is well accepted that material having
crystalline phases has a higher modulus than the materials
with amorphous structure [43]. This is an observation which
correlates well with the measured Raman results discussed in
this paper (Figure 3).

3.2.3. H/E Ratio. The ratio of H(E) to E, (H/E) is known as
the rigidity index, a key parameter in determining the type of
behaviour observed in nanoindentation and nanoscratching
wear [44–46]. The ratio H/E can be regarded as a tool to
describe, rank, or calculate values for performance criteria
which are important in defining the wear resistance of a
material, such as the elastic strain to failure, the critical yield
pressure for plastic deformation, and the fracture toughness.
A high H/E ratio is often a reliable indicator of good wear
resistance in a coating or layers [45, 47].

The pristine specimen shows a higher H/E ratio when
compared to that of the implanted samples (refer to
Figure 7(c)). This implies that F ion implantation of the B6O
surface at a larger fluence is expected to cause a considerable
increase in the surface plasticity. The experimental sliding
wear test data is not available at present. However, using
this rigidity index approximation, we suspect that the wear
resistance from the ion-irradiated surfaces is expected to
degrade at a larger fluences of implantation.

The intrinsic hardness clearly correlates very well with
the H/E ratio; this is no coincidence since hardness (or the
plasticity) is known to have the decisive role of the surface
layer on friction properties [45, 46].

A comparison of the H/E ratio of hot-pressed B6O with
other ultrahard ceramic materials is shown in Table 3.

3.2.4. Meyer’s Index. To date, there exists immense experi-
mental and theoretical evidence suggesting that, for some
ceramic materials, the evaluated hardness value is not a
material constant but rather a function of either the applied
test load or the depth of the indentation—the indentation
size effect (ISE) [48–52]. Several studies have reported that
Meyer’s law is sufficient to indicate the existence of ISE,
although considered inadequate when describing the origins
of ISE [48, 50]. The classic power law relationship shown in
(1) is commonly known as Meyer’s law:

P = A · hn. (1)

Both A and n are constants for a particular sample. The
descriptive parameters are usually deduced by a suitable
regression analysis of the experimental load-displacement
relations for the loading segment.

The parameter n is also known as the size-effect index. It
is usually considered as a measure of ISE [50, 52]. The Meyer
index has been experimentally observed to be between 1.5
and 2.0 for ceramics [48]. For the normal ISE behaviour,
the exponent n < 2—the measured hardness apparently
decreases with increasing applied test load. When n > 2, there
is the reverse ISE behaviour. When n = 2, the hardness is
independent of the applied test load.

In this study ISE curves were modelled on the basis of the
Meyer’s model [50, 53]. Figure 7(d) shows an increase in n
with the increasing ion dose of fluorine ions. In other words,
there is a point to make at higher doses where n → 2; it
appears there is the diminishing evidence of indentation size
effects in hardness with increasing fluorine ion doses, and a
single hardness value for the material exists.

4. Conclusions

The following conclusions are obtained from this study.

(i) For F+ implantation at fluences below 5.0 × 1015

ions/cm2 the hot-pressed B6O samples resist amor-
phization and retain the B6O crystal structure.
However, for fluences above 5.0 × 1015 ions/cm2,
the signature Raman spectrum of B6O disappears.
Furthermore, beyond 5.0×1015 ions/cm2, the Raman
spectra appear to reveal that the fluorine implants in
B6O matrix could influence the precipitation of ion-
beam-synthesized clusters of a BxOyFz phase.

(ii) AFM and SEM images complement the Raman
spectroscopy results on the existence of agglomerated
ion-beam-synthesized clustered particles on the ion-
implanted specimen surface. Although not conclu-
sive, the EDX compositional analysis hints that the
clustered particles have a BxOyFz stoichiometry. The
exact structure and stoichiometry of the new phase
are yet to be determined.

(iii) In general, fluorine implantation of the specimen
leads to an overall decrease in the intrinsic hardness
and the elastic modulus of the material. These
trends reflect on the changes in the structure or
the material, the mechanism of plastic deformation
of the irradiated material, and most probably, ion-
implantation-induced amorphization of the pristine
structure.

(a) This relation tentatively supports the sugges-
tion that plastic flow is the main deforma-
tion mechanism in ion-implanted hot-pressed
ceramic B6O material. The softening of the ion-
implanted specimen can be attributed to the
amorphization of the surface layer, as identified
by the micro-Raman spectroscopy characteriza-
tion results.
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(iv) The decrease in both the H/E ratio and the Meyer’s
index with ion dose might imply that F ion implan-
tation of the B6O surface at a larger fluence is
expected to cause a considerable increase in the
surface plasticity.

Appendices

A. Oliver and Pharr Analysis Approach

The nanoindentation technique has been established as a
powerful means of characterizing the near-surface mechan-
ical properties of materials [54]. This technique relies on
high-resolution instruments that simultaneously measure
the load P and indenter displacements h, during the loading
and unloading indentation steps. The important parameters
obtained from the resultant P-h curve, which are schemat-
ically illustrated in Figure 8, are the peak load Pmax, the
maximum penetration depth hmax, final penetration depth
h f , and the contact stiffness S. The indentation analysis
procedure developed by Oliver and Pharr (O&P) has been
widely used for hard materials such as metals and ceramics
[38, 39, 54].

The O&P method makes use of the data taken from the
upper portion of the unloading curve fitted with the power-
law relation given as

P = α ·
(
h− h f

)m
, (A1)

where m, the displacement exponent in the load-
displacement relation and a, an unloading fitting parameter
dependent on the elastic response of the material, are
empirical constants to be determined using the power fitting
of unloading data [49].

The derivative of P (A1) with respect to h yields the
contact stiffness S, which is the initial unloading slope of the
P-h curve:

S =
(
dP

dh

)
unloading

= m · α ·
(
h− h f

)m−1
.

(A2)

The contact depth of the indent impression hc can either be
derived by extrapolating the initial slope of the unloading
P-h curve down to P = 0 or otherwise determined using an
empirical formula as observed by Oliver and Pharr [38, 39]
given by

hc = hmax − ε · Pmax

S
, (A3)

where, in this case for the Berkovich indenter geometry, ε =
0.75 [38].

The contact area Ac is the cross-sectional area at hc [55,
56]. Various experimental [56] and numerical [57] studies
have established that, for the Berkovich indenter geometry,

Pmax

hmaxhchf

Loading

Unloading
SLo

ad
,P

Displacement, h

Figure 8: A typical load-displacement curve during a loading-
unloading cycle where hmax is the maximum indenter displacement
at peak indentation load Pmax, S is the initial unloading slope of the
load-displacement curve, and hc is the contact depth.

the projected Ac can be approximated by the empirical
formula:

Ac(hc) =
(

24.56 · h2
c + C1 · h1/2

c + C2 · h1/4
c

+C3 · h1/8
c + · · · + C8 · h1/125

c

)
,

(A4)

where C1,C2, . . . ,C8 are constants determined by curve-
fitting procedures [55, 56] and are all defined based on
the indenter tip radius [49]. However, for the Berkovich
indenter geometry, projected area can be reduced toAc(hc) ≈
24.56 · h2

c without compromising the accuracy of the results
[54, 55, 58].

When S and Ac have been determined, the specimen’s
elastic modulus Es or simply E can then be evaluated using

1
Er
= 1− ν2

s

Es
+

1− ν2
i

Ei
, (A5)

where νs and νi are, respectively, the specimen and indenter
Poisson ratios, Ei is the indenter elastic modulus [54, 58], and
Er is the reduced elastic modulus given by

Er =
√
π

2β
· S√

Ac
, (A6)

where β is a correctional factor introduced by King [59] to
address the lack of indenter symmetry; for the Berkovich
indenter β = 1.034 [58].

The indentation hardness H has long been defined as the
test force P divided by the projected area of contact Ac [60]:

H = Pmax

Ac
. (A7)
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Figure 9: AFM images showing what could possibly be clusters of nanoparticles embedded in the samples synthesized by fluorine-ion-beam
implantation, (a) unimplanted specimen A, and ((b)–(d)) fluorine-implanted specimens C, D, and G.

However, it is also generally understood that hardness values
derived using (A7) are often depth and load dependent; a
single value is often inadequate to implicitly characterize the
material property.

In order to extract the true or the intrinsic hardness of
the specimen we applied an important material characteristic
ratio, P/S2, first proposed by Joslin and Oliver [61, 62],
expressed as

P

S2
= π

4β2
· H(E)

E2
r

. (A8)

Evidently, P/S2 is independent of h and Ac [62]. Therefore,
if P is known and S and Er have been predetermined, the
intrinsic harness of specimen, H(E), can be evaluated using
(A8).

In summary, the method outlined here has been applied
in this study to extract the material nanomechanical prop-
erties (E from (A5) and H(E) from (A8) [62]) from the
measured nanoindentation data.

B. Supplementary Results: AFM Analysis

The AFM image of the pristine B6O specimen surface is
shown in Figure 9(a). Using Gwyddion v2.24 for profilomet-
ric data analysis, the surface roughness of the specimen was
determined from the AFM images. The specimen surface
appears to be characterized with an average roughness (Ra)

of about 7 nm with a root mean square surface roughness
amplitude (Rq) of 9 nm.

The AFM images all bear Berkovich indenter impressions
from hardness testing because the imaging was originally
intended to give an intuitive understanding of the state of
the specimen surfaces after nanoindentation. However, as
shown in Figures 9(b)–9(d), striking morphological and
structural transformations of the pristine material under ion
irradiation have been observed.

The AFM images taken on the implanted samples depict
an entirely different surface character from the pristine.
Firstly, the images show compelling visual evidence of ion-
beam-synthesized nanocrystalline structures decorating the
specimen surfaces. Similar AFM structures have been also
observed in metal ion-implanted oxide insulators by several
authors and are usually attributed to the formation of the
nanoparticles. Secondly, detailed image analysis measure-
ments have demonstrated that the height of the particles
is in the order of a few nanometres, with the average
horizontal size of about 60 nm. However, it should be
pointed out (at this stage) that, by using AFM observations,
lateral dimensions of nanoclusters are usually enlarged
due to the tip-object convolution effect and only height
measurements can provide the real size of the main-size
objects. Thirdly, we have also attributed the ion-beam-
synthesized nanocrystalline structures observed in Figures
9(b)–9(d) to explain the variations of the line shapes of
the Raman spectra of F ion-implanted hot-pressed B6O as
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shown in Figure 3 and reference [14]. Fourthly and lastly,
the surfaces of the implanted samples appear to be much
smoother in appearance than those of the pristine sample
[63], tentatively suggestive that possible sputtering and
other dynamic processes could have influenced the surface
morphology of the specimen during implantation.
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The objective of the work was to study the effect of high-dose ion implantation (HDII) of NiTi surface layers with Si Ti, or Zr, on the
NiTi biocompatibility. The biocompatibility was judged from the intensity and peculiarities of proliferation of mesenchymal stem
cells (MSCs) on the NiTi specimen surfaces treated by special mechanical, electrochemical, and HDII methods and differing in
chemical composition, morphology, and roughness. It is shown that the ion-implanted NiTi specimens are nontoxic to rat MSCs.
When cultivated with the test materials or on their surfaces, the MSCs retain the viability, adhesion, morphology, and capability
for proliferation in vitro, as evidenced by cell counting in a Goryaev chamber, MTT test, flow cytometry, and light and fluorescence
microscopy. The unimplanted NiTi specimens fail to stimulate MSC proliferation, and this allows the assumption of bioinertness
of their surface layers. Conversely, the ion-implanted NiTi specimens reveal properties favorable for MSC proliferation on their
surface.

1. Introduction

Today, the treatment of ischemic heart disease (IHD) is still
one of the most urgent and foreground problems of the
world and national healthcare. Among modern methods of
IHD correction is intracoronary stenting [1, 2].

The treatment of a human vascular system with stents—
endoprostheses—for increasing the lumen of vessels and
keeping them open requires application of materials with
high strength and high elastoplastic characteristics. Alloys
based on titanium nickelide, or NiTi-based alloys, match in
full measure the above requirements demonstrating supere-
lasticity or so-called shape memory effect—the capability for
accumulation of high strain (4–6%) and its reversible return
without fracture [3–5].

Particular attention should be given to the surface treat-
ment of endoprostheses. The surface of endoprostheses must
have minimum adhesion to preclude the risk of growth of
plain muscular tissue in the lumen of an implant whilst
being biologically compatible and tolerable to medicines
with which the implant surface will contact.

It is apparent that for the biocompatibility of medical
materials to increase, it suffices to create or modify the
properties of their surface or thin surface layers. An efficient
way of improving the physicochemical and mechanical
surface characteristics of microsurgical tools, and increasing
their biocompatibility is ion and electron beam surface
modifications and a combination of these methods with
deposition of thin coatings made of biotolerable chemical
elements or composites [6, 7]. Surface conditioning of metal
materials in several successive stages—etching, mechanical
grinding and polishing, and electropolishing—is often final
for implants. At the same time, this surface conditioning pre-
cedes coating deposition or appropriate surface modification
and eventually determines the quality of a medical tool [8–
10]. However, detailed data on the effect of the individual
treatment methods listed above or their combinations on the
NiTi biocompatibility are scantily available.

A reliable method of preclinical biocompatibility assess-
ment is testing of implant materials with cell cultures.
In vitro testing allows us to study the action of a test
material on biological properties of mammalian cells. These
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examinations are conducted with CCL1, CCL 163, Vero,
and other long-term cell lines, cultures of fibroblasts, lym-
phocytes, macrophages, epithelial cells, and germ or diploid
cells of humans and animals [11]. The choice of a stent
material is normally based on its examination with blood
cells, for example, for platelet adhesiveness to its surface.
At the same time, the problem of long-term implantation
effects and possible growth of fibromuscular tissue on stent
surfaces requires examination of the surfaces on long-term
cell cultures. Now, the properties of implants are studied
on mesenchymal stem cells (MSCs) [12] with their inherent
differentiation of bone, connective, and muscular tissues in a
cell, and also on other mesodermal cells [13]. The capability
of MSCs for proliferation in vitro [14] allows the use of MSCs
in cytotoxicity assays of chemical compositions of implants
and analyses of their surface morphology. These studies
make it possible to determine the conditions necessary for
successful cell proliferation, for example, in regeneration of
osseous defects [14] or vascular walls [15], and for maximum
possible surface resistance of a biocompatible material in cell
proliferation.

The objective of the work is to study the biocompat-
ibility of NiTi specimens treated by special mechanical,
electrochemical, and HDII methods and their effect on the
proliferation of mesenchymal stem cells and cytotoxicity.

2. Materials, Surface Treatment Methods,
and Research Techniques

2.1. Materials and Surface Treatment Methods. The materials
to be tested were two series each of 80 flat-rolled specimens
of commercial TiNi1 alloy (MATEKS, Russia). The NiTi
specimens for physicochemical tests (14 specimens in a
series) and biological tests (66 specimens in a series) were flat
plates of dimensions 1.6 × 10 × 15 mm3. For biological tests,
the specimens were treated to have two types of surface—
NiTi-A and NiTi-B.

Surface treatment A it included two steps:

Step 1. Etching in a solution (HNO3 and HF in a ratio of 3/1)
heated to T = 50◦C for 3 min;

Step 2. Metallic-luster electropolishing in a solution
(CH3COOH and HClO4 in a ratio of 3/1) cooled down toT =
273 K (0◦C) at a voltage U = 30 V.

Surface treatment B it included three steps:

Step 1. Etching in a solution (HNO3 and HF in a ratio of 3/1)
heated to T = 50◦C for 3 min;

Step 2. High-luster mechanical polishing on a Sapphirre 550
grinder-polisher (ATM GMBH, Germany). The specimens
were placed in special metal cups, and the cups were
filled with epoxy resin and kept at room temperature (Tr)
within a day for complete epoxy solidification. Thereafter,
the specimens were grinded on silicon carbide grinding
foil (ATM GMBH, Germany) with a gradual decrease in
granularity from 100 to 1.2 ± 0.3 μm and supply of water

heated to T = 303 K (30◦C) to the grinding surface. Water
served as a lubricant and simultaneously as a heater to
preclude the appearance of a martensite phase in the process.
The rate of rotation of the grinding table was v = 150 rpm;
the grinding time for each level of granularity was Δt = 5–
8 min (to the point of surface smoothening). At the final
stage, the specimens were polished on a polishing cloth alpha
perforated paper with a Bio Diamant Cameo lubricant (LAM
PLAN, France) of abrasivity 9 μm. The rate of rotation of the
polishing table was v = 150 rpm; the high-luster polishing
time was Δt = 2–5 min.

Step 3. Metallic-luster electropolishing in a solution
(CH3COOH and HClO4 in a ratio of 3/1) cooled down toT =
273 K (0◦C) at a voltage U = 30 V.

Ion implantation of the specimens was realized on a
DIANA-3 (ISPMS SB RAS, Tomsk, Russia [16–18]) ion
implanter with Si, Ti, and Zr single-component pulsed
ion beams (using iodide Ti and Si cathodes) under the
conditions of oilless pumping and high vacuum (∼10−6 Pa).
This method is known as high-dose ion implantation (HDII)
[19–22]. The ion beam treatment was in implantation of
NiTi surface layers with Si, Ti, or Zr ions of fluence D =
2 × 1017 cm−2 at an average accelerating voltage of 60 kV
and pulse repetition frequency of 50 Hz. The temperature of
the specimens in ion implantation was no greater than 373–
424 K. The specimens subjected to ion beam treatment were
NiTi-A and NiTi-B specimens differing in roughness such
that for biological tests we prepared eight series of the NiTi
specimens differing in chemical composition, topography,
and roughness. The marking of the series of the specimens
with differently modified surfaces used in the work are given
in Table 1.

The investigations were made on the equipment of the
Shared Use Center (SUC) “Nanotech” of ISPMS SB RAS. The
surface morphology was analyzed on the a LEO EVO 50 scan-
ning electron microscope (Zeiss, Germany) and an Axiovert
200 MAT optical microscope (Zeiss, Germany) with bright-
and dark-field imaging and differential interference contrast
(DIC) for visualization of objects with minimum differences
in surface roughness height. The phase composition of the
specimens was analyzed on a DRON-7 X-ray diffractometer
(Burevestnik, Russia). Layer-by-layer elemental analysis was
performed on a Shkhuna-2 Auger spectrometer (NR TPU,
Russia). The diameter of a probing electron beam was∼1 μm
and the electron energy was ∼3 keV. In recording of Auger
spectra, the electron beam raster was 10 × 10 μm2. The
energy resolution of the analyzer was 0.7%. The target
material was sputtered layer by layer with an Ar ion beam
of energy 3 keV and diameter 1 mm. The sputtering rate of
the target material was 2-3 nm/min. Analysis of the surface
roughness and surface treatment quality and visualization
of surface defects and fracture traces of the materials was
performed on a New-View 5000 3D optical interferometer-
profilometer (Zygo, USA) with a surface profile accuracy of
±1 nm. The microhardness of surface layers of the specimens
was measured on a DM8 microhardness tester (Affri, Italy).
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Table 1: Types and description of surface treatment of the NiTi specimens.

Type of treatment
Substrate material and type of

previous surface treatment
Finishing treatment Specimen marking

1 2 3 4

A NiTi
Step 1: etching NiTi-A

Step 2: electropolishing

Step 1: etching

B NiTi Step 2: mechanical polishing NiTi-B

Step 3: electropolishing

G
NiTi-A Step 4: HDII NiTi-AG

NiTi-B with Zr, DZr = 2 × 1017 cm−2 NiTi-BG

H
NiTi-A Step 4: HDII NiTi-AH

NiTi-B with Ti, DTi = 2 × 1017 cm−2 NiTi-BH

J
NiTi-A Step 4: HDII NiTi-AJ

NiTi-B with Si, DSi = 2 × 1017 cm−2 NiTi-BJ

Table 2: Doping element concentration in the ion-implanted surface layers and average surface roughness (roughness height parameter) of
the NiTi specimens.

Type of treatment Specimen marking Ion type, fluence
Doping (implanted) concentration,

at. %
Average roughness (roughness

height parameter) Ra, μm

A NiTi-A
Unimplanted

— 0.972

B NiTi-B — 0.047–0.061

G NiTi-AG, Zr, >0.2 0.860–0.940

NiTi-BG D1 = 2 × 1017 cm−2 0.025–0.041

H NiTi-AH, Ti, >0.3 0.936–1.272

NiTi-BH D2 = 2 × 1017 cm−2 (relative to its concentration before
irradiation)

0.026–0.035

J NiTi-AJ, Si, >0.58 0.892–0.921

NiTi-BJ D3 = 2 × 1017 cm−2 0.033–0.039

The specimens were examined in vitro on rat marrow
mesenchymal stem cells of the 2nd passage. The cells were
cultivated in an α-MEM medium containing 10% of fetal
calf serum, 200 mM of L-glutamine and 100 μg/mL of
gentamicin (Biolot, Russia) in 6- and 12-well plastic trays
(Nunc, Denmark) at 37◦C in an atmosphere with 5% of
CO2 and with a saturation moisture content. In the tests,
the specimens were in direct contact with the MSCs. The
cell viability was determined by cell counting in a Goryaev
chamber according to [11] and in an MTS assay [23]
according to [24].

The effect of the chemical composition and properties
of the NiTi surface on the proliferation of MSCs cultivated
in vitro with the differently modified NiTi specimens was
determined from the characteristic properties of MSCs:
proliferation and morphology [13]. The cytotoxic action of
the specimens on rat marrow MSCs was estimated from the
viability of the cells cultivated with the test specimens for
72 h and 7 and 14 days. For this study, two types of tests were
performed.

Test Type I. The cells were seeded into 6-well trays at a den-
sity of 50 × 103 cell/cm2, and 24 hours later, the specimens

were placed in the wells and the cultivation was continued.
After 72 hours, the cell viability was estimated through
cell counting in the Goryaev chamber and in the MTT
test (3-[4,5-dimethylthiazol-2-yl]-2,5-diphenyl tetrazolium
bromide). For cell counting in the Goryaev chamber, the
attached cells were removed with a 0.25-% trypsin-EDTA
solution (Biolot, Russia) within 2–5 min. The cells were
counted in 150 large squares. For the MTT-test, the optical
density of eluate aliquots was measured on an Apollo-8 LB
912 microplate photometer (Berthold Technologies, GmbH
and Co, KG, Germany) in four iterations at a wavelength of
620 and 570 nm to preclude the effect of cellular debris. The
cell viability was estimated in percent. Cell control wells were
wells with no specimen (with cells only).

Test Type II. The cells were seeded into 6-well trays at a
density of 5× 103 cell/cm2, and 24 hours later, the specimens
were placed in the wells and the cultivation was continued.
After 7 and 14 days, the cell viability was determined through
cell counting in the Goryaev chamber and in the MTT test
as described above. Cell control wells were wells with no
specimen (with cells only).
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The morphology of the cells cultivated with the modified
NiTi specimens was determined on the well surfaces using an
Axiovert 40C optical microscope (Carl Zeiss, Germany).

For evaluation of the efficiency of MSC proliferation on
the specimen surface, the specimens were placed in 12-well
trays and a suspension of cells rated at 5 × 103 cell/cm2

was transferred into the wells. After 14, 18, and 22 days,
the specimens were transferred into fresh wells and rinsed
from unattached cells; the number of cells on the specimens
was estimated through cell counting in the Goryaev chamber
after removal of cells from the specimens as described above.

For visualization of cells and estimation of their mor-
phology and population density on the specimens, MSCs of
the second passage were used; they were transfected with
a pEGFP-N1 plasmid DNA (Clontech Laboratories, Inc.,
USA) containing a green fluorescent protein (GFP) gene
with the use of a TurboFect transfection reagent (Fermentas,
Life Sciences Inc., Canada) as specified by the manufacturer.
Before examination on an Axioimager M1 fluorescence
microscope (Carl Zeiss, Germany) with filters number 9 and
49, the culture medium was stained with DAPI (1 mg/mL)
and incubated for 10 min as prescribed by the manufacturer
(Sigma, USA). Images were taken with a Sanyo 6975 CCD
color camera.

Statistical data processing was by a standard procedure
[25]. The confidence intervals of the general mean was
estimated for n = 6.

3. Research Results and Discussion

3.1. Structural-Phase States of the NiTi Surface Layers before
and after Ion Implantation. X-ray diffraction data on the
phase composition and parameters of the fine crystalline
structure in NiTi near-surface layers before and after ion
implantation are presented in Table 2. It is seen from Table 2
and diffraction patterns in Figure 1 that the X-ray diffraction
analysis failed to reveal any change in the phase composition
beneath the ion-implanted layer, and this is explained by
the low radiation dose and hence by the low interstitial ion
density. The phase composition in near-surface layers of all
specimens is the same and is characterized by ∼95 vol.% of
the B2 phase and∼5 vol.% of the Ti4Ni2OX phase. The lattice
parameter of the B2 phase is aB2 = 3.007 ± 0.007 Å and
corresponds to its composition—Ti49Ni51. The diffraction
patterns of the specimens before (Figure 1, curve 1) and
after (Figure 1, curves 2–4) ion implantation reveal very
intense peaks (110)B2 compared to the peaks (211)B2 and
(310)B2, the absence of the peak (200)B2, and the presence of
superstructural peaks (111)B2 and (221)B2 due to the texture
of the initial B2 phase with a texture axis close to 〈110〉B2

which remains unchanged after ion implantation.
When implanted with Ti and Zr metal ions, the NiTi

surface layers are characterized by plane stress states which
are not observed in the specimens before irradiation. On
the contrary, elastic stress states in the near-surface layer
implanted with Si ions are detected neither by symmetric
imaging, which allows estimation of integral characteristics,
nor by asymmetric imaging with a decrease in glancing angle
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Figure 1: Diffraction patterns of the NiTi specimens from the
side of the surface treated by different methods: (1) electropolished
mirror NiTi-B surface; (2), (3), (4) NiTi-B surface implanted with
Zr-(BG), Ti (BH), and Si (BJ) ion beams, respectively.

to α = 0.4◦. This result is very important because surface
activation of material, including that through creating elastic
stress states in its surface layers, affects both the corrosion
resistance and the biocompatibility of the material.

3.2. Physicochemical Surface Properties of the NiTi Specimens
before and after Ion Implantation. For the surface layers
of the NiTi specimens to have the same initial chemical
composition before ion beam treatment, the specimens
were finished by electropolishing in the same electrolyte
and in the same polishing mode. Figure 2 shows the in-
depth element concentration distribution obtained by Auger
electron spectroscopy (AES) for the NiTi specimens before
(Figure 2(a)) and after ion beam irradiation (Figures 2(b)–
2(d)). It is seen that before ion beam irradiation, a NiTi
surface layer of thickness 5–10 nm contains 60–40 at. % of
carbon and 20–10 at. % of oxygen the concentrations of
which decrease almost to zero at a depth of ∼40–50 nm.
These elements participate in the formation of a biologically
inert oxide-carbide film [26] typically depleted in nickel
compared to its concentration in deeper NiTi layers, and
this film can thus be a barrier layer on the path of metal
ion penetration into the surrounding biomedium. After ion
beam irradiation with rather small close accumulated doses
(Table 1), irrespective of the type of an implanted ion, the
outer layer of the specimens is enriched with up to 50–60
at. % of oxygen uniformly distributed in the layer at a depth
from 15 to ∼25 nm, and what is more important, it is totally
free (at the sensitivity level of the device) of nickel. In going
deep to∼5 nm, the oxygen concentration decreases steeply to
∼10 at. %, and in the following layer of thickness 30–50 nm,
it hardly varies. On contrary, the percentage of carbon atoms
on the irradiated specimen surface decreases two-three times
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Figure 2: Chemical (elemental) composition of the NiTi specimen surfaces before (a) and after modification with Zr (b), Ti (c), and Si (d)
ion beams. Auger electron microscopy.

and rapidly vanishes even at a depth of ∼10 nm. In other
words, the results of AES analysis demonstrate that ion beam
modification with any ion type used in the work ensures
oxygenation of a NiTi surfaces layer of total thickness h ≈
100 nm such that an oxide film containing only a small
amount of carbon and totally free of nickel is formed on
the surface of the specimens. It should be noted that in
individual cases where a NiTi-based implant is used under no
mechanical load, its surface suffices to have an oxide-carbide
layer of thickness 10–30 nm to provide complete passivation
of the NiTi alloy [27, 28].

The effect of Ni depletion of NiTi surface layers (down
to compete Ni removal from these layers) after ion beam
treatment was observed earlier in [29–31]. In our viewpoint,
this effect owes not to selective Ni sputtering from the
surface, as might appear at first sight from the chemical
element distribution curves obtained by the AES method

(Figures 2(b)–2(d)), but mainly to the following two factors.
According to the data of electron-positron annihilation
(EPA) spectroscopy [32], the vacancy formation energy (Ev)
on the sublattices of titanium and nickel in the B2 phase is
Ev,Ti = (0.97± 0.05) eV and Ev,Ni = (0.78± 0.02) eV, respec-
tively. It was found that in the B2 phase stability region, the
concentration of equilibrium vacancies on the Ni sublattice
is much higher than that on the Ti sublattice: Cv,Ni = 1 ×
10−9 and Cv,Ti = 1 × 10−12, respectively; the conclusion was
that the diffusion mechanism in TiNi is of vacancy nature.
These results suggest that Ni atoms are thus most mobile,
because the higher vacancy concentration on their sublattice
gives them priority to move over it. On the other hand, one
of the most common effects of surface irradiation of solids is
the high concentration of nonequilibrium defects, primarily
radiation-induced vacancies, in near-surface layers [33]. A
way to drive this nonequilibrium system to thermodynamic
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Figure 3: SEM images of the surface and X-ray spectra for the ion-implanted NiTi specimens: (a), (b): Zr ions (NiTi-BG), (c), (d): Ti ions
(NiTi-BH), and (e), (f): Si ions (NiTi-BJ).

equilibrium is in redistribution of vacancies on the Ti and
Ni sublattices and their drift toward the main sink—to the
surface of the solid—with simultaneous radiation-induced
(ascending) diffusion of target (Ti and Ni) and interstitial
(Me) atoms in a direction opposite to the surface. For
titanium nickelide, the higher mobility of Ni atoms is bound
to provide more pronounced redistribution of Ni atoms in
the modified layer compared to that of Ti atoms, which is
what we actually observed after ion beam irradiation, and
this eventually leads to release of Ni from a surface layer of
depth 20–30 nm.

The AES method failed to detect the implanted chemical
elements in the surface layers due to the small radiation dose.

Therefore, the concentration of these elements was estimated
in energy dispersive microanalysis. According to the analysis,
the doping element concentration in the ion-implanted layer
is no greater than 0.5 at. % (Table 2, Figure 3). It should
be noted that the highest doping element concentration
in the surface layer is found for the lightest among the
implanted matters silicon whose concentration at a smaller
accumulated dose is almost twice that of titanium and
zirconium.

3.3. Surface Morphology and Roughness of the NiTi Specimens
before and after Ion Implantation. Analysis of the surface
morphology of the NiTi specimens after chemical treatment
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Figure 4: From left to right in each line are a 3D image, 2D image, and profile of the NiTi surface along the direction Δ-∇ in the 2D image;
optical profilometry, final treatment (Table 1): (a) chemical etching (A), (b) modification with Zr ion beams (AG), (c) modification with Ti
ion beams (AH), (d) mechanical polishing and electropolishing (B), (e) modification with Ti ion beams (BH), and (f) modification with Si
ion beams (BJ).
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Figure 5: Optical images of the NiTi specimen surface after different types of treatment (Table 1): chemical etching with subsequent
electropolishing (a)-(b), high-luster mechanical polishing with subsequent electropolishing (c)-(d), and ion modifications of the NiTi-B
specimens with Zr ions (e), Ti ions (f), and Si ions (g) of fluence (in all cases) D = 2 × 1017 cm−2.

(A), electrochemical treatment (B), and ion implantation (G,
H, J) shows that the NiTi-A specimens (Figure 4(a)) have the
highest roughness and the NiTi-B specimens (Figure 4(d))
have the lowest roughness (Table 2). These two types of
treatment result in a characteristic quasiperiodic distribution

of asperities and dents with respective average periods of
30–100 and 5–10 μm on the specimen surface. Comparison
of digital images (Figure 4), which give quantitative topo-
graphic data, and optical images (Figure 5) of the NiTi-
A specimen surfaces (Figure 4(a), Figures 5(a) and 5(b))
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Figure 6: SEM images of the NiTi wire of diameter 90 μm before (a), (b) and after (c), (d) high-dose ion implantation with Ti ions of fluence
D = 2 × 1017 cm−2 at an average accelerating voltage of 60 kV and pulse repetition frequency of 50 Hz.

and NiTi-B specimen surfaces (Figure 4(d), Figures 5(c) and
5(d)) suggest that the first roughness range (30–100 μm)
corresponds to the spacings between adjacent grains of the
B2 phase of the NiTi alloy, and the second roughness range
owes to several factors: particle sizes and interparticle spacing
in the Ti2Ni phase, width of grain boundaries of the B2 phase
revealed in chemical and electrochemical treatments, and
irregularities due to the defect distribution nonuniformity
on the surface and associated surface etching nonuniformity.

The ion beam treatment, while keeping the primary
surface profile, leads to additional fragmentation of the
specimen surfaces with a decrease in the size of structural
elements (fragments) in the main phase substructure to 100–
300 nm (Figures 4(b), 4(c), 4(e) and 4(f), Figures 5(e)–5(g)).
The fragmentation causes the roughness of the smoothest
specimens to increase somewhat and that of the initially
rough NiTi-A specimens to decrease. It should be noted
that a similar, but more pronounced effect is observed in Zr
ion implantation of NiTi-A wires of diameters 60, 90, and
200 μm (Figure 6). These changes in the surface profile and
morphology of materials irradiated by ions of average energy
∼50–60 keV owe to atomic sputtering of the target material
[34], including sputtering of both light oxygen and carbon
atoms adsorbed at the surface and heavier components
of the target material. In this case, the light atoms, as a
rule, are removed from the surface, whereas the heavier
atoms again precipitate on the surface thus changing their
surface distribution and the surface landscape. The number
of atomic layers involved in this process can be 100–300
depending on the energy of impacting ions [34]. The energy

of impacting ions depends on both the accelerating voltage
and the mass of an ion [17]; therefore, the heavier the ion,
the deeper the sputtered layer. In irradiation with ion beams
of average energy, which were used in our work, atoms of the
main target components (Ti and Ni) are removed forming
a plasma cloud of a sort over the target surface, and on
completion of the irradiation, they, again settle on the target
surface, are uniformly distributed over it, and smooth the
initial surface relief. In our viewpoint, it is this mechanism
that explain the so clearly defined difference in the roughness
of the NiTi-A specimens treated with Zr and Ti ions (Figures
4(b) and 4(c), resp.) whose atomic masses differ almost two-
fold (AZr = 91.224, ATi = 47.867 with respect to the mass of
a hydrogen atom).

Note that the topographic parameters are of particular
importance in studies of biocompatibility of materials with
cell cultures, because the cell size and certain of surface
roughness parameters are bound to be close to provide
favorable conditions for cell proliferation on the surface of
a medical material [34].

3.4. Effect of Zr, Ti, and Si Ion Implantation of NiTi
Surface Layers on the Proliferative Properties of MSCs. After
cultivation of rat MSCs with the unimplanted NiTi-A and
NiTi-B specimens and on their surface for 72 h and 7 and 14
days, no reliable difference was found between the number
of living cells in the test and control wells, as evidenced by
histograms in Figure 7. It is seen in the figure that the MTT
test (Figures 7(a) and 7(c)) and standard cell counting in
the Goryaev chamber (Figures 7(b) and 7(d)) gives close
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Figure 7: Cytotoxicity of the NiTi-A and NiTi-B specimens: MTS assay (a) and cell counting in the Goryaev chamber (b); efficiency of MSC
proliferation with the NiTi-A and NiTi-B specimens: MTT test (c) and cell counting in the Goryaev chamber (d).

estimates of viable cells in the culture wells. Analysis of
these data also shows that the number of cells contacting
the surfaces of the NiTi-A and NiTi-B specimens does not
depend on time. Thus, the results in total point to the
absence of toxic action of the specimen material on MSC
proliferation.

Cultivation of MSCs with the NiTi-AG/AH/AJ and NiTi-
BG/BH/BJ specimens modified by ion beams (at certain Zr,
Ti, and Si concentrations on the surface) and on the surfaces
of these specimens disclosed that the ion beam treatment
does not impair the biocompatibility of the specimens in
toxicity indices. The modified specimens of all series did
not reveal any pronounced toxic action on the cells. This is
evidenced by the absence of reliable differences between the
number of living cells cultivated with the NiTi specimens and
that found in the cell control wells (Figure 8). The living cells
estimated in standard cell counting in the Goryaev chamber

(Figure 8(a)) and in the MTT-test (Figure 8(b)) are close in
number.

Cultivation with and with no (control wells) ion-im-
planted specimen also did not reveal any considerable dif-
ference in the efficiency of MSC proliferation for all types
of the test specimens, as evidenced by cell counting in
the Goryaev chamber and in the MTT test (Figure 9). The
viability of the cells in all cases was∼95%, and this compares
with the viability of the cells cultivated under ordinary
conditions without the specimens.

When cultivated with the ion-implanted specimens,
the cells were attached to the well surface retaining their
fibroblastic morphology and capability for proliferation and
formation of colonies. The number of colonies grown with
the test specimens was comparable to the number of colonies
found in cultivation of the cells without the specimens
(Table 3).
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Figure 8: Cytotoxicity of the NiTi specimens differing in surface properties: MTT test (a), cell counting in the Goryaev chamber (b); control
cells cultivated with no specimen (cell control wells).
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Figure 9: Efficiency of MSC proliferation with the NiTi specimens: MTT test (a), cell counting in the Goryaev chamber (b); control cells
cultivated with no specimen (cell control wells).

According to the data of optical microscopy, the MSCs
cultivated with the unimplanted NiTi-A and NiTi-B speci-
mens were attached to the well surface retaining their inher-
ent fibroblastic morphology no matter what the cultivation
time (Figure 10).

It is found that the surfaces of the NiTi-AG/AH/AJ and
NiTi-BG/BH/BJ specimens retained the properties responsi-
ble for MSC attachment and proliferation, as evidenced by
the formation of MSC colonies on the surfaces detected in
fluorescent microscopy (Figure 11). Most of the colonies on
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(c) (1a) (1b)

(2a) (2b)

Figure 10: Morofology of MSCs calctivated with the NiTi-A and NiTi-B specimens: cultivation with no specimen (c), cultivation for 3 days
with NiTi-A (1a) and NiTi-B (1b); cultivation for 14 days with NiTi-A (2a) and NiTi-B (2b). Optical microscope, magnification is ×50 for
(c), (1a), (1b) and ×100 for (2a), (2b).

(a)

(b)

TN1-AG TN1-AJ TN1-AH

TN1-BG TN1-BJ TN1-BH

Figure 11: Images of fixed MSCs (prevailing colonies) stained with 6-carboxyfluorecein diacetate (6-CFDA) and DAPI on the NiTi specimen
surfaces differing in chemical composition and roughness; 14th day of cultivation; magnification is ×10; cells are green, nuclei are blue.
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Figure 12: Efficiency of MSC proliferation on the NiTi-A and NiTi-
B specimens. Cell counting in the Goryaev chamber.

the surfaces of the NiTi-AG/AH/AJ specimens are formed
by oblong cells (Figure 11(a)). The surface of the NiTi-
BG/BH/BJ specimens is dominated by monolayer colonies
of varying looseness formed by flattened more round cells
(Figure 11(b)). The variety of cell colonies can result from
both the peculiarities of the MSC interaction with the
specimen material (primarily with its ion-implanted surface
layer) and the selection of definite MSC precursors governed
by physicochemical and geometric (topographic) properties
of the specimen surface.

3.5. Effect of the Surface Roughness of the NiTi Specimens
on the Proliferative Properties of MSCs. As noted above, the
NiTi-A and NiTi-B specimens differ in surface roughness;
the surface roughness of the NiTi-A specimens is of the ∇7
class and that of the NiTi-B specimens is of the ∇10-11
class. Study of the efficiency of MSC proliferation on the
surfaces of the NiTi-A and NiTi-B specimens identical in
chemical composition, but differing in roughness suggests
that, with the same cultivation time, the number of attached
cells depends on the surface roughness, as evidenced by
cell counting in the Goryaev chamber (Figure 12). So, the
number of cells on the NiTi-A specimens was larger than
that on the NiTi-B specimens. The obtained data agree with
the results reported in [35, 36] and demonstrate that a rough
surface of biomaterials is more prone to cell attachment than
a smother one, and this accelerates the cell proliferation on
the rough surface.

Fluorescence microscopy analysis shows that the MSCs
retain their fibroblastic morphology on the surface of the
NiTi-A and NiTi-B specimens (Figures 13(a) and 13(b));
however, the cell distributions over the specimen surfaces
are different (Figures 13(c) and 13(d)). On the surface of
the NiTi-A specimens, the cells are uniformly distributed
forming a near-continuous layer (Figure 13(c)), whereas on
the surface of the NiTi-B specimens their population density
is lower and the cells form separate colonies (Figure 13(d)).

Table 3: Efficiency of the formation of colonies of MSCs cultivated
with the NiTi specimens differing in chemical composition and
surface roughness. Summarized data for three specimens of each
type.

Specimen
Average number of
colonies in a well

Average number of
colonies in a well per

square centimeter

NiTi-AG 118 14.3

NiTi-AG 115 14.1

NiTi-AJ 109 12.3

NiTi-BJ 111 13.8

NiTi-AH 116 14.9

NiTi-BH 106 13.2

Control 149 14.9

The cell distribution in the form of closed and open cell
layers on the specimen surfaces presumably depends on the
surface morphology and roughness of the test specimens
because, as shown above, their chemical compositions are
alike and are nontoxic to MSCs.

The data of fluorescence microscopy of the ion-
implanted NiTi-AG/AH/AJ and NiTi-BG/BH/BJ specimens
after MSC cultivation demonstrate, among other things,
that the largest number of cell colonies is found on the
smooth Si-implanted surface (NiTi-BJ specimens), whereas
the smooth Zr-implanted surface (NiTi-BG specimens) is
least populated by cell colonies (Table 4). The rough Zr-
and Si-implanted surfaces (NiTi-AG and NiTi-AJ specimens,
resp.) are almost equally populated by cell colonies, but their
number is larger than that on the NiTi-BG specimens. The
Ti-implanted surfaces, no matter what their roughnessis,
are almost identically populated by cell colonies, but their
number is larger than that on the surfaces of the NiTi-BG,
NiTi-AG and NiTi-AJ specimens and is smaller than that
on the surfaces of the NiTi-BJ specimens. In other words, a
clearly defined trend toward regular variations of the number
of colonies on the specimens is observed depending on the
physicochemical and geometric (topographic) properties of
the ion-implanted surfaces.

When cultivated with the ion-implanted specimens, the
MSCs were attached to the well surface retaining their
fibroblastic morphology and capability for proliferation and
formation of colonies. The number of colonies grown with
the test specimens was comparable to the number of colonies
found in cultivation of the cells without the specimens
(Table 3). Thus, the test specimens have no effect on the
formation of colonies and are nontoxic to the MSCs.

According to the data presented in Table 3, the NiTi
specimens have no effect on the formation of colonies and are
nontoxic to MSCs. Hence, it can be supposed that different
numbers of colonies on the specimen surfaces owes to an
individual and unique range of physicochemical, morpho-
logical, and topographic properties which were ensured by
appropriate surface treatment and which are likely to be
responsible for survivability of the cells on the surface:
attachment, spreading, and subsequent proliferation.
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Figure 13: Fluorescence microscopy of MSCs transfected with a eGFP-N1 plasmid DNA on the NiTi-A and NiTi-B surfaces. Nuclei are
stained with DAPI; 77th day of cultivation; magnification is ×20 (a), (b) and ×10 (c), (d).

Table 4: Efficiency of the formation of colonies of MSCs cultivated on the surface of the NiTi specimens differing in chemical compositions
and roughness. Summarized data for three specimens of each type.

Specimen Number of colonies Number of colonies on the specimen per
square centimeter

average for a specimen small medium-sized large merged

NiTi-AG 13 6 1 1 5 3.9

NiTi-BG 9 4 3 2 — 1.6

NiTi-AJ 20 7 7 4 2 3.75

NiTi-BJ 38 17 15 2 4 7.35

NiTi-AH 33 13 14 3 3 4.98

NiTi-BH 27 2 16 8 1 5.27

The developed surface roughness of a specimen increases
the cell adhesion to the specimen surface [37], because
the amount of extracellular matrix adhesion proteins on a
rough surface is much larger than that on a smooth one
[38]. During the cultivation under the same conditions, the
initially rough surface of the NiTi-A specimens presumably
adsorbs more protein molecules from the culture medium to
involve them in the cell adhesion than the initially smooth
surface of the NiTi-B specimens does. At the same time,

the degree of adhesion protein adsorption from a serum-
containing culture medium is higher for rough surfaces
than for smooth ones [39]. It is conceivable that the level
of surface roughness of the NiTi-A and NiTi-AG/AH/AJ
specimens with ion-implanted surface layers makes possible
an extracellular matrix necessary for cell adhesion with more
regular spatial organization compared to that formed on
the surface of the NiTi-B and NiTi-BG/BH/BJ specimens
with ion-implanted surface layers. As shown in [39], the
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best adhesion and proliferation of cells is furnished by
fibronectin molecules whose spatial interrelation owes to
roughness due to particles of size ∼200 nm rather than
by fibronectin molecules discretely adsorbed on a smooth
surface or surfaces of roughness due to particles of different
size.

4. Conclusion

Thus, the research results allow the following conclusions.

(1) The chemical and physical parameters of the surfaces
of all examined specimens suggest that before ion
beam treatment the specimens of two NiTi-A and
NiTi-B series are alike in chemical composition and
are different only in morphology and roughness
level. The ion beam treatment changes not only the
chemical composition on the specimen surfaces, but
also the surface morphology such that the roughness
of the smoothest surfaces increases greatly and that of
the rougher surfaces, on contrary, decreases.

(2) The experiments demonstrate that neither the unim-
planted NiTi-A and NiTi-B specimens, nor the
ion-implanted NiTi-AG/AH/AJ and NiTi-BG/BH/BJ
specimens reveal cytotoxic action on rat MSCs.
Moreover, it is shown that the chemical composition
of the NiTi specimen surfaces before and after ion
implantation does not produce any damaging action
on MSCs. At the same time, the experiments suggest
that the NiTi-A and NiTi-B specimens fail to stim-
ulate the proliferation of MSCs and this allows the
assumption of bioinertness of their surface layers. On
contrary, the NiTi-AG/AH/AJ and NiTi-BG/BH/BJ
specimens with ion-implanted surface layers reveal
properties favorable for proliferation of MSCs on
their surfaces. Detailed studies of these specimens are
expected in the near future.
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2 Max Planck Institute for Intelligent Systems (Formerly Max Planck Institute for Metals Research), Heisenbergstrβe. 3,
70569 Stuttgart, Germany

3 Materials Research Institute, Aalen University, Beethovenstraβe. 1, 73430 Aalen, Germany

Correspondence should be addressed to S. P. Dash, saroj.dash@chalmers.se

Received 30 June 2011; Revised 20 September 2011; Accepted 20 September 2011

Academic Editor: Adam Georg Balogh

Copyright © 2012 S. P. Dash et al. This is an open access article distributed under the Creative Commons Attribution License,
which permits unrestricted use, distribution, and reproduction in any medium, provided the original work is properly cited.

In order to obtain high spin injection efficiency, a ferromagnet-semiconducor Schottky contact must be of high crystalline quality.
This is particularly important in the case of ferromagnet-silicon interfaces, since these elements tend to mix and form silicides.
In this study Co-Si (100) interfaces were prepared in three different ways: by evaporation at room temperature, low temperature
(−60◦C), and with Sb as surfactant, and their interface structures were analyzed by high-resolution RBS (HRBS). In all cases more
or less strong in-diffusion of Co with subsequent silicide formation was observed. In order to prevent the mixing of Co and Si,
ultra thin MgO tunnel barriers were introduced in-between them. In situ HRBS characterization confirms that the MgO films
were very uniform and prevented the mixing of the Si substrate with deposited Co and Fe films effectively, even at 450◦C.

1. Introduction

Exploiting the spin of the electron in addition to its charge
to explore a new generation of spintronic devices which
will be smaller, more versatile and more robust than those
currently making up silicon chips have both fundamental
and technological importance [1–7]. High spin polarization
of Co at room temperature (∼40%) [8] and expected long
spin coherence length in Si (longer than micrometers) [9]
make the material couple Co and Si attractive for spin
injection experiments. In such a heterostructure of a Co thin
film on a Si substrate, any structural disorder at the interface
would drastically reduce the spin polarization at the interface
and, hence, the spin injection efficiency [10–15]. If a small
amount of Co diffuses into the Si, each such Co atom will be
likely to carry a local magnetic moment oriented randomly
with respect to the magnetization direction of the Co thin
film. They will scatter the injected spin polarized electrons,
thereby degrading their spin polarization [14, 15].

Co and Si are known to form various types of silicides
that exhibit different degrees of magnetization, that is,

nonmagnetic, paramagnetic, or ferromagnetic. When spin-
polarized electrons pass through such a silicide region,
their polarization is very likely to degrade. The processes
involved have not been treated completely and in detail up
to present, but the following effects may play an important
role: electrons enter a region of different magnetization
(magnitude or orientation). Electrons pass a rough interface
between regions of different magnetization; such rough
interfaces are known to cause strong depolarization [10].
In paramagnetic areas the magnetic moments commonly
are not oriented; similarly to the above case of isolated Co
atoms they will scatter the injected electrons. In a similar
way any kind of magnetic defect may work. One also should
not forget about the depolarizing influence of the various
Schottky contacts between different silicides.

Thus in order to control and improve the properties
of the interface, a detailed understanding of its structure is
necessary. In this paper we present results where we studied
the Co-Si (100) interface prepared in four different ways: (1)
by deposition of Co at room temperature, (2) by deposition
of Co at low temperature (−60◦C), (3) by deposition of Co
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at room temperature using Sb as surfactant, and (4) with
a MgO tunnel barrier at the Co-Si interface. The different
types of interfaces were analyzed in situ, that is, during
preparation by high depth resolution Rutherford backscat-
tering spectroscopy (HRBS). The HRBS data in turn provide
depth profiles of Co, Si, Sb, Mg, and O with monolayer
depth resolution. In this way they give information about the
sharpness of the interface and the homogeneity of the Co and
MgO thin films and allow in particular identifying various
types of cobalt silicides as a function of depth. The data on
the Co-Si Schottky interface have been published before in
three publications [16–18] and are here summarized in a
comparative way. The data on the MgO tunnel barrier are
new.

2. The Direct Co-Si (100) (Schottky) Interface

2.1. Introduction. The phenomena observed at the initial
stages of Co deposition on a Si substrate seem to be unique
and depend on the preparation conditions and are still
discussed controversially [19–23]. About the growth mode of
Co on Si, Cho et al. [19] suggested that the Co atoms grow
in a layer-by-layer mode, without any interdiffusion, whereas
Meyerheim et al. [20] and Rangelov et al. [21] could see an
in-diffusion of Co atoms for coverages higher than 0.5 ML
of Co. For the Si (100) surface, AES and surface-extended X-
ray-absorption fine-structure (EXAFS) measurements [19–
23] showed that one can distinguish between several stages
of the initial adsorption of Co on Si (100) surfaces at room
temperature. About the atomic positions of Co atoms on
Si (100) (see Figure 1), Meyerheim et al. [20], Scheuch
et al. [22], and Gomoyunova et al. [23] found that Co is
adsorbed in fourfold hollow sites (nearly in plane, d ≈ 0)
in every second (110) row of the Si (100) surface. Cho
et al. [19] have found that the preferred adsorption sites
are on top of a Si dimer (T4 sites) and sites spanning
the (110) trench (HB sites). However, density functional
calculations [24] suggested that the T4 and HB sites are
energetically unfavourable (see Figure 1). Concerning the
positions of the in-diffused Co atoms, Meyerheim et al. [20]
could distinguish between several stages of growth. In the
regime of 0.5–2.5 ML, Co atoms diffuse into the Si lattice
occupying interstitial sites, for the regime above 2.5 ML the
substitution of the Si host atoms by Co takes place, and for
coverages above 19 ML a locally ordered metallic overlayer
starts to grow.

Controversies also exist about the growth mode of Co.
Does there exist a critical coverage of Co for the in-diffusion
of Co and the out-diffusion of Si atoms? How thick is the
silicide layer formed at the interface, what is its chemical
composition, and which are the diffusing species at different
stages of growth?

In a previous letter [16] we have addressed some of these
controversies by an in situ investigation of the growth of thin
Co films (0.08–2.93 ML) on Si (100) at room temperature
with high-resolution Rutherford backscattering spectrome-
try (HRBS). It turned out that Co diffuses into the Si bulk
right from the beginning, that is, already at a Co coverage as
low as 0.08 ML. For higher coverage various silicide phases

start to grow at the surface, but no pure Co film, even at
the highest coverage (2.93 ML of Co) is investigated in this
study. In order to reduce the in-diffusion of Co and the out-
diffusion of Si and to enhance the growth of layers of pure Co
two ways were followed in two subsequent investigations: (a)
Co deposition was done while keeping the substrate at lower
temperature, –60◦C [17]; (b) a thin layer of surfactant (1 ML
of Sb) was used to reduce the amount of out-diffusion of Si
to the surface during Co deposition [18]. Both techniques
were helpful to reduce the silicide formation to some extent
but could not stop it in total. The results of these three
investigations are reported in a summarized version in the
subsequent Sections 2.2 and 2.3.

2.2. Experimental. The in situ HRBS measurements were
performed in an ultra high vacuum (UHV) system con-
sisting of a preparation chamber, connected to a Pelletron
accelerator, and an electrostatic spectrometer [25] for energy
analysis of the scattered ions. In case of room temperature
(RT) and low-temperature (LT) deposition of Co, 2 MeV N+

ions at incidence angles of 2◦ to the sample surface and
at a scattering angle of 37.5◦ were used for the HRBS
analysis. The energy resolution of the spectrometer setup
was 4 keV in this case which corresponds to 1 Å depth
resolution in Si and 0.5 Å in Co. In two cases (surfactant-
mediated deposition and RT deposition of higher amounts
of Co, Figure 4) 2 MeV He+ ions were used for analysis
with incidence angles of 7.5◦ and 4.5◦, respectively, but the
same scattering angle of 37.5◦. According to this scattering
angle all analysis experiments presented here are actually
“forward scattering experiments”, but from principle forward
and backscattering are all Rutherford scattering. And since
Rutherford backscattering spectroscopy (RBS) is the far
better known technique, we will call it HRBS in the following.
We also want to note that, in order to minimize effects of
radiation damage due to the ion beam, a new beam spot on
the Si wafer was used for each measurement. Control spectra
was taken on the same spot to estimate the influence of
radiation damage and potential mixing, but within statistical
errors no effect was found.

For the deposition experiments chemically cleaned n-
Si (100) with resistivity of 4–10Ω cm (P doped) were used
which were further cleaned in UHV by flash heating at
950◦C. From this temperature the samples were slowly
cooled down to RT or −60◦C, depending on the experimen-
tal requirement. These temperatures were maintained as well
during Co deposition as during the HRBS measurements.
The surface cleanness of the Si samples was verified by HRBS
measurements (sensitivity about 5%). Co with 4 N purity
was evaporated from an effusion cell at a rate of 0.05 ML/min
(1 ML = 6.87 × 1014 atoms/cm2 = number density of Si
(100) layers). Before use the effusion cell was outgassed; no
C or O contaminants were found during evaporation. The
evaporation rate was calibrated by HRBS with an accuracy
of about 5%. As mentioned above, each HRBS spectrum
was taken on a new spot (size ∼1 mm2) to minimize the
influence of radiation damage. In the case of surfactant-
mediated growth of Co, 1 ML of Sb was deposited before the
evaporation of Co. This monolayer of Sb was supposed to
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Figure 1: The initial Co adsorption sites T4, HB, HH, and T3 on the Si (100)-(2 × 1) surface at room temperature. B2 is the “cave site” for
Mg mentioned in Section 3.3.

float at the surface of the deposited Co, in this way preventing
the outdiffusion of Si.

2.3. Results and Discussion. Figures 2(a) and 2(c) show
HRBS spectra of Co on Si (100) during the deposition of
small amounts of Co (less than 3 ML) for the substrate
temperatures of 20◦C and −60◦C, respectively. In addition,
Co depth profiles are shown in Figures 2(b) and 2(d) as
obtained from the spectra by simulating the spectra with
the computer code RUMP [26]. In these simulations the Si
sample was subdivided into monolayers of Si (each 6.87 ×
1014 atoms/cm2 thick) and the Co concentration in each layer
adjusted until an optimum fit between simulation and HRBS
spectrum was obtained. As is obvious from the spectra, Co
atoms diffuse into the Si sample right from the beginning of
the deposition at both deposition temperatures—as expected
to larger depths for the higher temperature. As seen further,
an enrichment of Co is present in the top-most layers which
is the first Si layer at 20◦C (layer 0 in Figure 2(b)) and the first
adsorption layer at −60◦C (layer +1 in Figure 2(d)). Besides,
the deposition at RT leads to the development of a subsurface
enrichment of Co (about 2-3 Si layers below the surface, see
Figure 2(a)). This is similar to results about a subsurface Au-
enriched phase in a liquid AuSi alloy [27]. In these systems
such a configuration is stabilized by the minimization of
the free energy, essentially consisting of atomic binding and
surface energies, and the entropy of mixing. In solids strain
energy enters in addition. At low temperature, a different
depth profile is observed. It consists of a diffusion profile,

overlaid by oscillations (Figure 2(c)). The oscillations are due
to the fact that every second Si layer is Co depleted. This is
similar to the model for the diffusion microstructure of Ni
in Si (100) by Chang and Erskine [28] and the distribution
of metal atoms in metal alloys like Cu3Au [29] close to
the surface. A similar behaviour is also observed for the
growth of Fe on Si (100) at very low coverage at room
temperature [30]. Again such a configuration is stabilized
by the minimization of the Gibbs-free energy, consisting of
atomic binding, strain and surface energies, and the entropy
of mixing.

With increasing amounts of deposited Co (see Figures 3
and 4), first various types of partially also stoichiometric
silicides appear at the surface until, finally, layers of pure Co
grow on top of them. However, great differences are observed
as well in the onset of the growth of pure Co layers as in the
composition and distribution of the silicides. They seem to
depend strongly on the growth conditions, that is, growth
at RT, LT, or with Sb as surfactant. While for Co deposition
at RT the formation of such a pure layer of Co is first seen
at an amount of about 23 ML of deposited Co (Figure 3),
it is already observed for amounts of about 6 ML of Co
for LT (Figure 3) and 3 ML of Co for surfactant-mediated
deposition (Figure 4). Concerning silicide formation, at
RT deposition almost stoichiometric CoSi (below 6 ML:
Co0.6Si0.4, above 6 ML: Co0.5Si0.5) forms at the interface
which grows thicker and thicker (Figures!3 and 4). Only at
high amounts of deposition also other phases form as kind
of transition between Si bulk and CoSi, and CoSi and Co at
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Figure 2: Co on Si (100), low coverage (≤1.3 ML). Panels at the left-hand side: Co edge of HRBS spectra (circles) and RUMP simulations
(solid lines). Panels at the right hand side: Co concentrations as determined by the RUMP simulations versus depth (depth scale: monolayers
of Si, each 6.87 · 1014 at./cm2 thick). (a) Co deposition at RT. The peaks between 1800 and 1810 keV are due to backscattering from Co at
the surface, the other peaks in the range of 1785–1800 keV due to Co atoms in the Si bulk (subsurface enrichment). (b) Co concentration
profiles (Co/Si) in subsequent layers of the sample as obtained from (a) by RUMP simulations. Layer 0 is the topmost Si layer; −1, −2, −3,
−4, and −5 are subsequent layers in the bulk. Note that the y-axes for 0.08 and 1.19 ML have scales different from others. (c) Co deposition
at −60◦C. The peaks between 1800 and 1805 keV are due to backscattering from Co at the surface. The oscillations in the Co concentration
mentioned in the text are clearly visible. (d) Co concentration (Co/Si) in the various Si (100) layers of the Si crystal as derived from (c) by
RUMP simulations. Layer 1 (hatched column) corresponds to Co atoms on top of the Si crystal, layer 0 is the first Si layer, and layers −1, −2,
−3, and −4 are subsequent layers in the Si bulk (solid columns).

the surface: at the Si-CoSi interface a CoSi2-like phase and
towards the surface a Co2Si phase. This is different for LT
and surfactant-mediated deposition. At LT deposition the
Co0.5Si0.5 phase forms at the interface, followed by a low-
concentration tail of Co towards the Si bulk (Figure 3). It is
similar to the case of surfactant-mediated deposition. Here

the “Co tail” consists of a layer of 10 ML of CoSi2 at the
interface and another 7 ML of CoSi4 towards the Si bulk
(Figure 4). This interface structure stabilizes at 19 ML of
deposited Co and stays like this up to the highest amount
of Co deposited in this investigation, that is, 38 ML. It is
interesting to note that the surfactant Sb stays, as expected, at
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Figure 3: HRBS spectra of both the Si and Co edges: (a) 5.93 ML of Co deposited at −60◦C and (b) 23.42 ML of Co deposited at room
temperature (22◦C), together with simulations of the spectra by RUMP (solid lines through the data). The insets show the Si and Co
concentrations at the interface as obtained from the RUMP simulations (depth scale: monolayers of Si, each 6.87 · 1014 at./cm2 thick). The
right hand side of the concentration profiles corresponds to the free surface of the Co/Si. Layer 0 was deliberately put into the Si bulk.

the surface of the sample during deposition (see Figure 4(b)).
Only at larger amounts of deposited Co some mixing of Sb
and Co occurs.

In Figure 5, finally, the Co and Si depth profiles for the
thickest deposited layers of Co as obtained from the RUMP
simulations are compared for the three different deposition
conditions. As already stated above, the structures of the Co-
Si interfaces exhibit marked differences. for Co deposition at
RT (23 ML, Figure 5(c)) a broad layer of Co0.5Si0.5 (18.8 Å) is
formed between two thin transition layers of CoSi2 (2.2 Å)
and Co2Si (3.75 Å). Only a very thin layer of pure Co is
present. For Co deposition at LT (5.93 ML, Figure 5(b)) also
in this case thin layer of Co0.5Si0.5 exists at the interface with
a thin layer of pure Co on top. (The thinness of this layer is
due to the small amount of deposited Co. It would certainly
grow for higher amounts of Co.) But here a long tail of
different low-Co concentration silicides is observed towards
the Si bulk. For surfactant-mediated deposition a similar tail
of low-Co concentration silicides is found, but in this case
it consists, as said above, of two well-defined silicides with
stoichiometric compositions: 10 ML of CoSi2 and 7 ML of
CoSi4. The Co0.5Si0.5 phase, present in the other cases, could
not be found.

It should be noted that in all cases flat surfaces are main-
tained during Co deposition. No roughening is observed;
it should show up in rounding off of the high-energy edge
of the HRBS spectra [31] which is absent in all cases. At
higher amounts of deposited Co even a layer-by-layer growth
occurs. This is perhaps most evident from the HRBS spectra
of Sb-mediated growth at RT from Figure 4(b). Here the

high-energy Si edge shifts almost parallel with increasing Co
deposition, since a homogeneous Co film builds up on top.
No Si is found at the surface; only the Co film is getting
thicker. This is a clear indication of Sb working as surfactant
properly: due to its low surface energy Sb suppresses the
segregation of Si at the surface and apparently also the
formation of additional silicides at the interface. This is
different for RT deposition of Co without Sb as surfactant.
Here right from the beginning a CoSi-like phase is formed
continuously, until a large amount of deposited Co (about
16 ML) first a Co2Si phase and finally (after about 23 ML of
Co) a film of pure Co starts to grow. But also here no Si is
segregating at the surface in the form of a layer of pure Si.
This would definitely be visible in the Si HRBS spectrum of
Figure 4(a). These observations contrast to a certain degree
to the findings of a very recent paper by Pronin et al. [32].
There the authors studied RT deposition of Co on Si (100) by
high-resolution photoelectron spectroscopy and a few other
techniques in a thorough investigation. The authors claim
the segregation of a Si surface layer and, besides, the growth
of a layer of pure Co, starting at a Co coverage of about
0.7 nm. Both findings seem not to be in agreement with our
observations. It will be interesting to solve this riddle and find
a solution which satisfies both investigations.

We finally want to note that there exist differences in the
surface energy of the Cobalt spectra presented in different
panels. They are due to slightly different incident energies
of the ion beam, since the experiments were performed on
different days.
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Figure 4: Co on Si, higher coverage (≥2 ML). Panels at left-hand side: Co and Si (and Sb) HRBS spectra (circles) and RUMP simulations
(solid lines). Panels at the right-hand side: Co and Si concentrations as derived by RUMP (depth scale: monolayers of Si, each 6.87 ·
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3. The Co-Si (100) Interface with
a MgO Tunnel Barrier

3.1. Introduction. As evident, for example, from the results
presented in Section 2, Co-Si (100) interfaces are in no way

sharp with an abrupt transition between Co and Si but show
diffusion of Co and Si with spontaneous silicide formation
at the interface at room temperature [16, 20] and even
below room temperature [17]. This structural disorder at
the interface would drastically reduce the spin-polarization
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Figure 5: Co and Si (and Sb) concentrations as derived by RUMP simulations from the HRBS data of Figures 3 and 4. (c) Growth of 23.4 ML
of Co on Si at room temperature, (b) 5.93 ML of Co deposited at low temperature (−60◦C), and (a) growth of 19 ML of Co on Si with Sb as
a surfactant. They seem to be representative for the interface structure in a stationary state. The free surface of the three samples is located at
the right-most rim of the profiles. Layer 0 was deliberately put into the Si bulk.

at the interface and, hence, the spin injection efficiency [15].
On the other hand, tunnel barriers in between a ferromagnet
and a semiconductor have proven to be high-quality spin-
selective barriers in a prototype GaAs system [33, 34] and,
most recently, in the case of Si [1, 10–12, 35–37]. Using a
tunnel barrier on Si has mainly two advantages: (i) it forms
a chemical barrier between the FM and the Si and (ii) it
has a good spin-selective tunnel resistance. When an Al2O3

tunnel contact is used [1, 10–12, 35, 36], the maximum
spin injection that can be achieved might be limited by
the scattering and depolarization of spin-polarized carriers
due to its amorphous nature. An alternative approach for
increasing the spin polarization is to use a crystalline MgO
tunnel barrier. There a large spin polarization (∼50%) was
achieved using a CoFe/MgO tunnel injector on a GaAs LED
structure [34].

In the present study magnesium oxide (MgO) was chosen
as tunnel barrier on Si for several reasons. (i) It is chemically
inert and thermally stable and should, therefore, result in
sharp interfaces with both Si and ferromagnetic metals,
(ii) MgO has a wide band gap (7.3 eV), ensuring a large
band offset with Si to minimize leakage currents, and (iii)
the crystalline properties will facilitate coherent tunnelling
of spin polarized electrons. MgO is a highly insulating
crystalline solid with NaCl structure. The lattice constant
of MgO is 4.211 Å, whereas that of Si is 5.431 Å, implying

a direct lattice mismatch of −22.5%, but there is a near
commensurate match with Si at a 4 : 3 ratio of the lattice
constants (four MgO to three Si lattice constants). Fork et
al. first reported epitaxial growth of thick MgO films on Si
(100) by pulsed laser deposition [38]. The interface with Si
was found to be incommensurate but abrupt and free from
secondary phases or interdiffusion. Also for the case of an
ultra-thin MgO film on Si (100), the interface is expected
to be incommensurate at the early stages of growth due to
the presence of large lattice mismatch. So the minimization
of the defect density in the epitaxial growth of an ultra-thin
MgO film on Si (100) can be a real challenge.

For the realization of a high tunnelling magneto-resistive
effect, the ultra-thin MgO barrier on Si should satisfy certain
important issues. First, the tunnel barrier should be pin-
hole free: the requirement for low-resistance tunnel junctions
pushes the barrier thickness to lower length scales, making
barrier pinholes a real and significant problem. The relative
contributions from the two conduction channels—elastic
tunneling through the insulating spacer and ballistic spin
polarized transport through the narrow pinhole shorts—can
also change the magnetoresistive response [39]. Secondly, the
thermal stability of the ferromagnetic metals on thin tunnel
junctions is important, due to compatibility issues with
existing complementary metal-oxide semiconductor CMOS
processes, that is, for the production of magnetic random
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Figure 6: (a) HRBS spectra of a Si sample before and after MgO evaporation. Before evaporation: spectrum of the high-energy Si edge
(solid circles) and RUMP simulation (solid line) of the clean Si. After MgO evaporation: spectrum of Si with Mg and O peaks of the 18.3 ML
thick MgO film on top (open circles) and RUMP simulation (solid line) of the 18.3 ML thick MgO film as prepared on Si (100) surface.
The spectrum shows that the MgO film is very uniform. Surplus oxygen at the surface of the MgO film is clearly visible. (b) HR-TEM cross-
sectional micrograph of a Si (100)/MgO (18.3 ML)/Co structure. The lines have been added at the interfaces to aid the eye in distinguishing
the layers of small contrast difference.

access memories and for sensor applications where high-
temperature operation can be important. Also the thermal
stability of magnetic tunnel junctions is of considerable
interest because their performance has been shown to be
improved by annealing [40]. The third important issue is
that of the optimization of the resistance-area product of
such tunnel barriers. Fert and Jaffer’s calculations reveal that
a reasonable value of the magnetoresistance (MR) can only
be obtained in the FM/I/Si/I/FM structure if the resistance-
area (RA) product of both FM/I/Si contacts is in a relatively
narrow range [41].

In Section 3 the growth and characterization of ultra-thin
MgO films are explored on Si (100) by reactive molecular
beam epitaxy. Its interface with the Si substrate and the
ferromagnetic metal has been studied by in situ HRBS and
ex situ HR-TEM. The thermal stability of ultra-thin Co (and
also Fe) films on such MgO tunnel barriers has been verified
by thermal annealing and in situ HRBS measurements. The
issue of tailoring the resistance-area product of the tunnel
contact has been addressed by down-scaling the barrier
thickness to the sub-nanometer regime and, in other way, by
producing oxygen deficient tunnel barriers.

3.2. Experimental. Equilibrium thermodynamic data suggest
that MgO is stable against the formation of interfacial
compounds with Si. But in the case of reactive molecular
beam epitaxy where metallic Mg is used as the cation source
along with (an oxidising background source of) O2 gas,
kinetic limitations may supplant equilibrium considerations.
Potential aggravating effects are (i) substrate oxidation prior
to initiation of film growth and (ii) magnesium silicide
formation at the interface. These effects correspond to
the two extremes in growth conditions, requiring a better
understanding of their relative importance. It is therefore

important to find an appropriate growth regime that at least
partially overcomes these effects. In the sample preparation,
precautions were taken to avoid the above mentioned effects
by a particular growth procedure. First 0.5 ML of Mg was
evaporated on cleaned Si (100) which is expected to occupy
the cave sites (see Figure 1) on the Si (100) surface without
any silicide formation [42–44] and then oxygen was streamed
into the chamber. In this way both, silicide formation and
also the oxidation of Si could be avoided. The growth
of the stoichiometric MgO films was then continued by
evaporating Mg at a rate of 1 ML/min at an oxygen pressure
of 1 × 10−7 mbar. On top of these MgO films thin films of
Co (3 ML) or Fe (4 ML) were deposited by evaporation with
a Knudsen cell in a some cases.

For characterizing these ultra-thin MgO tunnel barriers
in atomic detail again in situ HRBS was used. The mea-
surements were carried out in the same way as described
in Section 2.2. 2 MeV N+ ions at an incidence angle of 10◦

to the sample surface and a scattering angle of 37.5◦ were
used for the analysis, if not stated otherwise. n-type Si (100)
samples with resistivity 4–10Ω-cm (P doped) were cleaned
in UHV by flash heating at 1050◦C. The surface cleanness of
the Si samples was verified by HRBS measurements. Before
use the effusion cell was outgassed; no C or O contaminants
were found during evaporation. The evaporation rates of the
metals to be evaporated, Mg, Co, and Fe, were calibrated by
HRBS with an accuracy of about 5%. In addition HR-TEM
measurements were carried out to reveal the structure of the
MgO tunnel barrier and its interfaces.

3.3. Results and Discussion

3.3.1. MgO Tunnel Barrier on Si. Figure 6(a) shows the HRBS
spectra of the Si sample before and after the evaporation
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Figure 7: HRBS spectra of grown and thermal stability of ferromagnetic metal films (Co, Fe) on a MgO tunnel barrier/Si (100) structure.
(a) Growth of Co (0.05–3 ML) using 2 Mev N+ ions for analysis at an incidence angle of 8◦. RUMP simulation is also shown for 3 ML of Co.
(b) Growth of Fe (0.05–4 ML) using 2 Mev He+ ions at an incidence angle of 3◦. RUMP simulation is also shown for 4 ML of Fe. (c) HRBS
spectra of 3 ML of Co as prepared (open circles) and after annealing at 450◦C for 15 min (solid line). (d) HRBS spectra of 3 ML of Fe as
prepared (open circles) and after annealing at 450◦C for 15 min (solid line). No major changes are visible.

of 18 ML of MgO. The high-energy edge of the clean Si
sample is at 1620 kev. After the evaporation of the MgO
layer the Si surface edge is shifted almost parallel to lower
energies (1600 keV), besides a slight kink at about 2/3 of the
spectrum height (see the following). The two peaks, observed
on the Si background spectrum at 1560 keV and 1350 keV,
are due to the Mg, and O in the grown MgO thin film on
the Si substrate, respectively. The spectrum was simulated by
the program RUMP [26], in order to obtain more detailed
information about the thickness and composition of the
MgO film, and its interface structure with Si. In these
simulations the sample was subdivided into thin sublayers
of the thickness of 1 × 1015 atoms/cm2. The composition of
each sublayer was varied and the HRBS spectrum calculated
for the assumed Mg and O concentrations and depth

distributions until good agreement with the experimental
data was achieved. According to these results the grown MgO
film on the average is about 18.3 ML thick, has a more or
less sharp interface with Si (uncertainty about 1 ML), and
exhibits the composition Mg0.5O0.5, with the exception of a
very thin surface layer (2 ML) which has the composition
Mg0.3O0.7, that is, exhibits an O surplus (roughly 1 complete
ML). This increased O content of the surface layer is well
visible in the oxygen spectrum of Figure 6(a) and may be
due to the fact that some residual oxygen gas was left in the
preparation chamber after closing the oxygen bottle and so
on the surface of the MgO film.

The almost parallel shift of the high-energy edge of Si
gives strong evidence that the MgO layer is quite uniform
in thickness and that no excessive island formation has
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occurred. From the RUMP simulation, a thickness fluctua-
tion of the MgO thin film of only 2 ML is found (indeed the
slight kink in the Si slope mentioned above indicates that
about 1/3 of the MgO layer has a thickness of 19 ML and
2/3 a thickness of 18 ML). It is to be noted that in case of
the presence of excessive island growth the Si high-energy
edge would not shift in such a parallel manner. Besides, the
almost trapezoidal shapes of the Mg and O parts of the
spectrum are indicative of a very homogeneous MgO layer;
here, island growth would have resulted in a more triangular
shape. From the comparison with the RUMP simulation the
MgO-Si interface was found to be very sharp, hence ruling
out the formation of extended Mg-silicide phases or a strong
oxidation of the Si surface.

In general, the presence of pin-holes in ultra-thin films is
a real and serious problem [39]. In order to further verify the
very positive properties of the MgO barrier, HR-TEM studies
were carried out. Figure 6(b) shows an HR-TEM micrograph
of a Co/MgO (18 ML)/Si (100) heterostructure. The image
shows a good morphology with rather smooth and flat layers.
the MgO layer has crystalline structure and a very sharp
interface with Si. The results confirm the good homogeneity
of the film derived from the HRBS results. TEM pictures
taken from various parts of the film (not shown here) show
that this MgO film does not have pin-holes.

3.3.2. Growth of Ferromagnetic Metal on MgO Tunnel Barrier.
Thin layers of the ferromagnetic metals Co and Fe were
grown on these MgO tunnel barriers. The layers were
characterized in situ by HRBS 2 MeV N+ ions at an incidence
angle of 8◦ and 2 MeV He+ ions at an incidence angle of 3◦

to the sample surface for Co and Fe cases, respectively. The
scattering angle was 37.5◦ for both cases. The HRBS spectra
at the energy edges of Co and Fe are shown in Figures 7(a)
and 7(b), respectively, for various film thicknesses. From
the very beginning of growth of both Co and Fe (0.05 ML),
island growth is evident because of the presence of long
tails of the HRBS peaks towards lower energies. This is
quite understandable because of very different surface-free
energies of MgO (1.1 J/m2) at the one hand and Co or Fe
(∼2.9 J/m2) on the other hand. So layer-by-layer growth is
not favoured for ferromagnetic metals on MgO. In order
to obtain detailed information about the growth, the HRBS
spectra of the 3 ML Co and 4 ML Fe thin films were
simulated by the program RUMP with the built-in routine
“FUZZ” which simulates thickness fluctuations in a layer.
The data could best be fitted by assuming the growth of pure
ferromagnetic metal (Co, Fe) films of a roughness of ∼2 ML
(standard deviation).

3.3.3. Thermal Stability of Ferromagnetic Films on the MgO
Tunnel Barriers. The thermal stability of the MBE-grown
ferromagnet-MgO tunnel junctions on Si (100) was studied
by annealing them at 450◦C for 15 min and analyzing them
in situ by HRBS. The HRBS spectra of the 3 ML Co and 4 ML
Fe films evaporated on such MgO tunnel barriers are shown
in Figures 7(c) and 7(d) in the as-prepared and the annealed
state. As evident from the figures, the Co and Fe profiles
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Figure 8: Sub-nanometer thick MgO: HRBS spectra before and
after MgO evaporation. HRBS spectra at the Si edge before MgO
evaporation (solid circles) and RUMP simulation (solid line) of the
clean Si. After MgO evaporation: HRBS spectra at the Si, Mg, and O
edges (open circles) and RUMP simulation (solid line) of the 7.7 ML
thin MgO layer as prepared on the Si (100) surface.

do not show any change upon annealing. This means that
they are thermally stable up to 450◦C. The slight increase in
the maximum count rate of the Fe spectrum after annealing
is probably due to the fact that the Fe film becomes more
homogeneous after annealing. The great thermal stability of
these Co and Fe films should be compared with the thermal
behaviour of Co and Fe films on pure Si (100) substrates.
In the latter case strong in-diffusion of the metals and out-
diffusion of Si is observed which leads to pronounced silicide
formation (see Section 2 and [44, 45]). Nothing like this is
observed in the present case which means that the barrier
is stable against diffusion and does not show pin holes to a
larger amount.

3.3.4. Optimization of Resistance-Area Product. The issue
of tailoring the resistance-area product of a ferromagnetic
metal-MgO-Si structure has been addressed by (i) scaling
down the thickness of the MgO film into the sub-nanometer
regime and (ii) producing tunnel barriers having less oxygen
content. Both procedures should result in a reduced resistiv-
ity of the tunnel barrier.

(i) Downscaling of MgO Tunnel Barrier Thickness. Following
the motivation to decrease the resistance-area product of the
tunnel junctions, an ultra-thin MgO tunnel barrier with a
thickness in the sub-nanometer regime has been fabricated.
As the oxide thickness is decreased below 1 nm, meeting the
reliability specifications becomes even more challenging.

The HRBS spectrum of an ultra-thin and stoichiometric
MgO tunnel barrier prepared on Si (100) is shown in
Figure 8, before and after the evaporation of MgO. After
evaporation of MgO, the Si surface edge is shifted almost
parallel towards lower energies, besides again a slight kink at
about 1/3 of the height of the Si spectrum. This kink indicates
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Figure 9: (a) HRBS spectra of a Si sample before and after MgO evaporation. Before evaporation: HRBS spectrum of the high-energy edge
Si edge (solid circles) and RUMP simulation (solid line) of the clean Si. After MgO evaporation: HRBS spectrum at Si, Mg and O edges (open
circles) and RUMP simulation (solid line) of the 23 ML MgO as prepared on a Si (100) surface. (b) HR-TEM cross-sectional micrograph of
a Si (100)/MgO (23 ML)/Co structure.

that about 2/3 of the film has a thickness of 8 ML and about
1/3 a thickness of 7 ML. The two peaks at 1560 keV and
1350 keV are again due to Mg and O in the MgO thin film,
respectively. The grown MgO film is on the average about
7.7 ML thick with a thickness fluctuation of about 1 ML, has
a rather sharp interface with Si, and exhibits a composition
of Mg0.5O0.5. The (almost parallel) shift of the Si surface edge
towards lower energy is due to complete coverage of the Si
surface by the MgO layer. The MgO-Si interface was found
to be rather sharp from the simulation (uncertainty about
1 ML), hence ruling out the formation of an extended silicide
phase or strong oxidation of the Si surface.

(ii) Oxygen Deficient Tunnel Barrier. In another step to
tailor the resistance of the MgO tunnel barrier, an oxygen
deficient tunnel barrier was prepared. In the preparation by
reactive molecular beam epitaxy, first a few monolayers of
stoichiometric MgO were grown and then the O content
was decreased towards the surface. Such an oxygen-deficient
tunnel barrier has two advantages: (1) it will exhibit a lower
resistance; (2) it will not oxidize the ferromagnetic metal
evaporated on it. The oxygen-deficient MgO barrier was
again characterized in situ by HRBS and ex situ by HRTEM to
get in-depth information about the composition, thickness,
interface quality, and structure.

Figure 9(a) shows the HRBS spectra before and after
the evaporation of MgO onto the cleaned Si (100) surface.
After evaporation of MgO the Si surface edge is again shifted
almost parallel towards lower energies. There are some slight
deviations from parallel that cannot be resolved too well
and seem to indicate some thickness fluctuations of the film
(of the order of 1-2 ML). The two peaks observed on the
Si background, at 1560 keV and 1350 keV, which are due
to Mg and O in the grown MgO thin film, now show a

different structure than in case of Figure 6(a). According
to the RUMP simulation the grown MgO film is on the
average 23 ML thick. The composition of MgO is found to
be stoichiometric Mg0.5O0.5 at the interface, but the surface
is deficient of oxygen and enriched with Mg as desired.
Besides, this can be directly seen from the spectra. Further,
the almost parallel shift of the high-energy edge of Si gives
strong evidence that the 23 ML MgOx layer is quite uniform
in thickness (as stated above with a thickness fluctuation of
1-2 ML) and no extensive island formation has occurred. The
MgO-Si interface is found to be rather sharp from the RUMP
simulation, hence ruling out the formation of any extended
silicide phase or strong oxidation of the Si surface.

Figure 9(b) shows the high-resolution TEM micrograph
of the Co/MgOx/Si (100) heterostructure. The image shows
a good morphology with extremely smooth, flat layers and
free of pin-holes. This result is in quite good agreement with
the HRBS analysis. But the MgO film in this case is found to
be amorphous in structure. So decreasing the oxygen content
in the grown MgO tunnel barrier apparently ended with an
amorphous structure.

4. Summary

In the first part of this paper results about the preparation
and investigation of Co-Si (100) Schottky interfaces are
presented. The Schottky contacts were prepared in three
ways: by evaporation at room temperature (RT), at −60◦C
(LT), and at RT with Sb as surfactant. Their structures were
in situ studied by high-resolution RBS (HRBS). In all cases
Co diffuses into the Si substrate right from the beginning,
but to a lesser degree at LT and with Sb as surfactant. For
small amounts of deposited Co (less than about 1.3 ML) a
subsurface enrichment of Co is observed for RT deposition,
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but for LT deposition kind of a diffusion profile with overlaid
oscillations. These oscillations are due to the suppression of
Co in every second Si layer.

At higher amounts of deposited Co, the formation of
various types of silicides is observed. But there exist big
differences, depending on the deposition technique. For RT
deposition about stoichiometric CoSi is formed at the inter-
face. Its thickness continuously grows with the deposition
until finally (at around 24 ML of Co) metallic Co is formed
at the surface. Only very thin layers of other silicides grow
on both sides of the CoSi layer. For LT deposition already at
about 6 ML of deposited Co metallic Co grows at the surface.
It is separated from the Si bulk by a thin layer of CoSi and
a subsequent tail of various low-Co content silicides. For Sb-
mediated deposition already at 3 ML of deposited Co metallic
Co grows at the surface. Also in this case a long tail consisting
of various low-Co content silicides extends towards the Si
bulk, but no stoichiometric CoSi is formed. As expected,
the Sb surfactant floats at the Co surface most of the
time. Only for large amounts of deposited Co some mixing
occurs.

In the second part the fabrication and characterization
of ultra-thin crystalline MgO tunnel barriers on Si (100) and
some of the important properties required for tunnel barriers
on Si have been addressed. Ultra-thin stoichiometric MgO
tunnel barriers prepared on Si (100) by reactive molecular
beam epitaxy are found to be very homogeneous, without
pin-holes, crystalline in structure, and to have a sharp inter-
face with the Si (100) substrate. Co and Fe on such a MgO
tunnel barrier were found to have island-like growth with
a rough surface, but to be quite stable up to 450◦C, which
is important for the integration into integrated circuits. In
a move to decrease the resistance of the tunnel barriers,
we have fabricated sub-nanometer thin tunnel barriers and
oxygen-deficient tunnel barriers. Ultra-thin tunnel barriers
of sub-nanometer thickness could be prepared with a sharp
interface to the Si substrate with ∼2 ML roughness. Oxygen-
deficient tunnel barriers were found to be amorphous,
but also with a sharp interface with Si (100) and quite
homogeneous. These ferromagnet/MgO/Si (100) systems are
promising for spin injection into Si.
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TiO2 thin films of a rutile, an anatase, and a mixture type with anatase and rutile were fabricated by a magnetron sputtering
method. The fabricated films were irradiated by N+ ions with several doses using the Freeman ion source. Atomic force microscopy
(AFM), X-ray diffraction (XRD), X-ray photoelectron spectroscopy (XPS), and UV-VIS spectrophotometer were employed to
investigate morphology, structure, chemical state, and optical characteristics, respectively. Photocatalytic activity was evaluated by
degradation of a methylene blue solution using UV and visible light. TiO2 thin films with each structure irradiated by N+ ions
showed the different N concentration in the same N+ ion dose and the chemical state of XPS results suggested that an O atom in
TiO2 lattice replaced by an N atom. Therefore the photocatalytic activity of TiO2 thin films was improved under visible light. The
maximum photocatalytic activity of TiO2 thin films with each structure was indicated at N concentration of 2.1% for a rutile type,
of 1.0% for an anatase type, and of 3.8% for a mixture type under the condition of 2.5× 1015 ions/cm2 in N+ ion dose.

1. Introduction

Titanium dioxide (TiO2) has been known as a photocatalyst
which is already used in various practical applications, such
as degradation of environmental pollutants and self-cleaning
of glass. Furthermore, the surface of TiO2 exhibits high
hydrophilicity under ultraviolet (UV) light irradiation [1, 2].
TiO2 shows relatively high reactivity and chemical stability
under UV light whose energy exceeds a band gap of 3.2 eV
for the anatase crystalline phase and 3.0 eV for the rutile
crystalline phase, however, UV energy accounts for only the
small fraction (∼5%) of the sun’s energy compared to the
visible light region (45%). It is the significant current to find
the material with the lower band gap which can give high
activity in the visible light region. Many methods have been
tried to achieve this purpose. Those methods were such as
incorporating metal atoms (Cr, Fe, Ni, V, or Ta) into the
lattice of TiO2 [3, 4] and doping anionic species (C, P, S, N,
or F) into the TiO2 matrix [5]. Among the doping of anionic

species, it has been reported that the N doping activated TiO2

in both regions of visible and UV light [6, 7]. The N doping
has been mainly performed by using a chemical process such
as the sol-gel [8] or a physical process such as the PLD [9].
The enhancement of the photocatalytic property of N-doped
TiO2 in visible light has been researched from the different
view about its mechanism [10–13].

Recently, some researchers have used N+ ion implanta-
tion method [14, 15] because of its advantages which were
to be able to treat at a low temperature or to be able to
easily control a doping layer [16]. Thus, the ion implantation
alternated with the high-temperature diffusion method. In
the case of N+ ion implantation into the TiO2 thin film,
this method can create oxygen vacancies to increase TiO2

activity [17] and can make TiO2 response to visible light
when N is substituted for O in the TiO2 lattice. Improvement
of photocatalytic properties of the implanted TiO2 thin film
in a visible light is due to the chemical and microstructure
changes of TiO2. Most of studies about N+ ion-implanted
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Figure 1: XRD patterns and FE-SEM cross-sectional images of the A-, R-, and M-TiO2 thin film.

TiO2 thin film [18] covered only an anatase type, while a few
papers reported about N-doped rutile TiO2, for example, the
paper mentioned difference in the response compared to N-
doped anatase TiO2 [13].

In this work, TiO2 thin films of a rutile, an anatase, and
a mixture type with anatase and rutile were fabricated by
the reactive magnetron sputtering method. The doping of
N+ ions into TiO2 thin films was performed using ion
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beam irradiation with several N+ ion doses. The chemical,
structural, morphological, and photocatalytic properties
were reported as a function of N+ ion dose. It was expected
that an N atom substituted for an O atom in the TiO2

lattice so that the photocatalytic property of the TiO2

thin film was improved under visible light.

2. Experimental Details

2.1. Preparation of Samples. The magnetron sputtering
source and the Freeman type ion source of the multiprocess-
coating system were used to fabricate TiO2 thin films and
to irradiate the TiO2 thin film by N+ ions, respectively. The
corning glass (number 1737) substrate was fixed on the
holder of the multiprocess-coating system and sputtered by
Ar+ ions for 10 min in order to clean the substrate. This
cleaning was carried out in a separated chamber before the
film fabrication process. The film deposition chamber was
pumped up by a turbo molecular and a rotary pump to reach
to the chamber pressure less than 1.3 × 10−5 Pa. The film
fabrication process was carried out by introducing an Ar gas
of 20 sccm in a flow rate near the Ti sputtering target and by
applying an input power of 100 W. Simultaneously, an O2 gas
was introduced around the substrate at 1.5 or 2.3 sccm in a
flow rate. The pressure of the film deposition chamber was
kept at 8 × 10−2 Pa in a pressure and at 573 K in a substrate
temperature through the film fabrication. The Ti-sputtering
rates were measured by using a quartz crystal microbalance
(QCM). Those were 0.025 nm/s for 1.5 sccm and 0.009 nm/s
for 2.3 sccm in an O2 gas flow rate, respectively. Because
the different sputtering rates resulted due to the surface
oxidation of a Ti target, the sputtering time was calculated
from each deposition rate to obtain 200 nm in film thickness.
The TiO2 thin film fabricated at 2.3 sccm in an O2 flow rate
showed an anatase structure (A-TiO2), while the sample with
1.5 sccm showed a mixture structure (M-TiO2) of anatase
and rutile. A rutile structure (R-TiO2) was obtained by
annealing a mixture structure under 700◦C for 2 hours in the
air.

The ion implantation was carried out by using Freeman
type ion source. N+ ions were separated by using a mass
separator of 45 degree. The samples of A-TiO2, R-TiO2,
and M-TiO2 were irradiated under the constant ion energy
of 15 kV at the constant current density of 40 μA/cm2.
The different doses of 2.5 × 1015, 5 × 1015, and 7.5 ×
1015 ions/cm2 were controlled by the ion irradiation time.
The ion implantation process was performed at a room
temperature with a pressure less than 1 × 10−4 Pa and an
incidence angle of 0 degree.

2.2. Film Characterization Measurement. The film structure
was determined by X-ray diffraction (XRD: MAC Science
High quality XG M18XCE) with CuKα (0.154 nm) radiation
at an incident angle of 0.3◦. The film composition was
characterized by X-ray photoelectron spectroscopy (XPS:
ULVAC-PHI, Inc.) with a focused monochromatic Al-Kα X-
ray source (1486.6 eV) and a maximum energy resolution
of 0.48 eV at Ag3d5/2. The chemical state and atomic
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Figure 2: AFM top-view images of the unirradiated A-, R-, and M-
TiO2 thin film (a) and the irradiated A-, R-, and M-TiO2 thin film
with an N+ ion dose of 5.0 × 1015 ions/cm2 (b).

concentration of Ti, O, N, and C were measured and
referenced at the standard C peak. Depth profiles in the
Ar+ ion etching mode were obtained at 2 kV in a ion
energy and 20 μA/cm2 in a ion current for the maximum
3 min. The surface morphology and the cross-section of
samples were observed by an atomic force microscopy (AFM:
Shimadzu SPM-9500) and a field-emission scanning electron
microscope (FE-SEM: S-4800 Hitachi High-Technologies
co.), respectively. The photocatalytic property of TiO2 thin
films was evaluated by decomposition of a methylene blue
solution (MB, C16H18ClN3S) of 10 ppm in a quartz cell with
a size of 10 × 10 × 50 mm. The sample with an area of
100 mm2 was immersed in an MB solution of 3 mL. UV
light was irradiated to the sample by using a commercial
sterilization lamp (S.L.) with a main wavelength of 280 nm
and a light intensity of 0.088 mW/cm2 at 360 nm. Artificial
sunlight lamp (A.L.) with a UV cut-off filter (under 350 nm)
was also irradiated on the sample at a light intensity of
0.228 mW/cm2 at 360 nm. After the light irradiation, the
change of a decolorized MB solution was calculated by
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Figure 3: XRD patterns of the unirradiated A-, R-, and M-TiO2 thin film and the irradiated A-, R-, and M-TiO2 thin film with an N+ ion
dose of 2.5 × 1015, 5.0 × 1015, and 7.5 × 1015 ions/cm2.

measuring the transmittance of the MB solution using
a spectrophotometer (UV-2550, Shimadzu co.) at regular
intervals.

3. Results and Discussion

3.1. Surface Morphology and Structure. Figure 1 shows XRD
patterns and cross-sectional images of each TiO2 thin film
with different structure. The XRD pattern of the A-TiO2

thin film showed the strong peak of anatase (101) without
a rutile structure and that of the R-TiO2 thin film showed
the strong peak of rutile (110), while the M-TiO2 thin film
had the double strong peaks of anatase (101) and rutile
(110). According to the cross-sectional images, the thickness
of the A-TiO2 thin film was 146 nm due to decrease of the
sputtering rate by of the high O2 gas flow rate at the film
fabrication, while the thickness of the R-TiO2 thin film and
the M-TiO2 thin film was 188 and 182 nm, respectively. Each
TiO2 thin film showed a columnar structure. The A-TiO2

thin film had the grain size of about 40 nm because of the
high crystalline. That of the R-TiO2 and the M-TiO2 thin film
were 16.9–21.8 nm and 24.8–31 nm, respectively.

AFM images of a tapping mode clarified the roughness
(Ra) and the morphology of each TiO2 thin film with the
different structure and post-N+ ion irradiation. Figure 2
shows the top views of A-, R-, and M-TiO2 thin films (a)
and those of films irradiated by N+ ions with a dose of 5 ×
1015 ions/cm2 (b). It was clear that the morphology of the
A-TiO2 thin film was different from the R- and the M-TiO2

thin film. The morphology of the A-TiO2 thin film was an
aggregate of spherical particles with the number of 22–25

per 1.0 μm in the length. This spherical size corresponded
to the grain size of 40–45.45 nm as observed in the cross-
sectional images. The R- and the M-TiO2 thin film shows
small spherical grains and a large roughness compared with
the A-TiO2 thin film. These small grain sizes of 25–33.3 nm
were calculated from spherical particle numbers of 30–40 per
1.0 μm and were slightly larger than the size indicated in the
cross-section images of the R- and the M-TiO2 thin film.

The roughness of N+ ion-irradiated TiO2 thin films was
larger than that of unirradiated TiO2 thin films. The sur-
face of each unirradiated TiO2 thin film was roughed by
sputtering of N+ ion irradiation. The surface of the N+ ion-
irradiated R- and A-TiO2 thin film showed a smaller grain
size compared with the unirradiated thin film, while the
surface of the M-TiO2 thin film turned to a larger grain size
by N+ ion irradiation. These surface changes of the irradiated
TiO2 thin film were influenced by an N+ ion dose and an
ion projected range. It was considered that the increase of
the grain size of the N+ ion-irradiated M-TiO2 thin film was
influenced by a high N concentration in the thin film.

Figure 3 shows the XRD patterns of the unirradiated
A-, R-, and M-TiO2 thin film and the irradiated A-, R-,
and M-TiO2 thin film prepared with several N+ ion doses.
The structure of the A-TiO2 thin film declined with N+

ion irradiation as the drastic decrease of the anatase peak
(101) showed, while the rutile peak (110) of the R-TiO2

thin film showed no large change for N+ ion irradiation
because of thermostability of a rutile type. It is generally
known that the ion implantation method courses physical
and thermal influence to a substrate. The lattice damage due
to collisions between the ions and the lattice atoms stimulates
recombination and the kinetic energy of implanted ions is
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Table 1: O, Ti, and N atomic concentration of the A-, R-, and M-TiO2 thin films under several N+ ion doses.

Atomic con.

N+ ion dose A-TiO2 (%) R-TiO2 (%) M-TiO2 (%)

O Ti N O Ti N O Ti N

2.5 × 1015 ions/cm2 75.8 22.1 2.1 68.5 30.5 1.0 73.6 22.7 3.8

5.0 × 1015 ions/cm2 71.3 23.2 5.5 67.0 29.1 3.9 68.6 23.2 8.3

7.5 × 1015 ions/cm2 67.6 21.9 10.5 64.1 30.6 5.3 63.2 22.0 14.9
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Figure 4: XPS Ti2p and N1s spectra of unirradiated TiO2 thin film
and the irradiated A-, R-, and M-TiO2 thin film with an N+ ion dose
of 5.0 × 1015 ions/cm2.

converted to thermal energy. N+ ion irradiation played a
main role to change the structure from anatase to mixture
[16]. In the XRD pattern of the A-TiO2 thin film, the small
rutile peak (110) started to appear with an N+ ion dose.
Furthermore, in the case of the M-TiO2 thin film the XRD
pattern showed decrease of the anatase peak (101) with
increasing of an N+ ion dose. The change of XRD patterns
for each TiO2 depended on thermostability of TiO2 structure
type.

3.2. Chemical State. Figure 4 shows XPS Ti2p and N1s
spectra of the unirradiated TiO2 thin film and the irradiated
A-, R- and M-TiO2 thin film with an N+ ion dose of 5.0
× 1015 ions/cm2, respectively. These spectra were measured
at the sample surface without an Ar+ ion etching process.
N1s peaks of all N+ ion-irradiated TiO2 thin films were
detected at 399.1 eV in a binding energy. Since the peak of
titanium nitride appeared at 396.0 eV according to the XPS
catalog data, it was estimated that these peaks of 399.1 eV
were caused by the Ti–O–N linkage assigned as an atomic β-
N state. Therefore, these results suggested that the implanted
N was incorporated into the TiO2 lattice and substituted
for O [19–22]. This was also proved by results of the Ti2p
XPS spectra because the Ti2p peak decreased and slightly
shifted to the high binding energy side by N+ ion irradiation
as indicating that Ti–O bonding was accompanied by Ti–N

bonding [23], and, moreover, the O atomic concentration
was decreased by increasing N+ ion dose as shown in Table 1,
which showed the atomic concentrations of O, Ti, and N
in the N+ ion irradiated A-, R-, and M-TiO2 thin film with
several N+ ion doses. N concentration in each thin film
was proportional to N+ ion dose with an evidenced distinct
difference according to the TiO2 structure type. The M-TiO2

thin film included a larger N concentration compared with
the A- or R-TiO2 thin film while the smaller N concentration
was indicated at the R-TiO2 thin film. The value of implanted
N was influenced by a crystalline and a density of the TiO2

thin film, since the density of the TiO2 bulk was taken as
3.86 g cm−3 for a rutile type and was smaller by 8.7% for an
anatase type [24]. It is well known that the deposited film
had a lower density depending on the deposition parameters
than the bulk material [25].

3.3. Photocatalytic Property. The photocatalytic property was
investigated by decomposition of an MB solution. The MB
solution exhibited an initial transmittance of 2.0% and a
main absorption wavelength of 664 nm. Figure 5 shows the
light transmittance change of 664 nm as the decomposition
rate of the MB solution after 6 hours for the unirradiated
A-, R-, M-TiO2 thin film and those N+ ion irradiated thin
films. The transmittance under S.L. of the unirradiated TiO2

thin film showed larger activity than those of all N+ ion-
irradiated TiO2 thin films. It was clear that the effect of N+

ion irradiation under S.L. did not show because the defect
of the TiO2 lattice by the ion beam collision was generated
and the effect of N+ ion dose for UV light was not originally
anticipated. On the other hand, all N+ ion irradiated TiO2

thin films showed increase of the transmittance under
A.L. with N+ ion irradiation, however, the transmittance
decreased by an excess of an N+ ion dose. From these results,
the maximum photocatalytic activity of the A-, R-, and M-
TiO2 thin film was indicated at an N+ ion dose of 2.5 ×
1015 ions/cm2.

4. Conclusions

Three different structures of anatase, rutile, and mixture as
TiO2 thin films were prepared by the reactive magnetron
sputtering method. N+ ion beam with several doses was
irradiated to TiO2 thin films with three different structures
in a room temperature. Structural, morphological, chemical,
and photocatalytic properties were investigated about unir-
radiated and N+ ion irradiated thin films. The anatase (101)
peak was weakened by N+ ion irradiation, while the rutile
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Figure 5: Transmittance changes of the methylene blue solution under sterilization lamp (S.L.) as UV light and artificial lamp (A.L.) as
visible light for the unirradiated A-, R-, and M-TiO2 thin film and the irradiated A-, R-, and M-TiO2 thin film with an N+ ion dose of 2.5 ×
1015, 5.0 × 1015, and 7.5 × 1015 ions/cm2.

(110) peak had no large change against N+ ion irradiation.
N1s spectra of all N+ ion irradiated A-, R-, and M-TiO2

thin films had the peaks at 399.1 eV corresponding to Ti–
O–N bonding; however, N concentration for each structure
showed a different value in spite of the irradiation with the
same N+ ion dose. It became clear that N+ ion implantation
rate was different by TiO2 structure type. Incorporation of
N into the TiO2 lattice by substituting for O was confirmed
by XPS results and played the great role to improve the
photocatalytic activity of the TiO2 thin film under visible
light.
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This paper treats a problem of nonstoichiometry in TiO2−y thin films deposited by reactive sputtering at controlled sputtering
rates. Ion beam techniques, Rutherford backscattering (RBS), and nuclear reaction analysis (NRA) along with X-ray photoelectron
spectroscopy have been applied to determine a deviation from stoichiometry y in the bulk and at the surface of TiO2−y layers. The
critical review of these experimental methods is given. Defect structure responsible for the electrical resistivity of rutile TiO2 is
discussed.

1. Introduction

Titanium dioxide is considered as one of the most important
materials from the point of view of both fundamental
properties and applications. These applications rely on excel-
lent chemical stability of TiO2 in hazardous environments,
hardness, high refractive index, and many other remarkable
features.

Titanium dioxide TiO2 exists in three polymorphic forms:
brookite, rutile, and anatase. Anatase and brookite as me-
tastable phases transform irreversibly into rutile over the
temperature range of 973 K–1173 K [1].

Rutile is a high-temperature, stable phase, thus it is not
surprising that this particular polymorphic form has been
the most thoroughly investigated. The majority of crystal
growth techniques yield titanium dioxide in the rutile phase.
Moreover, in many devices (e.g., gas sensors) that operate at
high temperatures, TiO2 is already converted into rutile.

Recently, less common anatase has gained a considerable
scientific importance thanks to a significant role it plays
in photocatalytic, photovoltaic, and photoelectrochemical
applications of titanium dioxide [2]. Some basic physical
parameters such as the bandgap, effective mass, and mobility
of charge carriers, assumed earlier to be the same as in
rutile, in fact were found to differ considerably in the case
of anatase.

Titanium dioxide due to its wide band gap (3.0 eV for
rutile and 3.2 eV for anatase [1]) should be treated as an
insulator. However, when equilibrated in an atmosphere of
low oxygen activity, it becomes an oxygen-deficient sem-
iconductor due to the electronic disorder related to nonstoi-
chiometry [3].

Much work has been devoted to the nonstoichiometric
rutile TiO2−y , both in the structural aspects related to the
nature of defects [4, 5] and in the subsequent physical [6, 7]
and thermodynamic properties [8]. However, there is still
a disagreement as to the extent of nonstoichiometry and
the mechanism by which it is accommodated in rutile. It is
generally believed that titania can support large deviations
from stoichiometry. Earlier investigations overestimated the
homogeneity range of TiO2−y extending it to a value as high
as y ∼= 0.1 at 1170–1270 K [8]. Later experimental evidence
[9] suggests that the homogeneity range is much narrower
(y ∼= 0.008 at 1270 K).

The structure of defects responsible for the electronic
conduction in rutile and anatase TiO2 is still a subject of
discussion in spite of numerous studies devoted to this topic
and the varied experimental techniques used to determine
it. It is often assumed that oxygen deficiency could be
accommodated by point defects: oxygen vacancies [10],
titanium interstitials [11, 12], or a combination of these two
defects [13]. Ionization of these defects provides electrons
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necessary for the electrical conduction. Which particular
defect is responsible for the electrical conductivity is largely
affected by the conditions of experiment. The majority of
defects switch their role when scanning over the temperature
and oxygen partial pressure ranges as shown in [14].

It should be pointed out that there exists a significant
controversy between two different approaches to the problem
of defects in rutile. Some authors [4] claim that even for an
extremely small departure from the ideal composition, non-
stoichiometry is accommodated mainly by a crystallographic
shear plane mechanism while the point defects model may
be applied very close to the stoichiometric composition only.

Randomly distributed point defects of low density,
present when the deviation from stoichiometry is small,
become ordered as their concentration and interaction
between them increase. In rutile (TiO2) this ordering takes
a form of planar defects, that is, crystallographic shear (CS)
planes. The planar defects, when numerous enough, order
to form new compounds with distinct compositions and
structures known as Magnéli phases [5]. Magnéli phases
constitute a homologous series with the general formula
Ti jO2 j−1, where j is related by j = 1/y to a deviation from
stoichiometry y (TiO2−y).

Phase diagram of Ti–O system [1] indicates that the
region of 0.1 ≤ y ≤ 0.25 contains stable ordered phases
Ti jO2 j−1 with 4 ≤ j ≤ 10. For smaller departures from
stoichiometry y < 0.1 (10 < j < 16) the concentration
of the shear planes defects decreases and their mutual
interaction becomes weaker. For a very small departure from
stoichiometry, y ∼= 0.001, corresponding to j > 1000,
formation of isolated shear planes in equilibrium with point
defects was proposed [15]. This is described as a Wadsley
defect.

A detailed description of the mechanism of nucleation,
growth, and aggregation of the shear planes CS is beyond the
scope of this work but may be found in numerous papers
devoted to this problem [4, 5, 16]. Existence of such defects
in single crystals has been confirmed experimentally by STM
[17] and TEM [18].

The experimental results of tracer diffusion [12], chem-
ical diffusion [11], and thermogravimetric measurements
[19] indicate titanium interstitials as the majority point
defects in oxygen-deficient TiO2−y . Works in favour of oxy-
gen vacancies are also numerous. The computer simulation
of the defect chemistry of rutile TiO2 has been carried out as
well [20].

This issue in the case of anatase has been only quite
recently brought up [21, 22]. Na-Phattalung et al. [21] per-
forming first-principle calculations have found that the
formation energy of oxygen vacancies is higher than that of
titanium interstitials. Thus, in undoped samples, titanium
interstitials should be the leading donors while postgrowth
formation of oxygen vacancies is also possible upon heating.

A transition from predominant oxygen vacancies to
titanium interstitials in anatase has been reported by
Weibel et al. [22] on the basis of the measurements of the
electrical resistivity in dense anatase ceramics. This transition
has been observed upon the temperature increase and/or
the oxygen partial pressure decrease. Hence, it could be

Table 1: Theoretical analysis of point defects formation in TiO2−y .

Majority defect Reaction of formation
Theoretical
value of my

Doubly ionized
oxygen vacancy V••O

Ox
O ←→

1
2

O2(g) + V••O + 2e′ 6

Singly ionized
oxygen vacancy V•O

Ox
O ←→

1
2

O2(g) + V•O + e′ 4

Titanium
interstitial Ti4+

i
TixTi +2Ox

O ←→ Ti4+
i +4e′+O2(g) 5

Titanium
interstitial Ti3+

i
TixTi +2Ox

O ←→ Ti3+
i +3e′+O2(g) 4

concluded that the formation of titanium interstitials was
more favourable in anatase in comparison to rutile due to
lower density of anatase than that of rutile.

The aim of this work is to review the problem of
experimental techniques best suited to the determination of
deviation from stoichiometry y in TiO2−y thin films. Thin
films were deposited by rf and dc magnetron sputtering
technique. The sputtering conditions are well defined in such
a sense that the substrate temperature and sputtering rate
were continuously controlled as described in detail in [23].

2. Electrical Conductivity and Point Defect
Structure of TiO2−y

The departure from stoichiometry y may be expressed within
the ideal mass action law as a function of the oxygen partial
pressure pO2 :

y ∝ pO2
−1/my , (1)

where my yields information on the nature of the defect
structure [24].

The following types of defects: doubly V••O and singly
V•O ionized oxygen vacancies as well as titanium interstitials
Ti3+

i and Ti4+
i are usually taken into account. Theoretically

predicted values of my associated with the specific point
defect are listed in Table 1. When dealing with the structure
of point defects, the Kröger-Vink notation [25] is used.

The electrical conductivity of titanium dioxide is a
function of the temperature, T , and oxygen partial pressure,
pO2 . The latter is a consequence of the relation between the
departure from stoichiometry y and pO2 given by (1).

The temperature dependence of the carrier concentra-
tion and conductivity for nonstoichiometric TiO2−y involves
the activation energy Ea of the conduction process, associ-
ated with ionization of certain neutral defects. As oxygen
vacancies usually form shallow donor levels, their activation
energy is much smaller than the forbidden band gap Eg
and a measurable value of the electrical conductivity can be
observed even at room temperature for nonstoichiometric
TiO2−y .

The experimental evidence shows that at high oxygen
partial pressures pO2 , close to 0.1 MPa and below 1200 K,
TiO2 exhibits an n-p-type transition [3, 26, 27].



Advances in Materials Science and Engineering 3

In the n-type regime, the electrical conductivity σ of
TiO2−y is affected by the oxygen partial pressure pO2

σ ∝ pO2
−1/mσ . (2)

This is due to the fact that the electron concentration ne

is a function of pO2

ne ∝ pO2
−1/mn , (3)

which results from the relationship between ne and the
departure from stoichiometry y. When the mobility of
charge carriers is independent of the oxygen partial pressure,
then mn = mσ .

The coefficients my , mn, and mσ can be calculated from
the appropriate models of point defects. Experimentally, they
can be determined from the relations given by (1), (2), or
(3) by measuring y, ne, or σ , respectively, as a function of
oxygen partial pressure pO2 . As shown in Figure 1, the slope
of σ(pO2 ) dependence plotted in the double logarithmic
coordinate system yields the coefficient mσ . According to the
analysis presented in Table 1, it should be possible on this
basis to discriminate between different types of defects and
determine the majority defect mechanism.

In practice, the electrical measurements in TiO2 over the
temperature range of 1070–1370 K reveal [14] that the slope
of log σ against log pO2 is different under different regimes
of oxygen activities. Therefore, the parameter mσ associated
with the majority defect, changes when pO2 is varied. At low
oxygen partial pressures mσ close to 5 is obtained which
can be accounted for by titanium interstitials, Ti4+

i . Over
the intermediate range of pO2 , mσ = 6 and doubly ionized
oxygen vacancies V••O are postulated. Finally, at high pO2

the value close to 4 is observed, corresponding to either
singly ionized oxygen vacancy defect, V•O, or interstitial tita-
nium, Ti3+

i .
In the n-p-type transition region, two competitive defect

models have been proposed [26, 27]. One is related to
the extrinsic disorder and assumes that the acceptor-type
impurities are always present in TiO2. The second model
considers the Schottky-type defect comprising the titanium
vacancy V////

Ti associated with oxygen vacancy V••O . Both
models give the same dependence of concentration of
electrons (ne) and that of holes (nh) on pO2 :

ne ∝ pO2
−1/4,

nh ∝ pO2
1/4.

(4)

The p-type conductivity in TiO2 is predicted to occur
under very high partial pressure of oxygen. The same two
models: extrinsic disorder and Schottky-type defect are
discussed in this case [26]. The former assumes that the
concentration of holes is much larger than that of oxygen
vacancies. The latter requires the concentration of holes to be
compensated by V////

Ti . The results of these models are quite
different. The extrinsic disorder yields the concentration of
holes independent of the pO2 [26]. The Schottky model gives
[26]

nh ∝ pO2
1/5. (5)
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Figure 1: Electrical conductivity σ measured at 1250 K as a function
of the oxygen partial pressure pO2 for a thin film of TiO2−y . The
results of σ and Seebeck coefficient Q concern rutile single crystal.

The arguments leading to the relation described above
assume a quite unrealistic situation in which only one type
of defect is present. In practice, under the experimental
conditions of pO2 ≤ 105 Pa the dependence given by (4) is
observed instead.

The following comments to the analysis presented above
should be taken into account.

(i) Unambiguous assignment of the majority defect on
the basis of mσ is difficult to make because frequently
the same value of this parameter corresponds to more
than one type of defect. This is the case for mσ = 4
related to the singly ionized oxygen vacancy or the
titanium interstitial.

(ii) Different types of majority defects predominate over
different ranges of oxygen partial pressure.

(iii) One should expect the combination of point defects
rather than a single defect to be present in TiO2−y .

In fact, the coexistence of divalent oxygen vacancies with
tri- and tetravalent titanium interstitials has been proposed
[13].

3. Nonstoichiometric Thin Films of TiO2−y

A variety of deposition techniques including chemical
(CVD) [28–31] and physical vapour deposition (PVD) [32–
34] have been reported for titanium dioxide thin films.
One should mention here growth techniques successfully
applied in the elaboration of TiO2 thin films, such as sol-
gel process [35], atomic layer epitaxy (ALE) [36], pulsed
laser deposition [37], and filtered arc deposition (FAD)
[38]. Excellent reviews, covering both the growth techniques
applied to deposition of TiO2 coatings as well as the film
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morphology and optical properties, have been published
[39].

Among the PVD techniques, the most important from
the point of view of mass production is the sputter deposition
in its multiple forms [32–34]. From all of these forms, only
the reactive process, that is, the sputtering of the metallic
target in oxidizing atmosphere was chosen in this work.
The reason for that is the simple preparation procedure
and a low cost of the target. Moreover, reactive sputtering
provides thin films that are dense and uniform in thickness.
It is relatively easy to control the film stoichiometry in the
reactive sputtering.

The problem of nonstoichiometry is especially important
in the case of thin films deposited by high-rate sputtering
sources such as magnetrons. Here an uncontrollable switch-
ing between two stable modes: reactive and metallic, is likely
to occur causing an abrupt change in the oxidation state of
the target surface followed by modification of sputtering rate
[40–43]. This affects not only a departure from stoichiometry
y of TiO2−y deposited thin films but the microstructure and
related film properties as well.

Microstructure understood as an ensemble of physical
features such as phase composition, density, porosity, rough-
ness, and grain size is generally accepted to be the most
important factor affecting the behaviour of specific devices
based on thin films. This is true for gas sensors as well
as for photonic and optoelectronic devices in which the
electrical and optical properties of thin films are responsible
for device performance. Stability of the electrical and optical
responses is directly related to the microstructure changes
during device operation. The control over the material
microstructure is in most cases the prerequisite condition for
the successful application of thin films.

3.1. Crystallographic Properties of Thin Films. It is well
known that the occurrence of anatase and rutile phases
in thin films depends significantly on the method and
conditions of the deposition process [44–47]. There were
attempts to create phase composition diagrams for thin
films defining the experimental conditions under which the
anatase or rutile form prevailed. The most important seem to
be two such diagrams: one proposed by Pawlewicz et al. [44]
and another given by Löbl et al. [47]. The work of Pawlewicz
et al. [44] suggests that the phase composition is controlled
by the substrate temperature and oxygen partial pressure pO2 .

According to the diagram of Löbl et al. [47] (see Figure 2)
modified to show the properties of the films prepared for
the purposes of this work, the substrate temperature and
the energy of particles impinging on the substrate, but
not directly the oxygen partial pressure, are the relevant
parameters that determine the film structure. The nucleation
of rutile is favoured by the increasing energy transfer to the
growing film and by the presence of Ti in the vapour phase.

The conclusions drawn from the above results are,
however, by no means universal. As the parameters of
the technological importance change from one preparation
technique to another, the conditions of anatase and rutile
growth should be reexamined for each particular case.
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Figure 2: Phase composition diagram after Löbl et al. [47] modified
to include the results obtained for TiO2 thin films discussed in this
work; Sd : deposition rate of thin films.

For the purposes of this work, such an analysis has been
performed [23, 34, 48–51] and the results can be summarized
as follows.

(i) Thin films grow as a mixture of amorphous, anatase,
and rutile polymorphic forms with a varying con-
tribution that depends on the substrate temperature
and deposition rate related to oxygen partial pressure
and oxidation state of the sputtered target. Low sub-
strate temperature, low deposition rate, and oxidizing
atmosphere result in anatase small crystals embedded
in the amorphous background.

(ii) The contribution from the anatase TiO2 increases
with the increasing substrate temperature up to 720 K
and is typical for rf sputtering at relatively low sput-
tering rate.

(iii) Dc magnetron sputtering at higher deposition rates
yields anatase/rutile mixture. Rutile content increases
with the sputtering rate under oxygen-deficient
atmosphere.

3.2. Determination of the Departure from Stoichiometry y in
Thin Films of TiO2−y . Among many methods used to deter-
mine the chemical composition of a thin film, only some
of them are sensitive enough to small negative or positive
deviation from ideal stoichiometric composition (y in the
formula TiO2−y). These methods of microanalysis comprise
Rutherford backscattering (RBS), analysis by nuclear reac-
tions (NRA), and X-ray photoelectron spectroscopy (XPS).
Traditionally employed methods of chemical analysis of
elements such as electron microprobe (EMP) or energy-
dispersive spectroscopy (EDS) have been used in this work
but with a moderate success as they are not particularly
destined for determination of oxygen nonstoichiometry.

Both RBS and NRA use the same experimental con-
figuration that consists of an analyzed sample placed in
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a monoenergetic beam of protons, deuterons, or helium
ions, typically 4He++ [52–57]. Particles coming from the
bombarded sample as a result of the interaction of the beam
and the elements in the sample are detected and analyzed. In
the case of RBS, it is the energy of the backscattered particles
that dissipated their incident energy by elastic (Rutherford)
collisions, while for NRA, the energy of the reaction products
is analyzed. XPS is a method that makes use of the X-ray
radiation to excite electrons from the core levels of atoms
[58]. Kinetic energy of the photoelectrons measured directly
in XPS is related to their binding energy in atoms, which in
turn is sensitive to the atom environment. The chemical shift
in the binding energy forms a basis for the identification of
elements and their oxidation states in the specific chemical
compounds.

RBS and NRA measurements were carried out at a beam
line of the 2 MeV Van de Graaff accelerator being at the
disposition of GIP (Groupe de Physique des Solides) at Ecole
Normale Supérieure, in collaboration with LOS (Laboratoire
d’Optique des Solides) Université P. et M. Curie, Paris 6,
France, described in detail in [54]. The energy of particles
was measured with a silicon surface-barrier detector and
the signals were analyzed with a multichannel analyzer.
Complementary RBS measurements were performed at
California Institute of Technology CalTech, USA. In this
work, the RBS experiments were done mostly with alpha
particles 4He++ of the incident energy E0 = 2.012 MeV or
1.96 MeV. The detector was placed at the scattering angle
Θ = 165◦.

The XPS was studied at the Surface Spectroscopy Lab-
oratory, AGH University of Science and Technology. Multi-
technique setup of VSW Scientific Instruments was used.

3.2.1. RBS. Microanalysis by Rutherford backscattering
(RBS) provides the ability to distinguish the atomic masses of
elements and their distribution in depth as a function of the
detected energy [52–56]. It is a nondestructive method, the
most suitable in the case of heavy nuclei on light substrates.
Typically silicon and carbon are used as substrates.

In the energy domain of the order of 2 MeV, only
Coulomb interactions are responsible for the elastic scatter-
ing [52] of particles with atomic mass m at nuclei of the
atomic mass M.

The energy E1 of the ionized particle scattered at the
sample surface is related to the incident energy E0 by the laws
of conservation of momentum and energy as [52, 53]

E1 = KME0, (6)

with the kinematic recoil factor KM

KM =
(
m cosΘ +

√
M2 −m2sin2Θ

m + M

)2

. (7)

Hence, for a given scattering geometry, the detected
energy of ions scattered from the surface is a simple function
of the atomic mass M of sample atom.

Equations (6) and (7) allow us to establish the position
of the higher energy (leading) edge of the RBS spectrum
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Figure 3: Comparison between the experimental RBS spectra of a
TiO2−y thin film deposited by rf sputtering on different substrates:
thermally oxidized Si wafer (Si/SiO2) and carbon foil C.

as indicated by arrows in Figure 3. The leading edge can be
further used for the identification of elements constituting
the sample.

The energy difference ΔE between the position of the
high and low energy edges represents the amount of energy
lost by the beam on inward and outward passage through a
layer. The total width ΔE of the signal is proportional to the
film thickness d [52]:

ΔE = [S]d, (8)

where [S] is the energy loss that depends on KM and on the
energy loss per unit path length dE/dz in a given material
[52].

Equation (8) can be used to determine the thickness of
layers. This is shown in Figure 3, where two experimental
RBS spectra of TiO2−y obtained by rf sputtering are shown.
One sample was deposited on carbon foil thus enabling to
observe clearly O peak (the atomic mass of carbon is smaller
than that of oxygen). Simultaneously, the TiO2−y thin film
was deposited onto Si wafer thermally oxidized to form a
thin layer of SiO2. Thickness of this layer of about 160 nm
was calculated from the width of the step shown on the Si
edge in the RBS spectrum. The error in the evaluation of
the thickness is determined by the energy resolution of the
detector and amounts to 10–20 nm in this case.

However, one should keep in mind that the factor [S] in
(8) depends on the material density ρmat. Therefore, if the
layer thickness is known independently and ΔE is derived
from the RBS spectrum, then [S] can be used to calculate the
energy loss per unit length dE/dz from

[S]TiO2
Ti = KTi

dE

dz

∣∣∣∣
TiO2

in
+

1
|cosΘ|

dE

dz

∣∣∣∣
TiO2

out
. (9)
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Table 2: Summary of the microanalysis of TiO2−y by RBS and NRA; Sd : deposition rate, d: film thickness, NO: surface number of oxygen
atoms, NTi: surface number of titanium atoms, ρmat: film density; calculated density of anatase ρA = 3.864 g/cm3 and calculated density of
rutile ρR = 4.250 g/cm3 according to [1].

Sample/substrate Deposition method
Time
(sec)

Sd
(nm/s)

d
(nm)

NO × 1017

(at/cm2)
from NRA

NO × 1017

(at/cm2)
from RBS

NTi × 1017

(at/cm2)
from RBS

ρmat

(g/cm3)
from RBS

Na1/C
dc magnetron

sputtering
41 1.43 58–60 3.25 3.03 1.58 3.17–3.39

Na2/C
dc magnetron

sputtering
48 1.17 54–58 3.36 3.20 1.52 3.67–3.94

Na3/C
dc magnetron

sputtering
57 0.98 52–58 3.41 3.09–3.22 1.43 3.67–4.09

Na4/C
dc magnetron

sputtering
72 0.76 54–56 3.16 2.79 1.40 3.22–3.33

Na5/C
dc magnetron

sputtering
95 0.54 50–52 2.53 2.69–2.74 1.31 3.15–3.27

Na6/C
dc magnetron

sputtering
143 0.23 32–34 2.45 2.48 1.16 3.35–4.60

M50/C rf sputtering 2750 0.02 50–60 3.54 2.93 1.57 3.27–3.92

M50/Si/ SiO2 rf sputtering 2750 0.02 50–60 7.95 — 1.6 3.27–3.92

WO 1/Si rf sputtering 15000 0.02 300 17 — 9.13 3.7

The energy loss factor [S]TiO2
Ti of TiO2 for scattering

from Ti is composed of two terms: KTi(dE/dz)|TiO2
in that

represents the energy loss of particles on their inward
path and (1/| cosΘ|)(dE/dz)|TiO2

out that corresponds to the
outgoing factor.

The energy loss dE/dz is, in turn, related to the number
of atoms nTi in the cubic centimetre and through it to
the material density ρmat. This relation is expressed by the
stopping cross-section εstop defined as

εstop = 1
nTi

dE

dz
= M

NA

1
ρmat

dE

dz
, (10)

where nTi is the number of target atoms per unit volume, M
is their atomic mass, and NA is the Avogadro number.

The stopping cross section described by (10) expresses
the energy loss based on the number of atoms per square
centimetre.

The values of εstop are tabulated for all elements [53, 59,
60] while for compounds such as TiO2 the stopping cross
section εTiO2 is given as a sum of the elemental contributions:

εTiO2 = εTi + 2εO. (11)

Density ρmat can be found from (10) when the energy loss
dE/dz is known from (9) and the stopping cross section is
calculated from (11). This procedure has been adopted for
determination of the density of the deposited thin films of
TiO2−y as there is no reason to assume the density equal to
that of the bulk rutile or anatase. The film thickness can be
taken from the profilometry and ellipsometry. The error in
thickness determination is the major source of the inaccuracy
of the estimated values of the density.

The results of the analysis are given in Table 2. The lowest
values of ρmat correspond to the density of the amorphous
TiO2 [38], slightly higher ρmat is obtained for the mixture

of anatase and rutile. The samples, the results of which are
presented in Table 2, do not contain a single phase of the
most elevated density (rutile).

The quantitative RBS microanalysis yields the number
of atoms X per square centimetre of the target, NX , either
from the height or from the area of the corresponding peak
[52]. The area AX under the peak is proportional to the total
number of atoms NX per unit area and to the differential
scattering cross section dσ/dΩ. The absolute value of NX

requires a careful calibration, and therefore the procedure
adopted in this work is based on the following formula:

NX = Nref
AX

Aref

(dσ/dΩ)refqref

(dσ/dΩ)XqX
, (12)

where the subscripts ref denote a reference sample (Bi
implanted into Si) of the known concentration Nref. The
integrated charge q of the incident beam is usually the same
for the reference sample and the studied material, qref = qX .
This procedure entails a systematic error in the calculated
atomic concentrations of the order of 5%.

The RBS technique was applied to determine the follow-
ing:

(i) surface number of titanium atoms in at/cm2 (NTi),

(ii) surface number of oxygen atoms in at/cm2 (NO),

(iii) the atomic ratio O/Ti related to the departure from
stoichiometry y,

(iv) film density (ρmat),

for a series of TiO2−y deposited by plasma emission
controlled dc-pulsed reactive magnetron sputtering and by rf
reactive sputtering at different growth rates Sd (see Table 2).
Oxygen can be best analyzed by RBS when the samples are
deposited on C foil.
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The obtained RBS spectra (e.g., in Figure 3) indicate that
the samples are homogeneous and are not contaminated by
foreign species. The amount of build-in argon is negligible.

3.2.2. NRA. Two basic advantages of nuclear reactions with
respect to the RBS are that they provide background-free
detection of light elements on heavier substrates and that
they allow a perfect discrimination between two isotopes of
the same element [54, 57]. Nuclear reaction analysis (NRA)
is a complementary technique used for elements with low
atomic number Z, like oxygen (Z = 8), where RBS loses
sensitivity due to the Z2 dependence of the cross section.
Nuclear reactions are induced by charged particles such
as protons and deuterons. The observed reaction products
could be the charged particles that are detected and analyzed
with the same apparatus as for RBS. Detailed information on
this technique may be found in reviews [54, 57].

In this work, NRA was applied to determine oxygen
concentration in thin films of TiO2−y . The 16O(d, p)17O∗

reaction produced by a deuteron beam with the incident
energy of 850 keV was analyzed at an angle of 150◦.

Typical NRA spectra of thin oxide films are shown
in Figure 4. Apart from the basic reaction 16O(d, p)17O∗

used for oxygen determination, two other nuclear reactions,
16O(d, p)17O and 12C(d, p)13C, take place. The large peak
in Figure 4(c) is related to the 12C(d, p)13C reaction in the
carbon substrate.

In order to perform the quantitative analysis, only the
area of the peak of 16O(d, p)17O∗ is taken into account. It is
then compared to the corresponding peak area of a reference
sample (Ta2O5 thin film) of the known oxygen content.

Table 2 lists the results of the RBS and NRA analysis.
Figure 5 gives the atomic ratio O/Ti for a series of TiO2−y
obtained by reactive sputtering as a function of the sputtering
rate Sd. There is a fairly good agreement between the surface
number of oxygen atoms NO determined from NRA and
RBS (Table 2). However, one should keep in mind that NRA
is much more sensitive to oxygen than RBS. Systematic
dependence between the sputtering rate Sd and the surface
number of titanium atoms NTi is observed for a given
set of samples (Na) deposited by dc magnetron sputtering
(Table 2). For the purpose of keeping the same thickness for
a whole set of samples, the time of deposition was adjusted
accordingly. Metallic mode of deposition results in higher
Sd and yields in a consequence larger content of Ti in the
film. It is interesting to note that neither NO (Table 2) nor
O/Ti (Figure 5) follow the systematic dependence on Sd. For
the intermediate Sd one observes a maximum in O/Ti that
corresponds to the maximum in the film density derived
from the RBS measurements (Table 2). The general feeling is
that there is a strong correlation between the oxygen content
NO and the film density ρmat. This may be due to the amor-
phous nature of very thin films of TiO2. Changes in the film
density in thicker samples are due to the systematic variation
in anatase/rutile ratio as a function of the sputtering rate.

3.2.3. XPS. X-ray photoelectron spectra (XPS) were record-
ed using a VSW Scientific Instruments electron spectrometer
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Figure 4: The NRA spectra of (a) Ta2O5 reference sample;
(b) TiO2−y thin film deposited on thermally oxidized Si wafer
(Si/SiO2) and (c) TiO2−y on carbon foil C. The nuclear reactions
corresponding to three peaks in the spectra are indicated.

fitted with a dual anode MgKα (1253.6 eV) and AlKα

(1486.6 eV) as a source of X-ray radiation. The anode was
operated at 200 W (10 kV, 20 mA). The XPS/AES cham-
ber was equipped with a hemispherical analyzer HA150
(diameter 150 cm) at a constant pass energy of 22 eV and
a multichannel detector (18 channels, 1.8 kV operating
voltage). The photoelectrons were collected at a constant
take-off angle. The binding energy shifts due to the surface
charging were corrected assuming the C 1s XPS peak at
285.0 eV [61–63]. The position of C 1s line served as an
internal standard for calibration of the binding energy scale.

The depth of XPS analysis is limited by the length of the
escape path of the photoelectrons, which in turn amounts
to about 2 nm for Ti 2p3/2 [64]. Taking into account a
monolayer thickness of TiO2 to be 0.22 nm it was estimated
that only 10% of the total emission resulted from the surface
atoms [65]. Therefore, not only the surface is probed by XPS
but the subsurface layers are as well.

The objective of the XPS studies in TiO2 is usually
twofold. Primarily, it of great interest to establish the
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Figure 6: Typical overall XPS spectrum for a TiO2−y thin film
deposited by reactive sputtering onto Si wafer.

oxidation state of Ti ions. Not only Ti4+ related to TiO2 but
also lower oxidation states due to the presence of titanium
suboxides have been reported in the literature [63, 65–72].
The first detailed study by Carley et al. [68] devoted to
the step-by step oxidation of Ti metal provided evidence
for intermediate oxidation states Ti2+ and Ti3+. As to the
second objective of the XPS investigations, it is of equal
importance to establish the relative surface composition of
elements CX as well as to monitor the evolution of the
O/Ti atomic surface ratio with deposition parameters. This
requires the quantitative analysis of XPS spectra preceded
by smoothing, deconvolution, and fitting of the relevant
peaks. The corresponding peak area AX is then divided by the

respective relative sensitivity factors SX [73, 74] according to
the formula:

CX = 100
AX/SX∑
i Ai/Si

, (13)

where the summation is extended over all elements in the
sample.

In this work the sensitivity factors SX were assumed to be
equal to the corresponding normalized photoelectric cross-
sections SC 1s = 1, SO 1s = 2.93, and STi 2p = 7.91 [75].

Figure 6 shows a survey spectrum of a TiO2−y thin film
deposited by sputtering. The spectrum contains the most
prominent 2p3/2 and 2p1/2 lines of Ti, O 1s and C 1s at
standard positions. The carbon contamination is almost
impossible to avoid [73, 76]. Fortunately, it is usually limited
to the film-air interface.

The binding energies of Ti 2p3/2 and O 1s core levels
are listed in Table 3. The detailed analysis of the oxygen and
titanium XPS peaks is presented in Figures 7 and 8.

Figure 7 shows Ti 2p doublet measured in thin films
deposited under oxidizing conditions controlled by sputter-
ing rate Sd. Two limiting cases are shown: Sd = 1.82 nm/s
that yields substoichiometric oxides and Sd = 0.23 nm/s that
corresponds to overoxidized conditions. The measured Ti
2p doublet is shifted by approximately 5 eV towards higher
binding energy as compared with the metal. The binding
energy shift of this value indicates that both films contain
titanium at the highest oxidation state Ti4+ [68]. Almost
symmetrical shape of Ti 2p peak is observed in the case
of samples obtained at Sd < 1.5 nm/s. Formally, however,
apart from Ti4+ related to TiO2, one can expect at least Ti3+

and Ti2+ oxidation states as a result of the deviation from
stoichiometry already discussed in this work. The substantial
contributions from lower oxidation states (Ti3+ or Ti2+ and
Ti0) are seen for the samples obtained at Sd = 1.82 nm/s
which indicates the largest oxygen deficiency. Therefore, the
experimental spectra have been refined assuming a three-
component structure with each component assigned to a
different oxidation state, as shown in Figure 7. The relative
contributions to the Ti 2p3/2 photoelectron peak have been
calculated, and the results of the quantitative analysis are
listed in Table 4.

The assignment of each of the three components forming
Ti 2p XPS peak is difficult to make, especially because in the
literature there is a large scatter of binding energies of Ti3+

and Ti2+ (see Table 3). The charging effects in thin insulating
films complicate the problem.

In this work, the relative shifts of each of the fitted
components have been compared to those observed in
the literature (Table 3). The highest and the lowest energy
components have been assigned to Ti4+ and Ti0, respectively,
while the intermediate component has the energy shift
relative to TiO2 that falls in between that of Ti3+ and
Ti2+. Therefore, Ti3+ and Ti2+ cannot be resolved without
ambiguity.

In conclusion, the contributions from the lower oxida-
tion states of Ti can be neglected in samples obtained with
the sufficient amount oxygen in the sputtering process (at
Sd < 1.5 nm/s). The presence of small amounts of Ti3+ or Ti2+
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Table 3: Binding energies of Ti 2p3/2 and O 1s states for TiO2−y thin films deposited by reactive sputtering as compared to the literature data.

Binding energy (eV)
Reference

OII OI Ti4+ Ti3+ Ti2+ Ti0

531.9 529.7 458.5 455.8 453.5 Reactive sputtering Sd = 0.23 nm/s

531.9 530.0 458.6 456.3 453.9 Reactive sputtering Sd = 1.82 nm/s

— — 459.0 457.5 455.3 453.9 [68]

532.0 530.3 459.4 457.9 455.4 454.2 [63]

532.4 530.1 458.5 456.7 455.9 — [62]

— — 458.5 456.3 — 453.8 [70]

— — 458.5 456.8 455.0 — [71]

— 529.5 457.9 456.6 — — [67]

Binding energy shifts (eV) relative to Ti4+

0.0 −2.7 −5.0 Reactive sputtering Sd = 0.23 nm/s

0.0 −2.3 −4.7 Reactive sputtering Sd = 1.82 nm/s

0.0 −1.9 −3.5 −5.3 [66]

0.0 −1.5 −3.8 −4.7 [65]

0.0 −1.5 −3.5 −5.1 [68]

450 455 460 465 470

3

3

2

2

1

1

(a)
Ti 2p

1: Ti4+

2: Ti3+ or Ti2+

3: Tio

Fit
Experimental

(b)

In
te

n
si

ty

Binding energy (eV)

Figure 7: Fit of Ti 2p XPS spectrum for thin films of TiO2−y
obtained at (a) Sd = 1.82 nm/s and (b) Sd = 0.23 nm/s. Three
components of each fit 1, 2, 3 correspond to different oxidation
states of titanium.

in the films that are not completely oxidized (Sd = 1.82 nm/s)
cannot be excluded.

Oxygen O 1s lines are asymmetrical in all studied
samples which suggest that oxygen occurs in two different
chemical states at least. The O 1s line could be resolved

Table 4: Relative contributions (%) to the Ti 2p3/2 and O 1s
XPS lines from the different oxidation states for TiO2−y thin films
deposited by the reactive sputtering.

Sd (nm/s) OII OI OII/(OI + OII) Ti4+ Ti3+/Ti2+ Ti0

1.82 19 81 0.19 75.4 10.5 14.1

0.88 15 85 0.15 91.5 5.1 3.4

0.23 13 87 0.13 91.9 4.7 3.4

525 528 531 534 537

OII

OII

OI

OI

O 1s

Binding energy (eV)

Experimental

Fit

Figure 8: Fit of O 1s XPS peak for a TiO2−y thin film deposited by
reactive sputtering onto Si wafer at Sd = 0.23 nm/s.

into two contributions: OI and OII (see Figure 8 and
Table 4).

The binding energy of OI state matches the literature
value [63, 74] and corresponds to oxygen that occupies
the normal lattice sites in the TiO2 structure. Thus, the OI
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state represents bulk oxygen. The OII state of higher binding
energy could not be classified unambiguously. It is often
assumed that oxygen in the surface state is responsible for
the high-energy component of the asymmetrical O 1s line
[69]. High-energy component has been assigned to oxygen
bonded to Ti+3 (O–Ti3+) [62]. However, the most probable
is the argument involving the presence of hydroxyl species
(OH) that are easily formed at the surface of oxide films
[62, 77]. It was suggested [62] that OH-group chemisorption
takes place on unsaturated Ti-sites such as Ti3+. This
interpretation has been assumed in this work to account for
the OII component of XPS O 1s peak. The presence of OH–
Ti3+ species at the surface is supported by the observation
that the intensity of OII component increases for samples
obtained at Sd = 1.82 nm/s (19% of the total O 1s peak area).
This effect is accompanied by a significant contribution from
the low-energy component to Ti 2p peak.

Meng et al. [78] have attributed the presence of OII

component to the porosity, on the account of the fact that
it is related to the moisture that accumulates mainly in the
pores or empty columns of the material. Using the ratio
of OII/(OI + OII) as a measure of the porosity it may be
concluded that TiO2−y thin films with the largest deviation
from stoichiometry are more porous than the stoichiometric
films (see Table 4).

The observed general trend in the substoichiometric
films that the O 1s high-energy and Ti 2p low-energy com-
ponents are formed is associated with a defect formation.
The electronic charge transfer from the anion (oxygen)
to the cation (titanium) increases the binding energies of
oxygen, but decreases the binding energy of the titanium core
electrons [65].

4. Discussion

The summary of the quantitative analysis is given in Table 5
that compares the O/Ti atomic ratio obtained from XPS
with other methods. X-ray electron microprobe (EMP)
underestimates the results, but it is the method that generates
the largest error as far as the oxygen content is concerned.
This is due to the lack of an appropriate oxygen standard
for this method. On the contrary, XPS yields the highest
values for O/Ti of all the methods employed in this study. The
values of O/Ti from XPS, listed in Table 5, have been obtained
when integrating the area of OI component of the O 1s peak,
only. The area of OII component that corresponds to oxygen
bound in OH− was not taken into account. And even in this
case, the resulting values of O/Ti are much higher than those
expected for a perfectly stoichiometric composition. This
does not remain in accordance with the literature reports
that indicate the defective surface of TiO2 [61]. The result
obtained here suggests rather that the tendency to oxidation
is great for the surfaces containing titanium. The exposed
surface is easily oxidized. The possible systematic error in
O/Ti determination from XPS could result from the relative
sensitivity factors.

Ion beam techniques, RBS and NRA are better suited for
determination of oxygen nonstoichiometry y in thin films of
TiO2−y .

Table 5: Atomic ratio O/Ti determined by four different analytical
methods described in this work for TiO2−y thin films obtained
under controllable conditions; electron microprobe EMP was per-
formed with X-ray microanalyzer ARL SEMQ at beam parameters:
10 kV and 0.5 μA; beam diameter on the sample 5 μm.

Analytical method
O/Ti

Sd = 1.46 nm/s Sd = 0.23 nm/s

EMP 1.87 1.92

XPS 2.47 2.44

RBS 1.93 2.11

NRA 2.06 2.14

The results of all methods discussed in this review differ
as they all have their specific capabilities and limitations
with respect to the material system studied. For instance,
nuclear reaction microanalysis (NRA) allows for a very fast
determination of the absolute total amounts of light elements
in thin films up to 1 μm thick [52]. On the other hand,
Rutherford backscattering RBS provides information on the
composition profile in depth in a nondestructive way [53].
The analysis of XPS is limited to the first (of the order of five)
atomic layers close to the sample surface because of the small
mean escape depth of the photoelectrons [79].

Film composition and particularly oxygen nonstoi-
chiometry, microstructure, and surface morphology are
closely related to the sputtering conditions and in a conse-
quence affect the electrical properties.

Systematic changes in the anatase and rutile contribution
in TiO2−y thin films can be accounted for by the modification
of the oxidation state of the sputtered Ti target and the
film deposition rate. Structure dominated by anatase grains
embedded in the amorphous background seems to be a
result of specific growth conditions such as a low sputtering
rate of the oxidized target surface. Oxygen nonstoichiometry
created at high sputtering rates promotes rutile growth.

High activation energy is required for anatase-rutile for-
mation. This transformation involves an overall contraction
of the oxygen sublattice and a movement of ions so that a
cooperative rearrangement of Ti4+ and O2− occurs. Hence,
it is proposed that the removal of some oxygen ions, which
generates lattice vacancies, accelerates this transformation.

The electrical resistivity ρ as a function of the sputtering
rate Sd is shown in Figure 9 for nonstoichiometric thin films
of TiO2−y obtained by reactive sputtering. It demonstrates
the existing correlation between the electrical resistivity and
film composition.

For fully oxidized samples, that is, at the lowest value
of growth rates Sd the electrical resistance exceeds the limit
of measurement. At Sd > 1.5 nm/s the electrical resistivity
decreases to such a level that it becomes measurable even at
room temperature.

As expected, with the decreasing O/Ti, that is, for increas-
ing deviation from the oxygen stoichiometry y, TiO2−y
thin films become more conducting. The close relationship
between ρ and y indicates that oxygen nonstoichiometry is
the source of electrons in the conduction band of titanium
dioxide thin films.
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5. Conclusions

The importance of ion beam techniques in the determination
of oxygen nonstoichiometry in reactively sputtered TiO2−y
has been discussed in this review paper. The following
detailed conclusions can be formulated:

(i) chemical composition of TiO2−y thin films deposited
by reactive sputtering from Ti target is close to
stoichiometric but a controlled departure from sto-
ichiometry y can be reached at a specific deposition
rate;

(ii) departure from stoichiometry over the range of
−0.2 < y < 0.2 has been found by RBS and NRA
techniques while XPS, which is a typical surface
analysis, yields y as high as 0.5;

(iii) film density ρmat determined from RBS measurement
remains in accordance with the progressive evolution
from amorphous, anatase to rutile phase and is
related to the film nonstoichiometry through the
surface number of oxygen atoms, NO;

(iv) close relationship between the electrical resistivity
and the deviation from stoichiometry y indicates
that the oxygen deficit is a source of electrons in the
conduction band.

It should be pointed out that general understanding of
the problem of nonstoichiometry and its influence on the
material properties is an imperative in order to make TiO2−y
based oxides into reliable and commercially viable electronic
devices.
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Interest in single-ion implantation is driven in part by research into development of solid-state devices that exhibit quantum
behaviour in their electronic or optical characteristics. Here, we provide an overview of international research work on single ion
implantation and single ion detection for development of electronic devices for quantum computing. The scope of international
research into single ion implantation is presented in the context of our own research in the Centre for Quantum Computation
and Communication Technology in Australia. Various single ion detection schemes are presented, and limitations on dopant
placement accuracy due to ion straggling are discussed together with pathways for scale-up to multiple quantum devices on the
one chip. Possible future directions for ion implantation in quantum computing and communications are also discussed.

1. Introduction

Interest in single-ion implantation is motivated in part by the
desire to be able to produce electronic and optical devices in
which the characteristics of the device are governed by the
properties of individual atoms or defects and by extension
for computational operations to be performed through con-
trolled coupling of these atoms or defects, formed into arrays
or lines, using interactions dictated by the laws of quantum
mechanics [1, 2]. Some of the impetus for research into
development of quantum computing derives from an address
to the American Physical Society on nanotechnology given
by Feynman in 1959 and a later address on simulating physics
with computers [3, 4]. Considerable time past before the
necessary fabrication and measurement infrastructure, and
theoretical understanding was available to even approach the
early vision articulated by Feynman.

In 1998, Kane proposed an architecture for a quantum
computer based on encoding information on the donor
nuclei of individual phosphorus atoms embedded in a silicon
matrix [5]. This provided a plausible pathway to realisation
of a solid-state quantum computer and prompted interna-

tional attention to be focussed on developing the necessary
expertise and infrastructure to allow such a device to be
fabricated. Interest in single-ion implantation and single-
ion detection has grown as part of this research effort. After
the Kane proposal, a range of other architectures and encod-
ing mechanisms for quantum bits, qubits, were proposed [6–
8]. Researchers also realised that the Kane architecture suf-
fered from some major technical problems including spatial
oscillations in the exchange coupling strength and crosstalk
in gate control prompting further improvements in architec-
tures to be put forward [9, 10]. The key importance of being
able to initialise and read out qubits also prompted research
into development of electron reservoirs that could be manip-
ulated through suitable variation of the electrostatic land-
scape to allow electrons to be loaded onto or removed from
a nearby qubit in a precisely controlled manner. Gate-defined
quantum dots have proved particularly useful in this regard
and recent advances in single electron manipulation and spin
readout have relied on this key breakthrough [11–14].

As device dimensions continue to shrink, counted
implantation of ions and their controlled placement are
also of interest for deterministic doping of conventional
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Figure 1: Silicon SET with a small number of phosphorus atoms implanted nearby. (a) SEM image of the device. (b) In the presence of
a large externally applied magnetic field tunneling from a phosphorus donor to the SET island becomes spin dependent. (c) SET current
versus top and plunger gate voltage. The breaks are due to charge transfer events (as in [14]).

metal-oxide field effect transistors (MOSFETs). The aim of
deterministic doping is to remedy the variation in threshold
voltage shift and off-state current that occurs due to statisti-
cal fluctuations in the number and distribution of implanted
dopants [15–20]. Workshops on deterministic doping have
been held as part of the International Technology Roadmap
on Semiconductors Emerging Research Materials program
but there is a large gap between what is achievable in research
devices in the laboratory and what would be required for
scale up to an industrial process, and the pathways for
achieving scale-up are far from being clear at this stage [21].

Single-ion implantation is also of interest for controlled
placement of individual optical centres in a suitable host
matrix for development of single photon sources and other
optical elements for use in optical quantum computing and
quantum communications. Considerable progress has been
made, for example, on engineered placement of nitrogen-
vacancy centres in diamond [22–26]. Interest in measure-
ment and manipulation of individual optical centres grows
as research into quantum communications intensifies.

Single-ion implantation of optical centres is not the focus
of this paper, instead the emphasis is on single-ion implanta-
tion and single-ion detection for development of electronic
devices for quantum computing. The scope of international
research into single-ion implantation is presented in the

context of our own research in the Centre for Quantum
Computation and Communication Technology in Australia.
The paper begins with a brief discussion of a phosphorus
in silicon quantum computing device in which single-shot
readout of electron spin state has recently been demonstrated
[14]. This device allows many of the important features of
silicon quantum device design and construction to be under-
stood. Single-ion detection via ion-beam-induced current
(IBIC) is then introduced, and the attributes and challenges
of this method are discussed including proposed future
developments. Single-ion detection through measurement of
changes in the source-drain current in MOSFET devices is
an important alternative methodology that is suitable for
some classes of devices, and research on this approach is also
presented.

2. Single-Ion Detection: Ion-Beam-Induced
Charge

Figure 1(a) shows a scanning electron microscope (SEM)
image of a gate-defined quantum dot structure or silicon
single electron transistor (SiSET) with a small number of
phosphorus atoms implanted within the region bounded
by the dashed line [14, 27]. The SiSET is formed using
Al gates deposited on a high-quality 5 nm SiO2 thermal
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oxide grown on a high-purity Si substrate. A small reservoir
of electrons is formed on the central SET island through
appropriate choices of top-gate (V top) and barrier-gate (VB1,
VB2) potentials. The electrons on the SET island are tunnel-
coupled to the source and drain reservoirs. With appropriate
adjustment of the electrostatic landscape, an electron can
also tunnel onto the island from a nearby charge centre such
as an implanted phosphorus donor. This can be achieved
using the plunger gate (Vpl). Transfer of an electron from
the charge centre to the island has a dramatic effect on the
source-drain current, so the tunnelling event can readily be
detected.

In the presence of a large externally applied magnetic
field tunnelling between the charge centre and the island
becomes spin dependent, as illustrated in Figure 1(b).
Figure 1(c) shows the variation in the SET current as a
function of the voltages on the top and plunger gates. The
breaks are due to charge transfer events. Since the tunnelling
probability is very sensitive to the distance between the
charge centres and the island, different regions of the
bias-spectroscopy diagram correspond to tunnelling events
from different charge centres [14, 27]. For this particular
device, timed implants were used to achieve 3–5 implanted
phosphorus atoms within a 90 × 90 nm2 aperture in the
polymethyl methacrylate (PMMA) mask opened adjacent
to the SET island (dashed region in Figure 1(a)). Recent
measurements positively identify phosphorus as one of the
charge centres based on observation of the hyperfine split-
ting. A double-gated nanoscale field-effect transistor, with a
small number of phosphorus donors implanted into the con-
duction channel, has also been fabricated to study electron
transport through individual phosphorus atoms [13].

Detected single-ion implantation allows precise control
over the number of ions implanted through an aperture.
Detection of single-ion impacts can be achieved in a number
of different ways including detection of secondary electron
emission from the surface [28], observation of ion-track
formation in some suitable resist coated onto the surface
[29], detection of changes in the source-drain current of
a MOSFET device [18], or detection of the electron-hole
pairs formed as the ions lose energy through electronic
interactions with the substrate [30]. This latter method has
the advantage that detection of the energy deposited by
the ions in the lattice allows real-time differentiation between
events where the ions stop in the substrate and those where
they stop in an overlying resist or oxide layer or some
other undesired location. Devices for quantum computation
generally require implantation of low-energy ions due to
the need for close proximity to surface gates. The detection of
sub-20 keV ions is somewhat challenging because relatively
few electron-hole pairs are produced by each ion. With care
in device fabrication and packaging to reduce capacitance
and through use of low-noise electronics it is possible to
routinely and reliably detect implantation of the low-energy
ions required for quantum computing devices.

The detection method is illustrated in Figure 2. The de-
tector is a reverse biased PIN structure fabricated in a high-
purity Si substrate. Two surface aluminium electrodes con-
tact the boron-doped p-wells. The back contact consists of an
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Figure 2: Schematic of the PIN single-ion detection system
integrated into the high-purity Si substrate. The surface detector
electrodes are connected to the p-wells on each side of the 5 nm
thick gate oxide which has a width of 10 μm. Apertures in the
PMMA mask allow ions to enter the substrate in selected areas. Two
transients detected in the external circuit from single-ion impacts
are shown in the bottom panel of the figure (as in [30]).

n-type phosphorus diffused layer and Al contact. Detection
of the transient signal due to ion impacts is achieved
by connecting the detector electrodes to a cooled MOX-
TEK four-terminal junction field effect transistor (JFET)
with an integrated transistor resetting circuit. An external
preamplifier module controls the JFET. Each implanted
ion produces approximately 1000 electron-hole pairs which
drift in the internal electric field and induce the charge
transient detected by the external circuitry. 14 keV 31P+ ions
have a projected range of about 22 nm when implanted
into Si through a 5 nm SiO2 surface layer, as predicted by
the modelling code SRIM [31]. Only 34% of the initial
kinetic energy produces ionization events hence the need for
optimised design of the detection system so that the noise
threshold is as low as possible. Other details of the detection
system can be found in [30, 32, 33].

Ion-bean-induced charge (IBIC) measurements using
high energy ions is a very useful tool for studying detector
efficiency and optimising detector design prior to attempting
a keV single-ion implantation experiment. The righthand
panels of Figure 3 show IBIC maps of a quantum computing
device collected with a scanned 500 keV He microbeam
from the Melbourne Pelletron. The top panel is a large area
scan, while the bottom panel is a closeup of the site where
the single-ion implantation will take place, showing the
desired high charge collection efficiency in this region. The
two left hand panels are the corresponding SEM images of
the device. The purple regions of moderately high charge col-
lection efficiency arise from a diffused channel stopper that
is incorporated into the device design to prevent crosstalk
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SEM
500 keV He IBIC

500 μm

Implantation site

Channel stopper

Figure 3: IBIC maps of a quantum computing device collected with a scanned 500 keV He microbeam. The top right-hand panel is a large
area scan while the bottom right-hand panel is a close up showing the desired high charge collection efficiency in the site where the single-ion
implantation will take place. The two left-hand panels are the corresponding SEM images of the device.

between device components. The IBIC maps show that the
channel stopper is inadvertently coupled to the detector leads
increasing the capacitance. This issue is being addressed in
later generations of devices and highlights the importance of
IBIC with MeV ions in allowing such issues to be identified.

3. Single-Ion Implantation Challenges

Some of the key challenges facing researchers in developing
single-ion implantation for quantum computing are limita-
tions on the accuracy of placement of implanted ions due
in part to ion straggling, limits on the ability to detect ion
implantation events above the noise floor as the ion energy is
reduced due to the decrease in the fraction of the ion energy
that contributes to ionisation events, and the need to develop
appropriate pathways for scale-up so that multiple implant
sites and devices can be implanted sequentially.

The variation in ion range and longitudinal straggling
with ion energy is illustrated in Figure 4(a) for keV P and Sb
ions. Sb implanted quantum devices are being investigated by
Schenkel and coworkers [34, 35]. For 14 keV P, the projected
range is ∼22 nm, and the longitudinal range straggling gives
rise to a variation in depth of ∼±11 nm. The corresponding
lateral range straggling is ∼8 nm. The situation is better
for Sb as can be seen in Figure 4(a). However, 121Sb has

a nuclear spin of I = 5/2 [36], giving rise to extra spin
states compared to the simple two-state system for P (I =
1/2), and the heavier mass of the Sb ions is less compatible
with implantation through a preexisting thermally grown
gate oxide since the damage is likely to be more difficult to
repair than is the case for P [37]. Indeed, Lo et al. adopted a
process where they grew the oxide after the Sb implantation,
[36] relying on the relatively small intrinsic diffusivity of
Sb at the oxide growth temperature, but this approach also
adds to the uncertainty in how well alignment with surface
gates can be achieved. The effect of ion straggling on the
uncertainty in the placement of P+ ions is further illus-
trated in Figure 4(b) which shows the predicted probability
distributions for the implantation of 100 000 14 keV P+ ions
through three circular apertures 10 nm (top panel) and
20 nm (bottom panel) in diameter [38]. In each case the
aperture centres are spaced 30 nm apart. The ion impacts
were randomly distributed over the apertures. The lateral
and longitudinal range contribute significantly to the overall
uncertainty in location of the implanted ions.

The system of three donors at adjacent implant sites
30 nm apart depicted in Figure 4(b) is a prototype model
to test whether ion implantation could reasonably be used
to produce a device that would allow demonstration of
quantum transport via the coherent tunnelling adiabatic
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Figure 4: The effect of ion range straggling on the uncertainty in location of keV P and Sb ions implanted into Si: (a) variation in ion
range and longitudinal straggling with ion energy for keV P and Sb ions. (b) Probability distributions for the implantation of 100 000 14 keV
P+ ions through three circular apertures spaced 30 nm centre to centre. The aperture diameter is 10 nm in the top panel and 20 nm in the
bottom panel.
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by SRIM (fE ,SRIM) divided by the value obtained from measurement
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previous data of Funsten et al. (as in [39, 40]).

passage (CTAP) protocol [42]. CTAP is a protocol for the
spatial transport of a quantum state between two points on
a quantum chain. Quantum transport is a necessary com-
ponent of distributed quantum computing, and the CTAP
protocol has some advantages over competing transport
mechanisms [38]. Within the limits of the approximations
used, simulations show that one in six three-donor devices
produced by 14 keV P implantation could be suitable for
CTAP; while a reduction of the implantation energy to 7 keV
is predicted to yield one in two working devices. More

sophisticated modelling using large-scale atomistic tight-
binding simulations has revealed that donor displacements
along the direction of the donor chain, as opposed to
those perpendicular to it, have a larger impact on whether
the protocol will work or not but that some retuning of the
gate potentials may be possible to compensate [43].

The examples presented here are all for donor-based
quantum computing devices but it is worth noting that
acceptor-based quantum computing is also a possibility. It
has been shown in lightly boron-doped silicon samples that
transitions between the acceptor energy levels can be induced
by an applied resonant AC electric field and that Stark
tuning of level spacing can be achieved with an external DC
electric field [44]. However, the authors also noted a strong
sensitivity of the system to random local strain variation,
and this may be problematic for boron qubits formed by ion
implantation.

While ion straggling can be reduced by reducing the ion
energy, the projected range of the ions still needs to be large
enough to place the ions deeper than the extent of any gate
oxide or other overlayers that may be present. Also, donors
placed too close to the surface may hybridize with states
at the oxide interface which may not be desired [45, 46].
As the ion energy decreases, the fraction of the energy that
is available for ionisation events also reduces adding to
the difficulty of single-ion detection via electron-hole pairs.
Also, the electronic stopping predicted by SRIM has been
shown to be in error in the low-energy regime [32, 39, 40, 47,
48]. SRIM overestimates the electronic stopping as illustrated
in Figure 5 which shows the fraction of an ions initial energy
lost to electronic stopping processes by both the primary
ion and recoils as predicted by SRIM (fE ,SRIM) divided by
the value obtained from measurements using our single-
ion detection system (fE) or from previous measurements of
Funsten et al. [39, 40]. Good agreement is obtained despite
the fact that the detection systems are quite different in
the two cases. In the work of Funsten et al. the mean energy
lost to electronic processes by incident ions, and recoils was
found through measurement of the change in photocurrent
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in silicon photodiodes under ion bombardment. Large area
detectors were used and relatively high fluences could be
tolerated before the detectors would degrade. In our single-
ion detectors the ionisation response is measured in a central
region only 10 × 10 μm2 where the ions can penetrate
through the thin 5 nm oxide. The ionisation is directly
measured for individual ions, and the energy spectrum is
collected for multiple ions but only relatively small numbers
of ions can be detected before the accumulated damage
reduces the detection efficiency. Only a few hundred ions
can be detected before a new detector is needed. Recently
Akkerman and Barak have developed a model for the energy
partitioning between electronic and nuclear components for
low-energy ions in silicon, and this model is found to provide
a good fit to the data of Funsten et al. and to our own data
[40, 49, 50].

To compensate for the decreasing number of electron-
hole pairs produced with decreasing ion energy one can look
for more sensitive detection systems. Avalanche photodiodes
(APD) can be used to detect single-electron hole pairs gener-
ated by single photons [51]. This approach has recently
been adapted for single-ion detection [52, 53]. The avalanche
diodes are operated in Geiger mode by biasing past reverse
breakdown for a short-time period during which the detector
is sensitive to a single electron or hole injected into
the junction. The high fields produce an avalanche cascade
leading to a Geiger signal. Near 100% detection efficiency has
been demonstrated for 250 keV H+ ions [53]. In the current
detector design thick surface layers and structures prevent
low-energy ions from reaching the active region of the device
but the methodology has considerable merit, and there is
scope for further development.

Scale-up to multiple qubits and transport structures on
the same device requires some method to ensure registration
of the ions to the aperture array, that is, that one and only one
ion is implanted through each aperture in the lithographic
mask. It is impractical to use multiple lithographic steps with
only one aperture open at each step. Ideally if a method
could be devised to have a nanometer diameter ion beam
and nanometer-level accuracy in the position of the beam
with respect to a substrate, it would be possible to form
qubit arrays without a lithographic mask. Proposals exist for
ion-trap-based ion sources that could deliver arrays of single
ions with nanometre spatial precision but these systems are
still in development [54–56]. A focussed ion beam (FIB)
system can produce a sub-10 nm diameter beam, and this
is the approach used by Shinada et al. to produce ordered
dopant arrays in the channel of a back-gated silicon on
insulator device [15]. The single-ion impacts were detected
by measuring the change in the source drain current of
the device during implantation. Although the device was
rather large, having channel width and length of 300 nm and
3.2 μm, respectively, theoretically single-ion implantation
could be achieved in nanoscale devices via this approach,
however, no beam halo can be tolerated, and this will be
very difficult to achieve. An alternative approach is to use a
lithographically defined mask on the sample combined with
a scanned nanoaperture used to collimate the ion beam and
which can be positioned with nanoscale accuracy. This is

the approach adopted by Schenkel and coworkers and by our
group in Melbourne [38, 57, 58].

Figure 6(a) illustrates the concept of using a scanned
nanoaperture to sequentially implant ions through an array
of nanoapertures lithographically patterned on a substrate.
Here, the nanoaperture is a slot in a cantilever. The position
of the scanned aperture can be registered to the sub-
strate by detecting ions implanted into a registration zone.
The aperture can then be repositioned to the implant zone
to perform the deterministic implants. Figure 6(b) shows
the apparatus used in these experiments. Nanopositioning is
achieved with a three-axis Attocube stack [59]. The single-
ion detector can be cooled for low-noise operation. An SEM
micrograph of one of the slot nanoapertures is shown in
Figure 6(c). The slot aperture is formed by FIB milling of a
Si cantilever [38]. The slot is backfilled by in situ deposition
of Pt dissociated from a precursor gas by the ion beam to
achieve the desired aperture width. A 60 nm slot is shown
here. The narrowest uniform slot width we have achieved
to date is 30 nm. Figure 6(c) shows a series of irradiation
lines in PMMA formed by 14 keV Ar ion irradiation through
the 60 nm wide aperture and stepping of the aperture using
the nanopositioner. We are currently working towards full
testing of our single-ion detection system integrated with the
nanoaperture positioning system.

Finally in this section it is worth mentioning an alter-
native technology that can place dopant atoms with near-
atomic precision. Hydrogen-resist lithography uses a H-
terminated Si(001) surface and selective removal of H via a
scanning tunnelling microscope tip followed by controlled
adsorption of PH3 molecules at the exposed sites to incor-
porate P atoms into Si with near-atomic control over the
position [60]. Remarkable progress has been made using this
technology and recently a nanoscale Si quantum dot device
with approximately six P atoms in the quantum dot has been
demonstrated [61]. The device features in-plane source-
drain leads and gates also formed using H-resist lithography
and P incorporation. This technology does not suffer from
ion straggling and has the potential to produce qubits and
transport arrays with appropriate positioning accuracy but
it does require quite painstaking work in its continued
development. In the longer term, ion implantation may have
a significant role in fabrication of quantum optical devices
where atoms and optical defects are coupled to optical
cavities and waveguide structures [62]. In these structures,
restrictions on the placement accuracy of atoms or optical
defects are likely to be more relaxed.

4. Single-Ion Detection: Drain Current
Modulation

In prefabricated nano-MOSFET devices where it is not
possible to incorporate the previously mentioned single-ion
detection system it can still be possible to perform real-
time single-ion detection by monitoring the changes in the
source-drain current of the device due to ion damage. This
was the approach used by Shinada et al. in their back-gated
silicon on insulator MOSFET device [15]. The approach has
also been used by Batra et al. [63, 64]. Our own work in
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Figure 6: Ion registration with a lithographically patterned substrate using a scanned nanoaperture: (a) illustration of the concept of using
a scanned nanoaperture to sequentially implant ions through an array of nanoapertures patterned on a substrate. (b) The nanopositioning
system integrated with the single-ion detection system. (c) A 60 nm wide slot aperture in a Si cantilever formed by FIB milling and Pt
back-filling. (d) A series of irradiation stripes formed in PMMA by 14 keV Ar irradiation through the slot aperture.

this area and that of other researchers is motivated by recent
observations of quantum transport through individual ran-
domly distributed dopant atoms fortuitously located at
appropriate positions in the channels of nanoscale MOSFETs
to affect the conduction [20, 65]. Single-ion implantation
offers the possibility of deliberately placing dopants in the
channel to produce quantum effects.

We have performed single-ion implantation studies
on nanoscale silicon-on-insulator (SOI) MOSFETs using
500 keV He+ and 14 keV P+ ions and observed changes in
the drain current due to the ion impacts [41]. Two different
finFET device structures were used in the study as shown
in Figure 7. In the case of the 500 keV He+ irradiations the
particle range was sufficient for the ions to pass right through
the wrap-around gate and the channel and the buried oxide
(BOX) and stop in the substrate. As shown in Figure 7(a),
in this case discrete upward steps were observed in the drain
current, ID, consistent with the expected rate of ion arrival.
This was accompanied by a negative shift of the IV curve
which is consistent with trapped charge being created in the
BOX. For 14 keV P+ ions a different device geometry with a
split-gate design was used so that the low-energy ions could
reach the channel. Now, downward steps in ID occurred, as
shown in Figure 7(b), and a corresponding positive shift of
the IV curve was observed consistent with negatively charged
interface states being generated. The decrease in ID was con-
sistent with introduction of Frenkel pairs into the channel.

Subsequent experiments have shown that it is difficult
to unambiguously identify low-energy single-ion impacts in

these devices on a routine basis. In some cases no variation
in the drain current is detected above the noise. Device
modelling with the technology computer aided design
(TCAD) software package may go part way to explaining
this [66]. Figure 8 shows the expected current density in
the split gate device. The current density is greatest under
the gates where the low-energy ions cannot penetrate which
may reduce the sensitivity of the devices to low-energy ion
impacts. These devices offer the possibility of back-gating
as was used by Shinada et al. [15] in their deterministic
doping studies. We are currently investigating this avenue for
improved sensitivity to low-energy ion impacts.

5. Conclusions

Single-ion implantation has contributed to rapid prototyp-
ing of devices for solid-state quantum computer develop-
ment. Phosphorus implanted quantum devices exhibiting
spin-dependent transport and single shot spin readout have
been demonstrated. Single-ion detection schemes allow indi-
vidual ions to be implanted into lithographically patterned
device structures with high precision but ion range straggling
places fundamental limits on the positioning accuracy and in
the longer-term ion implantation may not be able to compete
with the hydrogen-resist lithography approach which can
produce quantum devices with near-atomic precision in
dopant placement. Ion range straggling can be reduced by
decreasing the ion energy, but surface proximity effects can
become a problem, and there are a diminishing number
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Figure 8: TCAD modelling of current density in the split-gate
finFET device, showing the low current density in the exposed
sections of the device where ion impacts will occur.

of electron-hole pairs available for ion detection, although
Geiger-mode avalanche detectors offer some prospect of
pushing the detection limits. Ion implantation may have
a significant role in fabrication of quantum optical devices
where atoms and optical defects are coupled to optical
cavities and where the precision in placement of the atom

or optical defect is expected to be somewhat more relaxed.
Single-ion detection by monitoring changes in the drain
current of nano-MOSFETs has been shown to be possible
in principle but still requires further development and
modelling to understand the optimal gating scheme and
the contributions of defects generated in the oxide layers,
the channel and other structures with the changes in drain
current and IV characteristics observed.
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This paper shows that charge exchange events and dissociation reactions of ions may impact the purity of the ion beam in ion
implantation, leading to contamination of the implanted target. Physical relations are derived that explain why unwanted ions are
transported in the ion beam despite of a magnetic mass separation. Based on those relations, the simulation tool ENCOTION
(ENergetic COntamination simulaTION) has been developed. ENCOTION is a very powerful tool for the simulation of transport
mechanisms of ions through a magnet analyzer and for the simulation of mass spectra, as will be demonstrated in this paper.

1. Introduction

The modification of materials by ion implantation offers
major advantages, such as high dose accuracy, excellent re-
producibility, or low process temperatures. Due to its mass
separation, ion implantation is considered to be an extremely
clean process step. Many applications, such as CCDs or
bipolar devices, strongly depend on the purity of the ion
beam [1]. The coimplantation of other contaminating ion
species might lead to serious consequences:

(i) dose errors, especially when the amount of contami-
nating ions is significantly high;

(ii) differences in the defect formation, for example,
when the contaminating ion species is much heavier
than the desired ion species;

(iii) impairment or complete malfunction of the irradi-
ated device, for example, in bipolar devices when the
contaminating ion species forms deep recombination
centers;

(iv) unreproducible implantation results as the composi-
tion of the ion beam might change with source para-
meters (especially temperature) as well as with the
history of the ion source.

Basically, mass interferences occur when the masses of dif-
ferent ion species are so close that the analyzer magnet
cannot separate them. For example, As may be implanted
together with Ge, when As is directly implanted after a Ge
preamorphization implant [2]. A key parameter for mass
separation, therefore, is the mass resolution M/ΔM which
can have great impact on the ion beam composition [3]. The
higher the mass resolution is, the lower the risk for contam-
ination is. Modern ion implanters have mass resolutions in
the range of about 15 to 90, whereas for the purpose of a high
ion beam purity, a value of more than 100 is recommended
[3].

Since mass separation is accomplished by magnetic
fields, it is well known that the ions are not separated by
their mass, but rather by the mass to charge state ratio. A
prominent example for contamination from device manu-
facturing is the coimplantation of doubly charged Mo during
BF2 implantation where the mass to charge state ratio is 49
in both cases [4, 5]. The simultaneous implantation of un-
wanted ions with the same mass to charge ratio as the desired
ion species might appear to be a manageable contamination
risk, but it is only a special case. When ions undergo a charge
exchange or dissociate between the ion source and the anal-
yzer magnet, surprising contamination issues may arise [6–
8]. This paper illustrates by means of mass spectrum analysis
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(which is not only essential in order to check which elements
are present in the ion source) that charge exchange events
and dissociation processes between the ion source and the
analyzer magnet of an implanter are fairly common. In this
regard, an important result of this paper is that those re-
actions generally produce two peaks in a mass spectrum,
whereof one not only depends on the mass and charge states
of the considered ions, but also on the extraction and sup-
pression voltages of the implanter. Simulations with the pre-
sented tool ENCOTION reveal that those charge exchange
and dissociation processes basically allow for a large variety
of potential transport mechanisms for practically all ele-
ments.

2. Apparent Mass Concept

The derivation of the apparent mass models is based on the
equation of Lorentz force and centrifugal force:

Bqanev = manv2

r
, (1)

where B is the magnetic flux density, r the radius of the mag-
net, e the elementary charge, v the velocity of the analyzed

ion, and man and qan are mass and charge state of the ion in
the analyzer.

Three sections have to be distinguished in the beamline
from the ion source to the analyzer magnet (see Figure 1):

(1) [Src-Ex] section between ion source and extraction
electrode;

(2) [Ex-Gnd] section between extraction and ground
electrode;

(3) [Gnd-An] section between ground electrode and
analyzer.

When a mass or charge exchange event occurs within
section [Src-Ex] or section [Ex-Gnd], the final velocity of an
ion in the magnet depends on the exact position in those sec-
tions. Therefore, the variables zex and zsp describe the relative
position of the charge or mass changing event in section [Src-
Ex] and section [Ex-Gnd], respectively, and take values from
0 to 1 (see Figure 1). Under the assumptions that in any of the
three sections no more than one charge or mass changing
event takes place and that the impact of the event itself on the
velocity is negligible, the velocity of the ion in the magnet cal-
culates as follows:

v = √2e ·
√√√√( qsc

msc
zex +

qex

mex
(1− zex)

)(
Vex + Vsp

)
−
(
qex

mex
zsp +

qsp

msp

(
1− zsp

))
Vsp, (2)

where msc and qsc are mass and charge state of an ion leaving
the ion source, mex and qex are mass and charge state at the
extraction electrode, and msp and qsp are mass and charge
state at the ground electrode. Inserting (2) in (1), a general
expression for the apparent mass can be derived:

mapp = m2
an

q2
an

[(
qsc

msc
zex +

qex

mex
(1− zex)

)(
1 +

Vsp

Vex

)

−
(
qex

mex
zsp +

qsp

msp

(
1− zsp

))Vsp

Vex

]
.

(3)

According to (3), the apparent mass depends not only
on the mass and charge states of the ions, but also on the
ratio of suppression and extraction voltage. Because of the
variables zex and zsp, the apparent mass is not limited to
discrete values but can take values from a continuous range.
Equation (3), therefore, is appropriate to describe tails of
peaks in a mass spectrum, such as the Al tail in Figure 4 in
the next section or to model contamination problems where
the charge exchange occurs in section [Src-Ex] [8].

In order to describe and simulate peaks of a mass spec-
trum, (3) can be simplified by applying the following assum-
ptions:

(i) on its way from the ion source to the analyzer magnet,
an ion undergoes no more than one change in mass
or charge state;

(ii) the charge or mass change events occur either at the
suppression or the ground electrode (zex = zsp = 1)
or between ground electrode and magnet.

According to those assumptions, two expressions for the
apparent mass can be derived:

(1) charge exchange or dissociation at extraction elec-
trode (man = msp, msc = mex, qan = qsp, and qsc =
qex):

mapp = m2
an

q2
an

[
qsc

msc
+
Vsp

Vex
·
(
qsc

msc
− qan

man

)]
, (4)

(2) charge exchange or dissociation at ground electrode
or beyond (msc = mex = msp and qsc = qex = qsp):

mapp = m2
an

q2
an

qsc

msc
. (5)

Both expressions for the apparent mass, (4) and (5), yield
discrete mass values. The particularity of (4) is the depen-
dence of the apparent mass on the ratio of the extraction and
suppression voltages, while the apparent mass according to
(5) only depends on masses and charge states of the consid-
ered ions. Equation (5) is well known and has been widely
used to explain contamination issues in ion implantation
[9, 10]. Both equations are the fundament for understanding
a variety of peaks in mass spectra.
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Figure 2: Section of a PH3 mass spectrum.

3. Analysis of Mass Spectra

A set of mass spectra with different source feed materials,
such as AsH3, PH3, N2, BF3, and Al were recorded and anal-
yzed. The mass spectra were recorded on a Varian 350 D im-
planter with a mass resolution M/ΔM between 100 and 120.
The Freeman ion source consists of a molybdenum arc cham-
ber and a tungsten filament which is insulated by alumina
ceramics. The recording of the spectra and the control of the
analyzer magnet were accomplished by a self-programmed
LabView software. It is of great importance that the ion cur-
rent can be recorded over several orders of magnitude. In the
following, selected sections of the mass spectra are depicted
in order to demonstrate the occurrence of charge exchange
and dissociation reactions.

Figure 2 shows a mass spectrum from 85 u to 220 u for an
ion source being operated with PH3. Tungsten with its five
isotopes produces a very characteristic arrangement of W+
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Figure 3: Section of an AsH3 mass spectrum.

peaks between 180 u and 186 u. In Figure 2, this arrangement
of peaks also shows up at four other positions. The peaks
from 90 u to 93 u and from 199 u to 205 u represent the sig-
nals of W++ and WF+ ions, respectively. The remaining W
peaks are caused by charge exchange and dissociation re-
actions. The peaks from 135 u to 139 u and 150 u to 156 u, are
the results of the charge exchange reaction W+++ → W++

and the dissociation process WP+ → W+, respectively.
Figure 3 shows three mass spectra from 51 u to 63 u, each

recorded at a different extraction voltage, and the source feed
gas was AsH3. The signal at mass 56.2 u is attributed to As
and can be caused in agreement with (5) by two different
charge exchange mechanisms:

(i) As+++ → As++ (at or beyond ground electrode),

(ii) As3
+ → As3

++ (at or beyond ground electrode).
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Noticeable is the peak between 57 u and 58 u which obviously
changes its position with the extraction voltage. In Table 1,
the measured masses are compared to the apparent masses
of the two mechanisms according to (4) and (5). For the
mechanism As+++ → As++, there is an excellent agreement,
also the peaks between 57 u and 58 u are accurately described.
As regards the mechanism As3

+ → As3
++ (at or beyond

ground electrode), no explicit peaks related to a charge ex-
change at the extraction electrode were detected in the range
from 51.74 u to 53.20 u, suggesting that the mechanism
As+++ → As++ is much more pronounced.

Figure 4 shows the section of a mass spectrum of Al.
Besides Al, BF2 ions can be found from previous operation
with BF3 as well as a comparatively large peak of AlF+. The
peak at 54 u can be either built up by Al2

+ ions or by the
charge exchange mechanism Al++ → Al+. The peak at 55.3 u
is caused when this mechanism takes place at the extraction
electrode. It is striking that this signal shows a large tail to-
wards lower masses down to approximately 50.5 u. The
reason for this tail is that the charge exchange takes place not
only directly at the extraction electrode but also between the
ion source and the extraction electrode, with decreasing
frequency towards the ion source.

In Figures 5 and 6, the sections of a N2 and a BF3 spec-
trum, respectively, are depicted. For lower masses, mass
separation works quite effectively, and, therefore, a large
variety of peaks can be seen. In Figure 5, for example,
more than 20 peaks can be distinguished. With (4) and (5),
practically all of the peaks can be explained using only the
elements which are known to be present in the ion source.
Both spectra show that the charge state of the ions is not
always diminished as it was the case for W, As, and Al in the
previous spectra. For N (Figure 5) and for B (Figure 6), the
ionization reactions N+ → N++ and B+ → B++, respectively,
are observed.

The considered mass spectra show quite many peaks
caused by charge exchange or dissociation processes. Espe-
cially the charge exchange reactions A+ → A++, A++ → A+,
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A++ → A+++, and A+++ → A++, with A representing any
element of the periodic table, can be found regularly. Those
mechanisms lead to two signals in the mass spectrum, one
of them being dependent on the ratio of the extraction and
suppression voltage. Those peaks might be accompanied by
large tails, increasing the risk of contamination significantly.

4. Simulation of Mass Spectra and
Mass Interferences

4.1. Software Tool ENCOTION. ENCOTION (ENergetic
COntamination simulaTION) is a simulation tool which
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Table 1: Comparison of As peaks from Figure 3 with calculated apparent masses. Spectrum (a) charge exchange after extraction, spectrum
and (b) charge exchange at the extraction electrode Vsp = 1.6 kV.

Mechanism Vex (kV)
mapp (u)

Spectrum (a) Equation (5) Spectrum (b) Equation (4)

As+++ → As++

20.2 56.21 56.19 57.79 57.68

25.1 56.20 56.19 57.41 57.39

30.1 56.20 56.19 57.17 57.19

As3
+ → As3

++
20.2 56.21 56.19 n. d. 51.74

25.1 56.20 56.19 n. d. 52.61

30.1 56.20 56.19 n. d. 53.20

was originally developed in order to check the potential of
any element of the periodic table to contaminate the target
during the ion implantation process [11]. It enables the user
to simulate expeditiously transport mechanisms of contam-
inants through the analyzer magnet, taking charge exchange
reactions and dissociation of molecular ions into account.
ENCOTION contains a database featuring the complete per-
iodic table of elements. Names and symbols of the elements
with atomic numbers greater than 100 were chosen according
to the recommendations of the International Union of Pure
and Applied Chemistry (IUPAC) [12]. The database contains
the masses and abundances of all natural isotopes, and the
values were taken from IUPAC tables [13].

Since the first version of ENCOTION was released [14],
numerous improvements were made and extensions were
added. ENCOTION now considers changes in mass and
charge state at the extraction electrode according to (4).
Figure 7 shows the parameter dialog where the main sett-
ings for a simulation are made. Essential for a simulation are
the definition of the apparent mass (which is preferably done
by specifying the implanted ion species in order to consider
decimals of the apparent mass) and the definition of the con-
taminating element. Additionally, assisting elements can be
specified which might form a molecule with the contaminat-
ing elements but which are not necessarily implanted. For
simulating changes in mass or charge state at the extraction
electrode, the extraction and suppression voltage have to be
provided. The extraction and a postacceleration voltage are
needed to calculate the effective energy of the coimplanted
contaminating element. Other parameters, such as mass re-
solution, maximum charge state, or maximum number of
contaminants in a molecule, may be used to limit or to ex-
tend the solution space. In Figure 8, a result window with
simulated transport mechanisms is depicted. For each trans-
port mechanism, the extracted ion with charge state as well
as the analyzed ion with charge state are listed. In addition,
the effective energies of the contaminating element with and
without an acceleration after mass separation are provided.
Finally, the apparent mass and the difference to the implan-
ted mass are listed. All columns of the result window can be
sorted in descending or ascending order.

A major extension is the implementation of two graph-
ical modules for simulating mass spectra. The first module
simulates the spectrum peaks of two interfering ion species
either by Gaussian curves or by consideration of geometric

parameters, such as the magnet radius, the width of the beam
slit, and the standard deviation of the ion beam. The latter is
especially useful when the width of the mass resolving slit is
larger than the deviation of the ion beam. The peaks can be
plotted both linearly and logarithmically. Figure 9 shows an
example of a mass spectrum of Ge interfering with W.

The second module simulates mass spectra with up to
five elements, taking into account multiply charged ions and
the formation of molecular ions. In Figure 10, a window with
simulated mass spectra from 0 to 200 u is shown. The peaks
are formed only by the elements B, O, F, Mo, and W under
consideration of multiply charged ions and the formation of
molecular ions. ENCOTION allows for the comparison of
two spectra. The total of the (red and blue) peaks describes
the spectrum spanned by all five elements. The red peaks
were simulated with Mo being removed, that is, the remain-
ing blue peaks are caused by ions containing Mo. The com-
bination of the simulation of transport mechanisms together
with the graphical simulation of mass spectra makes ENCO-
TION an optimum tool for identifying peaks in measured
mass spectra.

4.2. Simulation of Mass Spectra. To identify unknown peaks
in mass spectra, the simulation of transport mechanisms can
be complemented by the simulation of graphical mass spec-
tra. This is especially promising when elements with more
than one isotope are involved. In Figure 11, a BF3 mass
spectrum from 108 u to 120 u is shown. None of the peaks
features tails or shoulders which might indicate that they are
built by superpositions of different peaks. In fact, the sim-
ulation with ENCOTION reveals that the peaks are caused
by a superposition of 41.7% MoO+ and 58.3% MoF+ ions. In
case that the magnet analyzer would be set to mass 114 u, the
ion beam would consist of 26% 98Mo, 24% 95Mo, 26% 16O,
and 24% 19F.

Another spectrum simulation is shown in Figure 12. The
ion source was initially operated with AsH3 for As implanta-
tion, when subsequently the source feed gas was switched to
N2. At mass 75 u, the As+ peak is visible. In the mass region
between 69 u and 74 u, the measurement indicates a few
more peaks. It is striking that the distance of the peaks bet-
ween 70 u and 72 u is not 1 u but 0.75 u. The mass spectrum
simulation with ENCOTION identifies those peaks to be
caused by the charge exchange reaction Mo+++ → Mo++. In
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Figure 7: Parameter dialog of ENCOTION. In this dialog, the main parameters, such as the implanted ion species and the contaminating
elements, are specified.

Figure 8: Result window of ENCOTION. The simulated transport mechanisms are organized in nine sortable columns, containing the ex-
tracted and analyzed ions, the effective energies of the contaminating element with and without postacceleration, the simulated apparent
mass, and the mass difference to the apparent mass of the implanted ion. In this example, the simulated transport mechanisms of Al during
11B+ implantation are listed, sorted by effective energy in ascending order.

this case, the peak caused by 100Mo overlaps exactly with the
peak of As, that is, the As beam is contaminated with 100Mo.

4.3. Identification of Contamination Mechanisms. In many
cases, simulations with ENCOTION show surprisingly large
numbers of possibilities of how a peak in a mass spectrum
might be caused or how an unwanted element might con-

tribute to contamination of the implanted target. This makes
it sometimes difficult to unambiguously assign the cause of a
peak in a mass spectrum, especially when only elements with
one isotope come into consideration. For ion implantation,
the peak of the desired ion species is aimed to be tuned as
large as possible, making it in most cases impossible to rate
whether this peak conceals peaks of other ion species or
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Figure 9: Mass spectrum module 1 of ENCOTION. The simulated spectra show an interference between Ge and W ions.

Figure 10: Mass spectrum module 2 of ENCOTION. The simulated mass spectra from 0 to 200 u show peaks simulated by multiply charged
and molecular ions of the elements B, O, F, Mo, and W. All peaks that are caused by ions containing Mo are plotted in blue.

not. In those cases, the simulations should be supported by
SIMS measurements. SIMS profiles not only describe the im-
planted amount of considered elements, they also allow to
conclude on the effective implantation energy. With the lat-
ter, the simulated transport mechanisms can be rated.

Figure 13 shows SIMS profiles of Al which were measured
on two silicon wafers that were implanted with 11B+, one
wafer with 70 keV, the other with 140 keV. The 70 keV im-
plant was realized with an extraction voltage of 70 kV, and the
140 keV implant had an additional acceleration after mass
separation at a voltage of 70 kV. Profile simulations with the
Monte Carlo software SRIM [15] indicate that the Al was im-
planted at energies of 18 keV and 74 keV, respectively.
In Table 2, the two potential transport mechanisms with
the lowest effective energies are listed (cp. simulations
in Figure 8). The energy of the mechanism Al2O3

+ →
Al2O3

+++ agrees very well with the energies extracted by the

Table 2: Simulated transport mechanisms for Al to be coimplanted
during a 11B+-implantation. The energy E1 results from an extrac-
tion voltage of 70 kV + 70 kV, and the energy E2 from an extraction
voltage and an additional acceleration voltage after mass separation
of 70 kV each (cf. Figure 8).

Mechanism mapp (u) E1 (keV) E2 (keV)

Al2O3
+ → Al2O3

+++ 11.329 18.5 74.1

AlF2
+ → Al+ 11.204 29.1 99.1

SRIM profiles. Since alumina ceramics are present in the
ion source, this mechanism appears feasible. The tails of the
SIMS profiles, however, suggest that also other mechanisms
such as the dissociation process AlF2

+ → Al+ might
contribute to the contamination.
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Figure 11: Peaks in a section of a BF3 mass spectrum. By simulation
with ENCOTION, the peaks could be identified to result from a
superposition of 58.3% MoF+ and 41.7% MoO+ ions.
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Figure 12: Comparison of a measured mass spectrum with simu-
lated Mo signals resulting from the mechanism Mo+++ → Mo++.
The peak of 100Mo directly overlaps with the As peak.

5. Conclusion

Mass spectra of an ion source being operated with AsH3,
PH3, N2, BF3, and Al showed a large number of charge ex-
change and dissociation reactions. Some of the resulting
peaks depend on the ratio of the extraction to suppression
voltage which can be very accurately described with the deri-
ved model of the apparent mass. This model has been im-
plemented in the simulation tool ENCOTION which sim-
ulates, on the one side, potential transport mechanisms of
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Figure 13: Al contamination profiles resulting from a B implanta-
tion. For comparison, with SRIM [15] simulated profiles are shown.

any ions through the magnet analyzer and, on the other side,
mass spectra. The power of ENCOTION was demonstrated,
firstly, by the identification of mass spectrum peaks resulting
from a superposition of Mo compounds, secondly, by the
detection of Mo contamination during As implantation, and
thirdly, by the simulation of transport mechanism for Al dur-
ing B implantation.
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Titanium and titanium dioxide thin films were deposited onto Si(111) substrates by magnetron sputtering from a metallic Ti target
in a reactive Ar+O2 atmosphere, the composition of which was controlled by precision gas controllers. For some samples, 1/3 of
the surface was covered with palladium using molecular beam epitaxy. Chemical composition, density, and layer thickness of the
layers were determined by Auger electron spectroscopy (AES) and Rutherford backscattering spectrometry (RBS). The surface
morphology was studied using high-resolution scanning electron microscopy (HRSEM). After deposition, smooth, homogenous
sample surfaces were observed. Hydrogen charging for 5 hours under pressure of 1 bar and at temperature of 300◦C results in
granulation of the surface. Hydrogen depth profile was determined using secondary ion mass spectrometry (SIMS) and nuclear
Reaction Analysis (N-15 method), using a 15N beam at and above the resonance energy of 6.417 MeV. NRA measurements proved
a higher hydrogen concentration in samples with partially covered top layers, than in samples without palladium. The highest
value of H concentration after charging was about 50% (in the palladium-covered part) and about 40% in titanium that was not
covered by Pd. These values are in good agreement with the results of SIMS measurements.

1. Introduction

Titanium hydride films have many potential applications, for
example, neutron super mirrors (multilayers of nickel and
titanium employed for the transport of cold neutron beams),
hydrogen storage layers, and standards for hydrogen quanti-
tative analysis. Saturation of these systems with hydrogen im-
proves their reflectivity, because hydrogen increases the dif-
ference between the two indices of refraction and allows one
to diminish the number of layers needed [1]. In addition,
titanium deutride films can be employed as a neutron source
in ion beam technology.

Titanium and its alloys have many industrial applications
thanks to their excellent corrosion resistance and high spe-
cific strength. However, hydrogen absorption induces crack-
ing of titanium layers (hydrogen-induced cracking, HIC)
because of hydrogen absorption [2]. Titanium dioxide top
layers act as a protective layer (against corrosion) but also as
a barrier to hydrogen absorption into the metal [3].

The mechanism by which the oxide influences hydrogen
permeation into Ti and its alloys is still not well established,
but it is known that diffusion of hydrogen in TiO2 is slower
than that in the pure metal [4, 5]. Additionally, the atomic
transport can be improved using palladium layers. Some
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theoretical models, in particular based on finite elements
method, have been used to simulate the behavior of hydrogen
in titanium oxide layers [3]. Titanium is also one of the most
important elements that can store high amounts of hydrogen
so titanium alloys as well as thin films are taken into
consideration as candidate for engine fuels [6]. Therefore, it
seems to be straightforward to study physical properties as
resistivity, surface topography in titanium, and in titanium
oxide-hydrogen systems, as it is reported in this paper.
Additionally, hydrogen profiles and its diffusion through the
different layers have been studied.

2. Experimental Methods

Deposition process was carried out in a planar, magnetron
sputtering system described in detail elsewhere [7, 8]. Mag-
netron discharge was driven by a d.c. pulse power supply.
Substrates for film deposition were placed on a rotatable
holder above the target. The substrate holder was completely
covered by a shutter with a 20 × 30 mm window permitting
deposition onto substrates at one of 8 different positions.
The target to substrate distance was 35 mm. In situ substrate
heating up to 300◦C was provided. Temperature control was
performed using a Pt 100 thermoresistor, mounted directly
into the substrates holder.

The target of 5N Ti was sputtered either in high purity
argon (for Ti layer deposition) or Ar+O2 reactive gas atmo-
sphere, the composition of which was controlled by MKS
mass-flow meters (in the case of TiO2). The films were depo-
sited onto Si(111) substrates at 250◦C. The thickness of the
layers was controlled by the deposition time.

After titanium and titanium dioxide layers deposition,
some of the samples were partially (1/3 of the surface) cov-
ered by 20 nm thick palladium layer by physical vapour depo-
sition (PVD). The thickness of the deposited layers was con-
trolled in situ using a quartz crystal microbalance. In the
case of 20 nm palladium layers, the time of deposition was
1400 s, the process took place in ultrahigh vacuum (1.5–6.0∗
10−9 mbar).

RBS measurements were performed at the Institute of
Nuclear Physics of the University Frankfurt/Main, using a
2 MeV 4He+ ion beam with 171◦ backscattering angle. De-
tails of the experimental conditions have been published else-
where [9]. For data evaluation the computer code SIMNRA
[10] was used taking into account the electronic stopping
power data by Ziegler and Biersack, Chu+Yang’s theory for
electronic energy-loss straggling, and Andersen’s screening
function to Rutherford cross-section. The contribution from
a double and/or multiple scattering into the RBS spectra [11]
was taken into account using the calculating facilities of
SIMNRA. It is more convenient to have the estimated layer
thickness in nm. Thus, the simulated RBS area density values
(1015 atom/cm2) were converted into the layer thickness
value (nm) by using the mass density of the bulk Ti
(4.51 g/cm3) and/or taking into account the mass density of
TiO2 (4.25 g/cm3) for the samples containing titanium oxide
layer. We note here that the real thickness of layers could be
somewhat different, since they could have a slightly different

mass density as that of the bulk sample. Besides, the sputter
deposited films have some porosity, and thus the mass
density of the film is certainly lower than that of the bulk
one.

SIMS, resistivity and electron microscopy measurements
were performed at the Institute of Materials Science of
Technische Universität Darmstadt. SIMS measurements were
performed using Cs+ primary ions recording positive sec-
ondary ions by a CAMECA ims 5f equipment with a base
pressure of 3 ∗ 10−10 mbar. For the resistivity measurements,
the 4-point method was used. The applied current was in
the ranges 1–100 mA. High Resolution Scanning Electron
Microscopy measurements were performed using a Philips
XL 30 FEG microscope with field emission electron gun.

N-15 nuclear reaction analysis (NRA) measurements
were performed at the Dynamitron Tandem Laboratorium
of the Ruhr-Universität Bochum. The reaction 15N + 1H →
12C + α + γ (4.965 MeV) with a resonance at 6.417 MeV was
used to obtain the results. For data evaluation the computer
code SRIM was used.

Two series of samples have been charged with hydrogen
at the same temperature (300◦C) and pressure (1 bar), but for
different times. Sample from the first series (Pd/Ti/TiO2/Ti/
Si) was charged twice, for 5 and for 15 hours (20 hours in
total). Sample from the second series (Ti/TiO2/Ti/Si) was
charged three times, for 2 hours, for 3 hours (5 hours in
total), and additionally for 3.5 hours (8.5 hours in total).

3. Results and Discussion

3.1. Composition. Prior to other experiments the composi-
tion of samples was studied by RBS. The compositions and
the fitted values of layer thicknesses have been in good agree-
ment with the nominal values. Figure 1 shows the fitted spec-
tra for two different samples. The spectra show clearly that
there is no interdiffusion at the interfaces (Table 1).

3.2. Surface. The chemical composition of the Ti surface
layer, with and without Pd, was determined by Auger elec-
tron spectroscopy (AES) with energy of primary beam 3 keV.
In both spectra the peak at energy of 271 eV corresponds
to carbon impurity; in titanium layer also some oxygen is
present (peak at 512 eV), as shown in Figure 2.

The topography of titanium and palladium layers was
studied by High Resolution Scanning Electron Microscopy.
In both cases, we observed smooth and homogenous layers,
without any islands or granulations (Figure 3(a)). After
hydrogen charging, granulation of titanium surface was
observed (Figure 3(b)), as it was described by Nakao et
al. [12]. Surface of palladium layer was not changed by
increasing the amount of hydrogen in the layer. Nevertheless,
some cracks were observed, because of the elevated charging
temperature of 300◦C.

3.3. Resistivity. H in transition metals, like Ti, tends to
occupy tetrahedral interstitial sites. As it is well known from
the literature [13], one can reach the best solubility of H in
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Figure 1: Measured (markers) and fitted (red line) RBS spectra for (a) Pd/TiO2/Ti and (b) Pd/Ti/TiO2/Ti films deposited on Si (111).
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Figure 2: AES spectra for (a) titanium and (b) palladium layer.

Table 1: Thicknesses of the samples, nominal and obtained from RBS measurements.

Pd/TiO2/Ti/Si(111) Pd/Ti/TiO2/Ti/Si(111)

Nominal thicknesses RBS thicknesses Nominal thicknesses RBS thicknesses

Pd 20 nm 20 nm 20 nm 19 nm

Ti — — 50 nm 40 nm

TiO2 100 nm 97 nm 100 nm 96 nm

Ti 100 nm 79 nm 100 nm 80 nm
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Figure 3: HRSEM images for a series of samples with titanium top layers and the boarder between titanium and palladium for samples
partially covered by Pd before (a) and after (b) hydrogen charging.

the case of the β-phase (12 tetrahedral and 6 octahedral inter-
stitial positions). The solubility of hydrogen in α-titanium
is quite negligible [13]. For small amounts of hydrogen in
titanium (α-Ti), hydrogen forms a disordered interstitial
solution in the HCP Ti lattice (only 4 tetrahedral interstitial
sites), and hydrogen atoms act as extra scattering centers
for the conduction electrons. Therefore, the resistivity of the
layer will be increased. Hydrogen atoms in titanium represent
a model system for concentrated lattice gas [14]. This system
is an ideal physical realization of this model because of the
wide ranges of hydrogen solubility and the high mobility
of hydrogen in Ti. Therefore, it can be described using the
lattice gas automata (LGA) or lattice gas cellular automata
(LGCA) methods.

With increasing amount of hydrogen in the sample,
titanium hydride with H-vacancies (under stoichiometric
composition) will be created (FCC lattice), and hydrogen
atoms will occupy tetrahedral voids, so the contribution of
conducting electrons becomes larger than the contribution
of scattering centres in the lattice. Consequently, the resistiv-
ity will be decreased [15].

Resistivity of the top titanium layer was measured for
each sample using the 4-point method and was calculated
using the equation

ρ = π

ln 2
× d × U

I
, (1)

where d is the thickness of the titanium layer, U is the meas-
ured voltage, and I is the applied current. Before hydrogen

charging, the measured average resistivity for each sample
was in good agreement with the literature.

The resistivity measured on the titanium layer of the sam-
ple Pd/Ti/TiO2/Ti/Si (on the area that was not covered with
palladium) before hydrogen charging was found to be 1.76∗
10−7 Ωm. After the first charging step, resistivity decreased
to 1.21 ∗ 10−7 Ωm, and after the second charging step, the
resistivity decreased again down to 0.98∗ 10−7 Ωm. Because
of the conditions of hydrogen charging (at 300◦C the concen-
trations of hydrogen in α, β, and δ (hydride) phases are 6.72,
39, and 51.9 at%, respectively [16]), we can state; that already
after the first step of hydrogenation, the pure β-phase or at
least a mixed (α + β)-phase has been reached. The sharp
decrease in the resistivity seems to confirm this statement.
After the last charging step N-15 measurements have been
performed. The results show a hydrogen concentration of
over 50% in the titanium layer, meaning that probably the
δ phase with FCC lattice has been achieved. Up to this
region, Debye’s temperature, as well as electronic specific
heat coefficient, decrease linearly with increasing amount of
hydrogen [17]. Obtaining higher H concentration values
(over 60%) an “electronically driven” fcc↔fct transformation
will be induced [18].

In the Ti/TiO2/Ti/Si sample the resistivity measured prior
to hydrogen charging was found to be 2.25 ∗ 10−7 Ωm. In
both cases (samples with and without palladium) the value
of resistivity is slightly under the literature value, probably
because samples contained small amount of hydrogen
already before hydrogen charging (the presence of H was
confirmed by SIMS measurements). It is also visible from
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Figure 4 that the resistivity is lower for samples covered by
palladium (because of the supporting role of Pd for hydrogen
dissociation and diffusion into the metal). However, later
both curves are decreasing almost parallel. After the first
charging step, it decreased to 2.17 ∗ 10−7 Ωm, after the
second charging step it decreased to 1.88 ∗ 10−7 Ωm, and
after the last charging it decreased to 1.63 ∗ 10−7 Ωm. this
change in the resistivity suggests that after the first process of
charging the (α + β)- or β-phase was achieved and after the
second process the pure β-phase was obtained. Further N-15
measurements showed about 40% of hydrogen in the sample,
meaning that in this case the δ phase has not been reached.

Because their resistance can be switched reversibly by
an applied electric field, metal-insulator-metal (MIM) stru-
ctures such as Ti/TiO2/Ti have been proposed for resistive
random-access memories (ReRAM) [19]. However, methods
for improving the uniformity of resistive switching parame-
ters will be yet studied. Yingtao Li et al. [20] reported nitro-
gen annealing as a method improving the broad variations
of the resistive switching parameters in the as-deposited
TiOx films. Changing the resistivity of titanium by hydrogen
charging could also be a way to modify properties of such
systems.

3.4. Hydrogen Profiling. To obtain the hydrogen profiles in
samples Pd/Ti/TiO2/Ti/Si(111) and Ti/TiO2/Ti/Si (111) with
the same titanium layer thicknesses and the same hydrogen
charging times and temperature, SIMS and N-15 measure-
ments have been performed.

For those samples, partially covered by palladium, it is
clearly visible that hydrogen charging enhanced the hydrogen
concentration (storage) in both (top and bottom) titanium
layers, but no changes were observed in the oxide layer.

Titanium is a metal that was widely investigated as a
potential material for hydrogen storage, because of its high
hydrogen storage capacity (67%) and its very low outgassing
property [21]. In the titanium-hydrogen system, the heat
of solution and the formation energy of the hydride, TiH2,
are both negative [22]. At elevated temperatures, hydrogen
atoms in the titanium formed hydrides immediately. The
hydride formation is therefore controlled by the diffusion
process of the hydrogen atoms, and numerical calculations
concerning this topic have also been performed, and some
theoretical models have been developed [23, 24]. One of
these models is based on the idea that complex defects
will contribute to the surface diffusion flux at temperatures
approaching the melting point and allows determining dif-
fusion coefficient even in the case of very complex and defect-
ed systems.

Results presented here show that after charging the con-
centration of hydrogen was increased in titanium layers;
however, in the titanium dioxide layer its concentration re-
mains the same as before (Figures 5 and 6(a)). Results of
N-15 measurements show an accumulation of hydrogen in
both titanium layers (up to 50%) but only a small amount
(less than 5%) in the oxide layer. These results are in good
agreement with results of SIMS measurements (Figure 6). It
seems to be clear that hydrogen diffuses through the oxide
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Figure 4: Charging time dependence of resistivity in titanium layer.

layer without any accumulation there. This fact can be ex-
plained by the mechanism, proposed by Bates et al. [25], who
described the diffusion of hydrogen and its isotopes through
a TiO2 sample in direction parallel and perpendicular to the
c axis. They showed that because of its large open channels
parallel to the c axis, diffusion of hydrogen is very rapid in
this direction and proceeds by a proton jump from one O2−

ion to another along this channel (so diffusion parallel to the
c axis is much faster than in the perpendicular direction).

For a sample without palladium layer, the situation is
quite similar and differs only in the contents of hydrogen.
Prior to charging some amount of hydrogen was observed by
SIMS measurements because of the H absorption of the sur-
face. Charging with hydrogen increased this amount in the
top titanium layer significantly, but in the second titanium
layer the concentration of hydrogen remains lower than in
the case of the sample with palladium top layer (Figure 7).
This result indicates that palladium acts as a catalyst for ga-
thering hydrogen in Ti and its diffusion through the TiO2

layer.
Results of N-15 measurements show a high accumulation

of hydrogen in the first titanium layer (∼40%) and a smaller
amount in the second titanium layer (∼15%). Only a very
small amount of hydrogen was observed in the oxide layer.
This indicates that the lack of palladium on the top hinders
hydrogen to penetrate into titanium, as well as into the sec-
ond Ti layer through the titanium dioxide layer [3]. Pd sup-
ports the dissociation of H2 molecules on the surface. Hav-
ing Pd metal atoms on the surface, they can promote the
dissociation of hydrogen molecules, and so the H atoms
can be easily absorbed by the bulk of the metal and diffuse
through other layers. These results are in good agreement
with concentration depth profiles from SIMS measurements.

4. Summary

In this study, the main characteristics of hydrogen absorption
by titanium and titanium dioxide thin films were investigated
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Figure 5: SIMS profiles for the sample Pd/Ti/TiO2/Ti/Si before (a) and after (b) hydrogen charging.
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Figure 6: Comparison of H profiles for the sample Pd/Ti/TiO2/Ti/Si measured by SIMS (a) and N-15 (b).

with specific emphasis on the hydrogen diffusion and its stor-
age in each layer. It is clearly visible from the results that pal-
ladium acts as a catalyst for hydrogen diffusion through TiO2

layer and increases the maximum H concentration up to
a value of over 50% (under the palladium-covered part)
instead of about 20% in titanium if it is not covered by pal-
ladium. Hydrogen profiles obtained both by SIMS and N-15
measurements proved this higher hydrogen concentrations
in good agreement in samples with partially covered top
layers. Concerning the surface, hydrogen charging caused a
granulation of titanium layer. Also the palladium layer was
changed (cracks on the surface) because of the elevated

temperatures during the hydrogen charging process. The re-
sistivity of the samples has decreased with increasing hydro-
gen charging according to the predictions as it was pointed
out in the discussion.
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6 Institut Européen des Membranes (UR CNRS 5635), Université Montpellier 2, Place Eugène Bataillon, 34095 Montpellier, France

Correspondence should be addressed to James A. Whitby, james.whitby@empa.ch

Received 15 April 2011; Accepted 11 August 2011

Academic Editor: Adam Georg Balogh

Copyright © 2012 James A. Whitby et al. This is an open access article distributed under the Creative Commons Attribution
License, which permits unrestricted use, distribution, and reproduction in any medium, provided the original work is properly
cited.

We describe the design and performance of an orthogonal time-of-flight (TOF) secondary ion mass spectrometer that can be
retrofitted to existing focused ion beam (FIB) instruments. In particular, a simple interface has been developed for FIB/SEM
instruments from the manufacturer Tescan. Orthogonal extraction to the mass analyser obviates the need to pulse the primary
ion beam and does not require the use of monoisotopic gallium to preserve mass resolution. The high-duty cycle and reasonable
collection efficiency of the new instrument combined with the high spatial resolution of a gallium liquid metal ion source allow
chemical observation of features smaller than 50 nm. We have also demonstrated the integration of a scanning probe microscope
(SPM) operated as an atomic force microscope (AFM) within the FIB/SEM-SIMS chamber. This provides roughness information,
and will also allow true three dimensional chemical images to be reconstructed from SIMS measurements.

1. Introduction and Design Philosophy

The ion microprobe or secondary ion mass spectrometer
(SIMS) has existed for almost fifty years [1, 2] but although
great improvements have been made in sensitivity and ease
of use, the lateral resolution has not improved quite as much.
Early papers reported measurements from fifty micron areas
for example, [2] but submicron image resolution using
gallium liquid metal ion sources (LMIS) was reported even
thirty years ago [3] and the separation of features as small as
20 nm wide has been reported [4, 5], close to the limits set
by sensitivity [4, 6] and lateral ion straggling [7]. However,
liquid metal gallium ion beams fell out of favour for SIMS

because the limited secondary ion yields did not in general
allow the full lateral resolution of the small ion beam spot-
size to be used, and because many applications simply de-
manded more sensitivity—most easily achieved by using pri-
mary ions such as Cs+ or O2

+ to improve the secondary ion
yield by up to two orders of magnitude. That the effective
spatial resolution in SIMS is often signal limited, especially
so for liquid metal gallium ion sources, is well documented,
for example, [4, 6, 8]. Nonetheless, the enormous increase
in interest in nanomaterials over the last decade, and the
limited spatial resolution of some common chemical analysis
techniques such as electron-beam-induced X-ray emission
(typically restricted to a information volume of about 1 μm
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diameter by electron scattering) have prompted a new look
at high spatial resolution SIMS [9, 10]. A further motivation
to re-examine the use of a gallium LMIS for SIMS is the
increasingly widespread adoption of Focused Ion Beam (FIB)
instruments for sample preparation (both milling and depo-
sition). These almost universally use gallium LMIS beams
to achieve excellent spatial resolutions with a high beam
brightness (corresponding to acceptable milling speeds). The
coupling of a secondary ion mass spectrometer to a dedicated
FIB instrument has been previously described by others for
example, [5, 11, 12].

Advantages of the combination of a FIB/SEM with a
SIMS include excellent sample imaging (secondary electrons
from either electron or ion beams, the latter giving better
channelling contrast) and positioning, and the use of the
FIB to precisely expose buried regions of interest for further
analysis by SIMS (and other techniques). It is far more
common for FIB/SEM instruments to be designed from the
start to accommodate extra analytical techniques such as
EDX, EBSD, and cathodoluminescence. and these additional
techniques which are complementary to SIMS can be decisive
in answering analytical questions posed by complex samples.
Having several types of analytical measurement possible with
a single vacuum chamber is not only a great time and mon-
ey saver, but also avoids uncertainty due to atmospheric
contamination. The advantages of SIMS measurements over
the EDX measurements more commonly found on FIB/SEM
instruments are (i) better limits of detection (including fewer
interferences for light elements), (ii) better spatial resolution,
(iii) ability to make isotopic and molecular measurements.
It is, however, more difficult in general to quantify SIMS
measurements than is the case for EDX measurements on
sufficiently large and thick materials.

In this paper, we describe an implementation of an FIB-
SIMS instrument and show examples of measurements made
with the prototype. Our focus has not been upon the best
possible SIMS performance, but rather upon a pragmatic,
cost-effective approach to sub-μm resolution chemical imag-
ing that take as its starting points a standard commercial
FIB instrument and a tried and tested mass analyser design.
The FIB-SIMS functionality was developed as part of the
European Union funded FIBLYS (see http://www.fiblys.eu/)
project which aims to create a modular suite of analytical
instruments which can be fitted to an optimised FIB/SEM
chamber. A consequence of the decision to use a commercial
FIB/SEM instrument is that the vacuum chamber is only
designed to work at high vacuum (above 10−6 mbar) rather
than the ultrahigh vacuum usual for secondary ion mass
spectrometers. The implications of this are discussed below
in the performance section.

2. The Instrument

The FIB/SEM chamber, columns, and FIB/SEM software are
commercially available parts from Tescan a.s. (a Vela SEM
fitted with a FIB column using a liquid metal gallium ion
source). The mass spectrometer is a commercial orthogo-
nal extraction time-of-flight instrument from Tofwerk AG
(model C-TOF) with a 0.5 m nominal drift length, including

ToF mass analyser

Turbo pump
for ToF

Pulser

Pre-amp

Primary ion (FIB) column

Figure 1: A closer look at the mass analyser in position on the back
of the chamber; there is very little space available. The turbo pump
on the mass analyser (to protect the detector) will be replaced by
an ion pump. The pulser electronics for the orthogonal extraction
are placed close to the mass analyser in order to preserve the pulse
shape.

the reflectron. This mass spectrometer was chosen because
of its compact dimensions (see Figures 1 and 2) and because
of the performance advantages and price/performance ratio
of time-of-flight mass analysis compared to quadrupole
mass analysis (as the samples expected to be studied by
FIB-SIMS instruments are often very small and unique,
the simultaneous detection of all masses in a time-of-flight
instrument offers efficiency gains compared to scanning
a quadrupole filter). Because of the small size of the
instrument, the mass resolving power M/ΔM (FWHM) is
no more than 800 at 69 Th, just sufficient to distinguish
many molecular interferences from isobaric monatomic
ions (Th denotes the unit Thomson for charge to mass
ratio [13]). Orthogonal extraction [14], typically using a
2 μs pulse, provides a high effective duty cycle and more
importantly avoids the need to pulse the primary beam (for
TOF operation) or to use monoisotopic gallium (necessary
to preserve mass resolution when pulsing the primary beam
to define the TOF start signal), thus no changes to the
FIB hardware are necessary. Secondary ions are detected in
the mass spectrometer using a pair of chevron mounted
microchannel plates (Photonis) and the resulting analogue
signal passed through a preamplifier, an amplifier/constant
fraction discriminator (RoentDek ATR19-2) and time-to-
digital converter (Cronologic GmbH HPTDC8-PCI) before
being passed to computer memory. Essentially the same
model of mass spectrometer has been previously described in
more detail in [15] for a similar application, although in the
current implementation all hardware is from Tofwerk AG.
Either positive or negative secondary ions can be detected,
but not simultaneously. The postacceleration voltage towards
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SEM column

Sample stage

FIB column
Secondary electron
detector

Collection lens
for TOFMS

Extraction to TOFMS

Figure 2: Interior of FIB/SEM-SIMS prototype. The sample stage
has been lowered to make the arrangement of the collection lens
and charged particle columns clearer. For SIMS work, the sample
is usually positioned at a working distance of 9 mm below the
SEM column, and tilted to 55◦ to present the sample surface
normal to the incident gallium ions. Additional instrumentation
such as nanomanipulators, gas injection systems, and EDX or BSE
detectors can be added as required. For SPM measurements, the
SPM assembly was mounted on the sample stage.

the microchannel plate detector is typically 5 kV, high
enough to still give detection efficiencies of about 20% for
ions with masses up to 2000 Da [16].

In order to make secondary ion measurements possible,
collection and transfer ion topics were designed and built to
take ions from the sample to the mass analyser (mounted
on a flange of the FIB/SEM chamber). A set of Einzel lenses
acting as relay lenses is used to transmit ions from the
collection optics to the mass analyzer; all potentials are below
200 V. A grounded shroud around the collection lens is used
to improve collection efficiency and to minimize electrostatic
disturbance to other instruments in the chamber. When
SIMS measurements are not required, the front part of the
extraction ion optics nearest the sample and pole pieces
simply clips off (labelled “collection lens” in Figure 2), thus
allowing the full range of sample sizes to be used by the FIB.
For SIMS operation, it is advantageous to extend the ion
optics so that the entrance aperture is nearer to the sample
and ion beam: in the current design, the collection optics
extend to within 8 mm of the sample/primary ion beam
intersection. This leaves enough space for simultaneous
operation of the SIMS functionality with a scanning probe
microscope or gas injection system (e.g., for focused ion
beam induced processing).

To collect mass spectra, software was written to (i) con-
trol the functions of the mass spectrometer, (ii) to initiate

an appropriate scan series by the FIB, and (iii) to collect
secondary electron images in parallel with the secondary
ion mass spectra. The same software is used to view and
analyse the mass spectra and to export the results in other
formats (as ion images, mass spectra from selected regions,
or raw data). All data are stored using the publicly available
HDF5 file standard [17] which is supported by many data
analysis packages such as Matlab, IDL, and Igor Pro. The
TOF-SIMS software is, for performance reasons, hosted on
a separate computer to that which controls the FIB/SEM.
The two computers communicate via Tescan proprietary
protocols using an Ethernet connection. Custom electronics
and a timer card from National Instruments (model NI6602)
are used to adapt hardware signals from the FIB/SEM (e.g.,
level shifting, logic operations, resynchronisation of clock
cycles) in order to control the time-to-digital converter card
and mass spectrometer extraction pulser.

During operation, the user uses the FIB/SEM to locate
the point of interest and to adjust focus and magnification.
Then, the desired image resolution, dwell time (mass to
charge range) and number of frames are selected on the
computer hosting the mass spectrometer software and the
measurement is started from the latter. All triggers from the
subsequent acquisition series are generated by the FIB/SEM
instrument until the predetermined number of frames has
been reached or the measurement is stopped manually. The
FIB beam remains at each point in a frame for the defined
dwell time before rapidly moving to the next point. The
beam is not blanked during the move between neighbouring
points, but between lines and frames it is. Although the SIMS
capability has only been tested with FIB/SEM instruments
from Tescan, it should be possible to fit the mass analysis
hardware into instruments from other manufacturers, but
the software and signalling interfaces might have to be modi-
fied. Example results and different ways of displaying the data
are shown in Figures 4, 5, and 6 for a nickel finder grid.

A note on nomenclature: we refer to one complete x-y
raster of the primary beam when collecting SIMS data as
a “frame”. Each frame is composed of data from an evenly
spaced Cartesian grid of points projected onto the sample
surface. From each of these points, one mass spectrum is
obtained from one extraction cycle of the TOFMS. Because
dynamic SIMS implies sputtering, we may consider each
measurement point as having some depth, and thus being
a volume element or voxel. These are referred to as “raw
voxels”. In practice, because the number of ions detected
per raw voxel is rather low, these raw voxels are binned
into “effective voxels” for visualization although the raw data
is kept. It should be noted that SIMS measurements alone
do not provide depth information, thus the use of “voxel”
might be argued with. The meaning of “depth profile” and
“chemical image” is illustrated in Figure 3.

3. Performance

Experience with this design of mass spectrometer suggests
that the dynamic range of the instrument is limited by in-
ternal ion scattering to about eight decades (implying 10 ppb
detection limits if all secondary ions were produced with the
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(planar structures normal to ion beam)
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Figure 3: Clarification of the primary ion beam and sample orientation for the BAM L200, VCSEL, and ALD samples described in the
text, all of which have planar structures. Depth profiles are reconstructed using the middle quarter of each image slice (“frame”) in order to
minimise edge effects. The resolution in the ion beam direction (depth resolution) is limited only by ion-induced mixing and roughening
and redeposition/edge effects and is in general better than the resolution in the directions normal to the ion beam (lateral resolution) which
depends heavily on the spot size and shape.

Figure 4: Secondary ion images for sodium, nickel, and carbon from part of a nickel finder grid on an adhesive carbon patch. Field of view
is 20 × 20 microns. Oxygen flooding was used to enhance the nickel signal. Because the full dataset is three dimensional, it could be shown
that the sodium signal was only present at the surface of the sample. The colour scale intensity units are ions per raw voxel (1024 × 1024 ×
178); for display purpose the data has been binned to 128 × 128 × 178).

same useful yield). In practice, for most samples integration
times sufficient to make 10 ppb peaks clear above the scat-
tered ion background are impractical using primary ion
currents suited to submicron resolution imaging (<200 pA).
Figure 6 shows in excess of six decades of dynamic range, and
Figure 7 shows a calibration curve for boron in silicon from
which a limit of detection of 5.5 ppm is inferred. The limit of
detection is a strong function of the secondary ion yield, so it
will vary for different secondary ions and matrices.

The useful ion yield was calculated for aluminium sec-
ondary ions from a distributed Bragg reflector (DBR) struc-
ture consisting of alternating AlGaAs and GaAs layers of
known thickness (see Figure 12), and a figure of 4 ×
10−6 detected ions per sputtered atom was obtained using
a primary ion energy of 20 keV. We are not aware of
a comparable useful yield measurement in the literature
for the same material and primary ion beam. It is well
known that secondary ion yields vary enormously with the
ion and matrix (as well as primary ion element, energy,
and incident angle) and surface quality. Useful ion yields
are further dependent upon the tuning of the mass analyser
and extraction optics (it is for example common practice to
use an energy filter to suppress polyatomic ions despite the

resulting reduction in useful ion yield for the analyte ions); a
comparison to the (sparse) literature is, therefore, somewhat
difficult. Reported values for useful ion yields for gallium
ion SIMS include 1.4 × 10−2 for Si+ from silicon oxide, 6 ×
10−5 for Si+ from silicon, 1.93 × 10−3 for In+ from indium
phosphide and 7.8 × 10−6 for P+ from indium phosphide
[18, 19]. Bearing in mind that aluminium ions seem to be
detected more sensitively than most on our instrument and
that the chamber pressure is always above 4 × 10−6 mbar
(and so some signal enhancement due to oxygen possible)
and there is a suggestion that the observed useful ion
yield could be improved. We did not use silicon or silicon
dioxide to calculate a useful ion yield, because it was not
possible to obtain a stable signal under normal conditions
at the pressure used in the instrument described here. The
implications of high vacuum operation of a SIMS instrument
(instead of ultrahigh vacuum) are discussed below.

Chemical images in which lines spaced by less than
100 nm are separated have been obtained (see Figures 9 and
13), and we are certain that this figure can be improved upon
in future by better focussing of the FIB beam. The depth
resolution can be, as expected, much better than 20 nm; see
Figure 15.
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Figure 5: Three-dimensional display of sodium secondary ions
from the nickel finder grid shown in Figure 4. It can be seen that
the sodium is concentrated in two locations, both at the surface of
the sample. The tailing in the z direction may be due to the shape of
the sodium deposit on the nickel grid or may also be in part due to
ion-beam-induced roughening and mixing. The x and y dimensions
are 20 μm as for Figure 4; the z dimension is unknown, but is orders
of magnitude less than this. The view is of isointensity surfaces after
thresholding to remove background counts.
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Figure 6: Mass spectrum from nickel finder grid on adhesive
carbon patch (see also Figure 4). About six decades of dynamic
range are exhibited by this spectrum. Note the relatively large
molecular oxygen peak due to the use of oxygen flooding to enhance
the nickel ion signal.

Mass Discrimination. The gallium isotope ratio from a GaAs
target (so the gallium signal consists of secondary ions from
both the sample and from implanted primary ions) was
measured as 1.46 ± 0.02, the literature value is 1.507 ±
0.0004 [20]. Mass discrimination is therefore of the order of
15‰ Da for this example. Similar magnitudes for the mass
discrimination have been observed for iron and nickel from
metal alloys.

Figure 7: Calibration plot for boron in doped silicon wafers
showing a linear fit to the measured points (three standards and one
blank), and 95% confidence limits. An oxygen partial pressure of
6.0 × 10−5 mbar was used to enhance the signal; the primary beam
was 30 keV, >14.7 nA with a scan area of 10 by 10 μm (the current
cannot be measured above 14.7 nA). The limit of detection under
these conditions for this material was 5.5 ppm.

Mass Resolution and Abundance Sensitivity. The measure-
ments reported here were obtained using a mass resolving
power of M/ΔM (FWHM) of 400 Th/Th at mass to charge
ratio 69 Th. The abundance sensitivity was 2.5 × 10−5.

3.1. Effect of Chamber Pressure. Commercial FIB/SEM in-
struments are mostly designed to work at high vacuum rather
than ultrahigh vacuum, and this has several consequences
when performing secondary ion measurements in such an
instrument.

(i) Because secondary ion yields depend upon the
partial pressure of for example, oxygen (e.g., [21]),
there will be a change in sensitivity (drift) as the
instrument pumps down after opening the chamber,
for example, to change samples. The presence of
oxygen in conjunction with ion beam sputtering can
complicate the appearance of oxide interfaces [22].

(ii) Even at the lowest pressure the chamber can attain
(>1 × 10−6 mbar), there will be a sufficient partial
pressure of chemically active gases (e.g., water and
oxygen) to affect the secondary ion yield for some
materials [23, 24]. This may improve sensitivity, but
complicates comparison of useful yields to published
values. See Figure 8 for an example of this effect.

(iii) The absorption of chamber gases onto the sample
surface contributes a background to the secondary
ion mass spectrum, and causes a nonlinear depen-
dence of the SIMS signal upon the primary beam
current and scan area [25, 26].

(iv) The presence of active gases changes the extent to
which surfaces roughen under ion bombardment.
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Figure 8: Effect of oxygen flow rate on SIMS signal for a cobalt
alloy; the graph shows the Co+ secondary ion signal as oxygen was
bled into the chamber through a needle valve. The plot has been
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Ga+ primary beam, 10 × 10 μm scan area. It can be seen from
the gradient that there is likely a significant oxygen enhancement
effect for cobalt secondary ions even at the lowest pressure (with no
oxygen flow).

All of these effects may be minimised (but not avoided
completely) by venting with an inert gas or better by using a
load-lock chamber. Normalisation to the gallium ion signal
can sometimes be used to correct for oxidation effects on
SIMS yields [27]. In general, however, for good reproducibil-
ity it is necessary to record (and to control) the pressure in
the chamber when performing SIMS measurements at high
vacuum. For samples which are sensitive to the residual gases
in the chamber (e.g., silicon), we suggest deliberately adding
a known partial pressure of for example, oxygen in order to
improve stability. Oxygen flooding can however have side-
effects such as distortion of depth profiles [24].

4. Applications

To illustrate the performance of our first FIB-SIMS proto-
type, we present here some example applications. When an
image is captioned as a depth profile, it means that the data
has been integrated from a region of each x-y plane (frame)
and is plotted as a function of frame number (equivalent
to depth or z-direction). When an image is captioned as an
“image”, it means that the x-y (frame) data is shown, and that
the data has been integrated along the z/depth direction. See
also Figure 3. For all of the data shown here, the primary
ion beam was incident normal to the mean sample surface.
Depth profiles use only the centre part of each frame in order
to minimise crater edge effects (this conservative approach
throws away 75% of the signal).

4.1. Spatial Resolution Standard BAM L200. Figure 9 shows
an aluminium secondary ion image from an unmounted,

Figure 9: Aluminium secondary ion image from the BAM L200
aluminium/indium/gallium arsenide standard. Field of view 2 ×
2 μm, displayed pixel size 15.6 nm, 30 keV, <1 pA primary gallium
ion beam. Superimposed in red are the integrated profile, and
labels denoting the period of each line pair (see bam l200repe.pdf
from http://www.rm-certificates.bam.de/ for more information).
The 67.5 nm period line pair (i.e., lines of width 34 nm, separated
by 34 nm) is barely split, but the 97 nm period pair (49 nm wide
lines) is well resolved.

unpolished chip of the BAM L200 resolution test reference
material. BAM define the spatial resolution to be that of
the smallest period grating that can be distinguished, in this
case P7 with period 67.5 nm (the widths and separation
of the aluminium rich stripes in P7 are 34 nm). The ion
beam FWHM is calculated to be about 50 nm (see below).
Noteworthy is that the chemical image was achieved from
a rather rough surface—the existence of surface topography
(scratches from sawing the sample) did not distort the chem-
ical image. It was also possible to detect (but not resolve) the
single aluminium rich stripes W8 (38 nm), W5 (19. nm) W10
(14.2 nm) and W9 (3.6 nm). In a round-robin study of SIMS
resolution [10] only ten out of sixteen laboratories could
detect a 5 nm wide aluminium rich stripe in the similar BAM
L002 standard, and the smallest calculated beam FWHM was
69 nm.

Figure 10 shows the corresponding indium ion image.
The signal here is nosier both because indium is less
sensitively detected than aluminium from this material and
because the indium-rich stripes are very thin (<5 nm, much
smaller than a single pixel in this image).

The lateral resolution of an image can be defined in
various ways, as discussed by [28] and will, in general,
depend also upon the signal to noise ratio of the image.
The ISO definition for surface chemical analysis makes ref-
erence to the distance between the 12% and 88% intensity
points in a line scan across a well-defined step function [29].
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Figure 10: Indium positive secondary ion image from BAM L200
(same data set as Figure 9). The unresolved indium features actually
consist of two line pairs (each with 5 nm wide indium rich lines)—
the distance between the line pairs is not documented.

For a Gaussian beam, a good approximation to gallium LMIS
beam spot distributions [10], this distance corresponds to
the full width at half-maximum (FWHM). Note that some
FIB manufacturers prefer to use the 20% and 80% intensity
points. Figure 11 shows the result of fitting the comple-
mentary error function (the convolution of a Gaussian with
a step function) to part of the aluminium profile shown
in Figure 9. The aluminium rich stripe in P4 has a width
of 97 nm; just large enough compared to the spot size to
regard the profile as a measured edge spread function. A
reasonable fit is obtained suggesting that the beam profile is
well approximated by a Gaussian distribution. Using either
the ISO definition or a deconvolution of the data gives a
FWHM for the primary beam of about 50 nm (the 20%–80%
definition gives a spot size of about 40 nm). With experience,
we expect further increases in performance, as according to
the manufacturer it should be possible to obtain this beam
size at much higher currents than we used (the specification
is for 50 pA into a 20 nm spot, or 500 pA into a 50 nm spot).

The above analysis assumes that the resolution is deter-
mined by the primary beam size and not by any other
physical processes. We can neglect lateral straggling of
primary ions as this is of the order of a few nanometers [7],
possibly up to 20 nm [9]. Although differential sputtering
and the resulting increase in rugosity of the surface might
contribute to a larger effective spot size, because secondary
ion yields depend on surface roughness and the surface-
primary beam angle, we do not see any change of lateral
resolution with depth.

4.2. Semiconductor Laser. The performance achieved with
the BAM L200 standard is particularly relevant to applica-

Distance (nm)

440420400380360340320300280

40 nm

20%

80%

Profile
Fit to profile

Figure 11: Enlargement of part of the profile from Figure 9 showing
a superimposed fit of a complementary error function and the 20%
and 80% points. The inferred spot size for the FIB beam (and so the
spatial resolution of the SIMS signal) is between 40 and 50 nm for
this dataset.

tions involving semiconductor or photonic devices fabri-
cated in gallium arsenide. Figures 12 to 14 show depth pro-
files and chemical images of a Vertical Cavity Surface Emit-
ting Laser constructed from an AlGaAs/GaAs Distributed
Bragg Reflector (DBR) fused to an AlGaInAs/InP gain wafer.
The device has been previously described in more detail in
[30] and was the first example of a wafer-fused semiconduc-
tor disk laser operating at the 1.3 μm wavelength. The speci-
men described here is denoted VECSEL 3/1. Figure 12 shows
a positive secondary ion depth profile through the device.
On the right hand side is part of the AlGaAs/GaAs DBR
structure (35 repeats of a 100 nm layer of GaAs and a 100 nm
layer of Al0.9Ga0.1As). On the left-hand side (left of frame 70
on the x-axis) are the structures in the AlGaInAs/InP wafer.
The expected structure is shown schematically in Figure 13.
Although much of the compositional structure of the device
is visible, the structure within the five quantum well regions
was not resolved. (Each of these 44 nm thick units consists
of three 10 nm thick Al0.28Ga0.26In0.46As layers separated by
two 7 nm thick layers of Al0.14Ga0.18In0.68As; each unit is
then spaced apart by InP layers). The depth resolution in
this profile is apparently of the order of 20 nm. As reported
previously for a SIMS depth profile of a similar material [31]
using different experimental conditions, we see a decrease
in the modulation depth of the repeated layers with depth
(i.e., the peak to valley difference of the aluminium signal)
which was shown to be due to roughening of the surface
(ripple formation [31]). The effect is less severe for the
conditions reported here, consistent with the lower extent of
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achieved using a range of primary ion energies and currents. The
modulation depth of the gallium signal is restricted because of the
use of a gallium ion primary beam, which necessarily results in a
strong gallium secondary ion background signal (due to secondary
ions from implanted gallium).

roughening as measured by scanning probe microscopy (see
section below).

Figure 13 shows the same structure, but in a different
experiment viewed from the side. The 100 nm thick alu-
minium stripes in the DBR are clearly separated from each
other, but do not have flat tops, and the modulation depth
is only about 80%, so the resolution in this image is a little
better than 100 nm.

That the FIB-SIMS cannot only visualise expected chem-
ical structures, but also reveal new information, is shown in
Figure 14. This overlay of depth profiles obtained from both
positive and negative secondary ions shows an unexpected
small peak in the oxygen ion signal at frame 60—this is very
close to the wafer interface and suggests that a surface oxide
layer may have been incorporated during the wafer fusion
process.

4.3. Atomic Layer Deposition Fabricated Multilayers. Atomic
layer deposition (ALD) is a coating technique using self-
limiting surface reactions of alternately supplied volatile pre-
cursor molecules to make highly conformal films with excel-
lent control of thickness [32], almost to single atomic layers.
Conformal ALD coatings have been used for example to coat
nanopillars for novel applications in photovoltaic materials
and nanomechanics, as well as to make transparent con-
ductive oxide films. Zinc oxide has potential as a semicon-
ductor material for optoelectronics, and aluminium-doped
zinc oxide can be used as a thin transparent conducting

oxide (TCO) film. The FIB-SIMS was used to investigate
ALD multilayers of zinc oxide and aluminium oxide that
were prepared as part of a study into their photoelectric
properties, and in particular to study some fundamental
characteristics of the ALD produced materials.

The films were produced at EMPA in a home-made reac-
tor using dimethyl zinc (95% purity from STREM Chemi-
cals, Inc.), trimethyl aluminium (97% purity from Sigma-
Aldrich Co.) and water vapour as reagents, and argon
as a carrier gas. The substrate was (111) silicon carefully
cleaned to remove organic contaminants from the surface.
The deposition was carried out at 65◦C with the following
cycle times: 0.1 s pulse, 20 s exposure, and 45 s purge. A
20 nm thickness of Al2O3 required 154 cycles and a 20 nm
thickness of ZnO required 100 cycles. Figure 15 shows a FIB-
SIMS depth profile through five pairs of nominally 20 nm
zinc oxide and 20 nm aluminium oxide layers on a silicon
substrate. All of the layers are clearly seen in the depth
profile and the aluminium signal shows a “top-hat” profile
suggesting that the depth resolution in aluminium oxide is
much better than 20 nm. However, the modulation depth of
the aluminium signal is poor and the zinc signal does not
have a “top-hat” profile. Figure 16 shows that the zinc oxide
layers are actually thinner than the aluminium oxide layers,
furthermore we expect the zinc oxide layers to be sputtered
faster. As a result, the zinc oxide layers although clearly visible
are not thick enough to give a “top-hat” profile. It is not
clear why the zinc signal from the uppermost layer (and to
a lesser extent the aluminium signal too) is so much stronger
than for subsequent layers. We suspect that this is a result
of adsorbed atmospheric constituents (molecular oxygen,
water) in the ALD material. The signature is probably not
simply due to a build up to the equilibrium concentration
of implanted gallium, because it does not repeat at each
subsequent interface. (For 20 keV primary ion energy, we do
observe repeated structure in the SIMS depth profile within
each aluminium oxide layer; this structure is believed to be
a measurement artefact. SIMS measurements at interfaces
can be complicated because sputtering can cause chemical
changes (e.g., reduction) in the sample material at the same
time that the implanted ion dose and damage approach a
steady state [22]). The high signal for the mass to charge
ratio 28 Th between the last aluminium oxide layer and the
silicon substrate is due to chemistry at the substrate interface
resulting in (i) either a stronger AlH+ ion signal (which
interferes strongly with 28Si+, and in practice dominates in
this sample) or (ii) a stronger 28Si+ signal due, for example,
to the presence of a thin layer of silicon oxide. Isotope
ratios suggest that the latter explanation (enhancement of
silicon secondary ion signal at the interface) is more likely.
An unexpected observation was that of a weak boron signal
(see Figure 17), correlating with the zinc oxide layers. The
presence of boron in ALD fabricated zinc oxide layers was
subsequently confirmed by glow discharge optical emission
spectroscopy (GD-OES), and was found to be due to an
impurity in the zinc precursor.

Limiting Depth Resolution of SIMS. Secondary ions come
from very near the surface (<0.5 nm) and the depth
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resolution of a secondary ion depth profile, given a sufficient
signal to noise ratio, is in principle only limited by ion-
induced mixing (usually of the order of a few nanometers
but can be more depending on primary ion energy and angle
and sample composition) and ion-induced roughening, in
common with other techniques which use an ion beam to
sputter away material in order to obtain a depth profile
(e.g., XPS, Auger). Changes in the composition of the sample
usually affect secondary ion yields, and differential sputtering
(in the chemical sense rather than the topographical sense)
will have an effect on depth profiles at interfaces [33]. The
processes that limit SIMS depth resolution are discussed in
detail in [34]. It is worth noting that we have no evidence for
any background due to sputtered material being resputtered
and ionised from the SIMS ion optics (i.e., no memory
effect is detectable). Redeposition of material from the crater
walls onto the crater floor can affect depth profiles [34, 35],
the extent to which this matters will depend upon the
chemical structure of the sample, the size of the crater
and the size and shape of the primary ion beam. With
appropriate mathematical models, monolayer thicknesses
can be reconstructed from SIMS depth profiles [36]. Note
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that the mixing-roughness-information depth (MRI) model
proposed by Hofmann [36] ideally requires knowledge of
the original surface topography, any interface topography,
and of the sputtering induced roughness. A scanning probe
microscope can provide at least two of these.

4.4. SPM-SIMS Integration. Because dynamic secondary ion
measurements imply significant sputtering, in general ions
originating from different depths will be measured at differ-
ent times and thus the recorded dataset is in some sense
three dimensional [37, 38]. However, for heterogeneous
samples there is no simple relationship between sputtering
time or ion dose and the depth. This is because different
materials and different crystal orientations will in general
have different sputtering rates [39]. Furthermore, if the
sample does not initially have a flat polished surface, then
there will always be ambiguity about the spatial relationship
between observed features as sputtering proceeds. Even for
polished samples where the matrix is homogenous, surface
roughening and swelling [40] due to the ion beam can
distort the relationship between sputtering time or dose and
the depth being sampled. Artefacts in the SIMS image may
also arise due to imperfectly normal crater walls, because of
edge effects when topography develops on the surface being
measured and due to redeposition of sputtered atoms [35],
and because local topography affects useful secondary ion
yields [41]. For all of these reasons it is highly desirable to
have available during sputtering a measurement of the sur-
face profile relative to the original surface before sputtering
commenced. The best way of doing this is to use a scanning
probe microscope to measure the surface (other options such
as stereo-pair electron beam imaging do not have sufficient
depth resolution or accuracy; laser interferometry has been
used to obtain sputtering rates [42] but gave no information

on roughening or differential sputtering within a crater
and can be difficult to interpret [43]). The use of an ex
situ SPM to improve SIMS 3D images has been previously
described for example, by [31, 39, 44]. In situ measurements
are highly desirable to increase the speed of measurements
and to avoid concerns about contamination or reactions
at the surface. This is however not commonplace because
(i) few scanning probe microscopes are intended to work
under vacuum, (ii) fewer still can easily be integrated with
an electron microscope and focused ion beam (limited space,
possible interactions), (iii) scanning probe microscopes are
expensive, and (iv) combining SPM measurements with
SIMS measurements can enormously increase the required
measurement time. However, If an SPM is integrated with
a SIMS measurement, then it opens up the possibility of
not only sensing topography but also other properties of the
surface (e.g., contact potential, magnetisation, and friction)
complementary to the composition measured by SIMS.
Because we had prior experience with SPM/SEM integration,
it was natural to do some “proof of concept” experiments
to demonstrate SPM/FIB/SEM-SIMS integration within a
single vacuum chamber. We are unaware of any prior
publications that show in situ SPM measurements of SIMS
craters.

The in situ scanning probe microscope was developed
together with SPECS Zurich GmbH. It utilised SmarAct-
GmbH positioners for coarse control of the tip and closed-
loop Nanodrive piezo stages from Mad City Labs Inc. for z
tip control and x-y fine positioning (x-y scanning was done
by moving the sample rather than the probe tip). Frequency
modulation atomic force microscopy (AFM) was performed
with an Akiyama probe from Nanoworld AG [45]. A Nanonis
SPM control system (base package and oscillation controller)
was used for the probe amplitude and phase feedback
loops, and to monitor the frequency shift of the probe.
The geometry and self-sensing properties of the Akiyama
probe are particularly well suited to a compact integration
within the vacuum chamber close to the intersection of the
charged particle beams with the sample. When not in use,
the SPM probe tip was retracted from the measurement
region using the coarse positioner, allowing free access of
the charged particle beams to the sample, and unhindered
collection of secondary ions and electrons. The SPM was
mounted directly onto the sample stage of the FIB/SEM
as shown in Figure 18. Although the Akiyama probe signal
can be transduced in different ways, we illustrate here only
the calculated Z displacement of the tip due to the surface
being measured. The free software WSXM [46] was used
to visualise and analyse the SPM datasets. An SPM scan
in both directions over a 5 × 5 micron area typically took
about 20 minutes (this obviously depends on the roughness,
whether the crater edge is part of the scan, and the desired
resolutions). The time to automatically withdraw the SPM
tip so that FIB scanning can continue is about 15 seconds;
more critical to combining the use of FIB-SIMS and SPM
is the successful automatic coarse repositioning of the SPM
tip.

The semiconductor laser sample described above was
used as a test specimen. We were particularly interested to
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Figure 16: SEM image of the nominal 20 nm/20 nm zinc oxide/aluminium oxide multilayer sample for which SIMS results are shown in
Figure 15. The bright stripes are the zinc oxide layers, the dark stripes are the aluminium oxide layers, and the substrate is silicon. It can be
seen that the zinc oxide layers are thinner than the aluminium oxide layers.
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Figure 17: Part of the secondary ion mass spectrum from the
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Figure 18: SPM tip and assembly in position on top of the FIB/SEM
stage, with the stage in its “home” position. The SPM assembly is
simply bolted to the stage.

find out if surface roughening could have been affecting the
depth resolution of the SIMS measurements. AFM scans were
performed before, during, and after the SIMS measurement.
(“during” meaning that the FIB beam was briefly turned off,
and the AFM tip moved into position, before reverting to
SIMS mode and continuing to sputter).

Figures 19 and 20 illustrate that the crater floor was fairly
smooth (RMS roughness 4.9 nm at a depth of 750 nm after
200 frames), so ion-induced roughening cannot have been
significantly limiting the extent to which the aluminium-
rich stripes in the DBR were resolved although this degree
of roughening will certainly have been detrimental to the
resolution of the 7 and 10 nm deep features in the laser
gain medium (quantum well structures). The crater walls,
as imaged by the AFM, are not perfectly perpendicular to
the sample surface, but there is little evidence for significant
redeposition of material around the crater. It seems likely
that the main reason for the unexpectedly poor modulation
and resolution of the 100 nm thick aluminium structures is
a combination of sputtering of redeposited material from
within the crater and primary beam halo effects.

5. Conclusions

We have shown that it is possible to adapt a commercial
FIB/SEM instrument for SIMS operation by adding a time-
of-flight mass analyser without any detrimental effect upon
normal operation. A depth resolution of <20 nm and a lateral
resolution of <100 nm (see Figure 9) have been demon-
strated (both for normally incident ions), and we expect to
improve upon both of these figures in the near future. We
have also demonstrated that the additional integration of a
scanning probe microscope is possible, allowing true depth
and roughness information to be obtained in series with
SIMS measurements.
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Figure 19: 5 × 5 μm SPM scan from within an FIB/SIMS crater
after 200 10× 10 micron frames at 104 pA and 20 kV Ga+. The RMS
roughness is 4.9 nm. The dataset has been corrected for global tilt.
For a higher primary beam current of 401 pA (similar to that used
for the depth profiles and images shown above) RMS roughnesses
of between 1 and 6 nm were measured.
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As structural material and moderator in high temperature gas-cooled reactor (HTGR), nuclear graphite endures large flux of irra-
diation in its service time. The microstructure of nuclear graphite is a topical issue studied to predict the irradiation property of
graphite and improve manufacturing process. In our present work, the pores in graphite are focused, and the relationship between
pore and irradiation behavior is discussed. Three kinds of nuclear graphite (IG-11, NBG-18, and HSM-SC) are concerned, and
their porosity, pore size, and morphology before and after irradiation are studied, respectively. A comparison between the three
graphites shows that dense small pores which are uniformly distributed in graphite bring better irradiation property because the
pores can accommodate some of the internal stress caused by irradiation expansion. Coke particles of small size and a thorough
mixture between coke and binder are suggested to obtain such pores in nuclear graphite and thus improve irradiation property.

1. Introduction

The rapid development of high temperature gas-cooled reac-
tor (HTGR) boosts the study of isotropic graphite. Due to
its low neutron absorption cross-section, corrosion resis-
tance, and good mechanical properties at high temperature,
graphite is used as structural material and moderator to
thermalize fast neutrons from the fission process [1, 2]. But
the environment of neutron irradiation in reactors during
operation inevitably induces changes in dimension and phys-
ical properties to graphite, promoting stress and even cracks
[2–4]. The behavior of graphite under irradiation needs to
be carefully studied to ensure the safety of reactors during its
service time.

The pores or cracks in graphite play an important role in
graphite irradiation property. Mrozowski put forward that
some pores are closed to counteract the c-axis expansion
under high-temperature irradiation [5]. Pedraza and Koike
proved Mrozowski’s theory in 1993 under in situ trans-
mission electron microscope (TEM), classified microcracks
into two types, and, respectively, described their behaviors

under irradiation [6]. The process of pore generation under
irradiation is then discovered [7].

In this work, we focus on the relationship between mi-
crostructures and graphite irradiation property. The way that
pores affect the behavior of graphite under irradiation has
been studied.

2. Experimental

Three types of graphites were conducted in the present work,
that is, IG-11 (Toyo Tanso Co.), NBG-18 (SGL Group), and
HSM-SC (Rong Guang). And their characteristics are listed
in Table 1.

The mercury porosimetry used here to measure pore
diameter in graphite is AutoPore IV 9500 produced by Mi-
cromeritics Instrument Corporation, with a measuring range
between 300 and 150000 Å and mercury intrusion and extru-
sion volumes better than 0.1 μL.

Samples are polished before observation under metallo-
scope and were irradiated by He+ and Xe+ at room tempera-
ture.
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Table 1: Characteristics of three nuclear graphites chosen for the
present study.

IG-11 NBG-18 HSM-SC

Coke Petrol coke Pitch coke Petrol coke

Average coke
diameter (μm)

20 300 25

Compaction
Isostatic

compaction
Vibratory

compaction
Isostatic

compaction

Table 2: The apparent density and porosity of the three graphite
samples.

IG-11 NBG-18 HSM-SC

Apparent density (g/cm3) 1.77 1.86 1.84

Porosity (%) 20.8 17.3 18.2

3. Results and Discussion

3.1. Porosity. The total porosity of graphite can be calculated
by the following simple equation [8]:

ε =
(

1− dV
2.25

)
× 100%, (1)

where dV is the apparent density of graphite, and
2.25 (g/cm3) is the theoretical density of single-crystal graph-
ite. Table 2 shows the calculation results of the three graphite
samples. They share similar porosity around 20%.

To further understand the distribution of pores in graph-
ite, both mercury porosimetry and metalloscope are used.
Figure 1 illustrates the distribution of pore diameters of the
three samples. The pores in IG-11 are small, with pore diam-
eters mainly around 1. 5∼3 μm, whereas pores in HSM-SC
have a sharp peak of 2∼4 μm, just a little bigger than IG-
11. NBG-18 is quite different from both IG-11 and HSM-SC,
with pore diameters scattered in a wide range of 5∼35 μm,
and has a gradual rise around 25 μm. In other words, though
sharing quite similar total porosity, NBG-18 has pores much
larger than IG-11 or HSM-SC.

A parallel result could be drawn from the metalloscope
images of the samples, shown in Figure 2. The morphology
of pores in IG-11 and HSM-SC is quite the same, both small
in size and large in quantity, whereas the pores in NBG-18 are
apparently bigger and sparsely spread, reaching a diameter of
several tens of microns and even more.

Moreover, the pore difference between IG-11 and HSM-
SC should also be noted, shown in Figure 3. The small size
pores are not uniformly distributed in HSM-SC, which
means that in some areas of HSM-SC, pores tend to appear
together and form a sort of pore clusters (Figure 3(c)), while
in some other areas, only a few pores could be observed
(Figure 3(d)). Pores in IG-11 are distributed much more
uniformly and evenly than in HSM-SC.

The nonuniform pore distribution of HSM-SC could also
be illustrated by counting the aberrantly large pores on
graphite surface. In the 12× 21 mm2 surface area of graphite
sample, IG-11 has 14 pores with diameters larger than
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Figure 1: Pore diameter distribution of the graphite samples.
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Figure 2: Morphology of graphite samples before irradiation. (a)
IG-11, (b) NBG-18, and (c) HSM-SC.
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Figure 3: Graphite morphology before irradiation. (a) Porous region; (b) few pores region in IG-11; (c) porous region; (d) few pores region
in HSM-SC.
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/Å

Depth (Å)
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Figure 4: SRIM simulation of vacancy depth distribution under
10000 ion irradiation of (a) 20 keV He+, (b) 200 keV Xe+.

150 μm, and the maximum diameter is about 200 μm; HSM-
SC has 31 pores bigger than 200 μm, with maximum diame-
ter reaching up to 330 μm.
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Figure 5: Raman spectra of IG-11.

4. Irradiation Property

Since neutron irradiation is really expensive and time con-
suming, the use of ion irradiation could be a good choice for
damage simulation, as it accelerates the process of irradiation
damage and compresses irradiation time from years to hours.
Though sputtering is introduced as heavy ions bombard
the surface of graphite samples, the order of irradiation
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Figure 6: Graphite morphology before and after 20 keV He+ irradiation with flux of 5 × 1016 ions/cm2. (a) IG-11, (c) NBG18, and (e)
HSM-SC before irradiation; (b) IG-11, (d) NBG18, and (f) HSM-SC after irradiation.

properties of the three samples could still be determined by
their morphology, as long as they are irradiated under the
same condition. Since the damage induced by 20 keV He+

irradiation is found to be quite light in our experiment, the
Xe+ irradiation, the kind of heavy ion irradiation which is
commonly used to study irradiation defects, is also intro-
duced in the present work [9–11].

Software SRIM 2008 (stopping and range of ions in mat-
ter 2008) can calculate the depth distribution of vacancies
that ion irradiation may cause in selected material [12], and
it is applied here to simulate He+ and Xe+ irradiation, shown
in Figure 4. The defects brought by He+ and Xe+ irradiation
are just near sample surface, and thus the surface structure
change can be detected by Raman measurements, since the
effective penetration depth of laser light is calculated to be
about 175 nm in our experiment.

There are three peaks in the Raman spectra of unir-
radiated graphite: 1355 cm−1, 1580 cm−1

, and 1620 cm−1.
1580 cm−1 peak (G-peak) is the characteristic peak of graph-
ite, while 1620 cm−1 peak represents point defects in graph-
ite, and 1355 cm−1 peak (D-peak) comes from defects and
random orientation of grains in graphite [13]. After irradi-
ation, the crystal structure of graphite surface is destroyed,
resulting in the change of phonon-vibrating frequency, and
thus the broadening and even overlapping of G-peak and
D-peak in Raman spectra.

Figure 5 shows the Raman spectra of IG-11 before and
after ion irradiation. No specific change is observed after
20 keV He+ irradiation at flux of 5 × 1015 ions/cm2, but
G-peak and D-peak are both broadened if flux is increased
to 5 × 1016 ions/cm2, showing that defects in graph-
ite are generated due to the large flux of He+ irradiation.
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Figure 7: Graphite morphology after 200 keV Xe+ irradiation with
flux of 1 × 1014 ions/cm2. (a) IG-11; (b) NBG-18; (c) HSM-SC.

The overlapping of peaks appears in 200 keV Xe+ irradiation
at flux of 1 × 1015 ions/cm2, which indicates much heavier
destruction of structure. The Raman spectra of NBG-18 and
HSM-SC give similar conclusion.

Three-sample morphology before and after He+ irradia-
tion is also observed under metalloscope, and for HSM-SC,
a region with uniformly distributed pores is selected to avoid
pore clusters, shown in Figure 6. The samples are irradiated
with ion flux of 5 × 1016 ions/cm2 at the energy of 20 keV.
Though He+ irradiation of this flux causes structure damage
on the surface of graphite samples (as shown in Figure 5),
no obvious morphology change caused by irradiation could
be found in IG-11 and HSM-SC. But for NBG-18, many
small new pores form after irradiation. The generation of
such micrometric scale cracks in graphite is also observed by
Watanabe et al. under N+ irradiation [14].

These new pores are not generated near already existing
pores but are quite evenly distributed in the area used to have
few pores. NBG-18 is the only one of the three to generate
many new visible pores although the three samples share
similar total porosity and all suffers crystal structure damage
after this flux of irradiation.

Graphite microcrystal would expand in c-axis and shrink
in a-axis under irradiation, which remarkably increases inter-
nal stress and may generate microcracks or pores in the
graphite [15]. But the existing pores in graphite can be closed
by increasing internal stress, which actually reliefs some stress
caused by irradiation. New pores will not appear until these
accommodating pores are consumed [16].

IG-11 and HSM-SC have small pores with diameter
around 1.5∼4 μm spreading densely on the graphite surface
(Figures 1 and 2). They do suffer irradiation damage as
shown in Figure 5, but the damage induced by 20 keV He+

irradiation at flux of 1 × 1016 ions/cm2 is relatively light
(compared to Xe+ irradiation). Thus, these pores in the sur-
face area can act as a sort of buffer to absorb internal stress
caused by this level of irradiation damage, and both surfaces
of IG-11 and HSM-SC with quite uniform pore distribution
avoid generating visible new pores. But for NBG-18, pores
are large and sparsely spread. Thus, in many regions of NBG-
18, no pore exists to accommodate internal stress, and new
pores appear exactly on these places after irradiation because
of the accumulation of too much stress (Figure 6).

The irradiation of 200 keV Xe+ with flux of 1× 1014 ions/
cm2 is also conducted in our experiment, shown in Figure 7.
Though the flux of Xe+ irradiation is two orders less than that
of He+, the damage is much more severe (compared to unir-
radiated graphite in Figure 2), indicating that Xe+ irradiation
may be a good way to study heavy irradiation damage, while
He+ irradiation is a tool to simulate the first stage of damage.

The heavy ion Xe+ generates and enlarges pores in IG-11
and NBG-18, but for HSM-SC, due to the nonuniform
distribution of pores, pores in pore clusters easily get inter-
connected (Figure 7(c)). Interconnected pores are a sign of
degradation on physical properties, such as strength and
elastic modulus [4]. Though pore interconnection does not
happen in every region of HSM-SC after irradiation, HSM-
SC surely has the worst irradiation property of the three,
since materials tend to break at the weakest point.

The present experiment shows that small-size pores
which are both densely and uniformly distributed can im-
prove the irradiation property of nuclear graphite. The mor-
phology of pores in graphite results from the specific coke
and binder selected in manufacturing and the process of
mixture. The common sources of porosity in graphite man-
ufacturing are coke calcination cracks, gas-evolution pores,
and Mrozowski cracks formed during cooling from graphi-
tization temperatures [17]. The first kind of pores appears
in coke and is usually elongated in size, while the later
two appear in binder phase and are small and round [18].
Judging from morphology, the large-size pores in NBG-18
are mostly calcinations cracks. These coke calcination cracks
can be so large in NBG-18 because NBG-18 uses 300 μm coke
particles as raw material, while IG-11 and HSM-SC use only
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20 or 25 μm coke particles which cannot contain such big
calcination cracks (Table 2).

Similarly, since coke and binder phase contain pores of
different size and morphology, a heterogeneous mixture of
them may lead to the nonuniform pore distribution in HSM-
SC. Japanese researchers lay emphasis on the importance
of a fine and homogeneous structure in isotropic graphite
manufacturing and admit that their use of small-size coke
particles makes it difficult to mix coke and pitch binder well
[19], which is also the case for HSM-SC.

5. Conclusion

The way that pores affect irradiation property of nuclear
graphite has been studied in the present work through He+

and Xe+ irradiation. Dense small pores which are uniformly
spread in graphite bring better irradiation property because
the pores can accommodate some of the internal stress
caused by irradiation expansion. And the use of small-size
coke particles and a thorough mixture of coke and pitch can
help obtain such small dense pores in nuclear graphite and
thus improve irradiation property.
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The doping effect of silver on the structure and properties of diamond-like carbon (DLC) films was investigated. The samples
were prepared by a process combining acetylene plasma source ion implantation (high-voltage pulses of −10 kV) with reactive
magnetron sputtering of an Ag disc. A mixture of two gases, argon, and acetylene was introduced into the discharge chamber as
working gas for plasma formation. A negative high-voltage pulse was applied to the substrate holder, thus, accelerating ions towards
the substrate. The chemical composition of the deposited films was modified by the respective gas flows and determined using X-
ray photoelectron spectroscopy and secondary ion mass spectrometry. The silver concentration within the DLC films influenced
the structure and the tribological properties. The surface roughness, as observed by scanning electron microscopy, increased with
silver concentration. The film structure was characterized by Raman spectroscopy and X-ray diffractometry (XRD). The DLC
films were mainly amorphous, containing crystalline silver, with the amount of silver depending on the process conditions. The
tribological properties of the films were improved by the silver doping. The lowest friction coefficient of around 0.06 was derived
at a low silver content.

1. Introduction

Plasma source ion implantation (PSII) is a simple but
effective ion implantation and deposition method for surface
modification of materials [1–3]. In the PSII process, a
negative high-voltage pulse is applied directly to a target, and
thus a plasma is generated in front of the substrate. The ions
from the plasma forming gases such as nitrogen, oxygen, or
hydrocarbons are implanted into the substrate surface. This
has been reported to improve several parameters such as
hardness, adhesion, friction coefficient, and wear properties
[4–11].

Furthermore, it is possible to implant metal ions by PSII
or to deposit films. If PSII is combined with a conventional
sputtering process, the element sputtered from the target
does not only form a film on top of the substrate but is also
implanted into the substrate [12]. Hence, a mixed zone at
the interface is formed thereby improving the adhesion of
the film. PSII can also be applied to deposit diamond-like
carbon (DLC) films, for example, by altering experimental
parameters such as the pulse voltage and length and by

using acetylene as working gas [9]. Here, the incorporation
of other elements into the DLC films offers the possibility
to modify the properties of the DLC films. Again, this
is feasible by a combined process. Since both processes
(sputtering and PSII) are run simultaneously in a single
experimental chamber, a mixture of a hydrocarbon gas
and argon has to be used. The argon ions are used to
sputter material from the cathode whereas the hydrocarbons
from the plasma function as a source for deposition of a
DLC film, resulting in a compound film [12, 13]. Metal-
containing DLC films with properties intermediate between
DLC and metal carbides have been shown to improve
the adhesion and hardness as well as the wear properties.
This is due to the microstructure of the films comprising
nanocrystalline grains in an amorphous carbon matrix [14–
16]. The incorporation of silver into DLC films (Ag-DLC) is
of interest as it offers the possibility to reduce the internal
stress [17], to enhance the wear properties [18], and because
it provides films that are haemocompatible and antibacterial
[19–21].
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Figure 1: SEM images of the surfaces of silver-containing DLC films.

In our previous works, we have reported on the plasma
source implantation of sputtered Ni ions into materials
and the effects of metal (Ti, Ta, Fe, Co, Ni, Mo, and W)
incorporation into DLC films on the composition, structure,
and phase formation [12, 13, 22]. In this study, the influence
of the silver content in DLC films prepared by a combined
magnetron sputtering and PSII process on the structure,
surface roughness, and tribological properties of the films is
discussed.

2. Experimental

The silver containing Ag-DLC films were deposited on silicon
wafer substrates (100) using a PSII method combined with
magnetron sputtering. Details of the magnetron plasma
source ion implantation apparatus used in this study are
described in detail elsewhere [22]. The base pressure in the
chamber was 10−4 Pa. Argon and acetylene (C2H2) were let
into the vacuum chamber by controlling their flow through
mass flow controllers. The film composition was altered by
changing the flow rate of the acetylene gas between 2.1 and
5.6 sccm while keeping the argon flow rate fixed at 20 sccm.
The vacuum pressure during implantation was set to around
1 Pa. An Ag disc with four inches (10 cm) in diameter was
used as the sputtering target. The plasma was generated by
the application of a 13.56 MHz, 150 W rf power to the mag-
netron sputter source. A pulse voltage of −10 kV superposed
to a DC voltage of −2 kV was applied to the substrate holder
at a pulse repetition rate of 100 Hz and a pulse duration
of 100 μs. The process times were between 0.2 and 1 h. The

thickness of the films was monitored by cross-sectional scan-
ning electron microscopy (SEM) observation. The surface
morphology of the films was also observed by SEM. The
chemical composition and chemical state of the films were
evaluated using X-ray photoelectron spectroscopy (XPS)
under Mg Kα X-ray irradiation. Depth profiles were obtained
by secondary ion mass spectrometry using 3.5 keV O2

+ pri-
mary ions detecting positive secondary ions. The structural
information was studied by X-ray diffractometry (XRD)
with Θ–2Θ configuration and Raman spectroscopy with an
excitation wavelength of 514 nm of an argon ion laser.

A ball-on-disc type apparatus was employed for the
tribological tests using balls of tungsten carbide with 6 mm
diameter. Friction coefficients were determined with a nor-
mal load of 2 N and a velocity of 100 mm/s. The tests were
carried out at room temperature and at about 25% relative
humidity.

3. Results and Discussion

The silver content in the films depended on the volume
fraction of C2H2 in the C2H2/Ar gas mixture. For the
lowest flow rate of C2H2, a silver content of 61.3 at.% was
found, as determined by XPS, with decreasing Ag content
for increasing C2H2 flow rate, for example, 1.8 at.% Ag at
3.5 sccm. The concentration of the metal in the DLC films
could be controlled by changing the fraction of C2H2 in
the gases. Similar results were reported for W-containing
DLC [13, 23]. The thicknesses of the films were 0.5–1 μm.
The surface morphology as observed by SEM is shown in
Figure 1. A very smooth structure was observed for the lower
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Figure 2: X-ray diffractograms of silver-containing DLC films with
increasing amount of silver.

contents of silver, that is, 1.8 at.% and 4.5 at.% Ag. For the
higher-content Ag-containing films, an increasing grain size
with a corresponding higher surface roughness was found
(Figure 1).

Figure 2 shows XRD patterns for Ag-DLC films with
an increasing amount of silver. At a silver concentration of
1.8 at.%, there is only a weak broad reflex at 38.27◦. From
the peak width, a crystallite size of 4.8 nm was estimated.
For a different preparation technique, it was reported that
Ag atoms began to form an amorphous silver phase in
the amorphous carbon matrix for a silver concentration of
1.8 at.% [17]. With a concentration of Ag of 5.9 at.% or
higher several reflexes are found which can be assigned to the
Ag crystalline phase. The intensity of the reflexes increased
with the silver content in the films. Since silver is not capable
of forming a carbide, there are Ag clusters within the carbon
matrix [14].

Raman measurements were performed to investigate the
chemical structure of the Ag-DLC films. A typical broad
peak for the DLC films was observed at a range between
1000 cm−1 and 1800 cm−1 for all films. The Raman spectra
show two prominent features: the D (disorder) line around
1350 cm−1 and the G (graphite) line around 1580–1600 cm−1

[24, 25]. The spectral profile was fitted by two Gaussian
profiles corresponding to the D line and G line, and the
integrated intensity ratio (ID/IG) was calculated.

The Raman spectrum and the parameters, peak posi-
tions, full widths at half maximum (FWHM), and the ratio
of ID/IG of the Ag-DLC films containing different amounts
of silver are shown in Figure 3 and Table 1. The FWHM
is correlated with the amount of disorder and corresponds
to the crystalline size of the sp2-bonded carbon [26]. The
broad peak did not change for Ag concentrations up to
4.5 at.%. With higher silver content in the film, the broad
peak separated into two peaks at around 1600 cm−1 and at
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Figure 3: Raman spectra of Ag-DLC films containing different
amounts of silver.

around 1360 cm−1 as shown in Figure 3. The G line exhibited
a shift to higher frequencies from 1553 to 1578 cm−1 and a
reduction of the FWHM.

For an Ag-free DLC film, the ID/IG ratio was 1.6, and,
for Ag-DLC films, the values of the ratio were between 1.6
and 2.4. The addition of silver to the DLC film leads to a
narrower G peak and a higher intensity ratio, which can
be attributed to an increase of the average crystalline size
of sp2-bonded clusters [24]. An additional influence of the
varying bombardment conditions on the Raman spectra is
also possible.

The SIMS depth profiles for the 4.5 at.% Ag-DLC and
the 61.3 at.% Ag-DLC films are presented in Figure 4. Since
the plasma in acetylene PSII also contains hydrogen atomic
ions and carbon-hydrogen molecular ions, there is a certain
amount of hydrogen within the DLC films. The carbon and
hydrogen signals are constant within the DLC layer. Ag could
be found throughout the DLC layer with a nearly constant
intensity. With increasing Ag content, the intensity ratio of
C/Ag decreases accordingly. With the hydrogen, the situation
is different, however. The H/Ag intensity ratio is roughly
constant for all Ag concentrations; hence, the H/C intensity
ratio is increasing with Ag content. Whether this reflects a
real increase in H concentration is difficult to say from the
measurements done so far since SIMS intensities usually do
not permit quantitative statements. The 16O signal is at least
partly from the implanted primary ions, that is, this is not
a feature of the original DLC film. For the 61.3 at.% Ag-
DLC films, it takes some sputtering time until the signals
are stable; the transition towards the substrate is also not as
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Table 1: Raman spectroscopy data of Ag-DLC films with various amounts of silver.

Sample No. C2H2 flow rate Deposition rate
(nm/min)

Ag concentration
(at.%)

G band peak
(cm−1)

FWHM
(cm−1)

ID/IG

1 2.10 39.5 61.3 1578.6 111.0 2.05

2 1.75 15.3 32.5 1588.2 115.0 2.26

3 2.80 13.2 13.4 1584.0 113.1 2.39

4 3.15 9.4 5.9 1566.3 129.7 2.23

5 3.50 13.4 4.5 1555.5 144.9 1.83

6 3.50 16.0 1.8 1557.0 151.8 1.56

7 5.60 21.6 0 1553.6 153.6 1.59
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Figure 4: Secondary ion mass spectrometry depth profiles of (a)
4.5 at.% silver and (b) 61.3 at.% silver-incorporated DLC films.

sharp as in the case of the other profile. This is due to the
much higher surface roughness of the Ag-rich sample (see
Figure 1).

Figure 5 shows the results of the ball-on-disc tests in dry
conditions for the Ag-free film and several Ag containing
films. A small addition of silver decreased the friction
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Figure 5: Friction coefficient as a function of rotations in the ball-
on-disk tests of silver-containing DLC films.

coefficient as compared to the Ag-free film. With higher
concentrations of silver, the friction coefficient increased
from 0.06 to 0.28 with increasing Ag concentration in the
film. With the 1.8 at.% Ag-DLC film, the friction coefficient
was around 0.06 at the beginning of the test, and stable
for several thousand rotations. The surface of this film
was relatively smooth, and section profiles of the sliding
traces of this film after the wear test showed only a very
fine wear track. Choi et al. [17] reported the existence of
amorphous silver phase precipitates with a size of 2 nm in
the amorphous carbon matrix from transmission electron
microscopy. In this study, XRD measurement suggested a
composite structure of nanocrystalline Ag/amorphous DLC
for the 1.8 at.% Ag-containing film. So the tribological
behavior can be improved by silver addition to the film,
which can be attributed to the nanoscale grain size structure
of the film. This is also valid for higher Ag contents [18].

4. Conclusions

Silver-containing DLC films were successfully prepared by
a process combining reactive magnetron sputtering with
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plasma source ion implantation. The content of silver in the
DLC films could be controlled by setting the flow rates of the
involved argon and acetylene gases. Silver atoms were incor-
porated over the whole depth of the DLC films, but tended
to agglomerate. The structure and tribological properties
were affected by the Ag content of the DLC films. The DLC
structure of the films changed with deposition conditions as
seen by the Raman spectra (separation of one broad peak
into two peaks for the silver-containing DLC films). The
surface roughness increased with the silver content in the
films. The best wear property was derived for the 1.8 at.%
silver-containing DLC film and showed an improvement
as compared to the Ag-free film. Investigations about the
antibacterial activity for use in biological applications are
underway and will be presented elsewhere.
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The application of focused ion beam (FIB) techniques in the life sciences has progressed by leaps and bounds over the past decade.
A once dedicated ion beam instrument, the focused ion beam today is generally coupled with a plethora of complementary tools
such as dual-beam scanning electron microscopy (SEM), environmental SEM, energy dispersive X-ray spectroscopy (EDX), or
cryogenic possibilities. All of these additions have contributed to the advancement of focused ion beam use in the study of
biomaterials and biological matter. Biomaterials, cells, and their interfaces can be routinely imaged, analyzed, or prepared for
techniques such as transmission electron microscopy (TEM) with this comprehensive tool. Herein, we review the uses, advances,
and challenges associated with the application of FIB techniques to the life sciences, with particular emphasis on TEM preparation
of biomaterials, biological matter, and their interfaces using FIB.

1. Challenges with Biological Samples

Analyzing cellular and biological structures at high reso-
lution remains a challenge due to the nature of biological
materials and their interaction with electron and ion beams.
Nonconductive samples simply result in charging, which
limits the ability to image them with ease or high quality.
Besides the use of an environmental chamber, solutions exist
to mediate these problems.

Primarily, a sequence of sample preparation steps aids in
the reduction of artefacts associated with biological matter.
The fixation, dehydration, and embedding of samples are a
standard protocol for many researchers. Indeed, these meth-
ods present potential drawbacks. Firstly, it is unclear how
much of the original structure is altered after preservation
techniques. The penetration of chemical fixatives such as al-
dehydes and osmium tetroxide indeed influences the chem-
ical make-up of the sample as a whole. On the other hand,
the addition of heavy elements such as osmium through
OTOTO (osmium tetroxde/thiocarbohydrazide/osmium tet-
roxide/thiocarbohydrazide/osmium tetroxide) conductive
staining has been shown to lead to a reduction in charging

artefacts, simplifying the imaging process [1, 2]. Neverthe-
less, subsequent embedding steps are associated with slight
sample heating and shrinkage, which may alter natural struc-
tures. In addition, the cutting and grinding of embedded
specimens may introduce additional damage to surfaces ana-
lyzed. In the case of biomaterials in contact with tissues there
exists a so-called hybrid interface of soft and hard materials
in contact. Embedding and sectioning techniques may result
in the elimination of interfacial contact. Palmquist et al. have
furthermore demonstrated that the choice of embedding
resin has an effect on the overall shrinkage and separation
of the specimen [3]. Nevertheless, in some cases, embedding
of biological samples has been proven to yield higher quality
results, such as improved imaging of subcellular components
versus critical-point dried samples, which tend to yield better
information regarding external cellular structures [2].

To circumvent the artefacts that may be associated with
conventional fixative preparation methods, a cyrogenic
(cryo-) approach may be taken. Modern focused ion beam
systems are implementing cryostages and transfer devices
to eliminate the preservation steps usually required for
biological specimens. In this regard, the true, unaltered
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structure of cells and tissues may be analyzed and prepared
for further investigations. Lamers et al. have shown that
compared to conventional FIBSEM techniques, cryogenic
FIBSEM of cells on nanopatterned interfaces preserves the
extracellular matrix and details such as cell membranes,
offering an improved cellular contrast [4]. Challenges indeed
still remain, such as the deposition of protective platinum
and elimination of frost buildup on sample surfaces as
experienced by Edwards et al. during the preparation of
mesenchymal stem cells on titanium [5]. Hayles et al. have
demonstrated a method for remedying the difficulties of
platinum deposition at low temperature, whereby reducing
the source heating temperature and tilting the sample
towards the Gas Injector System (GIS) enables better control
of coating deposition and uniformity [6]. As cryo-FIBSEM
preparation of biological samples for TEM becomes more
widespread, with it we will see the emergence of additional
techniques to improve sample quality and yield.

2. Functionalized Analysis Using FIB

The most dramatic improvement to the focused ion beam
system has been the addition of a secondary column,
an electron column, to create the dual beam FIBSEM
instrument. This system, which has both ion and electron
beam focused in coincidence on the sample, has enabled sim-
ultaneous milling and imaging of samples.

Cross-sectional analysis is of great interest to visualize the
interaction between tissues/cells and substrates. To improve
image quality, de Winter et al. have demonstrated the success
of milling a U-shaped trench around the cross section of
interest, shown in Figure 1. Removing surrounding material
has limited shadowing effects and improved uniformity
in the cross-section contrast [1]. As in TEM sample pre-
paration, the deposition of a protective surface layer is re-
commended. Materials commonly deposited include plat-
inum and carbon and have been shown to reduce the so-
called curtaining effect [9]. Other imaging techniques such
as the use of back-scattered electrons have provided more
in-depth information on the chemical constructs of cell-
ular systems [10]. Furthermore, the investigation of cell
adhesion to surfaces is of great interest. Use of the FIB to
create and analyze cells in contact with nano-patterned sur-
faces has demonstrated the affinity of cells and proteins for
high-density nano- and micropatterned surfaces [7, 11, 12].
Friedmann et al. have demonstrated FIBSEM for the ana-
lysis of cell in-growth into porous alumina membranes
and shown the penetration of microneedles through cell
mem-branes using a pie-slice cutting method, illustrated in
Figure 2 [7].

In addition to electron imaging, a number of other tech-
nologies have been incorporated into the FIB to enhance
analytical power. Elemental analysis with EDX on cross-sec-
tional samples can provide additional information. In the
case of Lešer et al., this analysis provided the general compo-
sition of digestive gland cells, regardless of the complications
associated with X-ray production and the tilt of the sample
surface towards the detector [10].

An important advancement in improving the efficiency
of FIB work has been the development of automation. With
programs such as FEI’s Slice and View software, and similar
programs offered by other manufacturers, automated and
sequential milling of samples reduces user and instrument
time while enabling a three-dimensional investigation of the
sample. Three-dimensional structural analysis has been de-
monstrated on biomaterial tissue interfaces, such as in the
study by Giannuzzi et al. [8]. Tomograms of the TiUnite den-
tal implant surface and bone, shown in Figure 3, confirmed
and mapped the bone-implant contact in three dimensions
[8]. On a cellular level, FIB tomography is a complement to
frequently employed electron tomography of cells, offering
information on a lower resolution, yet of a larger field of view
[13, 14].

3. FIB for Biological TEM Preparation

The conventional method for preparation of TEM samples
in the life sciences has always been ultramicrotomy. Recently,
cryogenic ultramicrotomy has also been introduced to limit
the need for sample fixation. However, both forms of ultra-
microtomy present significant drawbacks, mainly in their
inability to maintain true structural features. It is well
known that cellular structures are generally compressed in
the direction of cutting. Marko et al. have clearly shown that,
using FIB preparation methods, this distortion can be erad-
icated [15]. The second main hindrance to ultramicrotomy
preparation lies in the inability to choose specific sites of
interest. However, with a dual-beam FIBSEM system, specific
sites can be targeted.

Focused ion beam is routinely used for the production
of TEM samples for higher resolution analysis. The unique
system enables the production of TEM lamellae from bulk
samples. A variety of forms of samples can be produced in-
cluding cross-section, plan view, H-bar, ex situ, or direct
liftout, covered in more detail by Phaneuf et al., Giannuzzi
et al. and Li et al. [16–18]. Of course, depending on the
sample, a number of specialized methods for preparation
may be employed, such as the case in Wright et al.’s where a
hydroxyapatite particle on a TEM grid was milled to a create
a thin electron transparent ledge or alternatively embed-
ded in silver dag and applied to a grid and then thinned
[19]. Embedding the particles in silver dag in fact reduced
the charging of the nonconductive particles, and similar
embedding techniques could be of interest for this purpose
[19].

Preparation of TEM samples with FIB has been simpli-
fied with the advent of the in situ lift-out method. In the pre-
paration of ivory dentine for TEM, use of the in-situ method
resulted in a much higher sample yield than the ex situ lift-
out method, in which electrostatic forces between the glass
needle and sample caused the repulsion of many thinned
lamellae [20].

Generally, a higher-quality sample is prepared with FIB.
However, in the case of tooth, focused ion beam samples
appeared to show distorted or fuzzy features in TEM result-
ing from the amorphization of the prepared sample [21].
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Figure 1: The slice and view geometry used by De Winter et al. The U-Shaped trench around the surface of interest improved contrast
uniformity and reduced shadowing effects, reproduced with permission from [1].
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Figure 2: The unique pie-slice cutting method enables visualization of cocultivated primary murine glia cells and neurons on a microneedle
array, reproduced with permission from [7].
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(a) (b)

(c) (d)

Figure 3: Three-dimensional reconstructions of the TiUnite and bone interface using Slice and View FIB, reproduced with permission from
[8].

In that particular case, ultramicrotomed samples showed an
improved morphology. It is important to note, however, that
sample amorphization is generally limited to the first 10 nm
of the sample surface and can be reduced by implementing
low-energy ion bombardment during the final milling stages
or as a “cleaning” stage [22]. As an example, reducing FIB
milling voltages to 2 keV in final milling stages reduced the
amorphized regions of Si to 2 nm from the significantly larger
22 nm damaged region seen with milling at 30 keV, thereby
greatly improving the quality of sample produced [23, 24].

Techniques and protocols exist to increase the TEM
sample yield, as this is always the aim in TEM sample prepa-
ration. While many claim that sample preparation times
may be reduced to less than an hour, sample preparation in
reality depends on the experience of the operator and the
maintenance of the instrument. Each operator, and each
sample type have their own tips and tricks for success.
In general, however, it is always recommended to protect
the sample surface with electron-beam-deposited platinum
before irradiating the surface of interest with the ion beam.
A layer of protective metal has also been shown to prevent
unnecessary ion implantation in cells and improve milling
quality perpendicular to the beam [25]. In our experiences,
a lowering of the sample stage followed by placement of the

micromanipulator probe at eucentric height, then subse-
quent replacement of the sample stage has resulted in less
instances of unwanted probe-sample contact and destruction
of lamellae prior to liftout. In many of our samples, a
hard material such as zirconia or stainless steel is interfaced
to the much softer bone tissue. In these instances, there
will be a differential in milling rates, sometimes requiring
extra milling over solely the hard material [26]. An example
of this is shown in Figure 4, during the preparation of a
hydroxyapatite ceramic scaffold interfacing human bone.
Pillars of the hydroxyapatite material remain, while the bone
is milled away much faster. With continued milling, the final
result shows a uniformly thin specimen. For these inter-
facial specimens, FIB avoids introducing stresses over the
contact zone, or breakage due to variance in mechanical
strength, as what often occurs with ultramicrotomy of hard
implants interfacing soft tissue or cells. Due to its ability to
maintain interfacial integrity, the use of focused ion beam for
TEM sample preparation is becoming the dominant method
in biomaterials investigations and has been success-fully
applied to a number of biomaterials and interfaces includ-
ing titanium and HA-coated titanium implants [27–29],
titanium to bone [30, 31], hydroxyapatite to bone [26, 32],
hydroxyapatite to cells [33], calcium aluminate to bone [34],
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4μm

(a)

2μm

(b)

Figure 4: TEM sample preparation of a hydroxyapatite scaffold (right portion of sample) interfacing to human bone (left portion of sample)
by FIB. Pillars of remaining material due to differential milling rates are seen in (a), while the final sample can be thinned to uniform
thickness, (b), with continued milling.

cobalt chromium to bone [35], and glass ionomer cements to
dentin [21].

4. Conclusions and Future Outlook

The focused ion beam instrument has revolutionized the
way in which biological samples are investigated. High-
resolution structural and chemical information is attainable
from FIB-prepared TEM samples that retain their interfacial
contact, or are undeformed in their cellular structure. Inter-
actions between cells and surfaces, which are vital for the
understanding and subsequent development of biomaterials,
are visible now from the cell interior. Three-dimensional
understanding of structures and interfaces is made possible
with the dual beam FIBSEM systems. Finally, advances such
as the addition of cryocapabilities are enabling the analysis
of biological matter in as much of an unchanged state as
possible, adding new information to previously investigated
specimens.

In the future, the ability to process and analyze biological
samples from start to finish, at any length scale, in the focused
ion beam is a reality. Properly maintained and sufficiently
equipped instruments may enable this. In the history of
FIB development, we have noted the shift in usage from
primarily microelectronics and materials science based, to
a user community that encompasses many areas including
the life sciences. The challenge in the next phase of FIB
development then shifts to, in what other ways can we use the
FIB? What other devices can we couple with the instrument
or what changes can be made to provide answers to our
scientific questions? In the next decade, we will surely see the
continued emergence of new focused ion beam applications
and advances.
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Resonant nuclear reaction analysis can be used for the study of diffusion behaviour of minor alloying elements in reactor structural
materials. In the present paper, 15N(p,αγ)12C and 30Si(p,γ)31P reactions have been used to profile the ion-implanted 15N and 30Si
in D9 alloy (titanium-modified austenitic stainless steel). The diffusion coefficients at various temperatures have been estimated
from the broadening of the implantation profiles during thermal annealing, and the activation energies are deduced.

1. Introduction

The structural materials like fuel clad and wrapper in
sodium-cooled fast reactors are exposed to a hostile envi-
ronment of intense fast neutron bombardment at elevated
temperatures. One of the main problems which result on
account of the radiation damage is the dimensional changes
brought about by void swelling, leading to a decreased
residence time of the fuel assemblies in the reactor core
and lowering of fuel burnup. Therefore, resistance to void
swelling is a major consideration in the choice of materials
for the core components.

Improvement in the resistance to irradiation-induced
void swelling can be achieved by the introduction of efficient
traps for vacancies and helium such as dislocations and
precipitate-matrix interfaces, by adjusting alloying elements
and through thermomechanical treatments [1, 2]. The
titanium-modified steel exhibits improved swelling resis-
tance under breeder reactor conditions and, consequently,
has become a prime candidate for structural applications
[3]. The role of fast diffusing alloying elements, namely, Ti,
Si, and P in suppressing void nucleation is known [4]. The
fast diffusing species increases the effective vacancy diffusion
coefficient, and the consequent reduction in the void nucle-
ation rates plays a crucial role in imparting significant void

swelling resistance to the alloy. In order to model such effects,
knowledge of the diffusion behavior of constituent species
is essential due to their considerable redistribution during
irradiation. Therefore, thermal diffusion behavior of solutes
like silicon and nitrogen in titanium-modified steels has been
studied here.

Though some amount of studies on the effect of minor
alloying elements on the self-diffusion of the constituent
elements have been carried out [5], reports on the diffusion
behavior of silicon in SS 316 are sparse, and to the best of
our knowledge, there is hardly any literature describing the
diffusion behavior of silicon in titanium-modified steels.

Also, studies concerning iron-based alloys and their
variants with interstitial solute additions (C, N) continue
to attract attention due to the rich technological interest in
improving radiation resistance, mechanical and tribological
properties. In nitriding processes involving ion implantation,
an improvement in mechanical property is achieved due to
the increased quantity of interstitial nitrogen and their inter-
action with crystal defects. There also exists an alternative
conjecture that the trapping of vacancies with interstitial
impurity atoms enhances the probability of recombination,
hence aiding in reduction of void swelling. Thus, practical
applications have necessitated a full understanding of the
underlying physical processes involving interstitial solutes,



2 Advances in Materials Science and Engineering

namely, the phase formation, diffusion, trapping with
vacancies, dislocations, and other second-phase particles
during irradiation. This paper portrays the application of
the resonance nuclear reaction analysis (RNRA) technique
in understanding the phenomena related to defect-impurity
interaction (vacancy-nitrogen complexes), solute and impu-
rity diffusion (Si and N thermal diffusion behaviour) in Ti-
modified austenitic stainless steel.

2. Experimental Details

2.1. Sample Preparation and Ion Implantation. D9 is a
titanium-modified austenitic stainless steel whose chemical
composition is given in Table 1. The samples used for the
experiments are spark cut from 20% cold-worked hexagonal
wrappers. The samples were mechanically polished and
subsequently subjected to solution annealing treatment
which involves the heating of samples in vacuum at 1343 K
for 30 minutes and subsequently at 1373 K for 5 minutes fol-
lowed by furnace cooling. This solution annealing treatment
ensures the samples to be free from the defect microstructure
introduced during cold-work.

Solution-annealed D9 samples were implanted with
200 keV 30Si ions to a fluence of 3 × 1016 atoms cm−2 using
a 1.7 MV tandetron accelerator at IGCAR, Kalpakkam.
For nitrogen isotope implantation, solution-annealed D9
samples were implanted with 30 keV 15N ions to a fluence of 5
× 1015 ions cm−2 using a low-energy ion implantation facility
at GNS Science, New Zealand. Both silicon and nitrogen
implantations were carried out at room temperature and at
a vacuum level better than ∼1 × 10−7 mbar.

2.2. Depth Profiling of Nitrogen and Silicon. The depth
profiling of the implanted atoms has been carried out
using narrow resonances of the nuclear reaction which
are ideal for high depth resolution [6]. Depth profiling of
15N has been carried out using 429 keV resonance of the
15N(p,αγ)12C reaction (Γ ∼120 eV, Eγ = 4.43 MeV) and that
of 30Si using 620 keV resonance (Γ ∼68 eV, Eγ = 7.9 MeV)
of the 30Si(p, γ)31P nuclear reaction. The applicability of
these reactions in obtaining quantitative high-resolution
depth profiles of nitrogen and silicon in a material is well
known [7, 8]. The profiling experiments involve increasing
incident proton energies beyond the resonance energy in
steps of 1 keV, and collecting the gamma rays using a 3′′ ×3′′

NaI detector serves as the signal for depth profiling the
implanted species. The gamma ray yield is proportional
to the concentration of the implanted atoms at depths
described by the incident energy. The relationship between
the incident energy and the depth at which the reaction is
taking place can be established by taking into account the
energy loss of protons in the alloy. Since both reactions have
a very narrow resonance width, the depth resolution for
either reactions is estimated to be ∼3 nm at the surface. The
concentration of Si and N at the peak of the implantation
depth profiles is ∼5 at % and ∼3 at %, respectively.

2.3. Diffusion of Nitrogen and Silicon. For nitrogen diffusion
studies, the samples were isochronally annealed in vacuum

Table 1: D9 composition (in weight %).

Element wt% Element wt%

Cr 14.0 ± 0.5 Ni 15.0 ± 0.5

Mo 2.20 ± 0.05 Mn 1.90 ± 0.05

Si 0.75 ± 0.05 Ti 0.25 ± 0.005

C 0.037 ± 0.005 V 0.05 ± 0.003

Co 0.020 ± 0.005 Cu <0.05

Al <0.05 S <0.005

P <0.014 Nb <0.016

Ta <0.02 N <0.005

As <0.034 B 10–20 ppm

Fe Balance

(∼1 × 10−6 mbar) from the ambient to 973 K in steps of
50 K for a period of 30 min. At the end of each annealing
step, the samples were quenched using a jet of cooled helium
gas. Similarly for silicon diffusion studies, the samples were
vacuum annealed up to 873 K in steps of 50 K isochronally
(30 min). However, for obtaining diffusion profiles at tem-
peratures greater than 873 K, separate sets of samples were
implanted under similar irradiation condition and annealed
in a tubular furnace under vacuum (∼1× 10−6 mbar). These
identical samples have been annealed from 873 K to 1073 K
in steps of 50 K at different annealing time in order to obtain
a measurable broadening of the depth profiles.

3. Results and Discussion

The experimental depth profile of 15N in D9 steel obtained
by RNRA is shown in Figure 1(a). The depth profile exhibits
an asymmetric Gaussian profile near the surface, and the
experimental data has been fitted into two Gaussians with
a variance of 0.95. SRIM simulation [9] of 30 keV nitrogen
ions incident on steel shows that the peak damage and
the projected range are located around 20 nm and 40 nm,
respectively (Figure 1(b)). The peak position of the fitted
Gaussians coincides with the peak damage region and
the projected range of implantation, defined by the SRIM
simulation. It is observed that a part of implanted nitrogen
atoms is located around the peak damage region in addition
to being present at the predicted range of implantation. The
redistribution occurs in order to relieve the stress caused
by the N+ implantation possibly forming vacancy-nitrogen
complexes. In order to explore this possibility, the depth
profile of implantation-induced vacancy defects has been
probed using positron annihilation spectroscopy. From the
changes observed in the defect-sensitive S-parameter, the
evidence for the formation of vacancy-nitrogen complexes in
the peak damage region was revealed [10].

The as-implanted sample was subjected to isochronal
annealing in steps of 50 K, and it was found that there
was no significant alteration of the nitrogen concentration
profile up to 823 K as compared to the as implanted profile.
However, beyond this temperature, the profile broadens and
extends into the depth of the sample, while the nitrogen
concentration remains almost constant near the surface
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Figure 1: (a) Experimental depth profile of 15N implanted in
steel to a fluence of 5 × 1015 N/cm2 obtained using RNRA. The
experimental data points (closed triangle) are fitted into two
Gaussians whose peaks are centered at ∼20 nm (dotted line) and
42 nm (dashed line). (b) SRIM simulation of 30 keV nitrogen in
steel depicting the implanted ion and vacancy profiles.
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Figure 2: Depth profile of implanted nitrogen after annealing the
same sample at 823 K, 873 K, 923 K, and 973 K for 30 min duration.

(Figure 2). The profile broadening of the as-implanted
sample (Gaussian distribution) can be used to deduce
the diffusion coefficient D by knowing the width of the
implantation profile. In the present case, as the implantation
profile is asymmetric and close to the surface, the implanted
nitrogen was assumed as a thin source which diffuses into the
bulk during annealing. Therefore, the following expression
for the diffusion from an infinitely thin source into a semi-
infinite medium is used [11, 12]. The concentration C at the
depth x after annealing the sample for time t is

C = A exp

(
−x2

4Dt

)
, (1)

where D is the diffusion coefficient. The plot of lnC versus
x2 gives the nitrogen penetration profiles in steel (Figure 3).
The diffusion coefficient can be calculated from the slope of
the penetration profiles [12]

D =
(
p − p0

4pp0t

)
, (2)

where p0 and p are the slopes of penetration profiles
before and after annealing at a temperature T . The major
uncertainty in the calculation of diffusion coefficients arises
from obtaining straight line fits to the penetration profiles,
and it is estimated to be ∼5%. Table 2 gives the diffusion
coefficients of nitrogen in D9 at various temperatures.
From the Arrhenius plot of lnD versus (kT)−1, the effective
activation energy (Ea) for nitrogen diffusion in steel is
estimated to be 0.9 eV (Figure 4). This value is comparable
to the activation energy derived in austenitic stainless steels
involving low-energy ion implantation (∼1 keV): 0.8 eV
[13], 1 eV [14] and plasma nitriding: 1.07 eV [15]. Although
nitrogen diffusion in these cases was obtained at elevated
substrate temperatures under irradiation conditions, the
activation energies were calculated from the penetration of
nitrogen from the surface into the bulk of the sample which
is similar to the method employed here. Comparing the
activation energy obtained in the present studies with other
postimplantation annealing studies in similar austenitic steel
[16], it is found that the present value is much lower.
On studying the annealing behavior of implanted nitrogen
(40 keV) in austenitic stainless steel (SS316), Hirvonen and
Anttila determined the activation energy to be 1.87 eV [16].
In their study [16], nitrogen was implanted to a fluence
of 7.5 × 1016 ions/cm2, where there could be trapping of
nitrogen due to the possible formation of V-N complexes in
great extent, and also when nitrogen is in excess, precipitates
can form hindering the movement of nitrogen. In the present
case also, we inferred from the positron experiments that
there is trapping of nitrogen at vacancies [10]. This could
give rise to a decrease in the concentration of free nitrogen
available for diffusion. We observe that there is no significant
change in the near-surface concentration of nitrogen. This
suggests that the V-N complexes remain immobile and the
observed diffusion is due to the free interstitial nitrogen. At
higher annealing temperatures, the V-N complexes might
become mobile, or a breakup of the complexes is possible.
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Figure 3: Penetration profiles (lnC versus x2) derived from
depth profiles of nitrogen obtained after annealing at different
temperatures in D9 steel.

Table 2: Diffusion coefficients of N in D9.

Temperature (K) Time (103 sec) Diffusion coefficient (m2/sec)

873 1.8 6.1 × 10−16

923 1.8 1.2 × 10−15

973 1.8 2.1 × 10−15

Table 3: Diffusion coefficients of Si in D9.

Temperature (K) Time (103 sec) Diffusion coefficient D (m2/sec)

873 39.6 4.6 × 10−20

923 18 1.3 × 10−19

973 3.6 8.8 × 10−19

1023 3.6 2.6 × 10−18

1073 0.9 6.5 × 10−18

In fact, small changes in the near surface composition of
nitrogen is observed as a function of annealing temperature,
and a more detailed study of this might throw light on the
evolution of the nitrogen trapped at vacancies.

Proceeding to the next study in 30Si-implanted D9
samples, the experimentally obtained depth distribution of
the as-implanted silicon is illustrated in Figure 5, which
is a Gaussian profile with centre and full width at half-
maximum (FWHM) as 120 nm and 95 nm, respectively.
The experimentally determined depth profile is in good
agreement with the theoretical profile computed from SRIM
program [9]. It should be noted here that there is no
redistribution of implanted silicon quite contrary to the
observation in nitrogen implantation. The absence of such
a redistribution of the implanted silicon may be due to the
presence of silicon in substitutional position of the host
lattice. This implanted silicon distribution serves as the
marker layer, and its broadening is used for following the
diffusion behavior of silicon in D9 samples.

The silicon implanted sample was annealed in steps of
50 K in vacuum for a period of 30 min at each step followed
by RNRA experiments after each annealing. It is found that
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Figure 4: Arrhenius plot to estimate activation energy for nitrogen
diffusion in D9 steel.

there is no significant change in the width of the implanted
profile in the sample up to 873 K with the annealing time
of half an hour. After prolonged annealing at 873 K for few
hours followed by RNRA experiment at different increments
of time, the implantation profile showed a discernible change
after eleven hours (Figure 5). Further, four numbers of Si-
implanted D9 samples were annealed independently at four
different temperatures from 923 K to 1073 K in steps of 50 K
for different durations. Figure 5 shows the diffusion profile
of silicon in the temperature interval of 873 K to 1073 K,
and the annealing time for each temperature is indicated
in the figure. At higher annealing temperatures beyond
973 K, segregation of Si towards the surface is also observed.
However, broadening of depth profiles in this temperature
regime is quite evident. The method used for estimating
N diffusion coefficients is employed for Si diffusion also.
Figure 6 shows the penetration profiles of Si in D9 at
various temperatures with the respective annealing time. The
accuracy of the calculated D values is limited by the linear
fitting of the slopes (error less than ∼10%). The diffusion
coefficients at different annealing temperatures are tabulated
in Table 3. From the Arrhenius plot of lnD versus the inverse
of kT (Figure 7), activation energy of 2.1 eV is obtained for
the silicon diffusion in D9 steel.

The activation energy for silicon diffusion in the present
experiment may be compared to the self-diffusion energy of
iron (2.84 eV) in fcc-Fe [17], and it is also comparable with
the diffusion of alloying elements like nickel (2.72 eV), iron
(2.60 eV), and chromium (2.51 eV) reported in austenitic
stainless steel [5]. In addition, the activation energy deduced
here for silicon diffusion is much greater than the exper-
imentally determined effective vacancy migration energy
(1.13 eV) in solution-annealed D9 steel [18]. Hence, silicon
diffusion in the solution annealed D9 steel is regarded
to be a vacancy-assisted mechanism. The present value
of activation energy for silicon diffusion is lower than a
previously reported value of 2.43 eV for silicon diffusion in
fcc-Fe [17]. Addition of fast diffusing solutes can increase the
vacancy migration and in turn the diffusion of solvent atoms.
Evidences exist in the literature with respect to the increase
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Figure 5: The broadening of the depth profile of implanted 30Si determined by RNRA measurements at different annealing temperatures.
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Figure 6: Penetration profiles of the silicon obtained after annealing
the independently implanted samples at different temperatures in
D9 steel.

in the diffusivity of major alloying elements like Fe, Cr, and
Ni due to silicon additions [5, 19]. It should be noted that
another fast diffusing species, namely titanium is present in
D9 steel. Titanium being an oversized element in the D9
alloy would diffuse via vacancy mechanism. In a work by
Okita et al. [20] to understand the effect of titanium on
void swelling, studies were carried out on solution-annealed
austenitic Fe-15Cr-16Ni ternary alloys (similar wt% of Cr
and Ni in D9 steel) without titanium and with the addition
of 0.25 wt% of Ti (similar wt% of Ti in D9 steel). In that
paper [20], reduction in void nucleation due to titanium
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Figure 7: Arrhenius plot for the determination of activation energy
for Si diffusion in D9 steel.

addition was attributed to the enhancement of the effective
vacancy diffusion coefficient. Hence, the reason for the
relatively lower activation energy obtained here for silicon
diffusion in solution-annealed D9 steel is ascribed to the
increased vacancy migration due to the presence of both
silicon and titanium in D9 steels. Therefore, the present
observation strongly suggests that the synergetic effects due
to the presence of various fast diffusing solutes contribute to
enhanced vacancy mobility and the consequent void swelling
suppression.

4. Conclusions

Resonant nuclear reaction analysis has been utilized to obtain
the diffusion profiles of nitrogen and silicon in Ti-modified
stainless steel. Results show that in the temperature range
of annealing, a fraction of nitrogen remains trapped near
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the surface possibly vacancy-nitrogen complexes, and the
activation energy for diffusion of free nitrogen is obtained.
The thermal diffusion behavior of silicon in titanium-
modified steel is also determined. From the estimated
activation energy, it can be concluded that in a thermal
environment silicon diffuses by vacancy mechanism in steel.
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Received 29 March 2011; Accepted 17 May 2011

Academic Editor: Robert G. Elliman
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Due to outstanding physicochemical properties, ceramics are key engineering materials in many industrial domains. The
evaluation of the damage created in ceramics employed in radiative media is a challenging problem for electronic, space, and
nuclear industries. In this latter field, ceramics can be used as immobilization forms for radioactive wastes, inert fuel matrices
for actinide transmutation, cladding materials for gas-cooled fission reactors, and structural components for fusion reactors.
Information on the radiation stability of nuclear materials may be obtained by simulating the different types of interactions
involved during the slowing down of energetic particles with ion beams delivered by various types of accelerators. This paper
presents a review of the radiation effects occurring in nuclear ceramics, with an emphasis on recent results concerning the damage
accumulation processes. Energetic ions in the KeV-GeV range are used to explore the nuclear collision (at low energy) and
electronic excitation (at high energy) regimes. The recovery by electronic excitation of the damage created by ballistic collisions
(SHIBIEC process) is also addressed.

1. Introduction

Ceramics are key engineering materials in many domains of
human activity due to outstanding physicochemical proper-
ties, such as high strength, low-thermal expansion, chemical
stability, and good behavior under irradiation. Therefore,
these materials are often employed in hostile media where
efficient use of energy is a prime need, for example, extreme
temperatures, corrosive surroundings, and radiative envi-
ronment. Industrial applications concern electronic, space,
and nuclear fields. For instance, ceramics are nowadays
widely used for surface coating and electronic packaging,
and they are envisioned in a near future as immobilization
forms for radioactive wastes, inert fuel matrices for actinide
transmutation, cladding materials for gas-cooled fission
reactors, and structural components for fusion reactors. In
most of these applications, there is an urgent need of data for
a fundamental understanding of the processes of radiation
damage.

Information on the radiation stability of nuclear mate-
rials may be gained by simulating the different types of

interactions (nuclear and electronic) involved during the
slowing down of energetic particles with ion beams deliv-
ered by various types of low-, medium-, and high-energy
accelerators. A rather broad panoply of advanced techniques
(e.g., Rutherford backscattering spectrometry in channeling
conditions (RBS/C), X-ray diffraction (XRD), transmission
electron microscopy (TEM), and Raman spectroscopy),
which sense the investigated materials at various spatial scales
and with different sensitivities, can be implemented to (i)
monitor the damage buildup, (ii) quantify the strain/stress
level as a function of ion fluence, (iii) characterize radiation
defects, (iv) determine the formation of new phases, (v)
specify the parameters which trigger the (micro)structural
changes, and (vi) understand the mechanisms involved in the
damage formation. Results may then feed databases, be com-
pared to computational works (using for instance molecular
dynamics tools), and finally help the development of theo-
retical models or at least of phenomenological descriptions.

The topic that is concerned here is extremely broad.
A huge number of papers were published in the last three
decades on the damage production in nuclear materials, and
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(a) (b)

Figure 1: Schematic representation of the damage topology in crystals irradiated with slow (a) or swift (b) ions.

the state of knowledge was regularly upgraded in thorough
reviews (see for instance, [1–10]). To deal the subject in
a rather short article, we focus our presentation on a few
remarkable examples concerning the ion-beam modifica-
tions of selected nuclear ceramics, namely, zirconia, urania,
spinels, pyrochlores, and silicon carbide, with an emphasis
on the damage buildup, the quantification of the strain/
stress level, and the determination of the nature of radiation
defects. We report results obtained by performing ion
irradiation in a broad energy range (from KeV to GeV)
in order to explore both nuclear collision (slow ions) and
electronic excitation (swift ions) regimes, as well as synergies
between the two types of processes.

Section 2 is devoted to the presentation of general con-
siderations about the damage accumulation processes in ion-
irradiated materials and to the description of models devel-
oped to interpret experimental results. The effects of elastic
collisions generated by slow ions and electronic excitations
induced by swift ions are addressed in Sections 3 and 4. The
last section presents a new phenomenon, due to a synergetic
effect between nuclear and electronic interactions, which
consists in the recrystallization by electronic excitation of the
defective microstructure produced upon ballistic collisions.

2. Models of Damage Accumulation

The topology of the damage resulting from irradiation of a
crystal with low- or high-energy ions is schematically rep-
resented in Figure 1. For slow ions (i.e., below ∼10 KeV/u),
the basic process of ion energy loss is the direct transfer
of energy to the atoms of the solid by elastic collisions
between the projectile and the target nuclei (Sn). Along
the ion path, a large fraction of primary knock-on atoms
set in motion by incident ions gain a sufficient amount of
energy to subsequently displace other target atoms through
several secondary and higher-order collisions. These ballistic
processes lead to the creation of damage cascades [11]
which are represented by the ovoid objects in Figure 1(a).
For swift ions (i.e., above ∼1 MeV/u), the electronic energy
deposition (Se) induces the formation of electrostatically
unstable cylinders of ionized atoms, called latent track [12],
which are represented by the grey objects in Figure 1(b). The

resulting atomic rearrangements may be interpreted in the
framework of thermal spike [13–16] or Coulomb explosion
[17–19] mechanisms.

The first description of the damage buildup in ion-irra-
diated crystals was provided by Gibbons [20] which assumed
that the radiation-induced damage accumulation (quantified
by the parameter fD) is due to the overlapping of a number
m of ion impacts in a given volume of a target, according to
the equation:

fD = fD(∞)

⎡
⎣1−

m−1∑
k=0

(σGΦ)k

k!
exp(−σGΦ)

⎤
⎦, (1)

where fD(∞) is the value of fD at saturation ( fD = 1 in
the case where the final state is amorphous) and σG is the
disordering cross-section. More sophisticated models (see
[6]) were then elaborated to account for the experimentally
determined damage buildups with more or less complicated
shapes. These models are based on a combination of direct-
impact and damage-accumulation descriptions with the pos-
sibility of considering additional processes such as cascade-
overlap, interface-controlled, and defect-stimulated mecha-
nisms.

Another model, referred to as MSDA for multistep dam-
age accumulation [23], which has been recently improved
[24], was developed to circumvent a number of drawbacks
revealed in previous descriptions. This model is based on
the hypothesis that the radiation damage results from a
series of successive atomic reorganizations (steps) which are
triggered by microscopic or macroscopic solicitations, so that
the damage accumulation follows the equation:

fD =
n−1∑
i=1

⎧⎨
⎩ f sat

D,i G
[
1− exp(−σi(Φ−Φi))

]

×
i−1∏
k=1

[
exp(−σi+1(Φ−Φi+1))

]⎫⎬⎭
+ f sat

D,nG
[
1− exp(−σn(Φ−Φn))

]
,

(2)

where n is the number of steps required for the achievement
of the total process, fD,i

sat is the level of damage at saturation,
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Figure 2: (a) RBS spectra recorded on cubic zirconia crystals irradiated at RT with 4-MeV Au ions in random (stars) and 〈100〉-aligned
(other symbols) directions (ion fluences are given in cm−2). Energy of analyzing He beam: 3.07 MeV. Solid lines are fits to experimental data
with the McChasy code [21, 22]. (b) Accumulated damage ( fD) as a function of depth extracted from the fits to experimental RBS data for
cubic zirconia crystals irradiated with 4-MeV Au ions at the indicated fluences.

σi is the cross-section for damage formation, and Φi is the
threshold irradiation fluence, for the ith step. G is a function
which transforms negative values into 0 and leaves positive
values unchanged.

Implementation of this model to the analysis of damage
buildups obtained for ion-irradiated test-case ceramics is
provided in the following two sections.

3. Effects of Elastic Collisions (Slow Ions)

Defect cascades created by low-energy ion irradiation are
responsible for a large variety of (micro)structural modi-
fications (topological or chemical disorder, swelling, phase
transformations, polygonization, amorphization, etc.) which
obviously depend on the target material but also on several
key parameters such as the irradiation temperature, the ion
fluence, flux, and energy.

The RBS/C technique is particularly well suited for the
determination of damage buildups in ion-irradiated crys-
talline solids. An example of RBS/C spectra is provided in
Figure 2(a) in the case of cubic zirconia crystals irradiated
at RT with MeV heavy ions at various fluences. The
spectrum registered in a random direction displays a plateau
(below 2600 keV) which corresponds to the backscattering
of analyzing particles from the Zr atoms of the sample,
and a peak (close to 1000 keV) due to the backscattering of
analyzing particles from the O atoms. It is worth noting that
the O signal is enhanced by the use of the 16O(4He,4He)16O
resonance at a 3.04-MeV He energy. The spectrum registered
in the 〈100〉-axial direction on a virgin crystal shows the

same features with a much lower backscattering yield for
both the Zr and O signals due to the channeling effect.
Spectra recorded in the 〈100〉-axial direction on irradiated
crystals exhibit an increase with increasing ion fluence (at
least up to 5 × 1015 cm−2) of both the Zr and O yields
due to the creation of radiation damage. A bump is clearly
observed around 2100 keV, indicating that the damage is
mostly located at a depth corresponding to this energy.
At 2 × 1016 cm−2, the Zr maximum yield (measured at
2100 keV) surprisingly decreases. RBS/C spectra displayed in
Figure 2(a) were fitted (solid lines) by using Monte-Carlo
simulations performed with the McChasy computer code
[21, 22]. Calculations rely on the basic assumption that Zr
and O atoms are randomly displaced from original lattice
sites during irradiation. Figure 2(b) shows the variation of
the fraction of displaced atoms ( fD) as a function of the depth
into the sample extracted from McChasy simulations. These
data correspond to the Zr sublattice, since the amount of
damage created in the O sublattice may only be measured
at the depth where the resonance occurs [25, 26]. For the
various fluences used fD exhibits a peak around 500 nm,
with an amplitude that increases with increasing ion fluence
up to 5 × 1015 cm−2. Above this fluence (for instance at
2× 1016 cm−2), a clear decrease of fD is observed.

Figure 3(a) displays θ-2θ spectra recorded in the vicinity
of the (400) Bragg reflection for cubic zirconia crystals irra-
diated at RT with MeV heavy ions at various fluences. Note
that the (logarithmic) intensity distributions are also plotted
as a function of the elastic strain (Nε) in the direction normal
to the surface of crystals. All spectra exhibit an intense
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Figure 3: (a) θ-2θ scans recorded around the (400) reflection of cubic zirconia crystals irradiated at RT with 4-MeV Au ions. Note that the
intensity is also displayed as a function of the normalized deviations from the reciprocal lattice vector (−qN /H(400)), which is equal to the
elastic strain in the direction normal to the surface sample. ((b)-(c)) Reciprocal space maps in the vicinity of the (400) Bragg reflection for
cubic zirconia irradiated at RT with 4-MeV Au ions at 1015 cm−2 (b) and 2× 1015 cm−2 (c).

narrow peak on the high-angle side, corresponding to the
unirradiated part of samples (since the probed thickness
is higher than that of the irradiated layer), which may
be taken as an internal gauge to quantify the irradiation-
induced normal strain. For irradiated samples, an additional
signal appears on the low-angle side (i.e., in the region of
higher lattice parameter), which clearly indicates a lattice
dilatation along the direction normal to the sample surface.
This positive strain is induced by defects with a positive
relaxation volume, most likely self-interstitial atoms. The
fringe-like patterns depicted on the low-angle side indicate
the presence of a nonhomogeneous strain depth distribution
that can be retrieved using dedicated computer codes to fit
the XRD curves [27]. However, it must be pointed out
that the position of the last peak on the low-angle side of

the diffraction spectra provides a good approximation of
the maximum normal strain magnitude exhibited by the
irradiated layer. Figures 3(b) and 3(c) show the distribution
in the reciprocal space of the X-ray scattered intensity in the
vicinity of the (400) Bragg reflection for samples irradiated
at 1015 cm−2 (b) and 2 × 1015 cm−2 (c). The intensity is
in logarithmic scale and the positions are located either by
the in-plane (Kx) and out-of-plane (KN ) components of
the scattering vector K (2sinθ/λ), or by the corresponding
normalized deviations from the reciprocal lattice vector.
On these reciprocal space maps (RSMs), a strong signal
(square mesh features of the maps) is observed at the bulk
theoretical coordinates. It corresponds to the unirradiated
part of crystals. From this area of high intensity, the
diffracted intensity spreads along the direction normal to
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the sample surface (
⇀
N) in the region of positive strain

(Figure 3(b)), or broadens in the Kx direction (Figure 3(c)).
The spreading along KN , which is particularly strong for
the crystal irradiated at 1015 cm−2, indicates (as observed for
the θ-2θ scans) the presence of a dilatation gradient along
this direction. For this crystal, the intensity is confined in
a sharp Kx region, which means that the diffuse scattering
due to structural defects in the irradiated layer remains very
weak. For the crystal irradiated at 2 × 1015 cm−2, a strong
broadening of the Kx intensity is observed in addition to a
large strain relief.

Typical damage (determined by RBS/C) and strain (de-
termined by XRD) buildups are represented in Figure 4 in

the case of cubic zirconia irradiated at RT with MeV heavy
ions [28]. Both sets of data may be accounted for by using
the MSDA model (lines in the figure) with a value of n = 3
for RBS/C and n = 2 for XRD (where the elastic strain
cannot be evaluated in step 3) in (2). TEM micrographs
were recorded at typical fluences of the damage buildup
(see insets of Figure 4). They indicate that (i) small defect
clusters, which lead to a strong increase of the elastic strain
and have a weak influence on fD, are created during the
first step (up to ∼1015 cm−2); (ii) the second step is due to
the formation of perfect dislocation loops and of a network
of tangled dislocations, inducing a relaxation of the elastic
strain and a sharp increase of fD (from ∼1015 cm−2 up
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Figure 5: Accumulated damage ( fD) versus ion fluence for nonamorphizable (a) and amorphizable (b) ceramics irradiated at RT with slow
ions. Insets show TEM diffraction patterns recorded at the final fluences on both types of materials.

to ∼ 5 × 1015 cm−2); (iii) long dislocations, which induce
a reorganization of the crystal, leading to a decrease of fD,
are exhibited in step 3 (above ∼ 5 × 1015 cm−2). A similar
behavior (except step 3) was observed in cubic zirconia
irradiated with a large variety of slow ions [29], leading to
the conclusion that the number of displacements per atom
of the target (dpa) is the key parameter for the evolution of
the damage buildup in the nuclear collision regime.

Figure 5 compares the damage buildups (expressed in
dpa), as determined by RBS/C, obtained for nonamor-
phizable (spinel, zirconia, and urania; Figure 5(a)) and
amorphizable (titanate pyrochlore and silicon carbide;
Figure 5(b)) ceramics irradiated with slow ions [30–35].
It is worth mentioning that the shape of the damage
kinetics may slightly differ depending on the irradiation
conditions. Nevertheless, the damage accumulation process
always occurs in several damage steps, so that RBS/C data
may be accounted for by using the MSDA model (lines in
the figure) with n ≥ 2 in (2) for all materials. It must be
noted that, except when the implanted impurities play a role
in the damage process (e.g., noble gases or Cs [29]), the
existence of a third step was only observed in cubic zirconia
(ZrO2) and magnesia (not shown on the figure for the sake of
clarity). Nevertheless, some data at very high fluence may be
missing for the observation of this third stage (for instance
for MgAl2O4 and UO2). The insets show TEM diffraction
patterns recorded at the end of irradiation, which indicate
that the samples either remain crystalline (Figure 5(a)) or
are amorphized (Figure 5(b)) upon slow ion irradiation. It
is worthwhile to mention that the value of fD at the end of
the second step of the damage accumulation cannot be taken
as a reliable evaluation of the damage level in the crystal in
the case of nonamorphizable materials (Figure 5(a)), since
this value depends on the geometry of radiation defects

via dechanneling effects inherent to the RBS/C technique.
Conversely, the dose (Φ2) at which step 2 starts, leading
either to the formation of dislocation loops (in zirconia or
urania) or to amorphization (in titanate pyrochlore or silicon
carbide), is a parameter that can be used as an indicator of
the stability of materials upon ion irradiation: the highest
Φ2, the greatest resistance to disordering or amorphization.
It is worth mentioning that, for the materials selected in
this study, the hierarchy is maintained irrespective of the
irradiation conditions.

4. Effects of Electronic Excitation (Swift Ions)

The structure of latent tracks created in the wake of swift
ions is dependent on both the ion mass (through the
energy density deposited in electronic excitations) and the
investigated material (insulators are generally more sensitive
to Se than semiconductors or metals).

Example of RBS/C spectra obtained for cubic zirconia
crystals irradiated at RT with GeV heavy ions at various
fluences is provided in Figure 6(a). Spectra registered in
random and 〈100〉-axial directions on a virgin crystal
are very similar to those shown in Figure 2(a). However,
in contrast to Figure 2(a), no bump is observed around
2100 keV for spectra recorded in the 〈100〉-axial direction
on irradiated crystals. Irradiation leads to an increase with
increasing ion fluence of the Zr yield in the whole analyzed
thickness, with the presence of additional disorder in the
near-surface region of crystals, that is, around 2600 keV.
RBS/C spectra of Figure 6(a) cannot be fitted with a simple
decomposition method since they do not reveal the presence
of damage peaks (as in Figure 2(a)), but rather exhibit
progressive dechanneling. In such cases, the use of Monte-
Carlo simulations (solid lines) performed with the McChasy
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Figure 6: (a) RBS spectra recorded on cubic zirconia crystals irradiated at RT with 940-MeV Pb ions in random (stars) and 〈100〉-aligned
(other symbols) directions (ion fluences are given in cm−2). Energy of analyzing He beam: 3.07 MeV. Solid lines are fits to experimental data
with the McChasy code [21, 22]. (b) Accumulated damage ( fD) as a function of depth extracted from the fits to experimental RBS data for
cubic zirconia crystals irradiated with 940-MeV Pb ions at the indicated fluences.

computer code [21, 22] is mandatory to obtain the damage
depth distributions. Here again, calculations rely on the
assumption that Zr and O atoms are randomly displaced
from original lattice sites during irradiation. Figure 6(b)
shows the variation of the fraction of displaced atoms (in
the Zr sublattice) as a function of the depth into the sample
extracted from Monte-Carlo simulations. It is shown that the
amount of radiation damage is almost constant with depth,
except for a thin 100 nm layer below the surface where a large
increase of fD is observed. The steady value of fD increases
with increasing ion fluence, but does not exceed 0.4-0.5 at
the final fluence of 1013 cm−2.

Typical damage (determined by RBS/C) and strain (de-
termined by XRD) buildups are represented in Figure 7
for cubic zirconia irradiated with GeV heavy ions [36].
Both sets of data may be interpreted in the framework
of the MSDA model (lines in the figure) with n = 1 in
(2). TEM micrographs, recorded at typical fluences (see
the insets of Figure 7), indicate that (i) tracks are created
at low fluences (below ∼1012 cm−2); (ii) dislocation loops
are formed at higher fluences (around 5 × 1012 cm−2) due
to the overlapping of individual ion tracks; (iii) the final
microstructure at very high fluences (1013 cm−2) is the
formation of a dense network of dislocations. It is worth
noting that a Se threshold for track formation depending on
the material and on the ion velocity (around 20–30 KeV/nm
in cubic zirconia) was found in experiments using swift heavy
ions of different masses and energies [36].

Figure 8 indicates that a single-step damage accumula-
tion process (n = 1 in (2)) is also observed for other non-
amorphizable (spinel and urania; Figure 8(a)) and amor-
phizable (titanate pyrochlore; Figure 8(b)) ceramics irradi-
ated with swift heavy ions [37–42]. An exception is provided
by silicon carbide which shows a very different response
to ballistic collisions as compared to electronic excitations,
since it is obviously amorphizable by the former process (see
Figure 5(b)) and very weakly damaged by the latter one (see
Figure 8(b)) [43]. This peculiar behavior is discussed in the
next section.

Figure 9 provides the demonstration that amorphiza-
tion of titanate pyrochlore occurs via the formation of
amorphous tracks observed on cross-sectional (Figure 9(a))
or plane-view (Figure 9(b)) TEM micrographs. It is worth
mentioning that the mean diameter of the ion tracks
exhibited in Figure 9 (d∼6-7 nm) is in agreement with the
diameter calculated from the damage cross-section derived
from the application of the MSDA model to RBS/C data (d =
8 nm) [44]. The fact that the thickness of the amorphized
layer is well correlated to the Se profile is evidenced by
Raman results shown in Figure 10 [45]. The vibrational
mode (at 770 cm−1) related to the amorphous phase is
clearly seen from the surface of the sample up to a depth
of ∼20 μm (Figure 10(a)), in agreement with the Se depth
distribution obtained with the SRIM code (Figure 10(b)).
In this compound, irradiations with swift ions of different
masses and energies also revealed the existence of a Se
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threshold for amorphous track formation of the order of
10 KeV/nm [45].

5. Combined Effect of Nuclear and Electronic
Processes (SHIBIEC)

In previous sections it was shown that nuclear collisions
induced by slow heavy ions can lead to the amorphization
of irradiated layers in crystals for which electronic excitation
is inefficient to produce damage (for instance SiC). In these
materials, different approaches can be implemented in order
to maintain or restore the crystalline structure. To prevent
amorphization, the irradiation temperature can be increased
above a given threshold (which is of the order of 250◦C in
SiC) [46–52]. Annealing of irradiation-induced amorphized

samples at elevated temperatures (higher than 1000◦C in
SiC) [48, 50, 53, 54] induces recrystallization. Another
original route lies in the use of ion-beam-induced epitaxial
recrystallisation effect [55–57]. This latter methodology,
generally referred to as IBIEC, consists in bombarding
samples with ion species having an energy such that the
slowing down is still dominated by nuclear collisions, but
with an ion projected range quite deeper than the thickness
of the amorphous layer. An interesting feature of IBIEC
in SiC is that it occurs around 300◦C [58–60], which is
a quite lower temperature than that required for damage
recovery by conventional thermal annealing. Recently, more
energetic ion beams (GeV range) were used to recrystallize
amorphous layers via the so-called swift-heavy-ion-beam-
induced expitaxial crystallization (SHIBIEC) process [43,
61]. SHIBIEC does not imply the same mechanisms as
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Figure 9: TEM micrographs recorded on a Gd2Ti2O7 crystal irradiated at RT with 870 MeV Xe ions at 2× 1011 cm−2. (a) Cross-section; (b)
plane view with a higher magnification.

those prevailing during IBIEC at low energy, but seems
to be more efficient in that sense that the temperature at
which recrystallization occurs is lowered as compared to that
required for IBIEC.

A SHIBIEC experiment generally involves two sequences:
(i) preirradiation with slow ions leading to the progressive
formation of a shallow amorphous layer; (ii) postirradiation
with swift ions inducing epitaxial recrystallization by elec-
tronic energy loss of the layer which was previously amor-
phized by nuclear collisions. Figure 11 shows an example of
SHIBIEC monitored by RBS/C in the case of silicon carbide
[62]. Irradiation of SiC crystals with slow Fe ions leads to the
formation of an amorphous layer (the aligned signal reaches
the random level: Figure 11(a)) in a 20–40 nm depth range
(Figure 11(b)). Subsequent irradiation of the same sample
with swift Pb ions induces a decrease of the aligned yield

with increasing ion fluence (Figure 11(a)), which indicates
a partial recrystallization of the amorphized layer (see also
the decrease of fD in Figure 11(b)). Results are summarized
in Figure 12 that shows (i) the amorphization buildup due
to slow Fe ion irradiation exhibiting a two-step process [63],
and (ii) the SHIBIEC effect at different Fe fluences, which
leads to a clear decrease of fD. It is worth noting that an
increase of the temperature at which swift heavy ion post-
irradiation is performed leads to an enhancement of the
SHIBIEC process.

6. Conclusion

Energetic ions in the KeV-GeV range can be used to simulate
the radiations produced in nuclear reactors or in storage
forms. From a fundamental viewpoint, ion irradiations allow
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Figure 11: (a) RBS spectra recorded on silicon carbide crystals irradiated at RT with 100-KeV Fe ions (grey squares) and subsequently
irradiated at RT with 870-MeV Pb ions (blue symbols) at 7.5 × 1012 cm−2 (circles) and 2 × 1013 cm−2 (triangles). Energy of analyzing He
beam: 1.4 MeV. Solid lines are fits to experimental data with the McChasy code [21, 22]. (b) Accumulated damage ( fD) as a function of
depth extracted from the fits to experimental RBS data for silicon carbide crystals irradiated at RT with 100-KeV Fe ions (black line) and
subsequently irradiated at RT with 870-MeV Pb ions (blue lines) at 7.5× 1012 cm−2 (dashed line) and 2× 1013 cm−2 (dash-dotted line).

exploring separately the nuclear collision (at low energy) and
electronic excitation (at high energy) regimes. The damage
accumulation processes are generally well interpreted in the
framework of the multistep damage accumulation (MSDA)
model, with a number of steps strongly depending on
whether nuclear collisions or electronic excitations are the
dominant processes.

For slow ion irradiation, the damage depth distributions
are consistent with the nuclear energy deposition. The defect
cascades created by nuclear collisions lead to several steps of
disorder accumulation, due to the development and relax-
ation of radiation-induced (mechanical) stresses. A sharp
increase of the damage is most often exhibited in the second
step, associated to the creation of either dislocations for
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nonamorphizable materials, or amorphous layers in the case
of amorphizable materials. The dose (in dpa) at which this
second step occurs may be used as an indicator of the
radiation resistance of materials.

For swift ion irradiation, the damage depth distributions
are consistent with the electronic energy loss. Tracks created
by electronic excitation cause a direct transformation of
the melt volume into a new structure via a single-step
process. The overlapping of tracks at high fluences leads to
the formation of either dislocations or amorphous layers.
Saturation of the damage is observed at fluences at least one
order of magnitude lower than those required to obtain the
same amount of disorder in the case of slow ion irradiation.
Results also show the existence of Se thresholds for track
formation, which depend on the materials properties.

Amorphous layers formed by slow ion irradiation can
be recrystallized by swift ion irradiation (SHIBIEC). This
effect differs from the well-known IBIEC process by the
fact that it does not require the assistance of an external
heating source. It is related to the energy deposited by the
incoming ions into the target electrons and can therefore
be interpreted in the framework of thermal spike models.
Besides the fact that the SHIBIEC process is important from
a fundamental viewpoint, it presents a crucial interest for
industrial applications, particularly concerning the operating
cycle of nuclear reactors of the next generations. Actually,
amorphization due to irradiations with neutrons or heavy
ions arising from the alpha-decay of actinides can be
detrimental to the physical integrity of a material. However,
a balance between amorphization and damage recovery by
SHIBIEC may well occur in order to preserve the crystallinity
of irradiated nuclear materials, since swift ions (i.e., fission
fragments) are also generated in nuclear fuels.

The investigation of the synergy between radiation effects
induced simultaneously by slow and swift ions offers interest-
ing prospects in this research field. Such a daunting challenge

is reachable by the development of dedicated new facilities
able to deliver several ion beams in a unique irradiation
chamber, such as the JANNUS platform recently operating
in the Orsay-Saclay area.
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