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Energy storage, which is capturing and storing energy
produced at one time and/or at a certain place for use at a
later time and/or other locations, is one of the most critical
issues for human society to realize sustainability. Develop-
ment of next-generation energy storage materials is one of
the hottest research topics in the materials science field. In
recent decades, advanced scanning techniques including
SEM, TEM, AFM, STMs, and Raman spectroscopy have been
abundantly employed in observing morphologies, charac-
terizing microstructures, and identifying specific physical
and chemical properties in order to design innovative
materials with controllable structures, understand the for-
mation mechanisms, clarify the catalytic mechanisms,
and elucidate the effect of designed parameters on energy
storage properties [1]. The aim of this special issue is to
publish high-quality research papers as well as provide a
comprehensive review addressing the latest and state-of-
the-art topics from active researchers in the field of energy
storage materials. This special issue contains 10 research
papers and 1 review paper representing some of the latest
research in energy storage materials explored by advanced
scanning techniques.

Hydrogen storage materials are one of the main
research topics in this special issue. Mg-based materials
have attracted great attention because of the interest in
high-capacity hydrogen storage applications in the past
decades [2, 3]. J. Li et al. reviewed the advanced SEM

and TEM techniques applied in Mg-based hydrogen storage
research. The reviewed literature implies that the applica-
tions of advanced SEM and TEM play significantly important
roles in the research and development of next-generation
hydrogen storage materials. H. He et al. reported the struc-
tural and hydrogenation kinetic properties of a Zr0.8Ti0.2Co
alloy prepared by ball milling. High-resolution- (HR-) TEM
studies revealed that a large number of disordered micro-
structures including amorphous regions and defects existed
after ball milling, and these played an important role in
improving the hydrogenation performances. B. Li et al. syn-
thesized FCC-structure TiVMn-based and TiCrMn-based
nanoalloys with a mean particle size of around a few to tens
of μm and with an average crystallite size of just 10 to
13 nm. The microstructures of the alloys were carefully stud-
ied by SEM and XRD, while hydrogen storage properties
were studied by high-pressure DSC under a H2 atmosphere.
It showed that the absorption reaction was much stronger,
and it started at a much lower temperature (210°C) in the
TiVMn nanoalloy than that in the TiCrMn one.

Studies on rechargeable lithium-ion batteries (LIBs) [4]
and sodium-ion batteries (SIBs) [5] have become one of the
most widely investigated research directions all over the
world, and they are also the main topics included in this
special issue. LIBs currently have governed the worldwide
rechargeable battery markets due to their outstanding energy
and power capability. In recent days, research interest in SIBs
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has been resurrected, driven by new applications with
requirements different from those in portable electronics
and the need to address the concern of low Li abundance in
the Earth’s crust. SnO2 has been considered as an outstand-
ing alternative to graphite as an anode for LIBs [6]. P. Yu
et al. synthesized SnO2 nanoparticles by a novel route of
the sol-gel method assisted with biomimetic assembly
using L-leucine as a biotemplate. The results demonstrated
that the growth of SnO2 nanoparticles could be regulated
by L-leucine at a high calcination temperature. D. Cui et al.
reported that the LiNi0.8Co0.15Al0.05O2/graphite LIBs showed
better cycle lives at a 2.0C discharge rate than that at a 1.5C
discharge rate, which was due to the reason that the negative
electrodes contributed more than the positive electrodes. Q.
Sun et al. reported a novel open-framework Cu-Ge-based
chalcogenide, [Cu8Ge6Se19](C5H12N)6 (CGSe), as an anode
material for SIBs. As a result, the CGSe anode exhibited
good electrochemical performances such as high reversible
capacity (463.3mAhg−1), excellent rate performance, and
considerable cycling stability. X. Zhang et al. synthesized
flexible freestanding carbon nanofiber-embedded TiO2
nanoparticles (CNF-TiO2) and then applied it directly as
the anode in SIBs without a binder or current collector. The
anode exhibited a high reversible capacity of 614mAhg−1

(0.27mAh cm−2) after almost 400 cycles and an excellent
capacity retention ability of ~100%.

Supercapacitors have drawn great attention due to
their high power, energy density and long lifecycle [7].
J. Cui et al. designed and fabricated Ag-ion-modified tita-
nium nanotube (Ag/TiO2-NT) arrays as the electrode mate-
rial of supercapacitors for electrochemical energy storage.
The modified electrode showed a high capacitance of
9324.6mF·cm−3 (86.9mF·g, 1.2mF·cm−2), energy density of
82.8μWh·cm−3 (0.8μWh·g, 0.0103μWh·cm−2), and power
density of 161.0mW·cm−3 (150.4μW·g, 2.00μW·cm−2) at
the current density of 0.05mA.

Exploring earth-abundant and cost-effective catalysts
with high activity and stability for hydrogen evolution reac-
tion (HER) is of great importance to practical applications
of alkaline water electrolysis [8]. X. Li et al. reported on A-
site Ba2+-deficiency doping as an effective strategy to enhance
the electrochemical activity of BaCo0.4Fe0.4Zr0.1Y0.1O3−δ for
HER, which was related to the formation of oxygen vacancies
around active Co/Fe ions.

The heterojunction system has been proven to be one of
the best architectures for photocatalysts [9]. L. Han et al.
reported the facile synthesis of indium sulfide/flexible elec-
trospun carbon nanofiber (In2S3/CNF) for enhanced photo-
catalytic efficiency. The prepared In2S3/CNF photocatalysts
exhibited greatly enhanced photocatalytic activity compared
to pure In2S3. In addition, the formation mechanism of the
one-dimensional heterojunction In2S3/CNF photocatalyst
was discussed.

Congo red 1-naphthalenesulfonic acid is the critical
source of contamination of wastewater [10]. P. Yu et al.
reported a composite of pyrolytic Triarrhena biochar loading
with TiO2 nanoparticles synthesized by a sol-gel method.
When used as an absorbent to remove Congo red from
an aqueous solution, it was found that the as-prepared

composite performed better absorption capacity than a
single biochar or TiO2.

In summary, the contributed papers in this special
issue cover several general aspects of energy storage mate-
rials, which are explored by scanning techniques, including
SEM, TEM, AFM, STMs, and Raman spectroscopy. The
advancement of scanning technologies requires deeply
understanding the microstructures of energy materials and
elucidating the mechanisms of material properties with
various structures. It may then bring possible breakthroughs
in the development of next-generation energy storage mate-
rials. We tried our best to present the latest cutting-edge
applications of scanning techniques in this field and hope
that our endeavor may shed light on future research on
energy storage technologies.
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Sodium-ion batteries (SIBs), owning to the low cost, abundant resources, and similar physicochemical properties with lithium-ion
batteries (LIBs), have earnedmuch attention for large-scale energy storage systems. In this article, we successfully synthesize flexible
freestanding carbon nanofiber-embedded TiO2 nanoparticles (CNF-TiO2) and then apply it directly as anode in SIBs without
binder or current collector. Taking the advantage of flexible CNF and high structural stability, this anode exhibits high reversible
capacity of 614mAh·g−1 (0.27mAh·cm−2) after almost 400 cycles and excellent capacity retention ability of ~100%

1. Introduction

Sodium-ion batteries (SIBs) have earned much attention as a
candidate substitution for lithium-ion batteries (LIBs) in the
area of large-scale energy storage [1, 2], which is ascribed to
the earth’s abundance of sodium resource and similar physi-
cochemical properties with LIBs [3–5]. Until now, many
efforts have been made to solve the slow sodiation/desodia-
tion kinetics and large-volume expansion caused by a large
radius of Na+ (1.02Å versus 0.76Å of Li+) [6–8]. Further-
more, the capacity and cycling stability also need to be
improved to satisfy the practical application. It is essential
to select and design proper anode materials for SIBs to realize
fast Na+ insertion/extraction with high capacity and cycling
stability [9, 10].

Among numerous anode material candidates, TiO2 with
anatase phase has been explored as a promising anode mate-
rial for SIBs with low cost, abundance, environmental benig-
nity, and excellent structural stability [11–13]. However, the
undesirable electrical conductivity and sluggish ionic diffu-
sivity restrict its further applications [14]. Many efforts have
been cost to improve the ion/electron transportation for SIBs.

Zhu and coworkers [15] synthesized TiO2 nanoparticles
coated by mutiwalled carbon nanotubes and carbon nano-
rods as anode, exhibiting excellent rate capability and cycling
stability. He and coworkers [16] prepared a hierarchical rod-
in-tube structure TiO2 modified with a conducive carbon
layer as anode, which delivered fast ion diffusion and high
conductivity. Therefore, the efficient strategy to enhance the
electrochemical performance is nanosizing TiO2 and then
incorporating with the conductive matrix [16–22]. Despite
the progresses, the rational design nanostructure of TiO2-
based anode is still of great demand.

Herein, we proposed freestanding flexible winkled
carbon nanofiber-embedded anatase TiO2 nanoparticles
(CNF-TiO2) as anode of SIBs directly without binder and
current collector, which can not only increase the energy
density but also explore the potential application in flexible
devices. The long-range continuous carbon nanofibers can
improve the conductivity of nanosized anatase TiO2, and
the thin fibers can shorten the diffusion path of Na+, which
can promote the electrochemical kinetics in Na+ insertion/
extraction. The freestanding flexible 3D carbon structure
and embedded TiO2 nanoparticles can improve structural
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stability to alleviate the volume change during Na+ insertion/
extraction. In addition, the rough surface of CNFs increases
the electrode-electrolyte contact points and lowers the charge
transfer resistance. High specific capacity of 614mAh·g−1
(0.27mAh·cm−2) was obtained after almost 400 cycles with
capacity retention of ~100%, confirming the potential of
CNF-TiO2 as anode for SIBs.

2. Experimental Section

2.1. Synthesis of the Freestanding CNF-TiO2. The electro-
spinning precursor solution was prepared firstly by dis-
solving 1.48 g polyacrylonitrile (PAN, Mw = 150,000,
Sigma-Aldrich) in 18ml N,N-dimethylformamide (DMF)
under magnetic stirring overnight. Then, 2.5ml tetrabutyl
titanate (Ti(OC4H9)4) was added into this solution and
stirring was continued for 10min to obtain homogeneous
white turbid solution. The distance between the needle and
Al foil was 15 cm, and the voltage was maintained at 25 kV.
Then the obtained precursor nanofibers were stabilized at
280°C for 2 h with a heating rate of 5°C·min−1 and carbonized
at 700°C with 1°C·min−1 for 2 h under argon atmosphere.

2.2. Structure Characterizations. The morphologies and
size of CNF/TiO2 were characterized by scanning electron
microscopy (SEM, ZEISS Ultra 55). Transmission electron
microscopy (TEM) and EDS mapping were both carried out
by JEM-2100 HR. The crystalline property of CNF-TiO2 was
recorded by Bruker D8 Advance. The thermal gravity analy-
sis TG test was performed to evaluate the content of TiO2 by
Netzsch STA 449. The 250Xi X-ray photoelectron spectro-
scope (XPS) was obtained from ESCALAB.

2.3. Electrochemical Tests. The CR2016-type coin cells were
assembled with sodiummetal as the reference electrode, glass
fiber membrane as the separator, and the as-prepared CNF-
TiO2 directly as the anode. The above procedures were all
carried out in an Ar-filled glove box (O2 < 0 1 ppm, H2O <
0 1 ppm). The electrolyte was 1M NaClO4 in propylene
carbonate (PC)/ethylene carbonate (EC) (PC EC = 1 1,

in volume). The cyclic voltammetry (CV) and electro-
chemical impedance spectroscopy (EIS) results were
obtained from an electrochemical workstation (CHI660E,
Shanghai Chen Hua Instruments Ltd). Also, the galvano-
static discharge-charge tests were conducted in a Neware
battery testing system.

3. Results and Discussion

The structure and morphology of CNF-TiO2 are detected by
XRD, TG, XPS, SEM, and TEM. As shown in Figure 1(a), all
the diffraction peaks matched well with anatase TiO2 (JCPDS
number 021-1272), which confirms that the pyrolysis tem-
perature is appropriate to gain high-purity anatase TiO2.
Furthermore, the slightly weak intensity of these diffraction
peaks suggests that the TiO2 nanoparticles were well embed-
ded in the carbon nanofibers. In the thermogravimetry mea-
surement (Figure 1(b)) of CNF-TiO2, the content of TiO2 is
26.2%. The Ti in CNF-TiO2 is clarified by X-ray photoelec-
tron spectroscopy (XPS) as shown in Figure 1(c), which indi-
cates two peaks of 464.6 eV and 458.7 eV, corresponding to
the orbits of 2p 3/2 and 2p 1/2 of Ti4+, respectively. The Ti
2p XPS result also confirms the formation of anatase TiO2.

Figures 2(a)–2(f) perform the morphologies of CNF-
TiO2. SEM images (Figures 2(a)–2(c)) show an extremely
rough surface of the as-synthesized nanofibers with diameter
of ~300nm. Many wrinkles appear after 700°C pyrolysis
treatment for the crystallization of TiO2 nanoparticles and
decomposition of the polymer fibers, which may provide
active sites for Na+ insertion/extraction. In addition, the
long-range continuous carbon nanofiber matrix with high
conductivity will lead to fast electron transmission. As for
the TEM images with different magnification (Figures 2(d)–
2(f)), the well-distributed TiO2 nanoparticles can be clearly
observed with sizes between 100nm and 200nm and they
are all coated with amorphous carbon. A lattice spacing of
0.363 nm, corresponding to (101) planes of anatase TiO2,
can be clearly detected in the high-resolution TEM image
(Figure 2(f)), which means the high degree of crystallinity
of anatase TiO2. The TiO2 larger lattice spacing of 0.363 nm
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Figure 1: (a) The XRD pattern of CNF-TiO2 after pyrolysis at 700
°C; (b) TG pattern of CNF-TiO2 under air atmosphere; (c) XPS of Ti 2p in

CNF-TiO2.
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than 0.102 nm of Na+ and the specific space group of I41/amd
(a = 3 785Å, and c = 9 514Å) can ensure the fast insertion/
extraction of Na+ [23, 24], in which Na+ is inserted/extracted
in the interspace of anatase TiO2 [23]. Furthermore, it can
stabilize the structure of CNF-TiO2 cooperated with amor-
phous carbon through enduring the volume change in the
battery reaction.

The electrochemical performance of CNF-TiO2 anode
for SIBs is investigated by cyclic voltammetry (CV) between
0.01V and 3V with a scan rate of 0.1mV·s−1 and galvanosta-
tic charge-discharge techniques at 200mA·g−1. As depicted
in Figure 3(a), a strong cathodic peak between 0 and 0.5V
appears in the first cycle of SIB and disappears in the follow-
ing four cycles, which demonstrates the decomposition of
electrolyte and the formation of solid electrolyte interphase
(SEI) film. The benign overlapped CV curves of the next four
scans indicate excellent cycle stability and reversibility for
Na+ insertion/extraction. Figure 3(b) shows the charge/dis-
charge curves of CNF-TiO2 as anode for SIBs with constant
current of 200mA·g−1. In the initial cycle, there exists a large
irreversible capacity compared to the following curves, which
is in agreement with the CV tests. The charge/discharge
curves without obvious plateaus demonstrate the fluent
insertion/extraction of Na+ into the amorphous carbon and
crystalline TiO2 lattice. The initial discharge capacity is
792mAh·g−1 (0.35mAh·cm−2) with a coulombic efficiency
of 35.5%, and the discharge capacities increase slightly during

the subsequent cycles, showing the continuous reduced
resistance of CNF-TiO2 by the activation of this material,
which is also confirmed in electrochemical impedance spec-
troscopy (EIS, Figure 3(d)). The EIS results show the slight
decrease in charge transfer resistance before 10 cycles and
then a gradual increase until 80 cycles, which is the conse-
quence of activation and slight structural damage of CNF-
TiO2, respectively.

The rate performance of CNF-TiO2 is further investi-
gated at various constant currents from 100mA·g−1 to
5000mA·g−1. As shown in Figure 3(c), the capacity can
still retain 378mAh·g−1, 309mAh·g−1, and 133mAh·g−1
at the current densities of 1000mA·g−1, 2000mA·g−1, and
5000mA·g−1, indicating the rapid process of the insertion/
extraction of Na+. Moreover, when the current density
recovers to 100mA·g−1, the capacities can retain to the initial
level, showing the outstanding rate performance of CNF-
TiO2 as anode for SIB. CNF-TiO2 also exhibits remarkable
long-term cycling stability (Figure 3(e)). It can deliver a high
initial capacity of 792mAh·g−1 with a coulombic efficiency of
35.5% and stability at 614mAh·g−1 after almost 400 cycles,
indicating the excellent cycling performance and structural
stability of CNF-TiO2 anode. On the one hand, the large
length-to-volume ratio of CNFs-TiO2 provides more active
sites for Na ion adsorption on the surface of 1D nanofibers,
which offers additional capacity contribution. On the other
hand, the specific capacity of CNFs-TiO2 is based on the
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Figure 2: SEM images (a–c), TEM images (d–f), and EDS mapping (g) of CNF-TiO2.
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Figure 3: (a) CV tests at 0.1mV·s−1. (b) Galvanostatic charge-discharge curves of CNF-TiO2 recorded at 200mA·g−1; (c) rate performance of
CNF-TiO2; (d) EIS of CNF-TiO2 before and after cycles; (e) cycling stability of CNF-TiO2 as anode for SIBs at 200mA·g−1.
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mass of TiO2, while the carbon substrate may contribute par-
tial capacity. It should be noted that the capacity increases
during the initial cycles, which might be attributed to the
active process owing to the 3D interconnected nanostructure
of CNF-TiO2 [16].

To further unravel the electrochemical kinetic properties
of CNF-TiO2 as anode in SIBs, CV tests at different scan
rates from 0.1mV·s−1 to 1mV·s−1 are performed in
Figure 4(a). All the CV cycles have a similar shape of broad
peaks for Na+ insertion/extraction. Also, the small peak shift
with different scan rates indicates the smaller polarization of
CNF-TiO2. The peak current (i) of curves can be separated
into two mechanism parts: diffusion-controlled and sur-
face-controlled, which corresponds to battery and capacitive
reaction, respectively.

In order to figure out the contribution of each part, the
equation of i = a · vb [25, 26] linked peak current (i, mA)
and scan rate (v, mV·s−1) is performed to qualitatively ana-
lyze the kinetics, which can also express as log i = log a +

b·log v. a and b are constants which are obtained from
the experiments. The b value is represented by the slope of
log v − log i plots. There are two limit cases: that b = 0 5
means a diffusion-controlled mechanism (battery) and that
b = 1 represents a surface-controlled process (capacitive).
As shown in Figure 4(b), the cathodic peaks show the esti-
mated b value of 0.895 and anodic peaks of 0.849 from
0.1mV·s−1 to 1mV·s−1, which means the electrochemical
kinetic of CNF-TiO2 as anode is the combined mechanism
of diffusion control and surface control (dominant).

Furthermore, the capacitive contribution and battery
contribution can be separately quantitatively analyzed by
the equation i = k1v + k2v

1/2 [20], where i is the current at a
fixed voltage with different scan rates, and k1v and k2v

1/2

originated from the contribution of surface-controlled and
diffusion-controlled reaction, respectively. In order to easily
calculate, this formula can be transformed to i/v1/2 = k1 v

1/2

+ k2. Then, k1 and k2 can be obtained from the fitting plot
of v1/2 − i/v1/2. Figure 4(c) shows that the current is derived
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Figure 4: (a) CV curves of CNF-TiO2 at different scan rates from 0.1mV·s−1 to 1mV·s−1. (b) The relationship between peak current (i) and
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from two parts with the obvious red shadow area and blank
space representing capacitive and battery reaction, respec-
tively, which indicates that the contribution of capacitive
effect is 54.3%. Figure 4(d) exhibits the capacity contribution
increasing with the rising scan rates, 46.2% (0.1mV·s−1), 53%
(0.3mV·s−1), 54.3% (0.5mV·s−1), 65.4% (0.7mV·s−1), and
68.4% (0.9mV·s−1). These capacitive contributions reveal
that CNF-TiO2 as anode can shorten the electron transfer
path and decrease the barrier of Na+ insertion/extraction.

4. Conclusion

In summary, this flexible freestanding CNF-TiO2 can be
successfully synthesized by a facile electrospinning
method followed by pyrolysis treatment at 700°C. This
material as anode exhibits high specific reversible capacity
of 614mAh·g−1 (0.27mAh·cm−2), excellent rate perfor-
mance, and long-cycle stability at 200mA·g−1, which can
be ascribed to the long-range continuous conductive car-
bon nanofibers and TiO2 nanoparticles with excellent
structural stability and larger lattice of 0.363 nm than
the radius of Na+. After almost 400 cycles, the capacity
retention keeps ~100%, which indicates the high revers-
ible performance and excellent tolerance of volume
change in the process of Na+ insertion/extraction.
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Exploring earth-abundant and cost-effective catalysts with high activity and stability for a hydrogen evolution reaction (HER) is of
great importance to practical applications of alkaline water electrolysis. Here, we report on A-site Ba2+-deficiency doping as an
effective strategy to enhance the electrochemical activity of BaCo0.4Fe0.4Zr0.1Y0.1O3−δ for HER, which is related to the formation
of oxygen vacancies around active Co/Fe ions. By comparison with the benchmarking Ba0.5Sr0.5Co0.8Fe0.2O3−δ, one of the most
spotlighted perovskite oxides, the Ba0.95Co0.4Fe0.4Zr0.1Y0.1O3−δ oxide has lower overpotential and smaller Tafel slope.
Furthermore, the Ba0.95Co0.4Fe0.4Zr0.1Y0.1O3−δ catalyst is ultrastable in an alkaline solution. The enhanced HER performance
originated from the increased active atoms adjacent to oxygen vacancies on the surface of the Ba0.95Co0.4Fe0.4Zr0.1Y0.1O3−δ
catalyst induced by Ba2+-deficiency doping. The low-coordinated active atoms and adjacent oxygen ions may play the role of
heterojunctions that synergistically facilitate the Volmer process and thus render stimulated HER catalytic activity. The
preliminary results suggest that Ba2+-deficiency doping is a feasible method to tailor the physical and electrochemical properties
of perovskite, and that Ba0.95Co0.4Fe0.4Zr0.1Y0.1O3−δ is a potential catalyst for HER.

1. Introduction

The hydrogen fuel cell is considered as one of the most prom-
ising green solutions for new energy vehicles with the advan-
tages of high working efficiency and zero emission [1–3].
Electrochemical water splitting is an efficient and promising
energy storage technology to produce pure H2, benefiting
from abundant water resources on the earth, via converting
electrical energy generated from intermittent wind energy
and solar energy into chemical energy [4, 5]. In the practical
application of alkaline water electrolysis, it is still a great chal-
lenge to develop a highly efficient catalyst with low cost and
good electrochemical stability for H2 production. Though
carbon-supported Pt (Pt/C) catalysts are reported to have

the highest activity toward hydrogen evolution reaction
(HER), their widespread application is limited by their high
cost, low crust abundance, and poor stability [6]. Therefore,
the development of cost-effective and earth-abundant cata-
lyst materials for HER with high activity and stability is of
significant importance for realizing large-scale pure hydro-
gen production through alkaline water electrolysis.

Very recently, several nonnoble functional heterojunction-
like-structured electrocatalysts, including metal/metal oxide/
carbon hybrids [7, 8], transition-metal sulfides [9], and nitrides
[5], havebeen reported toexhibitoutstandingcatalyticactivities
for HER. On these heterojunction-like-structured interfaces,
positively-charged metal ion species could preferentially serve
as an adsorption site for OH− (generated byH2O splitting) due
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to the strong electrostatic affinity between each other, while a
nearby metal or anion ion site would be kinetically beneficial
for the adsorption of H. Consequently, these heterojunctions
of metal cation/metal atom or anion are able to function syn-
ergistically in order to facilitate the Volmer process and thus
render stimulated HER catalytic activity [7]. Benefiting from
the advantage of flexibility in the oxidation states of transition
metals and high tolerance of defective structures for oxygen
vacancy or excess, the perovskite oxides with a general formula
ABO3−δ (where A= rare earth or alkaline earth metal ions and
B= transition-metal ions) can be engineered to fit a wide range
of applications [10–12]. In a perovskite structure, the octahe-
dral building containing a transition-metal cation and contig-
uous 6-fold coordinated oxygen anions could play the role of
heterojunctions and possibly be reactive sites for HER. Very
recently, the perovskite oxides Ba0.5Sr0.5Co0.8Fe0.2O3−δ,
Pr0.5(Ba0.5Sr0.5)0.5Co0.8Fe0.2O3−δ, and SrNb0.1Co0.7Fe0.2O3−δ
were found to be highly active and stable for HER [13, 14],
which demonstrate the remarkable effectiveness of perovskite
oxides as candidates for the HER catalyst. However, up to
now, studies on the activity of perovskite oxide for HER
are scanty, due to the unclear HER mechanism on these
materials. More works on perovskites are required for fur-
ther study of the structure-activity correlation with respect
to tunable electronic structures by doping modification, in
order to optimize the activity for HER. In spite of the com-
monly used A-site and/or B-site partial substitution-doping
modification, another effective way that is attracting
increasing attention is to amend the surface redox chemis-
try and oxygen deficiency of perovskite oxides via getting
A-site cationic deficiencies introduced into their lattice
structure. As reported, a significantly improved electro-
chemical performance has been observed in oxygen reduc-
tion reaction with cationic-deficient perovskites (like Ba1−x
Co0.7Fe0.2Nb0.1O3−δ (x = 0 00 – 0 15) [15], La0.6Sr0 4−x
Co0.2Fe0.8O3−δ (x = 0 0 – 0 2) [16], and PrBa1−xCo2O5+δ
(x = 0 – 0 08) [16]) as electrocatalysts. However, there has
been no reported work yet regarding the catalytic perfor-
mance of a cation-deficient modification oxide in HER. In
this study, the composition of BaCo0.4Fe0.4Zr0.1Y0.1O3−δ
(BaCFZY) was chosen as the parent perovskite oxide for
A-site Ba2+-deficiency doping because BaCFZY was found
to have a high ability for proton uptake by the incorpora-
tion of H2O (H2O + V∙∙

O + Ox
O ↔ 2OH∙) and high structural

stability in alkaline media, which would be favorable to
HER [17]. Meanwhile, as a case study, we evaluated the
HER activity of Ba0.5Sr0.5Co0.8Fe0.2O3−δ (BSCF), one of
the most spotlighted perovskite oxides that is assumed
to be a strong catalyst candidate for ORR/OER/HER given
it is with high catalytic activity [10, 13, 18]. The effects of
Ba2+ deficiency on the crystal structure, surface chemical
properties, microstructure, electrochemical activity, and
stability of BaCFZY for HER were carefully investigated.
The results suggest that the additional negative charges
introduced by an A-site Ba2+ deficiency are mainly com-
pensated by the generation of oxygen vacancy. It is helpful
to form the low-coordinated active Fe/Co cations which is
beneficial to adsorb H2O and OH− and to promote the cata-
lytic activity for HER.

2. Materials and Methods

2.1. Synthesis of BCFZY and BSCF Oxides. Ba1−x
Co0.4Fe0.4Zr0.1Y0.1O3−δ (Ba1−xCFZY, x = 0 – 0 05) and BSCF
oxides were synthesized by a combined EDTA-citrate com-
plexing sol-gel method. Here, taking BaCFZY as an example,
the stoichiometric amounts of Ba (NO3)2 (AR), Co(N-
O3)2·6H2O (AR), Fe(NO3)3·9H2O (AR), (Zr(NO3)4·5H2O
(AR) and Y(NO3)3·6H2O (AR) were firstly dissolved in
deionized water and added into an EDTA-NH3·H2O solution
(pH≈ 9) under heating and stirring to form an aqueous solu-
tion. Then, a certain amount of citric acid-NH3·H2O solution
(pH≈ 9) was introduced with a molar ratio of 1 : 1 : 2 for
EDTA acid : total metal ions : citric acid. The resulting solu-
tion was evaporated at 80°C and 150°C in sequence to obtain
a dark dry foam-structured precursor. The precursor was
made to decompose on a hot plate followed by calcinations
in a muffle furnace at 600°C for 5 h and 1050°C for 10 h to
yield the desired oxide powders. The commercial catalysts
Pt/C were purchased from SangLaiTe.

2.2. Material Characterization. Phase structures of as-
synthesized Ba1−xCFZY (x = 0 00 – 0 05) and BSCF powders
were characterized by X-ray diffraction measurement (XRD,
D/max-2400 Rigaku, Tokyo) with a step size of 0.02° in 2θ
using the scanning range of 20° to 80° at room temperature.
To get more precise details of crystal structures, zero-point
correction of XRD patterns was performed based on the X-
ray diffraction theory. The morphologies of the catalysts were
observed using a field-emission scanning electron micro-
scope (SEM, TESCAN MIRA3). Energy dispersive X-ray
spectroscopy (EDX) was carried out to analyze the contained
elements in samples. The chemical compositions and surface
element states were determined by X-ray photoelectron spec-
troscopy (XPS) (PHI 5000 VersaProbe II) with Al Kα as an
excitation source.

2.3. Electrochemical Measurement. The HER electrochemical
activities of the investigated catalyst were evaluated in a
three-electrode configuration with the aid of typical thin film
rotating disk electrode systems (Pine Instrument Company,
USA) on an electrochemical workstation (CHI 760). A stan-
dard Hg|HgO (1M KOH) electrode and a graphite rod elec-
trode were used as the reference and counter electrodes,
respectively. The Hg|HgO (1M KOH) electrode was cali-
brated with respect to the reversible hydrogen electrode
(RHE) according to the Nernst equation E versus RHE = E
Hg ∣HgO + 0 098 + 0 0592 × pH in 1M KOH. The elec-
trolyte was a 1M KOH aqueous solution (Acros, 99.98%),
which was saturated by N2 by bubbling N2 into it for more
than 30min prior to the test and maintained under a N2
atmosphere throughout. The ink of the working electrodes
was prepared by the ultrasonic dispersion of 5.0mg of cata-
lyst, 1.0mg of acetylene black (AB) carbon, and 33μL of
K+-exchanged Nafion solution into the mixture of 500μL of
2-methoxyl ethanol and 467μL of tetrahydrofuran for 1 h.
Then, 10μL of the catalyst ink was dropped on the glassy car-
bon RDE (0.196 cm2, area) polished by 50 nm alumina slurry
and rinsed by sonicating in pure water. Then, the RDE was
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rotated at 700 rpm until the film was dry (about 30min),
yielding a catalyst mass loading of 0.255mgoxidecm−2

disk . Before
all the measurements, the catalyst was electrochemically acti-
vated via cyclic voltammetry in the potential range of −0.9 to
−1.65V (versus Hg|HgO) at 100mVs−1 for 80 cycles with a
rotating rate of 1600 rpm. The cyclic voltammetry measure-
ment of HER activity was performed at 10mVs−1 and
1600 rpm. The CV curve was capacity corrected by averaging
the forward and reverse currents, and ohmic resistance was
corrected according to the following equation: EiR−corrected =
E − iR, where i is the current, and R (~0.5Ω) is the ohmic
resistance from an electrolyte measured via electrochemical
impedance spectroscopy. The chronopotentiometry was car-
ried out at 20mA cm−2

disk and 1600 rpm for 2 h. Electrochem-
ical impedance spectroscopy measurement was performed at
−0.9V and − 1.6V versus Hg|HgO between 100 kHz and
10Hz with an amplitude of 20mV.

3. Results and Discussion

3.1. Phase Structure and Micromorphology. Figure 1 shows
XRD patterns of BSCF and Ba1−xCFZY oxides with various
Ba2+ deficiencies (x = 0 – 0 05) after calcination at 1050°C
for 10 h. All the diffraction peaks could be indexed by a cubic
Pm-3m space group without a detectable amount of impuri-
ties, indicating that the as-synthesized Ba1−xCFZY and BSCF
powders are single phased and well crystallized. As we know,
BSCF is a well-known perovskite oxide with the general for-
mula ABO3. Figure 1(c) illustrates a typical crystal structure
schematic of a cubic perovskite oxide. Thereunto, for BSCF
Ba2+/Sr2+ ions are at the A site and Co/Fe ions are situated
at the B site (the center of the oxygen octahedron). While
in the Ba1−xCFZY perovskite structure Figure 1(d)), the A site
is occupied by 12-fold coordinated Ba2+ cations with a larger
ionic radius, while the B site is occupied by smaller Co/Fe/Zr/
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Figure 1: (a) XRD patterns and (b) magnified parts of the as-synthesized BSCF and Ba1−xCFZY (x = 0 – 0 05) powders calcined at 1050°C for
10 h; (c) crystal structure schematic of a cubic perovskite oxide with the formula of ABO3; (d) crystal structure schematic of the Ba2+-deficient
Ba1−xCFZY perovskite oxides.
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Y ions in 6-fold coordination to the oxygen anions (that is to
say Co/Fe/Zr/Y ions are at the center of the oxygen octahe-
dron). Moreover, from the magnified parts of the XRD pat-
terns depicted in Figure 1(b), in comparison with BSCF, the
diffraction peaks of Ba1−xCFZY (x = 0 – 0 05) all shifted to
lower 2θ angles, indicating an expansion in the perovskite
lattice as a result of the introduction of the larger Zr4+

(0.72Å) and Y3+ (0.9Å) ions. In contrast, the diffraction
peaks (110) for Ba1−xCFZY shift slightly to higher angles with
the increase of Ba2+ deficiency, indicating a lattice shrinkage
probably from the increased electrostatic attraction [19].
Besides, the crystal lattice parameter could be obtained
by the Bragg diffraction equation and be marked in
Figure 1(b). The results indicate that with a higher Ba2+ defi-
ciency introduced from x = 0 to x = 0 05, the lattice constant
of Ba1−xCFZY is decreased slightly from 4.135Å to 4.107Å,
but it is still larger than that of BSCF (0.399Å). Figures 2(a)
and 3(a) present typical SEM images for Ba1−xCFZY and
BSCF. Unlike the classical perovskite powders of BSCF with
an irregularly and aggregate shape [20], BaCFZY presents a
uniformly distributed blocky appearance with more edge-
like surfaces, which would provide more active sites for
HER than that of BSCF. Besides, the corresponding energy-
dispersive X-ray elemental (EDX) mapping as shown in
Figures 2(c)–2(h) and 3(c)–3(g) suggests the homogeneous

distribution of Ba, Co, Fe, Zr, Y, and O for BCFZY as well
as Ba, Sr, Co, Fe, and O for BSCF.

3.2. X-Ray Photoelectron Spectroscopy Analysis. To analyze
the influence of the surface properties of BSCF and Ba1−x
CFZY (x = 0 – 0 05) on HER, the chemical states of the active
elements of Co and Fe were measured by XPS and normal-
ized with a C 1s peak to 284.6 eV. Via the narrow spectra of
high-resolution XPS as shown in Figure 4, the peaks of Fe
2p3/2, Fe 2p1/2, and Co 2p1/2 can be clearly identified in all
samples, while it is difficult to separate out the Co 2p2/3 peaks
due to the overlap between Co 2p3/2 and Ba 3d5/2 main lines
[14]. Meanwhile, the negative shift of the characteristic peaks
of Fe 2p3/2, Fe 2p1/2, and Co 2p1/2 together with Co 2p3/2
@Ba3d2/5 can be observed, indicating that the reduction of
both Co and Fe cations in Ba1−xCFZY as compared to BSCF
[13, 21]. Additionally, both of the Co 2p and Fe 2p peak posi-
tions of Ba1−xCFZY (x = 0 – 0 05) are almost invariant, and
only a slight increment shift (~0.1 eV for Co and ~0.06 eV
for Fe) from BaCFZY to Ba0.95CFZY was detected. The little
change of peak position implies that the additional negative
charges introduced by the A-site Ba2+ deficiency are barely
compensated by the oxidation of B-site Co/Fe ions to a
higher valence state in Ba1−xCFZY (x = 0 – 0 05), but
mainly by the generation of oxygen vacancy. Namely, the
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Figure 2: Typical SEM image of as-synthesized (a) BaCFZY, (b) Ba0.99CFZY, (c) Ba0.95CFZY, and (d) BSCF.
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Figure 3: High-resolution SEM image and the corresponding EDX element mapping of (a) BaCFZY, (b) Ba0.99CFZY, (c) Ba0.95CFZY, and
(d) BSCF.
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introduction of Ba2+ deficiency will create more oxygen
vacancy in the lattice (like the case of (Ba0.5Sr0.5)1−x
Co0.8Fe0.2O3−δ [22], PrBa1−xFe2O5+δ [23], and La0.6Sr0 4−x
Co0.2Fe0.8O3−δ [16]) which is helpful to form the low-
coordinated activity of Fe/Co cations which facilitates the

adsorption of H2O and OH−, and is expected to be bene-
ficial to promote the catalytic activity for HER.

3.3. Catalytic Activity for HER. To evaluate the electrochem-
ical catalytic activity of Ba1−xCFZY (x = 0 – 0 05) for HER,
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Figure 4: (a) Co 2p and Ba 3d core-level XPS results of BSCF and Ba1−xCFZY (x = 0 – 0 05). (b) Fe 2p core-level XPS results of BSCF and
Ba1−xCFZY (x = 0 – 0 05).
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Figure 5: (a) Polarization curves and (b) the corresponding Tafel plots of BSCF, Ba1−xCFZY (x = 0 – 0 05), and commercial Pt/C catalysts.
The background HER activity of a conductive acetylene black- (AB-) supported GC electrode is shown for reference.
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Figure 6: Schematic diagram of the HER reaction pathway on perovskite oxide.
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the catalytic performance of BSCF, commercial Pt/C, and
acetylene black (AB) was measured simultaneously for
comparison. All of the polarization curves described in
Figure 5(a) were capacity corrected by averaging the forward
and backward currents of the CV curves, and were normal-
ized to the geometric area of the GC electrode. It can be seen
that Pt/C exhibits superior HER activity in alkaline media
with a near-zero onset overpotential, and the conductive
acetylene black shows negligible HER activity in the investi-
gated potential range. All Ba1−xCFZY samples show much
smaller onset potential than that of BSCF. (e.g., to achieve a
current density of 0.5mAcm−2 and 1mAcm−2, the overpo-
tential needed is 27mV and 254mV for Ba0.95CFZY, while
for BSCF the overpotential is 270mV and 306mV, resp.).
The HER performance of Ba1−xCFZY was found to be
enhanced by A-site Ba2+-deficiency doping. The activity of
perovskite oxides Ba1−xCFZY in catalyzing HER was further
evaluated using the overpotential required to deliver an
electrode current density of 10mAcm−2 (η10)—a desirable cur-
rent density on the basis of 10% solar-to-fuel conversion effi-
ciency. Ba0.95CFZY shows the lowest η10 of 360mV in Ba1−x
CFZY, which is much lower than that of BSCF (430mV).
Although this value is larger than that of commercial Pt/C,
it is comparable to many other homogenous-structured
non-Pt catalysts (noble metal-free or transition-metal
complex-based catalysts) for HER in alkaline medium, such
as Ni [24], Co-NRCNTs [6], and Mn1Ni1 [25]. Moreover,
the Tafel plots depicted in Figure 5(b) were calculated to
get an insight into the HER kinetic processes of the catalysts.
The Pt/C catalyst shows a Tafel slope of 31.2mVdec−1, which
is consistent with the reported values [11, 26]. The Tafel slope
of Ba0.95CFZY is 80.4mVdec−1, which is lower than those of
Ba0.99CFZY (85.9mVdec−1), BaCFZY (87.5mVdec−1), and
BSCF (92.0mVdec−1). The substantially enhanced HER
activity achieved by the introduction of Ba2+ deficiency into
the A site is further confirmed by the gradually decreased
Tafel slope, demonstrating that the Ba2+-deficiency doping
plays a positive role in facilitating the kinetics process of
water splitting. Additionally, the rate-limited step of HER
can be assessed from the Tafel slope (slopes of ≈120, 40,
and 30mVdec−1 corresponding to the Volmer, Heyrovsky,
and Tafel reaction limitations, respectively [5, 9, 27]). It can
be seen that all the observed Tafel slopes for BSCF and
Ba1−xCFZY catalysts are between 40 and 120mVdec−1, sug-
gesting that electrochemical desorption is the rate-limited
step in the catalysts and the HER process possibly occurs
via a Volmer-Heyrovsky mechanism.

As well known, electrocatalytic HER proceeds through two
charge-transfer steps in alkaline media. The first step is a Vol-
mer reaction (H2O+e−→Hads+OH

−), in which the water
molecule adsorbed on the catalyst surface is ionized and trans-
ferred to be Hads. The second step is either a Heyrovsky reac-
tion (H2O+Hads + e

−→H2+OH
−) or a Tafel reaction (Hads

+Hads→H2) [26]. Both of the HER pathways (Volmer-Heyr-
ovsky or Volmer-Tafel pathway) involved the adsorption of
water molecules on the active sites, electrochemical reduction
of adsorbed water molecules into adsorbed hydroxyl ions
(OH−) and Hads, desorption of OH

− to refresh the catalyst sur-
face, and formation of Hads for H2 generation [7]. Therefore,

according to the HER mechanism, the highly efficient HER
process means that the catalyst has good H2O adsorption abil-
ities, strong affinity to Hads, and facile desorption of OH− on
the active site. More importantly, early fundamental studies
suggested that, in alkaline medium, OH− competes with Hads
for surface active sites of metal-based catalysts, seriously poi-
soning the electrode and reducing overall rates [6]. Thus, the
water-splitting process may also be influenced by the OHads
species on the electrode [12, 28]. It is reported that the low-
coordinated active atoms on the surface can serve as active
sites accessible to the OHads species [28, 29]. Consequently,
the increase of active atoms adjacent to oxygen vacancies will
be beneficial for OH− adsorption (generated from H2O split-
ting) and can leave alone a nearby anion ion (O2−) site for
Hads (Figure 6). These low-coordinated active atoms and adja-
cent oxygen ions may play the role of heterojunctions that
synergistically facilitate the Volmer process and thus render
stimulated HER catalytic activity.

As we can conclude from the XPS results in Figure 4, the
enhanced activity of Ba0.99CFZY could be assigned to the for-
mation of oxygen vacancies around active ions Co/Fe. More-
over, as the charge transfer resistance (Rct) has a direct
bearing on HER processes, electrochemical impedance spec-
troscopy was conducted at an overpotential of 600mV to
investigate the electrode kinetics of HER process for BSCF
and Ba1−xCFZY catalysts. As can be observed from Nyquist
plots in Figure 7, the introduction of Ba2+ deficiency results
in an obvious semicircle decrease in the low-frequency zone,
signifying the smaller Rct of Ba1−xCFZY as a result of Ba2+-
deficiency doping. The truth that all Rct of Ba1−xCFZY are
smaller than that of BSCF, indicates a faster electron transfer-
ring and more facile HER kinetics at the electrode/electrolyte
interface of Ba1−xCFZY [13]. Thus, the facile method of
introducing A-site deficiency in perovskite lattice could be
an effective way of promoting HER catalytic activity.
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Stability is another important factor in the development
of advanced electrocatalysts. To assess this, a chronopoten-
tiometric (CP) test (Figure 8(a)) was carried out and the volt-
ammograms (Figure 8(b)) before and after the CP test for 2 h
at 20mAcm−2 were compared. Pt/C exhibits the highest ini-
tial activity but undergoes a rapid degradation during the CP
test, corresponding to its poor HER durability as reported
[14]. In sharp contrast, BaCFZY even exhibits a decreasing
operating overpotential over the same testing period, demon-
strating its superior stability in the long-term electrochemical
process. Meanwhile, the current density of the voltammo-
gram of BaCFZY even increases slightly after 2 h of catalyzing
HER, further indicating the stable HER electrocatalysis of
BaCFZY in basic solutions. These results confirm the poten-
tials of the Ba1−xCFZY perovskite oxide as an efficient, stable,
and economic HER catalyst.

In conclusion, A-site Ba2+-deficiency doped BaCo0.4-
Fe0.4Zr0.1Y0.1O3−δ oxides, Ba1−xCo0.4Fe0.4Zr0.1Y0.1O3−δ (Ba1−x
CFZY, x = 0 00 – 0 05) have been synthesized and evaluated
as a kind of new electrocatalysts for HER in alkaline solu-
tions. As a case study, Ba0.5Sr0.5Co0.8Fe0.2O3−δ (BSCF) oxides
have also been synthesized and studied. The as-synthesized
Ba1−xCFZY and BSCF oxides are well-crystallized single
phases, indexed with the cubic space group of Pm-3m. All
Ba1−xCFZY samples show a much lower onset potential and
overpotential and smaller Tafel slope than that of BSCF.
The HER performance of BaCFZY can be enhanced by sim-
ple A-site Ba2+-deficiency doping. Electrochemical desorp-
tion is the rate-limited step on Ba1−xCFZY catalyst surfaces
and the HER process may occur via a Volmer-Heyrovsky
mechanism. Furthermore, Ba1−xCFZY exhibits superior sta-
bility in the long-term of the electrochemical process

compared with commercial Pt/C. The enhanced HER perfor-
mance may originate from the increased oxygen vacancies
around active Co/Fe ions on the surface of Ba1−x
Co0.4Fe0.4Zr0.1Y0.1O3−δ induced by Ba2+-deficiency doping
into the A site. These low-coordinated active atoms and
contiguous oxygen ions may play the role of heterojunctions
that synergistically facilitate the Volmer process and thus
render stimulated HER catalytic activity, corresponding to
a faster electron transfer and more facile HER kinetics at
the electrode/electrolyte interface. The method of introduc-
ing A-site deficiency in perovskite lattice could be a facile
and effective way to promote HER catalytic activity and this
work sheds light on perovskite oxides as electrocatalysts for
HER applications.
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SnO2 nanoparticles have been synthesized by a novel route of a sol-gel method assisted with biomimetic assembly using
L-leucine as a biotemplate. The microstructure of as-prepared SnO2 nanoparticles was characterized by X-ray diffraction
(XRD), scanning electron microscopy (SEM), Fourier transform infrared spectra (FT-IR), and Brunner−Emmet−Teller
(BET) measurements. The results demonstrated that the growth of SnO2 could be regulated by L-leucine at a high
calcination temperature. The electrochemical performance of SnO2 was also measured as anodes for lithium-ion battery.
It is a guidance for the growth regulation of SnO2 at high temperature to obtain SnO2/C with nanosized SnO2 coated
by a graphitic carbon.

1. Introduction

Lithium-ion batteries (LIBs) are the dominant power sup-
ply for portable electronics and also show promising appli-
cations for electric vehicles and power storage systems,
due to their high specific energy, good cycling perfor-
mance, high coulombic, and energy efficiency [1, 2]. In
accordance with the increasing energy requirement for
these industries, LIBs develop toward higher capacity,
higher energy, and higher power. Therefore, it is of great
significance to explore electrode materials with high capac-
ity for the next generation LIBs. Graphite is the principal
commercialized anode for LIBs since invented in 1991,
but its explored capacity has been reached the theoretical
limit (372mAh/g) [3–10]. Metal oxides (Co3O4, Fe3O4,
and SnO2) have been studied as anodes to enhance energy
density of LIBs, for they can deliver higher capacity than
graphite [11–13]. In this regard, SnO2 has been considered
as an outstanding alternative to graphite because of its
high theoretical capacity of 782mAh/g and moderate
lithiation potential (∼0.6V vs. Li+/Li) [8, 14–17]. It is

commonly recognized that SnO2 experiences a two-step
lithiation process, namely,

SnO2 + 4Li+ + 4e−⟶ Sn + 2Li2O 1

Sn + 4 4Li+ + 4 4e−⟶ Li4 4Sn 2

The reaction shown in (1) is irreversible, which would
induce low initial coulombic efficiency (CE) of ~50%.
Additionally, SnO2 electrode would suffer a large volume
variation (~260%) resulted by the reaction of (2) as well
as Sn, which would cause crack and collapse. And then,
the capacity fading of SnO2 is dramatical during cycling.
To improve cycling performance for SnO2, tremendous
investigations have indicated that SnO2/C composite
anode with nanosized SnO2-coated carbon is the most
effective strategy [15, 18–20]. In SnO2/C electrode, nano-
sized SnO2 could sustain large volume change of Sn dur-
ing lithiation and delithiation and carbon can buffer the
volume change and also maintain the conductivity net-
work for the whole electrode. Therefore, the cycling life
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of SnO2/C would greatly be extended. However, most pre-
vious studies presented that SnO2 was usually coated by
amorphous carbon via the pyrolysis of carbonaceous
organic material at 400~500°C, such as glucose. Unfortu-
nately, amorphous carbon with a higher specific surface area
might bring large amounts of side reactions with electrolyte,
leading to a lower initial CE of SnO2. Besides, amorphous
carbon usually shows higher average lithiation/delithiation
voltage and larger voltage hysteresis, which would contrib-
ute little improvement in terms of energy density for LIBs
in fact. Now, even since it has been reported that amor-
phous carbon can be catalytically graphitized at a lower
temperature of about 600~700°C [21–23], SnO2 particles
would grow greatly large at this temperature and experience
a rapid capacity fading as lithium-ion anodes. Accordingly,
it is of importance to obtain nanosized SnO2 and suppress
its growth at 600~700°C for the application implementation
of SnO2/C.

In this work, nanosized SnO2 were synthesized by a
sol-gel method assisted with biomimetic assembly. Biomi-
metic synthesis is a novel route to fabricate nanosized inor-
ganic particles with organic templates. Investigations have
identified that specific molecular interactions at inorganic-
organic interfaces could result in the controlled nucleation
and growth of inorganic crystals [24–26]. During the biomi-
metic assembly process, the organic template could promote
self-assembly, recognize the reactant substrate, guide the
nucleation, and limit the growth of inorganic particles by uti-
lizing biological adsorption, hydrogen bond, van der Waals
force, and so on. Considering that L-leucine could regulate
the synthesis and the growth of organic particles and even
enzymes, while no researches related to the regulation of
inorganic materials by L-leucine could be found [27], we
would like to control SnO2 nucleation and growth by biomi-
metic assembly using L-leucine as a biomimetic template
here. The regulated mechanism of SnO2 synthesis and
growth is studied for the first time in this work. Moreover,
the electrochemical performance of as-prepared SnO2 was
also measured as lithium-ion anodes.

2. Experimental

2.1. Preparation of Materials. SnO2 nanoparticles were
synthesized by a sol-gel method assisted with biomimetic
assembly using leucine as a biotemplate. Firstly, 9% of dilute
aqua ammonia was dripped slowly into SnCl4 (0.4M/40ml)
including 0.001mol L-leucine with continuous stirring
in a water bath under 65°C. Secondly, the pH of the as-
produced solution was adjusted to 3 and then kept stirring
for 1 h to get white sol. Finally, the resulting sol was centri-
fuged, washed with ethanol and deionized water three times
after keeping stand under 80°C for 24h, respectively, and
then dried at 80°C. The resultant was heated to 450°C,
550°C, and 650°C at a ramp rate of 10°C·min−1 in the air
for 4 h to get SnO2, named as L-SnO2-450

°C, L-SnO2-
550°C, and L-SnO2-650

°C, respectively. For comparison,
SnO2 nanoparticles were also prepared using the same proce-
dure without the L-leucine biotemplate, named as SnO2-
450°C, SnO2-550

°C, and SnO2-650
°C.

2.2. Material Characterization. The microstructure of SnO2
particles was carried out by a Shimadzu X-ray 6000 diffrac-
tometer (XRD) with CuKα radiation at 40 kV, 30mA and a
Quanta 250 FEG scanning electron microscope (SEM).
Fourier transform infrared (FTIR) spectra were recorded
using a Bruker Alpha spectrometer. Brunner−Emmet−Teller
(BET) measurements were recorded using a QUADRASORB
SI analyzer.

2.3. Electrochemical Measurements. The electrode slurry was
prepared by mixing 90wt% active material, 2wt% super-p,
and 8wt% carboxymethyl cellulose (CMC). And then, the
slurry was spread on Cu foil and dried at 120°C for 1 h. The
electrochemical measurements of the electrodes were tested
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using CR2032 coin cells assembled with Li foil as the counter
and reference electrodes in an argon-filled glove box. The
electrodes were separated by two layers of a Celgard separa-
tor. The electrolyte was 1M LiPF6 dissolved in a mixture of
ethylene carbonate, ethyl methyl carbonate, and dimethyl
carbonate (EC : EMC :DMC=1 : 1 : 1 in volume).

Cycle test was conducted with a system of LAND
CT2001A from 0.005 to 2.5V at a 0.1C rate and trickle
discharged at 0.005V to a C/40 rate in the first three
cycles. For subsequent cycles, cells were cycled from 0.005
to 2.5V at a 0.2 C rate and trickle discharged at 0.005V

to a C/20 rate. All electrochemical tests were carried out at
ambient temperature.

3. Results and Discussion

Figure 1 compares the XRD patterns of as-prepared SnO2
nanoparticles divided into three groups of (a) L-SnO2-
450°C and (b) SnO2-450

°C, (c) L-SnO2-550
°C and (d)

SnO2-550
°C, and (e) L-SnO2-650

°C and (f) SnO2-650
°C. All

patterns show obvious diffraction peaks at 2θ of 26.61°,
33.89°, 37.95°, 51.78°, and 65.94°, corresponding to (110),
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Figure 3: SEM images of (a) L-SnO2-450
°C, (b) L-SnO2-550

°C, (c) L-SnO2-650
°C, (d) SnO2-450

°C, (e) SnO2-550
°C, and (f) SnO2-650

°C.
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(101), (200), (211), and (301) planes of rutile SnO2 (JCDF
no. 41-1445), respectively. No peak corresponding to crys-
tallographic impurities was observed, indicating the high
purity of SnO2. As the increase of calcination temperature
from 450°C to 650°C, the diffraction peaks become sharp
and the full width at half maximum (FWHM) narrows
significantly for both L-SnO2 and SnO2, which is an indi-
cation that the grain size of SnO2 increases with an
increase of calcination temperature. What is more, it could
be observed that the grain size of SnO2 is finer in L-SnO2
than that of SnO2 prepared without leucine templates
under the same temperature. Moreover, such distinctions
in SnO2 grain size get more evident as the calcination
temperature increases.

Compared Figure 1(a) and (b), the FWHM of the SnO2
diffraction peak is very close for L-SnO2-450

°C and SnO2-
450°C, while it is obviously wide in L-SnO2-550

°C than
SnO2-550

°C as shown in Figure 1(c) and (d). Especially in
Figure 1(e) and (f), the diffraction peaks become much
sharper in SnO2-650

°C than L-SnO2-650
°C. Based on peak

profile analysis using a Voigt function, it is confirmed that
the grain size of SnO2 is calculated as 11.2, 16.7, and
20.5 nm for L-SnO2-450

°C, L-SnO2-550
°C, and L-SnO2-

650°C, respectively, while 11.0, 23.0, and 39.2 nm for SnO2-
450°C, SnO2-550

°C, and SnO2-650
°C, respectively. It could

be concluded that the SnO2 growth can be suppressed when
synthesized by a sol-gel method assisted with biomimetic
assembly using leucine as a biotemplate.

Figure 2 shows the FT-IR spectra of L-SnO2-650
°C and

SnO2-650
°C. The main peak of L-SnO2-650

°C and SnO2-
650°C is at the same position of 658 cm−1 attributed to the
Sn-O-Sn asymmetric stretching mode of surface bridging
oxide. It confirms SnO2 formation in L-SnO2-650

°C and
SnO2-650

°C. The weak peak is around 3425 cm−1 in SnO2-
650°C corresponding to the stretching vibration of O-H
bond, which may be due to the presence of water molecule
on the surface of SnO2 nanoparticles and the stretching
vibrations of Sn-OH groups [28, 29]. However, the peak of
530 cm−1 assigned to Sn-O vibration of Sn-OH group is weak
in SnO2-650

°C. Therefore, it could be considered that the
peak around 3425 cm−1 is mainly due to the vibration of
absorbed water molecules. A stronger peak of 3425 cm−1,
together with 1387 cm−1 of -CH3 and 1638 cm−1 of -NH2 in
L-SnO2-650

°C, is an indication of L-leucine residuum bond-
ing with SnO2, though Sn(OH)4 precursor was washed by
ethanol and deionized water before calcination.

It is predicted that the growth of SnO2 particles in L-
SnO2 gets suppressed for its direction and rate of interfa-
cial migration between individual grains is regulated by
L-leucine. This should maintain a block structure accompa-
nied with wrinkled morphology and retain a smooth and
dense surface structure for L-SnO2, while a large number of
scattered particles and flakes increase to the surface of the
control SnO2 group. When calcined at 650°C as shown in
Figures 3(c) and 3(f), the block structure of L-SnO2-650

°C
and SnO2-650

°C has damaged at a certain degree, with
SnO2 nanoparticles reuniting on the various surfaces and
edges along the block. It should be noted that L-SnO2-
650°C shows highly porous foam-like morphology.

To observe the porous structure of L-SnO2-650
°C,

Figure 4 shows the pore size distribution curves for L-
SnO2-650

°C and SnO2-650
°C and Table 1 shows the surface

area, pore volume, and pore diameter of L-SnO2-650
°C and

SnO2-650
°C. Compared with SnO2-650

°C, L-SnO2-650
°C

possesses more mesopores of about 30 nm, the pore volume
of 0.15 cm3/g is much bigger than 0.07 cm3/g, and the pore
diameter of 24.9 nm is eight times than 3.3 nm. Therefore,
the surface area of L-SnO2-650

°C is nearly twice larger than
that of SnO2-650

°C.
Based on above microstructure characterization, the

mechanism of SnO2 synthesis by biomimetic assembly could
be schematic in Figures 5 and 6. First, -NH2 of L-leucine
accelerates the self-assembled process of Sn4+ and OH− to
form Sn(OH)4. And then, Sn(OH)4 could be recognized
and integrated with L-leucine. In addition, -COOH of L-leu-
cine, an electron-withdrawing group, easily form a hydrogen
bond with -NH2 of the next L-leucine molecule. Therefore, a
“nanocage” with L-leucine molecules enclosed with Sn(OH)4
would be created by the intermolecular hydrogen bonding of
L-leucine. Lastly, a high-order nanocage group would be
formed. When heating Sn(OH)4, SnO2 nucleates in the
“nanocage” and its growth would be restricted by the “nanoc-
age.” Therefore, fine and high-order layered SnO2 particles
could be obtained by biomimetic assembly using the L-
leucine template. Figure 6 illustrates the formation mecha-
nism of the porous foam-like surface for L-SnO2. L-Leucine
has integrated with Sn(OH)4 to form a “nanocage” group,
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Figure 4: Pore size distribution of L-SnO2-650
°C and SnO2-650

°C.

Table 1: The surface area, pore volume, and pore diameter of
L-SnO2-650

°C and SnO2-650
°C.

Sample
Surface area

(m2/g)
Pore volume

(cm3/g)
Pore diameter

(nm)

L-SnO2-650
°C 14.7 0.15 24.9

SnO2-650
°C 7.8 0.07 3.3
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which would not be washed.When calcined at a high temper-
ature, L-leucine would decompose into gaseous product such
CO2, NH2, and CO as reported in [30]. Then, the escapement
of these gases and the pyrolysis removal of the L-leucine tem-
plate would leave holes around SnO2 and promote the forma-
tion of porous morphology.

Figure 7 shows voltage-capacity curves of the 1st, 2nd,
and 5th cycles for as-prepared SnO2 electrodes cycled ver-
sus lithium metal from 0.005 to 2.5V. All the voltage
curves are characteristic of SnO2 in appearance, having
an initial discharge sloping above 1.0V, a flat plateau
about 0.8V, and a sloping plateau during the subsequent
lithiation and delithiation process. A large irreversible
capacity at above 1.0V during the first discharge could also
be observed, corresponding to the irreversible reaction
between SnO2 and Li (1). The flat plateau about 0.8V is
consistent with the reaction between Li+ and Sn. The L-
SnO2-450

°C, L-SnO2-550
°C, and L-SnO2-650

°C deliver the

initial discharge capacity of 1488.3mAh/g, 1616.1mAh/g,
and 1408.9mAh/g, respectively, which is higher than
1441.3mAh/g, 1491.7mAh/g, and 1370.0mAh/g of SnO2-
450°C, SnO2-550

°C, and SnO2-650
°C, respectively. And the

initial charge capacity of L-SnO2 is also higher than the latter,
with 704.0mAh/g, 914.9mAh/g, and 824.8mAh/g for L-
SnO2-450

°C, L-SnO2-550
°C, and L-SnO2-650

°C, respectively,
while 655.1mAh/g, 869.7mAh/g, and 698.3mAh/g for
SnO2-450

°C, SnO2-550
°C, and SnO2-650

°C, respectively.
Additionally, the compacted density is 3.63 g/cm3, 3.74 g/
cm3, and 3.38 g/cm3 for L-SnO2-450

°C, L-SnO2-550
°C, and

L-SnO2-650
°C, respectively. So, the corresponding reversible

volumetric capacity is 982.9mAh/cm3, 1316.0mAh/cm3, and
1072.2mAh/cm3, respectively, which is higher than com-
mercial graphite of 720mAh/cm3. Moreover, the flat pla-
teau of L-SnO2 is a little higher than single SnO2 calcined
at the same temperature. This should be related to smaller
SnO2 in L-SnO2, so they could provide more passageways
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for Li+ diffusion, deliver more capacity, and react with Li+

easily to form LizSn. Additionally, L-SnO2-450
°C and L-

SnO2-550
°C perform a coulombic efficiency of 47.3% and

56.6%, respectively, which is equal to 45.5% and 58.3%
for SnO2-450

°C and SnO2-550
°C, respectively. This would

be concluded that the functional groups in the surface of
SnO2 have no irreversible capacity contribution.

Figure 8 shows the differential capacity versus potential
curves for the 1st, 2nd, 5th, and 25th cycles for as-prepared
SnO2 electrodes. The differential capacity refers to the calcu-
lated value of two adjacent points on the voltage-time curve
(V n , V n+1 , t n , t n+1 ), and the known charge, discharge
current I, and the value of the active material mass m in
the electrode according to dQ/dV = I t n + 1 − t n / m
V n + 1 −V n . Researchers have testified that the
reversibility of lithiation and delithiation of SnO2 should be
good while the differential capacity curve is broad. The peaks
on the differential capacity curve correspond to the platform
of the voltage-capacity curve. The change of the area is
enclosed by the curve which reflects the attenuation degree
of the capacity; the area changes larger, and capacity attenu-
ates faster. As shown in Figure 8, L-SnO2-450

°C, L-SnO2-
550°C, and L-SnO2-650

°C show a sharp peak around
0.80V, 0.90V, and 0.77V during the first discharge, respec-
tively, which is higher than 0.78V, 0.81V, and 0.65V of
SnO2-450

°C, SnO2-550
°C, and SnO2-650

°C, respectively.
This phenomenon would also exist during the 2nd and 5th
discharges, with lithiation peaks at 0.20V, 0.33V, and
0.34V for L-SnO2-450

°C, L-SnO2-550
°C, and L-SnO2-

650°C, respectively, while 0.20V, 0.27V, and 0.30V for
SnO2-450

°C, SnO2-550
°C, and SnO2-650

°C, respectively.
This suggests that smaller SnO2 is easy to alloy with Li+. No
sharp peak could be observed after the first charge curves,
which manifests that no 2-phase district exists. The reduc-
tive electric potentials around 0.3V are also a featured plat-
form of Sn corresponding to Sn and Li formed an alloy.
The differential capacity curve of the 25th discharge process
was basically a smooth state, and it proves that there is
some irreversible oxidation-reduction reaction happened.
This phenomenon was associated with electrolyte con-
sumption of SEI on the fresh surface of electrodes. Sn
would reunite and easily collapse in charge and discharge
processes. Thus, SEI should reform on the exposed fresh
surface of Sn. As for the smoothness of dQ-dV curves, peak
of L-SnO2 is broader than single SnO2, suggesting that L-
SnO2 have preferable transmission property for lithiation
and delithiation. Therefore, the reason that the capacity of
L-SnO2-450

°C was less than SnO2-450
°C is due to the

adsorption of functional groups on the surface of the mate-
rial, thus blocked the passage of the electrons and led to a
decrease in the lithium storage capacity of the material. As
for L-SnO2-550

°C and L-SnO2-650
°C, their curves were also

smoother as well as indicated advantageous performance
than SnO2-550

°C and SnO2-650
°C.

Figure 9 shows the cycling performance for L-SnO2 elec-
trodes and the control group of SnO2 electrodes. Compared
L-SnO2-450

°C with SnO2-450
°C, the capacity retention of

L-SnO2-450
°C is inferior to that of SnO2-450

°C. It should
be mainly related to the larger specific surface area for L-
SnO2-450

°C while the particle size of SnO2 is close. The cyclic
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Figure 7: The 1st, 2nd, and 5th voltage-capacity profiles of
as-prepared SnO2 electrodes.
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5th, and 25th cycles for L-SnO2 electrodes and the control group
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performance of L-SnO2-550
°C and L-SnO2-650

°C is much
better than the SnO2-550

°C and SnO2-650
°C, because the

particle size of SnO2 is much smaller in the former, which
would experience less inner stress. Moreover, the porous
structure of L-SnO2 can provide more channels and place-
holders for the embedding and deembedding of ions. This
was helpful to reduce SnO2 crushing and improve the sta-
bility of electrode materials. Even so, all SnO2 electrodes
do not show expected excellent cyclability as well as those
reported previously. However, it is believed that nanosized
SnO2 coated by graphitic carbon at 600~700°C would
perform better cyclability, which would be further studied.

4. Conclusion

SnO2 nanoparticles have been prepared by biomimetic
synthesis combined with a sol-gel method using L-leucine
as a biotemplate for the first time. L-Leucine could form a
“nanocage” by its intermolecular hydrogen bond and accel-
erate the assembly of Sn4+ and OH− in the nanocage dur-
ing the preparation process. Therefore, SnO2 growth could
be regulated at a high temperature calcination of 650°C. As-
prepared L-SnO2 show a block and porous structure. As
anodes for lithium-ion battery, L-SnO2 perform better
electrochemical performance than SnO2. This should give a
promising route to produce enhanced SnO2/C electrodes
with nanosized SnO2 coated by graphitic carbon at high
temperature for lithium-ion batteries.
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Discharge rate is a key parameter affecting the cycle life of lithium-ion batteries (LIB). Normally, lithium-ion batteries deteriorate
more severely at a higher discharge rate. In this paper, we report that the cycle performance of LiNi0.8Co0.15Al0.05O2/graphite high-
energy 2.8 Ah 18650 cells is abnormally worse at a 1.5 C discharge rate than at a 2.0 C discharge rate. Combining macromethods
with micromethods, the capacity/rate performance, electrochemical impedance spectroscopy (EIS), and scanning electron
microscope (SEM) morphology of the electrodes are systematically investigated. We have found that the impedance of the
negative electrodes after 2.0 C aged is smaller than that after 1.5 C aged, through EIS analysis, and the discharge rate
performance of the negative electrodes after 2.0 C aged is better than that after 1.5 C aged through coin cell analysis. In addition,
some special microcracks in the negative electrodes of aged cells are observed through SEM analysis, which can accelerate the
side reaction between active and electrolyte and form the thicker SEI which will hinder the Li+ insertion and cause resistance
increase. In short, the LiNi0.8Co0.15Al0.05O2/graphite-based lithium-ion batteries show better cycle life at a 2.0 C discharge rate
than at a 1.5 C discharge rate which indicates that the negative electrodes contribute more than the positive electrodes.

1. Introduction

Lithium-ion batteries (LIB) used in electric vehicles (EV)
need high energy density, high power capacity, long cycle life,
and good security to achieve superior driving performance
and better economic viability [1–4]. In recent years, the
LiNi(1-x-y)CoxMyO2 system (denoted as NCM, where M rep-
resents metal elements such as Mn and Al) has been widely
reported as cathode materials due to its many advantages,
such as high specific capacity, long lifespan, and low cost
[5–9]. Among this family, LiNi(1-x-y)CoxAlyO2 (NCA) is
attracting much attention and becoming a promising candi-
date material for the positive electrode because of its highest
capacity among the whole cathodes which have been used in
mass [10–13].

There are many published studies on NCA-based LIB,
focusing on the electrochemical characteristics [14–16], the
storage performance [17, 18], the factors that affect the
performance [19–21], and especially the capacity fading
mechanism [22–25]. As reported, the main factor which
deteriorated the cycle life at 100% depth of discharge

(DOD) for the NCA/graphite system was the microcracks
in the positive electrode [23–25] and these micro-cracks were
mainly induced by the shrink in volume under charge and
discharge operations [12]. It has great difference with the
LiMn2O4/graphite and NCM/graphite systems in which the
main factors causing the capacity fading were considered to
be the dissolution of Mn, the increase of the polarization,
and the decrease of active Li+ [26–28].

Electric vehicles (EV) and plug-in hybrid electric vehicles
(PHEV) usually require LIB to work at higher charge/dis-
charge currents, and therefore, it is very important for LIB
to understand the fading mechanism at high charge/dis-
charge rates. Generally, the cycle life for LIB is deteriorated
at higher charge/discharge rates: the higher the rates, the
worse the cycle life [29]. Whether it has the same conclusion
for the NCA/graphite system is the question. From the
reported papers, we have learned that the pulse discharge
current had the worse effect on cycle life than the constant
current for 3Ah 18650 cells with NCA [30]. However, few
studies have examined the effect of constant current dis-
charge rates on cycle life of NCA-based 18650 cells. In the
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present work, the basic fading mechanisms for NCA-based
18650 cells cycled at two different discharge rates (1.5C
and 2.0C) were studied and their cycle performance includ-
ing capacity and morphology was discussed through elec-
trode analysis. The initial reasons which affect the cycle life
for the NCA/graphite-based LIB were further explained.

2. Experimental

The NCA-based 18650 cells used are from an automotive
battery manufacturer Boston-Power Incorporation (BPI),
and the details of the cells are listed in Table 1. The nominal
capacity of the cells was 2.75Ah (charge/discharge at 0.2C).
The positive electrode of the cells is NCA, the negative elec-
trode is artificial graphite with polyethylene-based ceramic
separate, and the electrolyte is a mixture of ethylene carbon-
ate (EC), ethyl methyl carbonate (EMC), and dimethyl car-
bonate (DMC) with lithium hexafluorophosphate (LiPF6).

The cycle tests were conducted at two different discharge
rates, that is, 1.5C (4125mA) and 2.0C (5500mA), by using
a battery tester LAND (5V/5A). The temperature was con-
trolled to 25°C by a high-low temperature chamber (Hon-
gzhan, 80 L). Note that the same charging protocols, that is,
constant current (CC) (0.5C) and constant voltage (CV) with
an upper voltage limit of 4.2V and a cutting-off current of
138mA, were employed in all discharge cases. The cycle tests
were continued until the capacity retention decreases to 80%
of the initial capacity.

In order to gain insights into the aging origins, we disas-
sembled the fresh cell and the cells aged at different rates after
discharging these cells to 2.5V in an Ar atmosphere glove
box, in which the moisture content was less than 0.1 ppm.
The positive and negative electrodes were rinsed by DMC.
After that, we assembled these harvested electrodes into
new coin cells with Li metal as the counter electrode in the
Ar atmosphere glove box. In terms of these reassembled coin
cells, the capacity and rate performance were examined using
battery tester LAND (5V/10mA). The impedance changes
were measured in Princeton PARSTAT 4000 with an ac
amplitude of 5mV over the frequency range from 50kHz
to 0.05Hz.

The pore size distribution and the porosity of fresh and
aged cells were measured using the mercury intrusion poro-
simetry (MIP) with PoreMaster 33 type fromQuantachrome.
The MIP could measure pore diameters from a nanometer to
micrometer scale, which matched well with the pore range in
the electrode film sample compared to nano-computed
tomography (CT) just monitoring the pore diameters above
500nm [31, 32]. Scanning electron microscopy (SEM) was
carried out to observe the surface microscopic morphology

changes of the positive and negative electrodes for fresh
and aged cells. SEM images were taken with ULTRA 55 type
from Carl Zeiss SMT Corporation. For porosity and SEM
analysis, the electrodes were washed with DMC and evapo-
rated at room temperature.

3. Results and Discussion

3.1. Cycle Performance of Cells and Characteristics of
Electrodes. The cycle performance of NCA-based 18650 cells
at different discharge rates is shown in Figure 1. Figure 1(a)
displays the cycle life of the cells at 2.0C discharge rate and
1.5C rate at 25°C, and two cells are tested for either discharge
rates. It can be noted that the capacity retention at 2.0C is
better than that at 1.5C and the former’s cycle life is about
twice that of the latter. Figure 1(b) demonstrates that the
direct current resistance (DCR) has increased by 20% after
the cycles of one cell at various discharge rates. When the
capacity decreases to 80% of the initial state, the whole output
capacity/energy for 2.0C aged cells is clearly higher than that
for 1.5C aged cells, as listed in Table 2.

The positive and negative electrodes for fresh and aged
cells are reassembled into 2032 coin cells with Li metal as
counter electrode. The capacity calibration are operated with
0.2 C CC-CV charge mode and 0.2 C CC discharge; the volt-
age range is 2.5V~4.2V for the positive electrodes and
0.005V~1.5V for the negative electrodes. The characteristics
of different electrodes for fresh and aged cells are shown in
Figure 2.

Figure 2(a) presents the discharge curves for the positive
and negative electrodes. As can be seen, the capacity of the
positive electrodes can remain 86% for 1.5C aged cells and
87% for 2.0C aged cells and this difference with cell capacity
retention of 80% is derived from the different charge and dis-
charge rates. The capacity ratio of the negative to the positive
(N/P) ratio can be calculated as follows:

N
P ratio =

Cn × Sn × ractive−graphite
Cp × Sp × ractive−NCA

, 1

where Cn and Cp are the capacity of the negative and positive
electrodes, respectively; Sn and Sp are the area coating density
of the negative and positive electrodes, respectively;
ractive−graphite and ractive−NCA are the ratio of active material
in the electrodes.

According to (1), it can be known that the N/P ratio value
for 1.5C aged cells increases to 1.19, while for 2.0C aged cells,
it decreases to 1.06, and the details are listed in Table 3. These
results indicate that the negative electrodes have enough
capacity balance even for aged cells so the capacity fading is
attributed to the deterioration of the NCA. The above
conclusion is essentially consistent with previous reports
[23–25]. However, it cannot explain why the 2.0C discharge
rate is better than the 1.5C discharge rate.

In order to explore the reason for the above phenomena,
the intercalation ability of Li+ for the positive electrodes and
deintercalation ability of Li+ for the negative electrodes had
been evaluated based on the discharge rate performance of
different electrodes for fresh and aged cells as shown in

Table 1: Details for NCA-based 18650 cells from BPI.

Item Specification

Nominal capacity (Ah) 2.75

Nominal voltage (V) 3.65

Mass/g 47.0

Energy density (Wh·kg−1) 210
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Figure 2(b). It can be figured out that the intercalation ability
of Li+ for the positive electrodes is very similar after 1.5C or
2.0C aged and their capacities deteriorate by about 5% at the
1.5C rate, about 18% at the 2.0C rate compared with those of
fresh cells. However, it can be also seen that the negative elec-
trodes after 2.0C aged exhibit better rate performance at
1.5C or 2.0C rate than those for 1.5C aged, which implies
that there is a great difference in the deintercalation ability
of Li+ for the negative electrodes after different aging. Conse-
quently, it can be inferred that the capacity fading of NCA/
graphite-based LIB is mainly associated with the negative
electrodes, which reminds us not only to consider the posi-
tive electrode’s effect on capacity loss but also to attach more
importance to negative electrode’s effect on cycle life.

Figure 2(c) displays the incremental capacity analysis
(ICA) curves of the positive and negative electrodes for fresh
and aged cells at a 0.2C discharge rate, in which each
peak involves a phase reaction. For the positive electrodes,
there exist six peaks in fresh and aged cells, marked sepa-
rately as peak (1) to peak (6). The voltage of each peak
has increased but the dQ/dV decreased for aged cells,
reflecting that the phase structure do not change during
the cycle. This conclusion is also similar to that of other
researches analyzed through XRD and Raman methods
[25], that is, the NCA crystal structure did not suffer
serious damage during the cycle tests. For the negative
electrodes, it can be found that there are five phase transition
processes, corresponding to peak (1′) to peak (5′). The volt-
age of each peak has decreased and the dQ/dV increased

for aged cells, especially for peak (5′), while the overall peak
heights for 2.0C aged are lower than those for 1.5C aged,
revealing that the fading of the cells for 1.5C aged at the
lower voltage is obviously induced by the negative electrodes.

The impedance was measured at 50% SOC at 25°C,
and the frequency range is 0.05Hz to 50 kHz. The imped-
ance of the negative electrodes for coin cells is shown in
Figure 2(d) and that of the positive electrodes is presented
in Figure 3. As seen from Figure 2(d), the impedance of
the negative electrodes after 1.5C aged is larger than that
after 2.0 C aged and thus can lead to the faster deterioration
of the rate performance, which is in good agreement with
experimental results for rate performance in Figure 2(b).
Through critical equivalent circuit model (ECM) for LIB
from a relevant literature [33], the impedance was com-
posed of ohmic resistance (Ro), solid electrolyte interface
resistance (RSEI), charge transfer resistance (Rct), and diffu-
sion resistance (Rdif f ). Accordingly, we can conclude that
for aged cells, Ro increases while it is similar for 2.0C aged
and 1.5C aged and RSEI and Rct increase greatly compared
to fresh cells but the impedance for 2.0C aged is smaller
than that for 1.5C aged.

3.2. Changes in Morphology and Porosity of Disassembled
Electrodes. Figure 4 presents the SEM images of the positive
and negative electrodes for fresh and aged cells, and the mag-
nification for the positive electrodes is 20,000 times and 5000
times for the negative electrodes. It can be observed that there
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Figure 1: Cycle performance of NCA-based 18650 cells cycled at different discharge rates. (a) Cycle life curves; (b) direct current resistance
(DCR) curves.

Table 2: Whole output capacity/energy for aged cells.

Rate Total charge capacity (Ah) Total discharge capacity (Ah) Total charge energy (Wh) Total discharge energy (Wh)

0.5 C/1.5 C 1267 1266 4888 4254

0.5 C/2.0 C 2133 2129 8271 6993
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are some special microcracks in the electrodes of aged cells,
not only in NCA-positive electrodes but also in graphite-
negative electrodes. For the positive electrodes, these micro-
cracks will lead to the capacity loss and resistance increase

Table 3: Capacity and N/P ratio of the electrodes for fresh and aged
cells.

Information of the
electrodes

Capacity at 0.2 C (mAh·g−1) N/P ratio

Fresh
Positive 190

1.09
Negative 365.5

1.5 C aged
Positive 164

1.19
Negative 344

2.0 C aged
Positive 167

1.06
Negative 306
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Figure 3: Nyquist plots of the positive electrodes for fresh and
aged cells.
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in the cells, and for negative electrodes, they will bring about
the SEI reproduction which can cause the consumption of Li+

and resistance to increase [23–25].
The pore distribution of the electrodes for fresh and aged

cells is shown in Figure 5, and the average pore size and
porosity of the electrodes are listed in Table 4. The porosity

remains basically unchanged for the positive electrodes but
decreases remarkably for the negative electrodes. Moreover,
the average pore diameters of the negative electrodes are
significantly reduced as aged. Combined with Figure 4 and
relevant reference [32], it can be deduced that the micro-
cracks will accelerate the side reaction between active and

(a) (b) (c)

(d) (e) (f)

Figure 4: SEM images of the positive and negative electrodes for fresh and aged cells. (a) Fresh positive electrode, (b) 1.5 C aged positive
electrode, (c) 2.0 C aged positive electrode, (d) fresh negative electrode, (e) 1.5 C aged negative electrode, and (f) 2.0 C aged negative electrode.
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Figure 5: Pore distribution of the electrodes for fresh and aged cells. (a) Positive electrodes; (b) negative electrodes.
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electrolyte, which is favourable to form the thicker SEI and
other chemicals, and therefore hinder the Li+ insertion and
reduce the pore diameters. However, this phenomenon is less
obvious in the positive electrodes.

It is worth noticing that we have neglected the effect of
electrolyte resistance on the capacity fading in the electrode
analysis part. Firstly, the electrolyte has been consumed fully
when we disassemble the cells and cannot get any droplet for
analysis. Secondly, we have adopted the new electrolyte when
we assemble the coin cells, which hinder the electrolyte effect
resulting in not only the changes of composition but also the
changes of ion conductive ability.

As we know, the resistance of the cells is composed of
three parts and can be expressed as follows:

Rcell = Rpositive/electrolyte + Rnegative/electrolyte + Relectrolyte, 2

where Rpositive/electrolyte is the resistance of the positive
electrodes and its interface resistance with electrolyte,
Rnegative/electrolyte is the resistance of the negative electrodes
and its interface resistance with electrolyte, and Relectrolyte is
only the resistance of the electrolyte.

4. Conclusion

To clarify the fading mechanism about the effect of different
discharge rates on NCA-based 18650 cells, two different
discharge rates (1.5C and 2.0C) were employed and the elec-
trochemical characteristics and morphology changes of the
electrodes were investigated during aged process. The capac-
ity losses for aged cells at both discharge rates are monitored
by the positive electrodes. When the capacity of the cells
deteriorates to 80% of initial capacity, the residual capacity
of NCA is similar, about 86% of the initial capacity at the
0.2C rate. The negative electrodes have enough capacity
balance to the positive electrodes from N/P analysis, even at
the end of life which was defined as 80% of initial capacity.
The difference of capacity fading for aged cells cycled at
1.5C or 2.0C is monitored by the negative electrodes through
EIS and Li+ insertion and deinsertion analysis, showing that
the impedance of the negative electrodes after 2.0C aged is
smaller than that after 1.5C aged. The porosity of the
negative electrodes is decreased as aged, which has blocked
the Li+ insertion and led to the Li metal deposition even
though the negative electrodes have enough balance at the
end of life. The above analysis gives the initial reasons why
the NCA/graphite-based LIB has better cycle life at a 2.0C

discharge rate than at a 1.5C discharge rate, and deeper rea-
sons should be explored in future research.
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Ag-ion-modified titanium nanotube (Ag/TiO2-NT) arrays were designed and fabricated as the electrode material of
supercapacitors for electrochemical energy storage. TiO2 nanotube (NT) arrays were prepared by electrochemical anodic
oxidation and then treated by Ag metal vapor vacuum arc (MEVVA) implantation. The Ag amount was controlled via adjusting
ion implantation parameters. The morphology, crystallinity, and electrochemistry properties of as-obtained Ag/TiO2-NT
electrodes were distinguished based on various characterizations. Compared with different doses of Ag/TiO2-NTs, the electrode
with the dose of 5.0× 1017 ions·cm−2 exhibited much higher electrode capacity and greatly enhanced activity in comparison to
the pure TiO2-NTs. The modified electrode showed a high capacitance of 9324.6mF·cm−3 (86.9mF·g, 1.2mF·cm−2), energy
density of 82.8 μWh·cm−3 (0.8 μWh·g, 0.0103 μWh·cm−2), and power density of 161.0mW·cm−3 (150.4 μW·g, 2.00 μW·cm−2) at
the current density of 0.05mA. Therefore, Ag/TiO2-NTs could act as a feasible electrode material of supercapacitors.

1. Introduction

Nowadays, with the rapid development of science and tech-
nology, the depletion of fossil fuels urges a need for efficient,
clean, and sustainable sources of energy, as well as with the
demand for energy conversion and storage [1–3]. In recent
years, supercapacitors have drawn great attention, mainly
due to their high power and energy density and long lifecycle,
which led to the high-power output and high-energy storage.
The electrode material is one of the most important compo-
nents that govern the overall electrochemical performance of
the supercapacitor. Therefore, the development of high-
performance electrode material is extremely important [4].
The critical problem is the energy density limitation, which
has already hindered its extensive application. Hence, it is
pressing to discover new electrode materials for enhancing
high capacitance.

Aiming to improve the electrode material capacitance,
the design of supercapacitor electrode materials starts with
two aspects to solve the problem. One approach is to prepare
a nanostructure with suitable pore-size distribution and pore

network, which leads to high specific surface area, more
active sites and high rates of ion diffusion, and a low internal
electrical resistance for more efficiency at carrying electronic
charges [5–7]. It would also bring a better electrochemical
and mechanical stability for good cycling performance. It is
crucial to match the size of solvated anions and cations by
tuning the structure of the nanopores [8–10]. Another way
is to design and prepare a composite material, which can
combine the high-capacitance materials with large specific
surface structure materials.

Among a large number of advanced supercapacitor
electrode materials, metal oxides such as titanium oxides
are considered as one of the most promising materials for
the next generation of supercapacitors [11–14]. In general,
metal oxides can provide higher energy density for superca-
pacitors than conventional carbon materials and better elec-
trochemical stability than polymer materials [15]. They not
only store the energy like electrostatic carbon materials but
also exhibit the electrochemical faradaic reactions between
electrode materials and ions within appropriate potential
windows [16–18]. The metal oxides should be electronically
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conductive for the supercapacitor application [19–21]. For
the electrochemical stability, the metal can exist in two or
more oxidation states over a continuous range with no
phase changes, which may involve structure changes to
reduce the stability of electrodes [22–24]. The oxide lattice
also can facilitate the protons intercalating freely into and out
of the oxide during the reduction and oxidation processes,
respectively [25].

TiO2-NTs with vertically oriented nanotube arrays can
provide a direct pathway for electron transport along the
nanotube’s long axis to the substrate [26]. It provides a high
surface area, which also shows excellent chemical stability.
It also enhances the electrocatalytic activity, cycling stability,
and charge rate performance of supercapacitors [27, 28].
Nevertheless, poor capacitive behaviour still limits the use
of TiO2-NTs. Its large bandgap causes a poor efficiency and
low conductivity. Therefore, it is necessary to improve the
conductivity of TiO2. The electrical conductivity of TiO2
electrodes can be achieved in a composite electrode material
by introducing a conductive substance into the oxide [29, 30].

Ag is considered as one of the prospective modified mate-
rials because of its relatively high conductivity. Herein, we
report a composite supercapacitor electrode (Ag/TiO2-NT
arrays) to improve the electric conductivity by introduc-
ing Ag into TiO2-NTs. Therefore, a modified large specific
area and good conductive supercapacitor electrode can be
obtained. The conventional anodization process was used
to prepare TiO2-NTs, and the Ag was induced by ion
implantation method. The morphologies, microstructures,
and electrochemical performances of the Ag/TiO2-NT prod-
ucts were investigated.

2. Materials and Methods

2.1. Materials. All the chemicals used in this study were
analytical reagent grade. Meanwhile, ammonium fluoride
(NH4F) and ethylene glycol (EG) were obtained from
Tianjin Damao Chemical Reagent Factory. Sodium sulfate
(Na2SO4) and ethanol were provided by Guangzhou Chemi-
cal Reagent Factory. The pure titanium foil (99.6% pure),
with a thickness of about 30μm, was purchased from
Guangzhou Zhongyao Metal Technology Co. Ltd. Pure Ag
(99.999% pure) was prepared for ion implantation target.

2.2. Fabrication of Ag/TiO2-NT Arrays. The TiO2-NT arrays
were prepared by two-electrode electrochemical anodic oxi-
dation. Before the anodization, the pure titanium foil was
ultrasonically washed for 10 minutes in acetone, absolute
ethanol, and deionized water. During the anodic oxidation
process, the pretreated Ti foil was used as the anode
and the stainless steel as the cathode, with an electrolyte
which was composed of glycol (98 vol. %), deionized H2O
(2 vol. %), and NH4F (0.3wt. %). The oxidation voltage was
40V, and the anodic oxidation time was 1 h. After that, the
anodized TiO2-NT arrays were treated with Ag-ion implan-
tation with an accelerating voltage of 60 kV and the different
ion implantation dose. Then, Ag/TiO2-NT samples were
obtained by adjusting the implanting doses of 0.5, 1.0, 5.0,
and 10.0× 1017 ions·cm−2.

2.3. Characterization. Morphological observations were
carried on a field-emission scanning electron microscope
(FE-SEM, Zeiss, Oberkochen, Germany) and a field-
emission transmission electron microscope (TEM, JEOL
2100F, Japan). Electrochemical measurements, such as galva-
nostatic charge–discharge (GCD), cyclic voltammetry (CV),
and electrochemical impedance spectroscopy (EIS, 100 kHz
to 0.01Hz), were tested by an electrochemical workstation
(Princeton PARSTAT 4000). The electrochemical perfor-
mance of individual electrodes was tested by a three-
electrode system with a 0.5M Na2SO4 solution serving as
an electrolyte; a platinum electrode and a saturated calomel
electrode (SCE) were used as a counter electrode and refer-
ence electrode, respectively.

3. Results and Discussion

3.1. Effect of Ag-Ion Implantation on the Microstructure
of TiO2-NTs.Modified surface morphologies of Ti fossil after
anodic oxidation and ion implantation with the Ag dose
of 0 ions·cm−2 (pure TiO2-NTs), 0.5×1017 ions·cm−2, 1.0×
1017 ions·cm−2, 5.0×1017 ions·cm−2, and 10.0×1017 ions·cm−2

are shown in Figure 1. As shown in Figures 1(a) and 1(b),
the surface morphology of TiO2-NTs presented as a nano-
tube array structure. And the average inner diameter of
the tube is about 50nm. After Ag-ion implantation, the
surface morphology changed a lot. A net-like surface layer
with uniform pores was formed after the Ag-ion im-
plantation dose of 0.5× 1017 ions·cm−2 (as Figures 1(c) and
1(d) showed). The outermost layers of the NT wall were
destroyed, and partial NT disconnected and reconnected into
a network-like structure. The inside wall of the tube became a
little rougher, which may further increase the surface-specific
surface area. Although the top surface was changed a lot,
it can be seen that the nanotube structure in the whole
length is similar with Figure 1(b) as shown in the section
view in Figure 1(d). Quite different with the surface of
TiO2-NT arrays, the pipe orifices were blocked as shown
in Figures 1(e) and 1(f), which was caused by the partial
TiO2-NTs connected during the heat effect in ion implan-
tation while the Ag-ion implantation dose is up to
1× 1017 ions·cm−2. Besides that, a large number of much
finer pores were generated. It can also be found that the
length of NTs was reduced obviously as shown in the section
view (Figure 1(f)) due to the surface TiO2 wall being involved
in the generation of the new surface. The top nanotubes’
lamellar “gap-” like structure is formed by the heat effect
increased with the ion bombardment. And the bottom sec-
ondary nanotube grew under the action of high temperature.
Therefore, the nanotube narrowed into a closed aperture.
The surface was fully covered by a nanoisland-like structure
as shown in Figure 1(g), when the Ag dose was up to
5.0× 1017 ions·cm−2. Meanwhile, many nanopores were gen-
erated on the wall. Hence, the wall of NTs became much
rougher as shown in Figure 1(h). When the Ag-ion implanta-
tion dose reached 10.0× 1017 ions·cm−2 (Figures 1(i) and
1(j)), some globular particles appeared and distributed near
the top of the nanotubes. It is possible that a part of the nano-
tube was destroyed; a lot of porous debris formed under the
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Figure 1: Continued.
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large number of ion bombardment. The cross-section obser-
vation showed that the wall of NTs became much rougher
than that of the lower Ag dose. And the wall near the surface
almost collapsed under such a high Ag dose. According to the
surface and section analysis, it can be inferred that there were
two opposite processes, a formation growth process by heat
effect and a damage process by high-energy ion bombard-
ment. Therefore, the island-like structure was formed on
the surface occurring with the surface layer growth and
destruction. At the same time, the nanopores have been cre-
ated by ion bombardment damage under high Ag dose. And
it may lead to higher specific surface area. Meanwhile, the
length of the nanotube was further shortened while the Ag
dose increased as shown in Figure S3 in the supplementary
material. It can be inferred that there is a saturated dose by
ion implantation method. When the implantation was
lower than the saturated dose, ions were just injected into
the surface. Meanwhile, a new phase or new structure was
generated by the heat effect and the joining of the new ion.
Once the implantation dose was oversaturated, the matrix
structure may be damaged due to the overheat effect and
excessive ion bombardment.

In order to further investigate the new phase after Ag-ion
implantation, the microstructure of the Ag-ion implantation
dose under 5.0× 1017 ions·cm−2 and 10.0× 1017 ions·cm−2

was also observed by transmission electron microscopy
(TEM), high-resolution TEM (HRTEM), high-angle annular
dark field (HAADF), and energy-dispersive X-ray detector
(EDX). It can be proved that Ag nanoparticles were created
both in this two samples as shown in Figures 2(a) and 2(b).
It can also be found that the spherical particle as marked in
red dotted circular areas is found both in these two samples
as shown in Figures 2(c) and 2(d), which is consistent with
the high-magnification SEM images as shown in Figure S1
in the support information (SI). And the particle sizes in
these two samples are 10–15 nm and 20–35nm, respectively,
which supports that particle size of Ag is increased while the
implantation dose is up to 10.0× 1017 ions·cm−2. Besides
that, it can also be found that the matrix of TiO2-NTs shows
partial amorphous as shown in Figure 2(b) while the dose is

up to 10.0× 1017 ions·cm−2. This is very different with the
crystalline TiO2 in the sample under the dose of 5.0×
1017 ions·cm−2. Besides that, the EDX of these two samples
as shown in Figure 2 in SI shows that the Ag is
homogeneously distributed in the TiO2-NT matrix.

Hence, it can be briefly summarized that there is a
relationship between the structure and Ag implantation
as shown in Figure 3. Firstly, TiO2-NT array structures
were formed on the Ti foil matrix after electrochemical
anodization in a two-electrode system. Then a few
nano-Ag particles were generated, and the surface was
modified under lower Ag dose. While the Ag dose
increased continuously, more Ag particles formed on the
TiO2-NT arrays and the length of the tube was short-
ened. However, the TiO2-NT array matrix was damaged,
and the particle size of Ag increased under the oversatu-
rated Ag dose.

3.2. Effect of Ag/TiO2 Electrode Conductivity by Ion
Implantation. In order to research the conductive properties
of Ag/TiO2 electrodes, the four-point probe resistance meter
method was chosen. Electrode resistivity with different Ag
implantation doses was obtained as shown in Figure 4.
Compared with the unmodified samples, the resistivity of
the sample was decreased significantly with the increase of
ion implantation dose. It can be found that resistivity of the
Ag/TiO2 electrode reduced from 523.7Ω·cm (the unmodified
NTs) to 21.6Ω·cm; the minimum resistivity sample had
a corresponding Ag dose of 5.0× 1017 ions·cm−2. Hence,
it is no doubt that Ag-ion implantation modification can
greatly improve the conductivity especially under the dose
of 5.0× 1017 ions·cm−2. In addition, although the resistivity
increased a bit more when the dose increased to 10.0×
1017 ions·cm−2, it is still much smaller than that of unmodi-
fied samples. Obviously, the slight increased resistivity
may be impacted by the almost blocked and damaged
tubes under the oversaturated dose. Therefore, the appro-
priate Ag dose with smaller particle size and integrated
array structure may contribute to enhance the conductivity
and smoothen the passage of the electronic transmission

(i) (j)

Figure 1: SEM images of Ag/TiO2 electrode at different doses of Ag-ion implantation: top-view of (a) 0 ions·cm−2, (c) 0.5× 1017 ions·cm−2, (e)
1.0× 1017 ions·cm−2, (g) 5.0× 1017 ions·cm−2, and (i) 10.0× 1017 ions·cm−2; side-view of (b) 0 ions·cm−2, (d) 0.5× 1017 ions·cm−2, (f)
1.0× 1017 ions·cm−2, (h) 5.0× 1017 ions·cm−2, and (j) 10.0× 1017 ions·cm−2.
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channel, which can finally improve the conductivity of the
Ag/TiO2-NT electrodes.

3.3. Effect on Ag/TiO2 Electrode Electrochemical Properties
by Ion Implantation. The CV curves of the Ag/TiO2 com-
posite electrode with different Ag ions were obtained at the
sweep speed of 100mV·s−1 as shown in Figure 5. The CV
curve shape of the Ag/TiO2 electrode is rectangular, which
stands for a good capacitor performance. That is because
the improved electrical conductivity is beneficial a lot to the
electrochemical reaction in the process of rapid transmission
and transfer of electric charge. The significantly increased
integral area of the CV curves illustrates the significantly
enhanced electrode electrochemical activity and the effec-
tively improved capacitance. The specific capacitance was
calculated as shown in Figure 6 by CV curves under different
Ag-ion implantation dosages. The electrochemical activity of

the Ag/TiO2 electrode changed with the increase of the Ag-
ion implantation dose. And the variation trend is consistent
with the change of electrode conductivity, which is also
increased with the Ag dose lower than 5.0× 1017 ions·cm−2

and then decreased with the reincreased Ag dose. Therefore,
the Ag/TiO2 electrode with a dose of 5.0× 1017 ions·cm−2

shows the best electrochemical activity while the resistance
rate is the minimum, which is contributed by the appropriate
Ag doping with smaller particle size and smooth passage of
the electronic transmission channel. It can also be found
obviously that the area of the CV curve and the capacitance
is decreased when the dose of Ag ions is 10.0× 1017 ions·cm−2

which is also consistent with the change of resistivity. This
indicates again that the Ag dose of 5.0×1017 ions·cm−2 is the
most suitable dose, which leads to an appropriate Ag doping
and a relatively complete NT array structure. In short, the
above experimental results show that Ag-ion implantation is a

(a) (b)

(c) (d)

Figure 2: HRTEM and TEM bright images of the Ag/TiO2 electrode at different doses of Ag-ion implantation: (a, c) 5.0× 1017 ions·cm−2;
(b, d) 10.0× 1017 ions·cm−2.
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very effective measure to improve the conductivity and electro-
chemical activity of Ag/TiO2 electrodes. And the most appro-
priate Ag dose is 5.0×1017 ions·cm−2 in the presented study.

The charge–discharge curve (GCD curve) in Figure 7
also shows that the electrochemical activity of the elec-
trode is enhanced with the improvement of electrode con-
ductivity, and the charge and discharge performance is
also improved significantly. The Ag/TiO2 electrode GCD
curve shows a good triangular shape (Figure 7) under differ-
ent Ag-ion implantation dosages, when the current density is
0.05mA·cm−2. The curve also has a good linear relationship
between potential and time. It reveals that the electrode
materials have a good coulombic efficiency.With the increase
of the Ag-ion implantation dose, the electrode material needs
a longer discharge time, which indicates that the electrode
material shows a larger capacity to store energy. The ratio
of capacitance can be calculated by the GCD curve as shown

in Figure 8. The electrode without Ag-ion implantation is
only 32.9mF·cm−3 (0.00625mF·cm−2), while the modified
ones are 378.8, 2246.7, 9324.6, and 54.3mF·cm−3 (0.0625,
0.344, 1.156, and 0.00625mF·cm−2, resp.), with the corre-
sponding dose of 0.5× 1017 ions·cm−2, 1.0× 1017 ions·cm−2,
5.0× 1017 ions·cm−2, and 10.0× 1017 ions·cm−2. The specific
capacitance of the 5.0× 1017 ions·cm−2 sample is increased
about 282.4% much more than the untreated one.

In order to further verify the performance of the Ag/TiO2
electrodes with the dose of 5.0× 1017 ions·cm−2, the CV test
was performed at different scanning rates (Figure 9). During
the −0.2~0.6V voltage range, the shape of the CV curve
basically keeps consistent with the increase of the scanning
speed. The Ag/TiO2 electrode CV curves still keep a good
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Figure 3: Schematic illustration for the synthesis process of the Ag-ion implantation on TiO2-NTs.
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rectangular shape with a larger integral area at a high scan
speed (100mV·s−1). The large specific capacitance shows that
the electrode electrochemical performance is improved obvi-
ously after modified ion implantation. With the scanning
speed increased, the specific capacitance of electrode mate-
rials is also decreased. But the specific capacitance remains
at a rate of 69.5% (Figure 10), while the sweep speed from
10 up to 100mV·s−1. It shows that the electrode response
performance to voltage variation is relatively good, and the
electrode owns a good ratio performance.

The GCD curves of the Ag/TiO2 electrode with an Ag
dose of 5.0× 1017 ions·cm−2 at different current densities are
shown in Figure 11. The electrode charge and discharge
curves of the electrode show a good symmetry and linear
properties under different current densities, which means
that the electrode has a high coulombic efficiency. When
the electrode under the given current density at 0.05, 0.1,
and 0.5mA·cm−2, the specific capacitance is 9324.6, 7963.7,
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Figure 6: Relationship between the dose of Ag-ion implantation
and specific capacitance.
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and 5040.3mF·cm−3 (1.156, 0.988, and 0.625mF·cm−2)
(Figure 12), respectively, which remains at a rate of 54.0%.
After the Ag-ion implantation is modified, the conductivity
of the electrode was improved. And the electron can be
quickly transmitted to the TiO2-NTs at a large current charge
and discharge process, in which ratio performance has no
sharp attenuation. The modified electrode owns a good
capacitance characteristic.

An electrochemical impedance test was used to evaluate
the conductivity and ion transfer capacity of the supercapaci-
tor electrode material. The Ag/TiO2 electrode impedance
diagram with the Ag dose of 5.0× 1017 ions·cm−2 is shown
in Figure 13. The semicircle diameter of the high-frequency
zone is small, which indicates that the internal resistance of
the electrode material is very small after the modification of
Ag-ion implantation. The straight line is close to 90° of the
low-frequency area, which shows a better electrode capaci-
tance performance. Nyquist plots in Figure 13 illustrate the

impedance characteristics of the TiO2/Ti and Ag/TiO2/Ti
electrodes in 0.5M Na2SO4 solution. According to the Ran-
dles circuit in Figure 13, the intercept on the real axis repre-
sents the series resistance (Rs); this impedance is contributed
from the contact resistance, bulky electrolyte, and electrode.
The arc arises from the charge-transfer resistance (Rct) at
the electrode/electrolyte interface, whereas Zw represents
the Nernst diffusion impedance corresponding to the dif-
fusion resistance of the redox species. CPE is a constant
phase element, and it is frequently used as a substitute
for capacitors in an equivalent circuit to fit the impedance
behaviour of the electrical double layer. The Rct values of
the TiO2/Ti and Ag/TiO2/Ti electrodes are 310,000 and
74.79Ω·cm2, respectively, whose values can be employed
to assess the charge-transfer ability of the electrodes. A
lower Rct corresponds to facile charge-transfer kinetics
within electrodes; therefore, the Ag/TiO2/Ti electrode has
the highest charge-transfer capacity because of its high
electrical conductivity.

4. Conclusions

In summary, an Ag-ion implantation modification Ag/TiO2-
NT array composite structure has been successfully synthe-
sized via two steps: anodization and ion implantation.
The surface morphology, conductivity, electrochemical
properties under different Ag implantation dose was stud-
ied. An Ag/TiO2 electrode was prepared, and we got the
following conclusions:

(1) The surface morphology of TiO2-NTs had great
changes by Ag-ion-implantation-modifying method.
With different Ag-ion implantation doses, the surface
morphology of Ag/TiO2 electrodes was affected by
the Ag-ion implantation process heating effect on
the growth of the surface film layer and the high-
energy ion bombardment of surface-coating damage
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(2) Ag-ion implantation has great benefit to the
improvement of the Ag/TiO2 electrode conductivity.
When the Ag-ion implantation dose was 5.0×
1017 ions·cm−2, a minimum resistivity (21.6Ω·cm)
was obtained, which had fallen by about 95.8%
compared with the sample without ion implanta-
tion modification.

(3) Ag ions were implanted into TiO2 nanotube array
structures; they can enhance the conductivity and
smoothen the passage of the electronic transmission
channel. When the Ag/TiO2 electrode was charged
at 0.05mA·cm−2, and the implantation dose of Ag
ion was 5.0× 1017 ions·cm−2, the specific capacity of
the electrode could reach up to 9324.6mF·cm−3

(1.156mF·cm−2). The ratio property can reach
54.0% with the current density increased from 0.05
to 0.5mA·cm−2.

Because of the strong synergistic effect between the
Ag-NPs and the TiO2 nanotube array structure in this study,
this high-performance Ag/TiO2 nanotube array structure
electrode material is expected to have potential applications
in electrochemical energy storage devices.
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Mg-based materials are regarded as one of the most promising candidates for hydrogen storage. In order to clarify the relationship
between the structures and properties as well as to understand the reaction and formation mechanisms, it is beneficial to obtain
useful information about the size, morphology, and microstructure of the studied materials. Herein, the use of scanning electron
microscopy (SEM) and transmission electron microscopy (TEM) techniques for the representation of Mg-based hydrogen
storage materials is described. The basic principles of SEM and TEM are presented and the characterizations of the size,
morphology observation, phase and composition determination, and formation and reaction mechanisms clarification of Mg-
based hydrogen storage materials are discussed. The applications of advanced SEM and TEM play significant roles in the
research and development of the next-generation hydrogen storage materials.

1. Introduction

Mg-based materials are thought to be very promising solid
state hydrogen storage systems for mobile or stationary
applications due to its low price, abundant resources, and
high theoretical hydrogenation capacity [1–10]. However,
the challenges of poor kinetics and improper thermodynam-
ics seriously hindered their commercial applications. The sit-
uation of the little practical use of Mg-based hydrogen
storage materials is mainly attributed to the extremely slow
hydrogenation/dehydrogenation reaction, which occurs only
at high temperatures (above 523K). In practice, an activation
process of absorption/desorption also requires a high tem-
perature of about 623K and a hydrogen pressure of 70 atm
without any additives [11]. It is reported that there are several
reasons which may limit the reaction kinetics. The first one is
that the magnesium oxide forms easily on the surface of Mg
when the Mg particles are exposed to air. Moreover, the
formed MgO layer on the surface of Mg would greatly

prevent the contact of Mg and hydrogen molecules and ham-
per hydrogen penetration into the Mg-based materials to
form a metal hydride. Another one is that the dissociation
rate of hydrogen molecules on the metal surface is slow.
Numerous efforts are required to improve the kinetics and
to tailor the thermodynamics in Mg-based materials. To
overcome these drawbacks, different nanoprocessing tech-
niques are adopted to synthesize Mg-based nanomaterials
for hydrogen storage development. These techniques include
ball milling, hydrogen plasma metal reaction (HPMR), cata-
lyzed solution chemical synthesis, and nanoconfinement [8,
12–27]. Particularly, nanoprocessing for the synthesis of
nanosized Mg-based materials has gained more and more
interest because of the need to increase the surface contact
between Mg and hydrogen and to reduce the diffusion
distance for hydrogen in particles and grains [28–30]. More-
over, it is beneficial to represent the microstructures of Mg-
based hydrogen storage materials when researchers want to
figure out the relationship between the structure and
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hydrogen storage performance. Lots of work have been
reported on the study of the nanoscale structural characteri-
zation of a Mg-based hydrogen storage material by TEM
and SEM techniques [31–41]. In some cases, in order to
give direct evidence of the operating mechanisms, in situ
scanning techniques can be used to directly understand the
hydrogen reaction mechanism of MgH2 [42–46]. Here, the
use of conventional electron microscopies as well as in situ
techniques to observe the microstructure information in
Mg-based materials and to understand the formation and
reaction mechanisms during hydrogen storage processes is
described. The main materials discussed in this work include
the following:

(a) Mg and other alloy metal nanoparticles (Ni, Cu, Co,
Fe, and Al) synthesized by a hydrogen plasma metal
reaction method (size measurements, morphology
observation, and correlation study of properties and
microstructure)

(b) Mg50Co50 alloy with a body-centered cubic (bcc) struc-
ture synthesized by ball milling for 100h (size mea-
surements and phase and composition determination)

(c) Mg thin-film sample deposited on a glass substrate by
a sputtering method (size measurements)

(d) Commercial 325mesh Mg from Alfa Aesar (mor-
phology observation)

(e) Mg50Co50 samples ball milled for various durations
(determination of the phase and composition and
understanding the formation mechanism)

(f) TiH2 catalyzed a MgH2 nanocrystallite sample by a
chemical solution synthesis method (phase and
composition determination)

(g) MgH2 and Mg2NiH4 samples from the hydrogena-
tion of Mg and Mg2Ni (in situ observation of hydro-
gen reaction mechanism)

2. Application of SEM and TEM Techniques for
Mg-Based Hydrogen Storage Research

2.1. Size Measurements (Particle Size, Crystallite Size, Etc.).
With the emerging of more and more nanotechnologies in
the development of Mg-based hydrogen storage materials,
it is important to obtain the size information in nanometer
and micrometer scales, so that we may understand more
about the size effect on hydrogen storage properties in these
materials. There have been numerous analytic techniques
for size measurements, such as electronmicroscopy, dynamic
light scattering, X-ray diffraction and scattering, field flow
fractionation, centrifugal liquid sedimentation, and atomic
force microscopy. The TEM technique may provide a two-
dimensional picture of sample particles, which can be used
for the size distribution evaluation in certain area ranges [47].

Figure 1 shows the TEM images of Mg, Ni, Cu, Co, Fe,
and Al nanoparticle samples obtained by a hydrogen plasma
metal reaction method. All of these metal nanoparticles after
HPMR synthesis show a granular structure. The particle sizes

of these nanoparticle samples for various metals are quite dif-
ferent. Mg particles have a much larger size than the others.
The average size of Mg particles is around 300–500 nm, while
the ones for Ni, Cu, Co, Fe, and Al are around 30–50 nm. The
difference is due to the much faster vaporization rate and
higher synthesis rate of Mg than the other metals during
the HPMR synthesis process. The evaporation rate depends
much on the vaporized metals and it is strongly related to
the melting points, boiling points, and saturation vapor pres-
sures of these metals, which influence the size of the synthe-
sized metal nanoparticles [48]. In Figure 1, we can see that
the size and distribution of the particles may be easily
obtained from TEM observation.

Figure 2 presents the SEM image and dark-field TEM
image of the Mg50Co50 alloy with a bcc structure. This alloy
with a metastable feature and unique microstructure was
reported to be able to absorb hydrogen at −15°C, which is
the lowest temperature reported so far for Mg-based mate-
rials to absorb hydrogen [8, 49]. The microstructure informa-
tion of this sample can be obtained by SEM and TEM
observations. From Figure 2(a), we can see that the
Mg50Co50alloy after ball milling has a homogenous particle
size of around 1-2 μm. From the dark-field TEM in
Figure 2(b), we may find some crystallites inside a large par-
ticle of the Mg50Co50 alloy with a size of just a few nm, which
is in agreement with the crystallite size calculated by the
broadening of X-ray diffraction peaks [50–52]. The very fine
particle size of 1-2 μm, the crystallite size of a few nm, and the
bcc nonclose structure are thought to be the main factors of
good kinetics at low temperature. In Figures 2(a) and 2(b),
we can see that SEM focuses on the surface of the sample,
while TEM may see more inside the particle or beyond the
surfaces, which makes it possible to measure particle size by
SEM observation on the surface and obtain crystallite size
inside the particles via transmitted electrons illuminated in
the image.

In Figure 3, we use the SEM technique to obtain the
thickness size of the thin film. This size is needed for
the calculation of thermal diffusivity and thermal conduc-
tivity of thin-film samples. From Figure 3, the boundary of
the Mg film with the glass substrate is clear and it can be
clearly observed that the layer thickness is about 84 nm.
With this value, the thermal diffusivity and thermal con-
ductivity of the Pd-capped Mg thin film are calculated to
be 4.62∗10−5 m2/s and 82.0W/m/K, respectively. When
we compare the thermal conductivity and hydrogen
absorption kinetics with several other Mg-based materials
(325mesh Mg, Mg single crystal (0001), Mg nanoparticles
by HPMR method, and Mg50Co50 bcc alloy) the Mg thin-
film sample is the optimized sample with superior hydro-
gen absorption kinetics and good thermal conductivity. By
SEM observation, the key thickness size of the Mg thin
film is obtained and this makes it possible for the evalua-
tion of thermal physical properties.

2.2. Morphology Observation. Figure 4 compares the observa-
tion results from TEM and SEM techniques. The similar
information obtained by SEM and TEM methods is the size
and shape of the Mg nanoparticles. After hydrogen plasma
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synthesis, the obtained Mg nanoparticles have a size from
tens of nm to a few hundred nm and the average size is
around 300–500 nm. Most of the Mg particles have a

hexagonal structure. The main difference lies in the dimen-
sional information. TEM provides a 2-dimensional image,
while the SEM may provide a 3-dimensional one.

Figure 5 presents the SEM images of two Mg samples.
Figure 5(a) shows commercialized Mg particles with a
mean size of 40–50 μm. Figure 5(b) shows the Mg thin
film deposited on a glass substrate by a direct current
magnetron sputtering technique. The crystallite size of
Mg on the film surface is around 50–100nm. From the
SEM observation in Figure 5(b), the shape of the small
crystal domain is a hexagonal structure, which means
that the thin-film synthesis is along the c-axis since the
basal plane (0001) of a hexagonal close-packed Mg has
the minimum surface energy [54]. Together with the Mg
nanoparticles in Figure 4, we may see that the Mg
samples by different synthesis methods may present quite
a different morphology although both have a hexagonal
structure. The SEM technique offers the possibility to
observe the surface morphology of the samples.

2.3. Phase and Composition Determination. Figure 6 shows
the result of the SEM observation and elemental analysis of
the Mg50Co50 sample milled for just 0.5 h. Milling the

(a)

100 nm

(b)

Figure 2: (a) SEM image and (b) dark-field TEM image of theMg50Co50 alloy with a body-centered cubic structure synthesized by ball milling
for 100 h (reproduced with permission from [50]).

S-5200 5.0 kV ×250k SE 2012/08/30 200 nm

X = 0.4761 𝜇m
Y = 0.0481 𝜇m
D = 0.4835 𝜇m

Substrate

Figure 3: SEM image of the cross-sectional observation of the
Mg thin film on a glass substrate (reproduced with permission
from [50]).

Figure 1: TEM images of different metal nanoparticles synthesized by the hydrogen plasma metal reaction method (Mg, Ni, Cu, Co, Fe, and
Al) (reproduced with permission from [8]).
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mixture sample for 100 h results in the formation of the
Mg50Co50 alloy with a bcc structure. After milling for only
0.5 h, it has mainly two Mg and Co phases, which can be con-
firmed from EDS mapping and X-ray diffraction measure-
ments [49]. When we combine the EDS mapping results
with the SEM image, we can see that the small white color
particles are Co and the large dark ones are Mg. Here it
may demonstrate that through the combination of SE-SEM
and BSE-SEM observations as well as EDS elemental analysis
mapping and X-ray diffraction techniques, a comprehensive
understanding of the phase and composition of the samples
may be acquired.

Figure 7 presents the bright-field TEM image and
electron diffraction of the bcc-structured Mg50Co50 alloy.
In Figure 2, we already discussed that this bcc-structured
Mg50Co50 alloy is uniform in size with a particle size of
a few μm and a crystallite size of a few nm. The XRD
result shows a set of well-broadened reflection peaks [21,
51] and from the broadening, the crystallite size is
calculated to be 1–5nm. In this size, there is no clear
boundary between the nanocrystallite and amorphous
state, and it is difficult to determine the local lattice
structure based on the broadened reflection peaks.
However, the electron diffraction characterization
attached on the TEM equipment may provide some key
information about the lattice structure of the Mg50Co50
alloy after milling for 100 h. After we measured the radii
of the electron diffraction rings in Figure 7(b), it was

found that the radii (R1 to R6) of the diffraction rings
from the inside to the outside agree well with the rule of
(1).

R1
2 R2

2 R3
2 R4

2 R5
2 R6

2 = 1 2 3 4 5 6 1

This unique accordance indicates that the Mg50Co50 alloy
is well indexed as a bcc structure. Here we may see that some-
times, electron diffraction measurements along with SEM
may provide a key local lattice structure of the samples, espe-
cially when the samples are at a scale of several nm.

Figure 8 presents TEM images of a typical MgH2
polycrystalline particle in the MgH2 nanocrystallite
sample by a homogeneously catalyzed solution synthesis
[20, 55, 56]. This particle has a size of 200–300nm and
some catalyzed Ti with an amorphous-like phase or a
crystalline state is confirmed to be located mainly on the
rims of the MgH2 nanocrystals. Figure 8(b) shows one
MgH2 domain with a size of about 50nm. Since the
observation of the TEM images is under a high quality
vacuum, it is necessary to prove that the observed area is
MgH2 and not Mg due to evacuation or MgO from
oxidization. This key information can be provided from
the indexed lattice fringes in Figure 8(c). The three
spacings in Figure 8(c) of 0.25, 0.25, and 0.32 nm are in
good agreement with the distances of (01-1), (110), and
(101) planes of the MgH2 phase, respectively. This also
indicates the electron beam parallel to the (11-1) zone

200 nm

(a) (b)

Figure 4: (a) TEM image and (b) SEM image of Mg nanoparticles synthesized by the HPMR method (reproduced with permission
from [50, 53]).

(a) (b)

Figure 5: SEM images of (a) 325meshMg particles fromAlfa Aesar and (b) top view of theMg thin film on a glass substrate (reproduced with
permission from [50]).
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axis. Here we can see that HR-TEM observation and
lattice fringe indexation may provide some key
information for phase determination in the selected area.

2.4. Understanding the Formation Mechanism. XRD may
provide the phase and composition of the samples. SEM
may present morphology information of the samples, espe-
cially on the surface of the particles. The combination of
SEM and XRD may be very helpful to the understanding of
the evolution mechanism during the synthesis and formation
process. Figures 9 and 10 present the BSE-SEM images and

XRD patterns of the Mg50Co50 samples milled for various
durations from 0.5 to 400 h [49, 51]. From the XRD curves,
we may clarify the formation mechanism of the phases in
the Mg50Co50 samples milled from 0.5 to 400 h, as in (2)
(hcp means hexagonal close packed and fcc means face-
centered cubic).

Mg + Co‐hcp→Mgnano + Conano‐hcp
→Mgnano + Conano‐hcp + Conano‐fcc
→ bcc + Conano‐fcc→ bcc

2

Area Element wt.% at.%

Square 

A

MgK

CoK

8.33

91.67

18.05

81.95

Square 

B

MgK

CoK

80.12

19.88

90.72

9.28

S3400 20.0 kV 9.6 mm ×1.00k BSECOMP 50.0 μm

(a)

(b)

(c)

Figure 6: (a) BSE-SEM image of the Mg50Co50 sample milled for 0.5 h and the EDS mapping of the Mg element (b) and Co element (c). The
inserted table provides the EDS quantitative results of elemental analysis in the selected square areas of A and B in (a) (reproduced with
permission from [49]).

100 nm

(a) (b)

Figure 7: (a) Bright-field TEM image and (b) indexed electron diffraction pattern of the Mg50Co50 alloy with a bcc structure synthesized by
ball milling for 100 h (reproduced with permission from [51]).
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With the combination of the SEM in Figure 9 and the
XRD results, the phase and morphology evolution process
during the milling of Mg50Co50 samples from 0.5 to 400h
can be summarized as follows: firstly, with the beginning
of the ball milling, small Co particles are well dispersed
on the big Mg particles; secondly, large Mg particles are
cracked into small ones and Co particles stick on the sur-
face of Mg particles; thirdly, after around 25 h of milling,
the Co phase with an fcc structure is formed and Co par-
ticles dissolve into the Mg ones; fourthly, particle sizes
continue to decrease and the bcc phase appears after
45 h of milling; and fifthly, after 100 h, only the bcc phase
with a crystallite size of only a few nm remains and the
particles of the Mg50Co50 samples change from irregular
shapes to round ones from further welding during the
milling. The combination of SEM observation and XRD
phase identification may offer an important solution to
the understanding of the formation evolution mechanisms.

2.5. Correlation Study of Properties and Microstructure. It is
well known that the physical and chemical properties of sam-
ples can be greatly affected by the microstructure of the sam-
ples including shape, particle size, size distribution, and
surface morphology, which can be well evaluated by TEM
and SEM techniques. Figure 11 presents the TEM images of
the Mg nanoparticles before and after hydrogen absorption
and desorption processes. Figure 12 demonstrates the first
and second cycles of the hydrogen absorption kinetics of
Mg nanoparticles. We have already discussed the micro-
structure of Mg nanoparticles as prepared by the HPMR
method [8, 50, 53]. In Figure 11(b), we may see that the
hydrogenated sample, MgH2 (Mg hydride), has a very light
and transparent feature compared to the Mg nanoparticles.
This is due to the fact that Mg nanoparticles in Figure 11(a)
are in a metal state, while the MgH2 nanoparticles have a
semiconductor feature. This difference makes the two sam-
ples show different optical characteristics under an electron

50 nm

(a)

10 nm

(b) (c)

Figure 8: TEM images of (a) a typical MgH2 particle in the catalyzed MgH2 nanocrystallite sample, (b) a typical MgH2 nanocrystal area, and
(c) a lattice spacing and orientation indexed area marked in (b) (reproduced with permission [20]).
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S3400 20.0 kV 9.6 mm ×1.00k BSECOMP 50.0 𝜇m

(a)

S3400 20.0 kV 9.3 mm ×1.00k BSECOMP 50.0 𝜇m

(b)

S3400 20.0 kV 9.4 mm ×1.00k BSECOMP 50.0 𝜇m

(c)

S3400 20.0 kV 8.8 mm ×1.00k BSECOMP 50.0 𝜇m

(d)

S3400 20.0 kV 9.0 mm ×1.00k BSECOMP 50.0 𝜇m

(e)

S3400 20.0 kV 8.9 mm ×1.00k BSECOMP 50.0 𝜇m

(f)

S3400 20.0 kV 9.1 mm ×1.00k BSECOMP 50.0 𝜇m

(g)

S3400 20.0 kV 8.8 mm ×1.00k BSECOMP 50.0 𝜇m

(h)

S3400 20.0 kV 8.8 mm ×1.00k BSECOMP 50.0 𝜇m

(i)

S3400 20.0 kV 9.0 mm ×1.00k BSECOMP 50.0 𝜇m

(j)

Figure 9: Continued.
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beam. Actually, this phenomenon is applied for the research
and development of metal hydride-based switchable mirrors
[57–60]. Besides this difference, when we compare the as-
prepared Mg nanoparticles (Figure 11(a)) with the Mg nano-
particles after hydrogen absorption and desorption cycles
(Figure 11(c)), we can see that the sample of Mg nanoparti-
cles after hydrogen storage cycles show broken surfaces and
some sponge-like particles. This is because the particle sur-
faces are cracked due to the entry and exit of hydrogen atoms
during the hydrogen absorption and desorption processes.
This morphology difference is thought to play an important
role in the hydrogen storage properties of the samples.

In Figure 12, we can see from the hydrogen absorption
curves that the Mg nanoparticle sample by the HPMR

method at the first cycle absorbs 7.53wt.% hydrogen in
65min, while it absorbs almost the same amount of hydrogen
at the second and third cycles only after less than 15min
absorption. The Mg nanoparticles had not been subjected
to the activation procedure before the three absorption cycles
discussed in the previous line: this testifies to the superior
hydrogen absorption properties of the nanoparticles pre-
pared by the HPMR method. When we combine the TEM
observation results and the ones with the hydrogen absorp-
tion kinetics together, we may see that the microstructure
change on the surface of the Mg nanoparticles significantly
influences the hydrogen absorption properties of the sam-
ples. This demonstrates that advanced TEM and SEM
microscopy techniques may play essential roles in clarifying
relationships between the properties and microstructures of
the materials.

2.6. In Situ Observation of Hydrogen Reaction Mechanism. In
situ scanning techniques are very helpful to understand the
hydrogenation and dehydrogenation reactions of Mg-based
materials. As a result, direct observations could be obtained
to strongly support other experiments such as DSC and
TG-MS. Nogita et al. [61] studied the dehydrogenation
mechanism of MgH2 in different sizes by in situ TEM. They
reported that the hydrogen release mechanism from bulk
MgH2 with a particle size of 2 μm was based on the growth
of the multiple preexisting Mg grains (crystallite within the
MgH2 matrix in Figure 13(a)) present, which was due to
the difficulty of fully transforming all of the Mg during a
hydrogenation cycle. On the other hand, in thin samples
analogous to nanopowders, dehydrogenation occurs by a
“shrinking core” mechanism as shown in Figure 13(b). In
the case of Mg2NiH4, Tran et al. [62] studied the dehydroge-
nation mechanism of bulk Mg2NiH4 using in situ TEM. It
was found that the dehydrogenation was based on a mecha-
nism of the nucleation and growth of Mg2NiHx (x~0 – 0 3)
solid solution grains and was greatly enhanced in the pres-
ence of crystal defects occurring as a result of the polymor-
phic phase transformation as shown in Figure 13(c). Also
importantly, with atomic resolution TEM imaging, a high
density of stacking faults is identified in the dehydrogenated
Mg2NiHx (x~0 – 0 3) lattices. Zhu et al. [46] adopted the
method of hydriding chemical vapor deposition to synthesize
a single-crystal MgH2 nanofiber. Then, the phase change of

S3400 20.0 kV 9.1 mm ×1.00k BSECOMP 50.0 𝜇m

(k)

S3400 20.0 kV 9.2 mm ×1.00k BSECOMP 50.0 𝜇m

(l)

Figure 9: BSE-SEM images (at a magnification of 1000) of the Mg50Co50 samples milled at the following durations: (a) 0.5 h, (b) 2 h, (c) 5 h,
(d) 10 h, (e) 25 h, (f) 40 h, (g) 50 h, (h) 75 h, (i) 100 h, (j) 200 h, (k) 300 h, and (l) 400 h (reproduced with permission from [49]).
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Figure 10: XRD patterns of the Mg50Co50 samples ball milled for
various durations (0.5 to 400 h) (reproduced with permission
from [49]).
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the as-obtained MgH2 nanofiber in the desorption process
was observed with the in situ TEM. The results indicated that
the orientation relationship between MgH2 and Mg during
the phase change was one of the zone axis of MgH2 (110) par-
allel to the Mg (0001) zone axis, or one of the plane (110) of
MgH2 parallel to the basal plane of Mg (0001). Similar results
were reported by Paik et al. [43].

Besides the pure MgH2 and bulk Mg2NiH4, the catalysts
were also introduced into the MgH2 to investigate the micro-
structural changes by in situ techniques in the

dehydrogenation process. Isobe et al. [42] ball milled the
MgH2 with different amounts of Nb2O5 to study the effects
of Nb2O5 on the desorption of MgH2 by in situ TEM. It
was found that the MgH2 doped by 1mol% Nb2O5 started
at 150°C and then the nanosized Mg was formed, while the
desorption of MgH2 catalyzed with 10mol% started at the
interface between MgH2 and Nb2O5 with the temperature
increasing, which suggested that hydrogen atoms could dif-
fuse from the MgH2 phase to the interface between the
MgH2 and Nb2O5. Similarly, Kim et al. [44] also prepared
the NbF5-doped MgH2 by ball milling and then studied
the microstructural changes in the desorption process of
the as-prepared sample by in situ TEM. Results showed
that the amorphous Nb-F thin layer contacted the MgH2
phase at 25°C, while the amorphous Nb-F layer was trans-
formed to a metallic Nb crystalline layer after complete
desorption at 250°C. Based on the above analysis, the in
situ technique allows researchers to clearly study the
samples in real time under special conditions (such as by
heating or at a certain atmosphere), which may strongly
support other analyses. In a word, the in situ technique
is a powerful strategy to grasp more information from
the samples than traditional microscopy.

3. Summary and Prospects

The utilization of SEM and TEM techniques for characteriz-
ing the size, morphology observation, phase and composition
determination, and formation and reaction mechanisms in
Mg-based hydrogen storage materials fabricated by different
nanoprocessing methods are presented in this paper.
Although the information obtained by SEM and TEM about
the size and shape of Mg-based materials are similar, TEM

200 nm

(a)

200 nm

(b)

200 nm

(c)

Figure 11: TEM images of (a) Mg nanoparticles synthesized by a hydrogen plasma metal reaction method, (b) MgH2 nanoparticles after
hydrogenation of the Mg sample in (a), and (c) the Mg nanoparticle sample after hydrogen absorption and desorption steps (reproduced
with permission [53]).
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provides a 2D image of the particles while SEM may obtain a
3D one. Using the TEMmeasurement, we could easily obtain
the size, size distribution, and average size of various Mg-
based samples. The SEM technique also offers the possibility
to observe the surface morphology. Additionally, we may
well understand the phase, composition, and structure and
formation mechanism of Mg-based hydrogen storage mate-
rials by the combination of different techniques. However,
conventional electron microscopies have challenges com-
pared with in situ scanning techniques when studying the
hydrogen reaction mechanism. A special sample holder
which may transfer samples from the glove box to the
TEM/SEM equipment presents great advantages when it
comes to observing sensitive samples. In situ electron micros-
copy can be allowed to study some changes of the Mg-based
materials in real time under special conditions and in turn
directly verify the hydrogen reaction mechanism. As modern
science moves from studies of structure and ground states to
dynamics and functionalities, electron microscopy will
clearly experience a revolutionary growth in capabilities in
the next decade, from ultrasmall to ultrafast and to multidi-
mensions, which could result in transformative advances in
many fields of science and engineering [63].
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A composite of pyrolytic Triarrhena biochar loading with TiO2 nanoparticles has been synthesized by the sol-gel method. The
composite shows a well-developed hollow mesoporous and macropore structure as characterized by XRD, BET, and SEM.
When used as an absorbent to remove Congo red from aqueous solution, it was found that as-prepared composite performed
better absorption capacity than single biochar or TiO2. The results suggest that biochar loading with TiO2 could be promisingly
implemented as an environmentally friendly and inexpensive adsorbent for Congo red removal from wastewater.

1. Introduction

With the rapid development of global printing and dyeing
industry (PDI) for decades, a variety of dyes are used in knit-
ting silk, cotton, and so on [1–3]. Considerable industrial
wastewater including dyes would have been generated during
the processing of PDI [4–8]. Congo red 1-naphthalenesulfo-
nic acid, 3, 3′-(4, 4′-biphenylenebis (azo) bis (4-amino) diso-
dium salt, as one of the most widely used direct dyes in PDI
for its high chromaticity, is the critical source contamination
of wastewater with high chemical oxygen demand and high
biological toxicity [9–14]. Therefore, it is of great significance
to remove Congo red from aqueous solution.

It has been reported that physical adsorption is the
dominant method for Congo red removal. The materials with
a high-specific surface area and an abundant pore structure
are explored to absorb Congo red to decontaminate indus-
trial wastewater [15, 16]. For instance, activated carbon
(AC), possessing a large specific surface area [17], good envi-
ronmental friendliness [18], and mechanical stability [19], is
a promising material for wastewater treatment [20]. How-
ever, its application is limited by high energy consumption
and large greenhouse gas emissions during an AC prepara-
tion process [21]. Recently, biochar (BC), a precursor of
AC, has attracted many researchers’ attention [22]. It has a

pore structure with a large surface area and good environ-
mental friendliness as well as AC. In addition, BC could usu-
ally be prepared by pyrolysis of biological organic materials
under a moderate temperature with low cost. And pyrolytic
BC could keep the original structure of the rich organic func-
tional group and could be modified easily [23, 24]. When BC
is used as an adsorbent to remove Congo red, its organic
functional group would interact weakly with the organic
molecule of Congo red. Hence, BC might show better
research prospects than AC in terms of waste water puri-
fication, heavy metal ion adsorption, and soil restoration
[24–28]. However, BC mostly exhibits a micropore and
mesoporous structure, which seldom matches Congo red
macromolecule. Therefore, it is necessary to enlarge the
pore size of BC to enhance its absorption capacity.

In this work, TiO2 nanoparticles have been loaded to
modify BC. Nanosized TiO2 is also an excellent adsorbent,
which has been studied in the aspect of pollution absorption
[29]. However, its adsorption capacity is weakened due to the
nature of its easy aggregation. Here, OH in the surface of
TiO2 generated via Ti-R4+ 4H2O ➔Ti(OH)4+ 4R(OH)
would interact weakly with C=O of BC. It is predicted that
the interaction would introduce TiO2 to enter the pore struc-
ture to enlarge the pore size of BC and avoid aggregation of
TiO2 [30]. Therefore, BC loading with TiO2 nanoparticles
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(BC@TiO2) has been synthesized and used as an absorbent to
remove Congo red from aqueous solution. The adsorption
performance of BC@TiO2 composite is expected to be greatly
enhanced due to the synergistic adsorption combination of
TiO2 and BC.

2. Materials and Methods

2.1. Material Preparation. BC was obtained by the pyrolysis
of Triarrhena stalks. Triarrhena with a short growth cycle
is abundant in the south of the Yangtze River. Triarrhena
stalks were collected from Hunan Agricultural University
(Changsha, China) miscanthus resources nursery, washed
in distilled water to remove adhering impurities, and then
chopped into small pieces (1~1.5 cm). Finally, Triarrhena
stalk pieces were heated to obtain BC in the nitrogen atmo-
sphere at different temperatures of 300°C, 400°C, and 500°C,
named as BC-300°C, BC-400°C, and BC-500°C, respectively.

The composite of BC@TiO2 was prepared using the fol-
lowing procedure. Firstly, anhydrous ethanol was taken in a
beaker, and four n-butyl titanates was dripped dropwise
using a burette under magnetic stirring to form yellow clear
solution A. Secondly, solution B was prepared by adding
acetic acid and distilled water into ethanol in another beaker
and then adjust its pH value to 3 by dropping hydrochloric
acid. Thirdly, solution A is slowly dripped into solution B
under magnetic stirring at a water bath of ambient tempera-
ture. Triarrhena BC was added into the mixing solution gel
after finishing dropping and continually stirred at a water bath
of 80°C for half an hour. And then as-prepared gel was dried at
105°C in an oven for 12h. Lastly, the dried materials were
crushed and burned in a nitrogen atmosphere at different
temperatures (300°C, 400°C, and 500°C, resp.) to obtain
BC@TiO2 composite, named as BC@TiO2-300

°C, BC@TiO2-
400°C, and BC@TiO2-500

°C, respectively. For comparison,

TiO2-300
°C, TiO2-400

°C, and TiO2-500
°C were prepared in

the same procedure without BC.

2.2. Microstructural Characterization. The microstructure of
samples was characterized by a Shimadzu X-ray 6000 diffrac-
tometer (XRD) with Cu Kα radiation at 40 kV, 30mA, and a
Supra40 Carl Zeiss scanning electron microscopy (SEM)
coupled with EDS, determining the mapping distribution of
C, O, and Ti. The BET surface area (SBET) and micropore
width were analyzed by the specific surface and aperture ana-
lyzer (Quadrasorb SI series, Quantachrome, USA) using
nitrogen adsorption at 77K.

2.3. Adsorption Measurements. As-prepared BC, TiO2, and
BC@TiO2 were used as adsorbents for Congo red adsorption
study. 0.015 g sample was added into 100mL Erlenmeyer
flasks containing 20mL Congo red (analytical purity, SSS
Reagent Co. Ltd., Shanghai, China), and then Erlenmeyer
flasks were placed on a rotary shaker with 150 rpm at 25°C.
For the adsorption kinetic study, the suspensions were
immediately filtered through a 0.45μm filter at each sam-
pling time and subjected to analyze. Congo red absolute
adsorbed capacity (qe) was calculated by (1) based on mass
balance, while the adsorption efficiency was calculated by
(2). And then the optimum amount of the optimum adsor-
bent was determined under the same conditions.

qe =
C0 − Ce V

m
, 1

p =
C0 − Ce V

C0
× 100%, 2

where C0 (mg·L−1) is referred to the initial Congo red con-
centration, Ce (mg·L−1) is referred to the Congo red concen-
tration at equilibrium, V (L) is the solution volume, and m
(g) is concerned to the weight of the adsorbent.
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Figure 1: The adsorption efficiency of (a) BC and (b) TiO2 synthesized at 300°C, 400°C, and 500°C.
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All adsorption results were calculated from an average of
three independent experimental results, and the maximum
deviations from the average (error bars) were also indicated.

3. Results and Discussion

To determine the optimum temperature of heating treat-
ment, Figure 1 shows the adsorption efficiency of as-
prepared BC and TiO2 prepared at different temperatures
of 300°C, 400°C, and 500°C. It could be revealed that a rapid
initial sorption could be observed during the first 90min and
the adsorption capacity is basically saturated for all BC and
TiO2 samples. In more detail, BC-300°C performs the largest
relative adsorption capacity of 13.56% after about 60min,
while BC-400°C of 10.08% after 60min and BC-500°C after
90min as shown in Figure 1(a). TiO2 performs the same
trend that TiO2-300

°C has the largest relative adsorption effi-
ciency of 83.59%, followed by 52.64% of TiO2-400

°C and
31.89% of TiO2-500

°C. Therefore, it is determined that our
target material could be prepared at the optimum

temperature of 300°C with low energy consumption and
would have excellent adsorption performance.

Figure 2 shows the XRD patterns of BC-300°C, TiO2-
300°C, and BC@TiO2-300

°C. There is a broad diffraction
peak (2θ = 20°~27°) which is attributed to disordered struc-
tures of BC as shown in Figure 2 A. In Figures 2 B and 2 C,
the diffraction peaks at 2θ of 25.36°, 37.91°, 48.16°, 54.05°,
55.20°, 62.86°, 68.97°, 70.48°, and 75.28° belong to (101),
(004), (200), (105), (211), (204), (116), (220), and (215) of
anatase TiO2, respectively (number 01-084-1286). The broad
diffraction peak of C could not be observed because of an
overlapping high crystalline TiO2 peak of (101) in
BC@TiO2-300

°C in Figure 2 C. Compared to Figures 2 B
and 2 C, the diffraction peaks of TiO2 widen and weaken sig-
nificantly. Based on peak profile analysis using a Voigt func-
tion, the grain size of TiO2 is 71.2 nm in BC@TiO2-300

°C,
which is much finer than 87.5 nm in TiO2-300

°C.
Figure 3 shows N2 adsorption-desorption isotherms at

77K on BC-300°C and BC@TiO2-300
°C. It could be observed

obviously that both BC-300°C and BC@TiO2-300
°C have a

hysteresis loop in Figure 3, indicating that all samples have
a pore structure. The hysteresis loop of BC@TiO2-300

°C is
at a higher relative pressure than that of BC-300°C, and the
decline in the desorption of BC@TiO2-300

°C is much sharper
than that of BC-300°C. It should be an indication of mesopo-
rous or macropore in BC@TiO2-300

°C, which would be con-
firmed in Figure 4. Figure 4 shows the corresponding pore
size distribution curve determined from the desorption
branch of the N2 adsorption-desorption isotherms in
Figure 3. BC@TiO2-300

°C exhibits a large average pore diam-
eter of 60 nm and a broad distribution (FWHM=20nm). By
contrast, BC-300°C shows a pore diameter of less than
40nm. Correspondingly, the specific surface area of
BC@TiO2-300

°C was calculated to be 161.5m2/g by the BET
method, larger than 35.0m2/g of BC-300°C. It could be con-
cluded that the pore size of BC is expanded by loading TiO2,
for the reaming effect of TiO2 nanoparticles. Additionally, it
is predicted that nanosized TiO2 could enter a mean pore
diameter of 60 nm in BC@TiO2-300

°C partly.
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Figure 5 shows the SEM images of BC-300°C and
BC@TiO2-300

°C. Figures 5(a) and 5(c) reveal that both BC-
300°C and BC@TiO2-300

°C have a rod shape of groove.
BC@TiO2-300

°C presents a well-developed hollow rod with
dozens of nanometers and TiO2 nanoparticles filled in the
hollow structure partly without obvious aggregation as
shown in Figures 5(c) and 5(d), In contrast, BC-300°Cmostly
shows a micropore rod structure as indicated by arrows in
Figure 5(a), and several micropores could be observed ran-
domly on the rod wall in Figure 5(b). It is evidenced that pore
enlargement of BC has been induced by TiO2 loading, consis-
tent with the result of N2 adsorption-desorption isotherms
analysis. Thus, BC@TiO2-300

°C should perform better
adsorption properties of contaminants than BC-300°C.

Figures 6(a)–6(c) show the element mapping images, and
Figure 6(d) shows the corresponding SEM images of
BC@TiO2-300

°C. The existence and uniform distribution of
Ti and O in BC@TiO2-300

°C composites are disclosed. Com-
bined with EDS spectrum analysis in Table 1, the loading
mass of TiO2 could be calculated about 21%. In addition, it
should be noted that the stoichiometric ratio of O : Ti reaches
5 : 1, much bigger than 2 : 1 in TiO2. It is considered that the
O of the organic functional group of BC@TiO2-300

°C would
contribute to its extra content. As discussed above, the
organic functional group of BC@TiO2 composite would ben-
efit from Congo red removal.

Figure 7 compares the relative adsorption capacity for
BC-300°C, TiO2-300

°C, and BC@TiO2-300
°C. The trend of

adsorption performance for all samples looks like the same,

rising and reaching saturation in the first 60min following
by declining. The saturated adsorption efficiency for
BC@TiO2-300

°C is enhanced significantly, much more effec-
tive than the calculated efficiency of 28.27% by combining
with the absorption capacity of 21% TiO2 (83.59%) and
79% BC (13.56%). It should be attributed to the synergy
effects of physical adsorption in pore-enlarging BC and the
weak interaction between the organic functional group of
BC@TiO2 and the organic molecule of Congo red. Figure 8
presents the specific adsorption capacity versus the mass of
BC@TiO2-300

°C to remove Congo red. It rises the maximum
value of 61.67mg·g−1 when the mass is 0.015 g and then falls
down sharply.

To investigate the synergistic effect variation along with
heating temperature, BC@TiO2 composites have been pre-
pared at 300°C, 400°C, and 500°C. Figure 9 shows the XRD
patterns of BC@TiO2-300

°C, BC@TiO2-400
°C, and

BC@TiO2-500
°C. Consistent with Figure 2, all diffraction

peaks belong to anatase TiO2 (number 01-084-1286), while
the broad diffraction peak of C could not be observed because
of an overlapping high crystalline TiO2 peak of (101). Along
with the temperature increase, the peak intensity increases,
and the FWHM narrows, indicating the grain size of TiO2
gets larger. Calculated by using a Voigt function, the grain
size of BC@TiO2-300

°C, BC@TiO2-400
°C, and BC@TiO2-

500°C is 71.2, 74.3, and 84.3 nm, respectively.
Figure 10 presents the adsorption efficiency of BC@TiO2-

300°C, BC@TiO2-400
°C, and BC@TiO2-500

°C. Different
from the results in Figure 7, the adsorption saturation of

(a) (b)

(c) (d)

Figure 5: SEM images of (a, b) BC-300°C and (c, d) BC@TiO2-300
°C.
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BC, TiO2, and BC@TiO2 reaches at the same time of 60min.
It would be observed that BC@TiO2-300

°C, BC@TiO2-
400°C, and BC@TiO2-500

°C reach the adsorption saturation
at 60, 30, and 90min, respectively. In the analysis with the
results in Figure 1, it would be considered that the grain size
of TiO2 has an impact on the saturated time. Additionally,
the saturated value of BC@TiO2-300

°C, BC@TiO2-400
°C,

and BC@TiO2-500
°C is larger than the same content of BC

and TiO2. It indicates the existence of the synergistic adsorp-
tion effect of BC and TiO2 in all BC@TiO2-300

°C, BC@TiO2-

Table 1: Element content of BC@TiO2-300
°C measured by EDS

spectrum.

wt.% at.%

C 64.44 75.95

O 22.91 20.32

Ti 12.60 3.72

C-K

(a)

Ti-KA

(b)

O-K

(c) (d)

Figure 6: (a–c) Element mapping images and (d) the corresponding SEM image of BC@TiO2-300
°C.
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400°C, and BC@TiO2-500
°C. Among them, BC@TiO2-300

°C
shows the best adsorption performance. It would be con-
cluded that the grain size of TiO2 is smaller, the adsorption
efficiency is higher, but adsorption kinetics is not better.
The influence mechanism of adsorption kinetics for
BC@TiO2 would be further studied.

4. Conclusion

In this work, an effective absorbent of BC@TiO2 composite
has been successfully explored to apply for Congo red
removal from aqueous solution. The well-developed hollow
pore size of Triarrhena BC is enlarged at a great extent by
loading with TiO2. Due to the synergistic adsorption effect
of BC and TiO2, BC@TiO2 shows better adsorption capacity.
It could be concluded that it is significant to adjust accurately

the pore structure of Triarrhena BC, the grain size of TiO2,
and the weakly interaction of the functional group between
TiO2 and BC in order to obtain more excellent adsorption
capacity of BC@TiO2 composites.
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TiVMn and TiCrMn alloys are promising hydrogen storage materials for onboard application due to their high hydrogen
absorption content. However, the traditional synthesis method of melting and continuous necessary heat treatment and
activation process are energy- and time-consuming. There is rarely any report on kinetics improvement and nanoprocessing in
TiVMn- and TiCrMn-based alloys. Here, through ball milling with carbon black as additive, we synthesized face-centered
cubic (FCC) structure TiVMn- and TiCrMn-based nanoalloys with mean particle sizes of around a few to tens of μm and with
the crystallite size just 10 to 13 nm. Differential scanning calorimetry (DSC) measurements under hydrogen atmosphere of the
two obtained TiVMn and TiCrMn nanoalloys show much enhancement on the hydrogen absorption performance. The
mechanism of the property improvement and the difference in the two samples were discussed from microstructure and
morphology aspects. The study here demonstrates a new potential methodology for development of next-generation hydrogen
absorption materials.

1. Introduction

For the realization of hydrogen energy society, it is crucial to
develop low-cost and high-energy density hydrogen storage
technologies and materials [1–5]. In the last decades, numer-
ous types of hydrogen storage materials have been investi-
gated for solid-state onboard storage of hydrogen [6, 7],
for instance, metals and alloys [8–12], complex hydrides
[13–16], chemical compounds [17–19], and carbon-based
absorbents [20, 21]. However, none of these studied systems
could entirely meet the technical requirements set by the
US Department of Energy for onboard storage. Novel ideas
and technologies are needed to develop future hydrogen
storage materials.

Metal-/alloy-based hydrogen storage materials are
thought to be promising candidates due to the good prop-
erties in capacity, kinetics and cycle ability, and so on, and
these materials have presented excellent application perfor-
mance in Ni-metal hydride (Ni-MH) rechargeable batteries
[22–24], with low requirement on hydrogen storage capacity.
However, preceding design and development in traditional

interstitial metal-/alloy-based hydrogen storage materials
suffer from limited capacity, poor kinetics, and lattice volume
expansion. TiVMn- and TiCrMn-based alloys with bcc-Lave
phase structure have been widely investigated for onboard
hydrogen storage development due to the room temperature
working temperature and possibly high hydrogen absorption
capacity (3.5–4.2wt%) [25–33]. However, synthesis of these
alloys, normally by melting method, needs quite harsh condi-
tions, which is also highly energy inefficient. Afterwards, the
obtained alloys need strict conditions for heat treatment and
hydrogen sorption activation processes before it may revers-
ibly absorb and desorb hydrogen. Therefore, the kinetics of
the TiVMn- and TiCrMn-based alloys should be enhanced.
Ball milling technique is one of the most popular synthesis
and downsizing methods to improve the sorption kinetics
for hydrogen storage materials. However, we may hardly find
any reports on synthesis of these two alloys by ball milling
(or mechanical alloying) methods. The reason is that direct
ball milling of the mixture of raw metals of Ti, V, and so on
will result in sticking of the sample to the vessel wall and mill-
ing balls (see Figure S1). Here, we report that TiVMn and
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TiCrMn alloys with fine particle size and uniform
nanostructured crystallite size were obtained through ball
milling with carbon black as additive. Interestingly, these
synthesized alloys are with a FCC structure, which is the first
time to be reported in TiVMn- and TiCrMn-based alloys.
Structure, morphology, and hydrogen storage properties of
the TiVMn- and TiCrMn-based nanoalloys are discussed in
this work.

2. Experimental Details

TiVMn and TiCrMn alloys were synthesized from Ti
(−325 mesh, purity> 99.5%, Alfa Aesar),V (−325 mesh,
purity> 99.5%, Alfa Aesar), and Mn (−325 mesh,
purity> 99.5%, Alfa Aesar) metals and Ti (−325 mesh,
purity> 99.5%, Alfa Aesar),Cr (−200 mesh, purity> 99%,
Alfa Aesar) and Mn (−325 mesh, purity> 99.5%, Alfa Aesar)
metals, respectively, by mechanical alloying method.
Another 10wt% carbon black (Sigma Aldrich) was added as
additive during the milling process. The mechanical alloying
process of these alloys was carried out with a rotation speed
of 600 rpm and a milling duration of 10 h under Ar atmo-
sphere using Fritsch P7 planetary micromiller. For a typical
milling process, 0.5 g mixture of the raw metals with an
atomic ratio of 1 : 1 : 1 and 0.05 g (10wt%) carbon black was
put into a 45ml stainless steel vessel. Ten stainless steel mill-
ing balls with a diameter of 0.7 cm and an average weight of
1.5 g were used. The ball-to-sample ratio was 30 : 1.

The X-ray diffraction (XRD) measurements were carried
outusingaRigakudiffractometer (Ultima IV)withCuKα radi-
ation at a generator voltage of 40 kV and a current of 40mA, to
obtain the phase information of the samples. The analysis of
the microstructure and elemental information was conducted
using scanningelectronmicroscope (SEM) (S3400N,Hitachi).
Itmay investigate samplesbybothsecondary electron (SE)and
backscattered electron (BSE) signals. The SEM apparatus is
attached with an energy-dispersive X-ray spectrometer
(EDS). Differential scanning calorimetry (DSC) measure-
ments under hydrogen atmosphere were carried out to study
the hydrogen absorption properties of the alloys, through a
Rigaku TP-8230 HP apparatus under a constant hydrogen
pressure of 1MPa with a flow rate of 200ml/min.

3. Results and Discussion

From the XRD curves of the ball milled TiVMn-10%C and
TiCrMn-10%C alloys which have been normalized to clearly
present the phase compositions of each sample, we can see
that both of these two reflection patterns are in perfect fitting
with a FCC structure (face-centered cubic, space group: Fm-
3m no. 225), showing 5 reflections of (111), (200), (220),
(311), and (222) at around 37°, 43°, 62°, 75°, and 78°, respec-
tively. There is no obvious diffraction peak from the raw
materials (Ti, V, Mn, and C or Ti, Cr, Mn, and C), which
means the starting metal powders have been transformed
into the new phase. The lattice parameter of the TiVMn alloy
is a = 4 234Å, and the one for the TiCrMn alloy is a =
4 270Å. In Figure 1, we can see that the diffraction peaks
present severe broadening, which indicates a rather fine

nanocrystalline microstructure in these two samples. The
average crystallite sizes of the TiVMn and TiCrMn nanoal-
loys were calculated to be 12.6 nm and 10.4 nm. As we dis-
cussed above, there is rarely any report on nanoprocessing
synthesis of TiVMn- and TiCrMn-based hydrogen storage
materials. Ball milling is the most popular synthesis tech-
nique applied in various hydrogen storage materials to obtain
nanosize samples [34–46]. However, milling of the mixture
of Ti-based materials such as Ti and V powders normally
results in a melted metal state (see Figure S1) and not any
powder sample can be obtained after the milling with a
duration of 2 to 24 hours. Here, through addition of 10wt%
carbon black, we successfully synthesized nanostructured
TiVMn and TiCrMn alloys with very fine nanocrystallite
structures. The specific atomic position of Ti, V, Mn, and C
in the TiVMn alloy with FCC structure (or Ti, Cr, Mn, and
C in TiCrMn alloy), at this moment, is under study.
Recently, we have made some progress and discussion in
the Ti50V50-C alloy sample [47].

Figures 2 and 3 are the SE-SEM and BSE-SEM images of
the TiVMn and TiCrMn nanoalloy samples at different mag-
nifications (400x to 10,000x). From these two figures, we may
see the size and morphology of the two obtained samples
after ball milling synthesis process. From Figures 2(a)
and 2(b), we can see that both of the two samples show uni-
form morphology in a large range (ca. 300 μm× 200 μm).
Figures 2(c) and 2(d) may be more clearly presenting some
difference in the morphology of these two samples. The
TiVMn alloy particles are with a larger size range than the
TiCrMn ones. The particles of TiVMn in Figures 2(c) and
2(e) show a size from a few hundred nm to a few dozen
μm, while the ones for TiCrMn (Figures 2(d) and 2(f)) are
in a size range mainly around 2 to 5μm. This morphology
difference of the synthesized samples in the same milling
conditions is thought to be attributed to the raw composition
of starting metal materials. Ball milling method is a high-
energy operation of repeated welding and fracturing of the
raw mixture samples. In our former studies of Mg-Co-
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Figure 1: X-ray diffraction curves of (a) TiVMn-10%C and (b)
TiCrMn-10%C nanoalloys with a FCC structure after 10 h
mechanical alloying process.
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based materials, no additional composition is needed for the
milling process [45]. However, in the milling process of
TiVMn and TiCrMn from raw metal mixture, some addi-
tives, in this case carbon black, are essential to guarantee
that powder samples can be obtained after 10 h milling.

Figures 2(g) and 2(h) present some detailed morphology with
high magnification for certain sample areas of the TiVMn
and TiCrMn alloys, respectively. Ball milling method has
been widely adopted in synthesis of hydrogen storage mate-
rials in nanostructure [48]. In our previous work, we have

S3400 20.0 kV 10.0 mm × 400 SE 100 �휇m

(a)

S3400 20.0 kV 10.0 mm × 400 SE 100 �휇m

(b)

S3400 20.0 kV 10.0 mm × 1.00 k SE 50.0 �휇m

(c)

S3400 20.0 kV 10.0 mm × 1.00 k SE 50.0 �휇m

(d)

S3400 20.0 kV 10.0 mm × 4.00 k SE 10.0 �휇m

(e)

S3400 20.0 kV 10.0 mm × 4.00 k SE 10.0 �휇m

(f)

S3400 20.0 kV 10.0 mm × 10.0 k SE 5.00 �휇m

(g)

S3400 20.0 kV 10.0 mm × 10.0 k SE 5.00 �휇m

(h)

Figure 2: SE-SEM images of the synthesized TiVMn nanoalloy (a) 400x, (c) 1000x, (e) 4000x, and (g) 10,000x and TiCrMn nanoalloy (b)
400x, (d) 1000x, (f) 4000x, and (h) 10,000x after 10 h milling.
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used ball milling technique to synthesize Mg-based metasta-
ble hydrogen storage alloys and we reported the Mg-Co-
based metastable alloy with body-centered cubic structure
which may absorb hydrogen at −15°C which is the lowest
temperature reported so far for Mg-based material to absorb

hydrogen [5, 45, 49, 50]. SEM as one scanning technique
to obtain morphology of the samples may provide some
key information to understand the formation mechanism
of the obtained alloy from raw metal mixture. In our pre-
vious study [45], we comprehensively investigated the

S3400 20.0 kV 10.0 mm × 400 BSECOMP 100 �휇m

(a)

S3400 20.0 kV 10.0 mm × 400 BSECOMP 100 �휇m

(b)

S3400 20.0 kV 10.0 mm × 1.00 k BSECOMP 50.0 �휇mS3400 20.0 kV 10.0 mm × 400 BSECOMP 100 �휇m

(c)

S3400 20.0 kV 10.0 mm × 1.00 k BSECOMP 50.0 �휇m

(d)

S3400 20.0 kV 10.0 mm × 4.00 k BSECOMP 10.0 �휇m

(e)

S3400 20.0 kV 10.0 mm × 4.00 k BSECOMP 10.0 �휇m

(f)

S3400 20.0 kV 10.0 mm × 10.0 k BSECOMP 5.00 �휇m

(g)
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(h)

Figure 3: BSE-SEM images of the synthesized TiVMn nanoalloy (a) 400x, (c) 1000x, (e) 4000x, and (g) 10,000x and TiCrMn nanoalloy (b)
400x, (d) 1000x, (f) 4000x, and (h) 10,000x after 10 h milling.
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formation evolution process of Mg-Co nanoalloys milled
from 0.5 to 400h.

When we compare Figure 3 with Figure 2, the SE-
SEM images may give us information about the three-
dimensional morphology of the two alloy particle samples,
while the BSE signal ones may be more sensitive in the com-
position difference of the particle surface. For the TiCrMn
alloy in Figures 3(b), 3(d), 3(f), and 3(h), the BSE-SEM
images indicate quite a uniform contrast, which demon-
strates that the surface of the TiCrMn alloy is with quite
a homogenous composition. For the TiVMn sample in
Figures 3(a), 3(c), 3(e), and 3(g), the situation is a little
different with that for the TiCrMn alloy sample. We can
see that there are two domains with a little different con-
trast—the gray area and the white one. In Figure 3(e), we can
also clearly observe some areas with much smaller particle
size compared with the nearby ones (in orange circles).
From XRD analysis, there is only one FCC phase in both
of these two samples. However, the SE-SEM and BSE-SEM
images can tell some obvious difference in particle size and
surface composition.

Figure 4 presents the elemental analysis results of the par-
ticles in the TiVMn and TiCrMn alloy samples. From
Figure 4(b1)–(b4), we may see that after 10 h ball milling,
Ti, Cr, and Mn are homogenously distributed throughout
the TiCrMn sample, which demonstrates that a uniform
compound is formed after the milling process. Carbon black

is introduced as additive for milling assistance of TiVMn and
TiCrMn samples so that it is possible to obtain powder sam-
ples after the milling process, while not the entire sample
sticks to the inner wall of the milling vessel or surface of
the balls. After the milling, C element is also well dispersed
in the sample. Since we cannot detect any C reflection peaks
or amorphous background from XRD or find obvious isolate
C areas by EDSmapping of the sample, we may conclude that
C is in the composition of the FCC structure compound.
From the EDS mapping of the TiVMn sample, again, we
found some difference with the TiCrMn one. Ti and Mn
are homogenously dispersed in the sample, but different with
Cr in the TiCrMn sample, V in the TiVMn sample is not that
uniformly distributed. From Figure 4(a) and Figure 4(a2), we
can see that the smaller particles (less than 10μm) in the
TiVMn sample is much more V rich than the larger ones.
We believe that this difference may contribute to different
hydrogen storage properties of these two samples. It should
be pointed out that it is a universal factor that synthesis by
ball milling will introduce some contamination from milling
vessel/balls to the sample. In our cases, we found that some
Fe element from the milling tools is around 3–8wt%, which
was attributed to the long-time milling process between sam-
ples and stainless steel vessels and milling balls.

Figure 5 presents the high-pressure DSC curves of the
synthesized TiVMn and TiCrMn alloy samples with FCC
structure, under a hydrogen atmosphere of 1MPa. Hydrogen

Ti V

Mn C

S3400 20.0 kV 10.0 mm × 4.00 k SE 10.0 �휇m

(a1) (a2)

(a3) (a4)

(a)

Ti Cr

Mn C

S3400 20.0 kV 10.0 mm × 4.00 k SE 10.0 �휇m

(b1) (b2)

(b3) (b4)

(b)

Figure 4: SE-SEM images of the (a) TiVMn and (b) TiCrMn nanoalloys. EDS mappings of (a1) Ti, (a2) V, (a3) Mn, and (a4) C for the
corresponding TiVMn area in (a) and (b1) Ti, (b2) Cr, (b3) Mn, and (b4) C for the corresponding TiCrMn area in (b).
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pressure DSC is a very simple and essential technique to
test the hydrogen absorption and desorption properties
of samples. A quite small amount sample is enough (around
10mg) to obtain some temperature and hydrogen pressure
information necessary for the absorption and desorption
reactions. The temperature program in Figure 5 was set as
from room temperature to 500°C with a heating rate of
20K/min (red solid line). In Figure 5, we can see that the
TiVMn and TiCrMn nanoalloys may show hydrogen absorp-
tion (exothermic reaction peaks) before 450°C without any
activation process. According to our experiences in study of
hydrogen storage alloys for DSC measurements under
hydrogen atmosphere, especially for metastable alloys with-
out any phase transfer process in the measurement tempera-
ture range, exothermic peaks are attributed to hydrogen
absorption reactions [44–46, 51, 52]. The hydrogenation
peak temperatures under 1MPa hydrogen are 412 and
375°C for the TiVMn and TiCrMn nanoalloys, respectively.
It is worth noting that although the DSC measurement of
samples heated under hydrogen pressure at certain time
and temperature point may be similar with the conditions
of taking hydrogen absorption measurements, it is still quite
different. The reason is that the temperature of the sample at
DSC measurement is under heating and the real temperature
of the sample is increasing at a very high rate (20K/min in
this case). As a result, the peak temperature derived from
the DSC measurements under certain hydrogen pressure
actually is much higher than the one needed for hydrogen
absorption measurements at the same constant temperature.
This means these two alloys may absorb hydrogen at a much
lower temperature than 412°C for TiVMn nanoalloy and
375°C for the TiCrMn one without heat treatment and acti-
vation. When we compare the hydrogen absorption reaction
peaks of these two samples, we can see that although TiCrMn
nanoalloy may absorb hydrogen with a peak temperature at
around 37°C lower than the TiVMn one, the absorption
reaction peak of TiVMn alloy is much larger than the one
from TiCrMn alloy. This means a much larger ratio of the
TiVMn alloy may start to absorb hydrogen than the TiCrMn
one at the corresponding peak temperature. Another essen-
tial point is that the TiVMn sample may start to absorb

hydrogen at around 210°C from the DSC measurement.
This means that in hydrogen absorption under constant
temperature, TiVMn nanoalloy may start the absorption
process at a temperature much lower than 210°C. The dif-
ference in the hydrogen absorption properties of these two
nanoalloy samples is thought to be the V-rich area and
partially smaller particle size in the TiVMn nanoalloy
sample compared to the TiCrMn one, observed from the
SEM characterization techniques.

The TiVMn and TiCrMn alloys synthesized by melting
method have been widely investigated as hydrogen storage
materials [28, 31, 53–58]. The two alloys after melting are
usually with bcc-C14 Lave phase structures, and they may
start to absorb hydrogen after a strict heat treatment at a tem-
perature greater than 600°C and an activation process at high
temperature and high pressure hydrogen atmosphere, which
is quite time- and energy-consuming. So, we may conclude
that via ball milling with carbon black, the obtained TiVMn
and TiCrMn nanoalloy samples with a FCC structure show
much enhanced hydrogen absorption performance than the
TiVMn- and TiCrMn-based alloys obtained by melting
method, implying a novel development methodology of
future hydrogen storage materials.

4. Conclusions

TiVMn and TiCrMn nanoalloys with a FCC structure
(face-centered cubic, space group: Fm-3m no. 225) were
synthesized by ball milling with carbon black as additive.
The lattice parameter and crystallite size of the TiVMn
nanoalloy are a = 4 234Å and 12.6 nm, respectively. The
ones for the TiCrMn alloy are a = 4 270Å and 10.4 nm. The
SE- and BSE-SEM observations at different magnifications
show that the TiVMn alloy particles (a few hundred nm to
a few dozen μm) are with a larger size range than the TiCrMn
ones (mainly 2 to 5μm). In the TiVMn nanoalloy, there
are domains with smaller particle size and V-rich compo-
sition compared with the other area. The morphology and
microstructure differences contribute to the different hydro-
gen absorption properties by DSC measurements under
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hydrogen pressure. The TiVMn nanoalloy and the TiCrMn
one show absorption peaks at 412 and 375°C, respectively.
But the absorption reaction is much stronger and starts at
much lower temperature (210°C) in the TiVMn nanoalloy
than that in the TiCrMn one. This work implies a new devel-
opment methodology of future hydrogen storage materials.
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The effects of ball milling on the hydrogen sorption kinetics and microstructure of Zr
0.8
Ti
0.2
Co have been systematically studied.

Kinetic measurements show that the hydrogenation rate and amount of Zr
0.8
Ti
0.2
Co decrease with increasing the ball milling time.

However, the dehydrogenation rate accelerates as the ball milling time increases. Meanwhile, the disproportionation of Zr
0.8
Ti
0.2
Co

speeds up after ball milling and the disproportionation kinetics is clearly inclined to be linear with time at 500∘C. It is found fromX-
ray powder diffraction (XRD) results that the lattice parameter of Zr

0.8
Ti
0.2
Co gradually decreases from 3.164 Å to 3.153 Å when the

ballmilling time extends from0 h to 8 h,which ismainly responsible for the hydrogen absorption/desorption behaviors. In addition,
scanning electron microscope (SEM) images demonstrate that the morphology of Zr

0.8
Ti
0.2
Co has obviously changed after ball

milling, which is closely related to the hydrogen absorption kinetics. Besides, high-resolution transmission electron microscopy
(HRTEM) images show that a large number of disordered microstructures including amorphous regions and defects exist after
ball milling, which also play an important role in hydrogen sorption performances. This work will provide some insights into the
principles of how to further improve the hydrogen sorption kinetics and disproportionation property of Zr

0.8
Ti
0.2
Co.

1. Introduction

Because of the rapid decrease of fossil fuels and the increas-
ingly serious environmental pollution in recent years, devel-
oping a clean and renewable energy has become an urgent
task for mankind [1]. Under the development of ITER
(InternationalThermonuclear Experimental Reactor), fusion
energy, by burning the fuel of deuterium (D) and tritium (T)
plasma, is regarded as one of the most ideal energy sources
due to its huge energy release, abundant fuel resources, and
low radioactivity [2–4]. In order to ensure the successful
operation of fusion reactors, a viable, highly efficient, safe,
and inexpensive hydrogen isotope storage method for D-T
fuel is very necessary [5, 6].

In ITER, the D-T fuel is recommended to be stored
as metal deuteride and tritide because solid-state hydrogen
isotopes storage offers such advantages as safety, efficiency

(higher bulk hydrogen storage density), and processing
convenience over gas and liquid storage methods [7, 8].
Among several alternative hydrogen storage materials, an
intermetallic compound of ZrCo is proposed as one of the
most suitable candidates for tritium storage according to (1),
since it possesses such excellent properties as low equilibrium
hydrogen pressure and fast hydrogen absorption rate at room
temperature, moderate temperature for hydrogen desorption
to 100 kPa, and desirable features of safety like nonradioac-
tivation, low pyrophoricity, and small volume expansion
during hydrogen sorption cycles [9–14].

2ZrCoH3 ←→ 2ZrCo + 3H2 (1)

However, its serious degradation of hydrogen storage prop-
erties during the hydrogen sorption cycle obstructs its
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wide application, resulting from the concomitant hydrogen-
induced disproportionation reaction that happened above
573Kduring hydrogen sorption process shown as follows[15–
18]:

2ZrCo +H
2
→ ZrH

2
+ ZrCo

2 (2a)

2ZrCoH
3
→ ZrH

2
+ ZrCo

2
+ 2H
2 (2b)

Because of the high thermodynamic stabilities of ZrH
2
and

ZrCo
2
, the disproportionation of ZrCo will cause significant

degradation of hydrogen storage properties during the prac-
tical hydrogen sorption cycles [19].

Recently, many investigations mainly focused on element
substitution have been made to improve the antidispro-
portionation property of ZrCo, which achieved remarkable
progress [20–24]. Compared with other elements, Ti has
been surprisingly found to be the most effective substitution
element for improving the antidisproportionation property
so far. Huang et al. [25] found that the equilibrium hydrogen
desorption pressure of Zr

1−𝑥
Ti
𝑥
Co alloy increases along

with increasing Ti content. In the meantime, hydrogen
sorption cycles do not produce separated ZrCo, TiCo, and
ZrH
2
, suggesting that the antidisproportionation property

of ZrCo alloy is improved by Ti substitution. Zhao et al.
also confirmed that partial substitution of Ti for Zr will
significantly enhance the antidisproportionation property of
ZrCo [26, 27]. Zhang et al. [28] systematically compared the
effects of Ti substitution on the disproportionation behaviors
of ZrCo with Sc, Ni, and Fe elements. It was observed that
Ti has superior effect on suppressing the disproportionation
of ZrCo. Similar result was proved by Kou et al. who
reported that Zr

0.8
Ti
0.2
Co bed had better durability against

disproportionation than ZrCo bed andZr
0.8
Hf
0.2
Co bed [29].

Meanwhile, Jat et al. [30] further investigated the influences
of Ti amount on the disproportionation rate of Zr

1−𝑥
Ti
𝑥
Co

alloy and found the disproportionation decreases in order of
ZrCo > Zr

0.9
Ti
0.1
Co > Zr

0.7
Ti
0.3
Co > Zr

0.8
Ti
0.2
Co.

Although it seems that Ti-substituted ZrCo alloy pos-
sesses the improved antidisproportionation property, the
requirements of practical application still cannot be com-
pletely satisfied due to its stagnant hydrogen sorption kinet-
ics. Zhao et al. [26] reported that the hydrogen absorption
amount and rate of ZrCo decrease with the Ti content
increasing. Moreover, Shmayda et al. [31] and Yoo et al. [32]
showed that the kinetic response of ZrCo for hydrogen sorp-
tion is slower than uranium, which restricts the application
of ZrCo alloy. Therefore, it is of great necessity to further
enhance the hydrogen sorption kinetics of Ti-substituted
ZrCo alloy.

It has extensively shown that mechanical ball milling
is an effective technique for improving the kinetic prop-
erty of hydrogen storage materials [33–36]. However, the
effects of ball milling on the hydrogen sorption kinetics and
microstructure of ZrCo-based alloy have never been investi-
gated. In this paper, we focused on the effects of ball milling
on microstructure and kinetic hydrogen sorption properties
of Zr
0.8
Ti
0.2
Co alloy. Furthermore, because study of kinetics

is clearly beneficial to understanding of mechanism about
hydrogen sorption process [20, 37, 38], kinetic analysis has

also been carried out for disproportionation of Zr
0.8
Ti
0.2
Co

in this work.

2. Experimental

2.1. Sample Preparation and Kinetic Measurements.
Zr
0.8
Ti
0.2
Co powder with particle size of 2∼4mm was pur-

chased from the General Research Institute for Nonferrous
Metals (Beijing, China). The hydrogen sorption behaviors of
the samples were investigated by a Sievert type apparatus.
The detailed activation procedures of Zr

0.8
Ti
0.2
Co were

performed according to [39]. The samples were prepared by
ball milling of Zr

0.8
Ti
0.2
Co powder using a planetary mill at

400 rpm for different time. After ball milling, the samples
were firstly evacuated at 500∘C, and then the hydrogen
absorption measurements of samples were conducted at
100∘C under 0.8 bar H

2
. For each time, about 1 g sample was

loaded in the reactor of the apparatus, and hydrogen pressure
reduction of ∼0.2 bar was achieved for hydrogenation. After
hydrogenation, the hydrogen in the reactor was evacuated
and then the dehydrogenation measurements of samples
were carried out from room temperature to 500∘C with
heating rate of 5∘C/min. After that, the isothermal dispropor-
tionation kinetics was examined at 500∘C for more than
500min. The change of hydrogen pressure (𝑃) as a function
of time was recorded from room temperature to the end of
the isothermal period. During the whole dehydrogenation
process, the initial hydrogen pressure was recorded as
𝑃
0
and the maximum addition of hydrogen pressure was

denoted as 𝑃max. As a result, the hydrogen desorption and
disproportionation of the sample were quantified by formula
as (𝑃 − 𝑃

0
)/𝑃max.

2.2. Structural Characterizations. X-ray powder diffraction
(XRD)methodwas used to characterize the crystal structures
of Zr
0.8
Ti
0.2
Co samples at different states on a DX2700B

diffractometer with Cu Ka radiation, 40 kV, and 30mA. The
XRD patterns were recorded in steps of 0.02∘ (2𝜃) from 20∘
to 90∘ with a constant scanning rate of 0.6 s per step. For
Rietveld refinement of lattice parameters, special XRD data
was obtained by scanning rate of 1.8 s per step.

The morphology of the samples was studied by scan-
ning electron microscope (SEM, Ultra55, CARL ZEISSNTS
GmbH) and the compositional analysis on surface was
carried out using energy dispersive X-ray spectroscopy (EDS,
Inca). Morphological observation inside the particle was
carried out by Helios Nanolab 600i Focused Ion Beam (FIB)
using beam energy of 20 keV and a beam current of 2.8 nA.
The microstructure of the samples was investigated using
high-resolution transmission electron microscopy (HRTEM,
Libra 200, CARL ZEISS IRTS) with an accelerating voltage of
200 kV.

3. Results and Discussion

3.1. Hydrogen Absorption/Desorption Kinetics. Figure 1 rep-
resents the XRD patterns of activated Zr

0.8
Ti
0.2
Co samples

after ball milling for different time. It can be found that
Zr
0.8
Ti
0.2
Co samples still keep ZrCo phase except for trace
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Figure 1: XRD patterns of the activated Zr
0.8
Ti
0.2
Co samples after

ball milling for different time. (i) 0 h; (ii) 2 h; (iii) 4 h; (iv) 6 h; (v)
8 h.
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Figure 2: Hydrogen absorption curves of Zr
0.8
Ti
0.2
Co samples

under 0.8 bar H
2
at 100∘C after ball milling for different time. (i) 0 h;

(ii) 2 h; (iii) 4 h; (iv) 6 h; (v) 8 h.

amount of ZrCo
2
phase, which is identical with previous

researches [26, 27]. Meanwhile, it is clear that the intensities
of ZrCo diffraction peaks decrease and the peaks exhibit
broadened characteristics with increasing ball milling time.
It is suggested that the crystalline structure of ZrCo phase
may be damaged and the average grain size of samples should
decrease during the ball milling process [40].

The hydrogen absorption curves of Zr
0.8
Ti
0.2
Co samples

after ball milling for different time are displayed in Figure 2.
Since the disproportionation reactions of ZrCo alloy shown
as (2a) and (2b) usually take place at high temperature,
the curves in Figure 2 should represent the hydrogenation
reaction shown as (1). Obviously, the hydrogen absorption

amount decreases with increasing ball milling time. The
hydrogenation amount reaches 1.97 wt.% for the sample
without ball milling, whereas the total hydrogen amount of
only 0.50wt.% can be obtained for the sample ball milled for
8 h. Meanwhile, the hydrogen absorption rate also exhibits a
tendency to slow down after ball milling.

The dehydrogenation curves of ball milled Zr
0.8
Ti
0.2
Co

samples after hydrogenation are shown in Figure 3.According
to (2a) and (2b), the disproportionation reaction displayed by
(2b) only happens under high hydrogen pressure. However,
the hydrogen pressure is lower than 1 bar in this study.There-
fore, the disproportionation of Zr

0.8
Ti
0.2
Co sample only takes

place according (2a) in this work, which causes the reduction
in hydrogen pressure. As a result, thewhole hydrogen desorp-
tion curve in Figure 3 can be divided into two stages, respec-
tively, belonging to the temperature programmed dehydro-
genation process (Figure 3(b)) and the disproportionation
process (Figure 3(c)). It can be observed from the first stage
that the hydrogen desorption rate is enhancedwith increasing
ball milling time, which is beneficial to practical application
of ZrCo-based alloy. The second stage substantially repre-
sents an isothermal disproportionation process at 500∘C. It
can be seen that the disproportionation extent is very slight
and the disproportionation rate is slow for all samples at
500∘C, which is very close to the result reported by Zhang
et al. [28]. Nevertheless, it is readily discernible that the
disproportionation rate and extent monotonously grow with
increasing ball milling time. These results suggest that not
only the dehydrogenation rate but also the disproportiona-
tion rate of Zr

0.8
Ti
0.2
Co can be quickened by ball milling, the

mechanism of which will be specifically discussed below.
Figure 4 demonstrates XRD patterns of the ball milled

Zr
0.8
Ti
0.2
Co samples after disproportionation shown in Fig-

ure 3. It can be seen that the diffraction peaks corre-
sponding to ZrCo phase are clearly present in all samples,
though the intensity of ZrCo peaks decreases slightly with
increasing ball milling time. The existence of major phase of
ZrCo illustrates that the dehydrogenation mainly proceeds
according to (1). In addition, the weak diffraction peaks
of disproportionation products including ZrH

2
and ZrCo

2

can be carefully observed, indicating the disproportionation
extent of Zr

0.8
Ti
0.2
Co sample should be small. The intensity

of diffraction peaks for ZrH
2
and ZrCo

2
is well in agreement

with the disproportionation behaviors displayed in Figure 3,
which shows minor reduction in hydrogen pressure.

3.2. Structural Characterization and Kinetic Mechanism.
From the results above, it can be found that the hydro-
gen desorption kinetics and disproportionation kinetics of
Zr
0.8
Ti
0.2
Co become faster, while the hydrogenation kinetics

is restrained by ball milling. To comprehend these kinetic
behaviors, detailed structural characterizations were per-
formed. Firstly, the phase structure variation after ballmilling
has been investigated. To determine the lattice parameters of
Zr
0.8
Ti
0.2
Co samples as accurately as possible, special XRD

experiments have been performed to obtain strong diffrac-
tion signal by increasing the scanning time. According to
the XRD results, the lattice parameters of the samples have
been calculated by Rietveld refinement of XRD data via Jade
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Figure 3: Dehydrogenation curves (a), enlarged dehydrogenation curves (b), and enlarged disproportionation curves (c) of Zr
0.8
Ti
0.2
Co

samples ball milled for different time. (i) 0 h; (ii) 2 h; (iii) 4 h; (iv) 6 h; (v) 8 h.

6.0 software. The representative Rietveld refinement pattern
of Zr
0.8
Ti
0.2
Co sample is shown in Figure 5. The refinement

result shows that the crystal structure of Zr
0.8
Ti
0.2
Co sample

without ball milling is CsCl-type cubic (bcc) with lattice
parameter 𝑎 = 3.1638 Å, which is in good agreement with
other study [28]. According to the specific Rietveld refine-
ment results as displayed in Table 1, the lattice parameter and
cell volume of Zr

0.8
Ti
0.2
Co sample slightly and continuously

decrease with increasing ball milling time, which may be
probably attributed to cumulative plastic deformation and
microstrain in the crystal lattice during the ball milling

process [33, 40]. In viewof the variation of lattice parameter, it
is easy to understand the kinetic performances of Zr

0.8
Ti
0.2
Co

after ball milling.When the lattice parameter and cell volume
become smaller, the occupancy of H atom in interstitial
sites will become more difficult but release of H atom from
interstitial sites will be easier [41]. Hence, it is observed
that hydrogen absorption kinetics decreases but hydrogen
desorption kinetics increases for Zr

0.8
Ti
0.2
Cowith increasing

ball milling time.
To investigate the morphologies of ball milled

Zr
0.8
Ti
0.2
Co samples, SEM analysis has been performed and
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Table 1: Rietveld refinement results of XRD patterns of Zr
0.8
Ti
0.2
Co samples after ball milling for different time.

System Ball milling
time/hour Space group Lattice parameters of major constituent

phase (ZrCo phase)/Å
Cell volume of major constituent

phase (ZrCo phase)/Å3

ZrCo [13] 0 Pm-3m 3.1957 32.64

Zr
0.8
Ti
0.2
Co

0

Pm-3m

3.1638 31.67
2 3.1587 31.55
4 3.1574 31.48
6 3.1555 31.42
8 3.1534 31.35
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Figure 4: XRD patterns of the ball milled Zr
0.8
Ti
0.2
Co samples after

disproportionation. (i) 0 h; (ii) 2 h; (iii) 4 h; (iv) 6 h; (v) 8 h.

the results are shown in Figure 6. After ball milling, the mor-
phologies of Zr

0.8
Ti
0.2
Co sample tend to be small particles

from initial chip. Meanwhile, the particle size gradually
decreases with increasing the ball milling time. Besides, as
the ball milling time increases, the agglomeration of parti-
cles is distinctly reduced and the particles become more dis-
persive.

Furthermore, in order to closely observe the surface of
the samples, the SEM images of the ball milled Zr

0.8
Ti
0.2
Co

samples at magnification of 10000x were obtained, as shown
in Figure 7. A lot of chips and sharp edges are observed
for the sample without ball milling. However, the sharp
edges can hardly be observed on the surface of ball milled
Zr
0.8
Ti
0.2
Co sample, which should be caused by deformation

and compaction during the ball milling process. It is well
known that the edges are apt to break off and fresh surfacewill
emerge in the process of hydrogenation [42, 43], which is ben-
eficial to enhancement of hydrogen absorption. Moreover, as
a direct and fast diffusion path of hydrogen, the edges are
also beneficial to fast hydrogen absorption [44]. Hence, the
change in morphology is mainly responsible for the decrease

(100) (110) (111) (200) (210) (211) (220)
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Figure 5: Rietveld refinement of X-ray diffraction pattern of
Zr
0.8
Ti
0.2
Co sample without ball milling.

of hydrogen absorption kinetics for Zr
0.8
Ti
0.2
Co samples after

ball milling.
In order to analyze the composition of the sample surface,

two representative EDS spectrums of every sample over the
surface were obtained, as shown in Figure 8. The detailed
elemental contents for every sample are listed in Table 2. It is
interesting to discover that the existence of Fe element on the
surface of particles is detected for all ball milled Zr

0.8
Ti
0.2
Co

samples.This suggests that the Fe element may be brought by
steel milling vessel and balls during the ball milling process
[38]. It has been reported that the disproportionation of
ZrCo will be accelerated after doping Fe [22, 28]. Hence, it
is reasonable to believe that faster disproportionation rate
of ball milled Zr

0.8
Ti
0.2
Co samples has direct correlation

with the introduced Fe element on the surface of particles.
Besides, it can be found that the average atom ratio of (Zr
+ Ti)/(Co + Fe) for the selected regions decreases gradually
from 0.89 to 0.66 when the ball milling time extends from
0 h to 8 h. As previous studies proved, when the average atom
ratio of Zr : Co is much closer to 0.5 (1 : 2), the elemental
recombination of ZrCo

2
phase will be facilitated during

the disproportionation process [45, 46]. Consequently,
disproportionation of ZrCo is aggravated. Due to the
analogical feature of group element, the substitution element
of Ti and introduced Fe can, respectively, be included in Zr
and Co. As a result, the gradual decrease of (Zr + Ti)/(Co +
Fe) from 0.89 to 0.66 may be another reason that aggravates
the disproportionation of Zr

0.8
Ti
0.2
Co sample by increasing

ball milling time, as shown in Figure 3.
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(a) (b)

(c) (d)

(e)

Figure 6: SEM images of the Zr
0.8
Ti
0.2
Co samples ball milled for different time. (a) 0 h; (b) 2 h; (c) 4 h; (d) 6 h; (e) 8 h.

In order to further characterize the microstructure, the
TEM analysis for Zr

0.8
Ti
0.2
Co samples ball milled for 8 h has

been employed and the results are shown in Figure 9. Figures
9(b) and 9(c), respectively, show enlarged TEM images and
corresponding SAED patterns of zones 1 and 2 in Figure 9(a).
It can be found from the SAED patterns that the Zr

0.8
Ti
0.2
Co

particle ball milled for 8 h is comprised of not only poly-
crystalline regions but also a number of amorphous regions.
In accordance with PDF number 030657272, the interplanar
distances of 0.218 nm, 0.218 nm, and 0.219 nm in Figure 9(b)
all correspond to {110} planes of Zr

0.8
Ti
0.2
Co. According to

Figure 5, the interplanar distance of {110} should be 0.224 nm
for Zr

0.8
Ti
0.2
Co sample without ball milling. It is clear that

the interplanar distance of {110} has been shortened to be
about 0.218 nm after ball milling for 8 h. It is suggested that

the lattice parameter of Zr
0.8
Ti
0.2
Co sample was decreased

after ball milling, which is in good agreement with the
Rietveld refinement results of XRD. Moreover, a number of
amorphous regions (over yellow line) are clearly observed in
Figure 9(c). Meanwhile, a large number of defects including
dislocations and grain boundaries (around green line) are
widely observed, which provide a possible explanation for
the broadened XRD patterns shown in Figure 1. As well
known, these disordered microstructures mentioned above
are favorable for H atom diffusion instead of occupation [38,
47]. Therefore, the reduction of the hydrogenation amount
and enhancement of the dehydrogenation rate for ball milled
Zr
0.8
Ti
0.2
Co samples are probably resulting from the dis-

ordered microstructures produced during the ball milling
process.
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Figure 7: SEM images of the Zr
0.8
Ti
0.2
Co samples after ball milling for different time at magnification of 10000x. (a) 0 h; (b) 2 h; (c) 4 h; (d)

6 h; (e) 8 h.

3.3. Kinetic Model Analysis. In order to further understand
the disproportionation kinetic mechanism, the kinetic analy-
sis of disproportionation has been performed for ball milled
Zr
0.8
Ti
0.2
Co. Usually, the relationship between the reacted

fraction and reaction time is linear for surface reaction con-
trolled step [48, 49]. According to Figure 3, it can been found
that the disproportionation curves of all Zr

0.8
Ti
0.2
Co samples

should just represent the initial stage of whole dispropor-
tionation and the reaction equilibrium has not been reached
within 450min at 500∘C. Moreover, the disproportionation
kinetics of all Zr

0.8
Ti
0.2
Co samples in this stage is clearly

inclined to be linear.Thus, the isothermal disproportionation
data of Zr

0.8
Ti
0.2
Co sample after ballmilling for different time

has been linearly fitted, as shown in Figure 10. It can be seen
from the fitting results that the disproportionation kinetics of

Zr
0.8
Ti
0.2
Co samples is much closer to linear with increasing

the ball milling time. Meanwhile, the slope of fitted line is
slightly decreased, corresponding to the slight aggravation of
disproportionation rate. The well-fitted linear results suggest
that the disproportionation stage of Zr

0.8
Ti
0.2
Co samples

curved by Figure 3 should be a surface reaction controlled
step.

Based on the results of microstructure and kinetic analy-
sis above, some useful insights can be obtained into themech-
anism of hydrogen sorption reaction and disproportionation
reaction for ball milled Zr

0.8
Ti
0.2
Co samples. The effects

of ball milling on the hydrogen sorption and dispropor-
tionation behaviors of Zr

0.8
Ti
0.2
Co sample can be deduced

from the changedmicrostructure including lattice parameter,
morphology, elemental composition, and crystal defects. For



8 Scanning

Element Weight% Atomic%
Ti K 1.23 9.73
Co K 8.08 52.01
Zr L 9.20 38.26
Total 18.51

Element Weight% Atomic%
Ti K 1.04 10.43
Co K 6.67 54.28
Zr L 6.71 35.30
Total 14.42

Ti
Ti

TiZr

Zr

Co
Co

Co

Spectrum 9

1 2 3 4 5 6 7 8 9
(keV)

Full scale 376cts Cursor: 0.000

(a1)

200 m Electron Image 1

(a2)

200 m Electron Image 1

Ti
Ti

Ti

Zr

Zr

Co Co

Co

1 2 3 4 5 6 7 8 9
(keV)

cts Cursor: 0.000

Spectrum 10

Full scale 376

(a)

(b1) (b2)

Element Weight% Atomic%
Ti K 1.09 8.40
Fe K 1.60 10.58
Co K 7.09 44.56
Zr L 8.98 36.47
Total 18.76

Element Weight% Atomic%
Ti K 0.45 7.77
Fe K 0.79 11.71
Co K 3.30 46.27
Zr L 3.79 34.26
Total 8.33

Ti

Fe

Zr

Zr

Co

Ti
Ti Fe

Fe

Co

Co

Ti
Ti

Fe Fe

Fe

Zr

Co Co

Co

Spectrum 8

1 2 3 4 5 6 7 8 9
(keV)

Full scale 376cts Cursor: 0.000

Spectrum 66

0 2 4 6 8 10 12 14 16
(keV)

Full scale 172cts Cursor: 5.390 (5 cts)

100 m 700 mElectron Image 1 Electron Image 1

(b)

(c1) (c2)

Element Weight% Atomic%
Ti K 0.33 8.06
Fe K 0.55 11.60
Co K 2.40 47.85
Zr L 2.53 32.49
Total 5.81

Element Weight% Atomic%
Ti K 1.18 9.26
Fe K 1.65 11.11
Co K 6.92 44.30
Zr L 8.55 35.34
Total 18.30

Ti

TiFe

Fe

Fe

Zr

Co
Co

CoTi
Ti

Ti

Fe

Fe

Fe

Zr

Zr

Co
Co

Co

Spectrum 6

1 2 3 4 5 6 7 8 9
(keV)

Full scale 376cts Cursor: 0.000

Spectrum 69

0 2 4 6 8 10 12 14 16
(keV)

Full scale 110cts Cursor: 5.390 (4 cts)

100 m 700 mElectron Image 1 Electron Image 1

(c)

Figure 8: Continued.
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Figure 8: EDS results of the Zr
0.8
Ti
0.2
Co samples after ball milling for different time. (a) 0 h; (b) 2 h; (c) 4 h; (d) 6 h; (e) 8 h.

hydrogen sorption reaction, it can be found that ball milling
shows negative effect on the hydrogen absorption rate of
Zr
0.8
Ti
0.2
Co sample, which is different from the commonly

positive effects of ball milling on hydrogen storage materials
in many studies. The negative effects of ball milling may be
resulting from three aspects: (1) the decreased cell volume
makes the entering of hydrogen atom into interstitial site in
lattice more difficult; (2) the missing sharp edges of particles
cut the paths for fast transfer of hydrogen; (3) the increased
disorderliness of microstructure goes against the occupation
of hydrogen. As a result, it was observed that the hydrogen
absorption rate and amount of Zr

0.8
Ti
0.2
Co sample were

decreased by increasing ball milling. On the other hand, it
can be found that the ball milling plays a positive role in
hydrogen desorption rate. The positive effects of ball milling

may be derived from three points: (1) the decreased cell
volume results in the fact that H atoms begin to be less-stable
in the crystal lattice and are inclined to leave from crystal
interstitial sites; (2) the introduced Fe on the surface may act
as catalysts for hydrogen dissociation [50]; (3) the produced
lattice defects like dislocations and grain boundaries possibly
act as a pathway for hydrogen transportation during dehydro-
genation [51, 52]. Consequently, it was seen that the hydrogen
desorption rate was increased by ball milling.

For disproportionation reaction, it is found the dispro-
portionation rate of Zr

0.8
Ti
0.2
Co sample was exacerbated

by ball milling. According to the kinetic analysis, the dis-
proportionation stage of Zr

0.8
Ti
0.2
Co in this work should

be a surface reaction controlled step, indicating that the
surface state is very important for the disproportionation.
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Figure 9: TEM analysis of Zr
0.8
Ti
0.2
Co sample for ball milled for 8 h. (a) Low-magnification image of particle; (b) high-resolution image of

peripheral zone 1 in (a); (c) high-resolution image of peripheral zone 2 in (a).

Table 2: EDS results of elemental composition for selected regions of Zr
0.8
Ti
0.2
Co samples after ball milling for different time.

ZrCo samples Selected region Zr (atomic%) Ti (atomic%) Co (atomic%) Fe (atomic%) (Zr + Ti)/(Co + Fe)

BM 0h
1# 38.26 9.73 52.01
2# 38.49 7.48 54.04

Average 38.38 8.61 53.03 0.89

BM 2h
1# 36.47 8.40 44.56 10.58
2# 34.26 7.77 46.27 11.71

Average 35.37 8.09 45.42 11.15 0.77

BM 4h
1# 35.34 9.26 44.3 11.11
2# 32.49 8.06 47.85 11.60

Average 33.92 8.66 46.08 11.36 0.74

BM 6h
1# 37.43 8.71 45.97 7.90
2# 28.83 7.2 56.89 7.08

Average 33.13 7.96 51.43 7.49 0.70

BM 8h
1# 32.78 8.37 49.28 9.58
2# 29.61 8.52 52.36 9.51

Average 31.20 8.45 50.82 9.55 0.66
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Figure 10:The linear fitting results of disproportionation kinetics for Zr
0.8
Ti
0.2
Co samples after ball milling for different time. (a) 0 h; (b) 2 h;

(c) 4 h; (d) 6 h; (e) 8 h.

As mentioned in the analysis of EDS results, Fe element was
introduced during the ball milling process on the surface of
Zr
0.8
Ti
0.2
Co particles, resulting in the gradual decrease of

(Zr + Ti)/(Co + Fe). This possibly facilitates the elemental
recombination of ZrCo

2
phase. So, it is observed that the ball

milled Zr
0.8
Ti
0.2
Co owns faster disproportionation kinetics.

On the other hand, it is found from the microstructure
that considerable crystal defects and strain energy were
formed after ball milling, especially on the surface. It is
well known that the crystal defects and strain energy will
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facilitate the transfer process of hydrogen atoms during
hydrogen sorption reaction, which may be also beneficial
for promoting the transfer of hydrogen atom from ZrCo to
form ZrH

2
. Consequently, it is observed that the rate of the

initial disproportionation stage for Zr
0.8
Ti
0.2
Co is enhanced

by ball milling. In conclusion, if Zr
0.8
Ti
0.2
Co is expected to

not only own fast hydrogen sorption kinetics but also have
good antidisproportionation, it may be a good way to prepare
Zr
0.8
Ti
0.2
Co as fine powder with smaller lattice parameter,

uniform element distribution, and orderly microstructure
and without impurity.

4. Conclusion

In summary, the effects of ball milling on the hydrogen sorp-
tion properties and microstructure of Zr

0.8
Ti
0.2
Co have been

investigated systematically. Experimental results show that
hydrogen absorption kinetics of Zr

0.8
Ti
0.2
Co decreases and

the hydrogen desorption kinetics accelerates with increasing
the ball milling time. Meanwhile, the disproportionation rate
of Zr
0.8
Ti
0.2
Co is aggravated after ball milling. Characteriza-

tions of microstructure reveal that the variation of hydrogen
sorption kinetics for Zr

0.8
Ti
0.2
Co after ball milling is mainly

resulting from the changed microstructure including lattice
parameter, morphology, elemental composition, and crystal
defects. Kinetic analysis reveals that the initial stage of dis-
proportionation for Zr

0.8
Ti
0.2
Co is a surface step controlled

reaction. And the slight aggravation of disproportionation
rate may be attributed to the introduced Fe on the surface of
particles and the crystal defects together with strain energy
after ball milling.
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Open-framework chalcogenides are potential electrode materials for sodium-ion batteries (SIBs) due to their architectures
with fast-ion conductivity. Herein, we report on the successful synthesis of open-framework Cu-Ge-based chalcogenides
[Cu
8
Ge
6
Se
19
](C
5
H
12
N)
6
(CGSe) and the research of their energy storage application as SIB anodes for the first time. As a result,

the CGSe anode exhibited good electrochemical performances such as high reversible capacity (463.3mAh g−1), excellent rate
performance, and considerable cycling stability. Our exploration not only develops a promising electrode material for SIBs, but
also extends the application of open-framework chalcogenides.

1. Introduction

Because of the identical fundamental principles, sodium-
ion batteries (SIBs) are considered to be one of the most
potential substitutes for lithium-ion batteries (LIBs) [1, 2].
Moreover, SIBsmight become competitive with LIBs in large-
scale storage applications owing to the abundance of sodium
and shortage of lithium in the earth [3]. Unfortunately,
comparedwith lithium ions (0.76 Å), the larger ionic radius of
sodium ions (1.02 Å) is a big hurdle for intercalation reaction
with anode materials [4]. For example, the commercial
graphite delivers a sodiation capacity of less than 35mAh g−1,
which is several times lower than that of lithiation capacity
(372mAh g−1) [5]. It is worth celebrating that the anodemate-
rials with alloying reaction and conversion reaction mech-
anism exhibit high specific capacity for SIBs, such as Si, Ge,
Sn, Sb, P and their compounds [6–9]. Ge has been found to
alloy with Na at room temperature to formNaGewith a theo-
retical capacity of 369mAh g−1 [10].However, due to the slug-
gish bulk diffusion of Na ions, elemental Ge delivered high
specific capacities only in thin film and amorphous struc-
tures, and the Na-ion storage properties of coarser structures

remain limited [11–13]. Furthermore, the serious volumetric
variation of Ge during the alloying and dealloying process
will lead to fast decay of specific capacity. The preparation
of compounds has been applied to overcome the above
problems and improve the electrochemical performances of
Ge-based anode materials. In recent years, the inorganic Ge-
based compounds (such as GeO

2
/reduced graphene oxide

(RGO), GeP
5
/C, Zn

2
GeO
4
/RGO, and ZnGeP

2
/C) have been

proposed as anode materials for SIBs and have shown stable
cycle property and high rate capability [14–17]. Nevertheless,
the nanosize particles of these materials as well as the
introduction of RGO or C in Ge-based compounds usually
aggravate the side reaction with electrolyte and decrease the
volume energy density of SIBs. Therefore, it is essential to
search novel strategies to enhance the bulk Na ions diffusion
and suppress the volume expansion during sodiation of Ge-
based anode materials.

Open-framework chalcogenides have aroused intensive
interest in visible-light photocatalysis over the past few
decades because these materials can integrate porosity with
semiconductivity [18]. More importantly, the open-frame-
work chalcogenides with characteristics of three dimensional
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(3D) ion migration channels, high porosity, and high anionic
framework polarizability have long been recognized as
potential fast-ion conductors, which can be used as elec-
trodes or electrolytes in secondary batteries [19]. The
Ca-Li-In-S quaternary open-framework chalcogenides with
the highest specific conductivity of 0.15Ω−1 cm−1 at 27∘C
under 100% relative humidity have been reported by
Zheng et al. [20]. Recently, the crystalline chalcogenide
(H
3
O)(enH

2
)Cu
8
Sn
3
S
12
with frame structure has been inves-

tigated as anode material in lithium-ion batteries and exhib-
ited a high initial reversible capacity of 870.3mAh g−1 [21].
However, the electrochemical behavior of this family ofmate-
rials for SIBs has not been reported. Lately, a Cu-Ge-S open-
framework chalcogenide with 3D channels has been reported
[22]. The cylindrical channel along the 𝑐-axis showed a
diameter of 16.4 Å, which provided huge space for Na ions
diffusion. Furthermore, the large Cu+ to Ge4+ ratio (Cu/Ge
= 1.6) made this chalcogenide show low electronic band gap
(2.5 eV). Moreover, the porous nature of open-framework
chalcogenides would facilitate the penetration of electrolyte
and transportation of ions and buffer the volume expansion
during sodiation [23]. On the other hand, the conversion
reaction and alloying reaction of Cu+ and Ge4+ with Na ions
in this chalcogenide would exhibit high theoretical capacity.
Therefore, the open-framework Cu-Ge-based chalcogenides
are highly potential anode materials for SIBs.

In this work, we successfully synthesize a novel open-
framework chalcogenide [Cu

8
Ge
6
Se
19
](C
5
H
12
N)
6
(CGSe)

and investigate its sodium-ion storage properties for the
first time. The CGSe cubic crystals with 10–50 𝜇m edge
length show good electrochemical performance, indicating
that CGSe offers an opportunity to anode materials for high
performance SIBs in the future.

2. Experimental Details

The CGSe samples were synthesized according to the litera-
ture methods [24]. In the typical synthesis process, 187mg of
Cu(Ac)

2
⋅H
2
O, 104mg of GeO

2
, and 215mg of Se were mixed

in 2.5mL of piperidine (17.3 wt%) solution under vigorous
stirring for about 30min. The reaction solution was then
transferred to a 23mL Teflon-lined stainless-steel autoclave
and maintained at 180∘C for 10 days. After cooling, the black
cubic crystals were harvested by ultrasonic treatment, washed
with ethanol, and dried at 70∘C for 1 day.

The structure of as-prepared samples was determined
by single-crystal X-ray diffraction (SCXRD, Agilent diffrac-
tometers) using graphite monochromated Mo K𝛼 radiation
(𝜆=0.71073 Å)with SHELXS-97method. Its phase puritywas
supported by powder X-ray diffraction (PXRD, Bruker, D8
advance) usingCuK𝛼 radiation (𝜆= 1.5406 Å)with a step size
of 0.3∘ in the 2 theta range 5–30∘. The lattice structural details
were acquired on a FEI Tecnai G2 F-20 high-resolution trans-
mission electron microscope (HRTEM). The morphologies
and corresponding elemental mapping images were obtained
by field-emission scanning electron microscope (FE-SEM,
Hitachi S-4800).

Na-ion storage properties of CGSe were evaluated using
CR2032 coin-type half batteries.Theworking electrodes were

prepared by coating a mixture containing CGSe (80wt%),
super P (10wt%), and poly(acrylic) acid (PAA) binder
(10 wt%) onto copper foil and dried at 120∘C for 1 day. The
coin-type cells assembled in recirculating argon glove box
by using Na metal as counter electrode, glass microfiber
filter as separator, and 1M NaClO

4
dissolved in ethylene

carbonate (EC) and dimethyl carbonate (DMC) (1 : 1 by
volume) with 5wt% fluoroethylene carbonate (FEC) additive
as electrolyte. Cyclic voltammetry (CV) data were collected
on an electrochemical workstation (BioLogic VMP-300) at a
scanning rate of 0.2mV s−1 in the voltage range of 0.005–2.5 V
versus Na+/Na. The cycle and rate properties tests were
performed on a LAND battery measurement system (LAND
CT2001A) between 0.005V and 2.5V. The mass loading of
CGSe was about 1.5mg cm−2 in the electrode and the specific
capacities were calculated based on active materials.

3. Results and Discussion

The CGSe crystallizes in the cubic space group Im-3. As
depicted in Figure 1(a), all diffraction peaks of PXRD are
well matched to the simulated ones from SCXRD analysis,
indicating the highly pure single-crystal structure of as-
prepared CGSe. In the HRTEM image (Figure 1(b)), the
marked lattice distance of 0.304 nm can be assigned to the
(0712) crystal plane of CGSe, which is in agreement with
the XRD peak located at 28.8∘. The HRTEM image further
demonstrated that the crystal structure of as-prepared CGSe
is well matched with the SCXRD result.

In open-framework CGSe, the 3D interconnected chan-
nels are constructed with the anionic selenide framework
[Cu
8
Ge
6
Se
19
]6− and disordered charge-balanced species

(C
5
H
12
N)+ [21, 24]. The inorganic species [Cu

8
Ge
6
Se
19
]6−

forms the porous structure, while the organic species
(C
5
H
12
N)+ acts as the structure stabilizer. As displayed in

Figure 2(a), the structural feature of 3D CGSe is the presence
of icosahedral [Cu

8
Se
19
]24− cluster, consisting of a cubic

array of eight Cu+ ions bridged by Se2− ions. The shape
of [Cu

8
Se
19
]24− cluster defined by nineteen Se2− sites is

icosahedral. To form the infinite lattice (Figure 2(b)), the
primitive cubic packing of icosahedral [Cu

8
Se
19
]24− clusters

is cross-linked by dimeric Ge
2
Se
2

4+ unit. Most importantly,
this extended CGSe open framework contains abundant
interconnected microchannels, which is favorable to the
sodium-ion intercalation. Furthermore, compared with Cu-
Ge-S chalcogenide, the larger size of Se2− compared to that
of S2− ions would make CGSe have much higher anionic
framework polarizability, which is helpful to Na+ ions migra-
tion. The panoramic SEM image (Figure 2(c)) reveals that
the CGSe samples are composed of cubic crystals, and the
edge length of the single CGSe is about 10–50 𝜇m. It could be
clearly seen from the high-magnification SEM image (inset in
Figure 2(c)) that the inside of CGSe contains a great many of
microchannels, whichwill facilitate the electrolyte infiltration
and Na-ion diffusion in bulk CGSe.The energy dispersive X-
ray spectroscopy (EDS) elemental mappings of Cu, Ge, and
Se, as shown in Figures 2(e)–2(g), respectively, matched well
with the corresponding SEM image (Figure 2(d)), indicating
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Figure 1: (a) XRD patterns and (b) HRTEM image of CGSe.

that these three elements are homogeneously distributed
throughout the CGSe mass.

To explore the potential application ofCGSe as SIB anode,
we evaluated the electrochemical performances with the
cyclic voltammetry (CV) and galvanostatic charge/discharge
tests. The initial three consecutive CV curves of as-prepared
CGSe are shown in Figure 3(a). In the reduction process, a
cathodic peak centered at 1.7 V could be attributed to sodium-
ion intercalation into the interconnected channels of CGSe
and formation of NaxCGSe [25]. In the first discharge cycle, a
weak peak at 0.85V and a strong peak at 0.56V were clearly
observed, which can be attributed to the decomposition of
NaxCGSe (Cu andGe are generated) and formation of NaySe,
respectively [21, 26]. These peaks’ shift to about 0.9 (1.1) and
0.4V in the subsequent cycles is known to represent the
activation of electrode materials during the first cycle [27].
Meanwhile, the intensities of peaks of the following two cycles
are reduced, indicating the formation of solid electrolyte
interface (SEI) film and other some irreversible reactions in
the first cycle [28]. The cathodic/anodic couples at voltages
of around 0.01/0.21 V might be assigned to signature of the
NaGe alloying/dealloying reaction [16]. For the oxidation
process, two smooth peaks were located at 1.05V and 1.32V
in the first scan and disappeared in subsequent cycles because
of the decomposition of instability SEI film. Two sharp peaks
positioned at 1.61 V and 1.86V can be associated with the
desodiation process of the NaySe and regeneration of CGSe,
respectively [28–30].

The charge/discharge plateaus are in accordance with the
CV results in Figure 3(b). The first charge/discharge curve is
obviously different from the following two cycles. Moreover,
the initial Coulombic efficiency (CE) is only 72.56% at a cur-
rent density of 100mAg−1. These abnormal electrochemical

behaviors can be attributed to the SEI formation and other
side reactions in the first cycle. In the following two cycles,
the almost-overlapped charge/discharge curves as well as
the high CE indicate the good reversible properties of
CGSe, which should result from the unique morphology and
structure of open-frameworkCGSe.The cycling performance
of CGSe electrode was tested at 100mAg−1 (Figure 3(c)).
The charge capacity is 463.3mAh g−1 in the first cycle and
188mAh g−1 remains after 50 cycles. In addition, the CE
increases to more than 96% (the third cycle) and then keeps
stable during cycling. The initial reversible capacity is higher
than that of theoretical value of elemental Ge, indicating
that CGSe is a promising anode material for high energy
density SIB. It is noteworthy that the CGSe anode materials
can also exhibit reversible capacity of 159mAh g−1 after 50
cycles at the current density of 200mAg−1 (Figure 3(d)).
The rate capability of CGSe is also investigated. Figure 3(e)
shows the third charge/discharge curves of CGSe at different
current densities.The excellent rate property is demonstrated
by the specific discharge/charge capacities being around
450/429, 432/414, 403/389, 366/355, and 320/306mAh g−1 at
current density of 50, 100, 200, 500, and 1000mAg−1, respec-
tively. More importantly, although polarization becomes
more obvious at the higher current density, the symmetric
charge/discharge plateaus are still clearly observed. Accord-
ing to the previous literature, the shorter edge length of 3D
channel of open-framework CGSe is about 6.4 Å, which is
several times larger than that of ionic radius of sodium ions
(1.02 Å) [4, 24]. To the best of our knowledge, these large
channels are beneficial for the penetration of electrolyte and
insertion/extraction of sodium ion, thereby resulting in good
electrochemical performance [21, 23].
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Figure 2: (a) The ball and stick mode of icosahedral [Cu
8
Se
19
]24− cluster and its connectivity with twelve Ge4+ ions. (b) View of the CGSe

framework along the ab direction. (c, d) SEM images and the corresponding EDS mapping of (e) Cu, (f) Ge, and (g) S of CGSe. The high-
magnification SEM image inset in Figure 2(c).

4. Conclusions

In conclusion, the crystalline CGSe open-framework mate-
rial was successfully prepared using a simple solvothermal
method. The as-prepared microscale CGSe cubic crystals
display high reversible capacity (463.3mAh g−1), excellent
rate performance, and considerable cycling stability as a
novel anode for SIBs because the interconnected channels
facilitate penetration of electrolyte and transportation of
sodium ions. It is also noteworthy that if the cycling sta-
bility of CGSe was improved by further research, it will

become a promising anode in SIB fields. This work not only
develops a potential electrode material for SIBs, but also
extends the application of open-framework chalcogenides.
In the future, it is suggested to pay much attention to the
Na-ion storage mechanism as well as the capacity fading
mechanism and solutions of the open-framework chalcoge-
nides.
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Figure 3: (a)The initial three curves of the CGSe at a scanning rate of 0.2mV s−1. (b)The charge/discharge curves and (c) cycling performance
of the CGSe at a current density of 100mAg−1. (d) Cycling performance of the CGSe at a current density of 200mAg−1. (e)The rate capability
of CGSe under varying current densities (from 50 to 1000mAg−1), respectively.
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Heterojunction system has been proved as one of the best architectures for photocatalyst owing to extending specific surface area,
expanding spectral response range, and increasing photoinduced charges generation, separation, and transmission, which can
provide better light absorption range and higher reaction site. In this paper, Indium Sulfide/Flexible Electrospun CarbonNanofiber
(In2S3/CNF) heterogeneous systems were synthesized by a facile one-pot hydrothermal method.The results from characterizations
of SEM, TEM, XRD, Raman, and UV-visible diffuse reflectance spectroscopy displayed that flower-like In2S3 was deposited on the
hair-like CNF template, forming a one-dimensional nanofibrous network heterojunction photocatalyst. And the newly prepared
In2S3/CNF photocatalysts exhibit greatly enhanced photocatalytic activity compared to pure In2S3. In addition, the formation
mechanism of the one-dimensional heterojunction In2S3/CNF photocatalyst is discussed and a promising approach to degrade
Rhodamine B (RB) in the photocatalytic process is processed.

1. Introduction

Nowadays, it is a huge challenge for people to deal with
the organic pollutant in the energy crisis environment [1–
3]. Certainly, photocatalytic as a novel solution has aroused
great interest for people. It has been considered as one of the
most effective ways for the solar energy conversion and the
destruction of organic pollutant [4, 5]. Up to now, numerous
experiments of the degradation of organic pollutants by
using photocatalysts have been researched. However, the
photocatalytic activity of pure photocatalyst is limited by its
low efficiency of light absorption, difficult migration, and
high recombination probability of photogenerated electron-
hole pairs, and the development of photocatalytic technology
is still limited for the photocatalyst [6–8]. Therefore, it is
urgent and indispensable to find a novel photocatalyst to
improve both the photochemical activity and the stability.

In2S3, as a typical III–VI group sulfide, is an n-type
semiconductor with a band gap of 2.0–2.3 eV corresponding
to visible light region which attracted intense interest for

optical, photoconductive, and optoelectronic applications.
Furthermore, In2S3 shows property of high photosensitivity
and photoconductivity, stable chemical and physical charac-
teristics, and low toxicity; it has great potential for visible-
light-driven photodegradation of pollutants [9, 10]. Realisti-
cally, the narrow band gap and the rapid recombination of
photogenerated electron-hole pairs causing poor quantum
yield are similar to other visible light photocatalysts [11–14].
To meet the practical application requirements, it is urgent
and important to enhance the photocatalytic efficiency of
In2S3. Up to now, many attempts have been explored to
improve the photocatalytic performance of In2S3, such as
metal ions doping, coupling with other semiconductors, and
carbon materials-based assemblies [15, 16].

As a viable alternative route to boost the efficiency of
photocatalysts, CNF-based assemblies have aroused attention
[17–19]. CNF is easily synthesized by electrospinning with a
large theoretical specific surface area and high intrinsic elec-
tron mobility; it possesses physicochemical, superior elec-
tronic, mechanical character, and high absorption properties.
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Scheme 1: Postulated mechanism of the visible-light-induced photodegradation of RB with In2S3/CNF.

In particular, compared with traditional carbon nanofibers
obtained by other physical and chemical methods, the car-
bon nanofibers synthesized by electrospinning (CNF) have
stronger electronic transport properties [20, 21]. Therefore,
it is an ideal method to enhance photocatalytic activity by
coupling In2S3 with CNF to construct In2S3/CNF.

In this work, the CNF was fabricated by electrospin-
ning technique, and In2S3/CNF composites were fabricated
through a one-pot hydrothermal reaction as shown in
Scheme 1. The photogenerated electrons on the conduction
bands (CB) of In2S3 could easily be transferred to CNF
for the positive synergetic effect, in brief, because the
formation of interface junction can improve the optical
absorption property and simultaneously facilitate the sep-
aration of photoinduced electron-hole pairs. In addition,
the promising applications of In2S3/CNF composites have
excellent performance for the degradation of organic pollu-
tants. This study shows a reliable method to degrade organic
pollutants.

2. Experimental Section

2.1. Materials. All the reagents were of analytical grade
and were used as received without further purification.
InCl3⋅5H2O, thioacetamide (TAA), and other chemicals
were of analytical grade and purchased from Sinopharm
Chemical Reagents Co., Ltd. Polyacrylonitrile (PAN) (𝑀𝑤 =
150,000 gmol−1) was purchased from Sigma-Aldrich.

2.2. Fabrication of CNF. According to previous reports [22],
PAN nanofiber was synthesized from PAN by a modified
electrospinning method. Firstly, 1 g PAN was dissolved com-
pletely in 9mL N,N-dimethylformamide (DMF). Then, the
mixture was transferred to 5mL plastic syringe by two
times for electrospinning (voltage: 20 kV, injection rate:
0.2mmmin−1). In order to obtain CNF, the PAN was car-
bonized at 500∘C for 2 h under an inert atmosphere with a
heating rate of 2 Kmin−1.

2.3. Fabrication of In2S3/CNF. In2S3/CNF with different
In2S3 loadings was then prepared by a facile one-pot hydro-
thermal method. Briefly, a certain amount of InCl3⋅5H2O
(351, 702, or 1053mg) and thioacetamide (120mg) was dis-
solved in ethyl alcohol (40mL) under ultrasound conditions.
The CNF (50mg) was then immersed in the above solution,
which was then transferred to a Teflon-lined autoclave and
heated in a homogeneous reactor at 180∘C for 12 h. According
to this method, different weight ratios of the In2S3 to g-
CNF samples were synthesized and labeled as In2S3/CNF-1,
In2S3/CNF-2, and In2S3/CNF-4, respectively. By controlled
trial, the In2S3 was fabricated by the same method.

2.4. Characterization. Scanning electron microscopy (SEM;
Hitachi S-4800) coupled with X-ray energy dispersive spec-
troscopy (SEM-EDS) and transmission electron microscopy
(TEM; Hitachi H600) were used to observe the morphology,
structure, and size of the In2S3/CNF and its components.The
effect of the In2S3 and CNF contents of In2S3/CNF on its
structural properties were investigated by X-ray photoelec-
tron spectroscopy (XPS; Axis Ultra HAS), Raman (Raman;
Axis Ultra HAS), and X-ray diffraction (XRD; X’ Pert-Pro
MPD).The optical properties and the dye concentration were
determined by UV-visible diffuse reflectance spectroscopy
(UV-vis DRS, Shimadzu UV-3600).

2.5. Photocatalytic Activity Measurements. The photocat-
alytic activities of samples were evaluated by measuring
the photodegradation of Rhodamine B (RB) under visible
light. In a typical measurement, 40mg photocatalysts were
suspended in 100mL of 50 ppm aqueous solution of RB. The
solution was stirred in the dark for 30min to obtain a good
dispersion and to reach the adsorption–desorption equilib-
rium between the organic molecules and the catalysts surface
[23]. Then the suspension was illuminated with a 250W
xenon lamp. The concentration change of RB was monitored
by measuring the UV-vis absorption of the suspensions
at regular intervals (take samples every 10 minutes). The
suspension was filtered to remove the photocatalysts before
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Figure 1: XRD patterns of In2S3, CNF, and In2S3/CNF-2.

measurement. The concentrations of RB in the reacting
solutions were analyzed at 𝜆 = 554 nm [24]. The photo-
catalytic activity was analyzed by the time profiles of 𝐶/𝐶0,
where 𝐶 is the concentration of RB at the irradiation time
𝑡 and 𝐶0 is the concentration in the absorption equilibrium
of the photocatalysts before irradiation, respectively. The
normalized temporal concentration changes (𝐶/𝐶0) of RB
are proportional to the normalized maximum absorbance
(𝐴/𝐴0), which can be derived from the change in the RB
absorption profile at a given time interval [25].

3. Results and Discussion

TheX-ray diffraction (XRD) patterns of pure CNF, In2S3, and
In2S3 are shown in Figure 1. All of the diffraction peaks can be
indexed to that of In2S3 with a cubic phase structure (JCPDS,
number 32-0456). Peaks at 2𝜃 of 14, 27, 33, 44, 48, 56, and 60∘
in the XRD patterns of In2S3/CNF-2 and In2S3 correspond
to the (111), (311), (400), (511), (533), and (444) planes of
In2S3, respectively. The XRD patterns of the In2S3/CNF-2
heterostructures show all the diffraction peaks assigned to
hexagonal In2S3 except the peak at 25∘ which corresponds
to (130) plane of orthorhombic CNF, indicating the existence
of In2S3 and CNF in the In2S3/CNF-2 heterostructures.
Moreover, the intensities of the corresponding diffraction
peaks of In2S3 strengthened gradually alongwith the addition
of the CNF in the In2S3/CNF-2 composites; the formation of
heterostructures can be demonstrated.

The morphology of the In2S3 and In2S3/CNF-2 was
analyzed by SEM and TEM. The flower-like In2S3 with
an average diameter of 5 um possesses porous structures
due to the aggregation of a certain amount of nanosheets
(Figure 2(a)).TheTEM image of Figure 2(b) further confirms
the result. The SEM image of electrospun CNF is shown in

Figure 2(c), which shows that the average diameter is about
300 nm and there is no defect in a smooth surface. As shown
in TEM images (Figure 2(d)), it is clear that the surface of
In2S3/CNF-2 is uniformly covered by the ultrathin In2S3
nanosheets after hydrothermal treatment. Further, there is no
aggregation found in the surface of In2S3/CNF-2 composites.

The EDX spectrum shown in Figure 2(e) reveals the
presence of In and S elements in a mass fraction ratio of
4.47% : 1.61%, which is close to the expected stoichiometry for
In2S3 (Au signal is from FTO substrate).

Figure 3 shows that the different concentration of In2S3
deposited on the surface of CNF nanofibers. A small amount
of nanoplate-like In2S3 was found on the smooth surface
of CNF nanofibers, which correspond to low concentration.
As the concentration increases (Figures 3(c) and 3(d)),
In2S3 nanosheets with curled shapes grow vertically on
the nanofiber surface and with a uniform distribution. In
addition, the surface of nanofiber also turns from smooth to
rough. As shown in Figures 3(e) and 3(f), serious aggregation
occurred and thick layer In2S3 nanosheets were observed
after further increasing the In2S3 concentration. The rapid
nucleation of In2S3 at high concentration can be demon-
strated.

XPS measurements were carried out to testify the
chemical composition and chemical states of elements in
In2S3/CNF-2 heterostructure photocatalyst [26]. The full-
scale XPS spectrum for In2S3/CNF-2 sample is shown in
Figure 4(a), in which the In, S, and C elements could be
detected and no other impurities were observed. Figures
4(b), 4(c), and 4(d) show the high-resolution XPS spectra for
In2S3/CNF sample. The XPS peaks (Figure 4(b)) at 444.1 and
452.7 eV correspond to the In3d5/2 and In3d3/2 states [27],
respectively. The peak at 161.9 eV in Figure 4(c) corresponds
to the S2p3/2 state of S2

2− moieties. The peak at 284.8 eV
in Figure 4(d) corresponds to the C1s state. The above XPS
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Figure 2: SEM images of In2S3 and CNF ((a) and (c)), TEM images of In2S3 and In2S3/CNF-2 ((b) and (d)), and EDX pattern of In2S3/CNF-2
(e).

results confirm that the composites are composed of In2S3
and CNF.

Raman analysis was explored to confirm the presence of
CNF and In2S3 in In2S3/CNF-2 sample (Figure 5). D-peak (D
band) represents the defects of C atomic lattice, and G-peak
(G band) represents the expansion vibration of the surface
of C atom sp2 hybridization. And the representative Raman
spectrum in a range of Raman shift from 100 to 2000 cm−1 of
the CNF shows mainly two peaks centered around 1369 cm−1

(D band) and 1590 cm−1 (G band) for CNF. Furthermore, the
degree of fibrosis can be measured by the intensity ratio of
the G to D band (𝐼G/𝐼D) [28–30], where 𝐼G/𝐼D is the intensity
ratio of D-peak and G-peak. A slight increase in the 𝐼G/𝐼D
ratio is observed in the spectrum of In2S3/CNF-2 composites,
the D/G integral intensity ratio (𝐼D/𝐼G) for CNF in the
In2S3/CNF-2 sample (1.13) is slightly higher than that of CNF
(1.12), it is indicated that a certain amount of In2S3 deposited
on the surface of CNF during the chemical reduction process,
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(c) (d)

(e) (f)

Figure 3: Low- (a, c, e) and high- (b, d, f) magnification SEM images of low concentration of In2S3 loaded on CNF ((a) and (b)), moderate
concentration of In2S3 loaded on CNF ((c) and (d)), and high concentration of In2S3 loaded on CNF ((e) and (f)).

and the conjugated CNF network was reestablished [31]. The
two peaks forD andGband of the composite no shift appears,
indicating that only a small amount of In2S3 deposited on the
surface of CNF.

The optical properties of the three samples were
detected by UV-vis DRS absorption spectroscopy (Figure 6).
Obviously, CNF shows the best performance and its
absorption peaks appear in the visible light and UV light
regions. It should be noted that In2S3/CNF-2 with the
addition of CNF showed an increased photocatalytic
performance compared to In2S3 (Figure 6(a)). The band gap
energy (𝐸𝑔) of samples was calculated by Tauc’s equation

[32, 33] and the result was shown in Figure 6(b); the𝐸𝑔 values
of In2S3 and In2S3/CNF-2 in Figure 6(b) are approximately
2.70 and 3.08 eV. The band gap of In2S3/CNF-2 was higher
than In2S3, which is close to the value of In2S3 and In2S3/CNF
reported in other literatures [10, 34]. Thus, it is indicated
that the as-prepared In2S3/CNF-2 heterojunction structures
have the appropriate 𝐸𝑔 for photodegradation of organic
pollutants under visible light irradiation.

In order to detect the ability of photodegradation, dif-
ferent photocatalysts were used to photodegrade organic
pollutant under visible light irradiation, then the samples of
products were analyzed.The results are shown in Figures 7(a)
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Figure 4: XPS spectra of the In2S3/CNF-2: survey spectrum (a), In 3d (b), S 2p (c), and C 1s (d).
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Figure 6: UV-vis diffuse reflectance spectrum of In2S3, CNF, and In2S3/CNF-2 (a) and the direct band gap determination of In2S3 and
In2S3/CNF-2 (b). The tangent at this point corresponds to the smallest absorption wavelength.

and 7(b); the UV-vis absorption spectra in Figure 7 show the
characteristic absorptions of RB at 570 and 580 nm. Owing
to the strong absorption ability of CNF, a certain amount of
RB was attached to the CNF before irradiation. Furthermore,
when the dissociation and adsorption reach equilibrium, the
concentration change of Rhodamine B, which is degraded by
In2S3 and In2S3/CNF-2, is the same. The concentration of
RB does not significantly change after irradiation as shown
in Figure 7(a). The change in the concentration of RB in
Figure 7(b) is significantly greater thanFigure 7(a), which can
be further confirmed through the change of solution color
before and after degradation with different photocatalysts.

The degradation curves of RB on pure In2S3, CNF,
and In2S3/CNF-2 composites were shown in Figure 8(a).
Obviously, the concentration of CNF almost has no change,
indicating that pure CNF has no photocatalytic activity
under visible light irradiation. The In2S3/CNF-2 composites
have a better photocatalyic efficiency (78.2%) for RB after
visible light irradiation for 60min than that of pure In2S3.
It is concluded that In2S3/CNF-2 composites exhibited much
higher photocatalytic efficiency compared with the pure
In2S3. For a better comparison of the photocatalytic efficiency
of In2S3/CNF-2 and pure In2S3, the kinetic analysis of
degradation of RB was explored to confirm it. The above
degradation reactions followed a Langmuir-Hinshelwood
apparent first-order kinetics model [32, 35] when the initial
concentrations of the reactants are less than 100 ppm. The
Langmuir-Hinshelwood apparent first-order kinetics model
is described below:

− ln(𝐶0𝐶 ) = 𝐾app𝑡, (1)

where 𝐾app is the apparent first-order rate constant (min−1).
The determined 𝐾app values for degradation of RB with

different catalysts are presented in Figure 8(b). It is clear
that the as-prepared In2S3/CNF-2 composites show the
highest reaction rate among the two catalysts with 𝐾app =
0.0232min−1, while 𝐾app = 0.0169min−1 for pure In2S3.
The photocatalytic reactivity order is well consistent with the
activity studies above.

It is reasonable to presume that the photogenerated
electrons (e−) transfer from In2S3 to CNF in the In2S3/CNF
system under visible light irradiation. Therefore, the pho-
togenerated electrons first transfer to CNF and then are
trapped by O2 and H2O at the surface of photocatalyst or
solution to form the active species such as O2

−. These active
species could help the degradation of RB dye. At the same
time, the photogenerated holes (h+) could react with H2O
to form ∙OH, hydrogen ions (H+), and then oxidize RB dye
directly [12]. The complete photodegradation process can be
summarized by the following reaction steps:

In2S3 + ℎ] → In2S3 (e− + h+)
e− (CB, In2S3) +O2 → O2

−

h+ (VB,CNF) +H2O → H+ + ∙OH
RB + (O2− + h+ + ∙OH) → several steps

→ other products + CO2 +H2O

(2)

4. Conclusion

In summary, an effective method of preparing In2S3/CNF
photocatalysts was described in this paper.The incorporation
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Figure 7: Removal efficiency of 50mg/L RB solution during 10min of irradiation with In2S3 (a) and In2S3/CNF-2 (b).The changes of solution
color before and after degradation with different photocatalysts under visible light irradiation (c).

of CNF serving as electron collectors realizes a more effective
separation of photogenerated electron-hole pairs and greatly
boosts the photocatalytic activity of the products compared
with the pure In2S3. The In2S3/CNF-2 composites show
strong adsorption ability towards the RB, they can degrade
50 ppm of RB in 60 minutes under visible lights, and the
excellent degradation RB activities of In2S3/CNF are mainly
attributed to the large amount of effectively reactive species

like h+ and O2
−. Overall, this study provides a new option

to construct the semiconductor/CNF composites with high
photocatalytic activity, environmental remediation, and
energy conversion.
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