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The rapid advances of modern technology require a thor-
ough understanding of mechanics of materials, structures,
and processes at the micro- and nanoscales. Carbon nan-
otubes, nanowires, nanocomposites, nanoscale thin films
and coatings, micro- and nano electromechancial systems
(MEMS and NEMS), micro- and nanofabrication processes
are all examples of materials systems, technologies, and
processes whose continuous advancement depends upon
fundamental understandings of material properties at small
length scales. In order to help them fulfill their promises,
mechanics at nanometer length scale must be developed to
understand the deformation and failure mechanisms of these
small material structures. In addition, advances in the devel-
opment of new materials for multifunctional applications
will require design, fabrication, and characterization at the
nanometer length scale. Nanostructured materials that can
be tailored to achieve greater mechanical properties along
with their electrical, optical, thermal, and other functional
properties are essential for future applications in many
industry sectors. To achieve the overwhelming potential
of nanostructured multifunctional materials, advances in
the synthesis of materials with multifunctional capabil-
ities through incorporating nanoscale constituents such
as nanotubes, nanofibers, and nanoclays, as well as the
development of novel methods and techniques to charac-
terize the mechanical and multifunctional behavior of these
materials under application conditions are clearly of critical
importance.

The goal of this special issue is to provide a platform
for researchers working at the frontier of nanomechanics
and nanostructured multifunctional materials to present
and discuss exciting new developments on various topics
in this area, which include work focused on experiments,

theories, and simulations. The special issue with a total of
twenty-two papers covers a wide range of topics related to
fabrication of nanoscale building blocks such as nanosphere,
nanowires, nanorods, and nanoscale thin films; development
and application of nanomechanical characterization meth-
ods for nanomaterials and other advanced characterization
techniques to probe important physical/chemical properties
of multifunctional nanomaterial systems; processing and
property evaluation of various polymer, ceramic, and metal-
based nanocomposites; and finally nanomechanical mod-
eling and simulations from continuum micromechanics-
based modeling to molecule dynamic-based simulations. We
sincerely hope such a broad representation of important
topics in these vibrant and fast growing research areas would
be of interest to the readership.
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For the first time, we report green chemistry approach using vitamin B2 in the synthesis of silver (Ag) and palladium (Pd),
nanospheres, nanowires, and nanorods at room temperature without using any harmful reducing agents, such as sodium boro-
hydride (NaBH4) or hydroxylamine hydrochloride and any special capping or dispersing agent. Vitamin B2 was used as reducing
agent as well as capping agent due to its high-water solubility, biodegradability, and low-toxicity compared with other reducing
agents. The average particle size of nanoprticle was found to be Ag (average size 6.1±0.1 nm) and Pd (average size 4.1±0.1 nm)
nanoparticles in ethylene glycol and Ag (average size 5.9±0.1 nm, and average size 6.1±0.1) nanoparticles in acetic acid and NMP,
respectively. The formation of noble multiple shape nanostructures and their self assembly were dependent on the solvent em-
ployed for the preparation. When water was used as solvent media, Ag and Pd nanoparticles started to self-assemble into rod-like
structures and in isopropanol Ag and Pd nanoparticles yielded wire-like structures with a thickness in the range of 10 to 20 nm
and several hundred microns in length. In acetone and acetonitrile medium, the Ag and Pd nanoparticles are self-assembled into
a regular pattern making nanorod structures with thicknesses ranging from 100 to 200 nm and lengths of a few microns. The
so-synthesized nanostructures were characterized using scanning electron microscopy (SEM), transmission electron microscopy
(TEM), energy dispersive X-ray (EDX) analysis, and UV spectroscopy. The ensuing Ag and Pd nanoparticles catalyzed the reac-
tions of aniline and pyrrole to generate polyaniline and polypyrrole nanofibers and may find various technological and biological
applications. This single-step greener approach is general and can be extended to other noble metals and transition metal oxides.

Copyright © 2008 M. N. Nadagouda and R. S. Varma. This is an open access article distributed under the Creative Commons
Attribution License, which permits unrestricted use, distribution, and reproduction in any medium, provided the original work is
properly cited.

1. INTRODUCTION

Recently, much effort has been devoted to the controlled syn-
thesis of nanostructured materials because of their unique
chemical and physical properties that are different from those
of the bulk materials [1]. Particularly, metal nanomateri-
als have attracted considerable attention because of their
unique magnetic, optical, electrical, and catalytic properties
and their potential applications in nanoelectronics [2]. Hi-
erarchical assembly of solution-based nanocrystals as build-
ing blocks is of great interest because of their potential in
controlling morphologies of nanostructures, and hence their
properties [3–6] wherein structured nanoparticle assemblies
such as wires, rings, and superlattices, can be prepared [7–

13]. However, the challenge of synthetically controlling par-
ticle shape had limited success. Nevertheless, some physi-
cal and solid state chemical methods have been developed
for making semiconductor, metal nanowires, nanobelts, and
nanodots [14–18] in addition to wet-chemical methods [19–
26]. Presently there are some methods available for making
rods with controllable aspect ratio using seeding approaches
[27], electrochemical and membrane-templated syntheses
[28–30]. In solution phase, pH-dependent assembly of gold
nanorods [31] and streptavidin-linked nanorods [32] is pos-
sible but requires elevated temperatures and, in most cases
they afford poor yield of desired particle shape. Thus, the
developments of bulk solution synthetic methods that offer
shape control are very desirable to realize the full potential
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Scheme 1: Structure of anionic (left), neutral (center), and cationic (right) vitamin B2 species in the fully oxidized redox state
(R = −CH2(CHOH)3CH2OH).
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Figure 1: Reaction of vitamin B2 with silver nitrate over the time in
water media. The inset figure shows control vitamin B2 (from left),
reduced silver nanoparticles in water, and NMP solvent media after
60 minutes.

of these materials. Herein, we report a simple strategy using
different solvents under which noble metal nanoparticles ef-
fectively self-assemble into spheres, nanowires, and nanorods
in presence of vitamin B2 (Riboflavin) and the ensuing self-
assembled Ag and Pd nanoparticles can catalyze monomers
such as pyrrole and aniline to afford conducting polymer
nanocomposites. The study also serves the need for a greener
protocol as there is a renewed interest in using green chem-
istry to synthesize metal nanoparticles [6, 33] Green chem-
istry is the design, development, and implementation of
chemical products and the process to reduce or eliminate the
use and generation of substances hazardous to human health
and the environment[34–37]. Strategies to address mount-
ing environmental concerns with current approaches include
the use of environmentally benign solvents, biodegradable
polymers, and nontoxic chemicals [34–37]. In the synthe-
sis of metal nanoparticles by reduction of the corresponding

metal ion salt solutions, there are three areas of opportunity
to engage in green chemistry: (i) choice of solvent, (ii) the
reducing agent employed, and (iii) the capping agent (or dis-
persing agent). In this area, there has also been increasing in-
terest in identifying environmentally friendly materials that
are multifunctional. For example, the vitamin B2 used in this
study functions both as a reducing and capping agent for Ag
and palladium nanostructures, in addition to its high-water
solubility, low toxicity and biodegradability; and water serves
as a benign media. Herein, we describe a general method
to prepare noble nanostructures such as Ag and Pd and
their catalytic application to make polyaniline and polypyr-
role nanofiber nanocomposites. This greener and general ap-
proach used to produce multiple shaped nanostructures such
as Ag and Pd and their nanocomposites could find newer
technological and medicinal applications.

2. EXPERIMENTAL PROCEDURE

All reagents were used as received without further purifica-
tion. Vitamin B2 (Riboflavin), silver nitrate (99.99%), and
palladium chloride (99.99%) were purchased from Aldrich.
In all experiments, Milli-Q water was used. The synthesis
and self-assembly were accomplished by reacting respective
metal salts with vitamin B2 dissolved in solvents of differ-
ent chemical nature. The reaction mixture was allowed to
stand for 24 hours at room temperature and then analyzed.
In particularly, 50 mg of Riboflavin was dissolved in 20 mL
(glass vial) of solvents such as ethylene glycol, acetic acid,
N-methylpyrrolidinone (NMP), water, isopropanol, acetone,
and acetonitrile in separate experiments. To this, 2 mL of
aqueous solution containing 1× 10−1 M AgNO3 were added
at room temperature, hand-shaken for a minute and allowed
to settle. The solution turned orange immediately after the
addition of AgNO3 and the formation of silver nanoparticles
was confirmed using UV spectroscopy and energy dispersive
X-ray analysis (EDX). Similarly, experiments were conducted
using 1 × 10−1 M PdCl2. TEM specimens were prepared by
placing 1 μL of the particle solution on a carbon-coated cop-
per grid and dried at room temperature. Transmission elec-
tron microscopy (TEM) was performed with a JEOL-1200
EX II microscope operated at 120 kV.
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Figure 2: TEM image of Ag and Pd nanoparticles synthesized using vitamin B2. (a) Ag (average size 6.1 ± 0.1 nm), (b) Pd (average size
4.1± 0.1 nm) nanoparticles in ethylene glycol, and (c), (d) Ag (average size 5.9± 0.1 nm, and average size 6.1± 0.1) nanoparticles in acetic
acid and NMP, respectively. Inset shows corresponding particle size distribution, electron diffraction, and UV excitation.

3. RESULTS AND DISCUSSION

Vitamin B2 is the most frequently encountered organic cofac-
tor in nature and it can assume three different redox states:
fully oxidized, one-electron reduced, and fully reduced [38].
Each of these redox states exists in a cationic, neutral, and
anionic form (see Scheme 1) depending on the pH of the so-
lution. The reduction potential of vitamin B2 is−0.3 V versus
SCE [39] which is sufficient to reduce palladium (Pd, reduc-
tion potential 0.915 V versus SCE) and silver (Ag, 0.80 V ver-
sus SCE).

The formation of noble nanostructures with vitamin B2

probably occurs as follows: (i) vitamin B complexation with
noble metal salts; (ii) simultaneous reduction of noble metal
salts such as Ag (Ag, 0.80 V versus SCE) and Pd (Pd, reduc-
tion potential 0.915 V versus SCE) and formation of capping
with oxidized vitamin B2; (iii) solvent chemical nature with
self-assembly of nanoparticles to form spheres, nanowires,
and nanorods. The reaction of respective metal salts with vi-
tamin B2 in different solvents resulted in the reduction of
metal and simultaneous oxidation and capping of vitamin B2

as confirmed by UV spectroscopy (see Figure 1 for Ag). The
increase in intensity over the time indicates the completion
of the reaction. Plasmon absorption spectroscopy is usually
used to examine the size- and shape-controlled nanoparticles
because of their optical properties in aqueous suspensions re-
lated to these properties [40]. For example, the UV-vis spec-
trum for the colloidal solution of spherical Ag nanoparti-
cles prepared shows a peak at approximately 375 nm. This
broad extinction peak potentially results from inhomogene-
ity in morphology for the sample [40]. However, the plas-
mon absorption peak of the nanorods showed a more com-
plex absorption pattern due to the absorption of visible light
both along the length of the nanorods (the longitudinal plas-
mon band) and along the width of the nanorods (the trans-
verse plasmon band). As the aspect ratio increases, the lon-
gitudinal surface plasmon resonance (SPR) band (λ1) should
be red-shifted significantly, whereas the transverse SPR(λT)
band should only show a slight blue-shift [40].

The size of the Ag and Pd nanoparticles decreased with
use of ethylene glycol and acetic acid. Solvents such as
ethylene glycol yielded nanoparticles with average sizes of
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Figure 3: TEM micrographs of (a)–(c) Ag nanoparticles and (e), (f) Pd nanoparticles synthesized using vitamin B2 in acetic acid, ethylene
glycol, and NMP with sucrose as a capping agent, respectively.
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Figure 4: TEM micrographs of (a), (b) Ag and Pd nanostructures synthesized using vitamin B2 in water and (c), (d) in isopropanol,
respectively.
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Figure 5: TEM image of self-assembled Ag and Pd nanowires/nanorods synthesized using vitamin B2. (a), (b) Ag and Pd nanorods in acetone
and (c), (d) Ag and Pd nanowires/nanorods in acetonitrile. Inset shows corresponding selected area electron diffraction patterns.

6.1 ± 0.1 nm for Ag (Figure 2(a)) and 4.1 ± 0.1 nm for
Pd (Figure 2(b)). Acetic acid afforded nanoparticles rang-
ing from 3 to 8 nm with an average of 5.9 ± 0.1 nm for Ag
(Figure 2(c)) and 1 to 7 with an average size of 4.1 ± 0.1 nm
for Pd (see Supplementary Material 1 Available online at
doi:10.1155/2008/782358). Changing solvent, for example,
using N-methylpyrrolidinone (NMP), yielded nanoparticles
ranging from 3 to 9 nm with an average of 6.1±0.1 nm for Ag
(Figure 3(d)) and 5 to 13 nm with an average of 9.2± 0.2 nm
for Pd (see Supplementary Material).

Solvents such as ethylene glycol, acetic acid, and NMP are
not mere solvents but can modify the reaction conditions by
virtue of their reducing character and pH, and so forth, and
thereby change size and shape of the particles. For example,
ethylene glycol is essentially a reducing agent and can help to
reduce noble salts to corresponding metals when compared
with other solvents such as NMP, water, and so forth. The
more reduction nature atmosphere, the bigger the particle
size formation. In contrast, NMP can form complexes with
noble salts and can slow the metal reduction rate and hence,
decrease in particle size. However, other solvents do not in-
terfere a great deal in the reduction. In this context, we con-
ducted control experiments using sucrose as a capping agent
wherein we observed only nanoparticles with higher particle
size (see Figure 3). This is due to masking of solvent effect
(reducing and complexing behavior) on nanoparticles and
hence the formation of bigger particle size. The TEM micro-

graphs of Ag and Pd nanoparticles self-assembled in water
and isopropanol are shown in Figure 4.

In water, Ag, and Pd nanoparticles started to self-
assemble into rod-like structures. In isopropanol, Ag and
Pd nanoparticles yielded wire-like structures with a thick-
ness in the range of 10 to 20 nm and several hundred mi-
crons in length. In acetone and acetonitrile medium, the
Ag and Pd nanoparticles are self-assembled into a regular
pattern making nanorod structures with thicknesses rang-
ing from 100 to 200 nm and lengths of a few microns (see
Figures 5(a)–5(d)). The formation of self-assembly was due
to strong inter-particle van-der-Waals interactions and hy-
drophobic interactions in aqueous solutions. Irrespective of
solvent used Ag and Pd crystallized in fcc symmetry. To
take the advantage of self-assembly, we were able to mea-
sure two-probe conductivity. For instance, Ag nanorods pre-
pared from acetonitrile solvent casted on a gold electrodes
5 μm apart gave a conductivity of (40 to 80) × 106 depend-
ing on electrode contact which is very much comparable
to conductivity of the bare Ag reported [41]. It is interest-
ing to note that self-assembled Pd nanoparticles can catalyze
monomers such as pyrrole and aniline to afford polypyrrole
and polyaniline nanocomposites (see Figure 6 for SEM and
UV spectra and Figure 7 for TEM images). In the present
study, Pd- and Ag-catalyzed polypyrrole yielded nanofiber
nanocomposite formation in contrast with the literature re-
ports that deliver spherical nanoparticle composites [42].
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Figure 6: (a) SEM image of polypyrrole nanocomposites catalyzed
by self-assembled Pd nanoparticles synthesized in water media us-
ing vitamin B2 and (b) corresponding UV spectra.

The broad absorption spectrum from 600 to 900 nm is due
to the characteristic peak of polypyrrole formation [43]. We
believe these one-dimensional fiber nanocomposites filled
with noble nanoparticles may find applications in sensors,
hydrogen-storage material, fuel cell membranes, catalysis,
and other biological applications.

In summary, we report the following.

(i) High yield, room temperature, solvent-assisted self-
assembly to prepare noble nanostructures such as Ag
and Pd nanospheres, nanowires, and nanorods using
vitamin B2 in different solvent media thereby provid-
ing new opportunities in a myriad of applications,
such as catalysis, antibacterial coatings, fuel cell mem-
branes, and so forth.

(ii) The method employed no special capping, dispersing,
or polymer as a coating agent.

(iii) Formation of noble nanostructure multiple shapes and
their self-assembly depended on the solvent used for
the preparation.

100 nm

(a)

100 nm

(b)

Figure 7: TEM image of (a) polypyrrole nanocomposites and
(b) polyaniline nanocomposites catalyzed by self-assembled Pd
nanoparticles synthesized in water media.

(iv) This single-step greener approach (when used in wa-
ter) is general and may be extended to other transition
metal oxides.

(v) Self-assembled Ag and Pd nanoparticles catalyzed re-
actions of aniline and pyrrole to generate polyaniline
and polypyrrole nanocomposites.
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Among various ways to produce nanowires, anodic alumina membrane- (AAM-) based synthesis has constantly received much
attention, because AAM has a uniform and parallel porous nanostructure which makes it an ideal template material for fabricating
highly ordered nanostructures. In this paper, we report fabrication of InSb nanowire arrays with diameter of 200 nm and
30 nm by direct current electrodeposition inside the nanochannels of anodic alumina membranes without subsequent annealing.
The nanowires have four major growth directions, (220) being the most dominant with structure defects such as twins. The
transmission electron microscopy (TEM) and scanning electron microscopy (SEM) results demonstrate that these InSb nanowires
are uniform with diameters about 200 nm and 30 nm, corresponding to the pore diameter of the AAMs. The I-V measurement of
a single nanowire is also reported with encouraging preliminary results.
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1. INTRODUCTION

InSb is well known for its direct narrow band gap (0.18 eV
at 300 K) and various applications in electronic and opto-
electronic devices with a very high-electron mobility (8 ×
104 cm2V−1s−1at 300 K), electron velocity, and ballistic
length (up to 0.7 μm at 300 K), and ideal candidates for
detector arrays operating in the infrared wavelength, high-
speed electronic devices, and magneto resistive sensors [1].
In the past few years, there has been increasing interest
in nanostructure III-V semiconducting materials due to
their potential applications. Different methods have been
used to fabricate the nanowires, such as vapor-liquid-solid
(VLS), physical vapor deposition (PVD), and hydrothermal
methods [2–10]. Comparatively, the pulsed electrodepo-
sition process, using anodic alumina membranes (AAM)
as template, is an effective and inexpensive method to
fabricate nanowires. However, although it is considered that
the electrodeposition of high-quality compound InSb with
precise stoichiometry at ambient temperature from aqueous
solutions is a challenge, it is surprising that only a few studies
on this important issue have been reported [11–13]. Other
than thin films on a substrate [14–16], fabrication of InSb
nanowires and nanocables by simple electrodeposition in

anodic alumina membranes was reported [17]. Transport
properties along with thermal properties of InSb nanowires
have been shown very recently [18–22]. But these properties
were reported only for the whole template or membrane
embedded with nanowires and single nanowire properties
are not measured or reported so far. Also, no attention
has been given to the photoconduction properties of InSb
nanowires despite the exciting possibilities for using InSb
nanowires in optoelectronic circuits or as infrared detectors.
We have synthesized InSb nanowires with single-crystal
structures, diameters as small as from 30 to 200 nanometers
by electrochemical deposition in the porous anodic alumina
template and exploring the possible applications for nano-
electronics devices such as field effect transistors and Infrared
photodetectors [23–28].

2. EXPERIMENTAL PROCEDURES

2.1. Synthesis

The AAMs were purchased from Whatman Inc. Florham
Park, NJUSA and Synkera Technologies, Inc. (Longmont,
Colo, USA). The diameters of the pores in the AAMs are
about 30 nm and 200 nm, and the thickness of all AAMs
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Figure 1: (a) SEM of a bundle of aligned nanowires released from AAM with 200 nm pores, (b) SEM of a single 200 nm-diameter InSb
nanowire, (c) SEM of a bundle of nanowires after they are removed from the template with 30 nm pores, and (d) SEM of one single isolated
30 nm-diameter InSb nanowire.

used here is about 60 μm. A layer of Au about 200 nm in
thickness was sputtered onto the bottom side of the AAMs
to serve as a conduction contact. The electrodeposition was
carried out in a typical three-electrode electrochemical cell
equipped with a platinum electrode as the counter electrode,
Ag/AgCl as reference electrode, and the AAMs with Au back
layer as the working electrode controlled by a potentio-
stat/galvanostat (Princeton Applied Research Company (Oak
Ridge, Tenn, USA), model: Potentiostat 263A). All chemicals
were analytical grade used without further purification.
We had performed a series of experiments and optimized
the deposition parameters as follows: 0.1 M SbCl3, 0.15 M
InCl3, 0.36 M citric acid, and 0.17 M potassium citrate at
pH 1.8. The citrate ions are used as the complexion agents
to bring the deposition potential of In and Sb closer to
maintain binary growth. The deposition was conducted for
40 minutes under the deposition potential of −1.5 V versus
Ag/AgCl reference electrode at room temperature. After the
deposition, the sample was washed several times in distilled
water and rinsed with acetone.

2.2. Characterization

The as-synthesized products were characterized by X-ray
diffraction (XRD) machine (BRUKER AXS, Inc. Madison,
WI USA, model: D8 Advance), transmission electron micro-
scope (FEI Company (Hillsboro, Ore, USA), model: CM
300), and Scanning electron microscope (JEOL Company
(Tokyo, Japan), model: JSM-6300) equipped with energy dis-

persive X-ray spectroscopy. For TEM analysis, the products
were immersed in 3 M NaOH solution for several minutes to
centrifuge and were washed with distilled water to remove
the dissolved AAMs and the remaining NaOH solution; the
nanowires were dispersed in deionized water. Then, drops
of the solution were dripped onto copper grids coated with
holey carbon film. For SEM observation, the products were
treated with 3 M NaOH for about 30 minutes and washed
with distilled water then was placed on Si substrate.

3. RESULTS AND DISCUSSION

SEM observations in Figure 1(a) show that the InSb nano-
wires are uniformly distributed, highly ordered, parallel
to each other, and their diameters are all about 200 nm,
corresponding to the pore diameter of the AAM used. It can
be seen in Figure 1(b) that the nanowires are uniform in
diameter and have a smooth surface. Figures 1(c) and 1(d)
show the bundles of nanowires after removing from a mem-
brane with 30 nm pores. Depending on the pore diameter of
the AAM, InSb nanowire arrays with different diameters can
be obtained. The length of InSb nanowires varies between
5 μm to 20 μm, which corresponds with the deposition time
used and also the speed of the centrifuge during cleaning.
The length of the nanowires can be modulated by changing
the thickness of the AAM or the pulsed deposition time.
Figures 2(a) and 2(b) show a typical EDS spectrum of InSb
nanowire and the XRD patterns, respectively. The diffraction
peaks can be indexed to a cubic zinc-blended phase of InSb
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Figure 2: (a) Energy dispersive spectrum of a single InSb nanowire, (b) XRD pattern of InSb nanowire arrays show four preferred directions
of growth.
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Figure 3: (a) Electron transparent edge of an InSb nanowire in a TEM bright field image, (b) selected area diffraction pattern (SAED) shows
hexagonal pattern on a (0-2-2) zone axis, and (c) high-resolution TEM image of the junction between an atomically abrupt inter-twinning.
The arrows are showing the junctions.

crystal from the American Mineralogist Crystal Structure
Database (AMCSD). One can see that the intensity of the
diffraction peak at 2θ = 39.34◦ is relatively stronger than
the other diffraction peaks, demonstrating that the InSb
nanowires deposited in AAM grow preferentially along (220)
crystal direction.

The transmission electron microscope (TEM) images of
one single InSb nanowire released from AAMs is shown
in Figure 3(a). The corresponding selected-area electron
diffraction (SAED) pattern indicates that the InSb nanowires

are single crystalline in Figure 3(b). The SAED pattern was
taken along the nanowires, but changes along the length
of the nanowires. This means that the nanowires are single
crystal with a slight structural deformation along the length
which is seen in the high resolution TEM (HRTEM) image in
Figure 3(c). The HRTEM obtained from the nanowire shown
in Figure 3(a) is shown in Figure 3(c) depicting the twinning
pattern present in the crystal structure. The deformations
may be due to the release process of nanowires from the
membrane, which involves etching with NaOH, washing



4 Journal of Nanomaterials

5μm

InSb NW

Au
lines

Au
pads

(a)

Voltage (V)

−4 −3 −2 −1 0 1 2 3 4

C
u

rr
en

t
(A

)

−4E-07
−3E-07

−2E-07
−1E-07

0E+00
1E-07
2E-07
3E-07
4E-07

I-V of a single InSb NW

(b)

Figure 4: (a) Au-InSb-Au contacts (Schottky) made by electron
beam lithography (EBL) technique for a single NW, (b) I-V
characteristics show the nonlinear rectifying effect due to the metal-
semiconductor-metal contacts.

with acetone and isopropanol and finally centrifuging in
deionized water.

Numbered grids were written onto a silicon wafer using
electron beam lithography technique (EBL) for fabricating
test beds for electrical measurements. The synthesized
InSb nanowires were suspended in deionized water and
transferred onto each grid. A scanning electron microscope
was used to locate and image the deposited wires. With
the images as reference, contacts to the nanowires were
designed using an SEM/E-beam Lithography system (Carl
Zeiss Company, model: Leo SUPRA 55). The Si chip was
spin-coated with a polymer resist layer (PMMA) for using
with electron beam lithography, which involves exposing the
resist layer to high-energy electrons in a pattern defined
by the drawing programmed in the lithography system.
Through developing, the resist is removed from the exposed
areas. A layer of Au is evaporated for making contact patterns
to the measurement devices. After metals are deposited, the
remaining polymer is removed using acetone and the EBL
patterns of gold lines were found on top of the nanowires at
the desired sites (Figure 4(a)). Electrical measurements were
made using a semiconductor parameter analyzer (Agilent
Technologies, Inc. Santa Clara, CA USA, model: 4155C)
coupled with a probe station (Signatone Corporation Gilroy,
CA USA, model: H 100) by applying a constant voltage across
the nanowire and current was measured. Figure 4(b) shows
that the I-V curves exhibit a nonlinear characteristic and

might be referred to the Au/InSb/Au junction structure. It
is well known that contacts made by EBL shows rectifying
behavior which can be explained considering the existence
of two back-to-back Schottky barriers connected in series
to both extremes of the nanowire, that is, Au-InSb-Au. The
observed rectifying behavior at room temperature tends to
disappear at higher temperatures which is being studied at
present and will be reported in near future. Nevertheless, it
could be ascertained to the fact that conduction electrons
possess enough mobility to overcome the energy barrier
existing in Schottky junctions.

4. CONCLUSION

In summary, near-stoichiometric InSb nanowires have
been synthesized by using dc electrodeposition inside the
nanochannels of AAMs without subsequent annealing.
Achievement of better control of stoichiometry than demon-
strated here may be possible and will be important for future
device applications. The nanowires also conduct almost
no current in the dark, but when hit with light, they
conduct 10000 times more current which was also found
recently. This photoconduction property could lead to a
variety of tiny optoelectronic devices potentially useful in
future generations of nanoelectronics, chemical sensors, and
eventually provide clues to the fabrication of tiny solar cells.
The light-induced conductivity increase and the temperature
dependent behavior of the nanowires will be reported in near
future.
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Controlling the growth of semiconducting nanowires with desired properties on a reproducible basis is of particular importance
in realizing the next-generation electronic and optoelectronic devices. Here, we investigate the growth of cupric oxide (CuO)
nanowires by direct oxidation of copper-containing substrates at 500◦C for 150 minutes at various oxygen partial pressures. The
substrates considered include a low-purity copper gasket, a high-purity copper foil, compacted CuO and Cu2O thin layers, and
layered Cu/CuO and Cu/Cu2O substrates. The morphology, composition, and structure of the product CuO nanowires were an-
alyzed using scanning electron microscopy, energy-dispersive X-ray spectroscopy, transmission electron microscopy, selected area
electron diffraction, X-ray diffraction, and UV-Visible absorption. Selected oxidation processes have been monitored using a ther-
mogravimetric analyzer. The layering structure of the substrate after oxidation was analyzed to elucidate the growth mechanism
of CuO nanowires.

Copyright © 2008 Benjamin J. Hansen et al. This is an open access article distributed under the Creative Commons Attribution
License, which permits unrestricted use, distribution, and reproduction in any medium, provided the original work is properly
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1. INTRODUCTION

One-dimensional nanostructures that can efficiently trans-
port electrical carriers have been an exciting area of research
due to their potential applications in next-generation opto-
electronic [1], electronic [1], bio- [2], and gas- [3] sensing
devices. Research in the controlled growth of semiconduct-
ing nanowires (NWs) is of particular importance in achiev-
ing the desired properties on a reproducible basis. Vari-
ous growth techniques have been employed, including the
vapor-liquid-solid growth [4], epitaxial growth [5], vapor-
solid growth [6], wet chemical methods [7], and electrospin-
ning [8]. For vapor-solid growth, it has been known since
the 1950s that the oxidation of various metals, including cop-
per, iron, zinc, and tantalum, at intermediate temperatures,
results in a parallel oxide layering with high-density oxide
wires/whiskers at the surface [9]. However, only recently with
the advent of advanced characterization and assembly tech-
niques has this phenomenon revived interest. The simplicity
of the vapor-solid technique, together with its high NW yield
and potential for controllability, makes it an attractive avenue
for NW growth.

Cupric oxide (CuO) has been extensively studied due
to its application in high Tc superconductors [10] and as
a heterogeneous catalyst [11]. In addition, bulk CuO with
a known band gap of 1.2 eV has an interesting monoclinic
crystal structure belonging to the Mott insulator material
class whose electronic structure cannot be described by con-
ventional band theory [12]. CuO NW arrays have been re-
cently applied to various applications including gas sens-
ing [3], field emission [13, 14], and photovoltaic devices
[7]. The vapor-solid oxidation technique has been widely
used to grow CuO NWs [6, 14–17] from copper substrates.
Recent studies on CuO NWs have focused on the influ-
ence of temperature, growth time, and oxidative environ-
ment on the growth rate, size distribution, and areal den-
sity of CuO nanowires [6, 14, 15]. It has been shown that
the growth time can be used to control NW length dis-
tribution, the growth temperature can be used to con-
trol the NW diameter distribution [6], and the O2 and
H2O partial pressures strongly affect the NW areal den-
sity [15, 16]. The surface condition of the copper substrate
was also shown to significantly affect the nanowire growth
[17].
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Figure 1: Bright field TEM (a) and HRTEM (b) images of a nanowire grown from a high-purity Cu foil with the inset of (a) being a SAED
pattern; (c) BF TEM image of a nanowire grown from a low-purity Cu gasket; and (d) HRTEM image of a nanowire (the inset) shows fringes
that are not parallel to the nanowire axis.

A common problem with the vapor-solid oxidation
growth of CuO NWs from copper substrates is that the mis-
matching stress between the substrate and the oxide layer
leads to the flaking of the oxide layer and hence the poor
electrical contact between the NW and the substrate. Herein,
we investigate the growth of CuO NWs directly from copper-
containing substrates, such as CuO and Cu2O layers with and
without a Cu substrate. In addition, the effect of O2 partial
pressure on NW areal density is investigated. The layering
of the substrate after oxidation is analyzed to elucidate the
growth mechanism. The resulting CuO NWs on a conduct-
ing/semiconducting substrate can be directly used for elec-
tronic applications.

2. EXPERIMENTAL DETAILS

Both copper substrates and copper-containing substrates
were used for the growth of CuO NWs. Copper substrates
used include a low-purity Cu gasket with high surface rough-
ness and a high-purity Cu foil (5Ns, 0.2 mm thick) with
low surface roughness. Before the NW growth, the Cu sub-
strates were cleaned in 1 M HCl solution for ∼30 seconds,
then rinsed in deionized water, and finally dried in a dry
airflow. Copper-containing substrates used include CuO and
Cu2O thin layers that were created by compacting commer-
cial CuO (3Ns, <74 μm) and Cu2O (2Ns, <74 μm) powders
under 103 MPa for ∼2 minutes. Likewise, CuO and Cu2O
powders were deposited onto high-purity Cu foils and com-
pacted to create Cu/CuO and Cu/Cu2O layered substrates.

CuO NWs were grown by direct oxidation of the above
substrates in pure O2 or Ar–O2 mixtures. The oxidation
processes were normally carried out inside a Lindberg/Blue
Mini-Mite tube furnace. However, to monitor the oxida-
tion process, a few substrates were oxidized using a TA In-
strument SDT 2960 horizontal thermogravimetric analyzer
(TGA). During a typical oxidation procedure, a substrate
was exposed to an Ar–O2 gas mixture of 5 lpm with the de-
sired O2 partial pressure, then heated at ∼50◦C/min to an
isotherm of 500◦C and held for 150 minutes. Upon cooling
down, a pure inert gas flow was introduced to prevent the
further oxidation. The O2 partial pressures were controlled
at 10%, 15%, 20%, and 100% (pure O2) by mixing O2 with
Ar at appropriate flow rates using mass flow controllers.

Following the oxidation process, each sample was ana-
lyzed using a Topcon ABT-32 scanning electron microscope
(SEM) equipped with an energy dispersive X-ray (EDX)
spectrometer. SEM images were used to analyze the NW
morphology and oxide layering and the EDX was used to
determine the elemental composition of the sample. The as-
produced NW samples were first scratched off their grow-
ing substrates, and then transferred onto copper grids and
analyzed using a Hitachi H 9000 NAR transmission elec-
tron microscope (TEM) for bright field (BF) TEM and high-
resolution TEM (HRTEM) imaging and selected area elec-
tron diffraction (SAED). A Scintag XDS 2000 X-ray diffrac-
tometer (XRD) was used for further analyzing the crystal
structure of the samples. An Ocean Optics 2000 UV-Visible
spectrometer was used to obtain the absorption spectrum
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Figure 2: SEM images of oxidized copper substrates at various O2 partial pressures: (a) 10%, (b) 15%, (c) 20%, and (d) 100%.

(reflection mode) of an as-grown high-density NW array.
The reflection from a high-quality mirror was used as the
reference.

3. RESULTS AND DISCUSSION

Figures 1(a) and 1(c) show low-magnification TEM im-
ages of nanowires grown in pure O2 from a high-purity
Cu foil and a low-purity Cu gasket, respectively. The cor-
responding HRTEM images of the NWs are shown in Fig-
ures 1(b) and 1(d), respectively. The visible stripes identi-
fied with different contrasts in Figures 1(a) and 1(c) indi-
cate that as-grown nanonwires bear faceted instead of cir-
cular cross-sections. The SAED pattern of the NW in the
inset of Figure 1(a) confirms the crystallinity of product
nanowires and the direction of diffraction spots is consis-
tent with the fringe direction shown in the HRTEM image
of Figure 1(b). The lattice spacing of the NWs was measured
as 0.252 nm, corresponding to the (111) plane of CuO. The
direction of the fringes in Figure 1(b) is in parallel with the
nanowire axis, while the fringes shown in Figure 1(d) are
not parallel to the wire axis, with a similar angle of 50◦ re-
ported in [9]. The two observed fringe directions may be at-
tributed to the difference in surface orientation or surface
roughness of the corresponding substrates [18, 19]. The di-
rection in which a crystal grows on a substrate is dependent
on the orientation of the seed crystal. As CuO NWs grow
from a Cu foil, which is polycrystalline and consists of grains
with varying crystallographic orientations, their growth di-
rections would be different from each other, leading to dis-
similar fringes of the NWs in HRTEM images.

The low-purity copper substrates were oxidized at four
different O2 partial pressures of 10%, 15%, 20%, and
100%. Upon inspection after oxidation, the surfaces of the
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Figure 3: UV-Visible absorption spectrum of a CuO nanowire ar-
ray.

copper substrates were tarnished from light to dark grey with
respect to the 10% to 20% O2 partial pressures, whereas the
substrate oxidized in 100% O2 was tarnished almost com-
pletely black with only several small grey areas. The SEM
images of the oxidized copper substrates are shown in Fig-
ures 2(a)–2(d). Since the NW density varies throughout the
surface of each individual substrate, the images shown are
those representative areas with more uniformly dense NWs
on each substrate. The NW density and the vertical align-
ment increase with increasing O2 partial pressures, while
the average length and diameter of the NWs seem to de-
crease with decreasing O2 partial pressures. Most NWs ap-
pear to be tapered like a needle or whisker, which may be
due to the high roughness of the substrate and the subse-
quent merging of multiple NWs into one NW during the
growth. In the case of pure O2, the areas of highest NW
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Figure 4: (a) SEM images and (b) XRD spectrum of an oxidized copper substrate.
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Figure 5: EDX spectra and region analysis: (a) CuO standard; (b) top of the oxide flake; (c) Cu2O standard; and (d) bottom of the oxide
flake.



Benjamin J. Hansen et al. 5

10μm15 kV 1000× 0000

(a)

4μm15 kV 2500× 0000

(b)

10μm15 kV 1000× 0000

(c)

10μm15 kV 1000× 0000

(d)

Figure 6: SEM images of the substrates after oxidation: (a) Cu/Cu2O, (b) Cu/CuO, (c) Cu2O thin layer, and (d) CuO thin layer. The insets
show the amplified top surface details of the corresponding substrates.
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Figure 7: TGA results of the oxidation process from (a) Cu2O thin layer (initial mass: 49.598 mg) and (b) CuO thin layer (initial mass:
38.061 mg).

density were those that tarnished black. And the light to dark
grey samples with 10 to 20% O2 partial pressures corre-
spond to the low to medium NW density. Since bulk CuO
is known to be grey to black in color and Cu2O is red, it
can be roughly inferred that the oxide surface and possi-
bly the NWs are CuO. However, in many cases the color
of nanostructures is very different from that of their cor-
responding bulk structures due to morphology-induced in-
terference and scattering. Thus, the observed color can only
be used as a rough guide and the actual composition of
the surface and the NWs must be obtained with the aid of

advanced characterization techniques. A UV-Visible absorp-
tion spectrum of a high-density NW array similar to the sam-
ple shown in Figure 2(d) is presented in Figure 3. The band
gap of the as-grown NWs was estimated from the absorption
spectrum by fitting a tangential line passing the midpoint of
the first absorption edge (750–940 nm) and reading out the
x-intercept. In this way, a band gap of approximately 1.2 eV
(1030 nm) corresponding to bulk CuO can be extracted.

To further analyze the oxide layering structure, an ox-
ide flake was carefully removed from a copper substrate ox-
idized in pure O2. The SEM image of the flake is shown
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Figure 8: XRD spectra of the substrates involving Cu2O (a) and CuO (b).

in Figure 4(a), with an amplified figure shown in the inset.
Three layers can be distinguished: a bottom layer that lies di-
rectly above the copper substrate, an intermediate layer that
the NWs grow from, and a top NW layer. The XRD spec-
trum of an oxidized Cu substrate is shown in Figure 4(b),
which indicates the presence of both Cu2O and CuO. How-
ever, no information on the individual layer composition can
be extracted. The theoretical layering composition (labeled
in Figure 4(a)) has been discussed in [8, 9] with CuO as the
NWs and the intermediate layer and Cu2O as the bottom
layer. The theoretical hypothesis on the NWs has been proved
by our experiments.

To confirm the rest of the layering composition, EDX
spectra were obtained from the top and the bottom surfaces
of an oxide flake similar to that shown in Figure 4. In addi-
tion, EDX standards were produced from compacted CuO
(3Ns) and Cu2O (2Ns) powders. The resulting spectra and
region analysis are presented in Figure 5. The spectra were
made up of ∼100 000 counts, taken at identical parameters
of 5 keV and 10 000×magnification with a 60 degree sample
tilt. Regions of 0.400–0.600 keV and 0.620–1.080 keV were
created about the OKα and CuLα peaks, respectively, and
the number and the percentage of gross counts in each re-
gion was determined. The relatively small fraction of oxygen
counts detected is due to the low energy X-rays produced
and the subsequent reabsorption upon exiting the sample
material. The results indicate that the percent of gross counts
for oxygen and copper taken from the bottom of the flake
matched that of the standard Cu2O. Likewise, the percent of
gross counts for oxygen and copper taken from the top of
the flake matched that of the standard CuO. Furthermore, a
simple calibration has been carried out to correlate the gross
count ratio of oxygen to copper with the molar ratio of O to
Cu (or x value of CuOx, where x equals 0, 0.5 and 1 for Cu,
Cu2O, and CuO, resp.) in standard reference samples. The
resulting x value is 0.99 for the top layer and 0.48 for the bot-

tom layer in our sample. Our experimental results indicate
distinct oxide layers and directly agree with the theoretical
speculation [8, 9] of the bottom layer of Cu2O and the inter-
mediate layer of CuO. The layering structures can be used to
interpret the CuO NW growth mechanism as elaborated in
[6]: Cu2O acts as a precursor for the second oxidation step to
CuO where the slow production rate of CuO results in a lo-
calized CuO vapor pressure and a continuous growth mode
for CuO NWs by means of the vapor-solid growth mecha-
nism.

Compacted CuO and Cu2O layers with and without the
Cu foil support were also used to grow CuO NWs in pure
O2 at 500◦C for 150 minutes. The SEM images of the oxi-
dized substrates are presented in Figure 6. High-density NW
growth on the Cu/Cu2O substrate, medium NW growth on
the Cu/CuO substrate, low NW growth on the Cu2O sub-
strate, and no NW growth on the CuO substrate have been
observed. The results indicate the importance of Cu2O to
CuO conversion for the growth of CuO NWs as well as the
presence of a Cu substrate for high-density NW growth. The
importance of the Cu substrate is possibly in its role as a
Cu ion source and in establishing a chemical potential gra-
dient for the diffusion of Cu ions to the substrate surface. In
Figure 6(a), the relatively thick compacted Cu2O layer with
high-density NWs at its surface is seen at the top side of the
Cu substrate and the familiar layering scheme is observed at
the bottom of the substrate. Also note that the oxide layers of
Figures 6(a)–6(c) are uniformly structured with less or with-
out pores, whereas the presumably unchanged CuO sample
in Figure 6(d) has a porous structure consistent with com-
pacted powders.

To determine if the oxidation took place, the Cu2O and
CuO thin layers were processed separately in a TGA. From
the TGA results shown in Figure 7, it is clear that the Cu2O
thin layer oxidized whereas the CuO thin layer did not.
The small decrease in the weight for the CuO thin layer is
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a consequence of the thermal expansion of the TGA and can
be ignored. XRD spectra were also obtained from each sam-
ple and compared to those of unprocessed Cu2O and CuO
in Figure 8. For those samples which oxidized to form CuO
NWs (Cu2O, Cu/Cu2O, Cu/CuO), the XRD spectra indicate
the presence of both CuO and Cu2O, suggesting the impor-
tance of the oxide layering on NW growth.

4. CONCLUSION

CuO NWs have been successfully grown from both copper
and copper-containing substrates through direct oxidation
of the substrates in oxidative environments. The as-grown
NWs have a band gap of ∼1.2 eV (1030 nm) correspond-
ing to bulk CuO. Oxygen partial pressure was found to sig-
nificantly affect NW growth. The vertical alignment of the
NW increases with increasing O2 partial pressures, while the
average length and diameter of the NWs seem to decrease
with decreasing O2 partial pressures. Analyses on the oxi-
dized substrates indicate CuO as the NWs and the interme-
diate layer and Cu2O as the bottom layer. The oxidation of
compacted CuO and Cu2O layers with and without a Cu sub-
strate suggests the importance of Cu2O to CuO conversion
for the growth of CuO NWs, as well as the importance of a
Cu substrate for high-density NW growth.
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A novel methodology based on the dissolution-growth mechanism was developed to prepare ZnO nanowire films. The film mor-
phology and structure were investigated by using field emission scanning electron microscopy, high-resolution transmission elec-
tron microscopy, and X-ray diffraction analysis methods. The results show that the ZnO nanowires are single crystalline c-oriented
wurtzite. The ZnO rod crystals were eroded to provide the growth primitive of ZnO nanowires, which formed on top of the rod
crystals when the erosion reaction got the equilibrium. The length of the resultant nanowires is rather large because the successive
erosion of the rod crystals maintains the low concentration of Zn2O(OH)2n−2 in the aqueous solution.
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1. INTRODUCTION

One-dimensional zinc oxide represents an important basic
material due to its low-cost, large-band [1], and luminescent
properties and has wide applications in photocatalyst [2],
gas sensor [3], varistor [4], transparent conductive coating
[5], and solar cells [6]. The fabrication of one-dimensional
zinc oxide has been widely studied by different methods.
For example, vapor-liquid-solid epitaxial (VLSE) mecha-
nism [7], thermal evaporation [8], hydrothermal methods
[9], template-based growth [10], chemical vapor deposition
[11], and pulsed laser deposition [12] have been successful
in creating 2D-oriented arrays of ZnO rods. Among these
methods, solution process has been demonstrated to be a
facile method for synthesizing ZnO due to its own advan-
tages such as simplicity, reproducibility, non-hazardousness,
cost effectiveness, being suitable for producing large-area
thin films. Various morphologies have been achieved by
aqueous solution method, for example, rod-like [13], tube-
like, flower-like crystals [14], and so on.

But up to now, growth of nanowire with large length has
not been achieved by aqueous solution method. The diam-
eter of ZnO nanocrystals is dependent on the concentration
of the solution [13, 15]; nanorods can be obtained when the
concentration is relatively low, but nanowires cannot because
the concentration of the solution will decrease greatly with

the crystal growth. So it is essential to maintain the concen-
tration of the solution during the whole growth process to get
nanowires with larger length. In this paper, a novel method
was developed to obtain large-scale ZnO nanowires based on
the basic dissolution-growth mechanism. The successive ero-
sion of rod crystals was used to maintain the zinc concentra-
tion in the solution.

2. EXPERIMENTAL

ZnO rod films were fabricated in aqueous solution using
the method in [13, 16]. To prepare ZnO nanowires, 1 M
NH3·H2O aqueous solution was added in a 25 mL beaker,
and stirred for several minutes. Then ZnO rod films (2 ×
1 cm) were inserted in the solution and the beaker was sealed.
After the beakers were kept in an oven at 80◦C for 2−6 hours,
the films were removed from the solution and dried under
vacuum at 80◦C. The pH value of the initial solution was
11.5, and it decreased slightly to 11.2 after the erosion for
6 hours.

The ZnO nanowires were characterized by using field
emission scanning electron microscopy (FESEM, JEOL 6700,
200 kV), high-resolution transmission electron microscopy
(HRTEM, PHILIPS TECNAI G2 F20, 300 kV). X-ray diffrac-
tion was recorded by Rigaku D/max-2500 X-ray diffractome-
ter (30 kV, 20 mA) with copper targets (λ = 0.154059 nm).
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Figure 1: FESEM photographs of ZnO films eroded for different periods: (a) 0 hour, (b) 2 hours, (c) 4 hours, and (d) 6 hours.
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Figure 2: XRD pattern of ZnO film obtained after erosion for 6
hours in the ammonia solution.

3. RESULTS AND DISCUSSION

Morphology of ZnO films obtained in ammonia solutions
with different reaction times is shown in Figure 1. Figure 1(a)
illustrates the FESEM image of the as-grown ZnO rod films,
from which it can be seen that the substrate was covered with
hexagonal rod crystals with the diameter of 0.2−0.6 μm. The
morphology evolution during the erosion process is shown
in Figures 1(b), 1(c), and 1(d). As depicted in Figure 1(b), af-
ter 2 hours of reaction, hexagonal pits with the wall thickness
of ∼30 nm formed on top of the rod crystals. This process is
similar to the rod crystals growth, which we have found pre-
viously [15], namely, both erosion and growth begin from
the center at (0001) plane of the rod crystals. As the period
of the process was prolonged to 4 hours, nanowires appeared
on surface of the films, of which the diameter was about 25∼
40 nm (as seen in Figure 1(c)). The nanowires became longer
and thicker when the reaction time was increased to 6 hours
(Figure 1(d)).

Figure 2 shows the XRD pattern of the ZnO film illus-
trated in Figure 1(d). The high (002) peak is indexed as the
wurtzite structure of ZnO, indicating that the nanowires are
highly c-oriented. An energy dispersive spectroscopic (EDS)
analysis of the film (Figure 3) shows that the products are
mainly composed of Zn and O elements, consistent with the
result of XRD.

Figure 4 shows the HRTEM image of a part of a typical
ZnO nanowire. The diameter and length of the nanowire are
30 nm and more than 5 μm, respectively. So the aspect ratio

of the nanowire is more than 160, which is the typical char-
acteristic of nanowire.

Figure 5 shows HRTEM and TEM (inset) images of a
ZnO nanowire, demonstrating the single-crystalline struc-
ture of the nanowire. The lattice spacing of 0.28 nm shown
in the HRTEM image of Figure 5 corresponds to a d-spacing
of (10 0) crystal planes, confirming that the nanowire is c-
oriented.

The growth of ZnO nanowire can be described based on
the chemical equilibrium of dissolution-regrowth in the so-
lution. Yamabi and Imai [17] and Peterson and Gregg [18]
found that ZnO(s) only formed at small region in the phase
diagram, thus suitable pH value and Zn species concentra-
tion is necessarily required. In aqueous solutions at pH >
9, Zn (II) soluble species in the form of hydroxyl complexes
such as Zn(OH)2 (aq) and Zn(OH)2−

4 increase [16], the ther-
modynamic equilibrium for ZnO(s)-H2O system can be rep-
resented by

ZnO(s) + (n− 1)H2O ←→ Zn(OH)2−n
n (aq) + (n− 2)H+.

(1)

As is well known, supersaturation is required for crystal
growth in solution. In our system, the erosion should stop
when the process achieves the equilibrium according to (1).
However, the growth of nanowire indicates that the solution
is supersaturated, which suggests that the erosion and growth
proceed simultaneously when the reaction get the equilib-
rium.

When ZnO(s) is introduced into the basic solution, the
equilibrium in (1) moves to the right because of the low
Zn(OH)2−n

n (aq) concentration and H+ consumption. Thus
the ZnO(s) will be eroded. As the erosion time increases, the
concentration of Zn(OH)2−n

n (aq) increases and approaches
to the critical supersaturation. Peterson and Gregg [18] and
Yamabi and Imai [19] have found that Zn(OH)2−n

n (aq) can
form polyhydroxyl zinc complex, which was represented by

[Zn(OH)n]2−n + [Zn(OH)n]2−n

−→ [Zn2O(OH)2n−2]4−2n + H2O,
(2)

where n = 2 or 4, Zn2O(OH)2n−2 supplies the source of
the heterogeneous nucleation and growth of ZnO nanowires.
The concentration of Zn(OH)2−n

n (aq) and Zn2O(OH)2n−2 in-
creases with the erosion of the rod crystals and then the reac-
tion achieves the equilibrium. The erosion process continues,
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Figure 3: EDS picture of the ZnO film obtained after erosion for 6 hours.
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Figure 4: HRTEM photograph of a typical ZnO nanowire.
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Figure 5: TEM (inset) and HRTEM photograph of a ZnO
nanowire.

then new ZnO nuclei form on top of the ZnO rod because
the solution is supersaturated. In previous work, we have
found that the diameter of ZnO rods, which were fabricated
by aqueous solution method decreased with the reduction of
the zinc precursor concentration, due to the shift of chem-
ical equilibrium in the solution [15]. As a result of the low
zinc concentration in the solution, the diameter of the crys-

Prolong the
reaction time

Figure 6: Nucleation and growth of the ZnO nanowire by
dissolution-growth mechanism.

tals obtained in this work is in nanoscale [13]. The nanocrys-
tals transform to nanowires with the increase of growth time
for the successive erosion of ZnO rod, which maintains the
rather low concentration of Zn2O(OH)2n−2. Figure 6 gives
the sketch of the growth mechanism.

In addition, the growth manner of the nanowires can be
analyzed by the aid of TEM and HRTEM characterization.
Three typical fractions of the ZnO nanowire were observed
in the film eroded for 6 hours (Figure 7(a)). For the first frac-
tion (as shown in Figure 7(b)), nanowire was composed of
nanoparticles with the diameter of 5∼8 nm, between which
there are many mesopores. No crystalline fringe can be de-
tected in these nanoparticles, suggesting the amorphous na-
ture of the nanowire. As for the second fraction (Figure 7(c)),
it can be seen that almost all of the nanoparticles are crys-
talline grains, and many of them begin to attach with each
other along c-axis. The densification of the nanowire can be



4 Journal of Nanomaterials

100 nm

(a)

20 nm

50 nm

(b)

10 nm

50 nm
Oriented

attachment

(c)

100 nm

10 nm

[0001]

(d)

Figure 7: (a) A typical TEM image of ZnO nanowire fractions, three kinds of fractions with different crystallinity were shown. (b) A
typical HRTEM image of a ZnO nanowire fraction in the early growth stage and its TEM image (inset). (c) A typical HRTEM image of a
ZnO nanowire fraction in the medium growth stage and its TEM image (inset), the arrowhead indicates the oriented attachment. (d) The
HRTEM image of a typical crystallized ZnO nanowire fraction and its TEM image (inset).
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Figure 8: Schematic disorder-order growth process of ZnO nanowire: (a) nanoparticle packing, (b) crystallization and oriented attachment
of small grain domains, and (c) formation of single crystalline ZnO nanowire.

inferred according to disappearance of the pores. But the in-
terfaces among the nanoparticle packing are still visible. A
similar oriented attachment has also been found by Sear-
son et al. [20] when preparing TiO2 nanoparticles under hy-
drothermal condition. The driving force for the disorder-
order assembly process is the reduction of surface energy, and
this mechanism has been reported previously [21, 22]. The
third kind of nanowire fraction is very smooth and compact
(Figure 7(d) (inset)). Its HRTEM image shows that a large
quantity of small grain domains has transformed into a sin-
gle crystalline nanowire. According to these observed results,
the proposed growth mechanism of ZnO nanowire can be il-
lustrated in Figure 8. Based on the growth period, there are
three different fractions in one nanowire, corresponding to
three growing stages of the nanowire. Step (a) is nanoparti-
cle packing process. Step (b) is the process of crystallization
and oriented attachment. In Step (c), the single crystalline
nanowire forms.

4. CONCLUSIONS

ZnO nanowires were synthesized in aqueous solution by
a dissolution-growth mechanism. The nanowires are single

crystalline c-oriented wurtzite. The ZnO rod crystals were
eroded to provide the growth primitive of ZnO nanowire.
The nanowire formed on top of the rod crystals when the
erosion reaction achieved the equilibrium. The growth man-
ner of nanowires has been discussed based on the TEM and
HRTEM results. The length of the nanowire is rather large
because the successive erosion of the rod crystals maintains
the low concentration of Zn2O(OH)2n−2.

As we all know, ZnO nanowires have great application
potential in the photoelectric field, such as luminescence,
window and electrode material for solar cells, phosphors,
piezoelectric transducers and actuators, surface acoustic
coatings, varistors, and sensors. This strategy can provide a
novel and simple route to obtain ZnO nanowires, even ultra-
long ZnO nanowires which may improve the properties of
nanowire-based devices.
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Nitrogen-rich titanium nitride (TiN) thin films containing excess nitrogen up to 87.0 at.% were produced on (100) Si substrates
via the reactive magnetron DC-sputtering of a commercially available 99.995 at.% pure Ti target within an argon-nitrogen (Ar-
N2) atmosphere with a 20-to-1 gas ratio. The process pressure (PP) and substrate temperature (TS) at which deposition occurred
were varied systematically between 0.26 Pa–1.60 Pa and between 15.0◦C–600◦C, respectively, and their effects on the chemical
composition, surface morphology, and preferred orientation were characterized by energy dispersive X-ray spectroscopy (EDS),
field emission scanning electron microscopy (FE-SEM), and X-ray diffraction (XRD). The EDS analysis confirms increasing
nitrogen content with increasing PP and TS. The SEM images reveal a uniform and crystallized surface morphology as well as a
closely packed cross-sectional morphology for all crystalline films and a loosely packed cross-sectional morphology for amorphous
films. Films produced at lower PP and TS have a pyramidal surface morphology which transitions to a columnar and stratified
structure as PP and TS increase. The XRD analysis confirms the existence of only the δ-TiN phase and the absence of other nitrides,
oxides, and/or sillicides in all cases. It also indicates that at lower PP and TS, the preferred orientation relative to the substrate is
along the (111) planes, and that it transitions to a random orientation along the (200), (220), and (311) planes as PP and TS

increase and these results correlate with and qualify those observed by SEM.

Copyright © 2008 E. Penilla and J. Wang. This is an open access article distributed under the Creative Commons Attribution
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1. INTRODUCTION

Various transition metal nitrides such as TiN thin films have
attracted considerable attention from researchers spanning
the spectrum of the physical sciences. This is a testament
to the myriad of potential applications that the TiN system
affords because of its unique properties. They have been
used as wear-resistant coatings on high-speed cutting tools
[1–3], as infrared filtering coatings on windows [4], and as
inexpensive decorative coatings on pens, watch dials, and so
on [5] because of their golden luster. TiN thin films have
also been used as microelectronic contacts [6], resistors [7],
and, because of their high-chemical stability, as diffusion
barriers [8, 9] between interconnects of microchips. A most
recent application makes use of their biocompatibility and
hemocompatability [10, 11], as they have been integrated
as surface layers within orthopedic prostheses and cardiac
valves [12, 13].

TiN thin films have been produced by various tech-
niques, all derivatives of those used in semiconductor
processing, such as electroplating [14], laser ablation [15,
16], chemical vapor deposition (CVD) [17], as well as the
physical vapor deposition (PVD) techniques of evaporation
and sputtering, reactive or otherwise [18–22]. Much of
the problem associated with their production has been
the need for high voltages and temperatures, which limit
their integration within CMOS process flows. As of late,
however, the commercial availability of TiN sputtering
targets has facilitated their use within certain scenarios,
where sputtering thin films is an option.

Although many practical applications, synthesis tech-
niques, and deposition methods have been developed for
TiN thin films, the literature seems to indicate that the basic
metallurgy and physics of the TiN system are not completely
understood [1, 23, 24]. The literature indicates that the first
attempts to derive the TiN phase diagram were conducted
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by Wriedt and Murray as recently as 1987, but the complete
phase diagram covering the full compositional spectrum
was not reported herein, namely, the data pertaining to
overstoichiometric TiN was not reported [24]. Additional
studies by Ristolainen et al. report the stability of TiN films
with excess nitrogen contents up to 62 at.% via triode ion
plating techniques [23]. Nonetheless, the limit of nitrogen
solubility in TiN still appears uncertain as do the properties
of such nitrogen-rich films as well as the effects of processing
parameters on the basic metallurgy and physics.

All of the TiN films synthesized for this work, whose
phase existence is confirmed by EDS and XRD analyses,
have an excess nitrogen content of at least 70.4 at.% and
up to 87 at.% and it is believed that this is the first report
of such produced films. This belief in tandem with the
wide range of potential applicability within industry and
academia prompted the authors’ interest in characterizing
some of the films’ fundamental physics. Scanning electron
microscopy was used to elucidate the surface and cross-
sectional characteristics, and SEM in concert with EDS and
XRD was instrumental in determining the chemistry and
crystallography.

2. EXPERIMENTAL PROCEDURE

2.1. Preparation of TiN films

TiN films with high nitrogen content were deposited onto
polished (100) Si substrates with a native oxide layer and
overall thicknesses of 480 μm by sputtering a commercially
developed 99.995 at.% Ti target (50.8 mm diameter ×
6.35 mm thick) within an Ar-N2 atmosphere. The target
was mechanically clamped to a water-cooled direct-current
magnetron cathode of an ultrahigh vacuum sputtering
system (Orion 5 UHV sputtering system, AJA International,
Inc., North Scituate, Mass, USA). The target must remain
at a constant temperature throughout because the sputter
yield and, as a consequence, the deposition rate are functions
of target temperature [25]. Target poisoning also becomes
an issue with the elevation of target temperature [25]. A
DC-potential of 466 V was coupled to the cathode and
this resulted in a driving current of 536 mA and a power
dissipation of 250 W. All depositions occurred at a target to
substrate distance of 178 mm and lasted 6300 seconds.

The purity of the gases was 99.9995% and the Ar-N2

ratio was 20 to 1 in all cases. Gas flow was controlled
by 2 independently calibrated mass flow controllers (MFC)
capable of delivering up to 20 SCCM of gas. The MFCs are
integrated within a computer-controlled feedback loop to
ensure constant flow and gas mixture throughout the entire
deposition process. At full gas flow, PP was controlled by
adjusting a three-position throttle valve, which is placed
in series between the preparation chamber and a 500 L
turbomechanical pump, allowing for the adjustment of
conductance between the two. Films were synthesized with
PP set points of 0.26 Pa, 0.53 Pa, 1.07 Pa, and 1.60 Pa.

Before sputtering, the substrates were subjected to a
series of ultrasonicated chemical baths including acetone,
isopropanol (IPA) and deionized (DI) water. They were
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Figure 1: Effect of PP and TS variations on nitrogen solubility.

C
ou

n
ts

(a
rb

it
ra

ry
lin

ea
r

u
n

it
s)

30 40 50 60 70 80

2θ angle (degrees)

0.26 Pa

0.53 Pa
1.07 Pa
1.6 Pa

(222)

(111)
TiN 15 ◦C

Figure 2: XRD spectra of increasing PP for TS = 15◦C.

then blown dry and inserted into a prevacuum load-lock
chamber until reaching a pressure of 10−4 Pa. This is followed
by insertion into the main preparation chamber where the
substrates were pumped on until the preparation chamber
reached a base pressure of 10−6–10−7 Pa. Further cleaning
was achieved by subjecting the substrates to an RF-etching
bias (13.52 MHz) of 50 W for 10 minutes in a pure Ar plasma.
The process pressure during etching was 0.53 Pa. This
also removes the native oxide layer, ensuring a maximum
absence of oxygen within the preparation chamber whose
presence could have become an issue, especially during those
depositions at elevated PP and TS.

Following chamber and substrate conditioning, the sub-
strates were heated to the desired set points via a pair of 1 kW
quartz heating elements that are coupled to a proportional
with integral and derivative (PID) controller capable of
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Figure 3: SEM images of increasing PP at TS = 15◦C with a) 0.26 Pa, b) 0.53 Pa, c)1.07 Pa and d) 1.60 Pa.

maintaining set point ±1◦C. TS is monitored throughout by
a k-type thermocouple which is integrated within a feedback
loop with the heating elements and the PID controller.
Depositions were performed with TS held constant during
the entire processes at set points of 15◦C, 200◦C, 400◦C, and
600◦C for each of the PP set points denoted above. Therefore,
a total of 16 samples were synthesized by this technique for
characterization.

2.2. Film characterization

All films were characterized ex situ and at room temperature.
Film thicknesses, t f , were experimentally confirmed by
scanning probe profilometry (SPP) and SEM of their cross-
sections to be ∼500 nm with no significant variation from
film to film. It is important to make this conclusion
because it is well known that process pressure and substrate
temperature have an effect on the sputter yield and the
eventual film thickness [25] and that it has also been shown
that the physical properties of TiN films are dependent on
film thickness [26].

The surface and cross-sectional morphology were quali-
tatively ascertained by the implementation of FE-SEM. For
cross-sectional characterization, the samples were cleaved
in order to expose their underlying microstructure. The
instrument used was a Phillips XL30. All samples were
imaged with a 15 kV accelerating potential, 50 nm spot
size, 30 μm aperture, at a working distance of 10 mm, and
all images were gathered by the secondary electron (SE)
detector.
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Figure 4: XRD spectra of increasing PP for TS = 200◦C.

EDS of all samples was conducted within the Phillips
XL30 using the same parameters as above, which produced
a projected interaction volume ∼500 nm3 allowing for full
cross-sectional analysis of the synthesized TiN films. Counts
were taken for 90 seconds and the spectra were analyzed with
Phillips EDXi software, which allows for background signal
removal, peak identification, and peak quantification.

Nondestructive XRD was performed on a Bruker AXS
D8 advanced X-ray diffractometer which implements a Cu
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Figure 5: SEM images of increasing PP at TS = 200◦C with a) 0.26 Pa, b) 0.53 Pa, c) 1.07 Pa and d) 1.60 Pa.

Kα1 (λ = 1.54058 Å) radiation operated at 40 kV and 40 mA.
All scans were taken in continuous mode for a 2θ range
of 33◦–83◦, a step size of .02◦, and time step of 2 seconds.
All peaks derived beyond this range are secondary and
therefore scans beyond this range are not strictly necessary
for crystallographic and/or chemical identification.

3. RESULTS AND DISCUSSION

3.1. Chemical composition

EDS analysis was implemented to elucidate the stoichiomet-
ric composition of the reactively sputtered TiN films and it
reveals an increasing nitrogen content within the films with
increasing process pressure and substrate temperature as is
shown in Figure 1. It is important to note that surface rough-
ness has an effect on EDS results with decreased reliability
as the root mean square surface roughness approaches the
micron scale. As will be disclosed in Section 3.2, the feature
size of the produced films is nanometric and, therefore,
localized EDS analysis is minimally affected by the film
surface roughness [27]. The film produced at PP = 0.26 Pa
and TS =15.0◦C contained 70.4 at.% nitrogen and the film
produced at PP = 1.60 Pa and TS = 600◦C had a nitrogen
content of 87.0 at.%, and these were the minimum and
maximum nitrogen contents of all of the produced films.
This indicates that the combined effects of increasing PP and
TS to the upper limit resulted in a 16.6 at.% increase in the
nitrogen content of the TiN films.
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Figure 6: XRD spectra of increasing PP for TS = 400◦C.

The increase in PP from 0.26 Pa to 1.60 Pa at a constant TS

resulted in a maximum increase in nitrogen content of 10.7
at.%. This value is obtained by taking the difference of the
maximum and minimum nitrogen contents for the denoted
process pressure range at each substrate temperature. The
average increase in nitrogen content as a function of PP was
9.16 at.% over the entire temperature range.

Similarly, increasing TS from 15◦C to 600◦C with PP held
constant at 0.26 Pa caused the nitrogen content to increase
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400 ◦C

Acc.V Spot Magn. WD 200 nm
15 kV 3 80000× 10 TiN 20 to 1 400 ◦C

(a)

0.53 Pa
400 ◦C

Acc.V Spot Magn. WD 200 nm
15 kV 3 80000× 10 TiN 20 to 1 400 ◦C

(b)

1.07 Pa
400 ◦C

Acc.V Spot Magn. WD 200 nm
15 kV 3 80000× 10 TiN 20 to 1 400 ◦C

(c)

1.6 Pa
400 ◦C

Acc.V Spot Magn. WD 200 nm
15 kV 3 80000× 10 TiN 20 to 1 400 ◦C

(d)

Figure 7: SEM images of increasing PP at TS = 400◦C. with a) 0.26 Pa, b) 0.53 Pa, c) 1.07 Pa and d) 1.60 Pa

from 70.4 at.% to 81.3 at.%, a maximum increase of 10.9
at.%. On average, the increased substrate temperature was
responsible for a 7.46 at.% increase in nitrogen content.
There appears to be no sign of asymptotic behavior with
respect to nitrogen solubility as a function of either PP or
TS; nonetheless logic indicates that there must exist an upper
limit to nitrogen saturation.

3.2. Surface morphology and preferred orientation:
effects of increasing PP and TS

The XRD analysis of the four samples deposited with TS =
15◦C at each of the defined PP set points indicates that the
synthesized material is indeed titanium nitride, namely, the
δ-TiN phase (cubic NaCl structure, a = 4.244 Å) [28], and
that the preferred orientation of the films is along the (111)
planes (2θ = 36.9◦) relative to the (100) Si substrates in all
cases (Figure 2). The smaller peaks at 2θ = 78.9◦ correspond
to the secondary (222) planes. Nominally, these peaks are
not necessary for crystallographic and/or chemical phase
identification, but in this case there is only the emergence of
a single primary peak, making it difficult to qualify the data.
Hence the presence of the secondary peak in its expected
location along with the presence of the primary peak allows
for reliable spectrum qualification.

It is also important to notice that the spectra indicate
that no other nitrides, oxides, or sillicides of titanium or
permutations thereof were synthesized even at increased
process pressures and therefore that the films produced are
nitrogen-rich TiN indeed.
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Figure 8: XRD spectra of increasing PP for TS = 600◦C.

The sharpness of the XRD peaks indicates an ordered
crystalline structure. This can be qualitatively seen in the
SEM images in Figure 3, which indicates that the nanos-
tructured morphology is densely and uniformly packed
throughout with an approximate feature size of 75 nm.
The intensity of the (111) peaks decreases with increasing
pressure and is almost indiscernible for the spectrum corre-
sponding to the 1.60 Pa film. This indicates that increasing
PP at this temperature results in a transition from the (111)
orientations to a quasiamorphous phase.
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0.26 Pa
600 ◦C

Acc.V Spot Magn. WD 200 nm
15 kV 3 160000× 10 TiN 20 to 1 600 ◦C

(a)

0.53 Pa
600 ◦C

Acc.V Spot Magn. WD 200 nm
15 kV 3 160000× 10 TiN 20 to 1 600 ◦C

(b)

1.07 Pa
600 ◦C

Acc.V Spot Magn. WD 200 nm
15 kV 3 160000× 10 TiN 20 to 1 600 ◦C

(c)
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600 ◦C
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15 kV 3 160000× 10 TiN 20 to 1 600 ◦C

(d)

Figure 9: SEM images of increasing PP at TS = 600◦C with a) 0.26 Pa, b) 0.53 Pa, c) 1.07 Pa and d) 1.60 Pa.
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Acc.V Spot Magn. Det WD 500 nm
15 kV 3 40000× SE 10 TiN 20101 CS200 ◦C

(a)

1.6 Pa
15 ◦C

Acc.V Spot Magn. Det WD 500 nm
15 kV 3 40000× SE 10 TiN 20101 CS15 ◦C

(b)

0.53 Pa
600 ◦C

Acc.V Spot Magn. Det WD 500 nm
15 kV 3 40000× SE 10 TiN 20101 CS600 ◦C

(c)

1.07 Pa
600 ◦C

Acc.V Spot Magn. Det WD 500 nm
15 kV 3 40000× SE 10 TiN 20101 CS600 ◦C

(d)

Figure 10: SEM images of typical film cross-sections: (a) pyramidal surface with PP = 0.53Pa and Ts =200 ◦C , (b) amorphous surface
with PP = 1.06Pa and Ts =15 ◦C, (c) transitional surface with PP = 0.53Pa and Ts = 600 ◦C, and (d) columnar/stratified surface with
PP = 1.07Pa and Ts = 600 ◦C.
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The SEM images in Figure 3 of these produced films
display the variation in their surface morphology. It quickly
becomes evident that the films deposited with 0.26 Pa≤ PP ≤
1.07 Pa have a pyramidal surface structure with uniformity
in the long range and that the surface morphology becomes
less distinctive when PP = 1.60 Pa. Based on the information
collected by XRD, it is apparent that these pyramids are
single crystals of TiN growing with their (111) planes
parallel to the substrate. In effect, we are seeing the 〈100〉
family planes as the sides of these pyramids. The image of
the 1.60 Pa film supports the conclusion drawn from the
XRD spectrum that this film is an amorphous structure
with intermittent pyramidal, that is, isolated (111) single
crystals.

The overlain spectra of the films produced at a sub-
strate temperature of 200◦C, (Figure 4), indicate that the
δ-TiN phase transitions from the (111) orientations to a
combination of (111) and (200) orientations (2θ = 42.8◦)
as the process pressure is taken to the upper limit. The
scanning electron micrographs in Figure 5 for the 0.26 Pa
and 0.53 Pa films display almost no difference between
those films produced at similar pressures but at 15◦C.
Again, we see a highly uniform and pyramidal surface
structure with no real discerning attributes between one
and another. The transition in surface morphology and
preferred orientation does not occur at TS = 200◦C until
PP ≥ 1.07 Pa. In this case, the elevated pressures do not
cause amorphicivity, instead we see the formation of large
(∼200 nm) δ-TiN (200) single crystals coexisting with the
familiar (111) crystals, especially in the film produced at PP
= 1.07 Pa. The (200) and (220) planes are referenced and
analyzed because the (100) and (110) planes are necessarily
forbidden in the δ-TiN XRD spectrum even though they
are of the same family because δ-TiN has a cubic NaCl
structure and these planes have mixed Miller indices. Refer
to [28] for a complete discussion. As the process pressure
is taken to the upper limit, the intensity of the (200)
peaks is dominant over the (111) peaks. This is qualitatively
confirmed by SEM imaging, whereby the majority of the
crystals seen are not the pyramidal (111) crystals but the
larger (200) crystals, however, this film is yet completely
homogenous.

The films produced at a substrate temperature of 400◦C
exhibit further transition in their preferred orientation
and surface morphology. With this set of films, we again
see the prominence of the (111) peaks decreasing as the
process pressure is elevated. Again, the emergence of the
(200) peaks results in these spectra, yet the interesting
result here is that the increase in substrate temperature
has allowed this transition to occur at a PP of 0.26 Pa,
moreover peaks at 2θ = 61.7◦ and 74.4◦, corresponding
to the (220) and (311) planes, respectively, emerge and
increase in intensity with the elevation in the process
pressure as shown in Figure 6. Interestingly enough, the
SEM images shown in Figure 7 again parallel the XRD
results. The surface morphology of the 0.26 Pa film is
unmistakably comprised of pyramidal (111) crystals inter-
mixed with rectangular (200), and parallelogram (220) and
(311) crystals. And as the process pressure is increased

to 1.60 Pa, the films become less columnar and more
stratified with the crystalline planes growing parallel to
each other, indicating the increased prevalence of the (200),
(220), and (311) orientations over a (111) alignment. The
stratified crystals are the (200) crystals growing atop one
another.

Again, the feature size is also affected with those films
synthesized at elevated set points exhibiting features that
are 200–500 nm in size as opposed to those produced at
lower pressures which still contain (111) oriented crystals of
approximately 75–100 nm.

Based on the observed trend, it would seem likely
that further increasing the substrate temperature would
completely eliminate the (111) orientations regardless of the
applied process pressure set point, but surprisingly, the films
produced at Ts =600◦C with PP = 0.26 Pa are still dominantly
oriented along the (111) planes, as can be seen in the XRD
and SEM results displayed in Figures 8 and 9, respectively.
As expected, however, grain coarsening and stratification
are activated by increased process pressures as in previous
cases. The ultimate conclusion is that the change in surface
morphology and preferred orientation are a result of the
coupled parametric variations in PP and TS.

3.3. Cross-sectional morphology

As has been discussed, films produced at lower PP and TS

were preferably oriented along the (111) planes and that
an increased PP at low TS results in the amorphization
of the films as shown in Figures 2 and 3. Moreover, a
combined increase in PP and TS results in a transition from
the pyramidal (111) orientations to stratified and columnar
orientations. Field emission scanning electron microscopy of
the as-cleaved cross-sections was implemented to qualify and
correlate the cross-sectional microstructure of each typical
film type.

The scanning electron micrographs reveal a closely
packed and columnar cross-section for those films with
a preferred orientation along the (111) planes as shown
in Figure 10(a). In essence, the columnar cross-sectional
microstructure supports the conclusion that the pyramidal
structures are in fact the 〈100〉 family of planes and that the
film is growing with the (111) planes parallel to the substrate.

Interestingly, the scanning electron micrographs of the
cross-sections of the amorphous film reveal a quasiloosely
packed underlying microstructure (Figure 10(b)), again cor-
relating as expected with the results derived from XRD and
surface SEM.

SEM images of the cross-sections of those films that are
transitioning from the (111) preferred orientation to the
stratified and columnar orientations as well as those which
are fully stratified and columnar are shown in Figures 10(c)
and 10(d). The micrographs again reveal a closely packed
and columnar cross-section with the absence of pockets or
voids. This is in fact the expectation since all of these films are
crystalline and are being produced via a PVD route, where
films grow from the substrate layer by layer.
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4. CONCLUSIONS

Reactive magnetron DC-sputtering of titanium was imple-
mented for the synthesis of TiN thin films. EDS analysis
of the as-synthesized films confirmed an overstoichiometric
chemical composition with excess nitrogen contents ranging
between 70.4 at.% and 87.0 at.%. XRD analysis indicates
the independent existence of the δ-TiN phase, and that
indeed the films produced were a solid solution of the
TiN constituents. The effects of increasing PP and TS

set points during deposition affected nitrogen solubility
within titanium. Increasing PP from 0.26 Pa to 1.60 Pa was
responsible for a maximum nitrogen content increase of 10.7
at.% and on average the variation in the PP increased the
nitrogen content by 9.16 at.%. Varying TS between 15.0◦C–
600◦C resulted in an increased nitrogen content of up to
10.9 at.% and an average increase of 7.46 at.%. The nitrogen
content in the films increased by 16.6 at.%, when both PP
and TS were taken to their maximum set points.

The surface morphology and preferred orientation were
also affected by these parametric variations. Scanning elec-
tron microscopy reveals nanometric surface roughness, and
that increased PP and TS resulted in a columnar and
stratified surface morphology with long-range uniformity.
This columnation and stratification are explained by XRD
analysis which indicates that the preferred orientation of
these films relative to the substrate is along the (200),
(220), and (311) planes. Those films produced at lower set
points had a pyramidal surface morphology, that is, the
preferred orientation is along the (111) planes. Scanning
electron microscopy of the as-cleaved cross-sections reveals
a closely packed and columnar underlying microstructure
for all crystalline films and a loosely packed cross-section for
amorphous films.
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1. INTRODUCTION

Titanium nitride (TiN) coatings are extensively applied in
machinery industry due to their high hardness, low fric-
tion coefficient, beautiful color, excellent chemical stability,
and wear resistance [1–6]. TiN has been produced by sev-
eral techniques, which include direct nitridation of titanium
metal, reductive nitridation of TiCl4, plasma synthesis, and
laser synthesis. Direct nitridation of titanium metal powder
by nitrogen has been well studied [5, 6]. The formation of
TiN is highly exothermic and the nitridation can be sus-
tained to completion even at relatively low pressures of ni-
trogen. Chemical vapor deposition and plasma synthesis of
titanium nitride involve the use of TiCl using ammonia as
the nitriding agent. A vapor-phase chemical route using tita-
nium tetrachloride, magnesium or sodium, and nitrogen in
the temperature range 750–1050◦C has been used in many
studies [7–10]. Plasma processing in RF plasma torches has
also been used to prepare titanium nitride [11–13]. The pro-
cess involves the use of titanium halide or titanium metal
powder with ammonia or nitrogen as the reactive gas. These

coatings have deadly disadvantage, too. Namely, deposited
efficiency is low (about 2∼10 μm/h), and producing compli-
cated structural part is very difficult, and wear resistance in
the high loading weight is not acceptable, therefore the ap-
plication of TiN is restricted.

As known, bulk TiN has such an excellent corrosion re-
sistance that most acidic and alkaline solutions cannot cor-
rode it [14]. However, thin TiN coatings are not corrosion
resistant to aqueous or gaseous media due to some pinholes
existing in the coating [10, 11, 14, 15]. Rickerby and Burnett
found that the wear resistance of the coating improved as the
thickness of the coating increased [16].

The disadvantage of these coatings can be overcome
when TiN coating is prepared by plasma spraying. Because
the deposited efficiency of plasma spraying is higher than
that of other ways, and the thickness of coatings prepared
by plasma spraying is bigger than that of other ways. The
reactive plasma spraying (RPS) technology has been intro-
duced in recent years as a promising way to develop dense
composite coatings with a metallic or an intermetallic ma-
trix and finely dispersed ceramic phases [17–19]. The wear
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Figure 1: Sketch of the reactive plasma spraying gun.

resistance of plasma sprayed coatings can be enhanced by
means of RPS techniques. Titanium nitride coatings devel-
oped via RPS are characterized by a considerable hardness,
over 1500 HV, without the characteristic brittleness of TiN
coatings obtained by physical vapor deposition (PVD), or
chemical vapor deposition (CVD) [20, 21]. In this paper,
nanocrystalline TiN coating is prepared by spraying Ti pow-
der with size of 30∼40 μm using plasma spray gun with self-
made reactive chamber which is filled with N2. The mi-
crostructure and property of nano-TiN coating are investi-
gated in this paper.

2. EXPERIMENTS

2.1. Materials

The spraying equipment is LP-50B type, which is made in
Jiujiang, China, and its standard power is 50 Kw. The spray-
ing gun is assembled using a BT-G3 type plasma spraying
gun and a reactive chamber which is self-designed and pre-
pared [22]. The sketch of reactive plasma spraying gun is
shown in Figure 1. The pure titanium powder used in the
present work is commercially available and produced by Bei-
jing General Research Institute of Mining and Metallurgy,
China. The average particle size distribution of the titanium
powder is about 30∼40 μm. The substrate material is 45 (Fe-
0.45wt.%C) steel, which is machined into samples of 30 mm
× 25 mm × 10 mm and ground to rough surfaces. Prior to
spraying TiN coating, Ni-10 wt.%Al self-melting alloy bond
layer with a thickness of about 100 μm is sprayed onto sur-
faces of samples, for increasing the adhesive strength between
the TiN coating and substrate.

2.2. Fabrication and characterization
of the TiN coating

During spraying, the titanium powders, the micrograph of
which was shown in Figure 2, were carried by nitrogen gas
into the reactive chamber of the RPS gun, where pure ni-
trogen gas was also introduced. Ti and N2 reacted in the
reactive chamber, the product, which was TiN, deposited

Magn
1000×

Det
SE

WD
9.5

20 μm

Figure 2: SEM micrograph of the original Ti powders.

on the substrate. Thus, a coating with a thickness of at
least 400 μm was fabricated within a few minutes. The mor-
phology of the as-sprayed TiN coating was observed by
means of a PHILIPS XL30/TMP scanning electron micro-
scope (SEM) and PHILIPS TECNAI F20 transmission elec-
tron microscope (TEM). The JEOL Rigaku X-ray diffrac-
tometer 2500/PC diffraction instrument with Cu target was
adopted to analyze the phase composition of the coating’s ex-
posed surface and cross-section. The grain size of the TiN
coating was calculated according to Scherrer formula [23]:

Dhkl = kλ

B cos θ
, B =

√
B2

1 − B2
2, (1)

where “D hkl” is the average diameter in nm, “k” is the shape
factor (0.9), “B” is the broadening of the diffraction line mea-
sured half of its maximum intensity in “radians,” “B 1” is the
half peak breadth of the diffraction line of test sample, “B 2”
is half peak breadth of the diffraction line of micron crystal
TiN specimen prepared by other way, “λ” is the wave length
of X-ray, and “θ” is the Bragg diffraction angle.

Spray Watch used during spraying is observation system
for thermal spraying, made by Oseir Co., Ltd., Finland.
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2.3. Hardness test

Microhardness of the cross and longitudinal sectional TiN
coating was measured using the digital Vickers microhard-
ness tester, which is made in Shanghai Taiming Optical In-
strument Co., Ltd., China. Loads ranging from 25 to 1000 g
and a dwell time of 15 seconds were selected. Approximately,
10 indentations were made for each load. The distance be-
tween every two indentations was controlled three times
longer than the indentation diagonal, so the stress field effect
near the indentation can be eliminated. The average micro-
hardness is selected for discussion in this paper.

2.4. Wear tests

Friction and wear tests of the TiN coated specimens were per-
formed using a block-on-ring sliding apparatus, under non-
lubricated condition. The MM-200 wear test machine, made
by Xuanhua Material Test Machine Co., Ltd., China, was op-
erated with the sliding speed of 0.4 ms−1. The test specimens
were fixed by a sample holder; the wear rings were placed
under the specimens; loads ranging from 100 to 1470 N were
vertically applied at the top of specimens. For each load, three
specimens were tested, and the average wear volume loss was
taken. The wear ring used was AISI E52100 steel (0.95–1.05C,
0.2–0.4 Mn, 0.15–0.35 Si, 1.3–1.65 Cr, 0.3 Ni, 0.25 Cu, and
bal Fe) (in wt.%). The ring is 38 mm in external diameter
and 10 mm in thickness, which was heat-treated to an aver-
age hardness of about 60 HRC. Each wear test was conducted
for 60 minutes. Wear loss of TiN coating, Al2O3 coating, and
the AISI M2 steel specimens were obtained by measuring the
volumetric loss after each test according to (2). The friction
coefficient (FC) of the specimens was given by (3):

ΔV = B ×
[
r2 × Sin−1

(
b

2r

)
− b

2

(
r2 − b2

4

)1/2]
, (2)

μ = T

r · P ×
α + sinα · cosα

2 sinα
, (3)

where ΔV is the volumetric loss of specimens; B and r are, re-
spectively, the thickness and radius of the ring; b is the width
of worn scars; T is the wear moment; P is the load employed;
α is the contacted angle, according to α = sin−1(b/2r), and μ
is friction coefficient.

3. RESULTS

3.1. Phases constitute of the TiN coating

Figure 3 is XRD pattern of the TiN coating sprayed on the
surface of substrate and pure Ti powders. The coating is
mainly composed of two phases, TiN and small quantities of
Ti3O, without pure Ti. Observing the spectrum, five sharp
TiN diffraction peaks appeared, and the diffraction planes
are (111), (200), (220), (311), and (222). Intensities of Ti3O
are very low, the diffraction planes of the Ti3O phase are
(103), (113), (116), and (223). According to the Scherrer for-
mula, the grain size of TiN coating was estimated, which
was shown in Table 1. The grain size of the TiN coating
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Figure 3: Surface XRD pattern of original Ti powders and the reac-
tive plasma sprayed TiN coating.

ranged 78∼97 nm, which is consistent with what is observed
by TEM (see Figure 5). Pure Ti diffraction does not appear
in the coating, which proves that the Ti and N2 react fully
in RPS process. This is consistent with literature [9]. Ti3O
is metastable solid solution, which comes from Ti unsuffi-
cient oxidation at temperature of 650∼750◦C and decom-
poses when temperature exceeds 750◦C [24]. The Ti3O in the
coating is product of the oxidation of TiN and exists in the
coating for shock cooling under plasma spraying condition.

3.2. Microstructural characterization
of the TiN coating

The SEM photograph of the TiN coating cross-section is
shown in Figure 4. The entire cross-sectional morphology of
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Figure 4: The cross-sectional morphologies of the RPS TiN coating, (b) is partial enlarged drawing of (a).
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Figure 5: TEM morphology of the reactive plasma sprayed TiN coating: (a) nanocrystallines, (b) the selected area electron diffraction
pattern.

the RPS TiN coating in Figure 4(a) indicates that its thick-
ness is 420 μm, which is about 100 times than that of TiN
films prepared by CVD or PVD. The coating presents layer
structure, which is tightly piled. The structure with few pores
should be attributed to gas which exists between the TiN
liquid drops and has no time to be released during coating
forming. Small quantities of cracks appear in the multilay-
ered structures of the coating (see Figure 4(b)). Further study
is needed to reduce the pores and cracks, and improve the
structure of the coating.

TEM is an indispensable analytical tool in the study of the
microstructure of coatings. Figure 5 indicates the TEM mor-
phology and the selected area electron diffraction (SAED)
pattern of the reactive plasma sprayed TiN coating. It can be
seen from Figure 5(a) that the most of grain size of the coat-
ing is smaller than 100 nm. The SAED pattern of the coat-
ing is given in Figure 5(b). The grain size of 82 ± 10 nm
was measured by linear intercepting, which is approximate
to the result obtained by calculation, and smaller than that
of the original Ti powders, which is 30∼40 μm. The diffrac-
tion rings of the SAED pattern in Figure 5(b) are continuous,

Table 1: Scherrer crystallite sizes of the TiN coatings.

Diffraction plane (hkl) (111) (200) (220)

Dhkl (nm) 92∼97 83∼88 78∼83

dense, and broader, which indicates the (111), (200), and
(220) orientation. (311) orientation is not clear. The diffrac-
tion rings show that the orientation of TiN crystal grains
is random. Weak diffraction spots distribute in diffraction
rings because the size of small quantity of crystal grains is
bigger than 100 nm. XRD and SAED examinations revealed
that the TiN coating has the cubic structure of NaCl type (a
= 0.42 nm).

3.3. Microhardness of the TiN coating

It is well known that the apparent microhardness of solid
materials depends on the applied indentation test load. This
phenomenon is known as the indentation size effect (ISE).
Figure 6 shows the dependence of the microhardness for the
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Figure 6: The microhardness of TiN coating longitudinal section
and cross-section.

cross-sectional and longitudinal-sectional RPS TiN coating
on the indentation loads. As the applied load ranges from 100
to 1000 g, the Vickers microhardness drops from 1735.43 to
1125.27 HV and 1267.78 to 962.26 HV, respectively, which is
an evident phenomenon of ISE. When the test load is stan-
dard load of 100 g, the microhardness is 1189.36 HV.

3.4. Volumetric wear loss of TiN coating specimens

In order to study the wear resistance of the TiN coating, the
test load changes from 100∼1470 N. For Al2O3 ceramic coat-
ing cannot resist wear of high load, when the test load is
higher than 500 N, the friction coefficient increases notably,
and friction noise is high. M2 high-speed steel is selected
as the comparison samples when test load is above 500 N.
Figure 7(a) shows the volumetric wear loss of the Al2O3 coat-
ing and TiN coating at loads between 100 and 500 N and
at 0.4 ms−1; Figure 7(b) shows the volumetric wear loss of
TiN coating and M2 high-speed steel at loads between 500
and 1470 N. The volumetric wear loss of the Al2O3 coating,
the TiN coating, and M2 steel increases with the loads in-
creased. Under low loads (100∼500 N), the volumetric wear
loss of the Al2O3 coating is bigger than that of the TiN coat-
ing. When the load changes from 490∼980 N, the TiN coat-
ing and M2 high-speed steel are close in wear loss. With the
continuous increase of the loads, the TiN coating remained
a mild increase in wear loss, and reached 6.86 mm3 when
the load is up to 1470 N, while the curve of the M2 steel’s
volumetric wear loss versus loads presents distinctly moving
up tend. The volumetric wear loss of the TiN coating is ap-
proximately half under 1225 N and two-fifths of that of the
M2 high-speed steel under 1470 N, respectively. Figure 7 in-
dicated that the wear resistance of the TiN coating is better
than Al2O3 coating and M2 high-speed steel.

100 200 300 400 500 600 700

Load (N) (unlubricated, 60 min)

0

0.2

0.4

0.6

0.8

1

1.2

1.4

1.6

1.8

2

V
ol

u
m

e
lo

ss
(m

m
3
)

Al2O3 coating
TiN coating

(a)

400 600 800 1000 1200 1400 1600

Load (N) (unlubricated, 60 min)

0

2

4

6

8

10

12

14

16

18

V
ol

u
m

e
lo

ss
(m

m
3
)

M2 high-speed steel
TiN coating

(b)

Figure 7: Wear volume loss of the TiN coating, Al2O3 coating, and
M2 steel plotted as a function of loads: (a) load is smaller than
500 N, (b) load is bigger than 500 N.

3.5. Friction coefficient of TiN coating
and M2 high-speed steel

Figure 8 presents the dependence of friction coefficient on
loads of both the TiN coating and the M2 steel under dry
sliding wear. It can be seen from the curves that with the in-
crease of loads, the FC of the TiN coating and AISI M2 steel
generally changes in a small range of about 0.372∼0.412 and
0.331∼0.375, respectively. The two are close in friction coef-
ficient when load is 1470 N. Therefore, the antifriction prop-
erty of TiN coating is close to that of the AISI M2 steel at dry
sliding wear under heavy loads.

3.6. Analyses and discussion

Figure 9 shows the surface layer morphologies of a few TiN
drops sprayed on the surface of glass and the TiN coating
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Figure 9: Surface morphologies of the TiN sprayed on the glass and
the TiN coating: (a) the TiN on the glass, (b) the TiN coating.
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Figure 10: The velocity and temperature of the particles in plasma
jet when the RPS state is steady, which are measured by Spray Watch:
(a) the velocity of the particle, (b) the temperature of the particle.

under same spraying condition. Obviously, the topography
of TiN drops on the glass surface presents the character of
high-temperature molten drop spattering. It is indicated that
the coating is deposited with molten drops. The forming pro-
cess of the TiN coating is that the molten reactants remain
in liquid state in the plasma jet, spatter, spread, deform, and
freeze on the sample surface. Owing to the fact that the tem-
perature gradient from plasma jet to the sample surface is so
big that the molten drops nucleate quickly, but nucleates have
no time to grow, therefore the grain of the TiN is refined.

Solid Ti particles are melted in high temperature plasma
jet and acutely reacted with N2 ion gas and N2 gas in reac-
tive chamber, while a great deal of reaction heat is given out.
The reaction belongs to combustion synthesis [25]. As a re-
sult, the temperature of the liquid particle increases. When
the spraying state is steady, the velocity and temperature of
the particles in plasma jet are measured by Spray Watch.
Figure 10 shows the temperature and the velocity of the
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particles flying in plasma jet. It can be seen that the velocity
of particle decreases with its flying distance to reactive cham-
ber exit increasing, while the temperature of the particles re-
mains steady, which is different to normal plasma spray. For
normal plasma spray, the temperature of particle decreases
with the distance increasing. The reaction heat reinforces the
heat of the plasma jet and has particles remained liquid be-
fore it reaches to metal substrate. The measured average ve-
locity and temperature of particles arriving to substrate are
105 m/s and 3360 K, respectively (see Figure 10). The molten
point of TiN is 3223 K, which is lower than 3360 K. During
spraying, the distance (/) from metal substrate to spray gun
exit is 100 mm. The time (t) in which a particle arrives to
substrate from reactive chamber is

t = l

v
= 100× 10−3 m

105m/s
= 0.95× 10−3 s. (4)

In so short time, the TiN drops quench from 3360 K to
about 800 K and quickly freeze; the cooling rate is higher
than general plasma spraying. The Huge cooling velocity and
undercooling increase the nucleation rate. The reason for
forming nanocrystal TiN coating is that combustion synthe-
sis between Ti and N2 and plasma spraying condition coacts.
Combustion synthesis reaction in plasma jet fabricates liq-
uid TiN with high temperature. TiN liquid drops, shock-
cooling under the plasma spraying condition, solidify and
form nanocrystal TiN coatings on substrates.

4. CONCLUSIONS

(1) The TiN coating, prepared via RPS Ti powders us-
ing spraying gun with self-made reactive chamber, is
mainly composed of two phases, TiN and small quan-
tities of Ti3O. TiN coatings present typical layer struc-
ture. The size of most of crystal grains in the TiN coat-
ing is smaller than 100 nm.

(2) The forming mechanism of the nanostructure coating
is that Ti powders are melted and reacted with N2 in
plasma jet and in the chamber. Heat given out by com-
bustion synthesis reaction increases the temperature of
molten drops. The Huge cooling velocity and degree
of supercooling under plasma spraying condition have
the drops quench, nucleate quickly, and form nanos-
tructure.

(3) The highest hardness of the TiN coating is 1735
.43 HV100 g ; the wear resistance of the coating is better
than that of Al2O3 coating and M2 high-speed steel.
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Single crystalline tungsten nanowires were prepared from directionally solidified NiAl-W alloys by a chemical release from the
resulting binary phase material. Electron back scatter diffraction (EBSD) proves that they are single crystals having identical crys-
tallographic orientation. Mechanical investigations such as bending tests, lateral force measurements, and mechanical resonance
measurements were performed on 100–300 nm diameter wires. The wires could be either directly employed using micro tweezers,
as a singly clamped nanowire or in a doubly clamped nanobridge. The mechanical tests exhibit a surprisingly high flexibility for
such a brittle material resulting from the small dimensions. Force displacement measurements on singly clamped W nanowires
by an AFM measurement allowed the determination of a Young’s modulus of 332 GPa very close to the bulk value of 355 GPa.
Doubly clamped W nanowires were employed as resonant oscillating nanowires in a magnetomotively driven resonator running
at 117 kHz. The Young’s modulus determined from this setup was found to be higher 450 GPa which is likely to be an artefact
resulting from the shift of the resonance frequency by an additional mass loading.
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1. INTRODUCTION

Tungsten is a brittle refractory metal that crystallises in the
BCC form [1]. It has high-tensile strength and good creep
resistance. However, it suffers from poor low-temperature
ductility and strong reactivity in air [2]. Like the other BCC
metals, tungsten also undergoes a brittle-to-ductile transi-
tion (BDTT) above 205◦C. Below the BDTT it is very brittle
exhibiting only few percents of elongation. The BDTT can
only be lowered by heavy warm or cold deformation at tem-
peratures below the room temperature. Due to its high sta-
bility this material is used in various applications in engi-
neering. The trend for miniaturization of devices increases
the demands for the selected materials to consider size effects
of their properties. Most of the mechanical phenomena are
well-known on a macroscopic scale, however, they are hard
to determine on a nanoscopic scale. There is a variety of theo-
retical predictions of hardness and Young’s modulus; mainly
for carbon nanotubes [3], but only a few for nanowires (e.g.,

Au [4, 5]) which could not be confirmed experimentally up
to date. Many metals are known to have oxidised surfaces
under environmental conditions. This is also the case for
tungsten, and the high surface to volume ratio in nanostruc-
tures amplifies the importance to consider this process [6].
Thus, a remarkable influence of the oxidised surface on the
properties of the nanowires can be expected, which compli-
cates the mechanical analysis of metal nanowires. Mechanical
studies on nanowires are of interest as their diameter is al-
ready smaller than the average dislocation distance. The dis-
locations will therefore accumulate at the nanowires surface
generating virtually dislocation free structures. These struc-
tures exhibit mechanical strength that may reach the the-
oretical limit. This is especially true if the wires are single
crystalline [7]. Cutting of those structures from bulk mate-
rial by means of a focused ion beam is one method to pre-
pare the necessary test objects [8]. The FIB preparation of-
ten generates a large number of surface defects which lim-
its the applicability of this method. Wang [9] has reviewed
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Figure 1: Roadmap of the processing steps employed in this work. A detailed description of the processing steps is given in the text.

the mechanical properties of nanowires and nanobelts char-
acterised by techniques developed for mechanical charac-
terisation using in situ transmission electron microscopy
(TEM).

Recently, a method was established that allows producing
single crystalline Re [10], W [11], Mo [12], Cu [13], and Au
[14, 15] nanowires with a high-aspect ratio from direction-
ally solidified eutectic alloys. By controlling the growth pa-
rameters and the dissolution conditions, the diameter [16]
and the released length [15, 17], respectively, are well ad-
justable. The advantage of this system is that an array of
nanowires is produced which allows studying the anisotropy
of the mechanical properties. This was demonstrated for
the Re system [18]. It is also possible to perform compres-
sion tests on Mo [19]. Since the release of the wires is done
chemically or electrochemically, the surface of the wires is
not mechanically affected, on the contrary deformations will
be preferentially dissolved. This is well known and the rea-
son why electropolishing is used for surface preparations for
TEM samples.

The focus of this study lays in the investigation of stabil-
ity and the mechanical properties of the tungsten nanowires.
Different static and dynamic analysis approaches will be pre-
sented to extract one basic elastic property of the nanowires
in comparison to the bulk material—the Young‘s modulus.
The influence of the contamination and oxidation in air on
the elastic behaviour is studied qualitatively in static bending

experiments as well as in resonant oscillating nanomechani-
cal devices.

2. EXPERIMENTAL

2.1. Preparation of the nanowires

The complete fabrication process from source material up
to the mechanical test structure is schematically shown
in Figure 1. The single steps are described in more detail
in the following paragraph. Prealloys were prepared from
nickel (99.97 wt%), electrolytic aluminium (99.9999 wt%),
and tungsten (99.99 wt%) by induction melting under an in-
ert atmosphere. They were drop cast into a cylindrical cop-
per mould and subsequently fitted into alumina crucibles.
Directional solidification was performedin a Bridgman-type
crystal growing facility. The solidification was conducted at
a temperature of 1700 ± 10◦C, a thermal gradient of ap-
proximately 40 K cm−1, and a growth rate of 30 mm h−1. Me-
chanical cutting and a standard metallographic preparation
yielded the sample shown in Figure 2 in which the cross sec-
tions of the nanowires appear darker. This sample was fur-
ther investigated by EBSD as discussed in the results section.

2.2. Nanowire release

In order to extract the tungsten wires from the matrix, the
conditions under which both matrix elements—nickel and
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Figure 2: Optical image of a cross section through a directionally solidified NiAl-W eutectic. The W nanowires appear as darker spots in a
bright NiAl matrix. Inserts: EBSD patterns at the marked positions with well-defined Kikuchi lines.
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Figure 3: Bunch of tungsten nanowires on a filter paper with an
approximate diameter of 200 nm, the tungsten nanowires become
visible in an optical microscope due to the strong light scattering of
the metal.

aluminium—corrode, while passivating tungsten was cho-
sen, the details of which are described in [11]. Both a chemi-
cal and an electrochemical route are available to release these
wires from the matrix. The chemical route pieces of the sam-
ple were immersed in a solution of HCl and H2O2 which
leads to the selective digestion of the matrix phase [11]. The
appropriate potential could also be applied electrochemi-
cally. By continuing the dissolution process for a few hours,
the matrix was completely digested. In both cases, a subse-
quent filtration yielded free nanowires on a filter paper (see
Figure 3). It clearly shows the extreme aspect ratio of these
wires. All potentials in the electrolyte are given versus the

standard hydrogen electrode (SHE). The chemicals were of
p.a. grade and purchased from VWR, Germany.

2.3. Preparation of nanowires for
mechanical investigation

For the processing of nanowire-based nanomechanical de-
vices and test structures, no reliable technology for the large-
scale fabrication exists and every structure can be considered
as a handmade single device. Moreover, classical processes of-
ten damage or destroy bottom up nanomaterials [20]. In this
work, two variants of a process technology were used, both
bridging classical top down and novel bottom up methods.

The first method combines photolithography and
electron-beam lithography as shown schematically in
Figure 1. The basis is a silicon wafer with thermally grown
SiO2 and a matrix of large gold pads as well as alignment
marks as in Figure 1. The pads are defined by photolithogra-
phy and are used as interface between external wiring (bond-
ing or attached tips) and the nanocontacts to the nanowires.
The SiO2 surface provides electrical isolation between the
contacts and is also utilised to be etched by HF (hydrofluoric
acid)-vapour-etching [21] to obtain freestanding nanowires.

The tungsten nanowires collected on filter paper (see
Section 2.4) were transferred into a suspension of iso-
propanol or methanol after etching. After drying out on
the substrate, the nanowires are randomly distributed on
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Figure 4: Optical micrographs of contacted tungsten nanowires: (a) by electron beam lithography and (b) by FIB.
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Figure 5: Principles of static analysis of mechanical properties of nanowires by AFM.

the surface (Figure 1). Due to their light scattering prop-
erties, they can be localised in an optical microscope. Af-
terwards the position is mapped relative to the alignment
marks, and the obtained coordinates are used to create a
mask for the electrical contacts. The nanocontacts are pre-
pared by e-beam lithography, Au evaporation, and lift off
processing (Figure 1). A thin layer of chromium (Cr) is de-
posited first in order to improve the adhesion of gold on the
SiO2-surface.

Finally, the freestanding nanowires are realized by the un-
dercut of the SiO2. The sample is heated 13◦C relative to the
room temperature and is then placed into a chamber con-
taining HF-vapour for 10 minutes (Figure 1). An example of
a tungsten nanowire and the prepared Au nanocontacts is
shown in Figure 4(a).

In a second method, nanowires can be contacted di-
rectly by writing the pads using Pt deposition by the focused
ion beam (FIB) technique (see Figure 4(b)). A major disad-
vantage of the method is the possibility to contaminate the
nanowires with Pt and carbon, which may alter the mechan-
ical properties.

2.4. Chemical and structural characterisation

Chemical analysis of the solutions was performed by
inductively-coupled plasma optical emission spectrometry
(ICP-OES). Scanning electron microscopy was performed
using a Leo 1550 VP apparatus (Leo Elektronenmikroskopie
GmbH, Oberkochen, Germany) fitted with an INCA energy
dispersive system (EDS) (Oxford Instruments, Oxford, UK).

A scanning electron microscope model JSM6500F from
JEOL, Japan equipped with an EBSD detector from TSL
was used for electron back scatter diffraction (EBSD) mea-
surements. The patterns were recorded by a CCD camera

(DigiView) 12 under a tilting angle of the sample stage
of 70◦. The acceleration voltage was 15 kV. The analysis of
the individual EBSD patterns yielded the crystallographic
orientations of the crystal at each position of the electron
beam. In the present study, ACOM has been applied in a
high-resolution, high-intensity SEM with field emission gun
(JEOL JSM 6500 F). For pattern analysis, the TSL OIM anal-
ysis software was used.

2.5. Mechanical characterisation

2.5.1. Bending (static) experiments

Static bending experiments were performed on singly
clamped nanowires by exposing a force on a nanowire
clamped on one side only. As a qualitative test of mechani-
cal properties of the tungsten nanowires, a micromanipula-
tor was used for bending experiments, which were observed
by optical microscopy. Quantitative analysis was performed
using an atomic force microscope (AFM) in order to obtain
the Young’s modulus. This analysis was performed on later-
ally aligned nanowires (Figure 5).

2.5.2. Analysis of resonant oscillating nanowires

Dynamic studies can be performed on oscillating nanowires
by analysis of the resonant frequency, which is given by the
Euler-Bernoulli theory [22]:

fres = κ2

2πl2

√
EI

ρA
, (1)

with k being a constant depending on the oscillation mode.
For the singly and doubly clamped oscillators (Figure 6), the
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Figure 6: Basic configuration of nanowire-based resonators.
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∼

Figure 7: Magnetodynamic operation principle of doubly clamped
nanowires with magnetomotive actuation and inductive sensing.

resonant frequency of the first flexural is then given by

fres ≈ 0.28

√
E

ρ

R

L2
, (2)

for singly clamped nanowires (cantilever), and

fres ≈ 1.78

√
E

ρ

R

L2
, (3)

for doubly clamped nanowires (bridge), with E being the
Young’s modulus and p the mass density of the resonator
material, R and L are radius and length of the resonator
beam, respectively. Consequently, resonators are powerful
test structures for the determination of the Young’s modulus
on the nanoscale as long as the geometry can be determined
accurately.

In this study, only doubly clamped nanowires were inves-
tigated. These resonators were operated by magneto motive
actuation, the principle of which is shown in Figure 7. The
conducting actuator was positioned in a static magnetic field,
and the current through the actuator causes a Lorentz force
to bring the device into motion [23, 24]. It is one of the most
popular actuation mechanisms for NEMS devices [25].

3. RESULTS AND DISCUSSION

3.1. Nanowire crystallography

There are several methods available to produce tungsten
nanowires. However, none of the techniques is able to
yield a self-organised array of the single crystalline tungsten
nanowires except the method presented here.

Figure 2(a) shows an array of tungsten nanowires embed-
ded in the NiAl matrix. In order to establish whether they
are single crystalline as well as determine the growth direc-
tion of the two eutectic phases (NiAl and W) and their in-
terfacial planes, orientation imaging microscopy (OIM) was
used. EBSD patterns taken from the NiAl matrix and the W

nanowires at different locations of the sample are depicted in
Figure 2(b). First of all, the identity of the patterns from the
NiAl matrix shows that the matrix is single crystalline. Also,
the patterns obtained from different nanowires show well-
defined Kikuchi lines, proving that they are single crystalline.
Moreover, the symmetry and parallelism of the patterns in-
dicate that the nanowires have the same crystallographic ori-
entation, even azimuthally. This practically proves that this
method surpasses the drawbacks of the other available meth-
ods and is capable of yielding self-organised arrays of the sin-
gle crystalline tungsten nanowires.

An interesting aspect of directionally solidified eutectics
is a preferred crystallographic orientation relationship be-
tween the phases. The existence of such specific crystallo-
graphic relationships is ascribed to the minimisation of the
interface energy between the phases. Cantor [26] has re-
viewed the evidence for the development of special crystallo-
graphic relationships during directional solidification of eu-
tectic alloys and shown that behaviours ranging from strict
epitaxial to completely independent growth can occur.

The crystallographic orientation relationship was found
to be cube-on-cube, which is characteristic for eutectic alloys
containing phases with similar structures, such as NiAl-Cr,
Mo, and V. As W also has a BCC structure which is crystal-
lographically identical to the B2 ordered structure of NiAl,
they also adopt identical growth textures and form a unique
orientation relationship.

3.2. Flexibility

As a qualitative test of the mechanical properties of the tung-
sten nanowires, bending with a micromanipulator was car-
ried out. The sequence of images (Figures 8(a)–8(d)), com-
prised of snapshots from a video, demonstrates totally elastic
bending of a nanowire, even after several load-unload cycles,
which is unusual for a brittle material like tungsten. Both
high elasticity and ductility of the nanowires observed dur-
ing bending experiments brought up a necessity for more
accurate and quantitative measurements of the mechanical
properties which are described in the following sections.

3.3. Young’s modulus of nanowires by static bending

A singly clamped tungsten nanowire prepared by the FIB
technique is shown in Figure 9. An example for the anal-
ysis of lateral positioned nanowires by lateral force mi-
croscopy (LFM) is presented in Figure 10. The singly
clamped nanowire (see Figure 9) is scanned at different
points along the nanowire and lateral deflection of the AFM
cantilever is recorded. Figure 10(b) shows three selected line
scans separated by about 300 nm. It can clearly be seen that
the lateral deflection, and thus the applied force increases
when scanning approximate the anchor point, and that the
nanowire is released after stronger bending.

Consequently, as expected the stiffness (spring constant)
of the nanowire increases with decreased distance to the an-
chor point, that is, with shorter nanowires. The stiffness
value is used to calculate the Young’s modulus. A major dif-
ficulty in LFM, however, is the accurate determination of the
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(a) (b)

(c) (d)

Figure 8: Series of optical images showing the flexibility of tungsten nanowires.

1μm

Figure 9: Typical singly clamped lateral aligned tungsten nanowire
prepared by FIB on SiO2/Si substrates with Au pads.

lateral force in Figure 10(b), since the torsional lattice con-
stant of the AFM cantilever cannot be determined with the
required accuracy. In contrast, the vertical bending lattice
constant of the AFM cantilevers can be obtained with much
higher accuracy (e.g., from the resonant frequency), the ap-
plication of force-displacement curves is much more reliable
for the determinations of the Young’s modulus. Figure 11
shows the force-displacement curves on the same tungsten
nanowire. Similar to the LFM analysis, the stiffness keff of
the system can be determined from the slope in Figure 11(b).
The lattice constant kNW of the tungsten nanowire is

kNW = keff kcantilever

keff − kcantilever
, (4)

with the spring constant kcantilever of the silicon cantilever. Fi-
nally, the Young’s modulus of the tungsten nanowire is given
by

E = 4L3

3πR4
NW

kNW. (5)

The determined values in dependence on the position on the
nanowire are shown in Figure 12. For this nanowire, an aver-
age Young’s modulus of E0 = 332 GPa was extracted. The

analysis of several nanowires results in an average Young’s
modulus of E0 = 362±62 GPa, which is very close to the bulk
value of E0 = 355 GPa [27]. Nanowires prepared by the e-
beam-based technology had a slightly smaller value, however,
this difference is within the accuracy of the measurements. As
a consequence, nanowires down to 100 nm diameter exhibit
a Young’s modulus, which does not show dependence on the
diameter and is not different from the bulk value.

3.4. Young’s modulus from resonant
oscillating nanowires

In the case of oscillating nanowires, the Young’s modulus is
calculated from the measured resonant frequency of magne-
tomotively driven, doubly clamped nanowires as described
in Section 2.5.2. Figure 13 shows the resonant curve of a
nanoresonator (insert) prepared by FIB-contacting of a tung-
sten nanowire.

The calculated Young’s modulus (E∼450 GPa) for this
structure strongly differs from the bulk value. Generally,
the dynamic measurements yield to higher values for the
Young’s modulus (400–650 GPa). The main reason for this
phenomenon is the high contamination during the process-
ing. All the resonator bridges were prepared by the FIB tech-
nique, and Auger electron spectroscopic investigations have
shown that these nanowires were higher contaminated with
carbon and traces of Pt then the singly-clamped nanowires
used for the static measurements. As a consequence, the
highest values for the apparent Young’s modulus were ob-
tained for the nanowires with the highest contamination
level. These contaminations affect the resonant behaviour of
the nanowire by simple mass loading Δm according to

Δ fres = −1
2
fres

Δm

m
, (6)
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Figure 11: Force displacement analysis of a W nanowire: (a) AFM topography image, (b) selected F-z curves, recorded crossing the marked
points on the nanowire.

or by introducing additional strain, which also alters the
resonant frequency [28–30]. Consequently, the apparent
Young’s modulus is not representative for the pure tungsten
nanowire but an effective value for the processed nanores-
onator. This observation underlines the importance of con-
trolling the processing technologies, the nanowire surfaces,
and the environment with highest accuracy while main-

taining absolute cleanliness. On the other hand, this phe-
nomenon gives rise to an attractive possibility of using
nanowires as highly sensitive sensors [31]. For further qual-
itative analysis of this effect, two coupled resonators on the
same nanowire were investigated (Figure 14).

After bending of a single tungsten nanowire, the origi-
nal resonator with a resonant frequency of fres = 117 kHz
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Figure 13: Resonance curve of a tungsten nanowire measured by
the magnetomotive principle.

(I) splits into two resonators with each with its own resonant
frequency (II). After a long-term exposure of the nanowires
to air, these two resonant frequencies shift further to higher
values (III) indicating a modified structure. Auger electron
spectroscopy showed an increased amount of oxygen and
carbon on the nanowire surface demonstrating again the
high sensitivity of the properties of nanowires to surface
modifications. Thus, in contrast to the almost constant be-
haviour in static bending experiments, contamination and
oxidation have a strong influence on the resonant oscillation
behaviour of the nanowire, which leads one to expect a dis-
continuous surface film. The quantification of the influence
of these additional surface layers on the mechanical proper-
ties of the nanowires and the development of a correspond-
ing analytical model is the subject of the ongoing studies.
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Figure 14: (a) Bended, doubly clamped tungsten nanowire res-
onator and (b) corresponding resonant curves: (I) single resonant
frequency before bending, (II) two resonant peaks after bending,
and (III) two shifted resonant peaks after 2 months exposure to air.

4. SUMMARY

In this study, single crystalline tungsten nanowires were
grown by directional solidification of NiAl-W alloys and were
chemically released. Single crystallinity and parallel crystallo-
graphic orientation were proven by EBSD. These nanowires
were further processed to realise freestanding structures for
mechanical characterisation. By different mechanical anal-
ysis techniques, it was shown that single crystalline tung-
sten nanowires with diameters down to 100 nm exhibit a
Young’s modulus, which is comparable to the bulk value. In
bending experiments, these tungsten nanowires have shown
a high stability. However, particularly the analysis of reso-
nant nanowire structures revealed that the mechanical prop-
erties can be drastically altered by the processing technology
and the exposure to the ambient environment. In contrast to
semiconducting nanowires such as ZnO, the effective Young’s
modulus increases. These observations have a high impact on
the design of nanowire-based nanomechanical devices. The
increased effective Young’s modulus is the consequence of the
observed contamination and the formation of a surface ox-
ide on the tungsten wire, which alters the geometry as well as
the internal strain. A quantitative analysis of this effect will
be the subject of future investigations.
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pressure-dependent RF response of microelectromechanical
resonators for sensing applications,” Journal of Micromechan-
ics and Microengineering, vol. 17, no. 10, pp. 2016–2023, 2007.

[25] K. L. Ekinci and M. L. Roukes, “Nanoelectromechanical sys-
tems,” Review of Scientific Instruments, vol. 76, no. 6, Article
ID 061101, 12 pages, 2005.

[26] B. Cantor, “Interphase interfaces,” in Grain Boundary Structure
and Properties, G. A. Chadwick and D. A. Smith, Eds., Aca-
demic Press, London, UK, 1976.

[27] D. Mende and G. Simon, Physik—Gleichungen und Tabellen,
VEB Fachbuchverlag, Leipzig, Germany, 1986.

[28] V. Cimalla, F. Will, K. Tonisch, et al., “Nanoelectromechani-
cal devices for ultra sensitive sensors,” Sensors and Actuators B,
vol. 126, no. 1, pp. 24–34, 2006.
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1. INTRODUCTION

Zinc oxide (ZnO) exhibits several unique properties, such as
being a semiconductor and a piezoelectric material [1], and
consequently, is used in a wide variety of sensors and actua-
tors. ZnO nanostructures are being explored for a wide range
of applications in nanoscale devices, such as nanogenerators
[2], gas sensors [3], field emission transistors [4], nanocan-
tilevers [5], and in biomedical systems, such as ultrasensi-
tive DNA sequence detectors [6]. Apart from the techno-
logical significance of ZnO nanostructures, their quasi one-
dimensional structure with diameters in the range of tens of
nanometers to hundreds of nanometers makes them inter-
esting from a scientific point of view. In this size range, they
are expected to possess interesting physical properties and
pronounced coupling that are quite different from their bulk
counterpart [7].

Although ZnO nanowires are touted as the next gener-
ation materials for use in nanoscale systems [8], very few
experimental investigations on their mechanical properties
are reported in literature. The lack of experimental studies
is mainly due to the challenges of material characterization
at the nanoscale, such as (i) specimen manipulation, align-
ment, and gripping to achieve the desired boundary condi-
tions, and (ii) application and measurement of force and dis-
placement with very high resolution [1]. Additionally, ability
to perform in situ experiments is important for nanoscale
materials characterization. In situ experiments, usually con-

ducted in analytical chambers such as the scanning or trans-
mission electron microscope (SEM or TEM), enable direct
visualization of the events as they occur, thus providing qual-
itative information along with quantitative data. In situ ex-
periments also ensure accuracy of the experimental proce-
dures, which is challenging to supervise at the nanoscale.

In this paper, we study the effect of temperature and gas
flow rate on the growth of different zinc oxide nanostruc-
tures synthesized using the vapor-liquid-solid (VLS) tech-
nique and present experimental results on Young’s modu-
lus of single ZnO nanowires. The modulus was measured
by bending the nanowire in a cantilever configuration in-
side a SEM, enabled for in situ observations. In Section 2,
we review the main techniques in literature for mechanical
characterization at the nanoscale, and experimental results
on Young’s modulus of zinc oxide nanostructures.

2. REVIEW OF NANOMECHANICAL EXPERIMENTAL
TECHNIQUES AND YOUNG’S MODULUS VALUES
FOR ZINC OXIDE NANOSTRUCTURES

One of the direct techniques to measure Young’s modulus of
materials is uniaxial tensile testing. However, it is difficult to
adapt this technique for nanoscale material characterization,
due to the reasons mentioned in Section 1. Microelectrome-
chanical systems (MEMS) are used as test beds for charac-
terizing the mechanical properties of nanostructures to cir-
cumvent some of these problems at the cost of complexity in
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Table 1: Young’s modulus values of ZnO nanostructures reported in literature.

No. Young’s modulus
(GPa)

Nanostructure type Reference Technique

(1) 52 Nanobelts [9] Mechanical resonance
in TEM

(2) 50 Nanobelts [10] TEM resonance

(4) 29 ± 8 Nanowire [11] AFM bending
(vertical nanowires)

(5) 140–210 (size effect
reported)

Nanowire [12] SEM resonance

(6) 58 Nanowire [13] TEM resonance

(7) 90–100 Nanowire [14] Nanoindentation

(8)
38.2 by AFM

Nanobelt Nanoindentation and
3-point AFM bending31.3 by [15]

nanoindentation

(9) 106 ± 25 Nanowire [16]
Detecting resonance
under an optical
microscope

(10) 97 ± 18 Nanowire [17]

Tensile and cantilever
bending experiments,
measured modulus
only at fracture

(11)
117, 229 (100 nm

Nanowire
Buckling of
nanowires using
nanoindentation

diameter) [18]

232, 454 (30 nm
diameter)

device design and fabrication [19–21]. Desai and Haque [1]
have used the uniaxial tensile testing technique to measure
Young’s modulus of ZnO nanowires. It is interesting to note
that the authors reported fracture strains as high as 15% for
the nanowires, which is unusual considering that bulk ZnO
is a brittle material at the bulk scale [22]. Young’s modulus
of nanowires can also be extracted from the resonant fre-
quency of a single nanowire, induced by an alternating elec-
tric field. As examples, researchers have used this dynamic
characterization technique to measure the modulus of zinc
oxide nanowires [13], carbon nanotubes [23], and gallium
nitride nanowires [24].

The quasi-static counterpart of the dynamic experiments
essentially involves bending the nanowire specimen with
a very soft spring (e.g., cantilever beam). The experiment
is generally performed using an Atomic Force Microscope
(AFM). Here, the deformation is primarily strain gradient
dominant at the rigid support. Song et al. [11] and Hoff-
mann et al. [17] have used this technique to measure Young’s
modulus of ZnO nanowires. It is important to note that the
effect of varying levels of strain gradient in these experiments
(caused by bending) may result in significant deviation in the
mechanical properties, because of the piezo-electric nature
of the material. AFM-based experiments are popular tech-
niques for mechanical characterization, because the stiffness
of the tip is very small, and hence, the force measurement res-
olution is very high (on the order of nano-Newtons). How-
ever, understanding the tip-nanowire interaction is crucial
for accurate and reliable experimental studies. For instance,

friction (due to slipping) and van der Waals forces between
the nanowire and tip will introduce errors in the measure-
ment of mechanical properties [25]. The influence of these
surface forces on the mechanical properties will be more sig-
nificant in the case of smaller diameter (less than 30–40 nm)
or high aspect ratio nanowires (greater than 100), where
the magnitude of forces is very small (on the order of pico-
Newtons to few nano-Newtons). It is also important to note
that specimen geometry, crystallographic orientation, syn-
thesis process, and the nature of experimental technique–
uniform strain versus strain gradient-dominant and static
versus dynamic deformation, all significantly affect the ex-
perimental results. Consequently, a huge spread is observed
in Young’s modulus values reported in literature for zinc ox-
ide nanowires, as summarized in Table 1.

In this paper, we present results on in situ cantilever
bending experiments inside a Focused Ion Beam–Scanning
Electron Microscope (FIB-SEM) on ZnO nanowires. These
experiments provide information on the elasticity of ZnO
nanowires determined using a quasi-static and strain gra-
dient-dominated technique. In situ experiments enabled us
to observe the nanowires-tip interaction during the experi-
ment. In Section 3, we discuss the synthesis process of zinc
oxide nanowires.

3. NANOWIRE SYNTHESIS PROCESS

We synthesized the zinc oxide nanowires by the vapor-liquid-
solid (VLS) mechanism [26] using gold as a catalyst. The



M. P. Manoharan et al. 3

Alumina crucible
ZnO: graphite ≡ 1:1 at 1000 ◦C

Argon out

10 sccm

Argon in

10 sccm

Si (100) with 20 nm gold

Figure 1: Vapor-liquid-solid synthesis chamber and process de-
scription.

Lindberg Anneal single tube furnace (Blue M) was used for
the nanowire growth process; the schematic of the furnace is
shown in Figure 1. We started with ZnO powder (Alfa Ae-
sar, 99.99%) and graphite powder (Alfa Aesar, 99.99%) in
1 : 1 ratio by weight in an alumina crucible inside the fur-
nace. Argon gas was allowed to flow in the tube (from right
to left in Figure 1) at 10 sccm. The silicon (Si) substrates with
20 nm gold (Au) films (on [100] silicon surface) were placed
downstream from the crucible, and served as the platform
for nanowire growth.

As the temperature of the crucible increases to approx-
imately 1000◦C, the ZnO powder is reduced by graphite to
form zinc (Zn), carbon monoxide (CO), and carbon diox-
ide (CO2) vapors. The argon gas carries these vapor-phase
products to the silicon samples placed at different temper-
atures. Meanwhile, gold and silicon droplets form a eutec-
tic alloy at each catalyst site. The gaseous products produced
by the reduction reaction adsorb and condense on the alloy
droplets. Subsequently, the ZnO nanowire synthesis reaction
is catalyzed by the Au-Si alloy at solid-liquid interface to form
zinc oxide nanowires [27]. The ZnO vapor saturates the alloy
droplet, followed by the nucleation and growth of solid ZnO
nanowire, due to the super saturation of the liquid droplet.
Incremental growth of the nanowire taking place at the
droplet interface, constantly pushes the catalyst upwards un-
til no more zinc vapor is available, or all the gold is used up.
We observed nanowire growth from around 500◦C to 900◦C,
the diameters of the nanowire ranged from 30 nm to 750 nm
and the lengths were up to 100 μm. Some of the nanowires
had a gold tip on the end (Figure 2(c)), indicating VLS mech-
anism for the growth process. We also observed nanobelt
(Figure 2(a)) and nanoneedles (Figure 2(b)) formation in
the lower-temperature regions. In Section 4, we discuss the
sample preparation techniques for mechanical characteriza-
tion experiments (cantilever bending) of nanowires.

4. SPECIMEN PREPARATION

The ZnO nanowires grown by VLS mechanism generally oc-
curred as clusters, but individual nanowires are required for
the experiments. Individual ZnO nanowires were picked us-
ing a micromanipulator (Creative Devices Inc., NJ, USA) fit-
ted with an electrochemically sharpened tungsten probe tip.
The nanowires adhere to the probe tip due to both short- and

200 nm

(a)

2μm

(b)

1μm

(c)

Figure 2: Effect of synthesis temperature on the geometry of nanos-
tructures: (a) nanobelts at 650–700◦C, (b) nanoneedles at 825–
875◦C, (c) nanowires at 900–950◦C.

20μm

(a) (b)

Figure 3: Zinc oxide nanowire (a) before and (b) after “gluing” with
platinum in FIB-SEM. Inset in (b) shows platinum deposition on
the nanowire near the edge of the wafer.

long-range attractive forces, which we generically term as van
der Waal’s forces. The nanowire was then placed on the edge
of a chip of silicon wafer (coated with 100 nm thick gold film
to improve imaging in SEM), as shown in Figure 3(a). The
nanowire was oriented perpendicular to the edge of the sil-
icon wafer using the probe tip. We “glued” the end of the
nanowire near the edge of the silicon wafer by platinum de-
position using a focused ion beam (FIB) (FEI Quanta 3D 200
FIB/SEM), as shown in Figure 3(b). The inset in Figure 3(b)
shows the platinum deposition or “glue” on the nanowire
near the edge of the silicon wafer. The microscale version of
the pick-and-place technique is time intensive, but enables
us to consistently prepare long nanowire specimens for the
experiments. In Section 5, we discuss the experimental tech-
nique and results on Young’s modulus of ZnO nanowires.

5. EXPERIMENTAL SETUP AND RESULTS

We performed cantilever-bending experiments to estimate
Young’s modulus of the nanowires. Bending loads were ap-
plied on the nanowires using an AFM cantilever with a
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Figure 4: (a) Tipless AFM cantilever (b) when mounted on the
tungsten tip in the omniprobe.

known spring constant. The AFM cantilever (MikroMasch,
CSC12) was mounted on the tungsten probe tip in the om-
niprobe (a three-axis piezoelectric actuator in the FIB-SEM)
along the x-axis (Figure 4(a), probe is not shown in image).
The SEM image plane is the X-Y plane.

We then tilted the probe such that the tip face was aligned
perpendicular to the viewing screen (parallel to the Z-axis)
(Figure 4(b)). This ensures that the loading direction is in
the desired plane (X-Y plane).

We then mounted the nanowire specimen inside the SEM
chamber, and rotated the SEM stage (about the Z-axis) to
align the longitudinal axis (length) of the nanowire parallel
to the length of the AFM cantilever (Figure 5(a)). This en-
sures that the central axis of the nanowire and AFM tip are
parallel before loading. We then tilted the stage (around the
x-axis) to verify that the nanowire is completely in the X-
Y plane. After ensuring that the nanowire and the AFM tip
were aligned, we performed the cantilever-bending experi-
ment inside the SEM. The schematic of the bending exper-
iment is shown in Figure 5(a). Note that Figure 5(a) is not
to scale and in reality, the nanowire is thinner than the AFM
cantilever. Figure 5(b) shows the in situ bending experiment
inside the SEM.

The AFM cantilever moves vertically downwards (nega-
tive Y direction) to vertically load the nanowire and the de-
flection of the AFM cantilever and nanowire tip are the same.
We can estimate Young’s modulus of the nanowire from the
deflections of the AFM cantilever base and nanowire tip.

We assume the following conditions for the cantilever
bending experiments:

(1) clamped fixed end,
(2) small nanowire tip deflections (valid for ynw/l ≤ 0.1,

where ynw and l are the tip deflection and length of the
nanowire, resp.).

Based on these assumptions, the normal or tensile bending
stress (σ) and the normal or tensile bending strain (ε) on the
nanowire, during the cantilever bending are given by

σ = 32ktip
(
ybase − ynw

)
l

πd3
,

ε = 3ynwd

2l2
,

(1)

where ktip is the stiffness of the AFM cantilever tip, ybase is the
displacement of the AFM cantilever base, ynw is the displace-
ment of the nanowire, d is the diameter of the nanowire, and
the stresses and strains are the maximum values that occur
on the outermost diameter of the nanowire at the clamped
end. The deflections of the nanowire and AFM cantilever
base are estimated from processing the SEM images during
the loading experiments. Thus, using the deflection values of
the AFM cantilever base and nanowire tip and (1), we can
estimate the normal stress and strain on the nanowire, and
plot a stress-strain diagram. The slope of the stress-strain
curve (linear fit) is Young’s modulus of the nanowire. We
performed cantilever bending experiments inside the SEM
on ZnO nanowires specimens with diameters ranging from
350–750 nm and did not observe any dependence of Young’s
modulus on the diameter of the nanowire. Figure 6 shows
a representative stress-strain diagram. Young’s modulus val-
ues of the nanowires (five specimens) ranged from 35 GPa to
44 GPa, which is within the expected error in the experimen-
tal data. In some of the bending experiments, the deflections
of the nanowires were large and the expressions for stress and
strain (1) are not accurate. In those cases, the nonlinear mo-
ment curvature differential equation is numerically solved to
match the bending profile of the nanowire to obtain more
accurate values of the stresses and strains (details in [25]).

For mechanical measurements, the boundary condition
of the cantilever support is critical for an accurate estima-
tion of the properties. Typically, the nanowire specimen is
clamped with electron-beam-induced deposition [28, 29]
or the focused ion beam-based platinum deposition (FIB-
Pt) [19], which might introduce ion beam induced stresses
[25]. However, our in situ SEM observations show that
for nanoscale bending experiments on specimens without
deposition-based clamping, there is no observable rotation
of the nanowire at the fixed end. This suggests that specimen-
substrate adhesion could be strong enough to work as a
clamping mechanism.

In order to study the effect of boundary conditions, we
repeated the experiment on adhesion-clamped specimens
prepared using the technique employed by Ding et al. [29].
From the experiments on adhesion-clamped specimens, we
measured Young’s modulus of the nanowires to vary from
18 GPa to 27 GPa (four specimens), and the range of diam-
eters was from 200 nm to 330 nm. This discrepancy can be
attributed largely to the difference in boundary conditions in
the two specimen clamping techniques. If the applied bend-
ing force is comparable to the adhesion and friction forces,
the rigid support boundary condition is no longer valid, as
the nanowire has free boundary conditions on a significant
part of its outer surface. In Section 6, the synthesis process
and the experimental results are discussed.

6. DISCUSSION

We studied the effects of temperature on the synthesis of
ZnO nanostructures using the VLS technique, and subse-
quently characterized their elastic properties. We observed
no nanowire growth at gas flow rates higher than 10 sccm im-
plying that the zinc, carbon monoxide, and carbon dioxide
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Figure 5: (a) Schematic of nanowire-bending experiment, (b) superimposed images from the in situ bending experiment inside the SEM
showing the specimen and only the tip of the loading structure and (c) “spring” equivalent of the experimental setup.
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Figure 6: Stress-strain diagram for a ZnO nanowire specimen.

vapors are carried away rapidly from the substrates and do
not have enough time to react at the silicon-gold interface.
In most of the cases, the nanowire growth temperatures were
between 500 and 800◦C, which is consistent with the binary
phase diagram of gold and zinc [30]. Ideally, the nanowire
growth temperatures should be set between the eutectic tem-
perature (683◦C) for gold and zinc and melting point of zinc
(420◦C), reaching a maximum of 750◦C [31]. However, it
should be noted that the equilibrium phase diagrams at the
nanoscale might be different from bulk and could result in
different preferential growth temperatures for the nanowires.
In some cases, we observed the growth of different nanos-
tructures of zinc oxide such as nanobelts and nanoneedles
(Figures 2(a) and 2(b)), similar to observations by other re-
searchers [32, 33].

From transmission electron microscope (TEM) images,
the growth direction of the nanowire was determined to be
[0001], and the nanowires had a wurtzite crystal structure
(single crystal) with lattice constants close to those of bulk
crystals. At the bulk scale, Young’s modulus of zinc oxide in
the [0001] direction is 140 GPa [34], which is significantly
higher than the modulus value reported in this paper. This is
commonly attributed to the surface stress effects in the litera-
ture. Due to the lower coordination number of surface atoms
compared to bulk atoms, there exist intrinsic surface stresses
in materials [35, 36], and the mechanical properties of sur-
faces are different from bulk. The effects of surface stresses
are significant when the size of the material is on the order

of h0 = S/E, where S is the surface elastic constant and E is
the modulus of the bulk material [37]. For zinc oxide, the
order of h0 is approximately a few angstroms, which implies
that the surface effects cannot alone explain the size effects
observed in Table 1.

One of the reasons for the observed scatter in the mod-
ulus values (Table 1) is the difference in experimental tech-
niques used to estimate Young’s modulus. The dynamic ex-
periments performed by Huang et al. [13], Chen et al. [12],
and Zhou et al. [16] are expected to show slightly higher,
unrelaxed (EU) modulus, whereas in this paper we report
modulus values estimated by quasi-static experiments (ER).
In dynamic experiments, the time period of motion of the
nanowire is much lower than the relaxation time, and hence,
the modulus values estimated during dynamic experiments
tend to be higher than the values estimated during static or
quasi-static experiments (EU > ER) [38]. Also, the oscillating
electric field applied to the specimen induces charges on the
nanowire surface, which can significantly overestimate the
elastic properties [39]. For aspect ratios of around 100 for
copper nanowires, the measured modulus could be 1.5 times
the actual modulus.

The modulus value reported in this paper is less than the
modulus value estimated by Feng et al. [14] (90–100 GPa),
using nanoindentation. They estimated the modulus of the
nanowires from the hardness values of the nanowires, which
were measured during nanoindentation. In order to estimate
the hardness of the nanowire, they had to make assump-
tions about the elastic properties of the nanoindenter tip and
the nanowire material. In their experiments, they assumed
that the elastic properties of bulk ZnO are applicable to ZnO
nanowires, and this may have influenced the final estimated
modulus value of the ZnO nanowire. Ni and Li [15] esti-
mated the bending Young’s modulus of ZnO nanobelts as
38.2 GPa and nanoindentation modulus as 31.1 GPa, which
compare favorably with the modulus values reported in this
paper.

A possible mechanism to explain the reduction in mod-
ulus of ZnO nanowire compared to bulk is the strong elec-
tromechanical coupling in zinc oxide. Due to its noncen-
trosymmetric wurtzite structure and ionic nature of the in-
teratomic bond, internal electric fields are induced in ZnO
when the material is strained [40, 41]. The positive sign
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of the electromechanical coupling coefficient, e33, along the
[0001] direction implies that the induced electric field tends
to reduce the measured modulus of the nanowire. Additional
electrical polarization is introduced in the nanowire dur-
ing flexural deformation due to the flexoelectric effect which
arises because of the high-strain gradient at the nanoscale
[42]. For piezoelectric materials with low dielectric constant,
such as zinc oxide, quasi-static tests are not recommended
for measurements of elastic constants (Young’s modulus) be-
cause of the uncertainties in electrical boundary conditions
[43]. As a result, the measured modulus values in quasi-
static nanomechanical characterization (e.g., the technique
reported in this paper) are influenced by the electromechan-
ical coupling resulting in Young’s modulus of ZnO nanowire
being different from bulk. Another approach for explanation
of reduction in modulus is that the elastic properties of a ma-
terial can be described at the atomistic level, where the bond
length, bond energy, and arrangement of atoms influence the
overall elastic behavior of the material [44, 45]. In case of
ZnO, the effective charge (e∗) on the zinc-oxygen changes
due to charge redistribution when the material is strained
[46]. Since Young’s modulus of the material depends on e∗,
the modulus of the material should change at higher strains.
The techniques used for measuring the elastic properties at
bulk scale involve negligible strains compared to nanoscale
bending experiments. As a result, the measured modulus val-
ues of nanoscale zinc oxide are different from bulk due to
strain-dependent modulus.

7. CONCLUSION

Zinc oxide nanostructures (nanobelts, nanoneedles, and
nanowires) were synthesized using the vapor-liquid-solid
technique. Young’s modulus of the nanowires was estimated
by bending experiments performed in situ in a scanning elec-
tron microscope on individual nanowires. Young’s modulus
was measured to be about 40 GPa, which is about 30% of
the modulus value at the bulk scale (140 GPa). It was ob-
served that the specimen preparation technique influences
the boundary conditions, which affects the measured mod-
ulus value. The observed size effect was discussed on the ba-
sis of the pronounced electromechanical coupling and strain
gradient at the nanoscale.
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A popular technique for characterizing the mechanical properties of carbon nanotubes is to apply a one-dimension axial compres-
sion and measure its response to the compressive force. At some critical compression, a dramatic decrease in the force is observed.
This has previously been attributed to Euler buckling, allowing the elastic modulus to be calculated from the Euler buckling force.
We have attached individual plasma enhanced chemical vapor deposition (PECVD) grown carbon nanofibers (CNFs) and thermal
chemical vapor deposition (CVD) grown carbon nanotubes (CNTs) to the apex of an atomic force microscope (AFM) cantilever
to examine this mechanical response. By combining the force measurements and simultaneous video microscopy, we are able to
observe the mechanical deformation and correlate points in the force curve with phenomena such as slipping and bending. Anal-
ysis of the mechanical response must therefore be interpreted in terms of bending and/or slipping of a tube compressed by an
off-normal force.
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1. INTRODUCTION

Carbon nanotubes (CNTs) have recently generated intense
interest due to a combination of remarkable electrical, ther-
mal, and mechanical properties. The mechanical proper-
ties have generated interest for producing high-strength
lightweight composite materials [1]. The mechanical prop-
erties are also relevant for operation of CNTs as resonators
[2], electromechanical relays [3, 4], or atomic force micro-
scope (AFM) probe tips [5, 6]. Other applications utilizing
CNTs as interfacial materials, such as thermal interface [7],
dry adhesive [8], or super-compressible films [9], rely on the
mechanical deformation and stiction properties of the CNT
within an array or mat of CNTs.

Varied attempts have been made to measure the moduli
and strengths of carbon nanotubes via approaches such as
natural and driven resonance measurements and bending de-
formation under AFM measurement. The modulus of CNTs
is measured at around 1.2 TPa with some studies suggesting a
reduction in modulus as diameter and structural defects in-

crease [10, 11]. A variation on the carbon nanotube, often
called a carbon nanofiber (CNF), which is grown by plasma
enhanced chemical vapor deposition (PECVD), should show
a significant reduction in modulus relative to the CNT due to
its stacked cone graphene morphology [12]. Still the CNF is
of interest as it may be grown as a free standing, vertically
aligned cylindrical nanostructure. While the data available
on the mechanical properties of the CNF is fairly limited,
they are still of interest for applications such as thermal in-
terface materials [7, 13], AFM tips [5], and cellular probes
[14].

The mechanical deflection behavior of these nano-
structures needs to be understood in much broader terms
than the basic modulus measurement. Specifically, it is not
well known what the mechanical behavior and deforma-
tion modes of CNTs and CNFs are at an interface under
compression. The nanotubes may deform by buckling, or
they may slip at the interface. Local defects on the CNTs
and CNFs may lead to a kinking behavior. These differ-
ent modes of deformation are important in understanding
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performance of the material in applications such as thermal
interface and dry adhesives, where the actual areal overlap
of the CNT with its contacted surface is likely the deter-
mining factor for thermal conduction or adhesion strength.
CNTs present at a high packing may act as a metamaterial,
where the bending, buckling, or slip of one tube may in-
fluence the motion and contact of neighboring tubes. Fi-
nally, phenomena such as plastic deformation and work
hardening have also been observed in CNT and CNF ar-
rays which are presently not well characterized or understood
[9, 15].

While single CNTs have been attached to AFM tips and
measured under a compressive load [16, 17], misalignments
of the CNT with respect to the substrate and imperfections
in the tubes themselves, such as curvature and lattice defects,
can lead to bending, slipping, and kinking during compres-
sion. Measurement of the force response curve alone is not
sufficient, in general, to distinguish these different modes
of compressive response. This has been accomplished previ-
ously by visualizing deformation modes of CNTs under ten-
sile and compressive loads in a scanning electron microscope
(SEM) [18, 19] or transmission electron microscope (TEM)
[20, 21].

We have devised a technically simpler method wherein
we observe the tube motion using optical video microscopy
while simultaneously measuring its compressive behavior.
Our approach requires no specialized equipment, making it
accessible to many more laboratories and applicable to a wide
range of materials. Additionally, the approach can provide
insight into how these systems behave under ambient con-
ditions, rather than under vacuum. Although optical imag-
ing provides only a two-dimensional projection of a three-
dimensional geometry, and with limited spatial resolution,
it serves as a qualitative guide for identifying events such as
bending, kinking, and slipping for the purposes of interpret-
ing force data. This allows for correlation of force response
curves with the actual compressive responses of individual
CNTs and CNFs.

2. EXPERIMENTAL

Carbon nanotubes were grown by thermal chemical vapor
deposition on NiCr substrates as described in [22]. Carbon
nanofibers were produced by PECVD in acetylene ammo-
nia mixtures as described in [23]. The CNTs and CNFs were
then attached to Ni-coated AFM tips as described in [24],
as shown in Figure 2. In the case of the CNF, it was found
that a side attachment of the CNF to the pyramid did not
result in a strong attachment, and the CNF could be re-
moved from the pyramid under repeated cycling. To address
this issue, the CNF was brought into contact solely at the
tip of the AFM pyramid, as shown in Figure 2(a). This re-
sulted in a strong attachment of the CNF to the AFM tip.
We believe this approach was effective because it increased
the contact resistance between the CNF and AFM tip, pro-
ducing sufficient contact heating to spot weld the CNF to
the AFM tip. This process was not required in the case of
the CNT due to a smaller cross-sectional area of the con-
tact and/or a lower-electrical resistance for the CNT itself

resulting in heat dissipation primarily at the contact rather
than being divided between the contact and the interior
of the CNT. The insets in Figures 2(a) and 2(c) highlight
the differences in the attachment techniques for CNTs and
CNFs.

Measurements were made on a Molecular Imaging Pico,
scanning probe microscope operating in tapping mode. For
the purposes of the measurement, the head was moved at
a constant rate while monitoring the change in resonance
amplitude as the tip moved in and out of contact with a Si
wafer. It should be noted that the driving frequency was held
constant near the free-resonance frequency of the cantilever
throughout the experiment, such that the changing response
is attributable to a combination of damping and resonance
shift. A CCD camera coupled with a long working distance
lens was used to image the motion of the AFM tip and at-
tached CNT/CNF at a magnification of 500×. Images were
208 × 160 pixels and were captured at a frame rate of 20 fps.
A customized sample plate holder was designed with a notch
to accommodate the positioning of the objective lens. The
scanner was also lowered to provide adequate clearance for
the objective below the AFM body. A red filter was required
to remove scattered laser light from the optical image. A fiber
optic light source was positioned at each side of the AFM
head to provide oblique illumination for dark-field imag-
ing. The experimental set up is shown in Figure 1. The CCD
camera output was sent to a computer for data storage and
analysis.

The CNTs/CNFs were repeatedly cycled through com-
pressions and generally reproduced each cycle, often in de-
tail. These experiments were preferred for analysis. Occasion-
ally, a tip-fiber weld would fail, as confirmed later by SEM,
and the measurements would drastically change for subse-
quent cycles (not shown). It was possible to correlate video
microscopy data with the AFM scanning by identifying sud-
den movements of the AFM cantilever that were coincident
with scan start and stop commands from the AFM software.
Logger Pro Software was employed to track motion of images
collected.

It is well known that CNTs can be visualized in an opti-
cal microscope [25]. This is the predominant method used
to attach CNTs to AFM tips as first demonstrated by Dai et
al. [26]. While their paper claimed to visualize bundles, it
has later been realized that individual tubes are also view-
able this way [27]. An optical microscope cannot resolve the
diameter of the CNT because it is smaller than the diffrac-
tion limit. The CNT can scatter light, however, and so can
be routinely visualized in the dark field. This is analogous
to visualizing individual metal nanoparticles by imaging the
light scattered by their plasmon modes under darkfield il-
lumination [28]. Namely, the diameter of the nanoparticles
cannot be determined optically, but light scattered from sin-
gle nanoparticles can be measured if they are isolated on a
substrate. In contrast, the length of the CNT is several mi-
crons and is therefore well within the resolution limits of op-
tical microscopy. In our system, the optical imaging corre-
sponds to approximately 100 nm per pixel, therefore the de-
flections of the CNTs and CNFs under compression are also
easily detected.
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(a) (b)

Figure 1: Images of the setup. The long-working-distance microscopic lens is pointed at the AFM cantilever.
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Figure 2: (a), (c) SEM and (b), (d) optical microscopy images of the AFM tips with attached nanostructures. Insets show close-up of the
attachment points. Parts of the video image are labeled for clarity. The dashed lines in (b) show the profile of the cantilever, only part of
which scatters light into the optical microscope. (a), (b) are for the carbon nanofiber and (c), (d) are for the carbon nanotube.

3. RESULTS AND DISCUSSION

Two representative data sets for CNT- and CNF-based deflec-
tion measurements will be discussed to illustrate the applica-
tion of the technique. It should be noted that the difference
between these measurements is not indicative of a differ-
ence between CNTs and CNFs per se, but is instead meant to
illustrate different deformation modes observed through this
approach. Further analysis and quantification would be re-
quired to gain a full understanding of the behaviors of CNTs
and CNFs under compression, but this is beyond the scope

of the current letter. Figure 2 shows SEM images of the CNT
and CNF as attached to the AFM cantilever, along with the
complimentary video capture images. The CNT is approx-
imately 12 μm long while the CNF is approximately 6.5 μm
long. This was sufficient for imaging under video capture
(approximately 50–100 pixels per tube). Actual videos of the
deflection during measurement are available as supplemen-
tary material online.

We must note that each mounted CNT and CNF has its
own shape and structural defects and approaches the sub-
strate at a different angle. Since dark-field imaging relies on
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Figure 3: (a) Trace from the tapping mode AFM data for a carbon nanofiber tip, showing oscillation damping as tip sample separation is
varied. (b) The same trace as a function of time, showing the AFM data and piezo travel. Several major points on the curve are labeled and
the corresponding stills from the video are shown at these points. Also shown are points tracked during video capture, including cantilever
position and position of the carbon nanofiber.

oblique light being scattered into the objective, each CNT
and CNF looks different. The ability to identify bending,
slipping, and kinking naturally differed for different exper-
iments. In general, however, our observations indicate cer-
tain consistent optical behaviors, namely, (i) bending results
in a slow change in illumination, (ii) slipping a discontinuous
change, and (iii) kinking a slow change in one part of the tube
and little in the other. Often a sharp bend is also observed
for kinks. Similar observations are made during withdrawal,
but occasionally the tube/fiber will appear to straighten and
scatter more light than usual. This is likely due to tension,
although it is difficult to distinguish exactly when contact is
broken due to the short length scales and the imaging mode.
These three different modes are demonstrated in supplemen-
tal video S1.

Figure 3, together with corresponding supplemental
video S2, displays the response of the CNF under compres-
sion of up to 1.1 μm. Figure 3(a) shows the displacement-
damping curve with corresponding video capture images
from various points in the displacement cycle. Figure 3(b)
shows y-axis pixel locations for tracking two prominent

points in the video data—the end of the AFM cantilever and
the upper end of the CNF. At initial contact, the CNF tip still
appears fairly straight in the video microscopy and the AFM
oscillation is immediately damped as the CNF is pressed into
the surface. Under further depression, the system stiffness is
reduced and oscillation amplitude begins to increase. This
increase is accompanied by an apparent upward motion of
both the cantilever and CNF tip. In this stage, deflection of
the CNF is barely perceptible and the force is apparently be-
ing absorbed primarily by the cantilever. A brief plateau in
the displacement-damping curve corresponds to the max-
imum deflection of the cantilever as load is transferred to
the CNF. Following this plateau, a more visible bending of
the CNF is apparent and the upward trend of displacement
reverses. The cantilever displacement then follows the trend
of the piezo displacement, while the separation between the
CNF tip and piezo/cantilever decreases, corresponding to
bending or buckling of the CNF.

At around 500 nm of compression, the CNF shape is dis-
torted such that it is no longer trackable in the video, indicat-
ing that it is bent in such a way as to no longer scatter light
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Figure 4: The same measurement as for Figure 3 for a carbon nanotube attached tip at higher degrees of compression. The points in (b)
include motion tracked on the cantilever, the reflection of the cantilever, and horizontal and vertical displacements of the carbon nanotube.

into the objective. During this stage, the oscillation ampli-
tude has reached a constant value close to the free oscillation
amplitude. This indicates that the CNF is presenting a very
low stiffness, consistent with a strongly bowed fiber. On pull-
out, the CNF becomes visible again and the oscillation am-
plitude begins to decrease. Very little bending is observable
on pull out—the CNF appears to be straight when the piezo
displacement returns to zero, even though the oscillation am-
plitude is still decreasing. This hysteresis observed between
scanning probe push-in and pull-out is often attributed to
the properties of a water bridge formed between the tip and
the substrate [29]. In this case, the water bridge provides an
adhesion force and therefore tension on the CNF once the tip
passes the initial contact point during withdrawal. The CNF
may straighten under tension and reposition on the surface
such that the contact angle approaches 90 degrees and the
tip-substrate separation is maximized while still in contact.
This could provide additional travel beyond the initial con-
tact point, after which the water bridge collapses and separa-
tion is achieved.

Figure 4, together with supplemental video S3, shows
similar data to Figure 3 for the CNTs under higher compres-
sion. The initial trends of the CNTs are nearly identical to

that of the CNF. As the unbent CNT first makes contact with
the surface the oscillation amplitude is immediately damped.
As opposed to the previous case, no plateau in the damping
curve or cantilever deflection is observed. This is attributed
primarily to the curvature of the CNT reducing its resistance
to buckling relative to the straighter CNF. The greater length
of the CNT will reduce its stiffness by almost 8×, though this
is expected to be compensated by a higher modulus in the
CNT relative to the CNF. Further pushing of the tube results
in buckling and a corresponding reduction in stiffness un-
til, at 2 μm of compression, the oscillation amplitude has re-
turned to nearly the free-oscillation amplitude and the CNT
is clearly bowed. Further pushing leads to slip of the tube
along the surface, and the CNT is no longer visible in the im-
ages. This results in a stiffening of the CNT as it slides along
the surface in a stick-slip mode, leading to several ridges in
the damping curve. Outside of the first slip event, this stick-
slip action is inferred rather than observed directly because
the CNT is not visible. Pull-out shows a similar series of
ridges as the CNT unsticks and slides, eventually returning
to a single point contact near the original cantilever posi-
tion. Close inspection of Figure 4(b) shows that during pull-
out these ridges are reflected in the motion of the cantilever
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relative to the piezo line, which is not observed during push-
in. At the point of zero tip-sample separation, the damping
characteristics are determined by the water bridge and the
cantilever is pulled approximately 1 μm further away than the
initial contact separation when the water bridge collapses.

4. CONCLUSIONS

We have shown that it is possible to track motions of CNFs
and CNTs with optical video microscopy during mechani-
cal measurements of CNFs and CNTs that were mounted to
AFM tips. Motions of the CNF/Ts and cantilevers in the op-
tical images can be correlated with features in AFM measure-
ments. Reductions in stiffness were correlated with bending
modes and increases in stiffness can be attributed to slipping
on the Si substrate. These measurements demonstrate that
optical characterization of the mechanical response of nan-
otubes and fibers can aid in the interpretation of mechan-
ical measurements, such as those demonstrated with AFM.
Performing contact-mode AFM force measurements coupled
with an inverted optical microscope that is equipped with
dark-field optics should improve the quality of the data and
may provide some unique insights into the mechanics of
nanoscale objects.

ACKNOWLEDGMENTS

The authors would like to thank Drs. Cattien Nguyen, Joseph
Leung, and Alan Cassell for helpful discussions. Funding for
the project was provided by the University of California Dis-
covery Grant Program.

REFERENCES

[1] O. Breuer and U. Sundararaj, “Big returns from small fibers:
a review of polymer/carbon nanotube composites,” Polymer
Composites, vol. 25, no. 6, pp. 630–645, 2004.

[2] J. F. Davis, M. Bronikowski, D. Choi, et al., “High-Q mechan-
ical resonator arrays based on carbon nanotubes,” in Proceed-
ings of the 3rd IEEE Conference on Nanotechnology (NANO
’03), vol. 2, pp. 635–638, San Francisco, Calif, USA, August
2003.

[3] S. W. Lee, D. S. Lee, R. E. Morjan, et al., “A three-terminal
carbon nanorelay,” Nano Letters, vol. 4, no. 10, pp. 2027–2030,
2004.

[4] B. A. Cruden and A. M. Cassell, “Vertically oriented carbon
nanofiber based nanoelectromechanical switch,” IEEE Trans-
actions on Nanotechnology, vol. 5, no. 4, pp. 350–355, 2006.

[5] Q. Ye, A. M. Cassell, H. Liu, K.-J. Chao, J. Han, and M.
Meyyappan, “Large-scale fabrication of carbon nanotube
probe tips for atomic force microscopy critical dimension
imaging applications,” Nano Letters, vol. 4, no. 7, pp. 1301–
1308, 2004.

[6] C. V. Nguyen, K.-J. Chao, R. M. D. Stevens, et al., “Carbon
nanotube tip probes: stability and lateral resolution in scan-
ning probe microscopy and application to surface science in
semiconductors,” Nanotechnology, vol. 12, no. 3, pp. 363–367,
2001.

[7] Q. Ngo, B. A. Cruden, A. M. Cassell, et al., “Thermal interface
properties of Cu-filled vertically aligned carbon nanofiber ar-
rays,” Nano Letters, vol. 4, no. 12, pp. 2403–2407, 2004.

[8] Y. Zhao, T. Tong, L. Delzeit, A. Kashani, M. Meyyappan, and
A. Majumdar, “Interfacial energy and strength of multiwalled-
carbon-nanotube-based dry adhesive,” Journal of Vacuum Sci-
ence and Technology B, vol. 24, no. 1, pp. 331–335, 2006.

[9] A. Cao, P. L. Dickrell, W. G. Sawyer, M. N. Ghasemi-Nejhad,
and P. M. Ajayan, “Materials science: super-compressible
foamlike carbon nanotube films,” Science, vol. 310, no. 5752,
pp. 1307–1310, 2005.

[10] E. W. Wong, P. E. Sheehan, and C. M. Lieber, “Nanobeam me-
chanics: elasticity, strength, and toughness of nanorods and
nanotubes,” Science, vol. 277, no. 5334, pp. 1971–1975, 1997.

[11] Z. L. Wang, P. Poncharal, and W. A. de Heer, “Nanomeasure-
ments of individual carbon nanotubes by in situ TEM,” Pure
and Applied Chemistry, vol. 72, no. 1-2, pp. 209–219, 2000.

[12] A. V. Melechko, V. I. Merkulov, T. E. McKnight, et al., “Ver-
tically aligned carbon nanofibers and related structures: con-
trolled synthesis and directed assembly,” Journal of Applied
Physics, vol. 97, no. 4, Article ID 041301, 39 pages, 2005.

[13] J. Xu and T. S. Fisher, “Enhancement of thermal interface ma-
terials with carbon nanotube arrays,” International Journal of
Heat and Mass Transfer, vol. 49, no. 9-10, pp. 1658–1666, 2006.

[14] T. D. B. Nguyen-Vu, H. Chen, A. M. Cassell, R. Andrews, M.
Meyyappan, and J. Li, “Vertically aligned carbon nanoflber
arrays: an advance toward electrical-neural interfaces,” Small,
vol. 2, no. 1, pp. 89–94, 2006.

[15] Y. Zhang, E. Suhir, and Y. Xu, “Effective Young’s modulus of
carbon nanofiber array,” Journal of Materials Research, vol. 21,
no. 11, pp. 2948–2954, 2006.

[16] S. I. Lee, S. W. Howell, A. Raman, R. Reifenberger, C. V.
Nguyen, and M. Meyyappan, “Nonlinear tapping dynamics of
multi-walled carbon nanotube tipped atomic force microcan-
tilevers,” Nanotechnology, vol. 15, no. 5, pp. 416–421, 2004.

[17] H. W. Yap, R. S. Lakes, and R. W. Carpick, “Mechanical in-
stabilities of individual multiwalled carbon nanotubes under
cyclic axial compression,” Nano Letters, vol. 7, no. 5, pp. 1149–
1154, 2007.

[18] W. Ding, L. Calabri, K. M. Kohlhaas, X. Chen, D. A. Dikin, and
R. S. Ruoff, “Modulus, fracture strength, and brittle vs. plastic
response of the outer shell of arc-grown multi-walled carbon
nanotubes,” Experimental Mechanics, vol. 47, no. 1, pp. 25–36,
2007.

[19] M. F. Yu, M. J. Dyer, G. D. Skidmore, et al., “Three-dimen
sional manipulation of carbon nanotubes under a scanning
electron microscope,” Nanotechnology, vol. 10, no. 3, pp. 244–
252, 1999.

[20] T. Kuzumaki and Y. Mitsuda, “Nanoscale mechanics of carbon
nanotube evaluated by nanoprobe manipulation in transmis-
sion electron microscope,” Japanese Journal of Applied Physics,
Part 1, vol. 45, no. 1, pp. 364–368, 2006.

[21] M. Nakajima, F. Arai, and T. Fukuda, “ In situ measurement of
Young’s modulus of carbon nanotubes inside a TEM through a
hybrid nanorobotic manipulation system,” IEEE Transactions
on Nanotechnology, vol. 5, no. 3, pp. 243–248, 2006.

[22] B. Ribaya, J. Leung, M. Rahman, and C. V. Nguyen, “A study
on the mechanical and electrical reliability of individual car-
bon nanotube field emission cathodes,” to appear in Nanotech-
nology.

[23] B. A. Cruden, A. M. Cassell, Q. Ye, and M. Meyyappan, “Re-
actor design considerations in the hot filament/direct cur-
rent plasma synthesis of carbon nanofibers,” Journal of Applied
Physics, vol. 94, no. 6, pp. 4070–4078, 2003.

[24] C. V. Nguyen, R. M. D. Stevens, J. Barber, et al., “Carbon
nanotube scanning probe for profiling of deep-ultraviolet and
193 nm photoresist patterns,” Applied Physics Letters, vol. 81,
no. 5, pp. 901–903, 2002.



T. P. Bigioni and B. A. Cruden 7

[25] J. Gaillard, M. Skove, and A. M. Rao, “Mechanical proper-
ties of chemical vapor deposition-grown multiwalled carbon
nanotubes,” Applied Physics Letters, vol. 86, no. 23, Article
ID 233109, 3 pages, 2005.

[26] H. Dai, J. H. Hafner, A. G. Rinzler, D. T. Colbert, and R. E.
Smalley, “Nanotubes as nanoprobes in scanning probe mi-
croscopy,” Nature, vol. 384, no. 6605, pp. 147–150, 1996.

[27] C. V. Nguyen, Q. Ye, and M. Meyyappan, “Carbon nanotube
tips for scanning probe microscopy: fabrication and high
aspect ratio nanometrology,” Measurement Science and Tech-
nology, vol. 16, no. 11, pp. 2138–2146, 2005.

[28] J. J. Mock, D. R. Smith, and S. Schultz, “Local refractive in-
dex dependence of plasmon resonance spectra from individual
nanoparticles,” Nano Letters, vol. 3, no. 4, pp. 485–491, 2003.

[29] J. Jang, M. Yang, and G. Schatz, “Microscopic origin of the hu-
midity dependence of the adhesion force in atomic force mi-
croscopy,” Journal of Chemical Physics, vol. 126, no. 17, Article
ID 174705, 6 pages, 2007.



Hindawi Publishing Corporation
Journal of Nanomaterials
Volume 2008, Article ID 874213, 18 pages
doi:10.1155/2008/874213

Review Article
Toward a Detailed Understanding of Si(111)-7× 7
Surface and Adsorbed Ge Nanostructures: Fabrications,
Structures, and Calculations

Ye-Liang Wang, Hai-Ming Guo, Zhi-Hui Qin, Hai-Feng Ma, and Hong-Jun Gao

Nanoscale Physics & Devices Laboratory, Institute of Physics, Chinese Academy of Sciences, P.O. Box 603, Beijing 100080, China

Correspondence should be addressed to Hong-Jun Gao, hjgao@aphy.iphy.ac.cn

Received 30 August 2007; Accepted 11 January 2008

Recommended by Jun Lou

Firstly, both the rest atoms and the adatoms of Si(111)-7×7 surface are observed simultaneously by scanning tunneling microscopy
(STM) when the sample bias voltages are kept less than − 0.7 V. The visibility of the rest atoms is rationalized by first-principle
calculations and a very sharper tip can resolve them. Secondly, the behaviors of various Ge nanostructures fabricated on Si(111)-
7× 7, ranging from the initial adsorption sites of individual Ge atoms to the aggregation patterns of Ge nanoclusters, and then to
2D extended Ge islands, are comprehensively investigated by STM. The individual Ge atoms tend to substitute for Si adatoms at
Si(111)-7× 7 with the preference of corner adatoms in the faulted half unit when keeping substrate at 150◦C. With increasing Ge
coverage, individual Ge atoms and Ge nanoclusters coexist on the substrate. Subsequently, the density of Ge nanoclusters increase
and cluster-distribution becomes gradually regular with the formation of final 2D extended hexagonal configuration. When
keeping the substrate at 300◦C, Ge islands consisting of more complicated reconstructions with intermixing Ge/Si components
are present on the substrate. The detail structural characterizations and the bonding nature of the observed Ge nanostructures are
enunciated by the first-principle calculations.
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1. “ULTIMATE” STM IMAGES OF
THE Si(111)-7× 7 SURFACE

Si(111)-7 × 7 surface as one of the most complicated
and fascinating objectof study is being extensively used
invarious research fields ranging from surface science and
material science to nanotechnology. As a classic example, this
reconstructed surface provides a platform for the testing of
the unprecedented resolution of STM as a novel powerful
apparatus in the early 1980s [1]. The first real space atomic
image of this surface was obtained by Binnig et al. in their
landmark STM experiment [2], in which twelve bright spots
corresponding to the topmost adatoms are revealed.

Since then, with this powerful tool and the later family
of scanning probe microscope, the structure of Si(111)-
7 × 7 surface has been extensively investigated [3–8]. The
demonstrations on the atomic topography of clean Si(111)-
7 × 7 surface commonly show the topmost adatoms. On
the mapping of rest atoms of Si(111)-7 × 7 surface, some
saddle points at the position expected for the rest atoms were

reported by Avouris and Wolkow [3] and Nishikawa et al.
[4] using STM. Recently, some special techniques were used
to obtain the images of Si(111)-7 × 7 surface with atomic
scale resolution, such as Lantz et al. [5] using scanning
force microscopy and Giessibl et al. [6, 7] using atomic
force microscopy. Sutter et al. [8] have mapped selectively
the rest atoms at a price of suppressing the adatom spots
with a monocrystalline semiconductor tip since its energy
gap can suppress the tunneling from the adatoms at certain
sample bias. STM is very sensitive to states closest to the
sample Fermi Energy (EF). The state of dangling bonds
of the adatoms is about 0.4 eV below EF and that of rest
atoms is about 0.8 eV below EF [9], so it is difficult to map
the rest atoms whose dangling bonds state is far from EF .
Up till now, the adatoms and the rest atoms of Si(111)-
7×7 surface are still not clearly distinguished simultaneously
by using conventional tungsten tip. This inability has led
to the perception that the measured tunneling current for
semiconductor materials comes mostly from states near the
Fermi level instead of the states further away, due to the
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exponential dependence of the tunneling probability on the
energy level position [10]. We revisit this surface by using
STM. The resultant images simultaneously reveal that not
only the 12 adatoms but also the 6 rest atoms per (7 × 7)
unit cell of Si(111) surface have high contrast. A careful
preparation of the STM tips (reducing the radius of the
apex) may bethe key to the success, as our first-principle
calculations reveal a geometric hindrance effect of the tip
apex for imaging of such complex surfaces.

1.1. Experimental

The experiments were performed by using an ultra-high-
vacuum (UHV) STM system with a base pressure of ∼5 ×
10−11 mbar. The sample was an antimony-doped n-type
Si(111) wafer (resistance ∼ 0.03Ω·cm, thickness ∼0.5 mm).
Before being introduced into the vacuum chamber, the
sample is cleaned by ethanol in an ultrasonic bath and
rinsed thoroughly by deionized water. It was degassed at
about 600◦C in the chamber for several hours. Then,
the sample was annealed by direct current heating while
keeping the pressure below 10−10 mbar. The annealing cycle
consisted of flashing the sample to 1200◦C for 20 seconds,
rapidly lowering the temperature to about 900◦C, and then
slowly decreasing the temperature at a pace of 1∼2◦C/s to
room temperature. Nearly perfect (7 × 7) reconstruction
was obtained by this method. Sharp STM tips made of a
polycrystalline tungsten wire were etched electrochemically
in NaOH solution and subsequently cleaned in ethanol and
distilled water. Out of many tips used, however, only three
had the ability to produce repeatedly the eighteen-spot STM
images (Figure 1) while the others produce only the standard
twelve-spot images.

1.2. Imaging simultaneously the
rest atoms and adatoms

The atomic arrangement of the Si(111)-7 × 7 reconstructed
surface can be described by a commonly accepted dimer-
adatom-stacking (DAS) fault model [11], as schematically
shown in Figure 1. This model consists of twelve adatoms
and six rest atoms, which are evenly distributed in the
faulted half unit cell (FHUC) and unfaulted half unit cell
(UHUC). Each unit cell contains nineteen dangling bonds
perpendicular to the surface, twelve for the adatoms and six
for rest atoms and one for corner atom below the vacancy.
The tunneling current in STM of the Si(111)-7 × 7 surface
originates from these dangling bonds. A stacking fault exists
between the second and third atom layers in the FHUC
side (the interlayer bonding rotates 60◦), which makes the
FHUC more reactive than the UHUC. The large unit cell size
(2.7 nm×2.7 nm) makes this surface an ideal template for the
growth of well-ordered nanostructures.

Figures 2(a) and 2(b) show STM images with high
contrast. They demonstrate simultaneously the adatoms and
the rest atoms, that is, 18 topographic maxima per (7 × 7)
unit cell. The high-resolution image (Figure 2(b)) presents
more clearly all of them. In the UHUC side, the rest atoms
appear to have almost the same brightness as the central
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Figure 1: Schematic diagram for Si(111)-7 × 7 “DAS” model [2].
(a) Top view: atoms on (111) layers with the decreasing heights
indicated by dots of decreasing sizes. The sites of corner adatom,
center adatom, and rest atom in FHUC (labeled CoA, CeA, and
R, resp.), and in UHUC (labeled CoA

′
, CeA

′
and R

′
, resp.), are

identified by arrows. Positions B2 in FHUC, and B′2 in UHUC are
also denoted by arrows. (b) Side view: dangling bonds are located at
the topmost of all adatoms, rest atoms, and holes.

adatoms, whereas in the FHUC, the rest atoms appear to have
considerably less brightness than the central adatoms. The
line profile in Figure 2(c) showed the positions and height
differences of the six distinct types of atoms (labeled 1 to 6)
along the solid line depicted in Figure 2(b). The ranking of
height of these atoms is as follows: 1 is the highest, then 3
and 6 follow, with 2, 4, and 5 being the lowest. The rest atom
(site 2) in the FHUC side is at the same level as the rest atom
(site 5) in the UHUC side, and they are both even at the same
level as the central adatom (site 4) in the UHUC half side.
The high contrast between rest atoms and adatoms is even
better than the previous results obtained by using scanning
force microscopies [5–7]. Very recently, Bassi et al. reported
the extremely similar topography of this surface at −1.5 V
by using Cr tip [12], they claimed that the Cr tip reduced
its convolution effects and enhanced its resolving capability.
Here, for the first time, all the rest atoms and adatoms of the
Si(111)-7 × 7 surface are simultaneously revealed with high
contrast by the conventional W tips. The emergence of rest
atoms will be further rationalized below by theoretic analysis.

Noting the defect with the missing of one corner adatom
(close to the hole at the left-upper corner of the panel) in
Figure 2(b), it shows no influence on its adjacent rest atom,
which is still visible and stays its normal position without any
lateral distortion. So the absence of local adatom does not
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Figure 2: Filled-state STM images of Si(111)-7 × 7 surface reveal 12 adatoms and 6 rest atoms per (7 × 7) unit cell. (a) The image extends
over an area of 30 nm × 30 nm. The amplificatory (7 × 7) unit cell was indicated in the inset. (b) Amplified image with scanning area of
8 nm × 8 nm. Both images are recorded by sample bias voltage of −1.5 V and tunneling current of 0.3 nA. (c) The line profile taken along
the line in (b). Labels “1,” “2,” and “3” denote the corner adatom, the rest atom, the center adatom in the FHUC, and labels “4”, “5”, and“6”
denote the center adatom, the rest atom, the corner adatom in the UHUC, respectively.

affect the geometric structures of its surrounding atoms in
(7× 7) unit cell. This result coincides with the recent reports
about the local structures of adatom vacancies in Si(111)-
7 × 7 surface [13]. There, Chen et al. conducted STM dI/dV
mappings on adatom vacancies and found that the adatom
vacancies showed different local electronic structures but no
effect to the geometric or electronic structures of the nearby
rest atoms.

1.3. The emergence of rest atoms is dependent on
the bias voltage

A sequential STM snapshots obtained at different sample bias
voltages, as shown in Figure 3, illustrate that the emergence
of rest atoms is dependent on the sample bias voltage. At
lower bias voltages of −0.5 and −0.6 V, the images (Figures
3(a) and 3(b)) only show 12 adatoms in each (7 × 7) unit
cell. It suggests that the electronic states of adatoms are closer
to Fermi level than those of the rest atoms. The absence of
the rest atoms ascribes to the electronic states of the rest
atoms which are outside the range of the bias when the
value of sample bias keeping very low. By further decreasing
the value of bias voltage less than −0.7 V, the rest atom
spots can be visible, as shown in Figures 3(c)–3(f). It clearly

reveals that the dangling bond states of the rest atoms are
located at about 0.7 eV below the EF , which is in excellent
agreement with the experimental results measured by the
method of current imaging tunneling spectroscopy (CITS).
In the year 1989, Hamers et al. measured the electronic
banding structure of Si(111)-7 × 7 surface by using CITS.
They provided knowledge of the dangling bonds states of the
adatoms (about 0.35 eV below the EF) and the rest atoms
(about 0.8 eV below the EF) [9]. Here, the rest atoms appear
to have almost the same brightness as the central adatoms on
the UHUC when the bias voltages are less than −0.9 V (see
Figures 3(e) and 3(f)).

The STM observations presented here are in sharp con-
trast to previous STM studies, which in most cases showed
images similar to that in Figure 3(a) with 12 protrusions
in each (7 × 7) unit, irrespective of the bias voltages
(somewhere between −2 V to 2 V). A common explanation
for the absence of the rest atom spots in the images relies
on the fact that the tunneling probability depends on the
thickness of the tunneling barrier [10]. Because the tunneling
current is inversely proportional to the exponential of the
thickness, the lower-electronic state located in the valence
band corresponds to the smaller tunneling current. The
rest atoms are invisible but the adatoms are visible may be
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Figure 3: STM images of Si(111)-7×7 surface with different sample
bias voltages: (a) −0.5, (b) −0.6, (c) −0.7, (d) −0.8, (e) −0.9,
(f) −1.0 V, respectively. The rest atoms appear when the sample
voltages are less than −0.7 V. All images are taken at tunneling
current 0.4 nA in the scanning area of 5 nm× 5 nm.

because the former has significant lower energies than the
latter. This argument, however, contradicts the theoretical
prediction that the dangling bond states of the rest atoms
extended into the vacuum region like the adatoms [14]. Also,
because the rest atoms are about 4.6 Å away from the nearest
adatoms, if one has an infinitely sharp tip positioned right
above the rest atom, there is no reason to believe that the
adatoms have effect to screen the rest-atom tunneling. If the
tunneling currents from the rest atom were indeed weak, one
can move the tip closer to the surface in a constant current
STM mode. Thus, this common explanation is probably
questionable.

Another possible explanation concerns tip contamina-
tion, that is, a few silicon atoms might be accidentally
picked up by the tungsten tip during the scan, resulting
in a semiconductor tip instead of the original metallic
tip. Indeed, recently it has been shown that an InAs
semiconductor tip [8] could be used to enhance rest-atom
visibility by utilizing the second gap above the fundamental
gap (both lie in the Brillouin zone center) of InAs material

to suppress tunneling current from the high-lying adatom
states. However, a previous study [15] also showed that the
local electronic structure of a typical metal/semiconductor
interface remains metallic until several monolayers are in
the semiconductor. Thus, this is unlikely in the present
case with Si atoms adsorption unless the thickness of the
contaminant layer exceeds the effective screening length of
Si.

1.4. First-principle calculations are in remarkable
agreement with experiments

It is impractical for us to experimentally determine what
might have happened to the few tips that worked so
remarkably well. Instead, we look for a plausible explanation
from theory calculations. Our collaborators carried out the
calculation by using first-principle density function theory
(DFT) [16], as implemented in the VASP codes [17]. The
Vanderbilt ultrasoft pseudopotential [18] was used with a
cutoff energy equal to 170 eV and one special k-point in the
Brillouin zone sum. The surface unit cell contains a slab of
six Si layers (without counting the Si adatoms) and a vacuum
layer equivalent to six Si layers. The front surface contains the
(7×7) reconstruction in the Takayanagi model [11], whereas
the back surface is passivated by hydrogen. Except for the
bottom layer, all the Si atoms are fully relaxed to minimize
the system total energy.

Apparently, the actual tip morphology is complex, pos-
sibly with additional atoms adsorbed at the end of the apex,
as shown schematically in the inset in Figure 4(f). Because
only the lower semispherical part of the tip can be in close
proximity with the surface, here the tip is replaced by a sphere
of radius r. To further simplify the calculations, only the line-
scans along the diagonal of the (7×7) unit cell are considered
in our simulations.

Figure 4(a) shows the STM image of the Si(111)-7 × 7
surface at a sample bias of −0.57 V. The appearance shows
a significant contrast between the FHUC and UHUC of
the (7 × 7) unit. At this low sample bias, the electronic
states of the rest atoms are outside the range of the bias,
as demonstrated in Figures 3(a) and 3(b). Thus, the STM
topography here reveals only the twelve topmost adatoms.
The adatoms in the FHUC appear noticeably brighter than
those in the UHUC. In each half, the adatoms at the corners
appear also slightly brighter than those near the center.
These qualitative features are in good agreement with the
calculated real-space charge distribution at this particular
bias (Figure 4(b)). Figure 4(c) shows the STM image at
a sample bias −1.5 V. Images of similar quality can be
repeatedly reproduced over large area up to 30 nm × 30 nm
(Figure 2(a)). We can clearly see both the adatoms and the
rest atoms. On the UHUC, they appear to have almost
the same brightness as the central adatoms, whereas on
the FUHC, the rest atoms appear to have considerably less
brightness than the central adatoms. These observations are
again in excellent agreement with the calculated real-space
charge distribution at the experimental bias in Figure 4(d).

Figure 4(e) shows the calculated linescan at −1.5 V with
an infinitely sharp tip, that is, r = 0, as has been done



Ye-Liang Wang et al. 5

UF UF

(a) (b) (c) (d)

(e) (f)

(g)

(h)

0

0.1

0.2

0.3

0.4

0.5

H
ei

gh
t

pr
ofi

le
(n

m
)

0 Å 7 Å
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Figure 4: (a), (c) Experimental STM images with bias voltage
of −0.57 and −1.5 V, and tunneling current of 0.3 and 0.41 nA,
respectively. F and U depict the FHUC and UHUC, respectively.
(b), (d) Calculated STM images for Si(111)-7 × 7 at − 0.57 and
−1.5 V, respectively. The red peaks are about 2 Å above the dark
blue borderlines. (e), (f), and (g) are the calculated height profiles
along the diagonal of the (7 × 7) unit cell with a tip apex radius
r = 0.0, 7.0, and 24.0 Å, respectively. (h) The experimental profile.
The inset in (f) schematically shows an STM tip with an adsorbed
cluster beneath the apex.

before in most STM image simulations [19]. A sharp tip
is also assumed in calculating the images in Figures 4(b)
and 4(d). Now, we trace this r = 0 curve with a disk of
radius r, which is a two-dimensional representation of the
three-dimensional sphere, to explore geometric hindrance.
It is assumed that at each tip position, tunneling takes place
at only one spot on the disk. This is reasonable in most
cases because tunneling probability diminishes exponentially
with distance. However, there are a few exceptions where the
disk is nearly or equally distanced from the r = 0 curve,
that is, at or near the local symmetry points. For simplicity,
however, such a tunneling-current double effect is ignored in
our simulation.

Our results show that for small disk radius mimicking
adsorbed clusters, the line-scan is essentially the same as in
Figure 4(e). Figure 4(f) shows the simulated result for r =
7 Å. At this radius, while none of the main surface topological
features have been lost, the overall shape of the linescan
has been significantly modified, noticeably the depth of the
profile, and the size of the atoms being noticeably larger
than those in Figure 4(e). Figure 4(g) shows the simulated
result for r = 24 Å. At this radius, the rest atom on the
FHUC has completely vanished. Even for the UHUC, the
contrast between the rest atom spots and the adatom spots
has been greatly reduced. Thus, it is clear that the attainable
size of the tip apex is the crucial factor in imaging the true
charge distribution on the (7×7) surfaces. Figure 4(h) shows
the corresponding linescan determined by our experiment.

Despite the simplicity of the model, the calculated result for
r = 7 Å in Figure 4(f) is in quantitative agreement with
experimental observation. Some of the subtle differences
between Figures 4(f) and 4(h) could probably ascribe to the
tunneling-current double effect.

It is now understood that STM probes the real-space
charge distribution near the EF in a rather delicate way that
may or may not reveal the unperturbed real-space charge
distribution of the surfaces. Here, For the Si(111)-7 × 7
surface, we show the calculated and experimental voltage-
dependent charge distributions of the Si(111)-7 × 7 surface,
which reveal simultaneously both the twelve adatoms and six
rest atoms in each (7×7) unit cell [20]. The emergence of rest
atom is dependent on the bias voltage and the rest atom spots
can be visible at the sample bias voltages less than −0.7 V.
The first-principle electronic structure calculations also show
a strong dependence of the charge distribution on the bias
voltage: twelve spots at −0.57 V for the twelve adatoms
(see Figure 4(b)), whereas eighteen spots at −1.5 V for the
twelve adatoms plus six rest atoms (see Figure 4(d)). Our
results suggest that a geometric hindrance due to the finite
size of the tip apex could be the reason for the invisibility
of the rest atoms in the past experiments. This finding
should invoke significant research interest in the design and
fabrication of the STM tip and its applications in exploring
more detailed information about surface reconstructions
and nanostructures.

2. Ge NANOSTRUCTURES ON Si(111)-7× 7 SURFACES

Low-dimensional structures can provide interesting physical
and chemical properties due to their tiny size and shape.
The growth of nanostructures with reduced dimensions has
been extensively studied, driven by the intrinsic interest in
structures as well as the potential technological applications
in quantum devices [21]. Recent studies demonstrated
the feasibilities and possibilities of growing self-organized
nanostructures on periodic solid surfaces. The Si(111)-
7 × 7 surface offers unique template for the self-assembly
growth of divers nanostructures because of the large number
of distinct bonding sites. Recently, “magic” islands and
nanoclusters of semiconductor or metal have been grown
on this surface [22–26]. Ordered arrays of two-dimensional
nanodots/nanoclusters, including Al, Ga, In, Tl, Si, Ge, Sn,
Pb, Na, Cu, Au, Ag, were successfully fabricated [27–51].
These self-organized structures are expected to have a smaller
size and stronger confinement potentials compared to the
lithographically defined clusters [52].

The adsorption of Germanium on the Si(111)-7 × 7
surface has been extensively studied in recent years [40–
51, 53–83], because Ge-based nanostructures have poten-
tial applications in microelectronics and optoelectronics.
Indeed, Ge/Si system naturally has advantage compatible
with Si technology. In addition, being currently incorporated
in Si structures, Ge can be used to fabricate strained Si
layers with enhanced mobility. Therefore, there are renewed
activities in Ge-based nanostructures grown on Si surface in
expectation of functional devices with unique electronic and
optoelectronic properties [53].
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The microscopic understanding of the bonding nature
of the adsorbed Ge atoms is an essential issue for the
controlled fabrication of desired nanostructures, since the
initial adsorption nature may affect the growth behaviors
of Ge-based quantum dots and films. In spite of numerous
investigations, a unified picture for the bonding structures of
Ge atoms on Si(111)-7 × 7 surface has not been established.
Meanwhile, the formation and transformation process of
various Ge nanostructures during the initial growth stages
is far from being well understood. Without doubt, they
impede the further control of the growth process of Ge
nanostructures.

Here, we provide an STM investigation on various Ge
nanostructures on Si(111)-7 × 7 surface with different size
and geometry, ranging from individual Ge atoms (adsorp-
tion sites) to Ge nanoclusters (evolution and aggregation
patterns), and then to 2D extended Ge islands (components
and bondings). Especially, we go inside the structural
characterizations as well as the transformation process and
possible mechanisms of the observed Ge nanostructures in
association with first-principle calculations.

The preparation of Si(111)-7×7 surface was conducted as
described in the part 1. Then Germanium (99.9999% purity)
was deposited onto the as-prepared Si(111)-7 × 7 surface
by resistive evaporation. The substrate was kept above room
temperature (ranging from 100 to 300◦C) to facilitate the
formation of ordered structures since at room temperature,
Ge atoms do not have enough mobility to span the dimer
wall after arriving on the Si(111)-7 × 7 surface [59, 61, 68].
During evaporation, the system pressure was better than
5 × 10−10 mbar. A typical deposition rate of 0.01 ML/min
was routinely achieved. One monolayer is defined as the
atomic density of the unreconstructed Si(111) surface (1 ML
= 7.83 × 1014 atoms/cm2). Each sample was cooled down
to room temperature, and then transferred to STM chamber
for measurements. All images were acquired in a constant-
current mode with an electrochemically etched tungsten tip.

2.1. Direct STM observations of
the adsorption sites of Ge atoms

For the adsorption sites of Ge atoms on Si(111)-7×7 surfaces
reported in the literatures, X-ray standing wave (XSW) stud-
ies of submonolayer Ge deposited on Si(111)-7× 7 at 300◦C
done by Patel et al. in 1985 suggested that Ge atoms might
occupy substitutional-like sites on the Si(111) plane [69].
However, the precise Ge sites and the bonding structures
were not possible to determine in their studies. Also based on
XSW measurements, Dev et al. in 1986 proposed that at low
coverages (∼ 0.5 ML) Ge atoms would prefer to occupy the
ontop sites and to bond directly to the Si adatoms and rest
atoms which were just below the adsorbed Ge atoms [70].
Reflection electron microscopy and transmission electron
diffraction investigations on Ge/Si(111)-7 × 7 prepared at
640◦C by Kajiyama et al. in 1989 found evidence that Ge
atoms randomly substituted any Si atoms at the top three
layers [71]. Core-level photoemission spectroscopy measure-
ments by Carlisle et al. in 1994 provided indirect observa-
tions that there was some preference for Ge to replace the

Si adatoms for the annealed Ge/Si(111)-7 × 7 samples [72].
More recent measurements using near-edge X-ray absorp-
tion spectroscopy and STM did not provide conclusive
descriptions of Ge bonding sites on this surface [56, 73, 74].

Some theoretical calculations have also been reported
on Ge bonding sites on the Si(111)-7 × 7 surface, however,
the calculations provided limited information and showed
contradictory results. Early work was semiempirical Xα

and extended Hückel calculations with limited predictive
capabilities, which provided support for the notion that Ge
atoms bond directly to rest atoms or Si adatoms [75–77].
In contrast to the semiempirical calculations, on the other
hand, using first-principle density functional calculations,
Cho and Kaxiras in 1998 reported a limited exploration of
bonding possibilities and found that the most stable adsorp-
tion position for Ge on Si(111) is the high-coordination
bridge B2 site (see Figure 1 for pertinent terminology of the
Si(111)-7×7 surface), which was a bonding site that had not
been proposed on the basis of experimental data [78]. They
introduced the so-called basins of attraction, which contain
stable adsorbate positions as high-coordination sites rather
than surface dangling bond sites. Their calculations showed
that the rest atoms or intrinsic Si adatoms sites (dangling
bond T1 sites) of substrate were the high-energy sites, and
the low-energy sites were the B2-type sites for Si and Ge
adsorption.

Here, we report STM observations and first-principle
calculations for the structure of the Ge-adsorbed Si(111)-
7 × 7 surface at low Ge coverages. Figure 5 shows STM
image of the Si(111)-7 × 7 surface with Ge coverages of
0.02, 0.08, and 0.10 ML, respectively. These images show that
the surface lattice retains the original (7 × 7) reconstruction
with the dimers and the adatoms. The FHUC and the
UHUC of the (7 × 7) reconstruction are distinguished due
to the different contrast. The deposited Ge atoms appear as
bright protrusions. Three significant features are presented
in the STM images. First, the deposited Ge atoms are clearly
resolved as individual atoms on the surface. Second, the
adsorbed Ge atoms reside on the sites that were occupied
by the Si adatoms on Si(111)-7 × 7. Finally, more Ge
atoms occupy the corner Si adatom sites in the FHUC
than the other Si adatom sites. No Ge atoms are found at
either the rest atom or the high-coordination surface sites.
Furthermore, profile lines through the bright dots show that
the height difference between the Ge atoms and the original
Si adatoms is about 0.2 Å in the STM images. This data
clearly show that the Si adatom does not stay in its original
position (on a clean Si(111)-7 × 7 surface, the Si adatom
occupies a so-called T4 site just above a second-layer Si atom)
[11, 79, 80]. As the bond length of Si-Ge is about 2.36 Å, the
increased height due to addition of one Ge atom should be
reflected in the STM image.

Therefore, the addition mechanism of Ge atop Si adatom
is supposed as a questionable explanation. Moreover, the
number of dangling bonds will increase to three if a Ge
atom adds on the top of one Si adatom, and it is not
considered having a suitable total energy. The topographic
height undulations of adatom sites in STM images caused
by Ge-Si exchange on Si(111)-5 × 5-Ge reconstructions
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Figure 5: Filled-state STM images (20 nm × 20 nm) of the Si(111)-7 × 7 surface with Ge coverages of (a) 0.02 ML; (b) 0.08 ML; and (c)
0.10 ML. Sample bias: −2.2 V in (a), and −1.5 V in (b) and (c); tunneling current: 0.5 nA in (a), and 0.2 nA in (b) and (c). Three different
configurations of Ge protrusion distributions are denoted in (b) and (c) by solid-line triangle, dotted-line triangle, and dashed-line triangle,
respectively. The schematics for the three typical Ge patterns, named type-A, type-B, and type-C, are shown in (d), (e), and (f), respectively.

have been proposed by Becker et al. [81] and Fukuda
[82], and were also investigated by Rosei et al. [83] with
current imaging tunneling spectroscopy. The feature of Ge-
Si exchange is confirmed by our recent results, which will be
introduced in the following section. Here, we suggest that
Ge-Si exchange can also occur during the initial adsorp-
tion stage of Ge/Si epitaxy growth due to the structures
similarity of Ge and Si. We thus conclude that Ge would
prefer to substitute the Si adatoms in its initial adsorption
stages.

As shown in Figures 5(b) and 5(c), there are three types
of Ge protrusions patterns on the Si(111)-7× 7 surface. The
schematics of these three types patterns, named as type-A,
type-B, type-C, are given in Figures 5(d), 5(e), and 5(f),
respectively. Type-A illustrates three Ge atoms (red spheres)
locating at one corner adatom site and two adjacent center
adatom sites in a HUC. Type-B indicates the configuration
with three Ge atoms occupying corner adatom sites in a
HUC. Type-C refers to the adsorption structure with five
Ge atoms residing on the sites of three corner adatoms
and two center adatoms in a HUC. Type-B and Type-C
distribute preferentially in the FHUCs, as shown in Figures
5(b) and 5(c).

The sites distribution of the bright protrusions at the
corner and center adatom sites in both the FHUCs and
the UHUCs is illustrated in Figure 6. At the Ge coverage
of 0.02 ML, the site preference ratio is about 5.6 : 4.4 for
the FHUC to the UHUC, and 6.1 : 3.9 for the corner to
the center adatom sites, respectively. When the Ge coverage
increases to 0.08 ML, the site preference ratios are about 9 : 1
for the FHUC to the UHUC, and 4 : 1 for the corner to the
center adatom sites. The site distribution for the coverage of
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Figure 6: Site distributions of Ge at various adatom positions at
coverages of 0.02 ML, 0.08 ML, and 0.10 ML.

0.10 ML is similar to that for the coverage of 0.08 ML. The
overall conclusion is that after an initial random occupation
of Si adatom sites, corner adatom sites in the FHUC are
preferred and gradually type-B patterns become dominant.
Type-A and Type-C patterns are more discernible at slightly
higher coverages, and finally, small islands begin to appear.
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Our collaborators performed first-principle DFT cal-
culations using the pseudopotential method and a plane-
wave basis set [16, 17]. The Si(111) surface was modeled by
repeated slabs with 4 layers of Si atoms (each layer contained
16 Si atoms, corresponding to a 4 × 4 surface unit cell) and
4 Si adatoms, separated by a vacuum region of 12 Å. Two
of the four rest atoms were saturated by hydrogen, so that
the ratio of the number of the adatoms to that of the rest
atoms is the same as for the 7 × 7 surface. Except for the Si
atoms in the bottom layer, which were fixed and saturated
by H atoms, all the atoms were relaxed until the forces on
them were less than 0.05 eV/Å. The exchange-correlation
effects were treated with the generalized gradient-corrected
exchange-correlation functions given by Perdew and Wang
[84]. The Vanderbilt ultrasoft pseudopotentials are adopted
[18]. A plane-wave energy cutoff of 14.7 Ry and the point for
reciprocal space sampling were used for all the calculations.

All the possible configurations with a Ge atom near
an adatom or/and a rest atom were calculated. Two lowest
energy configurations, as shown in Figure 7, were found to
have essentially the same total energy (the difference in total
energy is smaller than 0.02 eV). The first one consists of
Ge at a B2 site (Figure 7(a)), as identified earlier by Cho
and Kaxiras [85]. In the second configuration (Figure 7(b)),
the adsorbed Ge atom substitutes for an Si adatom and
the substituted Si adatom occupies a nearby B2 site. We
refer to the Ge position in the second configuration as
S4 (substitutional site with four nearest-neighboring silicon
atoms). The total energies of the configurations with Ge
bonded at the ontop positions of adatoms and rest atoms are
significantly higher (2.3 and 1.6 eV, resp.) than the B2 and S4

configurations. So we can clearly rule out the possibility of
such configurations, which were suggested previously on the
basis of semiempirical calculations [70, 75, 76].

For both lowest energy configurations (B2 and S4), the
atom (Si or Ge) at a bridge site may diffuse within a basin
(to occupy any of the six B2 sites near the rest atom) and
across basins (to occupy the B2 sites near different rest
atoms). The diffusion barriers within a basin and across
basins are about 0.5 eV (0.6 eV) and 1.0 eV (1.0 eV) for
the Ge (Si) atoms, respectively, which is in agreement with
previous first-principle calculations [77, 86]. Therefore, Ge
atoms in the S4 configurations are thermodynamically more
stable than in the B2 configurations. In particular, after the
atoms initially bonded at the B2 sites migrate to step edges
and/or to form islands, the surface exhibits a stable Ge-S4

configuration, in which Ge atoms substitute for some of the
Si adatoms and no atoms are bonded at any of the B2 sites
(Figure 7(c)), as shown by our STM observations. The Ge-
S4 configuration is coincided with the recent results reported
by two research groups [46, 61]. They prepared the sample
with the same experimental conditions as the current work.
In their STM measurements, they also confirmed that Ge
replaced Si adatoms on the Si(111)-7× 7.

It is well known that the backbonds of the Si adatoms
of the Si(111)-7 × 7 surface are under considerable strain
[11, 79, 86]. We therefore suggest that the adsorbed Ge
atoms are able to break the backbonds and further replace
the Si adatoms at elevated temperatures. Previous studies
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Si adatom

1st layer Si atom
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Figure 7: Schematic top view of the calculated lowest energy
configurations of a Ge atom on the Si(111) surface: (a) Ge at a B2

site and the nearby Si adatom at the position of its original site. (b)
Ge at the substitutional S4 site and the Si adatom at a B2 site. (c)
Ge atoms substitute for some of the Si adatoms and no atoms are
bonded at any of the B2 sites. The bond lengths are shown with unit
of Å.

have established that the corner adatoms in the FHUCs are
under more strain than the other adatoms, which implies
that backbonds of the corner adatoms in the FHUCs are
broken easier than those of the other adatoms [85, 86]. When
Ge atoms are deposited on the surface, the chance for the Ge
atoms occupying the B2 sites near a center adatom is larger
than that near a corner adatom (the center adatom has two
nearby rest atoms while the corner adatom has only one).
Thus, the Ge–S4 bonding structure tends to be preferentially
formed at the corner adatom sites and in the FHUCs of the
Si(111)-7× 7 surface [87].
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(a)

(b) (c) (d) (e)

Figure 8: (a) Empty-state STM image (Ub = 2.0 V, It = 0.3 nA, 30 nm × 30 nm) of the Si(111)-7 × 7 surface with Ge coverage ∼ 0.12 ML.
The substrate temperature is held at ∼100◦C for the Ge deposition. Ge clusters with four typical geometrical configurations, named as type-
Tr (triangle), type-Te (tetragonal), type-P (pentagonal), and type-H (hexagonal), are denoted by the triangles with the dotted dash-line,
dotted-line, dashed-line, and solid-line, and their magnified images (3 nm × 3 nm) are shown in (b), (c), (d), and (e), respectively.

Finally, the relaxed Ge–S4 configuration obtained from
our calculations shows that the Ge atom resides at the
position higher by 0.24 Å than the original Si adatom that
has been replaced by Ge, which is in good agreement with
our STM data.

2.2. Formation and transformation of Ge clusters

It is of course interesting to study the possible configurations
of Ge nanostructures in subsequent Ge depositions. Indeed,
with increasing Ge coverage, some novel structures, like
small Ge clusters with varying geometrical configurations
appear on the Si(111)-7 × 7 surface. The representative
image is shown in Figure 8(a) with Ge coverage about
0.12 ML deposited at the substrate temperature ∼ 100◦C.
A remarkable feature in the image is the emergence of Ge
clusters with special configurations. Dimer rows and corner-
holes of the surface are left uncovered, indicating a strong
preference of the Ge clusters to locate in (7 × 7) unit cell.
Deposited Ge clusters are imaged as bright bumps and four
typical bump structures are distinguished, as named type-
Tr, type-Te, type-P, and type-H. Figures 8(b)–8(e) show their
magnified images.

Type-Tr (triangle-star-like) cluster emerges like a bright
triangle star in a HUC, in this structure three center adatoms
and their adjacent high-coordination sites are covered by Ge
atoms. Similarly, in the type-Te (tetragonal-star-like), type-

P (pentagonal-star-like), and type-H (hexagonal-star-like)
clusters, Ge atoms occupy an increasing area in a HUC: type-
Te covers one more rest-atom region, type-P covers another
one, and type-P covers all three rest-atoms regions.

Four kinds of Ge cluster configurations appear in the
same image, it suggests a formation process of Ge clusters
from triangle to tetragonal, then to pentagonal, and at last to
mature hexagonal-star-like structure despite the fact that we
do not observe the real-time evolution of single Ge cluster
from simple to complex. Each kind of Ge cluster is observed
both in the FHUCs and UHUCs, as shown in Figure 8(a),
and there is no clear preference for locating positions of Ge
clusters in the FHUCs and UHUCs (37 clusters in the FHUCs
and 34 clusters in the UHUCs).

Although the Ge cluster structures on the Si(111)-7 ×
7 surface represent the majority in Figure 8(a), while lots
of individual Ge atoms locating on the Si adatoms still
can be resolved with bright spots at the positions of some
Si adatoms in the empty-state STM image. As we know,
the STM empty-state images are taken at positive sample
bias voltage, corresponding to tunneling electrons from the
occupied state of tip to sample. On clean Si(111)-7 × 7
surface, each adatom has a dangling bond and has the same
probability to accept the tunneling electrons from tip, so
all the adatoms on clean Si(111)-7 × 7 surface have the
same brightness in STM empty-state images. By this rule,
we can affirm that the brighter protrusions at the sites of Si
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Figure 9: (a)–(e) Series of STM images of Ge-deposited Si(111)-7 × 7 surface show the formation process of hexagonal superlattice
with increasing Ge coverages ranging from 0.15, 0.2, 0.3, 0.4 to 0.5 ML, respectively. The substrate temperature is held at ∼150◦C for Ge
deposition. All image sizes are 50 nm × 50 nm. The inset in (e) shows a Fourier transform of the hexagonal arrays. (f)–(k) Schematics
illustrating the evolution of cluster structures from open to close hexagonal ring. The Si-center adatoms that transfer charge are shaded
in gray. (l) Histograms for the distributions of different local Ge nanostructures at varying coverages. Six distinct local nanostructures are
depicted by symbols with different shapes and colors in the STM images.

adatoms are Ge atoms. Thus, individual Ge atoms and some
Ge clusters coexist on the Si(111)-7 × 7 surface at proper
substrate temperature and Ge coverage.

2.3. Evolution of hexagonal Ge cluster superlattice

The above results showed that most Ge atoms form corre-
lated patterns at very low Ge coverages less than 0.1 ML,
by replacing the Si adatoms of the Si(111)-7 × 7. With the
further increasing of Ge coverage, deposited Ge atoms are
constrained inside the HUC and aggregate into the form
of clusters with different geometry and atom numbers. In
addition, previous results reported the existence of hexagonal
Ge nanostructures on Si(111)-7 × 7 [57, 60], however, the
detail process and driving force are still not clear. Here, we
will further reveal the evolution of hexagonal Ge clusters with
increasing Ge coverages. The driving mechanism and the

atomic geometry of Ge clusters will be enunciated by STM
observations and first-principle calculations.

In Figures 9(a)–9(e), a sequence of STM images at
varying Ge coverages show the continuing evolution of
the Ge clusters from isolated ones into hexagonal patterns.
The appearance illustrates that the density of Ge clusters
gradually increases with the increasing Ge coverages. The
cluster distribution becomes much regular from disordered
arrangement to high-symmetric hexagonal superlattice. Six
distinct local cluster patterns can be distinguished in STM
images, as marked by different symbols. The schematics in
Figures 9(f)–9(k) simply depict the structures of these local
cluster patterns, ranging from single Ge clusters, to pair
of clusters, to open cluster ring, and finally a close cluster
ring with six clusters surrounding a hole in Si(111)-7 × 7
surface. The histograms in Figure 9(l) reveal the distribution
feature of six different local Ge nanostructures at varying
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Figure 10: Local STM images show the different appearance of Ge-deposited Si(111)-7 × 7 surface with filled-state images (−2.5 V) in (a)
and (c) and empty-state image (+2.5 V) in (b) and (d). Single Ge cluster presents in (a) and (b) and double clusters in (c) and (d). The
centers Si adatoms, as indicated by the arrows, are invisible in (a) and (c) but visible in (b) and (d). (e) Local density of states projected onto
a center Si adatom in a UHUC before and after Ge deposition. The Fermi level is at 0 eV. (f) The corresponding relaxed minimum energy
configuration (only the FHUC is shown). The Si and Ge atoms are depicted by gray and dark spheres, respectively. Spheres of decreasing size
represent the Si atoms with increasing distances from the surface. The dotted lines show weak bonds.

coverages. The evident tendency is that the ratio of simple
cluster pattern reduces with the increase of complex ones.

The distribution tendency suggests the evolution of
hierarchical cluster patterns from dispersing clusters to
close cluster rings. Most of clusters discretely emerge on
the substrate at low coverage of 0.10 ∼ 0.15 ML with
an initial preference in the FHUCs (see Figure 9(a)). And
then open cluster rings containing three, four, and five
clusters, nucleated on the Si(111)-7 × 7 surface at a Ge
coverage of ∼ 0.2 ML (Figure 9(b)). Afterwards closed Ge
hexagonal rings consisting of six clusters begin to form
at a Ge coverage of ∼ 0.3 ML (Figure 9(c)). When the
Ge coverage approaches to 0.4 ML, most of the HUCs of
both FHUC and UHUC are occupied by Ge clusters. The
underlying (7 × 7) surface periodicity and the hexagonal
superstructures coexist. Finally, the high-regular hexagonal
superlattice forms at a Ge coverage of∼0.5 ML and covers the
entire (7 × 7) surface (Figure 9(e)). The driving mechanism
for the cluster evolution, ascribing to the charge transfer
from Si center adatoms to Ge clusters, will be further
discussed as following in association with DFT calculations.

In Figures 10(a) and 10(b), we show contrasted filled-
state STM image at sample bias −2.5 V, and empty-state

image at +2.5 V, respectively. The Ge clusters look more com-
pact in the former than in the latter, and they show strong
brightness in the center region of the FHUC. An obvious
feature is that Ge cluster has a strong effect on its three neigh-
boring UHUCs. The closest Si-center adatoms in the nearest-
neighbor UHUCs are invisible in the filled-state image.
However, these Si adatoms do exist at their original places
in the (7 × 7) reconstruction, as shown by the empty-state
image. This fact suggests that the Si-center adatoms in the
nearest-neighbor UHUCs transfer charge to the Ge clusters.

As we known, the tunneling electrons transfer from
sample to tip for the filled-state imaging, in reverse, they
transfer from tip to sample for the empty-state imaging.
Here in our measurements, in the filled-state images, the
darkened areas (center adatoms) surround the clusters. One
reason is due to geometric defect, that is, no adatoms exist
at these positions. But the empty-state images prove the
existence of the adatoms at the original positions. So, the
only reason is that the charge of center adatoms transfers to
nearby Ge clusters and resulting in the absence of tunneling
electrons from center adatoms in the filled-state images.
Thus, the STM measurements demonstrate lateral charge
redistributions in Ge-Si system.
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The charge transferring from center adatoms to Ge
cluster is further revealed by first-principle DFT calculations.
For all the minimum-energy configurations, Ge clusters
contain 6 ∼ 12 Ge atoms in the FHUC of a (7 × 7) unit
cell, and the dangling bond state of the center Si adatoms
nearby the FHUC is almost empty, indicating charge transfer
of neighboring Si adatoms. Figure 10(e) shows the projected
electronic density of states (local density of states, DOS) onto
the center Si adatom in an adjacent UHUC before and after
the formation of a nine-Ge cluster in an FHUC, see the
minimum-energy configuration in Figure 10(f). For clean
Si(111)-7 × 7 surface before Ge deposition, the dangling
bond state of the center Si adatom is partially occupied and
crosses the Fermi level [80, 88, 89]. After the formation of Ge
clusters, the occupation of the dangling-bond state is reduced
significantly, confirming a charge transfer from the central Si
adatom. Such a charge transfer occurs because it can lower
the total energy of the system. Self-assembled clusters of
various metals formed on Si(111)-7 × 7, which have similar
network as Ge clusters, have been reported [24, 27, 28, 90–
92]. Several groups suggested that the interaction between
the substrate and the metal clusters might play a role for
the self-organization [24, 27, 28], and other researchers had
emphasized the interaction between the clusters themselves
[93]. Charge transfer and its role have not been reported
before.

When local coverage is higher, a second Ge clusters may
form at the center of an UHUC adjacent to an FHUC
already containing a Ge cluster, as shown in Figures 10(c) and
10(d). Similar to the first one, the second Ge cluster darkens
the center Si atoms in the two neighboring FHUCs in the
filled-state image (Figure 10(c)), which again indicate charge
transfer, though the charge transfer is not as effective as in the
UHUC. Charge transfer helps us understand the formation
of a cluster in an UHUC nearby an existing particle in
a FHUC, and further explain the evolution of Ge cluster
patterns from isolated one to closed hexagonal patterns [94].

The above results show that a new cluster forms adjacent
to an existing FHUC cluster in a neighboring UHUC, and
electron transfer occurs from the two new surrounding
FHUCs. The two clusters remain distinct with a “dimer wall”
separating them as shown in Figure 9(h). First-principle
calculations confirm the depletion of charge associating with
the dangling bonds of center Si adatoms in the three UHUCs
surrounding a Ge cluster in an FHUC, and also a decrease in
electronic energy by such a charge transfer. The energy gain
can be attributed to “local Madelung energy”, which is used
in determining the energy of a single ion in a crystal.

Assuming that the amount of charge transferring from
any of the center Si adatom is the same q0, then a single
cluster has a central charge of −3q0 (Figure 9(f)). The total
energy is lowered by a local Madelung energy of the cluster,
that is roughly (−9/d1 + 3/d2)q2

0, where d1 (∼11 Å) is the
distance between the Ge clusters and an adjacent Si adatom
that has been depleted of charge, and d2 (∼19 Å) is the
distance between two such Si adatoms. Because d1 is smaller
than d2, the local Madelung energy is negative (−0.66q2

0).
When a second cluster forms in an adjacent UHUC, as in
Figure 9(h), the charge on each cluster is reduced from −3q0

to −2q0 and the local Madelung energy is approximately
(−8/d1 +2/d2 +4/d3)q2

0 ≈ −0.36q2
0, where d3 (∼15.5 Å) is the

distance between the two Ge clusters. The local Madelung
energy in the Ge cluster pair is smaller than that of single
cluster. The reduction in the Madelung energy is used to
overcome the factors that inhibit the formation of isolated
clusters in UHUCs, and the residual Madelung energy
stabilizes the cluster pair. The energy is substantial, and from
the DOS curves of Figure 10(e), we estimate q0 ≈ (0.3–0.5)
e, whereby the Madelung energy stabilizing a pair is ∼ 0.5–
1.3 eV. With the emergence of new Ge clusters, the net charge
on each Ge cluster decreases gradually from 3q0 in the case of
an isolated cluster to 2q0, 5/3q0, 3/2q0, 7/5q0, and finally 1q0

if a complete isolated hexagon is formed as in the schematic
of Figures 9(f)–9(k), and the effective Madelung energy per
cluster also gradually reduces. So the reduction of the local
Madelung energies contributes to the stabilization of the
local cluster structures. Thus here we quantitatively revealed
how the charge transfer sustains the evolution of cluster
patterns from isolated ones to ordered hexagonal arrays.

2.4. Formation of Ge islands and Ge-Si intermixing at
high temperature

The further increase of the substrate temperature causes the
coarsening of clusters and intermixing between Ge and Si
atoms, which is believed to be due to the enhancing mobility
of Ge atoms [43, 44]. When the substrate temperature
is increased to about 300◦C or even higher temperature,
the Ge islands begin epitaxial growth. Deposition of Ge
atoms on Si(111)-7 × 7 at room temperatures following by
annealing treatment also results in 2D extended Ge islands.
Figure 11(a) shows a typical surface morphology of a Ge
island with submonolayer Ge coverage. There are three
distinct features in this image. First, the reconstruction of
the island is (7 × 7), same as the configuration of original
substrate, see the close-up STM image in Figure 11(c).
Second, the dimer directions of the Ge island are same as that
of the substrate which, revealing the supercell of Ge island,
has the same alignment as the substrate. Third, the shape of
Ge islands is usually close to triangle, similar to the shape of
HUC triangle of the substrate. All these features reveal the
modulation effect of the substrate to the epitaxy growth of
Ge islands.

During the growth of an island, the substrate (7 × 7)
reconstruction has to be removed and the surface Si atoms
will rearrange to the bulk (1 × 1) structure [95]. It needs
to overcome different energy barriers for the removal of the
reconstruction in the UHUCs and in the FHUCs [96]. In
the UHUC triangles, only the atoms in the topmost layer
rearrange, which is associated with a relatively low-energy
barrier. However, in the FHUC triangles, the removal of
the stacking faults (see the schematic in Figure 1) in the
deeper layer below the adatoms is associated with a larger
energy barrier. The activation barrier for Ge overgrowth in
the FHUCs is clearly higher than in the UHUCs. Thus, the
edges of Ge island are comprised of UHUC triangles and
surrounded by FHUC triangles of the substrate, as shown in
Figures 11(c) and 11(d).
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Figure 11: (a) STM image shows a typical Ge island on the Si(111)-
7 × 7 surface. The substrate temperature was kept at 300◦C for
Ge deposition. (b) The schematic drawing of the Ge island on
(7 × 7) reconstruction. (c) and (d) are amplified images of the
area in (a) depicted with a dotted-line square. (7 × 7) and (5 × 5)
reconstructions coexist in the island. (e) and (f) are the close-up
images of area in (a) depicted with a solid-line square. These images,
with the irregular distribution of the brighter atoms, illustrate the
intermixing between Ge and Si atoms. Scanning parameters: (a)
120 nm× 100 nm, 1.8 V, 0.15 nA; (c) 45 nm× 45 nm, 1.2 V, 0.15 nA;
(d) 45 nm × 45 nm, −1.2 V, 0.15 nA; (e) 9 nm × 9 nm, −1.0 V,
0.15 nA; (f) 9 nm × 9 nm, −1.5 V, 0.15 nA.

Figure 11(b) is the schematic drawing for the Ge island
on (7 × 7) reconstruction. FHUC triangles surrounding
the Ge island as a high-energy barrier hinder the further
growth in them. Ge will nucleate on the UHUC triangle
near the FHUC triangle, as denoted by the black arrow in
Figure 11(b), where it has low energy barrier. The energy
barrier of FHUC triangle will be reduced by a gain of edge
energy, thus the FHUC triangle between the island edge and
the UHUC triangle with Ge nucleation will be attached by
epitaxy Ge atoms. As a result, the Ge island shows a lateral
growth model along its edge, and the shape of Ge islands
usually is triangle, which is due to the modulation by the
substrate reconstruction.

Figures 11(c) and 11(d) show the island involving in
several domains with two different reconstructions, (7 ×
7) and (5 × 5). The domain boundaries (defect area) are
very clear. Their formation is due to the strains between
the substrate and the Ge epitaxy island. The defects on the
substrate (like the missing of adatoms and vacancies) will
deform the period of (7 × 7) reconstruction and give rise
to strain [47, 97]. In addition, the mismatch of the lattice
constant of Ge and Si (Ge is 4% larger than Si) will also
bring strain. The strains can be effectively released by the
formation of the domain boundaries and the different kinds
of reconstruction such as the (7 × 7) and (5 × 5) domains
shown here.

The (5× 5) reconstruction also can be described by DAS
model [53, 68], as the model shown in Figure 1 for the (7 ×
7). Each (5 × 5) unit cell includes one triangle FHUC and
one UHUC, and there are three adatoms and one rest atom
distributing on the topmost layer in each HUC.

The close-up filled-state STM images in Figures 11(e)
and 11(f) show an irregular distribution of brighter adatoms
in (7× 7) unit cell. The arrangement of adatoms, however, is
very regular on pure Si(111)-7×7 surface, where the adatoms
in the FHUC are imaged brighter than the adatoms in the
UHUC, and the corner adatoms are brighter than the center
adatoms in both FHUC triangle and UHUC triangle [98].
Here, the brightness and contrast features between adatoms
disappear. In Figures 11(e) and 11(f), the corner (or center)
adatoms in the same HUC show different brightness, and
even some spots at the center adatoms sites are bright close
to that of the spots at the corner adatoms sites, so it clearly
suggests the mixing condition of Ge and Si atoms. According
to the contrast feature of single Ge atoms on Si surface
at very low coverage (Figure 5), the brighter protrusions
at the center adatoms sites in Figure 11(e) are Ge atoms,
and the dimmer ones are Si atoms. These observations are
coincided with the findings reported in the earlier literatures
[81, 82, 99, 100], where the Ge-Si exchange in Si(111)-5 × 5
Ge reconstructions has been proposed. Most recent results
by Voigtländer et al. provided evidences for the exchange
and intermixing of Ge/Si in Si(111)-7 × 7 surface at high
temperatures by their special techniques [43, 44]. They
showed the chemical contrast images between Si and Ge
in their STM observations (Ge is much brighter than Si)
obtained on Bi-covered Ge/Si(111) surfaces. Thus, the Ge-
Si exchanging and intermixing happen at high temperature,
and play an important role in the epitaxial growth of Ge
islands.

In our high-temperature deposition experiments, when
Ge coverage keeps at the range of 0.2 to 0.5 ML, a
novel local reconstruction with an ordered arrangement of
Ge atoms on the Si(111) surfaces is obtained. Figure 12
shows the STM images of such Ge-induced reconstruction,
which coexists with the Si(111)-7 × 7 reconstruction. The
local reconstruction emerges not only inside the Ge island
(Figure 12(a)) but also inside the original (7 × 7) surface
(Figure 12(b)). The triangle domain runs over 30 nm in
edge length. The close-up image in Figure 12(c) illustrates
the local atomic structure with a hexagonal arrangement.
The atomic density is higher than the normal (7 × 7)
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Figure 12: STM images of 0.45 ML Ge on the Si(111)-7 × 7 surface. The substrate temperature was held at 300◦C for the Ge deposition.
Local (

√
3 × √3)R30◦ reconstruction (marked by the white squares) emerges inside the Ge island in (a) and the Si(111)-7 × 7 substrate in

(b). (c) High-resolution image of triangle domain. (d) Schematic of the atomic arrangement of the (
√

3×√3)R30◦ domain surrounded by
FHUC triangles. (e) Schematic top and side views of the atomic arrangement for the (

√
3×√3)R30◦ reconstruction with the adatoms at the

T4 sites. The images are recorded at 2.0 V, 0.10 nA in (a), and 1.4 V, 0.20 nA in (b) and (c). Image sizes: (a) 236 nm × 236 nm, (b) 123 nm ×
123 nm, and (c) 22 nm × 24 nm.

reconstruction and the orientation of atom rows is different
from the surrounding (7× 7) lattice alignment. The distance
between the neighbor atoms is 0.65 ± 0.01 nm, that is, about√

3 times the length of the basis vector (0.38 nm) for the
ideal bulk-terminated Si(111)-1 × 1 unit cell. In addition,
we measured the angle between the main direction of the
new local reconstruction and the boundary of the nearby
(7 × 7) unit cells and found it to be 30◦. Thus, the local
reconstruction shows a (

√
3×√3)R30◦ arrangement.

The appearance of images in Figures 12(a) and 12(b)
demonstrates that Ge-induced (

√
3×√3)R30◦ reconstruction

replaces some of the (7 × 7) unit cells, and it does not
cover the whole surface or the whole island. The local Ge
nanostructures thus coexist with the Si(111)-(7 × 7) recon-
struction. In addition, several dimmer features at some atom
positions exist within the (

√
3 × √

3)R30◦ reconstruction
(Figure 12(c)), suggesting that Si atoms are mixed with the
Ge atoms.

The schematic in Figure 12(d) shows the atomic arrange-
ment of the (

√
3 × √

3)R30◦ domain surrounded by the
FHUC triangles of (7×7) unit cells. As the above-mentioned
analysis for the similar structure of Ge island boundary
in Figure 11(b), removing the reconstruction of the FHUC
triangles requires to overcome a larger energy barrier [96].
The activation energy for atom rearrangement in FHUC
halves is higher than that in UHUC halves. Thus, the (

√
3 ×√

3)R30◦ domain propagates energy preferentially in UHUC
triangles.

We further go inside the bonding structure of the local
(
√

3 × √3)R30◦ arrangement with support from the first-
principle calculations. When the top-layer atoms form a

(
√

3 × √3)R30◦ reconstruction on Si(111), the underlying
substrate changes its original (7×7) reconstruction to (1×1)
arrangement. On an ideal unreconstructed Si(111) surface,
there are two types of threefold symmetric adsorption sites,
known as T4, a filled position directly above a second-
layer Si atom and H3, a hollow site above a fourth-layer Si
atom sites [88, 90], as shown in Figure 12(e). The adsorbed
atoms at either T4 or H3 sites are bonded to three first-
layer Si atoms. When the dangling bonds of all the first-
layer Si atoms are saturated in this way, the adsorbed atoms
form a (

√
3×√3)R30◦ reconstruction. Such a reconstruction

could also be formed when the adsorbed atoms occupy
the so-called S5 site (Figure 12(e)), in which an adsorbed
atom substitutes a second-layer Si atom while the replaced
Si atom is at the T4 site directly above S5 [16, 101, 102].
Our collaborators have performed the first-principle DFT
calculations for a (

√
3×√3)R30◦ reconstruction. In the case

of the Ge-S5 configuration, Ge or Si forms an adlayer with a
Ge coverage of 1/3 monolayer for each of the three bonding
configurations [103].

The calculations show that the T4 configuration is the
most stable structure. Its total energy is lower than both
the H3 and the S5 configurations by 0.60 and 0.68 eV per
unit cell, respectively. This is consistent with the general
picture that the adatoms prefer to occupy the T4 sites on
almost all of the Si(111)-(

√
3 × √3)R30◦ surfaces induced

by chemisorptions of groups III, IV, and V atoms [101].
The occurrence of Ge atoms in the subsurface substitutional
S5 sites is usually adopted by small atoms such as boron
and carbon [104–107], and is energetically unfavorable.
Occupation of a Ge atom at the subsurface S5 site would
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introduce significant strain energy due to its larger size than
Si. In addition, for the Ge-S5 configuration, fully filled Ge-
associated bands do not warrant a charge transfer from the
Si dandling bond to the subsurface to decrease the surface
energy as observed in the boron-induced S5 configuration
[108]. Therefore, Ge atoms would prefer to stay on the
surface. While the underlying substrate supporting the Ge-
induced (

√
3 × √3)R30◦ structure has an unreconstructed

Si(111) configuration, and significant structural relaxation is
also found.

3. CONCLUSIONS

Firstly, we reported UHV-STM experiments and first-
principle total energy calculations which are combined to
determine the STM images of Si(111)-7×7 surface. Both
the rest atoms and adatoms were observed simultaneously
with high contrast by using the conventional W tips. The
emergence of the rest atoms was dependent on the sample
bias voltage. The rest atom spots could be visible at the
bias voltages less than −0.7 V, and their brightness is even
comparable to that of the center Si adatoms when the voltage
is less than−0.9 V. The possible explanations for the visibility
of rest atoms in our STM images were discussed and a very
sharper tip could resolve them, which were enunciated by
first-principle calculations.

Secondly, we investigated the structural characterizations
and the bonding nature of diverse Ge nanostructures on
Si(111)-7×7 surface at different deposition stages. We per-
formed STM measurements of the adsorption site of single
Ge atom on the Si(111)-7×7 surfaces for a sequence of sub-
monolayer coverages deposited at 150◦C. The observations
suggested that individual Ge atoms replaced the so-called
Si adatoms rather than being adsorbed directly atop of the
Si adatoms. Initially, the replacements were random, but
distinct patterns emerged when increasing the Ge coverages,
until small clusters are formed on the substrate. The first-
principle density-functional calculations revealed that Ge/Si
substitution configuration was more energetically favorable
and thermodynamically stable than the arrangements of Ge
locating at the high-coordination surface sites.

Further deposited Ge atoms generated nanoclusters with
varying geometrical configurations. Individual Ge atoms
and Ge clusters coexisted on the Si(111)-7×7 surfaces. Ge
nanoclusters gradually produced in both the faulted and
unfaulted half unit cells of (7×7) units with an initial
preference in the faulted halves, and ultimately self-organized
into the form of well-ordered hexagonal superlattice cor-
responding to the geometry of one Ge cluster per triangle
half unit of original (7×7) lattice. Charge transfer from
Si adatoms to Ge nanoclusters played a key role in the
self-organization of the superlattice, which was proved by
experimental observations and theoretic calculations.

Two-dimensional extended Ge islands with triangle
shape were formed on the substrate when its tempera-
ture was kept at 300◦C for Ge deposition. The irregular
distribution of brighter topmost adatoms suggested the
intermixing status of Ge/Si components in the islands,
and the intermixing ascribed to the exchanging of Ge

atoms with the substrate Si atoms at higher temperatures.
Several local domains with different reconstructions like
(5×5) and (

√
3 ×√3)R30◦ arrangements were found on the

substrates. The configuration of the Ge adatoms residing at
the T4 sites rather than S5 or H3 positions in the (

√
3 ×√

3)R30◦ reconstruction was proposed according to the first-
principle calculations.
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Baró, “Initial stages of Sn adsorption on Si(111)-(7 × 7),”
Surface Science, vol. 482–485, no. 2, pp. 1406–1412, 2001.

[37] Y. P. Zhang, L. Yang, Y. H. Lai, G. Q. Xu, and X. S. Wang,
“Formation of ordered two-dimensional nanostructures of
Cu on the Si(111)-(7 × 7) surface,” Surface Science, vol. 531,
no. 3, pp. L378–L382, 2003.

[38] H. F. Hsu, L. J. Chen, H. L. Hsiao, and T. W. Pi, “Adsorption
and switching behavior of individual Ti atoms on the
Si(111)-7 × 7 surface,” Physical Review B, vol. 68, no. 16,
Article ID 165403, 10 pages, 2003.

[39] B. Voigtländer and T. Weber, “Growth processes in Si/Si(111)
epitaxy observed by scanning tunneling microscopy during
epitaxy,” Physical Review Letters, vol. 77, no. 18, pp. 3861–
3864, 1996.

[40] B. Voigtländer, “Scanning tunneling microscopy studies
during semiconductor growth,” Micron, vol. 30, no. 1, pp. 33–
39, 1999.

[41] B. Voigtländer, “Fundamental processes in Si/Si and Ge/Si
epitaxy studied by scanning tunneling microscopy during
growth,” Surface Science Reports, vol. 43, no. 5–8, pp. 127–
254, 2001.

[42] B. Voigtländer, M. Kawamura, N. Paul, and V. Cherepanov,
“Formation of Si/Ge nanostructures at surfaces by self-
organization,” Journal of Physics Condensed Matter, vol. 16,
no. 17, pp. S1535–S1551, 2004.

[43] M. Kawamura, N. Paul, V. Cherepanov, and B. Voigtländer,
“Nanowires and nanorings at the atomic level,” Physical
Review Letters, vol. 91, no. 9, Article ID 096102, 4 pages, 2003.

[44] N. Paul, S. Filimonov, V. Cherepanov, M. Çakmak, and B.
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In this work, we examined the use of nanospinels to construct batttery electrodes. We chose two spinels suitable as cathode
materials (LiMn2O4 and LiNi0.5Mn1.5O4, which are representative of 4 and 5 V versus Li metal, resp.) and one providing good
results as anode (Li4Ti5O12). In order to ensure good cell performance, nanometric particles must meet another requirement;
thus they should contain few surface or bulk defects (i.e., they should be highly crystalline). Because the synthesis of such spinels
usually requires a thermal treatment, ensuring that they will meet both requirements entails accuratly controlling in the synthesis
conditions. Thermal decomposition of nanooxalate in the spinel-conaining elements obtained by mechanochenical activation in
the presence of polymers provides a simple, effective route for this purpose. We prepared two types of hybrid lithium-ion batteries
using LiMn2O4 and LiNi0.5Mn1.5O4 as cathode materials, and Li4Ti5O12 as anode material. The electrochemical properties of
these cells were compared with those of a similar configuration made from micrometric particles. The nano-nano configuration
exhibited higher reversibility and better performance than the micro-micro configuartion in both types of cells, possibly as a result
of lithium ions in the former being able to migrate more easily into the electrode material.
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1. INTRODUCTION

Some properties of nanometric materials differ markedly
from those of micrometric materials of identical compo-
sition by effect of mere simple size effects or differences
in electronic structure. This has aroused great expectations
in many fields including the production of electrochem-
ical energy storage systems. Thus, the use of nanometric
materials to prepare electrodes for lithium-ions batteries has
gained substantial interest in the last few years [1–6]. Trivial
size effects (e.g., an increased surface-to-volume ratio and
shorter length displacements for lithium ions) can lead to an
improved rate capability and cycle life of cells.

On the other hand, the increased surface area of the elec-
trode and also the increased area of the electrode/electrolyte
interface provide additional advantages for nanometric
particles over the bulk material [7] such as (i) an improved
reaction kinetics that increases the extent of development
and reversibility of the lithium insertion/extraction process
and results in increased cell capacity and better capacity
retention, and (ii) the ability to use high charge/discharge

rates. However, the increased reactivity of nanometric
materials can raise some problems derived from a greater
vulnerability to attack by the electrolyte (particularly at low
charge/discharge rates). Under these conditions, the lithium
insertion/extraction process takes a long time and contact
between the active material and electrolyte prolonged. This
situation can be detrimental when the electrolyte is capable
of decomposing the electrode. Such is the case with the
release of HF from LiPF6 promoted by the presence of
water traces. Coating particle surfaces with a protective agent
can help overcome this drawback [8]. However, the main
disadvantage of nanometric materials is probably the typical
labour intensity and high cost of their synthetic procedures.
Developing simple affordable synthetic methods will be one
of the keys for nanometric materials to prevail in the design
of electrochemical devices for energy storage and conversion.

Another valuable property of lithium-ion batteries is
their ability to operate at the highest availablevoltages.
Provided cells retain their capacity, this can be used to
increase their specific energy. Cell voltage is determined
by the difference in Li chemical potential between the two
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insertion electrodes. The greater the difference is, the higher
will be the cell voltage. This can be accomplished by using
anodic and cathodic materials with the lowest and highest
potentials versus the lithium reference electrode, respectively.
The presence of Li ions that can be extracted during charging
and inserted on discharging the cell is an indispensable
condition for cathodic materials to be active in this respect.
The most attractive and widely studied compounds in
this context are the layered oxide LiCoO2 [9] (commercial
lithium-ion batteries are based on it, but its high cost and
toxicity can compromise its leading position), and the spinel
LiMn2O4, which is more inexpensive and environmentally
benign than LiCoO2 but has poorer cycling properties [10].
The spinel gains stability when Mn is partly replaced with
other elements such as V [11], Cr [12], Fe [13], Co [14], Cu
[15], or Ni [16]. A spinel of composition LiNi0.5Mn1.5O4 has
been prepared which affords complete reversible extraction
of Li+ at ca. 4.7 V (i.e., more than 0.5 V above the potential
for the unsubsituted spinel). This compound has started a
new generation of lithium-ion batteries capable of operating
at higher voltages.

All these compounds share a common feature: introduc-
ting Li+ in their structures usually requires a thermal
treatment. Hence, the most common procedure used for
their synthesis in nanometric size is based on combustion
[17]. There is, however, an alternative procedure alike to a
ceramic method which starts from nanometric precursors
and involves a rapid heating. The preparation of nanometric
precursors, which can be obtained by mechanochemical acti-
vation at room temperature [18], is a key factor. Activation
in the presence of a polymer provides highly crystalline
nanoparticles [19], otherwise it is difficult to obtain with
other methods that require prolonged heating and/or higher
heating temperatures.

Polymer-assisted nanoparticles possess significant adva-
ntages, namely, (i) they are more resistant to electrolyte
attack than are those obtained in the absence of polymer,
probably because of lower crystallinity, and (ii) they exhibit a
better electrochemical response when operated in the voltage
window close to 5 V. All these factors combine to give
nanocompounds which can be cycled at high currents [20].
This was comfirmed here by highly crystalline Li-containing
nanospinels (viz. LiMn2O4 and LiNi0.5Mn1.5O4, which were
used as cathode materials and Li4Ti5O12 as anode material).
The hybrid lithium batteries made from these compounds
were found to exhibit good performance under a wide range
of charge/discharge rates.

2. EXPERIMENTAL

The above-describe synthetic method is effective for any
Li-containing oxide. We prepared the following spinels
in this work: LiMn2O4 (LMO), Li4Ti5O12 (LTO), and
LiNi0.5Mn1.5O4 (LNMO). In previous work [21], the method
was used to prepare of LiCoO2 and LiNi0.5Mn0.5O2 layered
oxides. The method is based on the synthesis of nanometric
oxalates followed by rapid calcination up to 800◦C at a high
heating rate (ca. 20◦C/min). Then, the furnace is shutoff, and
the material is allowed to cool to room temperature inside.

The formation of nanometric oxalate is boosted by the
presence of highly hydrated precursors in excess oxalic acid
dihydrate. Mechanical activation was done in a planetary
high-energy ball mill in the air at room temperature in
two steps, first under dryness for 15 minutes and then in
ethanol for another 15 minutes. This sufficed to obtain
oxalate particles less than 10 nm in size.

Mechanical activation can be done in the presence of
a polymer in order to tailor particle size and shape. Two
polymers were tested: polyethyleneglycol (PEG) in molecular
weight 400 and polymethylmethacrylate (PMMA). Mechan-
ical activation for 1 hour sufficed to obtain a homogeneous
mixture of polymer and precursors. Further heating at 800◦C
yielded highly crystalline nanoparticles.

X-ray diffraction (XRD) patterns were recorded on a
Siemens D5000 X-ray diffractometer using nonmonochro-
mated Cu Kα radiation and a graphite monochromator
for the diffracted beam. Thermogravimetric measurements
were made under ambient conditions, using a Cahn 2000
thermobalance at a heating rate of 10◦C/min. Transmission
electron microscopy (TEM) images were obtained with a
Phillips TEM operating at 100 keV and SEM images with a
Jeol 6400 scanning electron microscope.

Electrochemical measurements were carried out with
CR2032 two-electrodecoin cells supplied by Hohsen Corpo-
ration. Powdered pellets 13 mm in diameter were prepared
by pressing, in a stainless steel grid, ca. 10 mg of active
material with acetylene black (15 wt%). The electrolyte,
supplied by Merck, was 1 M anhydrous LiPF6 in a 1 : 1
mixture of ethylene carbonate and dimethyl carbonate. Cells
were assembled in an M-Braun glovebox. Cycling tests were
performed on a McPile II (biologic) potentiostat-galvanostat
system under a galvanostatic regime. The Li-ion batteries
were anode limited [22], and the specific capacity and rate
of the batteries referred to the mass of the negative electrode.

3. RESULTS AND DISCUSSION

3.1. Morphological properties

As stated above, thermal treatment of an appropriate precur-
sor for a short time provides a simple route for obtaining
an Li-containing oxide of nanometric size. The suitability of
the precursor is a key factor here. We started from hydrated
acetates (except for the synthesis of Li4Ti5O12, where the
Ti source was acetylacetonate). On contact with oxalic
acid dihydrate and mechanochemical activation, the acetates
become nanometric oxalates (see Figure 1). The increased
reactivity of these oxalates compared with micrometric
particles affords the use of milder thermal conditions to
obtain the spinel framework. The combination of TG curves
and XRD patterns revealed that the spinel is formed at 400◦C,
albeit with low crystallinity. Heating at 800◦C for a short
time results in improved particle crystallinity as revealed
the reduction in the broadening of the X-ray diffraction
lines. Figure 2 shows some XRD patterns representative of
the different conditions used in the spinel synthesis. At this
temperature, the spinel peaks are quite well resolved, and
peaks assigned to transition metal oxide-based impurities are
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Figure 1: Steps of the method used to synthesize the nanospinels.

hardly perceptible. The role played by oxalic acid is shown in
Figures 1(c) and 1(d). The presence of oxalic acid dihydrate
in the medium plays a key role in the final particle size
of the mixed oxide by means of the formation of oxalate
nanocrystals on grinding (see Figure 1(b)). Nucleation and
growth of these reaction products are facilitated by the
presence of hydration water. Thus, this precursor-like route
enhances the uniform distribution of the elements resulting
in a well-defined morphology and quite homogeneous
particle size. By contrast, direct synthesis from the acetates
in the absence of oxalic acid resulted in wider particle size
distribution and nanoparticles coexisted with microparticles
(see Figure 1(c)).

The use of polymers in the synthetic procedure has two
main effects, namely, (i) particle size is reduced (compare
Figures 1(d), 1(e), and 1(f)) and (ii) an improvement in
spinel crystallinity, as shown below. The polymer helps to
adopt a more homogeneous distribution of metal ions on
an atomic scale as a result of its ability to coordinate to the
metal ions forming the spinel. The functional groups of the
polymer capable of acting as Lewis basic sites—atoms with
nonbonding electron pairs—may bind to the ions, thereby
bringing them closer and shortening diffusion paths to adopt
the spinel framework. This model is consistent with the
results obtained by using a polymer such as poly(divydilene

fluoride) (PVDF), where no functional oxygen atoms are
present, with which the spinel synthesis failed. Thus, the
functional groups of the polymer are key factors for the
spinel synthesis and should be able to approach and stabilize
the metal ions via their chelating properties. Thus, the
presence of the polymer, in addition to tailoring the particle
shape, helps maintain connectivity between nanocrystals,
thereby facilitating the release of strains as the temperature
is raised. Nanoparticles adopt a well-defined octahedral
morphology typical of the spinel structure (see Figure 3(a)).
Also, lattice defects are insignificant as revealed by HREM
images (see Figure 3(b)). The interplanar spacing was calcu-
lated to be ca. 0.46, which corresponds to the orientation
of (111) atomic planes. The high crystallinity observed by
TEM, a highly localized technique, was confirmed from
X-ray broadening analysis, more suitable to examine bulk
properties of a material. The lattice distortion was estimated
from the full width at half maximum (FWHM), using the
Williamson and Hall equation [23]:

β cos θ = 2 〈e〉 sen θ + 0.9λ
D

, (1)

where β is the integral breadth after correction for instru-
mental broadening from highly crystalline quartz and kα2

elimination using the Rachinger method [24], 〈e〉 denotes
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Figure 2: XRD patterns for the spinels. Samples: (a) and
(b) LiMn2O4 in the absence and presence of oxalic acid, (c)
LiNi0.5Mn1.5O4 in the presence of oxalic acid and PEG400.

local strains (defined as Δ d/d, where d is the interplanar
space), and D is crystallite size. Equation (1) was applied
to the strongest reflections that do not overlap with other
reflections. Figure 4 shows the plots of the above equation
for different spinels, and Table 1 lists the crystallite sizes and
strains calculated from the intercepts and slopes, respectively.
Both the presence of oxalic acid and especially polymer in the
synthesis improved particle crystallinity as microstrain con-
tent decreased under these conditions. The lower crystallite
size for the LiMn2O4 spinel prepared in the absence of oxalic
acid compared with that of the same spinel obtained in the
presence of oxalic acid could be due to the wider particle
size distribution of the former sample. Figure 1(c) shows
the presence of ill-defined particles of few tens nanometer
with others exceeding 200 nm. In any case, highly crystalline
particles of small size are quite appropriate to cycle at high
charge/discharge rates as Li-ion displacement is enhanced by
effect of the reduced probability to find defects potentially
truncating their movement.

3.2. Electrochemical properties

3.2.1. Nanometric LiMn2O4 versus Li

The essential condition for a material to be useful in lithium-
ion battery cathodes is that it should be able to react in
a reversible manner with lithium at high potentials. This
requirement is met by the spinel LiMn2O4, for which a
vast amount of literature is available [25]. This spinel can
extract and insert lithium above 4 V versus Li. Figure 5 shows
the variation of the specific capacity delivered by half-cells
made from nanometric particles as a function of the number
of cycles. Galvanostatic data were recorded at different
charge/discharge rates from C/4 to 4C (C representing 1 Li+

Table 1: Crystallite size and microstrain content of Li-Mn spinels.

Sample D (nm) Microstrain (× 10−4)

LiMn2O4
(a) 92 19.3

LiMn2O4
(b) 116 10.7

LiNi0.5Mn1.5O4
(c) 79 2.1

Synthesis conditions: (a)absence of oxalic acid, (b,c)with oxalic acid, (c)with
PEG400.

ion exchanged in 1 hour, equivalent to 148 mA/g). The initial
capacities obtained ranged from 108 at C/4 to 100 mAh/g
at 4C. The difference in capacity was in fact rather small
(8%) in spite of the significant difference in rate (16 times).
On further cycling, the half cells exhibited good capacity
retention, irrespective of the rate capability used. With
the electrode made from micrometric particles, the initial
capacity delivered by the half-cell was 107 mAh/g at C/4 and
95 mAh/g at 1C, which is close to the value for the electrode
made from nanometric particles. However, capacity fading
with cycling was more pronounced than in the half cell made
from nanometric particles. The capacity loss was particularly
significant at 1C. Under these cycling conditions, the capacity
fell from 95 to 40 mAh/g over the first twenty cycles; in
the half-cell made from nanometric particles, however, the
capacity only decreased from 105 to 100 mAh/g. The origin
of this striking behavior may be associated to the way lithium
diffusion is affected by particle size. The time τ taken to travel
a distance r can be calculated from the equation:

τ = r2

πD
, (2)

where D is the diffusion coefficient of Li+. Thus, for
nanoscale materials (viz. those having a size of 1−100 nm
in at least one direction), Li ions take few minutes to
cross nanoparticles (the average value of D for Li+ is ca.
10−4 cm2/s). Thus, reducing the average diffusion distances
delays concentration polarization and allows cells to operate
at high currents and hence electrode rate capabilities to be
improved [7]. Obviously, reducing the distance for Li+ ions
travel must be also beneficial when the cell anode is made
from an insertion electrode, as shown below.

3.2.2. Nanometric LiMn2O4 versus Li4Ti5O12

(hybrid batteries)

In most commercial batteries the positive and negative
electrodes are made from LiCoO2 and graphite, respectively.
These components have two major shortcomings. Graphite
operates at a very low voltage (ca. 50 mV versus Li).
Under these conditions, the electrolyte is thermodynam-
ically unstable and can decompose releasing gases which
detract from battery safety. On the other hand, cobalt is
a toxic and expensive element. In this context, Li-based
spinels provide interesting prospects for circumventing these
shortcomings. The spinels Li4Ti5O12 and LiMn2O4 are good
choices for this purpose as they can act as anode and
cathode materials, respectively, for batteries. LTO is one
of the few lithium intercalation compounds known that
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Figure 3: (a) TEM and (b) HREM images of LiNi0.5Mn1.5O4 nanocrystals synthesized in the presence of PEG400.
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Figure 4: Plots of the Williamson and Hall equation for various
(hkl) reflections. Samples calcined at 800◦C: LiMn2O4 in the
absence (a,◦) and presence (b,•) of oxalic acid, LiNi0.5Mn1.5O4 in
the presence (c, �) of oxalic acid and PEG400.

undergoes little expansion or contraction during the lithium
insertion/reinsertion process [26]. We have found battery
performance to be significantly improved by using both
compounds as nanoparticles [27]. Hybrid batteries made
from such particles exhibit enhanced rate capabilities and
surpass batteries made from larger particles (microparticles)
in performance.

Figure 6 shows the charge/discharge curves for two
batteries made from the spinels obtained as nano(n)-
and micropaticles (m). The curve shapes are typical for
LiMn2O4, with two pseudoplateaux consistent with the two-
step mechanism for lithium extraction and insertion [28].
The capacity values delivered by the cells in the 1st and 10th
cycle as measured at C/4 and 1C are shown in Table 2.

The initial capacity delivered by the cell was higher when
the electrodes were made from nanoparticles, irrespective of
the discharge rate used. However, the greater differences were
observed at 1C, consistent with the better electrochemical
response of nanometric particles cycled at high rates. On
cycling at a low rate (C/4), capacity retention of this cell was
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Figure 5: Variation of cell capacity in LiMn2O4/Li half-cells as a
function of the number of cycles. Rate: (Δ) C4, (◦) 1C, (�) 4C, and
m-LiMn2O4/Li half-cell at (•) 1C.

Table 2: Capacity values delivered by the hybrid cells (mAh/g).

Battery
1st discharge 10th discharge

C/4 1C C/4 1C

n-LMO–n-LTO 134 120 133 108

m-LMO–m-LTO 107 76 96 66

quite good. By contrast, the capacity of the cell made from
microparticles decreased by about a 10%. At higher rates
(1C), the capacity of the two batteries faded with cycling, but
capacity retention in the battery made from nanoparticles
was better (its capacity loss was 10% versus 26%). Clearly,
as previously found for the half cell, a nanometric size helps
in improving battery performance.

3.2.3. Nanometric LiNi0.5Mn1.5O4 versus Li

The highest cathode potentials achieved to date are in the
region of 5 V versus Li, value which is on the verge of
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Figure 6: Galvanostatic profiles for the first and tenth charge/discharge of (a) m-LiMn2O4/m-Li4Ti5O12 and (b) n-LiMn2O4/n-Li4Ti5O12

hybrid batteries. Rates: C4 (solid line) and 1C (dash line).
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Figure 7: Variation of cell capacity as a function of the number of cycles in half-cells made from m-LiNi0.5Mn1.5O4 spinel (�) and a mixture
of 50/50 wt% n-LiNi0.5Mn1.5O4/m-LiNi0.5Mn1.5O4 (◦). Charge/discharge rate: (a) C/4, (b) 2C.

the potential window for liquid-based electrolytes. Some Li-
based spinels (e.g., LiNi0.5Mn1.5O4) possess this property
and are the best candidates for future applications [22].
Li is removed from this compound between 4.5 and 4.8 V,
and charge neutrality is maintained by oxidizing Ni2+ to
Ni4+ [29]. In order to ensure good reversibility in the
electrochemical reaction at high voltages, the electrode must
be made from a highly crystalline spinel. The conditions used
to obtain nanometric particles usually provide solids with
a high defect content. In other words, particles are poorly
crystalline as revealed by X-ray line broadening analysis
[19]. This is so because the heating temperature cannot
be too high and the heating time should be as short as
possible in order to avoid sintering. Spinels prepared as
microparticles are not subject to this drawback and possess

a high crystallinity. As stated above, however, microparticles
exhibit a limited electrochemical response in lithium cells,
particularly at high rates. One way of overcoming this
restriction is by using composite electrodes made from a
mixture of nano- and micrometric particles. In this way,
cells can exploit the advantages of nanoparticles (high rate
capabilities) and microparticles (good reversibility in the
electrochemical reaction).

Figure 7 shows the capacity delivered by various half cells
as a function of the number of cycles. Two types of electrodes
were studied that were prepared from (i) microparticles and
(ii) a 50 : 50 w/w mixture of micro- and nanoparticles (com-
posite electrode) obtained by mechanochemical activation
for 15 minutes [30]. Tests were conducted at two different
rates (C/4 and 2C). As can be seen, the best performance
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Figure 8: SEM images of electrodes tested at C/4 after the hundredth discharge. (a) Micrometric spinel and (b) 50/50 composite electrode.
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Figure 9: Variation of cell capacity as a function of the number of cycles at a variable charge/discharge rate. Half-cells made from the
n-LiNi0.5Mn1.5O4 spinel prepared in (a) the presence and (b) the absence of PEG-800. Charge/discharge rate: C/4 (�), 2C (◦), 8C (�), 15C
(�).

was obtained for the composite electrode, irrespective of the
charge/discharge rate used. This electrode delivered a higher
capacity over the one hundred cycles measured. Differences
in textural properties of the electrodes rather than in the
structural properties of the spinels seem to be the origin of
the enhanced performance of the composite electrode. As
can be seen in the insets of Figure 8, the particles maintained
the spinel structure with similar unit cell dimensions to
those of the pristine compounds on cycling. However, the
SEM images (see Figure 8) revealed significant differences
between the two electrodes. Thus, the composite electrode
was the better at retaining its integrity. Also, it was the
electrode exhibiting the best electrochemical performance
(see Figure 7(a)). The appearance of the electrode made
from the m-spinel (see Figure 7(b)) was quite different. As
expected, particles were clearly larger and not so closely
bound as in the composite electrode. The nanoparticles

probably occupy the cavities formed upon compaction of
the microparticles. Therefore, the nanoparticles seem to act
as binders between the microparticles, thereby improving
connectivity between particles and facilitating transport of
charge carriers. This must decrease cell polarization and
increase the reversibility of the reaction with lithium, thereby
improving cell performance.

As stated above, one alternative route for improving cell
performance involves preparing electrodes from highly crys-
talline nanoparticles. The use of polymers in the synthetic
procedure has proved an excellent method for obtaining
highly crystalline nanosized spinels. The beneficial effect on
their electrochemical properties is apparent from Figures
9(a) and 9(b), which compare the performance of half cells
made from nanoparticles of LiNi0.5Mn1.5O4 obtained in the
presence and absence of polymer (PEG800). The influence
of the charge/discharge rate on the capacity delivered by
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Figure 10: (a) Variation of the specific capacity delivered by the half-cell made from n-LiNi0.5Mn1.5O4 spinel prepared in the presence of
PEG-800 under different charge/discharge regimes. (◦) Charge 2C, discharge C/4; (�) charge 4C, discharge C/4. (b) Coulombic efficiency.
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Figure 11: Galvanostatic profiles for the first (solid line), fifth (dash line), and tenth (dot line) charge/discharge of (a)
m-LiNi0.5Mn1.5O4/m-Li4Ti5O12 and (b) n-LiNi0.5Mn1.5O4/n-Li4Ti5O12 hybrid batteries.

the half-cells is weaker when the electrode is prepared from
nanoparticles obtained in the presence of polymer. The
initial capacity values range from 120 at C/4 to 100 mAh/g at
15C. In the electrode made from the nanospinel obtained in
the absence of polymer, the delivered capacity shifts from 120
to 60 mAh/g. Although particle size was similar for the two
spinels, the use of a polymer facilitated the release of defects
and internal strains, thereby incrasing the crystallinity of the
nanoparticles [31].

Another interesting property of the cells made from
nanometric LiNi0.5Mn1.5O4 spinel is their ability to be
charged at high current densities and discharged slowly.
This is interesting as they approach the requirements of
commercial batteries. This property was tested in a spinel
prepared in the presence of PEG and calcined at 800◦C; cells
were charged under two fast regimes (2C and 4C) and further
discharged under one slow regime (C/4). Figure 10(a) shows
the variation of the capacity as a function of the number
of cycles. As can be seen, capacity retention by the cells was
quite good (the capacity faded less than 5% after fifty cycles).
Moreover, the coulombic efficiency approached 100% upon

cycling (see Figure 10(b)). Therefore, the spinel exhibited
an excellent electrochemical response under such drastic
operating conditions.

3.2.4. Nanometric LiNi0.5Mn1.5O4 versus Li4Ti5O12

(hybrid batteries)

The electrochemical properties of LiNi0.5Mn1.5O4 spinel
versus Li4Ti5O12 were also studied. Figure 11 shows the
charge/discharge curves obtained in the 1st, 5th, and 10th
cycles for the two types of hybrid batteries examined, with
electrodes made from nano (n)- and microparticles (m). All
cells were cycled at C/4. The shape of the curves of the cells
made from nanometric particles was similar to that observed
for the LiNi0.5Mn1.5O4/Li half cell (viz. two pseudoplateaux
between 3.0 and 3.3 V associated to the Ni2+→Ni4+ process,
the mechanism of which involves two cubic/cubic two-phase
reactions [32]). By contrast, the first charge and discharge
curve for the micrometric sample exhibited a third plateau
at ca. 2.5 V. This signal is comparable to that for the hybrid
cell made from LiMn2O4 (see Figure 6). For this reason, it
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Table 3: Capacity values delivered by the hybrid batteries (mAh/g).

Battery 1st discharge 5th discharge 10th discharge

n-LNMO−n-LTO 110 116 111

m-LNMO−m-LTO 128 120 95

can be assigned to the oxidation of Mn3+ to Mn4+. The
XRD pattern (not shown here) revealed the presence of NiO
related impurities; this means that not all Ni substitutes Mn
in the spinel framework, hence the presence of some Mn3+

in the spinel framework. The presence of impurities in this
spinel is a common finding when the solid is obtained using a
conventional ceramic method [33]. The low-voltage plateau
disappeared after the second cycle because of the excess of
cathode material, and the curve shape was comparable with
that for the cells made from nanometric particles except that
the two pseudoplateaux were more ill-defined.

The discharge capacities delivered by the cells are shown
in Table 3. Except for the capacity value obtained in the
first discharge for the cell made from nanometric materials
(110 mAh/g which is somewhat lower than that calculated
from the spinel stoichiometry) the remaining data exhibited
a well-defined trend. Thus, the capacity of the n-LNMO−n-
LTO hybrid battery was retained on cycling (at least over
the ten cycles measured). This behaviour is similar to that
of the n-LMO−n-LTO hybrid battery at the same rate
(C/4) (see Table 2). By contrast, the trend exhibited by the
capacity of the cell made from micrometric particles is to
significantly fade on cycling, consistent with the results for
the m-LMO−m-LTO hybrid battery (see Table 2). Again,
the performance of the cell made from nanometric particles
was better than that of the cell obtained from micrometric
particles.
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Microporous polyvinylidene fluoride (PVDF) and PVDF nanocomposite membranes were prepared via an isothermal immersion
precipitation method using two different antisolvents (ethanol and water). The structure and morphology of the resulting
membranes were investigated by wide angle X-ray diffraction (WAXD), Fourier transform infrared spectroscopy (FTIR), scanning
electron microscopy (SEM), and differential scanning calorimetry (DSC). The effects of the type of the antisolvent and the presence
of multiwalled carbon nanotubes (MWNTs) on membrane morphology and the crystal structure developed within the membranes
were studied. The crystallization of the PVDF upon immersion precipitation occurred predominantly in the α-phase when water
is used as the antisolvent or in the absence of the carbon nanotubes. On the other hand, β-phase crystallization of the PVDF was
promoted upon the use of ethanol as the antisolvent in conjunction with the incorporation of the MWNTs. The morphology and
the total crystallinity of the PVDF membranes were also affected by the incorporation of the MWNTs and the antisolvent used,
suggesting that the microstructure and the ultimate properties of the PVDF membranes can be engineered upon the judicious
selection of crystallization conditions and the use of carbon nanotubes.
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1. INTRODUCTION

The physical properties of semicrystalline polymers depend
upon the processing conditions [1] and can be strongly influ-
enced by the presence of nanoparticles, which affect the crys-
tallization behavior [2] and the resulting crystal morphology
developed within the processed sample. Polyvinylidene fluo-
ride (PVDF) is a semicrystalline thermoplastic polymer with
five possible polymorphs [3]. Among these polymorphs,
more attention has been paid to the β-phase due to its
piezoelectric, ferroelectric, and pyroelectric properties [4–
7]. Since the increase in the β-phase of PVDF has been
associated with a greater piezoelectric coefficient (due to an
enhancement of the electromechanical coupling coefficient),
a variety of experimental techniques have been developed
to induce β-phase formation in PVDF [8, 9]. For example,
Matsushige and Takemura showed that crystallization from
themelt at pressures which exceed 350 MPa led to the
formation of the β-form of PVDF [10]. Uniaxial or biaxial

drawing of PVDF films has also been shown to induce an
α-β transition [11–13]. In addition, a number of reports
also indicate that nanoclays and carbon nanotubes can
induce the β-crystal formation in PVDF nanocomposites
prepared via melt processing or solution processing [14–17].
Recently, Dillon et al. used a coprecipitation method to
induce the β-crystal structure for PVDF samples reinforced
with nanoclays [18].

Such organic-inorganic polymer nanocomposites have
attracted wide interest in the research community as
researchers investigate the addition of inorganic nanoparti-
cles to impart multifunctionality to the host polymer system,
for example, simultaneous enhancement of multiple proper-
ties such as electrical and thermal conductivity, mechanical
toughness, and dielectric constants of composites [19–24].
Such nanocomposites can also prove to be useful for
molecular separations. For example, Merkel et al. found that
physical dispersion of nonporous, nanoscale, fumed silica
particles in glassy amorphous poly(4-methyl-2-pentyne)
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enhanced both membrane permeability and selectivity for
large organic molecules over small gas molecules such as
hydrogen [25]. In this regard, immersion precipitation is a
commonly used technique to prepare PVDF membranes for
microfiltration and ultrafiltration [26–32]. Membranes from
electrospun polymer nanocomposites can also be used for
sensing applications [33, 34]. The incorporation of carbon
nanotubes into PVDF is especially attractive because of the
significant increase in the electromechanical coefficient to
enable the use of the resulting nanocomposites as actuators
for artificial muscles and sensors for vibration control [35–
37].

While immersion precipitation has been used for a
number of pure polymer systems [38–44], lacking are studies
of the effect of MWNTs and other nanoparticles on the
morphology and crystal structure of PVDF nanocomposite
membranes prepared using this technique. Here, we report
the utilization of the immersion precipitation technique for
the preparation of PVDF nanocomposite membranes. The
effects of the incorporation of MWNTs on the crystallization
behavior of PVDF was investigated when ethanol and water,
respectively, were used as the antisolvent in the immersion
precipitation process .

2. EXPERIMENTAL

2.1. Materials

Powdered PVDF (Kynar 741) was obtained from Arkema
Inc., Philadelphia, PA, USA. As reported by the manufac-
turer, its weight average molecular weight is 250,000 and its
density is 1.78 g/cm3. The MWNTs (trade name: MWNT-
A-P) were purchased from Sunnano, Jiangxi, China. As
reported by the manufacturer, the diameter of the MWNTs
was 10–30 nm, and the average bulk density was 1.5 g/cm3.
To examine the size and shape distributions of the MWNTs
samples, an LEO 1550 scanning electron microscope (SEM)
operated at 15 kV was used. Figure 1 shows a typical
scanning electron micrograph of MWNTs. The scale bar
is 1 μm. The solvent used was HPLC grade (99.9%) N,N-
dimethylformamide (DMF) from Sigma-Aldrich (St. Louis,
MO, USA). The antisolvents used were distilled water and
ethanol (A.C.S grade 99.98% purity from Pharmco Inc.
(Brookfield, CT, USA).

2.2. Membrane preparation

First, the PVDF powder and the MWNTs were mixed
separately with DMF. The polymer solution was prepared
by heating a mixture of PVDF and solvent (1 : 4 in weight
ratio) at 70◦C for 2 hours. The MWNT/DMF premix was
mixed using a hot plate with magnetic stirrer at 50◦C for
approximately 3 hours. The final mixture was prepared by
adding the contents of the MWNT/DMF premix to the
PVDF solution at 70◦C with continuous stirring. The result
was a mixture that is approximately 5 wt% MWNT-PVDF
in DMF (from here onwards, the loading of MWNTs is in
wt% unless otherwise stated). This solution was cast on a
glass plate and then first dried in a vacuum oven at 50◦C

1 μm

Figure 1: SEM micrograph of MWNTs.

for approximately 2 minutes for solvent pre-evaporation; and
then the membrane was coagulated using ethanol or water
antisolvents. After complete coagulation, the membranes
were transferred to a vacuum oven for drying overnight
at 50◦C. A similar technique was followed to prepare pure
PVDF membranes for comparison purposes. Thickness of
the membranes was 100–200 μm. The morphology of the
dried membranes was examined using an LEO 1550 SEM at
20 kV. The top surface of the membranes was sputter-coated
with gold before analysis.

2.3. Membrane characterization

Differential scanning calorimetry (DSC) studies were con-
ducted using a TA Instruments (New Castle, DE, USA) DSC
model Q1000 for pure PVDF and PVDF nanocomposite
samples under a dry N2 environment. The sample weight
was kept at approximately 3 mg. During DSC analysis, the
precipitated and dried samples were ramped from 25◦C to
200◦C at a rate of 10◦C/min, then maintained at isothermal
conditions for 5 minutes at 200◦C. The specimens were
then cooled at a rate of 10◦C/min to ambient. The nominal
melting temperature (Tm,p) was defined as the peak of
the melting endotherm during first heating from 25 to
200◦C, and the nominal crystallization temperature (Tc,p)
was defined as the peak of the crystallization exotherm upon
cooling from 200 to 25◦C. Wide angle X-ray diffraction
(WAXD) data were collected at room temperature by
positioning the membranes on a quartz sample holder using
a Rigaku Miniflex diffractometer in conjunction with a CuKα

radiation source (λ = 0.154 nm) operated at 30 kV. The X-
ray diffractograms were collected in the scan range, 2θ of
5–50◦ at the scan speed of 1◦min−1 and using a step size
of 0.04◦. Fourier transform infrared (FTIR) spectra of the
membranes were recorded on a JASCO ATR/FTIR-460 Plus
over a range of 1000–550 cm−1 with a resolution of 4 cm−1.

3. RESULTS AND DISCUSSION

The morphology and the crystallinity of the PVDF and
MWNT-PVDF nanocomposite membranes, prepared by the
immersion precipitation technique, were investigated as a
function of the incorporation of the MWNTs and the type
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Figure 2: WAXD of PVDF and PVDF nanocomposite membranes
prepared using ethanol as the antisolvent.

of antisolvent used. As described below, the crystallization of
the PVDF upon immersion precipitation occurred predomi-
nantly in the α-phase when water is used as the antisolvent
or in the absence of the carbon nanotubes, while β-phase
crystallization was favored upon the use of ethanol as the
antisolvent in conjunction with the incorporation of the
MWNTs.

3.1. Effect of MWNTs and antisolvent on
the PVDF crystal structure

The results of WAXD analysis of PVDF and PVDF nanocom-
posite membranes prepared using ethanol as the antisolvent
are shown in Figure 2. From the integration of the area
under the crystalline peaks, it can be seen that the pure
PVDF membrane contains predominantly major crystalline
peaks at the 2θ values of 18.6◦, 20.3◦, and 27◦. These peaks
are attributed to the crystal planes associated with the α-
phase of PVDF [18, 41]. It is significant that the addition of
5% MWNTs into PVDF promotes the crystallization of the
PVDF in the β-polymorph. This is indicated from the WAXD
patterns of 5% MWNT-PVDF nanocomposite membranes
which exhibit the distinct feature of containing a sharp peak
at 20.6◦ which is attributed specifically to the presence of
the β polymorph of PVDF [14–18]. In addition to this peak,
the 5% MWNT-PVDF nanocomposite samples also exhibit
large reductions in the areas under the peaks associated with
the α polymorph that occur at the 2θ values of 18.6◦ and
27◦. The WAXD pattern for pure MWNTs (Figure 3) shows
major peaks at 28.5◦, 39.5◦, and 40.6◦ which indicate that the
crystalline peaks arising from the presence of the MWNTs
are not overlapping with the crystalline peak associated with
β polymorph which occurs at 20.6◦.

To further elucidate the effects of the concentration of
the MWNTs on β-phase formation, PVDF membranes were
prepared using 2 and 10 wt% loadings of MWNTs as shown
in Figure 4. A decrease in the α-peak area with increase in
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Figure 3: WAXD of pure MWNT sample.
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Figure 4: WAXD of nanocomposite membranes with different
loadings of MWNTs prepared using ethanol as the antisolvent.

MWNT loadings can clearly be seen in the figure. It was
found that the incorporation of MWNTs at both the 2 and
10 wt% levels continue to promote the crystallization of
PVDF in the β-polymorph. The WAXD patterns of 2 and
10% MWNT-PVDF nanocomposites both exhibit a single
sharp peak at 20.6◦ (Figure 4). Furthermore, the effect of the
polymer concentration in the premix was also investigated
by using a 10% PVDF/DMF solution (compared to the
20% PVDF solution used previously); this premix solution
was then used to prepare 5% MWNT-PVDF nanocomposite
membranes using ethanol as the antisolvent. X-ray data
from these samples also indicated the crystallization of the
PVDF predominantly in the β-phase (not shown here).
This again suggests that the β-phase formation in MWNT-
PVDF membranes is principally due to the presence of the
nanotubes and ethanol as the antisolvent.

By comparison, the WAXD results obtained from PVDF
and 5% MWNT-PVDF membranes prepared using water as
the antisolvent during the precipitation process are shown in
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Figure 5: WAXD of PVDF and PVDF nanocomposite membranes
prepared using water as the antisolvent.

Figure 5. Here, it can be seen that the major peaks in both
membranes correspond to the α-form of PVDF and remain
largely unchanged upon the incorporation of the MWNTs.
Additional WAXD results on membranes prepared using 2
and 10 wt% MWNTs (not shown here) show similar behav-
ior. The difference in crystal structure attained as a function
of antisolvent can be attributed to the fact that ethanol gives
rise to a relatively slow rate of polymer coagulation for PVDF,
whereas water as the anitsolvent results in rapid coagulation
of PVDF [26, 40, 42, 45]. Upon addition of ethanol solid-
liquid, demixing occurs in the crystallizable segments of
the polymer, which enables polymer crystallization to take
place due to slow precipitation of the polymer [42]. In the
case of water, the rate of polymer precipitation is very fast,
leading to a relatively fast rate of crystallization, which should
result in a lowered degree of crystallinity [38, 45, 46]. The
principle reason that the rate of precipitation increases for
the water/PVDF system should be associated with the rapid
rate of interdiffusion of the solvent and the nonsolvent [45].
It is interesting to note that the nanocomposite membranes
prepared using water as the antisolvent did not exhibit the
β-phase (Figure 5) which can again be related to the slow
coagulation rate with ethanol. Figure 3 shows that major α-
peaks in PVDF membranes are transformed to β-peak upon
the incorporation of the MWNTs (5%). As discussed further
in Section 3.3, the presence of the MWNTs increases the
nucleation rate for crystallization (with MWNTs acting as
heterogeneous nuclei sites), giving rise to an increase in the
crystallinity of the membranes versus virgin PVDF and as
seen here promotes crystallization in the β phase.

The crystal phases within the membranes were fur-
ther verified using FTIR analysis. The corresponding IR
absorption band characteristics of the α-phase are 766 and
796 cm−1, whereas for β-phase peaks in the IR spectra are
located at 511 and 840 cm−1 [20, 41]. Figure 6 shows the
FTIR spectra for the pure PVDF and PVDF nanocomposite
membranes prepared using ethanol and water as the anti-
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Figure 6: FTIR spectra of (A) 5% MWNT-PVDF (ethanol anti-
solvent), (B) pure PVDF (ethanol antisolvent), (C) 5% MWNT-
PVDF (water antisolvent), and (D) pure PVDF (water antisolvent)
membranes.

solvent. It can be seen that 5% MWNT-PVDF membrane
prepared using ethanol antisolvent consists primarily of β-
phase crystals (840 cm−1), along with small amount of α-
phase crystals as well (the α-peaks at 766 and 796 cm−1

have low intensity). FTIR spectra of pure PVDF membrane
prepared with ethanol antisolvent indicate predominantly
the α-crystal phase. Similarly, the FTIR results for mem-
branes prepared with water antisolvent (both the pure PVDF
and the 5% MWNT-PVDF nanocomposite samples) are
dominated by the presence of α-crystals (peaks at 766 and
796 cm−1). These results along with WAXD data confirm
the enhancement of β-phase crystal in 5% MWNT-PVDF
membrane prepared with ethanol antisolvent.

3.2. Effect of MWNTs and antisolvent on
morphology of PVDF membrane

SEM images of the top surface of pure PVDF and 5%
MWNT-PVDF membranes precipitated from ethanol are
shown in Figure 7. The effect of MWNTs on the membrane
structure is significant and gives rise to the decrease in
crystal size and to an increase of the microporosity of the
PVDF membranes. From Figure 7(a), it can be seen that a
sponge-like structure is formed to constitute the pure PVDF
membrane. While a clear skin surface can be seen in the
image, the structure of the membrane appears dominated by
spherulitic crystallites in the 20–40 μm diameter range.

By comparison, the incorporation of the MWNTs has
a profound effect on the distributions of crystallite shapes,
sizes, and porosity. The morphological features shown in
Figure 7(b) suggest that MWNTs are acting as heterogeneous
nucleating agents, the concentration of which determines the
number of nuclei. The increase of the nucleation rate and
the crystallization of the PVDF on the nanotube surfaces
eliminate the impinging of the relatively large spherulitic
crystallites observed with pure PVDF (see Figure 7(a)). Upon
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Table 1: Thermal analysis for PVDF and PVDF nanocomposite membranes.

Sample Antisolvent ΔHm, J/g Xm
c (%) Tm,p (◦C) ΔHc, J/g Xc

c (%) Tc,p (◦C)

PVDF Ethanol 51.32± 1.01 48.77± 0.59 168.03± 0.39 41.5± 0.56 39.67± 0.54 132.4± 0.78

5% MWNT-PVDF Ethanol 56.6± 1.62 54.41± 1.24 166.13± 0.62 41.33± 2.11 39.27± 1.89 142.89± 3.02

PVDF Water 44.9± 1.06 42.9± 1.05 168.03± 0.30 41.16± 1.05 39.26± 0.99 133.48± 0.39

5% MWNT-PVDF Water 41.93± 1.52 40.09± 1.45 165.41± 0.98 38.35± 2.27 36.67± 2.17 136.41± 0.50

Tm,p = nominal melting temperature, Tc,p = nominal crystallization temperature, ΔHm = heat of fusion, ΔHc = heat of crystallization, Xm
c = crystallinity

from melting endotherm, Xc
c = crystallinity from crystallization exotherm. Average values and 95% confidence intervals are reported.

10 μm

(a) PVDF

10 μm

(b) 5% MWNT-PVDF

Figure 7: SEM of (a) PVDF and (b) 5% MWNT-PVDF nanocom-
posite membranes prepared using ethanol as the antisolvent.

10 μm

(a) PVDF

10 μm

(b) 5% MWNT-PVDF

Figure 8: SEM images of (a) PVDF and (b) 5% MWNT-PVDF
nanocomposite membranes prepared using water as the antisolvent.

the incorporation of the MWNTs, a porous superstructure
consisting of shish-kebab-like crystalline entities, forming a
loose network, is observed. It also appears that the nanotubes
are providing interconnections to form a continuous and
open structure. The interconnectivity of the membrane will
likely provide additional mechanical strength to the mem-
brane, possibly increasing the utility of such piezoelectric
membranes.

On the other hand, Figure 8 shows the PVDF and 5%
MWNT-PVDF membranes prepared using water as the
antisolvent. The top surface of the PVDF membrane shows
a dense “skin” layer, which appears to be nonporous [38,
45]. The skin is composed of intersecting polygonal plates
with clear boundaries; similar structures with crystalline
polygonal plates have been observed in Nylon-6 membranes
prepared via the immersion precipitation in water [39, 46].
As noted earlier, the formation of the skin layer and lack of
an interconnected pore structure upon the use of water as the

antisolvent is likely due to the rapid precipitation that occurs
when water is used as the antisolvent, associated with the
high rate of interdiffusion of DMF and water [45], where the
rate of interdiffusion depends on the value of the solubility
parameters of the solvent and antisolvent. In addition, small
micropores can be seen on the surface of the membrane.
Similar effects on morphology have been observed in mica-
intercalated Nylon-6 nanocomposite membrane prepared
by phase inversion method using water as the antisolvent
[39]. As shown in Figure 8(b), the incorporation of MWNTs
results in a similar morphology, albeit with smaller polygonal
regions making up the surface of the membrane.

These initial results, together with the WAXD results
presented in Section 3.1, indicate that the overall crystal
morphology and porosity of the PVDF nanocomposite
membranes are strongly influenced by both the antisolvent
used to prepare the membrane as well as the presence
of the MWNTs. Further analysis of the effects of these
parameters on the crystallinity, porosity, and the availability
of the targeted β crystalline phase in PVDF nanocomposite
membranes is necessary to allow the optimization of the
microstructure and associated ultimate properties of such
membranes.

3.3. Effects of MWNTs and antisolvent on melting and
crystallization behavior of PVDF membrane

DSC analysis of pure PVDF and PVDF nanocomposite
membranes was conducted to examine the effect of MWNTs
and antisolvents on the degree of crystallinity Xc of the mem-
branes upon precipitation and the melting/crystallization
temperatures observed upon the heating and the subsequent
cooling of the membranes. Representative DSC heating and
cooling curves are shown in Figures 9 and 10, respectively,
while the results for four samples tested at each condition
are summarized in Table 1. The heat of fusion (ΔHm)
data obtained for nanocomposite samples was corrected
due to the presence of MWNTs in the sample (such that
ΔHcorrected = ΔHmeasured/Wp, where Wp is the weight
fraction of polymer in the sample). Similarly, the heat of
crystallization (ΔHc) data for PVDF nanocomposite samples
was also corrected for true heat of crystallization of PVDF.

There are significant differences in the heat of fusion
values for the four cases (with and without the MWNTs,
and with ethanol or water). The use of ethanol as the
antisolvent versus water gives rise to a greater heat of fusion
as shown in Table 1. The percent crystallinity of PVDF and
PVDF nanocomposites, based on either the melting (Xm

c )
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Figure 9: DSC endotherms of PVDF and 5% MWNT-PVDF nanocomposite membranes scanned at 10◦C/min (a) using ethanol as the
antisolvent and (b) using water as the antisolvent.
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Figure 10: DSC exotherms for PVDF and 5% MWNT-PVDF nanocomposite membrane scanned at 10◦C/min (a) using ethanol antisolvent
and (b) using water antisolvent.

or crystallization (Xc
c ) DSC scans, can be obtained from the

expressions:

Xm
c =

ΔHm∗100
ΔH100%,crystalline

, Xc
c =

ΔHc∗100
ΔH100%,crystalline

, (1)

where ΔH100%,crystalline is the heat of fusion of pure crystalline
PVDF, which is reported to be 104.6 J/g [14], and ΔHm and
ΔHc are the heat of fusion and the heat of crystallization of
the sample. As shown in Table 1, the degree of crystallinity
Xm
c of the PVDF is greater when ethanol is used as the

antisolvent. As indicated earlier, experimental studies of
interdiffusion rates of ethanol and water in similar solvents
have suggested that the interdiffusion rate of water in the
solvent would be significantly higher than that of ethanol
[45], giving rise to a significantly higher rate of precipitation
in water and thus restricting the degree of crystallinity of
PVDF.

The role played by the nanotubes in the crystallization
process is interesting and again depends on which antisolvent

is utilized during the precipitation. With ethanol, the
favorable relatively slow rate of precipitation allows the
MWNTs to act as nucleating agents to induce an increase in
the nucleation and enables crystallization to take place to a
greater extent. The presence of the MWNTs further increases
the degree of the crystallinity Xm

c of PVDF (Table 1), which
is consistent with the SEM micrographs showing a decrease
in the size of the crystallites upon the incorporation of the
MWNTs (Figure 7(b)). On the other hand, the MWNTs
incorporated into the PVDF membranes upon using water as
the antisolvent have no favorable effect on the crystallization
of PVDF and are even detrimental, that is, a reduction
in the heat of fusion and hence the degree of crystallinity
is observed. It appears that during the rapid precipitation
process associated with water as the antisolvent, the MWNTs
presumably remain as clusters and immobilize some of the
PVDF, preventing their crystallization and thus reducing the
degree of crystallinity Xm

c of PVDF upon precipitation.
The data associated with the crystallization peak temper-

ature further reinforce this understanding associated with
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the roles of the rate of precipitation and the effects of the
MWNTs (Table 1). The nominal crystallization temperature
(Tc,p) was found to increase upon the addition of MWNTs,
which is attributed to the heterogeneous nucleation induced
by the presence of the MWNTs and the associated increase
in the rate of nucleation/crystallization [47]. The increase
in Tc,p is significantly higher in the case of nanocomposite
membranes prepared using ethanol. In contrast, a small
change in crystallization temperature and a comparatively
small decrease in polymer crystal size in nanocomposite
membranes are observed when water is used as the anti-
solvent. In addition, little change is observed in the percent
crystallinity Xc

c based on the DSC cooling scans.

4. CONCLUSIONS

MWNT-PVDF nanocomposite membranes were prepared
using ethanol and water antisolvents. The desirable β-phase
crystallization of PVDF was promoted using MWNTs and
ethanol as the antisolvent. The crystal size of the polymer was
found to decrease due to addition of MWNTs, using ethanol,
while the degree of crystallinity and the crystallization tem-
perature increased. Further tests to correlate the mechanical
and piezoelectric properties of the membranes as a function
of the processing parameters are ongoing. These results
indicate that the microstructure and the ultimate properties
of the PVDF membranes can be engineered upon the
judicious selection of crystallization conditions and the use
of carbon nanotubes, with applications in the engineering
of surfaces and structures for targeted applications such as
sensors, filters, and artificial muscles.
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1. INTRODUCTION

Polyimide is a high-performance polymer with high ther-
mal stability, favorable dielectric properties, and chemi-
cal resistance. It has been found applications in the mi-
croelectronics and composites industries [1]. Carbon nan-
otubes (CNTs) have attracted much research interest in var-
ious areas since their structures were identified in 1991
[2]. They exhibit excellent mechanical and electrical prop-
erties, low density, high-surface area, and high chemical
resistance [3–8]. CNT/polymer composites are interesting
materials whose mechanical properties and electrical con-
ductivity can be improved by the addition of CNT [9–
13]. CNT/polyimide composites are interesting materials
and have been extensively studied [14–17]. In our previ-
ous investigation, [17] unmodified-, acid-modified-, and
amine-modified-MWCNT/polyimide nanocomposites were
prepared and their morphology and electrical, thermal, and
mechanical properties were examined .

CNT can be modified by refluxing with strong acid or
a strong oxidizing agent. Carboxyl and hydroxyl functional

groups are formed on the surface of CNTs during acid
modification [18]. Acid-modified MWCNT can be modi-
fied with silane [19–23]. Shanmugharaj et al. [20] grafted
3-aminopropyltriethoxysilane (APTES) to acid-modified
MWCNT and prepared silane-modified MWCNT/natural
rubber composites. They suggested that silane can be re-
acted with the hydroxyl groups (−OH) on the surface of
MWCNTs [19–23]. The oxidation of MWCNT may generate
carboxylic groups (−COOH) rather than hydroxyl groups.
Valentini et al. [23] modified SWCNTs using CF4 plasma
to obtain fluorinated SWCNT (f-SWCNT). The f-MWCNT
then reacted with APTES and the amine functional group of
APTES was grafted on the f-MWCNT. Our previous study
has successfully modified MWCNT with silane [24–26]. The
silane-modified MWCNTs/Poly (urea urethane) composites
have been prepared. The molecular structure and molecu-
lar mobility of the carbon-nanotube/PUU nanocomposites
have been investigated [26]. These references indicated that
carbon nanotube may be dispersed effectively. Increase the
dispersion does not improve the electrical conductivity nor
decrease the percolation threshold effectively.
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In this study, acid-modified MWCNT was mixed with
(3-aminopropyl)triethoxysilane(APTES). Silane functional
groups are grafted on the acid-modified MWCNT (APTES-
MWCNT) by ionic bonding or amide bonding, and some
ungrafted APTES may react with polyamic acid to form a
complex [1]. After modification of the MWCNT, silane func-
tional groups were remained. The APTES-MWCNT was dis-
persed in the polyamic acid which was imidized at 300◦C.
When the APTES-MWCNT/polyamic acid was heated to
300◦C, the silane reacted on the MWCNT surface, and this
reaction was examined. This work studies the electrical resis-
tivity, the percolation threshold, and the thermal properties
of the MWCNT/polyimide.

2. EXPERIMENTAL SECTION

2.1. Materials

Multiwalled carbon nanotubes were obtained from the
Nanotech Port Company, Shenzhen, China. The diameters
of the MWCNTs were 40–60 nm; their lengths were 0.5–
40 μm, and their special surface areas were 40–3000 m2/g.
Both 4,4′-oxydianiline (ODA) and 3,3′,4,4′-benzophenone
tetracarboxylic dianhydride (BTDA) were obtained from
Chris KEV Company, Inc. Terrance Leawood, KS, USA. (3-
Aminopropyl)triethoxysilane (APTES) was obtained from
Lancaster Synthesis Co., Morecambe, England. N,N-Dim-
ethylacetamide (DMAc) was obtained from Tedia Company
Inc., Fairfield, OH, USA.

2.2. Synthesis of polyamic acid

The precursor of polyimide (polyamic acid) was pre-
pared by reacting 4,4′-oxydianiline (ODA) with 3,3′,4,4′-
benzophenone tetracarboxylic dianhydride (BTDA) in N,N-
Dimethylacetamide (DMAc). The mole ratio of ODA to
BTDA was 1 : 1. 4,4′-Oxydianiline (ODA) was dissolved in
DMAc and then 3,3′,4,4′-benzophenone tetracarboxylic di-
anhydride (BTDA) was added to the 4,4′-oxydianiline
(ODA) solution with an ice bath. The polyamic acid was
imidized at 300◦C to yield polyimide (as shown in Scheme 1).

2.3. Modification of MWCNT

Pristine MWCNTs were functionalized by refluxing with a
mixture of H2SO4 and HNO3 (weight ratio of H2SO4 to
HNO3 is 3 : 2) at 50◦C for 24 hours. After acid treatment,
the MWCNTs were washed using deionized water, filtered
and dried at 100◦C. Then, the modified MWCNT was dis-
persed in DMAc and then (3-aminopropyl)-triethoxysilane
(APTES) added to the mixture and was stirred for 1 hour
(as presented in Scheme 2). Table 1 presents the mass ratio of
APTES to MWCNT. The APTES-treated MWCNT is denoted
APTES-MWCNT.

2.4. Preparation of carbon nanotubes/polyimide
nanocomposites

APTES-MWCNT was added to polyamic acid then put on
to a plastic plate and heated to 60◦C to remove the solvent

Table 1: The ratios of APTES to acid-modified MWCNT for
APTES-MWCNT.

ID APTES : MWCNT (in weight)

APTES-MWCNT-1 1 : 1

APTES-MWCNT-2 2 : 1

APTES-MWCNT-3 3 : 1

(DMAc). The mixture was then heated to 300◦C to produce
MWCNT/polyimide composites.

2.5. Measurement of properties

2.5.1. Fourier transform infrared spectroscopy

The Fourier transform infrared spectroscopy (FT-IR) spectra
of unmodified and acid-modified MWCNT were recorded
between 800 and 4000 cm−1 using a Nicolet Avatar 320 FT-
IR spectrometer, from the Nicolet Instrument Corporation,
Madison, WI, USA. The sample was dispersed in THF sol-
vent and then coated on a CaF2 plate and dried in a vacuum
oven at 120◦C before it was tested. The spectra from a min-
imum of 32 scans were averaged with a signal resolution of
2 cm−1 within the range 400–4000 cm−1.

2.5.2. X-ray photoelectron spectroscopy (XPS)

The XPS spectra of MWCNTs were obtained using a ULVAC-
PHI, PHI Quantera with scanning monochromated A1 an-
ode high-resolution X-ray photoelectron spectrometer.

2.5.3. CP/MAS solid state 29Si nuclear magnetic
resonance (NMR) spectroscopy

High-resolution 29Si solid-state NMR was conducted using a
Bruker DSX 400 MHz NMR. The samples were ground into
fine powder. The 29Si CP/MAS NMR spectra of the compos-
ites were obtained to characterize the degree of condensation
of the APTES-MWCNT/polyimide interpenetrating network
with various Multiwalled carbon nanotube contents.

2.5.4. Morphological properties

Morphological properties were studied using an FE-SEM
(S-4200) scanning electron microscope from Hitachi, Japan,
and a JEOL-2000EX transmission electron microscope
(TEM) from Japan.

2.5.5. Measurement of electrical properties

Surface and volume electrical resistivity were measured us-
ing a ULTRA Mesohmeter SM-8220, from the DKK TOA
Corporation, Tokyo, Japan. The Surface and volume electri-
cal resistivities of the MWCNT/polyimide composites were
measured after various MWCNT contents were added. The
charge time was 30 s, and the current voltage of the measure-
ments was 100 V. An average value was obtained from five to
six measurements for each sample.
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Table 2: Percentages of T and Q substitution of APTES-MWCNT/polyimide composites.

APTES : MWCNT MWCNT content,
% of T substituted % of Q substituted

(in weight) wt%

1 : 1 0.99 97.12 2.88

1 : 1 6.98 84.02 15.98

2 : 2 0.99 88.41 11.59

2 : 2 6.98 86.50 13.50

3 : 3 0.99 87.27 12.73

3 : 3 6.98 86.56 13.44
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Scheme 1: Preparation of the polyimide.

2.5.6. Glass transition temperature (Tg)

Glass transition temperatures (Tgs) were measured using
a differential scanning calorimeter (DSC) (TA Instruments
DSC Q-10). Test data were obtained from 50◦C to 350◦C at a
heating rate of 10◦C/min. A minimum of three specimens of
each composition were tested.

2.5.7. Measurements of tensile properties

Tensile strength test was carried out by using an instron
machine model 4488 at room temperature. Test procedure
followed the ASTM-D882. Dimensions of test specimens
were 50 mm × 5 mm × 0.1 mm. The crosshead speed was
5 mm/min.

3. RESULTS AND DISCUSSION

3.1. Fourier transfer infrared spectroscopy

Figure 1(a) shows the FTIR spectrum of unmodified can-
bon nanotubes; the wavenumbers 3000 and 2800 cm−1 corre-
sponded to −CH stretching and 1711 cm−1 corresponded to
c=O stretching. The FTIR result (−CH stretching) demon-
strates that MWCNTs contain defects, which may be formed
during the manufacturing of MWCNT. Figure 1(b) presents
the FTIR spectrum of acid-modified carbon nanotubes.
The wavenumbers 3000 and 2800 cm−1 corresponded to the
stretching of −CH. Carboxylic group stretching (COOH)
occurred at 1720 cm−1. Absorption peaks at wavenumbers
1610 cm−1 and 3430 cm−1 correspond to COO− asymmet-
ric stretching and−COO− stretching, respectively. The FTIR
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Table 3: Surface electrical resistivity of MWCNT/polyimide composites.

MWCNT
content

Surface electrical
resistivity of
unmodified
MWCNT/PI,
Ω/cm2

Surface electrical
resistivity of
acid-modified
MWCNT/PI,
Ω/cm2

Surface electrical
resistivity of
APTES-
MWCNT-1/PI,
Ω/cm2

Surface electrical
resistivity of
APTES-
MWCNT-2/PI,
Ω/cm2

Surface electrical
resistivity of
APTES-
MWCNT-3/PI,
Ω/cm2

0 1.28 × 1015 1.27 × 1015 1.27 × 1015 1.27 × 1015 1.27 × 1015

0.5 6.75 × 1014 2.99 × 1013 1.94 × 1015 2.46 × 1013 7.88 × 1012

1.0 2.03 × 1014 2.65 × 1013 2.06 × 1013 1.70 × 1013 5.61 × 1012

2.4 3.03 × 1012 2.73 × 1013 8.07 × 1012 1.29 × 1013 5.29 × 1012

4.8 8.82 × 107 2.31 × 1013 1.53 × 1012 2.35 × 1012 5.58 × 1011

7.0 7.59 × 106 2.53 × 1013 8.64 × 1010 8.58 × 1011 4.53 × 1011
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Scheme 2: Attachment of APTES with acid-modified MWCNT.

spectrum of acid-modified carbon nanotubes confirmed that
pristine MWCNT was modified by H2SO4/HNO3 mixed acid
generating carboxylic groups. Figure 1(c) presents the FTIR
spectrum of the APTES-MWCNT. The wavenumbers at 3000
and 2800 cm−1 corresponded to stretching of −CH. Car-
boxylic groups stretching (−COO−) appeared at 1400 cm−1.
Stretch of amine salt (−NH−) appeared at 3100 cm−1. Bend
of the amine salt (−NH3

+) appeared at 1610 cm−1 and
1500 cm−1. Absorption peaks at wavenumbers 1110 cm−1

and 956 cm−1 corresponded to −SiO− stretching. The FTIR
spectrum of APTES-MWCNT confirmed that MWCNT was
modified with APTES.

3.2. X-ray photoelectron spectroscopy (XPS)

Figure 2 presents XPS spectra of the silane-modified MW-
CNT. Figures 2(a), 2(c), and 2(e) reveal that silane-modified
MWCNTs have peaks at about 103eV, 154eV, 285eV, 400eV,
and 531eV. The peak appeared at 103eV was Si2p, 154eV
was Si2s, 285eV was C1s, 400eV was N1s, and 531eV was
O1s, respectively. Figure 2(b) presents the peaks of APTES-
MWCNT-1 at 400eV, (N1s) can be separated as 400.0eV,
401.4eV, and 402.6eV. The peak at 400.0eV was amide and

peaks at 401.4eV, and 402.6eV were amino ions. The ra-
tio of 400.0eV : 401.4eV : 402.6eV was 1 : 0.26 : 0.06. Fig-
ures 2(d) and 2(f) present the peaks of APTES-MWCNT-
2 and APTES-MWCNT-3 at 400eV, (N1s) can be separated
as 400.0eV and 401.4eV. The ratio of 400.0eV : 401.4eV of
APTES-MWCNT-2 and APTES-MWCNT-3 were 1 : 0.08 and
1 : 0.13, respectively. The XPS data confirm the most of the
silane bonding with the acid-modified MWCNT with amide
functional groups and some of them bonded with amino ion.

3.3. CP/MAS solid state 29Si nuclear magnetic
resonance (NMR) spectroscopy

Figures 3(a) to 3(f) present the 29Si solid-state NMR spec-
tra of APTES-MWCNT/polyimide composites. They reveal
that trisubstituted siloxane bonds (chemical shift of T2, δ −
59.84 ppm, and T3, δ−67.002 ppm) [27] and some tetrasub-
stituted siloxane bonds (associated with chemical shifts Q2,
Q3 and Q4 of −91, −101 and −109.13 ppm, resp.) [27] are
present in APTES-MWCNT/polyimide composites. Trisub-
stituted siloxane bonds are defined as a silicon atom pos-
sesses four bonds, three of them are bonded with three oxy-
gen atoms and the fourth bond may be bonded with another
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Figure 1: FTIR spectra of (a) unmodified MWCNT, (b) acid mod-
ified MWCNT, (c) APTES-MWCNT.

atom, such as carbon atom (Figure 4(a)). Tetrasubstituted
siloxane bonds are the four bonds of the silicon atom bonded
to oxygen atoms (Figure 4(b)).

Table 2 summarizes the percentages of T and Q substitu-
tion of the composites. The tetrasubstituted bond may have
been formed when the composites were heated to 300◦C and
the Si−C bonds of the APTES may have been broken. When
the MWCNT content was low (1.0 wt%), the percentage of
Q-substitution was proportional to the ratio of APTES to
MWCNT. When the ratio of APTES to MWCNT was ex-
cessive, most APTES do not graft on the MWCNT. The un-
grafted APTES may be responsible for a lower thermal sta-
bility, since the Si−C bond of the ungrafted APTES is weak.
Hence, the proportion of tetrasubstitution increased with
the ratio of APTES to MWCNT. When the MWCNT con-
tent was high (7.0 wt%), the percentage of Q-substitution de-
creased as the ratio of APTES to MWCNT increased. When
the MWCNT content and the silane content were both high,
the SiOx network was easily formed. APTES grafted on the
SiOx network and increased the thermal stability.

Regarding T substitution (Figure 4), the peak height of
T3 of the sample with higher MWCNT content was higher
than that with a lower MWCNT content. When the APTES-
MWCNT content was low, since the silane in the nanocom-
posites could not easily react with the other silane because the
APTES-MWCNT intermolecular distance was very large, the
interpenetrating network could not easily be formed. How-
ever, when the APTES-MWCNT content was high, the silane
more easily reacted with the other silane, because the ATPES-
MWCNT intermolecular distance was shortened.

3.4. Morphology of MWCNT/polyimide composites

Figures 5(a)–5(f) present SEM microphotographs of the
APTES-MWCNT/polyimide composites. The MWCNT was
dispersed in the polymer matrix. Most of the MWCNTs
were embedded in the polyimide matrix. Figures 5(a) and
5(b) show SEM microphotographs of the APTES-MWCNT-
1/polyimide composites. Most APTES-MWCNT were em-
bedded in the polyimide matrix and only a few were pulled
out from the matrix. Figures 5(c) and 5(d) indicate that most
of the MWCNTs in APTES-MWCNT-2/polyimide compos-
ites were embedded in the polyimide matrix and some of the
MWCNTs were pulled out from the matrix. Figures 5(e) and
5(f) reveal that most of the MWCNT in APTES-MWCNT-
2/polyimide composites were also embedded. However, it
can be seen that more MWCNTs were pulled out than
those of the APTES-MWCNT-1/polyimide composites and
APTES-MWCNT-2/polyimide composites. The imprint of
the MWCNT on the polyimide matrix (indicated by the ar-
row in Figure 5(f)) was observed.

Figures 6(a) to 6(f) display the TEM microphotographs
of the ATPES-MWCNT/polyimide composites. Figures 6(a)
and 6(b) present the TEM microphotographs of the AP-
TES-MWCNT-1/polyimide composites. The MWCNTs were
coated with SiOx layers, which looked like “needles” and were
dispersed in the polymer matrix. Some of the MWCNTs were
connected to each other. Some of the SiOx was not coated on
the MWCNT surface and was aggregated in the shape of cot-
ton balls.

Figures 6(c) and 6(d) show the TEM microphotographs
of the APTES-MWCNT-2/polyimide composites. The MW-
CNTs were also coated with SiOx layers and dispersed in the
polymer matrix. Some of the MWCNTs were also connected
to each other. The MWCNTs were assembled in an “H” shape
or a “Ψ” shape.

Figures 6(e) and 6(f) display TEM microphotographs
of the APTES-MWCNT-3/polyimide composites. The SiOx

was aggregated on the MWCNT surface. Figure 6(e) re-
veals that the MWCNTs were assembled in the shapes of
longer needles which differed from those in Figures 6(a),
6(b). The “needle-shaped” MWCNTs in Figures 6(e), 6(f)
were longer and thinner than those in Figures 6(a), 6(b).
Figure 6(f) shows that some of the MWCNT have been con-
nected. When the ratio of APTES to MWCNT was high,
most of the APTES were not grafted on the surface of
acid-modified MWCNTs. Some of the APTES reacted with
the polyamaric acid to form a complex [1, 28]. The un-
grafted APTES bonded with the grafted APTES, and could
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Figure 2: X-ray photoelectron spectroscopy (XPS) spectra of (a, b) APTES-MWCNT-1, (c, d) APTES-MWCNT-2, and (e, f) APTES-
MWCNT-3.
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Figure 3: 29Si solid-state NMR spectra of cured APTES-MWCNT/polyimide composites.
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Figure 4: Structure of (a) trisubstituted siloxane bonds (T shift) [27] and (b) tetrasubstituted siloxane bonds (Q shift) [27].

not easily form an interpenetrating network. The TEM
microphotograph shows that concentrations were different
even with the same content (7.0 wt%) APTES-MWCNT.
APTES-MWCNT-3 show less concentrated than that of
APTES-MWCNT-1 and APTES-MWCNT-2 in polyimide

matrix with 7.0 wt% MWCNT content. APTES-MWCNT-
1 and APTES-MWCNT-2 show similar concentration in
polyimide matrix with 7.0 wt% MWCNT content. How-
ever, the lengths of the assembled MWCNT were differ-
ent. Assembled APTES-MWCNT-3 is longer than that of
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Figure 5: SEM microphotograph of 7.0 wt% APTES-MWCNT/polyimide composites: (a) APTES-MWCNT-1 (×1000), (b) APTES-
MWCNT-1 (×50 000), (c) APTES-MWCNT-2 (×1000), (d) APTES-MWCNT-2 (×50 000), (e) APTES-MWCNT-3 (×1000), and (f) APTES-
MWCNT-3 (×50 000).

APTES-MWCNT-2 and APTES-MWCNT-1 in the polyimide
matrix. APTES-MWCNT-3 was connected with “head-to-
tail” and the APTES-MWCNT-3 assembled to long, thin
“needle shaped.” The quantity of MWCNT of 7.0 wt%
APTES-MWCNT-3 in polyimide matrix was similar to the
7.0 wt% APTES-MWCNT-2 and APTES-MWCNT-1.

3.5. Electrical properties

CNTs have a high aspect ratio and contain numerous π-
bonds (C=C bond). Electrical charges may be transferred
through the π-bond (C=C bond) of CNTs. Adding a small
quantity of CNT to the polymer matrix substantially reduces
the surface and volume electrical resistivities of the matrix.

Figures 7(a) and 7(b) plot the surface and volume electri-
cal resistivities of the APTES-MWCNT/polyimide compos-
ites. The surface resistivities were summarized in Table 3 and
the volume resistivities were summarized in Table 4. When
unmodified and acid-modified MWCNT were utilized, the
surface electrical resistivity of the composites decreased from
1.28 × 1015 Ω/cm2 (neat polyimide) to 7.59 × 106 Ω/cm2

(a decrease of nine orders of magnitude with 7.0 wt% un-
modified MWCNT) and to 2.53 × 109 Ω/cm2 (a decrease of
six orders of magnitude with 7.0 wt% acid-modified CNT)
(Figure 7(a)). The volume electrical resistivity of the com-
posites decreased from 1.53 × 1017 Ωcm (neat polyimide)
to 4.09 × 104 Ωcm (a decrease of 13 orders of magnitude
with 7.0 wt% unmodified MWCNT), and 2.66 × 108 Ωcm

(a decrease in nine order of magnitude with 7.0 wt% acid-
modified CNT), (Figure 7(b)). In the APTES-MWCNT sys-
tem, the surface electrical resistivity of the composites de-
creased by five orders of magnitude from 1.28 × 1015 Ω/cm2

(neat polyimide) to 8.64 × 1010 Ω/cm2 (for 7.0 wt% APTES-
MWCNT-1/polyimde composites), by four orders of magni-
tude to 8.58 × 1011 Ω/cm2 (with 7.0 wt% APTES-MWCNT-
2/polyimide composites), and by four orders of magni-
tude to 4.53 × 1011 Ω/cm2 (with 7.0 wt% APTES-MWCNT-
3/polyimide composites) (Figure 7(a)). The volume elec-
trical resistivity of the composites decreased by four or-
ders of magnitude from 1.53 × 1017 Ωcm (neat poly-
imide) to 5.07 × 1011 Ωcm (with 7.0 wt% APTES-MWCNT-
1/polyimide composites), by eight orders of magni-
tude to 1.68 × 109 Ωcm (with 7.0 wt% APTES-MWCNT-
2/polyimide composites), and by seven orders of magnitude
to 2.90 × 1010 Ωcm (7.0 wt% APTES-MWCNT-3/polyimide
composites) (Figure 7(b)).

Acid-modified MWCNTs and APTES-MWCNTs provide
less improved surface and volume electricity conductivi-
ties than unmodified MWCNTs over MWCNT/polyimide
nanocomposites. The MWCNTs may be shortened and
the number of defects increased during acid modifica-
tion. Our previous study revealed that unmodified MWC-
NTs were aggregated, but acid-modified MWCNT were
dispersed in the polyimide matrix [17]. The aggregated
MWCNTs may connect to each other and more eas-
ily form charge-conducting pathways. The model of the
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Figure 6: TEM microphotograph of 7.0 wt% APTES-MWCNT/polyimide composites APTES-MWCNT-1 (a)×10 000, (b)×50 000 APTES-
MWCNT-2, (c) ×10 000, (d) ×50 000 APTES-MWCNT-3, (e) ×10 000, (f) ×50 000.
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Figure 7: Electrical resisitivity of MWCNT/polyimide composites: (a) surface resistance and (b) volume resistance.

aggregated unmodified MWCNT is similar to that presented
in Figure 8(a) and the electrical charge conducting model
of the small amount of dispersed acid-modified MWCNT
is similar to that shown in Figure 8(b). Figure 7(b) re-
veals that the APTES-MWCNT/polyimide composites have a
lower percolation threshold (1.0 wt% for APTES-MWCNT-1

and APTES-MWCNT-2 and 2.4 wt% for APTES-MWCNT-
3) than that of the unmodified MWCNT/polyimide
(4.76 wt%) or acid-modified MWCNT/polyimide (more
than 6.98 wt%). APTES-MWCNT-3 has a higher per-
colation threshold than APTES-MWCNT-1 and APTES-
MWCNT-2 in the polyimide matrix, perhaps because
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Figure 8: Diagram of electrical charge transfer on (a) aggregated conductivity material, (b) small amount of dispersed conductivity mate-
rial, (c) conductivity material connect each other, (d) large amount of dispersed conductivity material, (e) Junction of connected APTES-
MWCNT, (f) Junction of connected unmodified or acid-modified MWCNT over percolation threshold.

Table 4: Volume electrical resistivity of MWCNT/polyimide composites.

MWCNT content

Volume electrical
resistivity of
unmodified
MWCNT/PI,
Ω-cm

Volume electrical
resistivity of
acid-modified
MWCNT/PI,
Ω-cm

Volume electrical
resistivity of
APTES-
MWCNT-1/PI,
Ω-cm

Volume electrical
resistivity of
APTES-
MWCNT-2/PI,
Ω-cm

Volume electrical
resistivity of
APTES-
MWCNT-3/PI,
Ω-cm

0 1.53 × 1017 1.53 × 1017 1.53 × 1017 1.53 × 1017 1.53 × 1017

0.5 1.69 × 1016 2.33 × 1017 2.30 × 1016 3.37 × 1015 2.13 × 1016

1.0 7.52 × 1015 1.95 × 1017 6.94 × 1014 3.61 × 1015 6.90 × 1014

2.4 7.08 × 1014 9.25 × 1016 4.82 × 1013 3.27 × 1013 9.24 × 1010

4.8 219 × 105 1.33 × 1014 8.11 × 1012 6.19 × 1011 4.07 × 1010

7.0 409 × 104 2.66 × 108 5.07 × 1011 1.68 × 109 2.90 × 1010

APTES-MWCNT-3 cannot form an interpenetrating net-
work easier than APTES-MWCNT-1 and APTES-MWCNT-2
can.

When the MWCNT content is high (7.0 wt%), the vol-
ume electrical resistivities of APTES-MWCNT/polyimide
composites exceed those of unmodified and acid-modified
MWCNT/polyimide composites. Figures 7(a) and 7(b) show
that when the MWCNT content was lower than 7.0 wt%,

APTES-MWCNT/polyimide composites had a lower surface
and volume electrical resistivity than those of acid-modified
MWCNT/polyimide composites. The electrical charge trans-
fer model of the APTES-MWCNT in polyimide matrix
is similar to that presented in Figure 8(c). The TEM mi-
crophotograph indicates that some of the APTES-MWCNTs
are connected to each other in the polyimide matrix and
the charge transfer pathways may be more effective than
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Figure 9: DSC data of the MWCNTs/polyimide composites: (a) unmodified MWCNT, (b) acid-modified MWCNT, (c) APTES-MWCNT-1,
(d) APTES-MWCNT-2, (e) APTES-MWCNT-3.
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Table 5: Tg of MWCNT/polyimide composites.

MWCNT
content

Tg of unmodified
MWCNT/PI, ◦C

Tg of acid-modified
MWCNT/PI, ◦C

Tg of APTES-
MWCNT-1/PI, ◦C

Tg of APTES-
MWCNT-2/PI, ◦C

Tg of APTES-
MWCNT-3/PI, ◦C

0 281.1 281.1 281.1 281.1 281.1

0.5 280.2 281.8 280.5 279.9 279.0

1.0 278.6 284.8 280.6 279.9 285.7

2.4 278.7 285.3 285.7 290.7 288.5

4.8 278.4 285.2 290.8 293.9 303.7

7.0 276.5 288.4 295.2 294.9 —

Table 6: Tensile strength of MWCNT/polyimide composites.

MWCNT content
Tensile strength
of unmodified
MWCNT/PI, MPa

Tensile strength of
acid-modified
MWCNT/PI, MPa

Tensile strength of
APTES-MWCNT-
1/PI, MPa

Tensile strength of
APTES-MWCNT-
2/PI, MPa

Tensile strength of
APTES-MWCNT-
3/PI, MPa

0 101.71 ± 5.10 101.71 ± 5.10 101.71 ± 5.10 101.71 ± 5.10 101.71 ± 5.10

0.5 107.37 ± 5.66 106.91 ± 7.24 121.53 ± 5.21 125.55 ± 5.12 125.00 ± 8.25

1.0 110.67 ± 5.66 110.02 ± 5.23 126.49 ± 9.68 126.66 ± 9.96 128.03 ± 6.32

2.4 111.56 ± 10.00 115.44 ± 7.46 126.03 ± 7.34 116.90 ± 6.00 117.44 ± 8.46

4.8 118.11 ± 6.11 129.42 ± 6.63 101.01 ± 8.50 106.91 ± 5.02 109.64 ± 7.40

7.0 120.87 ± 10.834 133.84 ± 5.37 104.24 ± 9.07 82.39 ± 4.24 Too brittle

those of unmodified and acid-modified MWCNT. When the
MWCNT content is higher than 7.0 wt%, the charge trans-
fer pathway may be formed (Figure 8(d)) in acid-modified
MWCNT polyimide composites. Some of the APTESs were
not bonded with the acid-modified MWCNT, which may
bond to the polyamic acid and form a complex [1, 28]. Fur-
thermore, as presented in Figure 8(e), although the APTES-
MWCNTs connected with each other in the polyimide ma-
trix, the MWCNTs were separated by SiOx. When the un-
modified and acid-modified MWCNT contents were very
high, the MWCNTs may be interconnected (Figure 8(f)).
The results show that when the MWCNT content ex-
ceeds 7.0 wt%, APTES-MWCNT/polyimide composites have
a higher surface and volume electrical resistivity than those
of acid-modified MWCNT/polyimide composites.

3.6. Glass transition temperature (Tg)

The glass transition temperatures (Tgs) of the polymer ma-
trix depend on the free volume of the polymer, which is re-
lated to the affinity between the filler and the polymer matrix.
A polymer with a lower free volume generally has a higher
Tg. A polymer matrix with a higher affinity to filler exhibited
less polymer molecular motion and reduced the free volume
of the polymer molecules [32, 33]. The −COOH functional
groups on the acid-modified MWCNT surface can form hy-
drogen bonds with the imide functional groups of the poly-
imide, reducing the free volume of the polymer. When the
APTES-MWCNT/polyamic acid was heated to 300◦C, the
silane molecules on the MWCNT surface reacted and con-
nected with each other. The free volume of the polymer is
reduced and molecular motion is restricted.

Figure 9 shows the DSC data of the MWCNT/polyimide
composites. The glass transition temperatures (Tgs) of

the MWCNT/polyimide composites were summarized in
Table 5. When 1.0 wt% unmodified MWCNT was added to
the matrix, Tg decreased slightly. The Tg of 1.0 wt% unmod-
ified MWCNT/polyimide is 279◦C. When the unmodified
MWCNT content was 7.0 wt%, Tg decreased to 277◦C. The
affinity between the unmodified MWCNT and the polyimide
was poor, so the free volume of the composites increased
and Tg decreased. The glass transition temperature (Tg) of
the pristine polyimide was 280.44◦C. When acid-modified
MWCNTs were utilized, the Tg of the MWCNT/polyimide
composites increased slightly to 287.45◦C (2.4 wt% acid-
modified MWCNT/polyimide composites). When the
acidmodified MWCNT content was 7.0 wt%, Tg de-
creased slightly to 284.09◦C. When the APTES-MWCNT
content was high, Tg increased significantly. The Tg of
the APTES-MWCNT/polyimide composites increased to
295.22◦C (7.0 wt% APTES-MWCNT-1/polyimide com-
posites), 294.88◦C (7.0 wt% APTES-MWCNT-2/polyimide
composites), and to 303.69◦C (4.8 wt% APTES-MWCNT-
3/polyimide composites). The results show that Tg increased
with the ratio of APTES to MWCNT, since silane may restrict
the molecular motion of the polyimide matrix.

3.7. Tensile properties

The mechanical properties of MWCNT/polymer compos-
ites depend on the affinity of the MWCNTs to the poly-
mer matrix. Since modified MWCNTs have a greater affinity
to the polymer matrix than that of unmodified MWCNTs,
modified MWCNTs improve the tensile properties of the
polyimide significantly. Hydrogen atoms at the −COOH
groups of acid-modified MWCNTs may form hydrogen
bonds with the C=O bonds of the PI molecules [31, 32].
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Table 7: Young’s modulus of MWCNT/polyimide composites.

MWCNT
content

Young’s modulus
of unmodified
MWCNT/PI, GPa

Young’s modulus
of acid-modified
MWCNT/PI, GPa

Young’s modulus
of APTES-MWCNT-
1/PI, GPa

Young’s modulus
of APTES-MWCNT-
2/PI, GPa

Young’s modulus
of APTES-MWCNT-
3/PI, GPa

0 2.34 ± 0.12 2.34 ± 0.12 2.34 ± 0.12 2.34 ± 0.12 2.34 ± 0.12

0.5 2.41 ± 0.29 3.08 ± 0.23 3.71 ± 0.24 3.95 ± 0.25 3.45 ± 0.18

1.0 2.52 ± 0.12 3.20 ± 0.25 3.81 ± 0.19 4.04 ± 0.22 3.52 ± 0.21

2.4 3.05 ± 0.12 3.68 ± 0.11 3.75 ± 0.25 3.74 ± 0.22 3.48 ± 0.28

4.8 3.15 ± 0.18 3.60 ± 0.25 3.49 ± 0.18 3.62 ± 0.12 3.48 ± 0.30

7.0 3.19 ± 0.15 3.66 ± 0.29 3.54 ± 0.19 3.17 ± 0.21 Too brittle

Tables 6 and 7 exhibit the tensile properties of the
MWCNT/polyimide composites. The tensile strength of neat
polyimide is 101.71 MPa. The APTES-MWCNT/polyimide
exhibits a maximum tensile strength at the MWCNT con-
tent of 1.0 wt%. When 1.0 wt% APTES-MWCNT was em-
ployed, the tensile strength increased to 126.49 MPa (in-
creased 24.36%) (APTES-MWCNT-1), to 126.66 MPa (in-
creased 24.53%) (APTES-MWCNT-2), and to 128.03 MPa
(increased 25.88%) (APTES-MWCNT-3) (Table 6). How-
ever, if the MWCNT content exceeds 1.0 wt%, the ten-
sile strength declines. Table 7 shows the Young’s mod-
ulus of the APTES-MWCNT/polyimide composites. The
Young’s modulus of neat polyimide was 2.34 GPa. When
1.0 wt% acid-modified MWCNT was used, the Young’s
modulus increased to 3.68 GPa (increased 57.73%). When
1.0 wt% APTES-MWCNT was used, the Young’s modulus
increased to 3.81 GPa (increase 62.82%) (APTES-MWCNT-
1), to 4.04 GPa (increase 71.79%) (APTES-MWCNT-2),
and to 3.51 GPa (increase 50.00%) (APTES-MWCNT-3)
(Table 7). When the APTES-MWCNT (APTES-MWCNT-
1 and APTES-MWCNT-2) content exceeds 1.0 wt%, the
Young’s modulus decreased. When the APTES-MWCNT-
1 and APTES-MWCNT-2 contents were 7.0 wt%, Young’s
modulus decreased to 3.54 GPa (APTES-MWCNT-1) and
3.17 GPa (APTES-MWCNT-2). When the APTES-MWCNT-
3 contents were 4.8 wt%, Young’s modulus increased to
3.48 GPa.

TEM microphotograph shows that some of the APTES-
MWCNTs were connected together in the polyimide ma-
trix. MWCNT network may be formed in the polyimide ma-
trix. When MWCNTs networks were formed in the poly-
imide matrix, it can be improve the tensile strength more
significantly than that of acid-modified MWCNT. Tai et al.
[36] reported that the network MWCNT improved the me-
chanical properties significantly more than that of dispersed
MWCNT. They proposed that the lengths of MWCNTs in
network were longer [33]. When APTES-MWCNT content
was higher than 2.4 wt%, the composites possess lower ten-
sile strength and Young’s modulus decreased slightly. The
composites became brittle when APTES-MWCNT content is
high.

4. CONCLUSION

Aminosilane-modified MWCNT/polyimide nanocompos-
ites have been prepared. 29Si solid state NMR demonstrates

that T substituted and Q substituted siloxane bonds are
present in APTES-MWCNT/polyimide composites. A TEM
microphotograph shows that MWCNTs may connect to
each other in the polyimide matrix, MWCNT network, and
that polyimide molecules may interpenetrate the crosslinked
MWCNT network.

The surface and volume electrical resistivity of the
APTES-MWCNT/polyimide composites decreased more sig-
nificantly than that of acid-modified MWCNT/polyimide
composites when the APTES-MWCNTs content was lower
than 4.8 wt%, the percolation threshold of the APTES-
MWCNT/polyimide composites was lower than that of
the unmodified and acid-modified MWCNT/polyimide
composites. The surface electrical resistivity of the poly-
imide decreased from 1.28 × 1015 Ω/cm2 (neat polyimide)
to 2.73 × 1013 Ω−cm (2.4 wt% acid modified MWCNT)
and 8.07 × 1012 Ω−cm (2.4 wt% APTES-MWCNT-1). The
volume electrical resistivity of the polyimide decreased
from 1.53 × 1017 Ωcm (neat polyimide) to 9.25 × 1016 Ωcm
(2.4 wt% acid modified MWCNT) and 9.23 × 1010 Ωcm
(2.4 wt% APTES-MWCNT-2). The percolation thresholds
of the unmodified MWCNT/polyimde, acid-modified MW-
CNT/polyimide, APTES- MWCNT-1/polyimide, APTES-
MWCNT-2/polyimide, and APTES-MWCNT-3/polyimide
were 4.76 wt%, more than 7.0 wt%, 1.0 wt%, 1.0 wt%, and
2.4 wt%, respectively.

The glass transition temperature (Tg) of the APTES-
MWCNT/polyimide composites increased more than those
of unmodified and acid-modified MWCNT/polyimide com-
posites. The Tg of polyimide increased from 281.1◦C (neat
polyimide) to 303.7◦C (4.8 wt% APTES-MWCNT-3).

Tensile strength of MWCNT/polyimide increase form
101.71 MPa (neat polyimide) to 120.87 MPa (7.0 wt% un-
modified MWCNT, increased 18.8%), 132.87 MPa (7.0 wt%
acid modified MWCNT, increased 30.6%), 126.49 MPa
(1.0 wt% APTES-MWCNT-1, increased 24.4%), 126.66 MPa
(1.0 wt% APTES-MWCNT-2 increased, 24.5%), and
128.03 MPa (1.0 wt% APTES-MWCNT-3, increased 25.9%)
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1. INTRODUCTION

Organic-inorganic hybrid materials are recognized as a new
class of advanced material because they can be synthesized or
processed using versatile approaches and own tunable prop-
erties [1, 2]. Clays have been extensively used as reinforce-
ment agents to prepare polymer-layered silicate nanocom-
posites with improved thermal and mechanical properties
[3–9]. The incorporation of clay into polymer matrix im-
parts unique physical and chemical properties was first re-
ported by the Toyota Research Lab for Nylon 6/organoclay
nanocomposites [10]. These improvements are related to the
dispersion of the layered silicate in the polymer matrix. Typ-
ically, the chemical structure of montmorillonite (MMT)
consists of two fused silica tetrahedral sheets sandwiching
an edge-shared octahedral sheet of either magnesium or alu-
minum hydroxide. Generally, the naturally occurring clays
are hydrophilic characters and require a modification by in-
tercalating with amino acid, alkylammonium, or phospho-
nium salts to become organically compatible [11, 12]. The
resulting organophilic galleries of the organically modified
montmorillonite (OMMT) will enhance the compatibility
with polymer [13]. Several methods to make polymer clay
nanocomposites have been demonstrated, including solution

mixing, melt blending, and in situ polymerization [14–16].
The interaction of layered silicates with polymers leads to two
classes of hybrid materials. In the first class, denoted as in-
tercalated hybrids, one or more polymer chains are inserted
between the host layers, generating ordered lamella with the
distance of a few nanometers. In the second, described as de-
laminated hybrids, silicate layers of 1 nm thickness are exfo-
liated and dispersed in the polymer matrix.

Polyhedral oligomeric silsesquioxane (POSS) reagents,
monomers, and polymers are emerging as new chem-
ical feedstocks for the preparation of organic-inorganic
nanocomposites [17–21]. Silsesquioxane is the term for all
structures with the formula (RSiO1.5)n, where R is hydro-
gen or any alkyl, alkylene, aryl, arylene, or organic functional
derivative groups. POSS compounds with diameters of 1–
3 nm can be possibly considered the smallest particles of sil-
ica, but unlike silica, silicones, or fillers, POSS molecules con-
tain either functionalized or unfunctionalized substituents
at each of the corner silicon atoms. These substituents can
compatibilize POSS molecules with polymers or monomers.
POSS macromonomer and POSS-containing polymers in-
spires to prepare the functionalized POSS cages, which can
be used as the intercalating agents of layered silicates to
prepare the nanocomposites combining the two types of
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nanoreinforcement agents and improved mechanical and
thermal properties.

In this study, these nanocomposites were prepared by
emulsion polymerization using the POSS-NH2 and C20-
POSS-treated clays as shown in Scheme 1. The morphology
and the extent of delamination of the nanocomposites are
elucidated using the X-ray diffraction and transmission elec-
tron microscopy. The thermal properties of these nanocom-
posites are characterized by thermalgravimetric analysis and
differential scanning calorimetry. The coefficient of thermal
expansion of virgin PS and nanocomposites are measured by
thermal mechanical analyzer.

2. EXPERIMENTAL

2.1. Materials

The sodium montmorillonite (Na+-MMT) with 1.45
mequiv/g cationic exchange capacity (CEC) was provided
by Nanocor Co. (Ill, USA). The majority of chemicals used
in this study including, acetone, methanol, tetrahydrofuran,
acetonitrile, potassium hydroxide (KOH), triethylamine,
and trichloro [4-(chloromethyl)phenyl] silane were ac-
quired from Sigma-Aldrich Chemical Co., Inc. The styrene
monomer was purchased from Sigma-Aldrich Chemical Co.
and purified by removing the inhibitor with the aid of an
inhibitor-removal column. Sodium dodecyl sulfate (SDS)
and hydrochloride acid (HCl) were both obtained from
Curtin Matheson Scientific, Inc. (Tex, USA). Potassium
persulfate (K2S2O8) and aluminum sulfate[Al2(SO4)3] were
acquired from Fisher Scientific, Inc. (Pittsburgh, USA). N,

N-dimethyloctadecylamine (C20) was obtained from Acros
Organics, (NJ, USA). Trisilanolisobutyl polyhedral oligo-
meric silsesquioxane (T7-POSS) and aminopropylisobutyl
polyhedral oligomeric silsesquioxane (POSS-NH2) were
obtained from Hybrid Plastic Corporate Headquarters Inc.
(USA). All reagents, except styrene, were used as received
without further purification.

2.2. Preparation of C20-POSS intercalated agent

The POSS-Cl compound was prepared by the method based
on Scheme 2 [22]. Trisilanolisobutyl polyhedral oligomeric
silsesquioxane (3 g) and Et3N (1.26 g) were added into a
100 mL two-neck round bottom flask and stirred contin-
uously for 3 hours under nitrogen, then 20 mL of THF
was added into the flask at 0◦C for 1 hour. After stir-
ring at 0◦C under nitrogen, triethylamine, and trichloro[4-
(chloromethyl) phenyl]silane(1.28 g) in THF (10 mL) were
added dropwisely into the solution and stirred at 0◦C. The
cooling bath was removed and stirred continuously for 7.5
hours under nitrogen. The POSS-Cl compound and HNEt3-
Cl byproduct were separated by filtration. The clear THF so-
lution was dropped into a beaker of acetonitrile and rapidly
stirred. The resulting product was collected and dried in a
vacuum oven for 24 hours. 1H NMR (i.e., proton-NMR spec-
troscopy) (CDCl3),δ: 7.59 (d, 2H), 7.33 (d, 2H), 4.52 (s, 2H),
1.92–1.62 (m, 7H), 1.09–0.85 (m, 42H), 0.75–0.48 (m, 14H).

The intercalated agent of C20-POSS was prepared as
shown in Scheme 2. N, N-dimethyloctadecylamine (C20,
1.49 g) and POSS-Cl compound (5.68 g) in acetone (15 mL)
were refluxed 80◦C under nitrogen for 24 hours. After
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cooling, the mixture was evaporated by a rotatory evapo-
rator and then added Et2O (20 mL). The solution was ex-
tracted with deionized water three times (150 mL×3). The
organic phase was dried with MgSO4 and evaporated by aro-
tatory evaporator to obtain the C20-POSS intercalated agent.
1H NMR (CDCl3), δ:7.68 (d, 2H), 7.58 (d, 2H), 5.03 (s, 2H),
3.42 (t, 2H), 3.30 (s, 6H), 1.81 (m, 7H), 1.41 (m, 2H), 1.26
(m, 30H), 0.90 (m, 42H), 0.82 (t, 3H), 0.59 (m, 14H).

2.3. Preparation of POSS-NH2 and C20-POSS
Modified Clays

Na+MMT (0.3 g) in deionized water (50 mL) was stirred con-
tinuously at 80◦C for 4 hours. The POSS-NH2(0.38 g) or C20-
POSS (0.63 g) in water (5 mL) was placed into another flask
and then 10% hydrochloric acid (1 mL) and ethanol (5 mL)
were added and stirred at 80◦C for 1 hour. This intercalated
solution was poured slowly into the clay suspension solu-
tion and stirred vigorously at 80◦C for 4 hours. The resulting
white precipitate was separated by filtration and then washed
thoroughly with warm deionized water. The final product
was dried in a vacuum oven at room temperature overnight.

2.4. Preparation of Polystyrene/Clay Nanocomposites

Na+-MMT (0.3 g) was dispersed in 40 mL of deionized wa-
ter and stirred at 80◦C for 4 hours. Based on the CEC value
(145mequiv/100g) of the Na+-MMT and the Mw of the inter-
calated agent, the calculated weight (the weight of the inter-
calated agent needed to fully replace the Na+of the clay) of the
intercalated agent was added and stirred for 4 hours. KOH
(0.02 g), SDS (0.4 g), K2S2O8(0.05 g), and styrene monomer
(10 g) were added into the solution. After emulsification, the
dispersion was flushed with nitrogen for 30 minutes while
the temperature was raised to 80◦C under nitrogen protec-
tion. Polymerization was carried out at 80◦C for 8 hours.
After cooling, 10 mL of the 2.5% aqueous aluminum sulfate
was added into the polymerized emulsion, followed by dilute
hydrochloric acid (10 mL) with stirring. Finally, acetone was
added to break down the emulsion completely and then the
polymer product was washed several times with methanol
and deionized water. The white powder was filtered and dried
in a vacuum oven at 80◦C for 24 hours. Similar procedures
were employed to prepare the virgin polystyrene.

2.5. Instrumentations

2.5.1. Measurement of the molecular weights
characterization

Molecular weight (Mw), number-average(Mn) molecular
weight, and polydispersity index (Mw/Mn) were measured
using a Waters 410 gel permeation chromatography (GPC)
system equipped with RI and UV detectors and a series of
styragel columns (100, 500, and 103Å). The system was cal-
ibrated using polystyrene standards. These polymer chains
were extracted from the clay surface using a reverse ion ex-
change reaction with LiCl/DMF to determine the molecular
weight and molecular weight distribution.

2.5.2. Structure analysis characterization

1H NMR spectra were recoded in CDCl3 on a Bruker AM
500 (500 MHz) spectrometer using the solvent signal as an
internal standard. FT-IR spectra were recorded using a Nico-
let Avatar 320 FT-IR spectrometer; 32 scans were collected
at a spectral resolution of 1 cm−1. The modified clay was
mixed with KBr pellets to press into the small flakes and
dried at 70◦C for 24 hours. The holder was placed in the sam-
ple chamber and spectrum was recorded under N2 purge to
maintain the test of the sample dryness.

Transmission electron microscopy (TEM) images were
obtained on a Hitachi H-7500 operating at 100 kV. The sam-
ple was thin section to ∼70 nm by a Leica ultracut UCT
microtome. Wide-angle X-ray diffraction (WAXD) exper-
iments were carried on a Rigaku D/max-2500 type X-ray
diffraction instrument with Cu Kα radiation (λ = 1.54 Å) us-
ing an Ni-filter. Data were recorded in the range of 2θ = 1 to
20 at the scanning rate of 0.6◦/min.

2.5.3. Thermal and mechanical analysis characterization

Thermal stability of nanocomposite was investigated by a TA
Instruments Q50 apparatus. The sample∼5 mg was placed in
a Pt cell with scan rate of 20◦C/min from 30 to 800◦C under
a 40 mL/min flow of nitrogen gas. Thermal analysis through
differential scanning calorimetry (DSC) was performed us-
ing a Du-Pont (DSC-2010) to measure the glass transition
temperature (Tg) of the nanocomposite. The sample was pre-
heated at a scan rate of 20◦C/min from 30 to 150◦C under
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a nitrogen atmosphere. A small sample (ca. 5–10 mg) was
weighted and sealed in an aluminum pan. The sample was
quickly cooled to 10◦C from the first scan and then scanned
between 30 and 150◦C at the scan rate of 20◦C/min. The glass
transition temperatures are taken as the midpoint of the heat
capacity transition between the upper and lower points of
deviation from the extrapolated glass and liquid lines. The
coefficient of thermal expansion (CTE) was measured using
a thermomechanical analyzer (TMA TA 2940) by recording
the change in dimension of the specimen with temperature.
The specimen was heated from 25 to 150◦C at a heating rate
of 5◦C/min.

3. RESULTS AND DISCUSSION

3.1. Morphologies of modified clays and
nanocomposites

Microstructures of polymer-layered silicate nanocomposites
were characterized by XRD and TEM. Figure 4 shows the
X-ray diffraction curves of the pristine clay and modified
clays in the 2θ region of 2–10◦. For the pristine clay, the
Bragg diffraction peak at 2θ = 6.92◦ corresponds to d-spacing
of 1.28 nm. For the POSS-NH2/clay and C20-POSS/clay, the
2θ value shifts from 6.92◦ (1.28 nm) to 5.51◦ (1.61 nm) and
2.33◦ (3.80 nm) after ion exchange, indicating that the basal
spacing is expanded as the sodium cations in the interlayer
galleries are replaced by intercalated agents of POSS-NH2

and C20-POSS. The increase of the basal spacing indicates
that the clay can be efficiently intercalated by POSS-NH2

and C20-POSS. The d-spacing of the C20-POSS-modified clay
is substantially greater than the POSS-NH2-modified clay.
Larger interlayer spacing favors the penetration of styrene
monomer and the formation of exfoliated nanocomposite by
providing more hydrophobic environment. The pure POSS-
NH2 has characteristic diffraction peaks arising from the ag-
gregation of the POSS [23]. Figure 5 shows XRD patterns of
the unmodified clay and the C20-POSS modified clay. The
pure C20-POSS has a broad peak in the region of 5–12◦ aris-
ing from the C20 long aliphatic chain. When the C20-POSS is
inserted between the galleries of the clay, the d spacing is in-
creased from 1.28 nm for original clay to 3.80 nm, implying
that the organic modifier is incorporated between and push-
ing the clay layers. Both nanocomposites do not show XRD
diffraction peak as shown in Figure 6, indicating the silicate
layers are exfoliated in the polymer matrix. TEM images for
POSS-NH2/clay and C20-POSS/clay nanocomposites at 3%
inorganic clay loading are shown in Figures 7(a) and 7(b),
indicating that the exfoliated clay platelets are distributed in
the matrix homogeneously and randomly.

3.2. Fourier transfer infrared analyses

The representative FT-IR spectra of the organophilic clay,
POSS-NH2-modified and C20-POSS modified clays are given
in Figure 1. After ion exchange, FT-IR spectroscopy can pro-
vide important information regarding the difference between
intercalated agents and modified clays. In Figure 1(a), char-
acteristic vibration bands of the pure clay are 1030 cm−1(Si–

1000200030004000

Wavenumber (cm−1)

Clay

POSS-NH2

POSS-NH2/clay

C20-POSS

C20-POSS/clay

(a)

(b)

(c)

(d)

(e)

Figure 1: IR spectra of the two intercalated agent, intercalated clay,
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Figure 2: DSC curves glass transition temperature of (a) PS, (b) the
nanocomposites formed used POSS-NH2, and (c) the nanocom-
posites formed used C20-POSS.

O), 520 cm−1 (Al–O), and 470 cm−1 (Mg–O) [24–26]. In
Figure 1(b), the absorption peaks in the region of 2950–2800
is assigned to the stretching vibration of aliphatic C–H. The
symmetrical Si–O–Si band in the silsequioxane cage is char-
acterized by the stretching band at 1109 cm−1. In Figure 1(d),
C20-POSS contains both alkyl chain and POSS moiety where
the POSS moiety exhibits characteristic absorption peaks
at 2950–2800 cm−1 (C–H bonds), 1230 cm−1 (Si–C bonds),
1109 cm−1 (Si–O–Si bonds of the cage structure). The char-
acteristics of the vibration band of alkyl chain appear at 2920,
2850, and 1475 cm−1 (–CH2–vibration bands). Figures 1(c)
and 1(e) show the features of combination of characteristic
bands of pure clay, POSS-NH2, and C20-POSS. IR analysis
further confirms the existence of these intercalated agents in
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these intercalated clay samples, implying that these interca-
lations of the intercalated agents are indeed present within
the gallery gap. These observations support the explanation
in the earlier observation from XRD.

3.3. Thermal properties

Figure 2 presents DSC traces of these nanocomposites with
different intercalated agents. All DSC thermograms display
single glass transition temperatures in the experimental tem-
perature range. The glass transition temperature of PS oc-
curs at 100◦C. With the addition of the POSS and C20-
POSS modified MMT to the polymer matrix, the glass tran-
sition temperatures (Tgs) of the POSS-NH2/clay/PS and C20-
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Figure 5: XRD spectra of C20-POSS, pure clay, and C20-POSS/Clay.

In
te

n
si

ty
(a

.u
.)

12108642

2θ

POSS-NH2/clay/PS

C20-POSS/clay/PS

Figure 6: XRD spectra of the two surfactant-containing nanocom-
posites indicating the extent of delamination.

POSS/clay/PS are 108, and 105◦C, respectively. From the
DSC results that the incorporation of the organoclay resulted
in an increase in the Tg relative to virgin PS, as summarized
in Table 1. The addition of clay results in Tg increase which
can be attributed to the retardation of PS chain movement.

Figure 3 presents the thermal stabilities of POSS-NH2-
and C20-POSS-modified clays and nanocomposites investi-
gated by TGA. Both nanocomposites show improved thermal
stabilities than the virgin PS. The improvement in the degra-
dation temperature is mainly due to the homogeneous dis-
persion of silicate nanoplatelets in the PS matrix [27–30]. In
Figure 3, the C20-POSS/clay decomposes at 262◦C while the
POSS-NH2/clay decomposes at higher temperature of 38◦C.
The POSS-NH2-modified clay is relatively more stable than
the C20-POSS-modified clay. Essentially, all nanocomposites
give higher decomposition temperatures than the pristine PS
and the improved thermal stability can be attributed to the
diffusion hindrance of the decomposited volatiles. The val-
ues of 5% and 50% weight loss temperatures and the char
yields are summarized in Table 1.
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Table 1: Results of thermal and mechanical properties of polystyrene and polystyrene nanocomposites.

Sample Tg ,(◦C)(a) T0.05,(◦C)(b) T0.5,(◦C)(c) Char at 600(◦C) % CTE(μm/m◦C)

PS 100± 0.5 390± 1.7 424± 0.8 0 164± 2

POSS/Clay/PS 108± 0.6 411± 1.3 446± 1.2 2.9 98± 1

C20-POSS/Clay/PS 105± 0.3 415± 1.1 457± 0.9 2.4 100± 3
(a)Glass transition temperature (Tg ).
(b)5% Degradation temperature (T0.05).
(c)50% Degradation temperature (T0.5).

Table 2: Molecular weights of polystyrene and polystyrene nanocomposites.

Sample Mn (×104)(a) Mw (×104)(b) PDI (Mw/Mn)(c)

PS 34.5 53.1 1.54

POSS-NH2/Clay/PS 40.9 54.0 1.32

C20-POSS/Clay/PS 47.7 58.7 1.23
(a)Number-average molecular weights (Mn).
(b)Weight-average molecular weights (Mw) were determined by GPC.
(c)Polydispersity index, Mw/Mn.

100 nm

(a)

100 nm

(b)

Figure 7: TEM images of (a) POSS-NH2 and (b) C20-POSS-treated
nanocomposites.

3.4. Molecular weights of the nanocomposites

Molecular weight and molecular weight distribution (PDI)
by GPC analyses of polymer samples recovered after exclud-
ing all clay content are listed in Table 2. From Table 2, molec-
ular weight (Mw or Mn) of the PS in the PS/clay nanocom-
posites is higher than the pure PS, suggesting that clay may
act as a catalytic agent responsible for the observed higher
molecular weight of the PS with the proceeding emulsion
polymerization.

3.5. Coefficient of thermal coefficient

Thermal mechanical analyzer (TMA) was used to deter-
mine the coefficient of thermal expansion of the POSS/clay
nanocomposites. The thermal expansion coefficient is an im-
portant issue for polymers in engineering applications. The
CTE was measured from the initial linear slope of the ther-
mal strain-temperature plot. A low thermal expansion coef-
ficient is often desirable to achieve dimensional stability and

can be achieved by incorporation of a rigid and low CTE filler
material. From the data in Table 1, the CTE of the virgin PS
is 164 μm/m◦C and the addition 3 wt% organically modi-
fied clays reduces the CTE values to 98 and 100 μm/m◦C for
POSS/clay/PS and C20-POSS/clay/PS approximately 40% re-
duction relative to the virgin PS.

In general, the extent of CTE reduction depends on the
particle rigidity and fine dispersion of the clay platelets in
the PS matrix and also due to efficient stress transfer to
clay layers. The retardation of PS chain segmental move-
ment through incorporation of organically modified clays
also leads to decrease in the coefficient of thermal expansion
(CTE). The incorporation of the organically modified clays
results in significant improvement in dimensional stability of
the PS matrix.

4. CONCLUSIONS

The POSS-clay hybrids of polystyrene are prepared via emul-
sion polymerization using two organically modified clays,
POSS-NH2 and C20-POSS, as intercalated agents. X-ray
diffraction (XRD) results indicate that the clay is successfully
intercalated by POSS-NH2 and C20-POSS. The random dis-
persion of these exfoliated silicate layers in these nanocom-
posites are identified by XRD and TEM. These well dispersed
clay platelets in PS matrix result in improved thermal prop-
erties in terms of thermal decomposition temperature (Td)
and glass transition temperature (Tg). In addition, the incor-
poration of these organoclay results in significant reduction
in coefficient of thermal expansion of virgin PS.
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(W,Ni,Fe) composite oxide powder synthesized by spray drying was reduced at 700◦C for 90 minutes in H2 atmosphere. The
effect of rare earth Y on H2 reduction of (W,Ni,Fe) composite oxide powder was studied. Phase composition, crystalline size, and
particle morphology of the reduced powder have been measured by X-ray diffraction and scanning electron microscope (SEM).
Fsss particle size and special surface area of the reduced powder were also measured and analyzed. The result showed that new phase
Y(Ni0.75W0.25)O3 appeared in the reduced powder and particle morphology was nearly spherical or polyhedron by Y additions. The
higher the rare earth element content was, the bigger the influencing on particle morphology was. When the rare earth Y content
was under 0.8%, with the increase of the rare earth element content, dBET, Fsss, and crystal sizes of the reduced powder decreased
greatly.

Copyright © 2008 Y.-Z. Ma et al. This is an open access article distributed under the Creative Commons Attribution License, which
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1. INTRODUCTION

Tungsten-based heavy alloys, which are used as kinetic
energy penetrators, counter weights, radiation shields, and
electrical contacts due to their high density, strength, and
ductility, are two-phase composites produced by liquid
phase sintering mixed elemental tungsten, nickel, and iron
powders. Typical compositions have 90 wt% tungsten with
the balance nickel and iron, usually in the ratio of 7 : 3 [1].

Nanostructured tungsten-based alloys possess very high
properties, which put high demands on the manufacture
process for both powders and bulk alloys. High-energy
ball milling, which is a well-known process for preparing
amorphous alloyed powders, has been considered as a
powderful technique due to relative inexpensive equipment
[2]. However, it takes tens of hours to fabricate nanosized
W-Ni-Fe composite powder for high-energy milling tech-
nique [3], so the milling efficiency is very low. Meanwhile,
high-energy milling could bring inclusions. Spray drying
process is a useful technique for synthesizing numerous
nanostructured materials due to its simplicity and various
elements homogeneous dispersibility [4, 5]. Previous studies
have discussed preparation and reduction mechanisms of

(W,Ni,Fe) composite oxide powder by spray drying [6–8].
In this paper, effects on the reduced powder properties with
Y additions were studied by previous reduced conditions
optimized at 700◦C for 90 minutes.

2. EXPERIMENTAL

The raw materials in this experiment included the
(NH4)6H2W12O40 · xH2O, Ni(NO3)2 · 6H2O, Fe(NO3)3 ·
9H2O, Y(NO3)2 · 6H2O, and surfactant PEG-1000. First,
the (NH4)6H2W12O40 · xH2O, Ni(NO3)2 · 6H2O, and
Fe(NO3)3 · 9H2O were added in distilled water by a
composition ratio of 90 wt%W-7 wt%Ni-3 wt%Fe and
produced solution with 0.2, 0.4, 0.6, 0.8 wt% Y additions
by Y(NO3)2 · 6H2O (theoretical content calculation),
respectively. Secondly, the solution was changed into
solution colloid by adjusting pH value, and 0.5 g · L−1

PEG-1000 was added. Finally, the (W,Ni,Fe) precursor
oxide powder was fabricated by drying spraying of solution
colloid, then the nanosized 90W-7Ni-3Fe composite
powder including different Y additions was fabricated by
reduction of the (W,Ni,Fe) precursor oxide powder in the
hydrogen-atmosphere at 700◦C for 90 minutes.
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Special surface areas of the reduced powder were mea-
sured by the nitrogen adsorption method. The Fsss sizes of
the reduced powder were measured by the Fisher testing
method. The phase compositions and crystal sizes of the
reduced powder were tested and analyzed with Rigaku
D/max2550VB+18 Kw X-ray diffraction made in Japan. The
reduced powders were dispersed by ultrasonic wave for 30
minutes, whose morphology images were observed with
the JSM-5600LV type scanning electron microscope (SEM)
made by JEOL cop.

3. RESULTS AND DISCUSSION

3.1. Effect of rare earth Y on phase composition
of 90W-7Ni-3Fe composite powder

Figure 1 showed curves between the Y additions and phase
compositions of the reduced composite powder at 700◦C for
90 minutes. It was seen from Figure 1 that the phase compo-
sitions of the reduced powder were W and γ-(Ni,Fe) without
the rare earth Y addition, new phase Y(Ni0.75W0.25)O3 was
appeared when adding 0.4 wt% Y. With the increase of Y
additions from 0.4 wt% to 0.8 wt%, intensity of new phase
Y(Ni0.75W0.25)O3 raised in X-ray diffraction graph.

3.2. Effect of rare earth Y on properties
of 90W-7Ni- 3Fe composite powder

Figure 2 showed curves between the dBET particle sizes,
Fsss particle sizes, and crystal sizes of the reduced powder
and the Y additions. The crystal sizes of the reduced
powder were decreased with increase of the Y additions
from Figure 2(a). High Y addition has better effect on
inhibition for crystal size than low Y addition. The dBET

and Fsss particle sizes of the reduced powder with some
Y additions were much smaller than those of the reduced
powder without Y addition from Figures 2(b) and 2(c).
Even if 0.2 wt% Y was added, the dBET and Fsss particle
sizes of the reduced powder declined obviously. With the
increase of water vapor produced during reduction pro-
cess, tungsten oxide and water vapor synthesized volatiling
WOx · H2O, that is WO2(OH)2, which deposited on the
surface of metal tungsten powder by vapor transference, and
led to growth of particles [9]. The process sequenced as

WO3(solid) WO2.9(solid) WO2(solid) W(solid)

WO2(OH)2(gas)

When rare earth Y was added, new phase Y(Ni0.75W0.25)O3

formed and adsorbed on the surface of tungsten parti-
cles. Meanwhile, new phase Y(Ni0.75W0.25)O3 can effectively
prevent WO2(OH)2 from producing and decreasing vapor
transference, which inhibited effectively W particles from
growing up.

3.3. Effect of rare earth Y on morphology images
of 90W-7Ni-3Fe composite powder

SEM morphology images of the reduced composite powder
were listed in Figure 3. From Figure 3, the reduced W-Ni-Fe
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Figure 1: X-ray diffraction images of W-Ni-Fe composite powder
reduced: (a) no Y addition; (b) 0.4 wt% Y; (c) 0.8 wt% Y.
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Figure 2: Properties curves of the reduced powder for different Y
additions: (a) crystal sizes; (b) dBET; (c) Fsss.
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Figure 3: Morphology images of the reduced powder for different
Y additions (SEM): (a) no Y addition; (b) 0.4 wt% Y; (c) 0.8 wt.% Y.

composite powder by rare earth Y additions was more
homogeneous dispersibility than that of no Y addition.
Meanwhile, with the increase of Y addition, effect of rare
earth on dispersibility of the reduced powder enlarged
obviously. It was also seen clearly from Figure 3 that, powder
particle morphology with rare earth Y addition has changed,
the particle morphology was spherical without rare earth Y,
but the powder particle morphology was nearly spherical
with 0.4 wt% Y and polyhedral with 0.8 wt% Y. The higher
the Y additions were, the greater the effect on powder
particle morphology was. Because energy state of some
crystal interface has changed when some rare earth Y were
added, which forced crystal quickly growth up at some
directions and inhibited other directions from growthing up.
With the increase of rare earth Y, tendency of preferential
orientation growthing was more obvious [10, 11].
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4. CONCLUSION

(1) The phase compositions of the reduced powder were W
and γ-(Ni,Fe) without the rare earth Y addition, but new
phase Y(Ni0.75W0.25)O3 was appeared by adding 0.4 wt% Y.
With the increase of Y additions from 0.4 wt% to 0.8 wt%,
intensity of new phase Y(Ni0.75W0.25)O3 raised in X-ray
diffraction graph.

(2) With increase of Y additions in the range of 0.8 wt%,
the crystal, dBET, and Fsss sizes of the reduced W-Ni-Fe
composite powder were decreased from 26.1 nm, 96.6 nm,
0.64 μm to 19.8 nm, 45.2 nm, 0.28 μm, respectively.

(3) Rare earth Y possessed great influence on powder
particle morphology. The particle morphology is spherical
without rare earth Y, but the particle morphology is nearly
spherical by adding 0.4 wt% Y or polyhedron with 0.8 wt%
Y addition. The higher rare earth content is, the bigger
influencing on particle morphology is.
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Composite ZnO/SnO2 nanocrystalline particles (ZnO/SnO2) were synthesized by sol-gel method and with treatment of high
pressure at 6 GPa. The crystallinity and the particle size of the prepared samples were analyzed by X-ray diffraction (XRD)
spectroscopy. The results indicated that all the samples had the good crystallinity, and the particle size of ZnO and ZnO/SnO2

decreased after high-pressure treatment. The infrared (IR) spectra showed that the distance of crystal lattice was shortened after
high-pressure treatment, and the size distribution became more uneven after SnO2 doping. With the high-resolution transmission
electron microscope (HRTEM), we got some morphology information and evidence to support the IR and XRD analysis results.
The results of ultraviolet-visible absorption (UV-Vis) spectra showed that ZnO/SnO2 might improve the photocatalytic property
of the samples after high-pressure treatment.
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1. INTRODUCTION

People gradually realize that pollutants in water should
be removed urgently. There are two common techniques
to treat such wastewater: one is adsorption and the other
is chemical coagulation. However, these methods merely
transfer pollutants from the liquid to the solid phase causing
secondary pollution and requiring further treatment.

On the other hand, as a new technique the photocatalytic
method can be conveniently applied toward the degrada-
tion of pollutants such as dye, without causing secondary
pollution. Photogenerated carriers (electrons and holes) in
a semiconductor particle can tunnel to a reaction medium
and can participate in chemical reactions. Photocatalysis
depends on the energy of the electron-hole pairs and the
extent of their separation. While TiO2 is widely employed
as a photocatalyst, composite material may be more suitable
than TiO2 attributing to different band gap which can
effectively reduce the recombination of electron-hole pairs
[1]. High-pressure treatment is a new attempt to improve
photocatalytic property which may change particle structure
and excite particle quantum effect to induce decreasement of
the recombination of electron-hole pairs.

ZnO/SnO2 is a kind of excellent photocatalyst [2]. Many
experiments proved that simple ZnO/SnO2 mixture system

[3, 4] and complex system (e.g., SnO2 gel/ZnO system
[5], Zn2SnO4(ZnSnO3) nanocrystal [6, 7]) both have very
good effect. However, their structure and properties after
high-pressure treatment were not reported so far. In this
study, ZnO/SnO2 was prepared by sol-gel method, using zinc
acetate dihydrate, oxalic acid, and stannous chloride as raw
materials. Then, samples were treated under high pressure at
6 GPa.

2. EXPERIMENTAL

2.1. Preparation of ZnO/SnO2

ZnO/SnO2 was prepared by the following method.
Oxalic acid ((COOH)2·2H2O) solution and stannous
chloride(SnCl2·2H2O) solution were prepared with absolute
ethyl alcohol as the solvent. The stannous chloride solution
was slowly added to the oxalic acid solution with stirring.
Then, zinc acetate dihydrate solution was slowly added to
the mixture solution (with the molar ratio of ZnO : SnO2 =
100 : 3). The resultant solution was aged for 2 hours to
obtain the required sol. The sol was heated at 75◦C for 12
hours to produce the gel which should be dried over for at
least one day, followed by annealing in air at 500◦C for 2
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hours and cooling to room temperature at last. Pure ZnO
was also prepared by a similar method [8].

2.2. High-pressure procedure

Cubic anvil press was used as high-pressure equipment
which can generate a pressure up to 6 GPa. The samples were
assembled in a cube block, and the assembly steps were as
follows [9]. At first, powder was processed into a rotund
piece using low-pressure molding which was then put into
the carbon pipe center with the sodium chloride (NaCl) piece
filled in. At last, assembled pipe was put into pyrophyllite
block center and also was covered with pyrophyllite. Figure 1
shows the overall assembled cube block.

Assembled sample was put into the center of the cubic
anvil press, boosted for 2 minutes, kept pressure for 30
minutes, decompressed for 3 minutes, and then was taken
out.

2.3. Characterization of assynthesized samples

The mean crystallite size, d, was measured from the XRD
(D/MAX-YB, RIGAKU) peaks at a scanning rate of 15◦/min
based on Scherrer’s equation:

d = 0.89λ
βcosθ

, (1)

where λ is the wavelength of the X-rays, θ is the diffraction
angle, and β is the full width at half maximum.

IR spectra (60SXB, Nexus) were also used to char-
acterize the samples, and the crystal morphology and
micromechanism of the asprepared powder were character-
ized by HRTEM (JEM-2100F, JEOL Corporation). Absorp-
tion spectra were recorded with a spectrophotometer (UV-
Vis Spectrophotometer 754PC, Shanghai Spectrophotometer
Instruments Co, LTD). The band gap energy was calculated
by the following equation:

λg = 1240
Eg

, (2)

where λg is the wavelength of the characteristic absorption
peak value; Eg is the band gap energy.

3. RESULTS AND DISCUSSION

3.1. XRD spectra analysis

Figure 2 shows the XRD spectra of different samples: pure
ZnO, pure ZnO after high-pressure procedure, ZnO/SnO2,
and ZnO/SnO2 after high-pressure procedure. The Sn peaks
were not observed in the spectra because the concentration
of Sn was too low. The diffraction peaks were in good
agreement with those given in the standard data (PCPDF, 79-
0207) for ZnO and showed a good crystallinity. This means
that asprepared materials had crystallized in a hexagonal
wurtzite ZnO (see Table 1).

As shown in Figure 2, the peak width of pure ZnO/6G
and ZnO(SnO2)/6G is obviously wider than that of ZnO and
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Figure 1: sketch diagram of assembled cube block (1) pyrophyllite,
(2) carbon pipe, (3) NaCl piece, and (4) sample piece.
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Figure 2: X-ray diffraction spectra of pure ZnO, pure ZnO
after high pressure, ZnO/SnO2, and ZnO/SnO2 after high-pressure
procedure.

ZnO(SnO2) because of high-pressure effect. For the mean
crystallite size, d is in inverse proportion to the full width
at half maximum β(d = 0.89λ/(βcosθ)), indicating that the
high-pressure procedure can cause the initial grain size to
decrease. Table 2 lists the calculation results of the average
particle size of the samples. About the reason for the particle
size decreasing, there are two possibilities. One is that the
high pressure can smash the particles and the other is that the
high pressure can make the crystallite more dense by grain
squeeze.

The peak intensity of pure ZnO and ZnO/SnO2 also
changed after high-pressure procedure, which reveals that
the high pressure may affect the orientation of the samples,
but this part needs further in-depth study.

3.2. IR spectra analysis

Figure 3 shows the IR spectra of different samples. From the
figure, it can be seen that peaks occur around wavenumber
400 cm−1 and 500 cm−1 which are due to stretching mode of
ZnO. After high-pressure treatment, the characteristic peak
of ZnO moved from wavenumber 438 cm−1 to 451 cm−1, and
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Table 1: the XRD parameters of (h k l), and d-value of standard wurtzite phase ZnO and samples.

(h k l) Int-f
PCPDF79-0207 ZnO ZnO/6G ZnO/SnO2 ZnO/SnO2/6G

d(nm) d(nm) d(nm) d(nm) d(nm)

(1 0 0) 570 0.28204 0.28220 0.28272 0.28220 0.28203

(0 0 2) 416 0.26062 0.26107 0.26151 0.26092 0.26078

(1 0 1) 999 0.24806 0.24820 0.24860 0.24820 0.24793

(1 0 2) 210 0.19141 0.19140 0.19163 0.19140 0.19133

(1 1 0) 291 0.16284 0.16268 0.16284 0.16268 0.16263

(1 0 3) 251 0.14793 0.14784 0.14801 0.14788 0.14835

(1 1 2) 203 0.13810 0.13796 0.13803 0.14082 0.14052

Table 2: Average particle size of different sample.

Sample ZnO ZnO/6G ZnO(SnO2) ZnO(SnO2)/6G

Size 17.22 16.20 19.68 14.50
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Figure 3: IR spectra of pure ZnO, pure ZnO after high-pressure
procedure, ZnO/SnO2 and ZnO/SnO2 after high-pressure proce-
dure.

the characteristic peak of ZnO/SnO2 moved from wavenum-
ber 441 cm−1 to 453 cm−1. It was said that the characteristic
peaks of both pure ZnO and ZnO/SnO2 showed blue shift
after high-pressure treatment. It was also noticed that the
characteristic peak width of ZnO/6G is broader than that of
ZnO, and the peak width of ZnO(SnO2) and ZnO(SnO2)/6G
is wider than that of ZnO and ZnO/6G.

There are a few reasons to explain the above two
phenomena. Peaks occurred with blue shift indicate that high
pressure may improve the samples crystallinity and shorten
the distance of crystal lattice, which causes enhancing of the
field effect of crystal and increasing of the band vibration
frequency. In this theory, we exclude the assumption that
the decrease of particle size is caused by smashing effect. On
the peaks width, it may be caused by interfacial effect and
size distribution effect. After high-pressure treatment, the
particle interface defects increased, and the size distribution
was more disordered. The characteristic peaks of ZnO(SnO2)
and ZnO(SnO2)/6G are wider than those of ZnO and
ZnO/6G, respectively, because of interfacial effect and size
distribution effect.

3.3. Morphology and micromechanism

From the HRTEM image of ZnO (a), it can be seen that
the particles show a homogeneous size of 18 nm, consistent
with the XRD results (17.22 nm). Figure 4(b) shows the good
crystallinity of ZnO, also consistent with the XRD results.

Compared with ZnO images, there was some difference
in ZnO/6G images (Figures 4(c) and 4(d)). Deformation area
near the crystal grain boundary is obvious in Figures 4(c)
and 4(d). Maybe it was caused by squeezing between crystals.
From Figure 4(c), it can be seen that the crystal lattice was
distorted by the grain squeeze below, while the area in
Figure 4(d) was distorted by the grain squeeze above, which
reveals that deformation always occurs around crystalline
exterior. So, it can be supposed that the decrease of particle
size was caused partially by particle squeeze.

Figures 5(a) and 5(b) show the ZnO/SnO2 morphology
and microstructure. In Figure 5(a), the big particles are ZnO
which are about 20 nm, while SnO2 particles are much
smaller about several nanometers. The ZnO particles were
surrounded by SnO2 particles. So, this microstructure could
improve photocatalytic properties [1]. Because of uneven
size, the characteristic peak of ZnO/SnO2 in IR spectra was
wider than that of pure ZnO.

In Figures 5(c) and 5(d), the deformation areas of
ZnO/SnO2 particles were obvious. Compared with pure
ZnO after high-pressure treatment, the deformation area
of ZnO/SnO2 was more complicated. Probably, the particle
size of ZnO/SnO2 was more uneven than that of pure ZnO,
and the grain squeeze was more complicated. Moreover, the
particle gap was smaller than that of pure ZnO, indicating a
greater degree of compression, which was in agreement with
the XRD result (Table 2).

3.4. UV-Vis spectra and band gap energy

The UV-Vis spectra of the samples are displayed in Figure 6.
The top absorption peak of both ZnO and ZnO/SnO2

occurs at the wavelength of 380 nm (3.26 eV). The band gap
energy of ZnO/SnO2 was little changed after doping SnO2

particles, and the intrinsic absorption peak of SnO2 did not
appear, which may be due to the reunion phenomenon of
the SnO2 particles. For the composite structure, the UV
absorption strength of ZnO/SnO2 was higher than that
of ZnO. After high-pressure treatment, the characteristic
absorption peak values of ZnO and ZnO/SnO2 increased
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Figure 4: HRTEM images of different samples. (a) ZnO morphology image, (b) ZnO crystal lattice image, (c) ZnO/6G crystal lattice image,
(d) ZnO/6G crystal lattice image.
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Figure 5: HRTEM image of different samples. (a) ZnO/SnO2 morphology image, (b) ZnO/SnO2 crystal lattice image, (c) ZnO (SnO2)/6G
crystal lattice image, and (d) ZnO (SnO2)/6G crystal lattice image.
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Figure 6: UV-Vis absorption spectra of pure ZnO, pure ZnO after
high-pressure procedure, ZnO/SnO2, and ZnO/SnO2 after high-
pressure procedure.

with obvious blue shift, which are at wavelength of 368 nm
(3.37 eV) and 366 nm (3.39 eV), respectively. It revealed
that after high-pressure procedure, the band gap energy
of ZnO and ZnO/SnO2 increased so that it can decrease
the recombination of electron-hole pairs effectively. For the

inverse relationship between the recombination efficiency of
electron-hole pairs and the photocatalytic property, it can be
inferred that after high-pressure procedure ZnO/SnO2 has
some benefits for photocatalytic property.

4. CONCLUSION

In this work, the ZnO/SnO2 powders were synthesized by sol-
gel method and treated by high-pressure procedure. The X-
ray diffraction (XRD) spectra of the samples showed that the
nanocrystals had good crystallinity, and the size decreased
after high-pressure treatment. The infrared (IR) spectra
showed that the distance of crystal lattice was shortened after
high-pressure treatment, and the size distribution became
more uneven after doping. Through high-resolution trans-
mission electron microscope (HRTEM), some morphology
information and evidence support to IR spectroscopic anal-
ysis results were obtained. The UV-Vis spectra of the samples
showed that ZnO/SnO2 has some benefits for photocatalytic
property after high-pressure procedure.
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1. INTRODUCTION

The last decade has seen tremendous developments in the
“wet” colloid chemical synthesis of nanosized and nanos-
tructured materials, which was inspired by “biomineraliza-
tion and hierarchically organized self-assembly” [1]. This wet
synthesis technique utilizes alternating layer-by-layer (LBL)
deposition process, which is enhanced by electrostatic as-
sembling or surface-mediated adsorption and reaction. It has
several major advantages, such as relative ease of prepara-
tion, low cost, and high versatility. Through this technique,
a variety of nanostructured materials with improved proper-
ties or enhanced functionalities have been developed, includ-
ing inorganic [2, 3] or hybrid organic-inorganic [4] films. In
particular, inspired by the special mortar-brick nanostruc-
ture of nacre and its superior mechanical properties, hybrid
multilayers consisting of alternating organic polymer and in-
organic nanoclay layers have been made by an LBL deposi-
tion and assembly method [5, 6]. This method was modi-
fied from a more general method for making polyelectrolyte
multilayers where substrates are alternately dipped into poly-

cation and polyanion solutions to form polyelectrolyte thin
films [7].

In parallel, a successive ionic layer adsorption and reac-
tion (SILAR) method [8–10] was developed initially for the
deposition of sulfide films. The SILAR method grows sul-
fide thin films by repeating deposition cycles consisting of
four steps: dipping in cationic precursor solutions for ad-
sorption of cations, rinsing to remove physisorbed cations,
dipping into anionic (S2−) solutions to form a monolayer
or submonolayer of sulfides, and rinsing again. This SILAR
technique has recently been adapted to deposit oxide (e.g.,
ZnO) films [9, 10]. Notably, this technique has been used for
making ultrathin (e.g., 1–10 nm) gate dielectric oxide films
[11, 12] and combined with a hydrothermal annealing pro-
cess for low-temperature synthesis of nanocrystalline oxide
films [13]. More recently, the feasibility of a modified SILAR
technique without rinsing steps to prepare thin zirconia films
has been reported [14] and the associated film growth ki-
netics has been studied [15]. The latter approach can be re-
garded as a surface hydrolysis and precipitation process as-
sisted by electrostatic interactions [14, 15].
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Figure 1: (a) The structure of 2 : 1 clay nanoplatelets exfoliated from MMT. (b) A targeted multilayer structure to be synthesized using a
new LBL assembling technique via making use of the intrinsic negative surface charges and unique platy shape of nanoclays (as shown in
(a)). In principle, the thickness and chemical composition of each nanometer-thick oxide layer can be tuned individually, offering versatility
in engineering these nanostructured films with a wide range of potential applications to be explored in future studies.

A key underlying mechanism in the wet chemical con-
struction of nanomaterials is the solution-based self-
assembly aided by electrostatic attraction force between op-
positely charged components (e.g., ions, polyions). The use
of platy-shaped clay nanoplatelets with intrinsic, perma-
nent negative surface charges in constructing nanostruc-
tured multilayers is an innovation to extend the capabili-
ties of the conventional ion/polyion aided self-assembly tech-
niques. Clay minerals are hydrous layered aluminosilicates,
and montmorillonite (MMT) is a swelling clay mineral con-
sisting of 2 : 1 layers (i.e., 2 tetrahedral and 1 octahedral
sheets per layer, as shown in Figure 1(a)). These 2 : 1 layers
can be separated in Na+ or Li+ rich solutions forming ex-
foliated clay nanoplatelets of ∼1 nm in thickness. The per-
manent negative surface charges of nanoclays not only pro-
mote the electrostatic self-assembly process and its efficiency,
but also render a high lateral bond strength within the con-
structed multilayers or their precursors [1]. In addition, the
high aspect ratio of platy nanoclays provides an ideal planar
surface for self-assembly and growth of other nanomateri-
als. To date, hybrid inorganic clay and organic polymer (in-
cluding biopolymer) nanostructured multilayers have been
developed [16], but development in making nanoclay-based
inorganic nanocomposites or multilayers has not been re-
ported. Due to the inherent thermal and chemical instabil-
ity of organic polymers, hybrid organic and inorganic multi-
layers have limitations in some specialized applications, such
as in high-temperature environments. In this study, we at-
tempt to develop a new class of inorganic oxide-clay nanos-
tructured multilayers.

The paper presents the preliminary findings of this re-
search with a particular focus on the feasibility of making
hydrated inorganic oxide-clay nanostructured multilayers

using the newly developed solution-based LBL synthesis
technique. The ultimate goal of this study is to develop
purely inorganic, nanostructured nanoclay-oxide multilay-
ers, as shown in Figure 1(b). Zirconia is chosen as the model
oxide because we have recently developed a modified SILAR
technique to make pure or doped zirconia films [14] and a
relevant film growth model [15]. Zirconia thin films have a
wide variety of applications, such as protective coatings, in-
sulating or dielectric ceramic layers, and other functional ce-
ramics.

2. EXPERIMENTAL

2.1. Materials

Silicon wafers with thermally oxidized surface layers
(Si/SiO2) were purchased and cut into pieces of 1 × 2 cm2,
which are used as substrates. The Si/SiO2 wafers were ul-
trasonically cleaned in 0.1 M NaOH solution for 20 min-
utes, immersed into piranha solution (3 vol. of 95–98 wt.%
H2SO4:1 vol. of 30 wt.% H2O2) for 20 minutes, rinsed with
deionized water 4 times and dried in air. A Na-MMT clay
(Cloisite� Na+) was purchased from Southern Clay Prod-
ucts (Gonzales, Tex, USA). The 0.03 wt.% clay suspension
(pH = 7.24) was prepared by stirring clays with magnet at
1000 rpm speed in deionized water for 20 minutes and then
ultrasonicated for 20 minutes to achieve complete disper-
sion and exfoliation. Other chemicals were purchased from
Sigma (Sigma-Aldrich, Saint Louis, MO, USA). Two dif-
ferent zirconium cationic precursor solutions were used to
examine their suitability for growing the zirconia nanolay-
ers on clay nanoplatelets, including 0.1 M zirconium chlo-
ride solution (ZrCl4, pH = 1.32) prepared from zirconium
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(IV) oxychloride octahydrate and zirconium acetate solu-
tion (ZrAc4, pH = 4.14) prepared from zirconium (IV) ac-
etate hydroxide. Sodium poly(styrenesulfonate) (PSS) and
poly(ethyleneimine) (PEI) were dissolved in deionized wa-
ter at concentrations of 1.5 mg/mL for the preparation of
polymer-clay multilayers.

2.2. Wet chemical synthesis and annealing

Two steps were involved in the synthesis of oxide-clay mul-
tilayers: (1) wet chemical construction of multilayer precur-
sors (termed as-deposited films), and (2) thermal dehydra-
tion and crystallization at elevated temperatures to form the
annealed films. This preliminary study particularly focused
on demonstrating the feasibility of the first step, which is
more critical for developing the targeted clay-oxide multilay-
ers. Thus the dehydration and thermal annealing conditions
were preselected as a rule of thumb to be 600◦C in air for 2
hours under 1 atmospheric pressure, since most MMTs can
maintain their crystal structure intact (i.e., no dehydroxyla-
tion) below temperatures of 600–650◦C. However, the con-
trol parameters of thermal annealing or hydrothermal treat-
ment (i.e., the second step of synthesis) will be further opti-
mized in future studies.

A computer-controlled programmable Nima dip coater
(Nima Technology Ltd., Coventry, UK) was used to synthe-
size nanostructured as-deposited multilayers. To verify the
LBL deposition method and the functions of the dip coater,
nanoclay-polymer films were prepared following the recipe
in Lvov et al. [17]. The Si/SiO2 substrates were pretreated by
dipping into PEI, PSS, and PEI solutions each for 20 min-
utes. The pretreated substrates were then dipped into a clay
suspension for 20 minutes, rinsed with water for 2 min-
utes, dipped into a PEI solution for 20 minutes, and rinsed
again with water for 2 minutes to complete one deposition
cycle. This four-step deposition cycle was repeated 8 times
to make nanoclay-polymer multilayers, denoted as (PEI-
PSS-PEI)-(MMT-PEI)8. Both the dipping and withdrawing
speeds were controlled at 20 mm per minute.

To prepare nanoclay-oxide multilayers, the precleaned
silicon substrates were dipped into a zirconium cationic pre-
cursor solution (ZrCl4 or ZrAc4) and the exfoliated nanoclay
suspension alternately without interdipping rinsing. The de-
position cycle was repeated 15 to 30 times to prepare the
as-deposited multilayers. Both the dipping and withdraw-
ing speeds were controlled at 20 mm per minute. The hold-
ing time was kept 45 seconds in air, Zr precursor solution
and clay suspension. After completing a certain number (n)
of deposition cycles, the substrates were then air-dried at
room temperature to form the as-deposited films or annealed
isothermally to 600◦C for 2 hours to form the annealed films,
denoted as (clay-oxide)n. A constant heating and cooling rate
of 5◦C per minute was used during annealing.

2.3. Characterization

Both as-deposited (i.e., air-dried) and annealed films were
characterized by a Hitachi S4800 field-emission scanning
electron microscope (FE-SEM) equipped with an energy

dispersive X-ray spectroscopy (EDXS) analyzer. SEM speci-
mens were coated with Pt/Au for increased conductivity. In
addition, a Hitachi S3500 variable-pressure SEM was em-
ployed to examine specimens without conductive coating.
Both in-plane and cross-sectional surfaces of the multilay-
ers were studied. Fresh cross-sectional surfaces were created
by carefully cleaving the Si wafers, while protecting the films
with soft filter paper. Multiple measurements on different
points were conducted to obtain the film thickness on cross-
sectional surfaces under SEM. EDXS was also performed to
analyze both qualitatively and quantitatively the elemental
composition of the multilayers.

X-ray diffraction (XRD) was performed on both as-
deposited and annealed films in a Scintag diffractometer us-
ing Cu-Kα radiation (λ = 1.5418 Å) generated at 40 kV and
35 A at a scan speed of 1◦(2θ) per minute, step size of 0.01◦,
and a scan range of 1–60◦2θ. In addition, a bare Si/SiO2 sub-
strate was scanned by XRD to examine any potential influ-
ence of the substrate on the observed diffraction patterns of
the ultrathin multilayers.

3. RESULTS AND DISCUSSION

3.1. Clay-polymer multilayers

SEM images of the planar and cross-sectional surfaces of the
as-deposited nanoclay-polymer multilayers [(PEI-PSS-PEI)-
(MMT-PEI)8] are shown in Figure 2. Some unevenly piled or
protruded MMT platelets can be observed in the planar sur-
faces, as shown in Figure 2(a). The cross-sectional surface,
as shown in Figure 2(b), exhibits nacre-like layered struc-
ture, which is similar to that observed in the films developed
by Tang et al. [18]. The average measured film thickness
is 40 ± 9 nm, of which 10 nm is from the precursor poly-
mer film [17]. Thus the thickness of a single (MMT-PEI)1

layer formed through a complete deposition cycle is approx-
imately ∼3.75 nm, which is consistent with the previously
reported value of 3.3 nm per deposition cycle [17]. It was
postulated that the highly branched polycation PEI works as
“electrostatic glue” [17] to assemble clay platelets. In con-
clusion, polymer-nanoclay multilayers with similar nanos-
tructure were reproduced in our laboratory. This verified our
equipment and procedures and enabled further exploration
of synthesizing the new nanoclay-oxide multilayers.

3.2. Clay-zirconia multilayers

The SEM images of as-deposited films prepared by ZrCl4 and
ZrAc4 cationic precursor solutions are shown in Figures 3
and 4, respectively. The as-deposited films were dried in air,
thus either nanoclays or hydrated Zr cations are not com-
pletely dehydrated, and water molecules exist within the in-
terface of clay nanoplatelets and Zr cations. Both films appear
to be reasonably uniform and crack-free. Furthermore, they
both exhibit observable layered structures in cross-sectional
surfaces under SEM (Figures 3(b) and 4(b)).

Evidently, the films made by ZrAc4 cationic precur-
sor solutions have significantly smoother surface and more
regularly (parallel) layered structure than those by ZrCl4
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Figure 2: (a) Planar surface and (b) cross-sectional surface SEM images of as-deposited nanoclay-polymer [(PEI-PSS-PEI)-(nanoclay-PEI)8]
films.
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Figure 3: (a) Planar surface and (b) cross-sectional surface SEM images of as-deposited nanoclay-zirconia multilayers made via ZrCl4

cationic solution.

precursor solutions (Figure 3 versus Figure 4). The clay
nanoplatelets are better oriented in the films prepared by
ZrAc4 cationic solutions, while peeled and protruded edges
of clay platelets are frequently observed in the ZrCl4 pre-
pared films, as shown in Figure 3(a). For films prepared by
ZrCl4 precursor solutions, the layered structure is less close-
packed with occasional, sparsely distributed open voids, as
shown in Figure 3(b). The nanoclay-oxide multilayers pre-
pared using ZrAc4 precursor solutions also appear to have
lower surface roughness than those polymer-nanoclay multi-
layers prepared in this and prior [17] studies. Based on these
results, ZrAc4 cationic precursor solutions are used exclu-
sively to make multilayers in further studies.

SEM images of the planar and cross-sectional surfaces of
annealed films are shown in Figure 5. The annealed films ap-
pear to be denser and more uniform than the as-deposited
ones. Some indications of the layered structure can be ob-
served in the cross-sectional surfaces under SEM, as shown in
Figures 5(a) and 5(b). It should be noted that the observed
cross-sectional surfaces were influenced by the actual (some-
what random) cleaving process and hence the layered struc-
ture is not always clearly visible. The surfaces of annealed
films, as shown in Figure 5(c) are also smoother than those
of as-deposited films, as shown in Figure 4(a); yet, some clay
nanoplatelets can still be seen in Figure 5(c).

EDXS analysis of as-deposited and annealed films found
the presence of Al, Si, and Zr, without other metal impuri-
ties. A representative EDXS spectrum is shown in Figure 6.
Quantitative elemental analysis was also attempted with re-
sults shown in Table 1. We believe that the excess amounts of
Si and O measured by EDXS are from the Si/SiO2 substrates.
Since the films are thin (less than 100 nm) and the penetra-
tion depth of an electron beam into a nonmetallic material
is usually about 1 μm, the beam must be smeared. Although
the quantitative compositional measurements are probably
not accurate due to the beam spreading effect, it can be con-
cluded that these films consist of oxides (or hydroxides) of Al,
Si, and Zr without significant impurities of other elements.

XRD patterns of as-deposited and annealed multilay-
ers are shown in Figure 7, in which the d-spacings are la-
beled for all peaks. As-deposited films appeared to be largely
amorphous, but a series of low-angle peaks were observed.
The 1.2 nm peak should result from hydrated montmoril-
lonite, which usually exhibits the first peak (001) around 1.0–
2.0 nm, depending on the degree of hydration (e.g., relative
humidity) and the types of interlayer cations [19]. The as-
deposited films were air-dried (i.e., the relative humidity is
unknown) and contain Zr4+ as interlayer cations. Therefore,
the montmorillonite in the air-dried films is likely to have a
basal spacing of 1.2 nm. The presence of this peak indicates
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Figure 4: (a) Planar surface and (b) cross-sectional surface SEM images of as-deposited nanoclay-zirconia multilayers made by ZrAc4

cationic solutions.
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Figure 5: (a), (b) cross-sectional surface, and (c) planar surface SEM images of annealed nanoclay-zirconia films made by ZrAc4 precursor
solutions with 25 deposition cycles.
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Figure 6: A representative EDXS spectrum for an annealed film.

that some multiple layers of clay nanoplatelets are absorbed
in dipping, which is not desired. The 5.7 nm peak represents
the periodic thickness formed by each deposition cycle for
the multilayers without annealing. The origin of the 2.3 nm
peak is currently unclear and worth further investigation. It
is noteworthy that the 1.2 nm peak is the sharpest of all peak,
as shown in Figure 7(a). Given the low crystallinity of clay
minerals, all other broad peaks suggest that the as-deposited
multilayers possess much less ordered atomic structure or
crystallinity, as expected. Nevertheless, a good layered nanos-
tructure is clearly present in the as-deposited film with a pe-

Table 1: EDXS compositional analysis. Each value is the average of
three measurements. The measured excessive amounts of Si and O
are from Si/SiO2 substrates, an artifact due to the spread of electron
beams.

Element
Atomic %

As-deposited Annealed

O 61.7 35.3

Al 3.6 1.2

Si 30.6 59.9

Zr 4 3.6

riodic thickness of ∼5.7 nm, as shown in Figure 7, indicating
the success of the LBL deposition.

For annealed specimens Figure 7(b), only two peaks are
observed. A broad weak peak at 1.6 nm is probably caused
by the (002) reflection of the periodic thickness of 3.2 nm
(see Section 3.3). The shape of the peak also indicates that
the periodicity of the layers is not perfect, which is probably
caused by the crystallization process during annealing. The
low-angle scan did not find the (001) reflection at 3.2 nm,
and the reason is unclear at present. The second peak at d =
0.3 nm matches ZrO2 (111) reflection, indicating the forma-
tion of nanocrystalline ZrO2. (It is noted that a broad weak
peak whose intensity varies with the specific experimental
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Figure 7: XRD patterns of (a) as-deposited and (b) annealed films formed by 20 deposition cycles and ZrAc4 cationic solutions. The two
XRD scans were carried out at the same conditions (scan rate and slit size) and the patterns are shown in the same intensity scale. The insets
(which are shown in different intensity scales) are additional scans at low angles with a smaller slit.
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Figure 8: Thickness versus the number of deposition cycles for (a) as-deposited and (b) annealed films made by ZrAc4 precursor solutions.
In (a), it is assumed that open circles represent measurement artifacts (as-deposited films where the part of layered films peeled off during
cleaving of the substrates). Error bars represent the data range. Lines represent the best linear fits.

conditions was sometimes observed around 30◦ 2θ, which is
believed to be caused by the Si/SiO2 substrates [14, 15]. This
is also seen in the XRD patterns of the as-deposited films, al-
though a lower intensity was observed. Although these two
measurements were made in the same conditions, it is still
uncertain whether or not this peak at ∼30◦ 2θ is an artifact
from the substrate). Assuming that this peak at ∼30◦ 2θ is
indeed from ZrO2 (111) reflection, the mean grain size of the
nanocrystalline ZrO2 was estimated to be ∼9.7 nm based on
the peak width. Given that periodic thickness in the annealed
film is approximately 3.2 nm (see Section 3.3), the ZrO2 crys-
tallite size of 9.7 nm indicates that the growth of nanocrystals
may start to break the parallel multilayer structure (by dis-
placing or heaving up nanoclay platelets which should act as
barriers between two adjacent oxide layers), which is consis-
tent with the absence of or week low-angle reflections from
the annealed multilayers. Nonetheless, the existence of some
layered structures is evident by SEM observations on the
cross-sectional surfaces, as shown in Figures 5(b) and 5(c),
but the layered structure is probably less regular, presumably
due to the growth of ZrO2 nanocrystals.

It is generally expected that montmorillonites are chem-
ically stable for heating or annealing at 600◦C [20]. More
annealing experiments will be conducted to investigate how
nanoclays react with Zr complexes during high temperatures,
which will help form high temperature endurable nanoclay-
oxide multilayers.

It is worth emphasizing that the annealed films still re-
mained layered structure after cutting and no significant
cracking or delaminating was observed in Figure 5, in spite
of up to 50% linear shrinkage occurred during annealing, as
discussed below.

3.3. Film growth rate through LBL deposition

The thickness of as-deposited and annealed films versus
the number of deposition cycles prepared through ZrAc4

cationic precursor solutions are shown in Figures 8(a) and
8(b), respectively. As-deposited multilayers are expected to
exhibit low cohesion between layers, and part of the multi-
layers might fall off when they were cut along with the sub-
strate for cross-sectional surface observations. This may be
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responsible for the measured unusually small thickness val-
ues (i.e., the three open circles shown in Figure 8(a)). If these
data are excluded, the measured film thickness for both as-
deposited and annealed films increase almost linearly with
the number of deposition cycles. Through linear regression,
the average film growth rates of as-deposited and annealed
multilayers are ∼6.8 nm and ∼3.2 nm per cycle, respectively.
In other words, annealing at 600◦C for 2 hours caused a
∼50% linear shrinkage of film thickness, which is nearly
the same as that previously observed for pure ZrO2 films
[14, 15]. The shrinkage also indicates dehydration and sinter-
ing have occurred during annealing. The periodic layer spac-
ing of the as-deposited multilayers was∼5.7 nm, as measured
by XRD, as shown in Figure 7, which should be more accu-
rate than the value (∼6.8 nm) obtained by SEM measure-
ment. However, the XRD and SEM measurements (5.7 nm
versus 6.8 nm) are rather consistent.

3.4. Issues, future studies, and potential applications

As discussed above, the preliminary results are promising.
However, the combined XRD, SEM, and EDXS characteriza-
tion indicates that the multilayers synthesized in this study
are not yet perfect, and there are some deviations from
the targeted nanostructure shown in Figure 1(b). First, the
1.2 nm peak in XRD patterns in Figure 7(b) indicates that
nanoclays are not completely exfoliated into single 2 : 1 layers
and multiple layers of clay nanoplatelets are deposited within
the films. This can be further improved by fine tuning the
clay suspension chemistry, exfoliation method, and dipping
process. Second, while as-deposited films exhibit fairly good
layered structure, the thermally annealed films appear to pos-
sess relatively poor periodicity, as evident by both SEM and
XRD. Annealing at 600◦C for 2 hours in air was the only de-
hydration process that has been tested so far (since this study
focused more on the feasibility of the LBL deposition). Fur-
ther optimization of the annealing procedure will be con-
ducted to identify optimal conditions based on a trade-off
between dehydration and the structure integrity. Hydrother-
mal annealing [13] may be an alternative method to crystal-
lize the oxides while maintaining the stability of clays and
multilayered structure.

Nonetheless, this study has clearly demonstrated the ba-
sic feasibility of this new LBL technique for making this new
class of nanostructured nanoclay-oxide multilayers. Further
research should be conducted to finely tune the thickness and
composition of each individual oxide layers (i.e., oxides other
than ZrO2) by changing the deposition parameters and pre-
cursor solutions, which offers significant versatility for mak-
ing nanostructured films with diverse functionalities and ap-
plications.

The clay-oxide multilayers are expected to have many
potential applications, which include but are not limited to
coatings and free-standing membranes (made by using sac-
rificial substrates) for MEMS/NEMS and sensors. This is, in
part, owing to the unique-layered nanostructure, as demon-
strated by the organic-inorganic hybrid counterparts—
nanoclay-polymer multilayers. In particular, a purely inor-
ganic nanostructured composite consisting of zirconia and

nanoclays has high thermal resistance (e.g., stable up to
800◦C) and high hardness and is chemically inert. Thus, it
can be used as protective and hard coatings. In addition to
the high hardness of nanocrystalline ZrO2, the presence of
platy nanoclay layer within the structure increases fracture
toughness by deflecting cracks, rendering even higher hard-
ness of the multilayers. The high lateral bond strength of nan-
oclays ensures the integrity of free-standing films and mem-
branes, and hence enhances the dynamic or vibrational per-
formance. Potential applications in cantilever sensing com-
ponents can be envisioned. Finally, it is expected that this
purely inorganic nanostructured composite consisting of
zirconia and nanoclays exhibits much higher thermal and
chemical stability than their hybrid counterparts.

4. CONCLUSIONS

A novel layer-by-layer deposition technique has been devel-
oped for manufacturing nanoclay-zirconia multilayers by se-
quentially dipping a substrate in an exfoliated nanoclay sus-
pension and a zirconia cationic precursor solution followed
by annealing at 600◦C for 2 hours. Nanoscale layer-by-layer
growth is achievable, as evidenced by a linear film growth
rate per deposition cycle measured on the cross-sectional
surfaces under SEM and by X-ray diffraction. It is found
that ZrAc4 is a better cationic precursor solution for grow-
ing more uniformly layered films. The growth rate of as-
deposited films is ∼5.7 nm per cycle; the growth rate can
be further tuned by changing the deposition parameters and
dipping settings. Denser dehydrated films form after anneal-
ing at 600◦C for 2 hours in air and the film thickness shrinks
by ∼50%; yet, the annealed films remain uniform and crack-
free, and still possess nanoscale layered structure (although
less clearly observable under SEM). In summary, the feasi-
bility of the new LBL deposition technique has been clearly
demonstrated, but the postdeposition dehydration and an-
nealing processing should be further optimized.

The success of this study enables further endeavors to
make a variety of novel oxide-based nanostructured films.
This LBL deposition technique can be conveniently adapted
for making periodic multilayers or functionally graded ox-
ide films via changing the composition or concentration of
oxide cationic precursor solutions periodically or continu-
ously. Nanoclays with permanent surface charges are used
to further assist electrostatic assembling, serve as diffusion
barriers for functionally graded films, and incorporate other
functional materials. It is expected that such purely inorganic
nanostructured thin films exhibit unique mechanical proper-
ties, permeability, and corrosion resistance. Further research
to optimize the synthesis methods (particularly the postde-
position dehydration process) and investigate their mechan-
ical and physical properties is currently in progress.
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1. INTRODUCTION

1.1. Carbon nanotube elastic property and
available experimental techniques

Carbon nanotubes (CNTs) [1] are perceived to receive a
wide range of potential applications thanks to their unique
combinations of mechanical and electrical properties: (i) as
structural components with extraordinary mechanical per-
formances [2]; (ii) as conducting or semiconducting wires in
nanoelectronic components [3]; (iii) as probes in scanning-
probe microscopy with the added advantage of a chemically
functionalized tip [4]; (iv) as high-sensitivity microbalances
[5]; (v) as gas detectors [6]; (vi) as hydrogen storage devices
by utilizing its large specific area [7]; (vii) as field-emission-
type displays [8]; (viii) as electrodes in organic light-emitting
diodes [9], and (ix) as tiny tweezers for nanoscale manipula-
tion [10], among others.

The mechanical properties of the CNTs must be fully
understood in order to fulfill their promises. Perhaps the
most fundamental phenomenological mechanical property
of CNTs is its Young’s modulus E upon elastic deforma-
tion. A variety of experimental attempts have been put to-
gether to measure Young’s modulus of carbon nanotubes:
Treacy et al. [2] have pioneered the measurement of ther-

mally induced vibration amplitudes of multiwalled carbon
nanotube (MWCNT) cantilevers and have reported a range
of Young’s modulus from 0.40 TPa to 4.15 TPa. Young’s mod-
uli of single-walled carbon nanotubes (SWCNTs) were mea-
sured by the same technique, varying from 0.9 TPa to 1.9 TPa
[11]. Alternatively, by using an atomic force microscope
(AFM) tip to impose lateral forces to bend an MWCNT can-
tilever deposited on a low-friction substrate, Young’s moduli
of MWCNTs were found to be 1.28± 0.59 TPa [12]. The elas-
ticity of CNTs was also found to be size-dependent; by mea-
suring the electromechanical resonances of CNTs, Poncharal
et al. have discovered that the stiffness of MWCNTs decreases
quickly when their diameter exceeds about 10 nm [5]. Such
phenomenon was not observed in the static bending experi-
ments with AFM [12]. These diverse experimental measure-
ments suggest that when viewed as a structure, the mechani-
cal properties of CNTs vary with different radius, length, and
the number of walls, which are affected by various manufac-
turing techniques adopted by different research groups; and
it was speculated that the measurement of elastic modulus
may also be affected by the magnitude and type of loading
[13]. In addition, all of these experimental techniques men-
tioned above were very challenging at the nanoscale, in par-
ticular the sample preparation, mounting, and testing setup.
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New experimental methods need to be developed to
quickly and effectively measure the mechanical properties of
CNTs. Among them, nanoindentation is an ultralow-load in-
dentation technique that has been widely used to measure
the constitutive relationships of material structures at very
small scales [14]. It is arguably the simplest and most direct
way of probing the mechanical properties of materials of very
small volumes, thus suitable and attractive for CNTs [15].
In nanoindentation experiments, an indenter tip is driven
into and then withdrawn from a specimen. High-resolution
depth-sensing instruments are used to continuously control
and monitor the penetration and reaction force on the in-
denter. In some commercial systems, indentation forces as
small as several nN and displacements less than 1 nm can be
accurately measured. One of the great advantages of nanoin-
dentation is that the test can be performed quickly on any
specimen and does not require the removal of the specimen
from its substrate. This simplifies specimen preparation and
makes indentation measurements easier on CNTs compared
with other methods.

Recently, we carried out a preliminary study on the buck-
ling mechanisms induced by nanoindentation on an isolated,
vertically aligned SWCNT [16]. An important finding is that
the buckling behavior of an SWCNT is shell-like if its di-
mensionless ratios R/L and R/t are large (with L, R, and t
the length, radius, and effective thickness, resp.), beam-like
when the ratios are small, and show an interesting transi-
tion behavior in between. For nanoindentation experiment
on CNTs, it is important to note that first, MWCNTs are eas-
ier to fabricate since they do not require stringent catalyst
particle preparation [17], and thus they are more popular
than SWCNTs. The equilibrium spacing between neighbor-
ing layers of MWCNT is approximately 3.4 Å, and they inter-
act with each other through van der Waals forces when the
tube is deformed. Second, most CNTs prepared using chemi-
cal vapor deposition (CVD), and plasma-enhanced CVD can
take the form of a cluster, or sometimes referred to as ver-
tically aligned carbon nanotube forests [17]. In some cases
when seeds are used [18], the CNTs are separated far apart
during deposition and the nanoindentation experiment can
be regarded as that carried out on an isolated tube—the in-
dentation behavior of SWCNT was covered by [16] while
the mechanism of MWCNT was yet to be explored. More
frequently, the equilibrium spacing between the neighbor-
ing tubes is also several Å in the cluster and the CNTs are
closely packed, forming a dense forest [19]. In fact, the van
der Waals interactions between nanotubes help to keep the
tubes aligned [17]. Thus, as the indentation depth increases,
the bending and buckling behaviors of the tube are strongly
influenced by its neighbors.

In order to take advantage of nanoindentation with mini-
mum sample preparation, an experiment carried out directly
on the vertically aligned MWCNT and/or CNT cluster is
more desired than the isolated SWCNT. Therefore, it is criti-
cal to extend out previous study [16] to the nanoindentation
mechanisms of both MWCNT and CNT clusters, where the
interactions between tube layers and neighboring tubes play
an essential role [15]. For example, it is expected that due
to the nonbonded interactions, all tube layers in MWCNT

and all tubes in a CNT cluster are forced to deform at the
same time, which would make them become more resistant
to buckling—such hypothesis will be verified quantitatively
through the atomistic studies in this paper. We note that the
detailed characteristics of the nonbonded interactions may
be revealed through molecular mechanics simulations, which
serve as the main vehicle in this study. Since the mechanical
properties of CNTs are only implicitly related with the inden-
tation response, the establishment of such relationship must
be also based on a thorough understanding of the mecha-
nism of nanoindentation—this is the focus of the present pa-
per, and the numerical study may be used to guide nanoin-
dentation experiments, explain and extract useful data (such
as the effective stretching stiffness of CNT) from the tests, ex-
plore the strengthening mechanism (e.g., determine whether
concentric assembly or array assembly is more efficient for
increasing the buckling resistance), as well as stimulate new
experiments.

1.2. Modeling and simulation of carbon nanotubes

With the development of better force field and numeric algo-
rithms, molecular mechanics (MM) simulations have been
shown to play an important role in revealing precise consti-
tutive mechanisms of CNTs. In fact, MM simulations have
been widely used to study tension, bending, and torsion
behaviors of CNTs [20–22] as well as buckling caused by
uniaxial compression, torsion, and bending [20, 23–29]. It
should be noted that buckling initiated from uniaxial com-
pression is radically different from buckling induced by in-
dentation in the present study. In uniaxial compression, the
lateral displacements of atoms in the end layers are con-
strained and they are only allowed to move along the axis
of CNT. In nanoindentation, however, the CNT atoms in
the top layer are initially free, and their subsequent inter-
actions with indenter atoms are dominated by the van der
Waals force. In this paper, our previous work on SWCNT
[16] will be extended to explore the nanoindentation mecha-
nisms of MWCNT and CNT clusters through atomic detailed
MM simulation, where the interactions among tube layers of
MWCNT and neighbors in tube cluster are also taken into
account.

One of the important goals of nanoindentation test is to
measure Young’s modulus of nanotube—since E is a phe-
nomenological parameter, it must be established via a con-
tinuum approach. Perhaps the simplest and most convenient
model is to roll a SWCNT from a planar graphite sheet, and
by comparing the rolling and stretching energies obtained
from both the thin plate theory and atomistic simulations
[20, 30–32], an effective Young’s modulus E = 3.9–5.5 TPa
and effective nanotube thickness t = 0.066–0.089 nm were
fitted. In general, the SWCNT can then be effectively mod-
eled as a cylindrical elastic thin shell. By comparing critical
buckling loads and total strain energy for SWNTs under axial
compression and bending obtained from atomistic simula-
tion and finite element method, Pantano et al. [33] obtained
E = 4.84 TPa and t = 0.075 nm for the equivalent continuum
shell. A comprehensive study of SWCNTs at small deforma-
tion was carried out in our previous work [21], where by
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Figure 1: MM simulation of indentation on a (5,5)-(10,10)-(15,15) MWCNT: (a) Indentation force F-indentation depth δ relationship, and
comparison with F-δ curves of its subunit SWCNTs. (b) System energy U-nominal axial strain ε relationship, and the top view and side view
of deformed configurations of MWCNT in different regimes.

fitting the MM simulations of uniaxial tension, bending, and
torsion of SWCNTs of various chirality, E = 6.85 TPa and t =
0.08 nm were derived and also validated from the lateral and
axial thermal vibration frequencies.

The variation of CNT Young’s moduli obtained from pre-
vious theoretical and experimental studies is partly due to the
following reasons. First, E is closely associated with the effec-
tive shell thickness used in different approaches, which is re-
quired to provide both the required stretching and bending
rigidity in the continuum shell model. In some approaches in
the literature, t = 0.34 nm is taken according to the interlayer
spacing of graphite and thus the resulting Young’s moduli
of 0.9–1.9 TPa [34–37] is much smaller than those obtained
from other theoretical studies [20, 21, 33]. However, when E
and t are combined, the stretching stiffness Et obtained from
most previous studies are reasonably close. In addition, a re-
cent analytical study by Huang et al. [13] verified that t, and
therefore E, is dependent on the type and magnitude of load-
ing, nanotube radius R, and also chirality when R < 1 nm. As
a result, it may be inappropriate to take the results of t and
E derived from a particular SWCNT under certain loading
conditions as universal parameters. For example, the t and
E derived from our recent work [21] may be regarded as the
averaged parameters when the SWCNTs (with varying chiral-
ity) are subjected to several basic small deformation modes.
Based on such consideration, the present paper aims to use
nanoindentation to derive the nanotube stretching stiffness
Et for both MWCNT and CNT clusters, from the established
relationships among indentation force, displacement, and in-
trinsic tube deformation using MM simulations. The numer-
ical studies not only underpin the indentation mechanics of
CNTs and serve as the basis of measuring their mechanical
properties, but also help to advance understanding on the
mechanical behavior of CNTs.

2. COMPUTATIONAL METHOD

The molecular mechanics (MM) simulations may be read-
ily employed to explore CNTs containing hundreds of thou-
sands of atoms, by ignoring the electron motions and ex-
pressing the system potential energy as a function of the nu-
clear positions of atoms. The COMPASS force field, which is
the first ab initio force field that enables an accurate and si-
multaneous prediction of various gas-phase and condensed-
phase properties of organic and inorganic materials [38] (in-
cluding carbon nanotubes [16, 23–25, 29, 39–45]), is used
in this paper. Simulations are performed at 0 K, so as to not
involve the kinetic energy term and to obtain more intrin-
sic buckling behavior of the tube, since buckling would be
otherwise very sensitive to thermal fluctuations [20, 24–28].
The CNT radius is much smaller than the radius of any com-
mercial diamond indenter tip (∼100 nm); moreover, the dia-
mond bulk is much stiffer than the nanotube. Therefore, the
indenter is modeled as a flat plane consists of rigid diamond
atoms, and during the simulation, such plane continuously
moves down with a displacement increment of 0.05 Å, so as
to simulate a displacement-controlled experiment with a pre-
scribed rate. The tube (or tube cluster) is aligned perpendic-
ular to the indenter plane (e.g., see Figure 1). All degrees of
freedom of atoms in bottom layers of the CNTs are fixed to
simulate clamped end conditions in mechanical analyses; the
atoms in the top of CNT interact with the diamond atoms via
nonbonded forces, and there is no displacement boundary
condition imposed on those atoms. Breakage of C–C bonds
in CNT is not considered in the present study because the
strain induced by nanoindentation loading is not that large
(see below).

Tubes with various chirality and structures (multiwalled
and cluster) are used in the simulation. The long, beam-like
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tubes are chosen in this study because they are more practi-
cal. The initial atomic structure is first optimized such that
the total potential energy is minimized and all atoms are
located in their equilibrium states. Due to the complicated
bonded and nonbonded interactions, the carbon atoms are
not exactly at their ideal positions after optimization. For in-
stance, all SWCNT atoms at the same height may not align
precisely along a circle even though the deviation from ideal
positions is very small. Such small perturbation will be ac-
cumulated during the indentation process and contribute to
the instability of CNTs [16, 25].

The initial separation d0 between the top layer of CNT
atoms and the indenter plane is set such that no net force acts
on the tube at the starting point. The magnitude of d0 slightly
depends on the tube chirality. As the indenter plane moves
down with a displacement δ, normally termed as indentation
depth, the separation d falls below d0, and the overall van der
Waals repulsion between indenter and carbon atoms acts as
an indentation force (F), to compress and deform the nan-
otube. The deformed configuration of CNT(s) at the current
indentation depth is obtained by structural optimization in
search for the minimum system potential. The total poten-
tial energy of the atomic system, Π, varies during the inden-
tation process. Since no heat exchange is considered in the
MM studies, the work done by indentation force (F) is the
only external work, which is responsible for the variation of
system potential energy with respect to its reference state

F = dU

dδ
or U =

∫ δ

0
Fdδ, (1)

where U = Π-Π0 can be interpreted as the deformation en-
ergy of the whole system, which includes the strain energy of
the nanotube UCNT, and the van der Waals interaction energy
UvdW (arises from that between the indenter layer and CNT,
between neighboring CNT layers of MWCNT, and between
neighboring CNTs of a cluster):

U = UCNT + UvdW. (2)

With a state-of-the-art commercial nanoindenter, both
indentation force F and indentation depth δ can be readily
measured, and U may be integrated following (1). F-δ and
U-δ curves will be explored extensively in this study to ob-
tain valuable insights, such as their links to the deformation
modes and elastic constants of CNTs. Moreover, since CNTs
are slender structures having the possibility of buckling un-
der indentation load, so F may attain the peak value termed
as the critical indentation force, Fcr, when the buckling oc-
curs at the critical indentation depth, δcr. Fcr will be used as
an index to evaluate the specimen’s capability of withstand-
ing the indentation load. Such buckling resistance will be
compared among CNT clusters, MWCNTs, and their subunit
SWCNTs.

3. NANOINDENTATION ON MWCNT

3.1. Deformation mechanisms

Although the SWCNT is more fundamental, MWCNTs are
easier to make and they can be used as an AFM tip or

as a reinforcement phase in nanocomposites. As a slender
structure in nature, MWCNT may buckle under indentation
load and/or axial compression, although one would typi-
cally suspect that the MWCNTs should have higher resistance
to buckle compared with their single-walled counterparts,
thanks to the van der Waals interactions between neighbor-
ing layers.

The indentation response of a representative (5,5)-
(10,10)-(15,15) MWCNT is analyzed using MM simulation.
The length of MWCNT is relatively long, L = 216.77 Å, such
that it would exhibit beam-like buckling mechanisms, elab-
orated below; the long CNTs are more practical and their
buckling behaviors are easier to analyze (as opposed to shell-
like characteristics of short tubes) [16]. Figure 1 shows the
sequential snap shots of the deformed configurations as the
indentation depth δ (or equivalently, the nominal axial strain
ε = δ/L) is increased; both side and top views are given. The
relationships between F and δ, and that between U and ε, are
given in Figures 1(a) and 1(b), respectively. The loading pro-
cess may be divided into three mechanism zones based on
system responses that correspond to different deformation
modes.

During regime (I) when δ is sufficiently small (ε smaller
than about 1.6% for the current case), the MWCNT under-
goes uniaxial compression. However, the F-δ curve is in fact
not linear in this stage although the MWCNT deformation
is supposed to be linear elastic at small strain. Note that δ is
the displacement of the indenter tip and thus it includes con-
tributions from both the compression of nanotube and the
distance change between indenter and nanotube’s top layer
due to nonbonded interactions—the force-displacement re-
lationship of the nonbonded component is nonlinear, which
will be analyzed in detail in Section 3.3.

When the axial compressive strain becomes critical, the
buckling regime (II) happens, which is marked by the sud-
den slide buckling of MWCNT, a characteristic of contin-
uum beam. At this critical point, Fcr = 73.5 nN. Due to
the slide buckling, most of the compression energy is re-
lieved, leading to 85% drop of indentation force (Figure 1(a))
and substantial reduction of system energy (Figure 1(b)); the
system configuration changes from compression-dominated
before buckling to bending-dominated after buckling, and
such structural change is mainly responsible for the sudden
decrease of indentation force. After the nanotube bounces
out, the van der Waals interaction between MWCNT and in-
denter tip exerts a bending moment on the MWCNT, which
slides the MWCNT with respect to the indenter plane as in-
dentation depth is increased. This is the postbuckling regime
(III). The applied force is observed to maintain almost a con-
stant value when the MWCNT remains in its buckled (bend-
ing) state, which is consistent with the classical beam theory
(when the buckle mode is fixed).

The three subunit SWCNTs are of the same length but
have different aspect ratios (L/R) of 63.6, 31.8, and 21.2, re-
spectively, and their indentation force-depth curves are also
plotted in Figure 1(a). It is readily seen that the curves for
(5,5) and (10,10) SWCNTs exhibit the same trend (sharp
reduction of load after buckle) as the MWCNT, while the
F-δ curve of (15,15) SWCNT is characterized with two



Ling Liu et al. 5

(a) (b) (c) (d) (e) (f)

Figure 2: Side view of the structural configurations in postbuck-
ling regimes: (a) (5,5) SWCNT, (b) (10,10) SWCNT, (c) (15,15)
SWCNT, (d) (5,5)-(10,10) DWCNT, (e) (10,10)-(15,15) DWCNT,
and (f) (5,5)-(10,10)-(15,15) MWCNT.

peaks. This difference in indentation response curves can
be explained by the postbuckling configurations shown in
Figure 2, where the examined three SWCNTs are found to
have different deformation modes: beam-like slide buckling
deformation for (5,5) and (10,10) SWCNTs and shell-like
snap buckling deformation for (15,15) SWCNT, due to their
different L/R and R/t ratios [16].

Note that at the present length, the MWCNT contains
one subunit SWCNT having shell-like buckling characteris-
tic if individually indented, yet the overall buckling behav-
ior of MWCNT is still beam-like. This observation indicates
that the interlayer van der Waals interactions must have co-
ordinated the subunit deformation and thus strengthened the
MWCNT during the indentation process, without which the
outer SWCNT should have experienced snap buckling be-
fore the MWCNT collapses. In view of the system energy,
considerable van der Waals energy between MWCNT lay-
ers would be generated if the deformation of each subunit
SWCNT does not conform to those of the others, which
is unfavorable to stabilize the system. In other words, the
individual walls of MWCNTs are integrated by the inter-
layer van der Waals interactions, which make the MWCNT
a reinforced structure analogous to a composite beam (the
property of the intermediate material that accounts for the
interlayer van der Waals interactions is anisotropic, which
is much stronger in the radial direction than in the hoop
direction).

3.2. Strengthening of buckling resistance

The three armchair SWCNTs examined above can also con-
struct two double-walled CNTs (DWCNTs): (5,5)-(10,10)
DWCNT and (10,10)-(15,15) DWCNT. In order to compare
the buckling resistance of MWCNT with its subunits, the fol-
lowing groups of combination are considered, where in each
group, the performance of an MWCNT is compared with its
subunit SWCNTs and/or DWCNTs:

(i) (5,5) SWCNT, (10,10) SWCNT, and (5,5)-(10,10)
DWCNT;

(ii) (10,10) SWCNT, (15,15) SWCNT, and (10,10)-(15,15)
DWCNT;

(iii) (15,15) SWCNT, (5,5)-(10,10) DWCNT, and (5,5)-
(10,10)-(15,15) MWCNT;

(iv) (5,5) SWCNT, (10,10)-(15,15) DWCNT, and (5,5)-
(10,10)-(15,15) MWCNT.

The first two groups represent the assembly of two SWC-
NTs into a DWCNT, and the last two groups are examples
of assembly of a SWCNT and a DWCNT into a three-layered
MWCNT. Nanoindentation experiments are carried out on
all these nanotubes, generating a series of F-δ curves for both
the subunit and assembled structures, shown in Figure 3 with
respect to these four groups. In addition, the summation of
the F-δ curves of subunits is also shown, referred to as the
superposition curve.

For the assembled structures, the two DWCNTs are
found to have beam-like buckling behaviors (Figure 2), and
their F-δ curves also show a sharp declination of the load
after Fcr is reached (Figure 3). This is consistent with the
assembled 3-layer MWCNT. In other words, among the se-
lected assembled CNTs and their subunits, only the (15,15)
SWCNT undergoes snap buckling because its low L/R aspect
ratio of 21.2 falls into the shell-like region [16].

When δ is sufficiently small such that the assembled
CNTs and their subunits are under uniaxial compression,
the linear F-δ response of a MWCNT or DWCNT equals
to the superposition of that of its subunits—this also in-
dicates that the concentric assembly of CNTs (or interlayer
van der Waals interactions) has essentially no influence on
the elastic properties of CNTs during the axial compression
regime, and the interlayer distance of MWCNT is essentially
unchanged.

When δ is increased to a critical value, one of the sub-
unit SWCNTs buckles first (usually the shell-like SWCNT, or
the more slender member of SWCNTs in the beam-buckling
region), leading to a sharp reduction of the load on the su-
perposition curve; meanwhile, the other subunit can still
hold the load and F keeps rising on the superposition curve.
Note that at this instant, the assembled multiwalled struc-
ture shows no sign of buckle. As δ is further increased, the
other subunit CNT is observed to buckle at its critical force,
making the force on superposition curve suddenly decrease
again, yet the assembled DWCNT or MWCNT structure still
holds. For all groups, the critical force of the assembled tube
is observed to be 30%–90% larger than the peak value of the
superposition curve. This significant enhancement of Fcr im-
plies that the concentric assembly of CNTs could dramati-
cally strengthen the system in resisting buckling when sub-
jected to indentation load. This conclusion is also supported
by the increase of critical nominal strain εcr of the assembled
structure.

Such strengthening effect of MWCNT may be attributed
to the van der Waals interactions between subunits. Consider
any atom in the inner or outer tube layer of a DWCNT, the
net van der Waals force acting on this atom should be small
enough in the pure compression regime so as to keep the tube
straight. However, just before buckling occurs when the atom
attempts to move radially, the corresponding van der Waals
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Figure 3: F-δ relationships of (5,5) SWCNT, (10,10) SWCNT, (15,15) SWCNT, and their combinations divided into four groups. The results
are compared with the superposition curves of subunits.

repulsion or attraction will be developed in the normal (ra-
dial) direction; in other words, the van der Waals interactions
between neighboring tube layers serve as an invisible non-
linear spring-like material which makes the assembled struc-
ture behave like a sandwich tube. The sandwich tube, with
an equivalent tube thickness larger than the combined thick-
nesses of subunits, has a higher bending stiffness and there-
fore a higher critical buckling force compared to the super-
position of subunits (where such van der Waals strengthen-
ing effect is absent).

The strengthening efficiency may be evaluated by the in-
crease of critical force per reference tube, divided by the ref-
erence number of strengthening tubes. Note that subunit
SWCNTs in any MWCNT must have distinct chirality with
different numbers of C atoms, so in order to ensure a fair
comparison, the MWCNT can be regarded as an assembly
of several reference SWCNTs with same total number of
atoms. For example, if we take the (10,10) SWCNT as the
reference tube, a (10,10)-(15,15) DWCNT has 2.5 reference

tubes in terms of equivalent number of C atoms (the refer-
ence number of (10,10) is 1 and that of (15,15) is 1.5). In
this case, the critical buckling force per reference tube is in-
creased by 28%: from 15 nN for an isolated (10,10) SWCNT
to 19.2 nN (= 48 nN/2.5) per reference tube for the (10,10)-
(15,15) DWCNT. In other words, 28% is the increase of
buckling resistance for the (10,10) SWCNT when a (15,15)
SWCNT is used to strengthen it by forming a DWCNT. For
that matter, a strengthening efficiency for the reference sub-
unit SWCNT can be defined, which is the percentage of in-
crease of buckling resistance divided by the total reference
number of other subunit tubes used for strengthening the
MWCNT (i.e., the cost required for promoting the buckling
resistance of the reference tube). For the (10,10) reference
SWCNT under consideration, its strengthening efficiency is
18.7% (28% divided by 1.5). Following this procedure, the
strengthening efficiency of all MWCNTs examined above is
calculated to vary from 18.7% to 75% by choosing different
reference tubes.
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Figure 4: Schematic of the model for the axial compression regime (I), where the van der Waals interaction is simplified as a nonlinear
spring, whose constitutive relationship is generalized from MM simulation.

3.3. Reverse analysis to deduce the elastic stiffness

As shown in Figure 1, the MWCNT is kept straight in the
pure compression regime (I), which makes it possible to de-
duce its elastic stiffness from nanoindentation test before the
tube buckles (when the nominal axial strain is less than about
1.6%). However, due to the van der Waals interaction, the
displacement of the indenter tip, δ, which is a measurable
quantity from experiment, does not equal exactly to the in-
trinsic axial compression of SWCNT, u, which is defined as
the downward displacement of carbon atoms in the top layer.
In fact, the separation between indenter plane and top layer
of MWCNT atoms changes nonlinearly with respect to the
indentation force, sketched in Figure 4, where the van der
Waals interaction between MWCNT and indenter is simpli-
fied as a nonlinear spring. The force acting on the nonlinear
spring and MWCNT equals to the indentation force F in this
regime, and the indentation depth is

δ = u + s, (3)

where s = d0 − d with d defined as the deformed spring
length, and the undeformed length d0 depends on the chi-
rality of tube (d0 = 3.31 Å for armchair tubes). Since
the F-δ curve is a measurable characteristic system re-
sponse, the contribution of s needs to be subtracted off from
δ in order to obtain the intrinsic elastic deformation of
MWCNT.

Without losing generality, F can be regarded as the sum-
mation of normal component of nonbonded interaction
forces between the indenter plane and every C atom in CNT,

which may be effectively modeled by the pairwise relation-
ship

f (Δ) = C ·
[(

Δ0

Δ

)m
−
(
Δ0

Δ

)n]
, (4)

where Δ0 = 3.5 Å represents the equilibrium separation be-
tween a C atom and indenter plane, Δ denotes the separa-
tion after indenter penetration, and C, m, and n are constants
to be determined. It should be emphasized that f (Δ) is con-
structed to characterize the interaction between any single C
atom and the indenter tip, which is independent of the CNT
chirality and the lateral position of the C atom with respect
to the indenter tip. In other words, Δ is the distance between
a C atom and the indenter plane, which is different from the
variable d used before, since d represents the separation be-
tween the CNT top layer consisting a set of C atoms and the
indenter plane, and thus d is chirality-dependent. Note that
Δ0 is different from d0, since d0 is the equilibrium separation
between the top layer of CNT (a set of C atoms) and inden-
ter plane. By moving an isolated carbon atom with respect to
the indenter tip, the net van der Waals force f acting on the
carbon atom can be obtained and fitting of (4) leads to C =
0.79 nN, m = 8, and n = 5. Therefore, the nonbonded force
per carbon atom may be calibrated as

f (Δ) = 0.79 ·
[(

3.5
Δ

)8

−
(

3.5
Δ

)5
]

, (5)

where the dimension of Δ is Å.
For any N-walled armchair MWCNT assembly with chi-

rality (mi,mi) (i = 1, . . . ,N), assuming that the top layers of



8 Journal of Nanomaterials

subunit SWCNTs are aligned in the same plane, one could
obtain its total nonbonded force as a summation of the in-
teraction forces between indenter and carbon atoms in dif-
ferent layers near the top of MWCNT. Note that for the top-
most layer, d is its distance to indenter, for other layers, their
distances to the indenter plane also include relevant projec-
tions of bond length in the axial direction. Therefore, the to-
tal interaction force between indenter and MWCNT can be
written as

F = Φ(d) = 2 ·
( N∑
i=1

mi

)
·
( M∑

j=1

f
(
d + ( j − 1) · b)), (6)

where 2 · (
∑N

i=1mi) yields the number of atoms in each layer,
b denotes the length projection of a C–C bond in the axial
direction (shown in Figure 4), and M is the number of layers
interacting with the indenter plane. Note that the nonbonded
interaction (c.f. (5)) decays quickly as Δ gets above Δ0, thus
M = 4 is ensured to generate converged solution; the results
are also insensitive to the lateral alignment of CNT with re-
spect to indenter lattice. Relationships similar to (6) may be
developed for other chirality of CNTs, by taking into account
different positions of carbon atoms near the top of subunit
SWCNTs (see Section 4.3 for the example of zigzag tubes).

From (3) and (6), the compressive displacement of exam-
ined MWCNT can be written as

u = δ + Φ−1(F)− d0. (7)

Based on the F-δ curve measured from either numerical
or experimental indentation study, the constitutive relation-
ship for MWCNT can be established at small strain. For the
numerical example of (5,5)-(10,10)-(15,15) MWCNT pre-
sented in Figure 1, after removing the contribution of the
MWCNT-indenter interaction using (7), the predicted F-u
curve is shown in Figure 5, which is in excellent agreement
with that measured directly from MM simulation.

Since the resulting F-u relationship is almost linear, the
MWCNT mechanical property is linear elastic when the
nominal axial strain is smaller than about 1.6%. If each sub-
unit SWCNT is modeled as a continuum thin shell, the linear
relationship between F and u at small axial strain can be writ-
ten as

F = ku = EA

L
u =

(
2πEt
L

·
N∑
i=1

Ri

)
· u, (8)

where L is the tube length, E Young’s modulus, t the wall
thickness, Ri the radius of the ith subunit SWCNT, and A de-
notes the total area of MWCNT cross section. Thus, the elas-
tic stiffness of SWCNT, Et, can be measured from the slope
(k) of F-u curve as

Et = L

2π
∑N

i=1Ri

k. (9)

For the present (5,5)-(10,10)-(15,15) SWCNT, k =
231.89 N/m, L = 216.77 Å, R1 = 3.41 Å, R2 = 2R1, and
R3 = 3R1, which leads to Et = 391.35 Pa m (the same
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Figure 5: Comparison between F-δ and F-u curves in the axial
compression regime; the difference is the deformation of nonlin-
ear spring. The predicted F-u curve based on (7) agrees well with
that measured from MM simulation (true solution).

approach can also be applied to either (5,5)-(10,10) or
(10,10)-(15,15) DWCNT studied in this paper and the
results are almost the same). This value is fairly close to that
reported by [20], where Et = 363 Pa m, and by [33], where
Et = 363 Pa m.

4. NANOINDENTATION ON SWCNT CLUSTER

4.1. Deformation mechanisms

Besides forming the concentric MWCNT, SWCNTs of the
same chirality and length may assemble into clusters. The ini-
tial (undeformed) cluster configuration, that is, the arrange-
ment of SWCNTs in lateral directions, is obtained by min-
imizing the system potential energy of the unit cell. Upon
nanoindentation on an n-tube cluster, the indentation force
per tube F = F/n is compared with that of isolated tubes. For
a representative 7-tube (8,0) cluster, the F-δ curve is pre-
sented in Figure 6 whose characteristic is very similar to its
component SWCNT (with L/R = 24.4), as well as being simi-
lar to other long SWCNTs and MWCNTs shown in Figure 3.
Based on both F-δ curve and sequential snap shots of the de-
formed cluster in Figure 6, the indentation process can also
be divided into three main regimes associated with distinct
deformation modes: (I) uniaxial compression where all the
tubes remain straight as the nominal axial stress is smaller
than 1.4% for the cluster under investigation; (II) slide buck-
ling where all subunit SWCNTs buckle toward the same di-
rection after Fcr is attained; (III) postbuckling where the top
layers of subunit SWCNTs are pushed to slide with respect to
the indenter plane after the indentation force is significantly
reduced.

In Figure 6, the F-δ curve of the 7-tube cluster is com-
pared with that of an isolated (8,0) component, as well as
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II. Slide buckling
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Figure 6: MM simulation of indentation on (8,0) SWCNT clusters
with different tube numbers: F-δ curves and top and side views of
the deformed configurations of 7-tube clusters in different regimes.
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Figure 7: Side view and top view of the structural configurations
in postbuckling regimes: (a) 7-tube cluster, (b) 12-tube cluster, and
(c) 19-tube cluster.

that of 12-tube and 19-tube clusters made by the same sub-
unit. The buckled configurations of the clusters are shown in
Figure 7, where all tubes seem to buckle into the same shape.
From Figure 6, the F-δ curve of an isolated tube is very dif-
ferent than that of a subunit tube in a cluster—as a part of a
cluster, the same tube could sustain much higher load before
it buckles (compare with the isolated tube), and only when
the nominal axial strain is smaller than 1.4% does the sub-
unit tube has the same constitutive relationship as its isolated
counterpart. Such increased buckling resistance per tube is
attributed to the van der Waals interactions among neigh-
boring tubes, elaborated below.

4.2. Strengthening of buckling resistance

Figure 6 clearly indicates that with the increase of tube num-
bers in a cluster, each tube could sustain a higher force.
Before buckling, the intertube distance remains essentially
unchanged and thus the van der Waals interaction among
neighboring tubes is not activated in the pure compression
regime. With the help of both normal and lateral nonbonded
interactions, the coordinated deformation of subunit tubes
increases the bending stiffness of the cluster. With reference
to Figure 6, with the assistance of the normal van der Waals
interaction, the deformed shape of all buckled subunit tubes
is almost identical and therefore in order to overcome the
relative sliding between the neighboring tubes (mainly along
the axial direction), the indentation force must be increased.
In other words, when a SWCNT slides with respect to a
nearby counterpart, any atom in the tube has to overcome
a frictional axial van der Waals force.

The strengthening efficiency can still be computed by the
same definition in Section 3.2, that is, the increased buck-
ling resistance divided by the cost of additional reference
tube number. Take the 7-tube (8,0) cluster as an example,
the increase of critical force per tube is 14% (from 7 nN
to 8 nN), and therefore the strengthening efficiency turns
out to be 2.3% (= 14%/6). Following the same procedure,
the strengthening efficiency of all clusters examined above is
found to be in the range between 2.3% and 5%, which is less
significant than that of MWCNTs (18.7%∼ 75%). The lower
level of strengthening efficiency indicates that the concentric
assembly of SWCNTs into MWCNTs is able to provide higher
promotion of buckling resistance than the assembly leading
to clusters, since the effective area of the nonbonded interac-
tion in a MWCNT is larger.

The intertube cohesive forces can also explain some
unique features in the indentation response of SWCNT clus-
ters. Compared with an isolated SWCNT and MWCNTs for
which the indentation force maintains almost a constant
value during postbuckling region (c.f. Figures 1(a) and 3),
the SWCNT clusters are observed in Figure 6 to have a de-
creasing indentation force after buckle. This phenomenon
may be attributed to the different degrees of lateral inter-
actions between subunit tubes as the bending curvature is
varied: the slide motion during each loading step is slowed
down with the increase of indentation depth and curvature
of subunit SWCNTs, leading to a gradual reduction of inter-
tube friction and thus smaller bending resistance.

In order to investigate the influence of tube length on the
strengthening effect of SWCNT clusters, (8,0) SWCNTs with
L/R = 12.2 are compared with their counterparts discussed
above (with doubled aspect ratio). As shown in Figure 8, it is
much harder to buckle the shorter specimens, which matches
well with the beam theory where shorter beams always have
higher buckling resistance than longer beams. Although the
longer cluster should have more atoms involved in inter-
action and therefore higher intertube cohesion is expected,
it is observed from Figure 8 that the percentage of increase
of critical force per tube is nearly the same for both clus-
ters. Here, the shorter specimens have larger critical nomi-
nal strain and therefore larger axial slide motion is initiated
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Figure 8: The effect of tube length: F-δ relationships of short and
long (8,0) SWCNTs and 7-tube clusters.

during the buckling process, which leverages the smaller in-
teraction area and leads to almost the same strengthening ef-
ficiency when compared with the longer cluster.

The effect of chirality is also investigated. The armchair
(5,5) tube with L/R = 25.7 is selected to compare with zigzag
(8,0) tube with similar aspect ratio. Nanoindentation re-
sponses of both SWCNTs and their 7-tube bundles are shown
in Figure 9. It is found that compared to the results for (8,0)
SWCNTs, the assembly of (5,5) SWCNTs into clusters does
not significantly enhance the buckling resistance per tube.
This phenomenon indicates that allocation of atoms in tube
surface has a profound effect on the magnitude of frictional
axial van der Waals force. This conclusion is also supported
by MM simulations showing that more force is required
to slide a zigzag SWCNT along the axial direction (with
respect to a nearby identical neighbor) than an armchair
SWCNT.

4.3. Reverse analysis to deduce the elastic constants

A procedure similar to that outlined in Section 4.3 is used to
derive CNT elastic stiffness Et based on the prebuckling in-
dentation response of zigzag SWCNT clusters. The pairwise
C–C interaction law, (5), holds for any chirality; neverthe-
less, analogous to (6) for armchair CNT, a new geometrical
relationship needs to be established for zigzag tubes. For any
n-tube zigzag SWCNT cluster with chirality (m, 0), assum-
ing the top layers of subunit SWCNTs are aligned in the same
plane, and denote the separation between this plane and the
indenter as d, one could obtain the force per tube as

F = F

n
= Φ(d) = m ·

( M∑
j=1

f
(
d + dj

))
, (10)

where m is also the number of atoms per layer per tube, dj de-
notes the distance between the jth layer and the top layer, and
M is the number of layers to be considered. The zigzag SWC-
NTs have two types of layer separations in the axial direction
as illustrated in Figure 4: one is associated with the inclined
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Figure 9: The effect of tube chirality: F-δ relationships of (8,0) and
(5,5) SWCNTs and 7-tube clusters.
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Figure 10: Comparison between the F-δ and F-u curves in the axial
compression regime; the difference is the deformation of nonlinear
spring. The predicted F-u curve based on (7) agrees well with that
measured from MM simulation (true solution).

C–C bonds whoselength projection in the axial direction is
denoted as b1, and the other one is due to the vertical (axial)
C–C bonds having the length of b2. Consequently, one can
derive d1 = 0, d2 = b1, d3 = b1 + b2, d4 = 2b1 + b2, and so
forth. Again, due to the fading nature of van der Waals inter-
action, M = 4 is adequate to obtain a converged CNT cluster-
indenter relationship with reasonable accuracy. By the virtue
of (7) and (10) with d0 = 3.27 Å for zigzag tubes, the con-
stitutive relationship for SWCNT cluster can be established
at small strain: for the numerical example of 7-tube (8,0)
cluster presented in Figure 6, after removing the variation of
cluster-indenter van der Waals distance, the F-u curve can be
predicted in Figure 10. Again, the predicted relationship is
almost linear and in excellent agreement with that measured
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from MM simulation. Denote k as the slope of F-u relation-
ship, the elastic stiffness of CNT can be extracted as

Et = L

2πR
k. (11)

For the present cluster, k = 100.63 N/m, L = 76.97 Å, and
R = 3.16 Å, which leads to Et = 390.29 Pa m (the same
result is obtained for clusters containing different num-
ber of tubes). This value is very close to the result re-
ported in Section 3.3 (Et = 391.35 Pa m) based on nanoin-
dentaion experiment on the MWCNTs, and also very close
to those reported by Yakobson et al. and Pantano et al.
[20, 33].

5. CONCLUSION

In this study, MM is used to simulate nanoindentation ex-
periments on SWCNTs, MWCNTs, and SWCNT clusters. In
both cases, the buckling deformations are beam-like despite
of some of the very small overall aspect ratios of MWC-
NTs or CNT clusters; in other words, while their subunits
may individually snap buckle like a shell, when assembled
into a structure, even short MWCNTs or SWCNT clusters
slide buckle like beams due to the nonbonded reinforcement
among subunits. In terms of both critical buckling load and
critical buckling strain, the assembled structures (MWCNT
and cluster) are found to have higher buckling resistance
than their subunit SWCNTs, thanks to the van der Waals in-
teractions between either neighboring layers or neighboring
tubes. For MWCNTs, the normal (radial) van der Waals in-
teraction between neighboring layers significantly enhances
the bending stiffness; whereas for SWCNT clusters, the re-
sistance to the sliding motion between nearby SWCNTs (re-
quired for buckling) is dominated by the frictional axial van
der Waals interaction—both mechanisms give rise to higher
load required for buckle. Consequently, both MWCNTs and
SWCNT clusters are found to be sturdier than their sub-
unit components in withstanding buckling, although the
strengthening efficiency is significantly higher for MWCNTs
than clusters.

With the penetration of indenter, both MWCNTs and
SWCNT clusters composed of SWCNTs undergo three se-
quential deformation regimes: uniaxial compression, slide
buckling, and postbuckling. The indentation responses in
the first regime are utilized to deduce the elastic constant
Et. A nonlinear spring model generalized from MM sim-
ulation is proposed to simulate the van der Waals inter-
action between indenter and MWCNT/cluster. By utilizing
the proposed model, contribution of the van der Waals in-
teraction is excluded from the measured indentation force-
depth curve, leading to a linear relationship between the ap-
plied compression and intrinsic sample deformation. The
obtained elastic stiffnesses for both MWCNT and SWCNT
clusters are in good agreement with each other, as well as
with that in the literature, which demonstrates the potential
of using the proposed nonlinear spring model and algorithm
to deduce elastic constants of CNTs via nanoindentation
experiment.
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Atomic force microscope-(AFM-) based indentation tests were performed to examine mechanical properties of parallel single-
crystal silicon nanolines (SiNLs) of sub-100-nm line width, fabricated by a process combining electron-beam lithography and
anisotropic wet etching. The SiNLs have straight and nearly atomically flat sidewalls, and the cross-section is almost perfectly
rectangular with uniform width and height along the longitudinal direction. The measured load-displacement curves from the
indentation tests show an instability with large displacement bursts at a critical load ranging from 480 μN to 700 μN. This
phenomenon is attributed to a transition of the buckling mode of the SiNLs under indentation. Using a set of finite element
models with postbuckling analyses, we analyze the indentation-induced buckling modes and investigate the effects of tip location,
contact friction, and substrate deformation on the critical load of mode transition. The results demonstrate a unique approach for
the study of nanomaterials and patterned nanostructures via a combination of experiments and modeling.
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1. INTRODUCTION

Silicon (Si)-based nanomaterials [1–9] have drawn much
attentionrecently due to continual miniaturization of semi-
conductor devices in microelectronics and development of
nanoelectromechanical systems (NEMSs). One of the per-
sisting challenges for practical applications of nanomaterials
has been the measurement of their mechanical properties,
which as well known can be different from their counterparts
of bulk materials. A variety of metrology methodologies
have been developed, such as nanoscale tensile tests [10–12],
resonance methods [13, 14], bending techniques [1, 2, 4–6],
and nanoindentation tests [7, 15]. In particular, the nanoin-
dentation tests have been well established for measuring
mechanical properties such as elastic modulus, hardness, and
fracture toughness, for both bulk and thin-film materials
[16, 17], with very high force/displacement resolution and
excellent controllability. Recently, the nanoindentation tech-
nique has been adopted for mechanical characterization of
various nanomaterials [15], including nanotubes [18, 19],
nanowires [20, 21], nanobelts [22], and nanoparticles [7].
However, interpretation of the nanoindentation results for
nanomaterials is nontrivial and often requires sophisticated
modeling effort [7, 21, 23, 24].

In this paper, we carry out nanoindentation experiments
to characterize the mechanical properties of single-crystal
Si nanolines (SiNLs). These SiNLs are fabricated by a
process combining electron beam lithography (EBL) and
anisotropic wet etching [25, 26]. They have atomically flat
sidewalls and almost perfectly rectangular cross sections.
The measured indentation load-displacement curves show
a peculiar character with a large displacement burst at a
critical load. A finite element model is developed to simulate
the indentation test, which reveals a buckling mechanism of
the SiNLs under indentation. A systematic modeling effort
is presented here to elucidate the effects of the indenter
tip location, contact friction, and substrate deformation
on the critical load. The results demonstrate a potential
methodology to study buckling, friction, and fracture of
nanomaterials through a combination of experiments and
modeling.

2. EXPERIMENTAL

Figure 1 shows an array of parallel SiNLs fabricated by a
process combining EBL and anisotropic wet etching. The
fabrication process began with chemical vapor deposition of
an oxide layer on a Si (110) wafer, followed by depositing
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Figure 1: SEM images of parallel silicon nanolines, with 74 nm line
width and 510 nm height; the pitch distance is 180 nm. (a) A plan
view, (b) a perspective view with 60◦ tilt angle. A trench pattern is
specially designed at one end of the line for the SEM image in (b),
showing the cross sections of the nanolines with sharp edges due to
anisotropic etching.

a thin chromium layer. A positive photoresist was then
spun on the wafer and patterned using an electron beam
exposure system.Pattern transfer from the resist was per-
formed by plasma etching of the chromiumand oxide down
to the silicon surface. Subsequently, the residual resist was
removed and tetra-methyl-ammonium hydroxide (TMAH)
was used for anisotropic etching of the Si,with the remaining
chromium and oxide layers as the hard mask. When the EBL
patterned lines were aligned with one of the 〈112〉 directions
on the Si surface, parallel SiNLs were produced by the
anisotropic etchingalong the {111} crystalline planes, with
vertical and atomically flat sidewalls. Finally, the residual
chromium and oxide were removed by chromium etchant
and bufferedoxide etchant (BOE), respectively. Figure 1(a)
shows highly uniform line width along the longitudinal
directions of the SiNLs, and Figure 1(b) shows a perspective
view near one end of the SiNLs where a trench pattern was
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Figure 2: (a) Schematic of the nanoindentation test on parallel
SiNLs. (b) A set of three load-displacement curves from the
nanoindentation tests on the 74 nm SiNLs, with no residual
deformation after unloading of the indenter.

specially designed for the purpose of SEM imaging. The line
width of the SiNLs shown in Figure 1 is 74 nm, and the
height is 510 nm, corresponding to an aspect ratio of 6.9 for
the rectangular cross section. The pitch distance is 180 nm.
Following the same process, we have successfully fabricated
SiNLs with line widths ranging from 40 nm to 500 nm. The
height of the SiNLs can be controlled by TMAH etching time
within the range of 100–2000 nm, and the length is defined
by the exposed area for electron-beam patterning, which
was 50 μm for the present study. The high crystal quality
and well-defined line geometry, along with the atomically
flat sidewalls and highly uniform line width, make these
SiNLs well suited for accurate experimental measurements
and modeling.

An atomic force microscope (AFM)-based nanoinden-
tation system (Triboscope by Hysitron, Inc.) was used to
characterize the mechanical properties of the SiNLs. A
conically shaped diamond indenter with the tip radius
around 5 μm was used to probe the SiNLs, as schematically
illustrated in Figure 2(a). The tip radius was more precisely
determined by scanning electron microscope (SEM) to be
4.6 μm. During each indentation test, the indenter was placed
directly above an array of parallel SiNLs, patterned in a
50 μm by 50 μm area of the wafer surface. The indenter was
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brought into contact with the SiNLs, monitored by a build-
in transducer. Subsequently, loading and unloading of the
indenter were performed with the force and displacement
measured simultaneously. Figure 2(b) shows three load-
displacement curves obtained from the indentation tests on
the 74 nm SiNLs. In the first test (thick yellow curve in
the plot), a small indentation load of 500 μN was applied
and subsequently unloaded, which shows an elastic response
with coinciding curves for loading and unloading. With the
indentation load increased beyond 550 μN for the second
and third tests, a large displacement burst was observed. This
indicates the occurrence of instability under indentation.
Similar displacement bursts were observed in nanoindenta-
tion experiments of metal films, which were attributed to
a dislocation mechanism as an intrinsic material instability
[24]. Here, however, the magnitude of the displacement
burst is much larger (over 60 nm in comparison with a few
nanometers for the metal films). As noted in a previous study
[2], plastic deformation of nanoscale single-crystal Si beams
was observed only at elevated temperatures (> 373 K), thus
the dislocation mechanism is not expected to operate at the
room temperature. Furthermore, it was found that, after the
displacement burst, unloading of the indenter fully recovers
the displacement, with no observable residual deformation.
This suggests a likely instability mechanism due to buckling
of the SiNLs, to be confirmed by modeling simulations as
discussed in the later sections.

Additional indentation tests with the SiNLs were carried
out with various indentation loads, as shown in Figure 3(a).
Here, however, irrecoverable residual deformation was
observed after unloading of the indenter. It is noted that the
maximum indentation displacement for each of these tests
is greater than 150 nm, while in Figure 2(a) the maximum
displacement was less than 100 nm. It is thus conjectured
that the larger indentation displacements in this set caused
more significant bending of the SiNLs after the buckling
instability, which in turn induced higher tensile stresses that
eventually fractured the SiNLs. Indeed, debris of fractured
Si were observed, as shown in Figure 3(b) for one of these
tests. Remarkably, the debris of the fractured SiNLs are of
isosceles triangular shape, with two sides well aligned in the
〈110〉 directions and the base in the 〈112〉 direction parallel
to the SiNLs. This indicates a primary cleavage mechanism
of the close packed {111} planes along the 〈110〉 directions
[17]. This opens a possibility to study fracture of Si at the
nanoscale.

3. FINITE ELEMENT MODEL

In this section,we calibrate a finite element model to simulate
the nanoindentation test on SiNLs. The model system
consists of a spherical indenter and parallel SiNLs standing
on a substrate, as illustrated in Figure 4. Since the tip radius
(R = 4.6 μm) is much greater than the line width (w = 74 nm)
and the pitch (S = 180 nm), the conical indenter used in the
experiments is effectively modeled by the spherical indenter
of the same tip radius. Furthermore, the indenter is modeled
as a rigid body. This approximation is justified by noting
that Young’s modulus of the diamond indenter (1140 GPa)
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Figure 3: (a) A set of five load-displacement curves from the
nanoindentation tests on the 74 nm SiNLs, with irrecoverable
displacements due to fracture of the SiNLs. (b) A SEM image of
the fractured SiNLs, with debris of isosceles triangular shape.

is much greater than that of Si (e.g., 169 GPa in the [110]
direction). It was confirmed that a similar model with an
elastic diamond indenter predicts a load-displacement curve
nearly identical to the rigid indenter model, as shown in
Figure 5. On the other hand, the elastic indenter model
requires significantly higher computational effort, with a
larger number of elements, especially for the contact between
the indenter and the SiNLs. Next, the Si substrate is modeled
as a rigid foundation to the SiNLs. This approximation is
made by considering that the patterned SiNLs, with air gaps
in between, are more compliant than the solid substrate.
The effect of elastic deformation in the substrate will be
further discussed in the next section. Finally, the material
of SiNLs is assumed to be linearly elastic and isotropic. As
suggested by Vlassak et al. [27], modeling indentation on
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Figure 4: Illustration of the parallel SiNLs under spherical
indentation (not to the scale), showing the cross sections of two
lines and the contact forces. The tip alignment is indicated by an
offset δ from the trench center.
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Figure 5: Calibration of the finite element model using the
experimental data. The elastic indenter model and the rigid
indenter model give nearly identical load-displacement curves, both
in good agreement with the experimental data.

elastically anisotropic materials can be simplified by using
an equivalent isotropic model. To determine the equivalent
isotropic elastic modulus for the SiNLs, we compare the
load-displacement curve obtained from the model to the
experimental curves shown in Figure 2(b). With the Poisson’s
ratio fixed as 0.27, we found that a Young’s modulus of
140 GPa gives a load-displacement curve in good agreement
with the experimental curve, as shown in Figure 5. This

x

z

y

Figure 6: A finite element model of parallel SiNLs under indenta-
tion, showing three half-lines with symmetric boundary conditions
at the planes z = 0 and x = 0. The tip of the indenter moves along the
y-axis during the simulation for a symmetric trench-center loading.

modulus is lower than the Young’s modulus of bulk Si in the
[110] direction, but higher than that in the [001] direction.

Three-dimensional finite element (FE) models are con-
structed for the SiNLs using ABAQUS [28]. Figure 6 shows
an example model, with the tip of the indenter aligned
with a trench center (i.e., δ = 0 in Figure 4). By symmetry,
three half-lines on one side of the tip are modeled for
indentation on six parallel SiNLs. The number of lines and
the indenter tip location are varied to investigate their effects,
as discussed in the next section. The length of the SiNLs
in the experiments was 50 μm, much greater than the line
width (w = 74 nm) and height (h = 510 nm). In the FE
model, the lines are 6 μm long. The length is chosen such
that the boundary condition at the ends has negligible effect
on the simulation results, mimicking infinitely long lines.
Only half of each line is modeled, with a symmetry boundary
condition for the cross section at z = 0.

To model the indentation load, contact surfaces are
defined between the indenter and the lines. The contact
property, either frictionless or frictional, is specified. As
discussed in the next section, the friction between the
indenter tip and the SiNLs is very important in determining
the critical buckling load. On the other hand, contact and
friction among SiNLs are ignored because of the relatively
large spacing between the lines (S/w > 2). For columnar
structures with narrow spacing such as those in thermal
barrier coatings [28, 29], the inter-columnar contact and
friction are critical. To simulate buckling and post-buckling
behavior of the SiNLs, the modified Riks method [30, 31]
is adopted for the FE simulations. The essence of the Riks
method is that the solution is viewed as a single equilibrium
path in a space defined by both the nodal displacements
and the loading parameters. This approach solves simultane-
ously for loads and displacements, thus providing solutions
regardless of whether the response is stable or unstable. The
contact between the indenter and the lines and possible loss
of the contact in the present model often causes divergence
in the numerical simulations. A spring-dashpot element
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Figure 7: Indentation load-displacement curves from finite ele-
ment models with different numbers of lines. The indenter tip
is aligned with the trench center between two center lines. The
initiation of contact with the first four pairs of the lines is indicated
by the arrows with numbers 1–4.

[30] has been used as a numerical damper to stabilize the
numerical simulations, which effectively adjusts the step size
to relieve the sudden force change upon contact and buckle
initiation.

4. RESULTS AND DISCUSSIONS

4.1. Symmetric loading with frictionless contact

We begin with a simplest model, assuming frictionless
contact between the indenter and the lines. The tip of the
indenter is aligned with a trench center between two lines
(i.e., δ = 0 in Figure 4). The number of lines in the model
is varied from 2 to 8 by including the neighboring lines,
all placed symmetrically with respect to the tip location.
The condition of symmetry is used to reduce the number
of elements and thus the computational time. Figure 7
plots the indentation load-displacement curves from the
FE simulations. By comparing the curves for different
numbers of lines, we can determine the initiation of multiple
contacts at different indentation depths,as indicated by the
vertical arrows in Figure 7. The first contact occurs between
the indenter and the two center lines, with a very small
displacement of the tip from its initial position at the same
height as the lines. The indentation force is zero before
the first contact and increases with the tip displacement
afterwards. This part is the same for all the curves, as the
first contact occurs in all the four models. The curve for
the two-line model deviates from the other curves after the
tip displacement reaches 5.9 nm, at which point the indenter
makes contact with the next pair of lines adjacent to the
center lines. This second contact is absent in the two-line
model, which gives a more compliant force-displacement

curve thereafter. Similarly, the curve of the four-line model
deviates from the other two after the third contact at the
tip displacement of 18.6 nm, and the six-line curve deviates
from the eight-line curve after the fourth contact at the
tip displacements of 38.4 nm. The tip displacements for the
initiation of each contact can be confirmed from a pure
geometric consideration using the given radius of the rigid
spherical indenter along with the line width and the pitch
distance.

All the force-displacement curves in Figure 7 exhibit an
unstable behavior, with the force decreasing after a critical
load. While the critical load for the two-line model is
significantly lower, the other three models give the same
critical load, as the instability occurs after the second contact
but before the third contact. In other words, at the critical
load, only the four lines nearest to the tip of the indenter are
in contact and thus subject to the contact forces. The detail of
the instability is elucidated by the six-line model in Figure 8.
Figure 8(a) shows the deformation of the SiNLs and the stress
distribution immediately before the instability, indicated
as point A on the load-displacement curve (see Figure 7).
At this point, the center two lines are bent symmetrically,
with the cross section taking a half-wave shape and nearly
perpendicular to the surface of the indenter at the contact.
This is similar to the buckling mode of a column with
one end fixed and the other end constrained of rotation
(see the inset). Apparently, the frictionless contact allows
lateral sliding of the lines along the spherical surface, but
the compressing rigid surface constrained the rotation of
the top surface of the lines. Such constraint however is
lost in Figure 8(b), corresponding to point B on the load-
displacement curve (see Figure 7). Now, the cross section of
the center two lines takes a quarter-wave shape, similar to the
buckling mode of a column with one end fixed and the other
end free of any constraint (see the inset). The transition of the
buckling mode is thus responsible for the instability shown
in Figure 7. The quarter-wave mode is more compliant (less
constrained) than the half-wave mode, leading to the force
drop from A to B in the load-displacement curve. Meanwhile,
the next two lines are still bent in a half-wave mode at point
B. A similar transition of the buckling mode for these two
lines gives the second peak in the load-displacement curve.
After that, all four lines nearest to the indenter tip are bent
in the quarter-wave mode, as shown in Figure 8(c). It can be
seen that the transition of the buckling mode is accompanied
by significant sliding and partial loss of the contact between
the indenter and the SiNLs.

While the Riks method used in the numerical simulation
gives a single equilibrium path for each model, experimental
curves depend on the control of the load or displacement. If
the experiments were under a displacement control, similar
curves as shown in Figure 7 would be expected. Under
a load control, however, the equilibrium path in Figure 7
would predict a displacement burst at the critical load, that
is, from point A to point C for the six-line model. This
qualitatively agrees with the experimental curves shown in
Figure 2(b). However, it is noted that, for models with six
or more lines, the displacement burst starts at point A with
only four lines in contact with the indenter but stops at
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Figure 8: Buckling of SiNLs and mode transition simulated by the finite element model. The contours show the distributions of normal
stress in the 2-direction. (a)–(c) correspond to the points A, B, C on the load-displacement curve in Figure 7, respectively. The insets in (a)
and (b) show analogous buckling modes in columns.

point C with six lines in contact. This implies a possible
dynamic contact process during the displacement burst, not
captured in the present static analysis. This may account
for the quantitative discrepancy in terms of the magnitude
of the displacement jump between the experimental curves
in Figure 2(b) and the equilibrium path in Figure 7. The
former shows displacement jumps of over 60 nm, but the
latter predicts only about 10 nm for the simulations with six
or eight lines. Interestingly, a much larger displacement burst
is predicted by the four-line model, about 55 nm from A to

D. Apparently, the postbuckling behavior under the load-
control experiments is complicated by the dynamic contact
and friction processes, which is beyond the present static
model and will be left for further investigations. In the
present study, we focus on the critical load for the onset of
the displacement burst, for which the static analysis of the
present model suffices. Figure 7 shows that a minimum of
four lines is sufficient for the modeling of the indentation test
up to the critical load, because the contact with additional
lines occurs only afterwards. The modeling however predicts



Min K. Kang et al. 7

0 10 20 30 40 50 60 70 80 90

Distance from trench center (nm)

0

100

200

300

400

500

C
ri

ti
ca

ll
oa

d
(μ

N
)

Six-line model
Sum of two lines
Right center line

Left center line
Line center loading

Figure 9: The critical load of buckling transition versus the indenter
tip location, obtained from the finite element models. The critical
loads for the left and right center lines are obtained from a single-
line model.

a relatively low critical load at about 400 μN, while the critical
load from the experimental curves (see Figures 2(b) and
3(a)) ranges from 480 μN to 700 μN. In the following, we
discuss possible causes of this discrepancy by analyzing the
effects of relative tip location, contact friction, and elastic
deformation of the substrate.

4.2. Effect of tip location

The indentation tests of the present study were not equipped
with sufficient lateral resolution for accurate positioning of
the indenter with respect to individual SiNLs. The possible
location of the indenter tip therefore could vary from
a trench center between two lines to the center of one
line (another case of symmetric loading). As illustrated in
Figure 4, the eccentricity from the trench center, δ, varies
from 0 to S/2, with S being the pitch distance between
two adjacent lines. Figure 9 plots the critical load as a
function of δ from the FE model with six lines. For the
cases of asymmetric loading, six half-lines are meshed with
one symmetric plane at z = 0 (refer to the coordinates in
Figure 6). The contact between the indenter and the lines
remains frictionless for the time being. It is found that
shifting the relative tip location has negligible influence on
the initial elastic response and the critical load. The no-
effect on the elastic response before the critical load may be
understood by noting the fact that the radius of the indenter
is significantly larger than the pitch distance, and thus the
variation of the contacts due to a shift of the tip location
within the pitch distance is hardly noticeable by the large
indenter. This is consistent with the experimental curves
that follow a nearly identical path up to the critical load
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Figure 10: The critical load of buckling transition as a function
of the friction coefficient at the contact, obtained from the finite
element models with tip locations at the trench center, line center,
and 3 nm off the line center.

despite the uncertainty of the tip locations. On the other
hand, the contact forces acting on each individual line vary
asymmetrically with the tip location. For the center two lines
that contribute the most to the total indentation force, the
contact force is higher on the line closer to the tip and lower
on the other one. Meanwhile, the critical load for each of
these lines also varies with the tip location. As the tip moves
closer (or farther) to the line, the contact angle θ decreases
(or increases), and the critical load for the buckling mode
transition of the individual line increases (or decreases). This
trend has been confirmed by FE simulations with only one
line under the indenter. Consequently, as the tip location
shifts from the trench center towards the right side, the
critical load increases for the right center lines but decreases
for the left center line, as shown in Figure 9. Together with
the redistribution of the contact forces on each line, the
buckling instability occurs almost simultaneously for the two
center lines, and the sum of the two individual critical loads
is nearly independent of the tip location. The contact forces
acting on the next two lines farther away from the tip account
for the difference between the sum of the single-line critical
loads and the total critical loads, also nearly independent of
the tip location as a result of similar force redistribution.

As a special case, when the tip of the indenter is aligned
exactly with the line center (i.e., δ = S/2), the line directly
underneath the tip is subjected to pure compression and does
not buckle at all. In this case, the critical load is 500 μN,
considerably higher than those for tip locations off the line
center, as noted in Figure 9. A large portion of this critical
load is due to the pure compression of the center line, while
the buckling instability occurs for the two lines immediately
adjacent to the center line. From a single-line model with the
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Figure 11: Simulated buckling modes of SiNLs under indentation with the indenter tip aligned 3 nm off the line center. (a) With frictionless
contact between the indenter and the lines, (b) with coefficient of friction, μ = 0.002, at the contact.

indenter tip located 180 nm off the line center (or, δ = 90 nm
for the left center line), the critical load for each of these two
lines is obtained as 116 μN, twice of which contributes less
than half of the total critical load from the six-line model.

4.3. Effect of friction

As illustrated in Figure 4, the normal contact force acting on
the line tends to push the top of the line sliding against the
indenter surface. This has been confirmed by the FE sim-
ulations assuming frictionless contact between the indenter
and the SiNLs (see Figure 8). With friction, however, the
sliding would be hindered, and thus the response of the
SiNLs under indentation would be altered. By using a simple
Coulomb friction model [28], we define a frictional contact
surface between the indenter and the SiNLs in the FE models
to analyze the effect of the friction coefficient μ. First, it
is noted that the frictional contact property has negligible
influence on the load-displacement curve before the critical
load, for the coefficients of friction between 0 and 0.02 used
in the present study. On the other hand, the critical load
for the buckling transition of the SiNLs increases with the
friction coefficient, as shown in Figure 10. With the indenter
tip aligned at the trench center, the critical load increases
from 400 μN for frictionless contact to about 510 μN with

a friction coefficient μ = 0.012. Clearly, the friction delays
the transition of the buckling model that requires significant
sliding of the contact surfaces. Further increasing the friction
coefficient to 0.015 sees a sudden jump of the critical load
to over 800 μN. This happens because of a change in the
scenario. As the sliding of the center two lines is highly
constrained by the frictional force, the transition of buckling
mode occurs with the next two lines farther away from the tip
while the center two lines are locked underneath the indenter
without buckling. The total critical load in this case thus
includes a large portion from the compression of the center
two lines, plus the critical load for the next two lines. It is
noted that the initial contact angle between the indenter and
the center lines is about 0.0115, close to the coefficient of
friction that locks down the sliding of the center line. For the
next two lines, the initial contact angle is around 0.05, which
requires a much larger coefficient of friction to lock down
their sliding.

When the indenter tip is aligned with the line center,
higher critical loads are obtained except for the case with the
large friction coefficient μ = 0.015, as shown in Figure 10.
As discussed for the frictionless contact, with the perfect
alignment, the center line is under pure compression and
does not buckle. The friction then delays the transition of
the buckling mode for the two lines closest to the center line,
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Figure 12: A comparison of indentation load-displacement curves
from the finite element models of parallel SiNLs on a rigid substrate
and on an elastic substrate, respectively.

giving higher critical loads for larger coefficients of friction.
For the case of the large friction coefficient (μ = 0.015),
the critical load for the line center indentation becomes
lower than that for the trench center indentation, because
the former has only one line locked underneath the indenter
while the latter has two. Interestingly, when the location
of the indenter tip is slightly off the line center, the center
line can still be locked by the frictional contact, while it
always slides and buckles with a frictionless contact. This is
illustrated in Figure 11, which shows buckling of the SiNLs
from the FE models with the indenter tip aligned 3 nm off the
line center, one with frictionless contact and the other with a
coefficient of friction μ = 0.002. As shown in Figure 10, the
former gives a critical load close to that under the symmetric
trench-center loading, and the latter gives a critical load close
to that under the exact line-center loading for the same
coefficient of friction. Therefore, the friction at the contact
leads to a change in the critical load and its dependence on
the tip location.

The critical loads from the experiments, ranging from
480 μN to 700 μN, fall within the range shown in Figure 10
from the FE modeling. The scattering in the experimental
data thus may be attributed to the combined effect of contact
friction and tip location. The contact friction may vary with
local surface conditions for the indenter and the SiNLs,
the tip location varies from test to test due to the lack of
lateral resolution for exact positioning. Therefore, refined
experiments with sufficient lateral resolution would reduce
the data scattering and give a better measure of the friction
properties. It is noted that the coefficients of friction used in
the present study are about one order of magnitude lower
than those obtained from a tribological test using a spherical
diamond tip (tip radius 20 μm) on single-crystal Si (100)
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Figure 13: Stress distributions from a finite element model with
SiNLs on an elastic substrate under a symmetric trench center
loading. (a) and (b) show contours of the normal stresses in the
2- and 3-directions, respectively.

wafers [32]. The indentation tests on the SiNLs may offer a
new approach to studying friction at the nanoscales.

4.4. Effect of elastic substrate

In the FE simulations discussed above, the SiNLs have been
assumed to be supported by a rigid foundation. Consider-
ation of an elastic substrate requires a significant increase
in the number of FE elements and the computational time.
To illustrate the effect of the elastic substrate, a FE model is
constructed with six lines under a symmetric loading at the
trench center. The dimensions of the substrate are 490 nm
(height) by 900 nm (width) by 3000 nm (length). The
material properties for the substrate are the same as those
for the SiNLs, with Young’s modulus 140 GPa and Poisson’s
ratio 0.27. The contact surface is defined as frictionless for
this case. Figure 12 compares the load-displacement curves
from the models with the elastic and rigid substrates. Clearly,
the model with the elastic substrate is more compliant, and
the critical load for the onset of instability is lower. A higher
Young’s modulus could be used in the FE model with an
elastic substrate to match the load-displacement curve with
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the experimental data, which would also increase the critical
load. The final result for the critical load would be close to
that of the rigid substrate model.

The stress distribution after the buckling transition,
obtained from the FE model with the elastic substrate, is
shown in Figure 13. As expected, stress concentration near
the roots of the SiNLs is observed. In addition, relatively
tensile high stresses in the direction parallel to the SiNLs
exist at the top of center line, due to the localized buckling
deformation. The locations of high tensile stresses, along
with the specific crystal orientation and cleavage planes,
would be useful for understanding fracture of the SiNLs
observed in the experiments (see Figure 3).

5. SUMMARY

A buckling instability is observed in the nanoindentation
tests of the parallel silicon nanolines. A systematic analysis
of the buckling modes is presented based on finite element
modeling. In particular, the effects of indenter tip location
and contact friction on the critical load are discussed as
possible causes for the scattering of the experimental data.
The result from the present study demonstrates a potential
methodology to study buckling, friction, and fracture at the
nanoscale via a combination of experiments and modeling.
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Indentation responses of crystalline materials have been found to be radically different at micrometer and nanometer scales. The
latter is usually thought to be controlled by the nucleation of dislocations. To explore this physical process, a dislocation mechanics
study is performed to determine the conditions for the nucleation of a finite number of dislocations under a two-dimensional
wedge indenter, using the Rice-Thomson nucleation criterion. The configurational force on the dislocation consists of the applied
force, the image force, and the interaction force between dislocations. Dislocations reach equilibrium positions when the total
driving force equals the effective Peierls stress, giving a set of nonlinear equations that can be solved using the Newton-Raphson
method. When the apex angle of the wedge indenter increases, the critical contact size for dislocation nucleation increases rapidly,
indicating that dislocation multiplication near a blunt wedge tip is extremely difficult. This geometric dependence agrees well with
experimental findings.
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1. INTRODUCTION

The ability to quantitatively model mesoscopic material be-
havior is a critical step in understanding reliability analysis
and material design for applications ranging from aerospace
components to nanoelectronics. Many experimental studies
in the past decade have shown that the contact plasticity is
size-dependent (i.e., indentation size effects, ISEs) and thus
is essentially a multiscale problem [1–7]. This phenomenon
is believed to be due to the collective behavior of dislocation
nucleation and storage under the contact. Statistical theo-
ries have been developed to understand the dislocation mi-
crostructures that form and evolve during contact events, but
most of these theories are only applicable when the contact
size is larger than micrometers. A number of recent experi-
ments demonstrate the importance of individual dislocation
nucleation events, such as pop-in excursions on the load-
displacement curves [7, 8], which are thought to govern the
indentation size effects at nanoscale, while the size effects at
microscale are associated with strain gradient effects and ge-
ometrically necessary dislocations [1, 2, 7].

A variety of analyses have been carried out using discrete
dislocation and phenomenological strain gradient plasticity

to model ISE across the length scales [9, 10]. At larger length
scale (submicron to micrometer scales), both strain gradient
plasticity theories that are based on geometrically necessary
dislocations and discrete dislocation simulations have pro-
vided important insights in understanding the dependence
of microhardness on contact size. Many recent theories aim
to modify these theories for nanohardness measurements
[4, 10], but the connection to the dislocation microstructure
still remains elusive. At sufficiently small-length scale, the size
of the contact region under high stress may be comparable
to the dislocation spacing, so that the indentation behav-
ior may enter the dislocation-nucleation-controlled regime.
This work attempts to explore this line from the study of the
dislocation nucleation and pileup under a two-dimensional
wedge contact tip.

2. PROBLEM FORMULATION AND
SOLUTION METHOD

Figure 1 gives the problem definition where the apex half an-
gle is α, the applied load is P (per unit length out of the
plane), and the contact size is a. Suppose that a dislocation
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Figure 1: Schematic illustration and geometric conventions of the
contact problem.

b = b(cosθ, sinθ, 0)T can be nucleated from the indenter tip,
then a negative dislocation −b will be left. This dislocation
pair will lead to tilting of the indenter, but such a modifica-
tion is usually very small [11] and will be neglected in this
work. The micromechanical model consists of three parts:
(1) the determination of the configurational force on the dis-
location, (2) the use of the Rice-Thomson criterion for dislo-
cation nucleation, and (3) the calculation of the equilibrium
dislocation positions. In the continuum dislocation model-
ing, we use the Rice-Thomson dislocation nucleation crite-
rion [12, 13]. If the driving force on a dislocation at a distance
η from a stress concentration is greater than the Peierls force,
the dislocation can be emitted from the step. The dislocation
glides only if the driving force overcomes the Peierls force.
In the Rice-Thomson model, parameter η characterizes the
size of the dislocation emission process zone. We can either
regard it as a material parameter or determine it by atom-
istic simulations. With the information of η and the effective
Peierls stress τp, we can easily decide whether a dislocation
nucleates and where the equilibrium position of the nucle-
ated dislocation would be, as long as the driving force on the
dislocation is determined.

The driving force on the dislocation b has three parts:

J = Jappl + Jimage + Jint, (1)

where Jappl is the applied driving force, Jimage is the image
force, and Jint is the interaction force due to the dislocation
−b and/or other pairs of dislocations. The applied driving
force can be computed from the stress field [11]:

σxx = 2y
πa

(
μ

1− ν

)
cotα
π

∫ 1

−1

cosh−1(1/t)(x/a− t)2dt[
(x/a− t)2 + (y/a)2]2 ,

σyy = 2y3

πa3

(
μ

1− ν

)
cotα
π

∫ 1

−1

cosh−1(1/t)dt[
(x/a− t)2 + (y/a)2]2 ,

σxy = 2y2

πa2

(
μ

1− ν

)
cotα
π

∫ 1

−1

cosh−1(1/t)(x/a− t)dt[
(x/a− t)2 + (y/a)2]2 ,

(2)

and the Peach-Koehler formula:

Jappl =
[
(σ·b)× (0, 0, 1)T]·(cosθ, sinθ, 0)T. (3)

Those curves of Jappl(1− ν)/μb against r/b will collapse onto
each other by replotting Jappl(1 − ν)/μb against r/a, clearly
because the indenter is self-similar. The state of stress at the

apex comprises a finite shear stress superposed on an infinite
hydrostatic pressure. The applied driving force at the apex
can be written as

(1− ν)
μb

Jappl

∣∣∣∣
r→0

= cotα
π

f (θ), (4)

where f (θ) is a dimensionless function that only depends on
the slip-plane angle of the order of unity. This stress state
is radically different from the stress singularity caused by a
crack tip, or a flat-ended punch under normal contact, or
an arbitrary indenter under tangential contact [14, 15]. The
implications on the dislocation nucleation behavior will be
discussed shortly.

The image force can be determined by considering two
opposing semi-infinite cracks in an undislocated plane, sub-
jected to tractions that will cancel the tractions induced by
the dislocation in an uncracked plane. Using the complex
function analysis, the stress field at z = x + iy, caused by a
dislocation b at z0 = x0 + iy0, in an uncracked plane is given
by [16]

σ̃xx + σ̃yy = 2
[
Φ(z) + Φ(z)

]
,

σ̃yy + iσ̃xy = Φ(z) + Ω(z) + (z − z)Φ′(z),
(5)

where the holomorphic complex functions Φ and Ω are

Φ(z) = B

z − z0
, Ω(z) = B

z0 − z0

(z − z0)2 +
B

z − z0
,

B = μ

πi(1 + κ)

(
bx + iby

) = ( μ

1− ν

)
1

4π

(− ibx + by
)
,

(6)

and κ = 3− 4ν for plane strain.
Now consider an undislocated plane with two oppos-

ing semi-infinite cracks, subjected to the corrected tractions
−σ̃(|x| > a, y = 0). Following Tada’s solution 4.5 [17], the
correction stress field can be determined by

ZI(z) =
(∫ −a

−∞
+
∫∞
a

)
dt
−σ̃yy(t, 0)

π

√
t2 − a2√
a2 − z2

(
1

t − z
+

2z
a2

)
,

ZII(z) =
(∫ −a

−∞
+
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a

)
dt
σ̃xy(t, 0)

π

√
t2 − a2√
a2 − z2

(
1

t − z

)
,

(7)

where ZI(z) and ZII(z) are the mode-I and mode-II West-
ergaard stress functions, respectively. The stress components
inside the substrate are

σ̂xx =
(
ReZI − yImZ′I

)
+
(
2ImZII + yReZ′II

)
,

σ̂yy =
(
ReZI + yImZ′I

)
+
(− yReZ′II

)
,

σ̂xy =
(− yReZ′I

)
+
(
ReZII − yImZ′II

)
.

(8)

In (7), we have assumed that the contact region is full
bonded, so that the crack analogy can be used. This is equiv-
alent to the infinite friction condition, or to the contact be-
tween two identical solids (regardless of the friction condi-
tion). For two different materials under finite frictional con-
tact, the shear stress inside the contact should be considered
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in the calculation of image force. Finite friction usually does
not change the load-displacement curve noticeably [18], but
may change the stress distribution and thus lead to a large
contribution to the image force.

The image force Jimage can be computed from the stress
fields in (8) and the Peach-Koehler formula. The interaction
force Jint can be easily computed from (5) and (8) by sub-
stituting −b into b, and 0 into z0. The image force becomes
less important when the contact size increases, since its mag-
nitude decays rapidly with respect to the distance from the
free surface. The interaction force decays with respect to the
location of the leading dislocation.

We are concerned with the critical load or contact size to
nucleate a dislocation. Using the Rice-Thomson criterion, a
straightforward dimensional analysis gives that

acrt

b
= Πa

(
η

b
,
τp

μ
(1− ν),α, θ

)
. (9)

After the dislocation is nucleated, the equilibrium position of
the dislocation is determined by J = τpb, leading to

req

a
= Πr

(
a

b
,
η

b
,
τp

μ
(1− ν),α, θ

)
, (10)

with a > acrt. It is anticipated that when a � b, the driving
force is dominated by the applied stress field, so that req/a be-
comes size-independent since the applied stress field is self-
similar. The relationship between req/a and a/b gives a quali-
tative measure of the dislocation density under the indenter.

When there are many dislocations, the driving force on
the kth dislocation consists of (1) and the interaction force
from other pair of dislocations. The latter can be easily eval-
uated from (5) and (8). To determine the equilibrium posi-
tions of N dislocations, we use the Newton-Raphson method
to solve N force-balance equations. The root finding process
is very slow because of the N-dimensional functions and the
shallow slope of driving force curves near equilibria.

3. RESULTS AND DISCUSSION

Figure 2 shows the total driving force with respect to the
dislocation location. The zone where the interaction force
dominates does not proportionally increase with the contact
size. Consequently, the driving force on a fictitious disloca-
tion at r = η will eventually be nonzero and larger than the
Peierls stress, assuming that the Peierls stress is smaller than
Jappl(r = 0).

Figure 3(a) shows the critical contact size to nucleate
one and many dislocations. The Rice-Thomson model in-
troduces a length scale η, so that the first dislocation nu-
cleation occurs at a finite contact size for this otherwise
self-similar contact problem. It is found that the larger the
wedge half-angle, the more difficult to nucleate a disloca-
tion. The image force and interaction force are independent
of the wedge angle. The applied driving force, however, is
proportional to cotα. In addition, the shear stress near the
wedge tip is bounded, so that there is a critical angle above
which the maximum applied driving force is lower than the
Peierls stress. The second and subsequent dislocations occur
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Figure 2: The configurational force on the dislocation plotted
against the dislocation position with varying contact size.

at higher contact size, since the existing dislocation exerts
strong back stress to prevent further dislocation nucleation.
The diverging trend with respect to α is more evident, sug-
gesting that dislocation multiplication for blunt wedges is ex-
tremely difficult. Consequently, when we are concerned with
the effective dislocation number and density under a wedge
contact, we must incorporate the bulk dislocation nucleation
sources. The analysis presented in this paper is therefore only
applicable for nanocontact experiments. This indenter ge-
ometry effects were also observed in a series of experiments
[6, 19] where the sharper cube corner indenter tip (with half
angle of ∼35

o
) shows higher hardness value as compared to

the Berkovich indenter tip (with half angle of ∼70
o

) at the
same indentation depth in the nanometer length scale, re-
sulting in more dramatic indentation size effects.

Figure 3(b) shows the normalized dislocation equilib-
rium positions, req/a, with respect to the contact size. When
a/b → ∞, (10) will be independent of the contact size, and
the effective plasticity zone will be proportional to the con-
tact size. Consequently, the dislocation density is approxi-
mately linear with b/a at large contact size. (Of course, when
the contact size is large, it is the bulk nucleation sources
and the statistically stored dislocations that govern the plastic
zone and contact behavior.) However, this relationship will
break down for small-contact size, because of the discrete na-
ture of the dislocation nucleation and motion, and the length
scale η. It thus becomes inappropriate to estimate plastic
zone size in terms of contact size and relate the dislocation
density to hardness in the nanohardness measurements. A
more rational treatment would require a closer look at the
connection between the mean contact pressure and the dis-
location microstructure evolution at nanometer length scale.

4. SUMMARY

A dislocation mechanics study is performed here to ex-
amine the conditions for dislocation nucleation from, and
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Figure 3: (a) The critical contact size to nucleate dislocations with
respect to the wedge half-angle. (b) The equilibrium positions of
nucleated dislocations with respect to the contact size.

pileup under, a wedge indenter. The configurational force
on the dislocation is evaluated by linear elastic analysis,
and the Rice-Thomson criterion is used for the disloca-
tion nucleation. The contact strength map in Figure 3(a)
shows that dislocation nucleation and multiplication are
extremely difficult for blunt indenters, mainly because the
stress state near the wedge tip consists of a finite shear
stress and an infinite hydrostatic component. The ratio
of the effective plastic zone size to the contact size is
found to approach a constant when there are sufficient
numbers of dislocations at large contact size. However,
at nanoscale we should directly investigate the relation-
ship between contact pressure and dislocation microstruc-
ture, instead of using dislocation-density-based hardening
law.

ACKNOWLEDGMENTS

Y. F. Gao would like to acknowledge the support from the
Joint Institute of Advanced Materials at the University of Ten-
nessee. J. Lou gratefully acknowledges the startup fund from
Rice University.

REFERENCES

[1] W. D. Nix and H. Gao, “Indentation size effects in crystalline
materials: a law for strain gradient plasticity,” Journal of the
Mechanics and Physics of Solids, vol. 46, no. 3, pp. 411–425,
1998.

[2] J. G. Swadener, E. P. George, and G. M. Pharr, “The correla-
tion of the indentation size effect measured with indenters of
various shapes,” Journal of the Mechanics and Physics of Solids,
vol. 50, no. 4, pp. 681–694, 2002.

[3] J. Lou, P. Shrotriya, T. Buchheit, D. Yang, and W. O. Soboyejo,
“Nanoindentation study of plasticity length scale effects in
LIGA Ni microelectromechanical systems structures,” Journal
of Materials Research, vol. 18, no. 3, pp. 719–728, 2003.

[4] G. Feng and W. D. Nix, “Indentation size effect in MgO,”
Scripta Materialia, vol. 51, no. 6, pp. 599–603, 2004.

[5] Z. Zong, J. Lou, O. O. Adewoye, A. A. Elmustafa, F. Hammad,
and W. O. Soboyejo, “Indentation size effects in the nano- and
micro-hardness of fcc single crystal metals,” Materials Science
and Engineering A, vol. 434, no. 1-2, pp. 178–187, 2006.

[6] J. Lou, P. Shrotriya, S. Allameh, T. Buchheit, and W. O.
Soboyejo, “Strain gradient plasticity length scale parameters
for LIGA Ni MEMs thin films,” Materials Science and Engi-
neering A, vol. 441, no. 1-2, pp. 299–307, 2006.

[7] W. D. Nix, J. R. Greer, G. Feng, and E. T. Lilleodden, “De-
formation at the nanometer and micrometer length scales: ef-
fects of strain gradients and dislocation starvation,” Thin Solid
Films, vol. 515, no. 6, pp. 3152–3157, 2007.

[8] H. Bei, E. P. George, J. L. Hay, and G. M. Pharr, “Influ-
ence of indenter tip geometry on elastic deformation during
nanoindentation,” Physical Review Letters, vol. 95, no. 4, Arti-
cle ID 045501, 1–4, 2005.

[9] A. Widjaja, A. Needleman, and E. van der Giessen, “The effect
of indenter shape on sub-micron indentation according to dis-
crete dislocation plasticity,” Modelling and Simulation in Ma-
terials Science and Engineering, vol. 15, no. 1, pp. S121–S131,
2007.

[10] Y. Huang, F. Zhang, K. C. Hwang, W. D. Nix, G. M. Pharr, and
G. Feng, “A model of size effects in nano-indentation,” Journal
of the Mechanics and Physics of Solids, vol. 54, no. 8, pp. 1668–
1686, 2006.

[11] K. L. Johnson, Contact Mechanics, Cambridge University
Press, Cambridge, UK, 1985.

[12] J. R. Rice and R. Thomson, “Ductile versus brittle behavior
of crystals,” Philosophical Magazine, vol. 29, no. 1, pp. 73–97,
1973.

[13] H. H. Yu, P. Shrotriya, Y. F. Gao, and K.-S. Kim, “Micro-
plasticity of surface steps under adhesive contact: part I-
surface yielding controlled by single-dislocation nucleation,”
Journal of the Mechanics and Physics of Solids, vol. 55, no. 3,
pp. 489–516, 2007.

[14] Y. F. Gao, B. N. Lucas, J. C. Hay, W. C. Oliver, and G. M. Pharr,
“Nanoscale incipient asperity sliding and interface micro-slip
assessed by the measurement of tangential contact stiffness,”
Scripta Materialia, vol. 55, no. 7, pp. 653–656, 2006.



Y. F. Gao and J. Lou 5

[15] Y. F. Gao, H. T. Xu, W. C. Oliver, and G. M. Pharr, “A com-
parison of Coulomb friction and friction stress models based
on multidimensional nanocontact experiments,” to appear in
Journal of Applied Mechanics.

[16] Z. Suo, “Singularities interacting with interfaces and cracks,”
International Journal of Solids and Structures, vol. 25, no. 10,
pp. 1133–1142, 1989.

[17] H. Tada, P. C. Paris, and G. R. Irwin, The Stress Analysis of
Cracks Handbook, ASME Press, New York, NY, USA, 2000.

[18] Y. F. Gao, H. T. Xu, W. C. Oliver, and G. M. Pharr, “Effective
elastic modulus of film-on-substrate systems under normal
and tangential contact,” Journal of the Mechanics and Physics
of Solids, vol. 56, no. 2, pp. 402–416, 2008.

[19] R. A. Mirshams and P. Parakala, “Nanoindentation of
nanocrystalline Ni with geometrically different indenters,”
Materials Science and Engineering A, vol. 372, no. 1-2, pp. 252–
260, 2004.



Hindawi Publishing Corporation
Journal of Nanomaterials
Volume 2008, Article ID 361464, 9 pages
doi:10.1155/2008/361464

Research Article
Statistical Molecular Dynamics Study of (111) and (100) Ni
Nanocontacts: Evidences of Pentagonal Nanowires

P. Garcı́a-Mochales,1 R. Paredes,2, 3 S. Peláez,3 and P. A. Serena3

1 Departamento de Fı́sica de la Materia Condensada, Universidad Autónoma de Madrid, Cantoblanco, 28049 Madrid, Spain
2 Centro de Fı́sica, Instituto Venezolano de Investigaciones Cient́ıficas Altos de Pipe, 1020-A Caracas, Venezuela
3 Instituto de Ciencia de Materiales de Madrid, Consejo Superior de Investigaciones Cient́ıficas, c/ Sor Juana Inés de la Cruz 3,
Cantoblanco, 28049 Madrid, Spain

Correspondence should be addressed to P. A. Serena, pedro.serena@icmm.csic.es

Received 21 September 2007; Accepted 11 January 2008

Recommended by Jun Lou

We present molecular dynamics calculations on the evolution of Ni nanowires stretched along the (111) and (100) directions,
and at two different temperatures. Using a methodology similar to that required to build experimental conductance histograms,
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as it has been reported for other metallic species.
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1. INTRODUCTION

Nanotechnology involves the design, fabrication, and appli-
cation of structures by controlling their composition, shape,
and size at the nanometer scale [1]. In particular, the control
of these properties will allow to exploit a whole set of novel
physical and chemical features in future nanoelectronics
development. Such development includes the study of the
electron transport through different candidates to be used
as nanoelectronics building blocks. Among these candidates,
metallic nanowires or nanocontacts will play a relevant role
[2].

The interest on metallic nanowires and nanocontacts
rises from their rich phenomenology. Electron transport
through metallic nanowires present ballistic features and, in
addition, well-defined electron transport modes or channels
appear associated to the transversal confinement of electrons
for those nanowires with diameters of the order of few Fermi
wavelengths λF . In the ballistic limit, the conductance G
(inverse of the nanowire resistance R, G = 1/R) is described

in terms of the transmission probabilities associated to these
transport channels [3, 4].

Several experimental techniques have been used to form
metallic nanocontacts and nanowires. Scanning tunneling
microscopy (STM) [5–7] and mechanically controllable
break junction (MCBJ) [8] methods are standard approaches
to study the formation and rupture of nanocontacts under
different experimental conditions. Metallic nanowires are
also obtained using electron-beam irradiation inside ultra-
high vacuum (UHV) transmission electron microscopes
(TEM) [9] or using electrochemical methods [10].

The electric characterization of a metallic nanowire is
usually done during its rupture. This rupture is achieved
using SPM or MCBJ methods, leading to the acquisition
of a nanowire conductance trace G(t). In order to obtain
relevant information concerning the electronic transport
through nanowires of a given metallic species, conduc-
tance histograms H(G) are constructed by accumulating
many different conductance traces. Usually, conductance
histograms present well-defined peaked structures, reflecting
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the existence of preferred conductance values. Such conduc-
tance peaks are usually interpreted in terms of conductance
quantization [8] or favorable atomic arrangements [11, 12].

The interpretation of a conductance histogram is a
very difficult task, since it merges mechanical and electrical
information as well as information coming from different
conductance channels as it happens for polyvalent metals
[13]. In spite of these interpretation problems, conductance
histograms have become a standard tool to analyze the
properties of metallic nanowires [2].

Electronic transport in atomic-sized magnetic nanowires
has been profusely studied [14–32] since magnetic nanowires
are a very interesting topic for future devices and applica-
tions. However, to the presence of a new degree of freedom,
“spin” requires an additional effort to study and interpret
experimental conductance histograms.

Among those studies dealing with magnetic nanowires,
several works have addressed the study of nickel conductance
histograms. A pioneering experiment (performed at RT and
without applied magnetic field) showed that Ni conductance
histograms constructed with thousands of unselected con-
ductance traces presented a featureless structure [15]. How-
ever, very different results, showing well-defined peaks, were
reported for Ni conductance histograms [16] obtained in
UHV. In particular, conductance histograms presented clear
evidences of fractional conductance quantization. Moreover,
these experiments showed that conductance histograms
depend on the applied magnetic field as well as on the
temperature. A different set of experiments carried out at RT
showed that conductance histograms (constructed with less
than 100 conductance traces) suffered strong modifications
when the applied magnetic increases [17, 29]. Finally, exper-
iments carried out at 4 K, in UHV conditions, and using
thousand of conductance traces showed Ni conductance
histograms with two well-defined peaks around ∼1.6G0 and
∼3.1G0, respectively [21, 22, 24, 26, 31]. The position of both
peaks was not modified under application of strong magnetic
fields. The position of the first peak is consistent with
previous experimental results [14] and may be explained
in terms of monomer and dimer configurations appearing
during the last stages of the nanowire breaking process
[14, 33].

Encouraged by the existence of contradictory experi-
mental results, we have focused the present study on the
role played by the mechanical behavior during the breaking
process of Ni nanowires at low and room temperatures.
Both situations are well below the Ni melting temperature
(Tm = 1728 K) and, in principle, a similar mechanical
behavior is expected. However, we need to exclude this
thermal effect as the origin of those marked differences
between low temperature and room temperature H(G).
The aim of the present work is to carry out a statistical
study of the structural evolution of Ni nanowires under
stretching at low and room temperatures following a well
tested methodology [12, 34–37]. We will analyze the role
of the stretching direction studying two different cases:
(111) and (100). An additional motivation for carrying
out the present study is also related with the different
computational histograms that have been recently reported

for (111) and (100) orientations in Ni nanocontacts [31, 37,
38].

The paper is organized as follows: in the following section
we describe the computational approach used to construct
computational histograms. In Section 3, we present the
results for two temperatures as well as two nanowire
stretching directions; and, finally, Section 4 summarizes our
main conclusions.

2. COMPUTATIONAL METHODS

The main goal of the present study is to understand the role
of temperature and nanowire orientation on the nanowire
evolution from a statistical perspective. We follow a similar
strategy to the experimental one, simulating hundreds of
independent breaking events, in order to determine whether
the geometry presents some preferred configurations that
give rise to well-defined peaked structures in the conduc-
tance histogram.

The simulation of metallic nanowire breaking events
has been carried out using standard molecular dynamics
(MD) methods based on a description of the atom-atom
interaction based on the atomic electron densities. MD has
been extensively used to study the structure and rupture of
metallic nanowires. In the past years, metallic nanowire MD
simulations focused on the description of single formation
or breaking events, using different interatomic potentials but
neglecting the study of statistical effects [6, 7, 39–49]. More
recently, several MD studies on breaking and formation
processes of nanocontacts have statistically analyzed the
appearance of preferred atomic configurations in order to
establish correlations with these peaks found in experimental
conductance histograms at different temperatures [12, 31,
34–38, 50]. Some of these statistical MD simulation studies
[36, 38, 50] have been carried out using a hybrid scheme,
where MD configurations are used as starting point for
the calculation of the electronic transport using more
sophisticated quantum methods. These studies reveal that
there is a complex relation between the atomic configuration
and the conductance histograms.

We have simulated the nanowire dynamics using an
MD scheme where atomic interaction is represented by
embedded atom method (EAM) potentials [51, 52]. In EAM,
the potential energy function for the system reads

E = 1
2

∑
i j

φ
(
ri j
)

+
∑
i

F
(
ρi
)
, (1)

where i and j run over the number of atoms. In the first
term, φ(r) corresponds to a pair potential depending only
on the distance ri j between every pair of “different” atoms
i and j. The second term is the so-called embedding energy,
which depends on the mean electronic density ρi at atom i’s
location. This density is approximated in EAM as the sum
of the contributions due to the surrounding atoms, ρi =∑

j /= i ρ(ri j). Then, the embedding energy is calculated by
evaluating and summing the embedding function F(ρ) at each
atom’s position. Depending on the material and the specific
physical properties to be studied, different pair potential
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Figure 1: Initial configurations of (a) (111) and (b) (100) Ni nanowires.

φ(ri j), embedding F(ρ), and density ρ(ri j) functions can
be defined. In the present study, we have used the EAM
parameterization proposed by Mishin et al. [53]. This
parameterization has been constructed by fitting almost
30 different properties obtained from experimental mea-
surements or ab-initio calculations. These fitted properties
correspond to bulk as well as surface properties, therefore
taking into account low-dimensional configurations as those
found during the last nanowire breaking stages.

Nanowire dynamics have been studied at constant tem-
perature T using a standard velocities scaling algorithm at
every MD step. Two temperatures (4 K and 300 K) have
been considered in this work in order to describe the Ni
nanowire dynamics at low and room temperatures. The time
interval of an MD step is δt= 10−2 ps . Atomic trajectories
and velocities were determined using conventional Verlet
velocity integration algorithms. We have checked that the
obtained minimum cross-section time evolution curves and
histograms obtained with this time step are very similar to
that obtained with a shorter time interval.

The simulation of a single nanowire breaking event
consists of three stages. The first stage corresponds to the def-
inition of the initial unrelaxed structure. We consider a bulk
super-cell with parallelepiped shape, containing hundreds
of atoms ordered according to an fcc structure with bulk
Ni lattice parameter (a = 3.52 Å). The initial parallelepiped
height will correspond to the stretching direction and is
larger than the base edges. We define the z axis as the
stretching (pulling) direction. In the present study we have
considered two different stretching directions: (111) and
(100). For the (111) case we have used an initial nanowire
formed by 18 layers containing 56 atoms each (i.e., a total of
1008 atoms). For the (100) case we have used a nanowire of
21 layers with 49 atoms per layer (i.e., 1029 atoms). Figure 1
shows the two initial configurations corresponding to (111)
and (100) nanowires. At the beginning of the simulation, the
velocity of each atom is assigned at random according to the
Maxwellian distribution that correspond to the simulation
temperature.

The second stage corresponds to the relaxation of the
bulk-like initial structure. Firstly, we define two supporting
bilayers at the top and bottom of the supercell. Atomic x and
y coordinates within these bilayers will be kept frozen during
the simulation. The nanowire will remain attached to these
two bulk-like supporting bilayers during the relaxation stage.
This stage lasts for 3000 MD steps in order to optimize the

geometry of the isolated parallelepiped-like nanowire. Notice
that the presence of both supporting frozen bilayers also
avoids the appearance of phase transformation upon loading
as it has been noticed for narrow Ni nanowires without such
supporting bilayers [54].

During the third stage (stretching process), the z coordi-
nate of those atoms forming the top (down) frozen bilayer
is forced to increase (decrease) a quantity ΔLz= 10−4 Å
after every MD step. This incremental process simulates the
separation of the supporting bilayers in opposite directions
at constant velocity of 2 m/s, giving rise to the subsequent
nanowire fracture. The rest of the atoms move following
the forces derived from their EAM-like interaction with
the surrounding atoms. Notice that the stretching velocity
is much larger than that used in experiments. However,
our computational description of the nanowire breaking is
comparable to that of actual experimental traces since the
stretching velocity is smaller than the sound speed in nickel.

During the stretching stage, the accurate knowledge
of the atomic coordinates and velocities allows the deter-
mination of the minimum cross-section Sm. This quan-
tity provides information on the favorable configurations
appearing during the nanowire evolution under stretching.
Furthermore, Sm provides a first-order approximation of the
conductance G [55, 56].

The minimum cross-section Sm is calculated in units
of atoms following standard procedures that have been
successfully used in previous studies [41, 42]. In our case,
we define the radius r0 to be equal to half the fcc (111)
interplanar distance (r0 = d111/2). We assign a volume
V0 = 4πr3

0 /3 to each atom. In order to calculate the cross-
section Si at a given zi position, we firstly compute the total
atomic volume Vtot,i inside a “detecting cursor” width Δz.
We have used Δz = d111. The quantity Si = Vtot,i /V0

corresponds to the nanowire section (in number of atoms)
at the zi position. The detecting cursor moves along the z-
axis between the two frozen bilayers, using a step equal to
0.1 × d111. This allows to calculate the cross-section Si along
the nanowire. Finally, from the set of collected Si values,
we determine the minimum cross-section value Sm. Note
that the cursor size Δz is kept fixed independently on the
nanowire crystalline direction along the z axis. This allows a
true comparison between histograms obtained for different
orientations, especially at the last breaking stages. In our
study Sm is calculated every 10 MD steps. We consider that
the nanowire breaking process is completed when Sm = 0.
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Figure 2: Minimum cross-section Sm evolution of simulated breakage processes of Ni nanowires along the (111) (black curves) and (100)
(grey curves) stretching directions at 4 K (a) and 300 K (b).

3. RESULTS AND DISCUSSION

The evolution of Sm versus time shows a typical staircase
trace. In Figure 2 we show four examples of Sm(t) that
illustrate this behaviour. Sm(t) traces show a stepped profile
with well-marked jumps associated to atomic rearrange-
ments occurring at the nanowire. We have verified that these
jumps are correlated with jumps in the force acting on the
supporting slabs. In general, Sm monotonically decreases
between two subsequent jumps reflecting the existence of
elastic stages. These elastic stages have been associated to
the experimentally observed conductance plateaus. As it is
expected, Sm presents at RT larger fluctuations than at 4 K.
This has been observed for both stretching orientations.

In order to visualize the possible differences between
low and room temperatures and between (111) and (100)
stretching directions, we have depicted in Figure 3 five
atomic configurations for each trace shown in Figure 2.
Although it is very difficult to make comparisons among
those structural evolutions, we can see that, in general, the
nanowires break-forming three types of configurations at the
last stage of the breaking process: monomers, dimers, and
others. The monomer structure is characterized by a central
atom standing between two pyramid-like structures. This
configuration usually shows a plateau around Sm ∼ 1. In the
dimer structure, the apex atoms of two opposite pyramidal
configurations form a diatomic chain. The third type of final
configurations presents more complex structures. In these
cases we generally observe an abrupt jump from Sm ≥ 2
(i.e., structures formed by two or more atoms) to Sm = 0. As
expected [45], we have not found the presence of long atomic
chains (formed by three or more atoms).

In our study we have found that monomer and dimer
structures usually appear for nanowires stretched along (111)
direction. On the contrary, more complex structures (i.e.,
not classifiable as monomers or dimers) appear with higher
probability at the latest stages of nanowires strained along the
(100) stretching directions.

The minimum cross-section histograms H(Sm) have
been built by accumulating Sm(t) traces acquired during the
simulation of hundreds of nanowire stretching processes. In
Figure 4 we show the histograms H(Sm) for 4 K and 300 K,
constructed with 300 independent breakages for the (111)
and (100) stretching directions. The different histograms are
depicted in the range 0 < Sm < 12. A first inspection of these
figures reveals the existence of well-defined peaks associated
to preferred nanowire configurations as it has been shown in
previous works [12, 34–37].

The H(Sm) histograms associated to the (111) stretching
direction present a well-defined peaked structure at low
and room temperature. The main difference we have found
corresponds to the small increase of the peak located at
Sm ∼ 5 at RT. For the (100) case, the low-temperature
histogram presents a noisy structure whereas at T = 300 K
the histogram peaks show rounded shapes and the general
structure has less noise. Small peaks at T = 4 K correspond
to metastable configurations with slightly higher cohesive
energies with respect to other metastable configurations.
The increase of temperature allows the exploration of more
configurations during the stretching process, and, in this
way, those metastable configurations with local minimum
energy are easily accessible, leading to a better definition
of their associated H(Sm) peaks. In addition, the (100)
H(Sm) histogram presents a well-marked Sm = 5 peak
at T = 300 K. We will discuss later the origin of this
protruding peak which is not developed at low tempera-
tures.

Our main finding is that H(Sm) histograms are very
dependent on the stretching (i.e., the nanowire axis) direc-
tion. Whereas the (111) direction provides histograms with
well-defined decreasing peaked structure in the low Sm
region, the situation dramatically changes when we consider
the (100) direction. The later case presents H(Sm) histograms
with small peaks in the region Sm < 2. These differences
between (111) and (100) stretching directions are consistent
with previously published results [37, 38].
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Figure 3: Snapshots at different evolution times of those nanowires whose Sm(t) traces were shown in Figure 2. Each column corresponds to
a given combination of the nanowire stretching direction ((111) or (100)) and temperature (T = 4 K or T = 300 K). Each snapshot includes
information on the simulation time and the minimum cross-section Sm at that time.

We have pointed out that the peak located at Sm ∼ 5 of
the histograms H(Sm) increases when the temperature goes
from T = 4 K to RT. This increase is small for the (111) case.
The situation is rather different for the (100) case, noticing
that this peak increases a factor of 2 approximately (see
Figure 4). The MD simulation approach allows to monitor
the evolution of the full set of atomic coordinates during
the breaking process. In order to know with more detail the
origin of the Sm = 5 peak appearing in the (100) case, we have
depicted in Figure 5 a typical nanowire stretched along the
(100) direction. We have chosen a snapshot corresponding to
the 4.5 < Sm < 5.5 region. It is clear that the origin of the huge
peak is related to the tendency of the system to form long
wires with Sm ∼ 5. In general, this type of nanowires beaks
without a progressive diminishing of its atomic section, that
is, the system does not form monomers or dimers just before
the rupture. At this point we should mention that these
long structures are very common for the (100) stretching
direction. However, these long rod-like structures appear
seldom in the (111). This smaller probability agrees with
the slight increase detected for the H(Sm = 5) peak when
T increases.

A closer inspection to Figure 5 allows to determine the
atomic structure of these long wires. We have found that
these wires present a well-defined sequence · · ·–5–1–5–
1–· · · . This sequence does not correspond to any crystallo-
graphic fcc or bcc structure. This type of arrangement is not
seen at 4 K because a larger temperature is required to explore
and overcome those energy barriers leading to configurations
able to develop these pentagonal chains. In addition, we can

easily see that these pentagonal nanowires are formed
by subsequent-staggered parallel pentagonal rings (with a
relative rotation of π/5) connected with single atoms. A
similar, but shorter, structure was found for Cu (111)
breaking nanowires using MD simulations [57]. The stability
of such pentagonal Cu nanowires was later confirmed by
ab-initio calculations [58], demonstrating that staggered
pentagonal nanowires are favorable configurations. More
recently, MD tight-binding calculations have determined the
presence of such pentagonal –5–1–5–1– nanowires during
the breaking process [59] of (110) Cu nanowires although
these pentagonal patterns were not frequently observed for
nanowires along (100) and (111) directions. Pentagonal
motives also appear in infinite Al nanowires [60]. Therefore,
it seems that the formation in MD simulation of staggered
pentagonal Ni nanowires follows the trend observed for
other metallic species.

We have checked that formation of staggered pentagonal
nanowires is favorable within the EAM scheme using the
Mishin et al. potential. In fact, we have found from a set
of conjugate gradients geometry minimization procedures
that staggered nanowires present a cohesive energy of 3.66 eV
per atom whereas the cohesive energy of the nonstaggered
configuration (without the relative rotation of π/5) is 3.40 eV.
The optimized geometry of the staggered pentagonal Ni
nanowire presents two subsequent parallel pentagonal rings
separated each other by a distance d5−5 = 2.22 Å. The opti-
mized pentagonal ring side takes the value l5 = 2.55 Å. The
geometry parameters we have found for those pentagonal
nanowires obtained from the stretching procedure present
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Figure 4: Minimum cross-section Sm histograms built with 300 independent Ni nanowire ruptures under stretching along the (111) (a,c)
and (100) (b,d) directions at T = 4 K (a,b) and 300 K (c,d).

Sm ∼ 4.6

t = 780 ps

Figure 5: Longitudinal (left) and cross-section (right) views of a
nanowire stretched along the (100) direction. The snapshot was
acquired for an atomic configuration with minimum cross-section
close to Sm ∼ 4.6. The cross-section image shows a perspective
view of the nanowire as seen from the position indicated on the
longitudinal view. This image illustrates the appearance of staggered
pentagonal structures –5–1–5–1–.

values of d5−5 and l5 very similar to those obtained for the
free pentagonal nanowire. We have also found, using MD
simulations, that the pentagonal nanowire structure is rather
stable in the temperature range 3–300 K.

Therefore, it seems that the nanowire stretching along
the (100) direction provides some mechanisms that allow to
reach this favorable structures. In some sense, the stretching-

induced formation of pentagonal nanowires is very similar
to the formation of linear atomic chains (LACs) where single
atoms are consecutively incorporated into the LAC from the
stretched nanowire before its final breakage [2]. However,
the formation of pentagonal chains involves units of 6 atoms
(1 + 5 structures) and a full description of the underlying
mechanical process is a very complicated task that will be
afforded in a deeper study.

4. CONCLUSIONS

We have carried out hundreds of MD simulations of Ni
nanowire breaking processes using the EAM approach to
describe the interatomic many body interaction. From these
simulations we are able to follow the evolution of the
nanowire minimum cross-section Sm(t). By adding hundreds
of Sm(t) traces, we have constructed computational mini-
mum cross-section histograms H(Sm) that statistically unveil
the presence of preferred configuration during the elonga-
tion and breaking history. The last stages of the nanowire
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breaking process are of special interest since electron trans-
port is determined by a cross section formed by few atoms.
We have found that monomers, dimers, and other more
complex structures are present at the latest stages of the
breaking events. We did not find linear atomic chains of three
or more atoms for all the systems and stretching directions
we analyzed.

We have found that H(Sm) histograms do not depend
dramatically on the temperature within the analyzed temper-
ature range (below 300 K). In general, we have only noticed
rounding of the peaked structure of H(Sm), the suppression
of small Sm fluctuations, and the increase of the peak located
at Sm = 5. This increase is larger for the (100) case. The
absence of large temperature effects is consistent with the fact
that bulk Ni melting temperature is rather large (≈ 1728 K),
and then RT is not enough to activate additional mechanisms
as surface diffusion effects that could modify the nanowire
breaking dynamics.

During stretching along the (111) direction, the system
tends to form a bipyramid structure that forms monomers
and dimers at the narrowest nanocontact region. These
monomers and dimers give rise to the Sm ∼ 1 peak appearing
in H(Sm).

For the (100) stretching direction, H(Sm) does not
present large peaks in the low Sm region (Sm < 2), thus
indicating that monomers and dimers appear with less
probability than for the (111) situation. The nanowire is
deformed under stretching forming elongated (rod-like)
structures. The formation of these long structures increases
when temperature increases from 4 K to RT. At RT we
found a dramatic increase of those peaks located at Sm ∼ 5.
We have confirmed that this peak is caused by the pres-
ence of long staggered pentagonal chains with · · ·–5–1–
5–1· · · structures. These pentagonal nanowires were also
occasionally found for the (111) case (giving rise to the
increase of the peak H(Sm ∼ 5)). In relation with the
formation of long chains in MD simulations, a recent work
[61] points towards the higher ductibility predicted by EAM
potentials in comparison with other interatomic potentials,
leading to the formation of long structures. However, more
detailed statistical analysis is required in order to know the
actual effects of the chosen potential on the formation of
elongated structures (including the pentagonal ones we have
described).

In spite of our model limitations to perform the com-
parison with experiments, we can extract few key ideas from
the present MD simulations. (i) The presence of well-marked
H(Sm) peaks is consistent with the appearance of preferred
conductance values in the conductance histogram. (ii) The
behavior of H(Sm) at 4 K is rather similar to that noticed
at T = 300 K, and this implies that mechanical aspects do
not explain differences between low and room temperature
experimental conductance histograms. (iii) The first broad
conductance peak appearing in experiments is consistent
with the presence of monomers and dimers appearing during
the last stages of the breaking process associated to (111)
stretching direction. (iv) We have detected the formation of
long pentagonal nanowires at RT for the (100) stretching
direction. These structures contribute to the formation of

a large Sm = 5 peak. However, this large peak has not
been observed in RT experimental conductance histograms.
At this point we must be cautious when interpreting
experimental conductance histograms, specially at RT, since
the complex behavior of Ni conductance histograms may be
attributed to chemiadsorbed atoms on the nanowire [26] or
to ballistic magnetoresistence (BMR) effects [19, 20].
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1. INTRODUCTION

Minerals and proteins exist in close proximity and at
nanoscale dimensions in biology. Interactions at these inter-
faces are vital to the functions of almost all structural mate-
rials in nature such as teeth, seashells, and bone. Knowledge
of these interfaces, in particular, is useful in understanding
the mechanical and physiochemical behavior of natural
biocomposites such as bone, teeth, nacre, and so forth
consisting of mineral and organic phases. The percentage
constituent of mineral and organics is different in the various
biological materials. In bones and teeth, the mineral content
is about 60% and 90%, respectively [1], whereas, in nacre
it varies from 95% to 98% [2]. The major component of
the organic phase in nacre is proteins. Although organics
are present in small proportion, they significantly alter the
mechanical behavior of biocomposites. Nacre, for example,
exhibits fracture toughness about 3 000 times more than
the pure aragonite [2]. The proteins present in the natural
biocomposite nacre show properties significantly different

from any other bulk proteins. Our finite element modeling
study, also later verified by experiments, shows that proteins
present in nacre have modulus of about 15–20 GPa [3–7].
These simulations were done based on a parametric study
of varying values of elastic modulus of the organic from
5 MPa to 100 GPa. This is about twenty times higher than
the modulus of bulk proteins. The protein in nacre exists
in a 20 nm space, between aragonite platelets of 200–250 nm
thickness in an interlocked “brick and mortar” architecture
[6]. Two possible factors which could cause the nacre protein
to possess such high modulus are (i) its confinement in
20 nm space, and (ii) the mineral-protein interactions. Our
current research focuses on the effect of mineral-protein
interactions. The effect of confinement will be the focus
of our future work. We have found in our previous work
that the proximity of mineral influences the mechanical
behavior of proteins [8]. We have reported that more energy
is required to pull a protein at mineral proximity than in
the absence of mineral. Recently, we have also reported the
large influence of mineral on mechanical behavior of protein
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through simulations of collagen-hydroxyapatite in bone
[9]. Here, we present the detailed mechanisms responsible
for large changes in mechanical response during protein
unfolding in the proximity of the mineral. In this molecular
modelling simulation, the GS domain [10, 11] of the Lustrin
A, protein which is found close to mineral surface in nacre, is
pulled under two conditions: (i) in the proximity of mineral
aragonite, (ii) in the absence of any mineral proximity.
All other conditions of simulation remain identical for the
two cases. As the GS domain is pulled keeping one end
constrained, the protein domain unfolds. The mechanisms
involved in the unfolding pathways are significantly different
under the two conditions of pulling, resulting in large differ-
ences in energy required for unfolding at mineral proximity.

Molecular dynamics is a useful technique for studying
the folding/unfolding behavior of proteins [12, 13]. The
reversible unfolding of individual immunoglobulin domains
was successfully investigated using a combination of steered
molecular dynamics (SMD) and atomic force microscopy
(AFM) [14–16]. The SMD technique has been successful in
reproducing the stretching events for individual solvated I27
domain [17]. This technique has also been used for studying
the mechanical properties of clay minerals at nanometer
length scale [18–21]. In our previous work, [21] we have used
steered molecular dynamics to understand the deformational
behavior of the beta barrel and beta planar sheet structures
in proteins. Also, in literature, the helix-coil transition of
peptide deca-alanine in vacuum was studied using molecular
dynamics simulation [22]. Researchers [23] were able to
investigate the different transition states of biopeptides at
different temperatures.

The model protein structure used in this study is the
nacre protein Lustrin A. The primary reason for this choice
is that this protein is located close to the aragonite surface
and thus can potentially interact with the mineral. The
protein Lustrin A is made of 1428 amino acid residues
and has molecular weight of about 112 KDa. The complete
structure of this protein is not known. Hence, at present,
this study is confined to the response of a single-domain
Glycine-Serine (GS) of the protein Lustrin A. Molecular
modeling techniques such as coarse-grained modeling [24]
can be applied in the future to study the response of the
full protein when the structure is known. Replica-exchange
molecular dynamics method has been successfully used
in literature to study the folding unfolding behavior of
proteins and peptides [25]. There are various experimental
techniques such as laser tweezers [26], florescence quenching
[27], and AFM [28], which are found to be useful in
characterizing the protein folding and refolding response.
Most of these techniques are fairly successful in the study of
single-molecule protein folding. These studies have primarily
looked at the molecular mechanisms in the unfolding of
proteins, however recently we have reported measurement
of adhesion forces between aragonite and nacre proteins by
pulling proteins off the aragonite surface using an AFM tip
[29]. Experiments were conducted on freshly cleaved samples
of nacre, and protein molecules were pulled in the presence
of aragonite at various velocities using an AFM tip. The
results indicate that protein molecules can withstand large

pulling forces of the order of 6 nN before separating from the
aragonite or the AFM tip [29].

2. MODEL CONSTRUCTION AND
SIMULATION DETAILS

One of the most widely studied nacre proteins is Lustrin
A. It is a domain-based protein, and is located close to the
interface formed by the inorganic (aragonite) and organics
(primarily proteins). Lustrin A is populated by ten cysteine
rich domains with nine protein rich domains sitting in
between. It has a domain made of 275 amino acids, and
significantly rich in glycine and serine. It is located close
to the C-terminal and named as GS domain in this work.
For the sake of these simulations, GS domain is the organic
entity. The details about the possible role of each of the
domains in Lustrin A are discussed in our previous work [8].
From the known primary sequence of GS-domain random,
structures were generated, minimized, and then solvated
by “SOLVATE” module of VMD. The aragonite is built by
extending its unit cell [30] to 16 units each in X- and Y-
direction and 2 units in Z-direction. The solvated GS domain
built earlier is placed next to the aragonite to build the
organic inorganic model used in this study. The details of
model building are discussed in our earlier paper [8]. It
should also be noted that, since water has significant role in
the influence of mineral proximity, appropriate solvation of
protein is very important. In our model [8], before pulling
the GS domain is completely solvated, thus enclosing the
entire domain in a water box.

Steered molecular dynamics (SMD) is used to study the
influence of mineral proximity on the mechanical response
of protein (GS domain). One of the alpha-carbon atoms
present close to aragonite surface is pulled to unfold the GS
domain while fixing the other end located opposite to it.
Same pulling and fixed atoms are used when GS is pulled
in the presence and absence of aragonite. Three different
magnitudes of velocity 0.25 Å/ps, 0.50 Å/ps, and 1.00 Å/ps
are applied in unfolding GS domain. Using each of these
velocities, the GS domain is pulled for a period of 250 ps.
The stiffness of SMD spring used is 5 Kcal/mol/Å. Molecular
dynamics software NAMD [31] is used for all simulations,
and VMD [32] is used for visual analysis. CHARMm
forcefield is applied in this work. The parameters for GS
domain are obtained from standard CHARMm protein
parameter file [13]. The CHARMm bonded parameters for
aragonite are used from the literature whereas the non-
bonded parameters are derived from existing Buckingham
potential. The CHARMm aragonite parameters used in this
work are shown in Table 1.

3. RESULTS AND DISCUSSION

It is been found from our previous work [8, 9] that the
proximity of mineral influences the mechanical response of
proteins as observed in both seashells and bone. More energy
is required to unfold a protein when pulled in the presence of
aragonite than when pulled in its absence. It is also observed
that energy required to unfold at mineral proximity depends
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Table 1: CHARMm forcefield parameters for aragonite.

Bond KB (Kcal/mol Å
2
) ro

C–O1 9219.28 1.30

C–O2 9219.28 1.28

Angle KA (Kcal/mol rad2) θo

O1–C–O1 214.7613 119.58

O2–C–O2 214.7613 120.19

Nonbonded σi j εi j

Ca–O1 2.71 1.52

Ca–O2 2.71 1.52

C–O1 2.999 1.5

C–O2 2.999 1.5

O1–O2 2.855 0.35

σi j = (σi + σj)/2; εi j = √εi∗εj σi εi

O 2.855 1.6023

C 3.143 1.7639

Ca 2.565 1.4395

on the velocity of pulling. The specific reason for this velocity
dependence is not understood yet and is a part of our future
research. In the current work, studies are conducted to find
mechanisms leading to large increase in energy required for
unfolding of protein at mineral proximity and in the absence
of the mineral.

Protein molecules exhibit a tertiary structure due to
several cross links (hydrogen bond, disulphide bridge, etc.)
between domains and within domains. Specific hydrogen
bonds give rise to mathematically defined structures such as
alpha-helix, beta-sheets. A protein has several turns (such
as hairpin) between strands. When a protein is pulled (in
the absence of mineral), all these bonds offer resistance to
pulling. When the protein is pulled in presence of mineral the
resistance comes from both structural features of the protein
molecule as well as the resistance forces due to interaction of
protein with mineral.

The load-displacement characteristics of the protein
domain (GS domain) pulled at mineral proximity and
without the mineral at a velocity of 1.00 Å/ps are shown in
Figure 1. The ratio of the area under the load-displacement
(L-D) curve in the presence of aragonite to the area under
L-D curve in the absence of aragonite is defined as “Work
Factor.” The work factors obtained at three different veloci-
ties are shown in Table 2. From this table, it is observed that
when the protein is pulled at velocity of 0.25 Å/ps, about ten
times more energy is necessary to unfold the GS domain by
same magnitude of displacement in the presence of aragonite
than in the absence of it. It is observed from Figure 1 that
the L-D responses are significantly different under the two
conditions. The primary factors leading to the larger area
under the L-D curve pulled at mineral proximity are

(a) the presence of peaks of higher magnitude in L-D
response curve for mineral proximity;

(b) and the presence of higher value of load for a given
displacement.

0 50 100 150 200 250

Displacement (Å)
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Figure 1: The L-D characteristics of the GS domain, pulled at a
velocity of 1.00 Å/ps: at proximity of aragonite and in the absence
of aragonite.

Table 2: “Work factor” at different velocities.

Velocities (Å/ps) Work factor

0.25 10.50

0.50 8.50

1.00 5.00

In the following two sections, we present the results of our
study about the mechanisms arising from the above two
factors.

3.1. Section I

Peaks in the L-D curve are present in both plots as indicated
in Figure 1. The peaks observed in the absence of mineral
aragonite have a height of about 150 to 200 pN, whereas the
peaks in the presence of aragonite are of larger magnitude
and are in the range of 1500 to 2000 pN and have lower
frequency of occurrence. The magnitude of peak heights
in the absence of aragonite corresponds to the opening of
loops and turns and breaking of hydrogen bonds. From the
nature of peaks observed in two cases, it can be inferred
that different mechanisms are involved in the formation
of peaks when pulling protein at mineral proximity. From
the trajectory analysis of unfolding, it is observed that
peaks occur until water enters between the aragonite surface
and GS strands. As pulling is continued and water enters
in between, no additional peaks are observed in the L-
D curve. This observation indicates that direct interaction
between aragonite surface and GS strands may result in the
formation of these peaks. We have investigated the peaks
up to 50 Å displacement. This displacement corresponds to
the point after which significant water enters in between
the aragonite surface and GS strand. From the trajectory
analysis, it is observed that when the GS strand is pulled
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Figure 2: The mechanism of “latching” and formation of peaks: (a)
latching site (b) formation of latch (c) breaking of latch (d) peaks
resulting from latching mechanism.

at mineral proximity, a mechanism similar to the physical
phenomenon of “latching” is observed to take place between
aragonite surface and GS strand in proximity. The “latch”
observed here is not a physical latch but a result of strong
nonbonded interactions between an atom or a group of
atoms of amino acid residues (attached to GS strand)
and aragonite surface. These latches are formed when the
interacting group(s) come(s) close to the aragonite surface,
but as pulling is continued they are observed to break.
These latches thus go through a process of “forming” and
“breaking” as the GS strand is pulled along the aragonite
surface, giving rise to the peaks in the L-D curve.

Further, we zoomed into a small section, circled in
Figure 2(a) where, a “latch” is observed. The “forming” and
“breaking” phenomenon of a latch is represented in Figures
2(b) and 2(c). The aragonite layer close to the surface is
shown in the figures. The L-D characteristics of one of the
peaks are shown in Figure 2(d). As the strand is pulled in
the direction of the arrow in the figure, a group of atoms
(marked as blue balls) comes closer to the surface, builds
a strong interaction, arrives between the carbonate groups
of aragonite, and gives rise to what we called as a “latch.”
The formation of the “latch” corresponds to the base point
of the peak as marked in Figures 2(b) and 2(d). Once the

latch is formed, it offers resistance to pulling, causing the
magnitude of load to rise sharply. The load curve keeps rising
as pulling is continued until the load level where the latch
can no longer sustain the pulling force results. At that point,
the latch breaks, and thus the force decreases. The apex of a
peak therefore corresponds to the point where a latch breaks
(Figure 2(c)).

Aragonite exhibits orthorhombic crystal symmetry. The
surface formed by (001) is rich in negatively charged oxygen
atoms belonging to carbonate group. The positively charged
calcium atoms are located very close to the surface. The
charges on the surface oxygen and calcium atoms are found
to be−0.9995 and +2.000, respectively. The blue atom group
constitutes mainly of hydrogen and/or oxygen atoms. The
hydrogen and oxygen atoms of amino acid strongly interact
with oxygen and calcium of aragonite, respectively, forming
these latches. As polar water molecules enter between the
aragonite surface and GS strand, these interacting groups can
no longer come close enough to form the latches and thus no
sharp peaks are observed. In Figure 1, no peaks are observed
beyond a displacement of about 60 Å. The peaks within
the same L-D curve (at mineral proximity) are different in
terms of height, base width, shoulder characteristics, etc.
This heterogeneity in peak characteristics depends on the
number of latches formed at a given time, the atoms involved
(blue group) in the “latching” action and on the presence of
other interacting groups closer to the aragonite surface.

Thus, a peak in the L-D curve starts rising when a side
chain group builds up a strong nonbonded interaction with
aragonite surface. It falls when this interaction is broken
upon further pulling. Thus, the energy stored in the rising
half of the peak is due to the resistance offered by the
latch and is thus expected to be approximately equal to
the nonbonded energy holding these two interacting groups
together. The nonbonded energy which is the summation of
van der Waals and electrostatic energy between the inter-
acting group of amino acid side chains, and the aragonite
section (shown in Figure 2(b)) is determined. The variation
of the electrostatic and van der Waals energy with time
(frame) is shown in Figures 3(a) and 3(b). In Figure 2(d), it
is observed that Peak 0 starts rising at time frame 85 (17 ps).
The electrostatic and van der Waals energy corresponding
to this time frame as observed in Figures 3(a) and 3(b) is
2000 pN-Å and 700 pN-Å, respectively. The area bound by
the rising half of the Peak 0 (X , Y and Z in Figure 2(d)) is
2500 pN-Å, which is close to the total nonbonded interaction
(2700 pN-Å) energy between the interacting groups. From
a similar analysis of Peak 1 (Figure 4(a)), where the peak
starts at time frame of 135 (27 ps), the total attraction
energy (900 pN-Å) is found to be very close to the area
bound by the rising part of the curve (1100 pN-Å). The
variation of the electrostatic and van der Waals energy
with time (frame) for Peak 1 is shown in Figures 4(b)
and 4(c). For other major peaks, these values are also in
close agreement. Thus it is quantitatively shown that the
large peaks observed in the proximity of the mineral are
a result of direct nonbonded interactions between the side
chain atoms and the complementary atoms on the mineral
surface.
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Figure 3: The nonbonded energy between the interacting groups
giving rise to Peak 0: (a) electrostatic energy (b) van der Waals
energy.

3.2. Section II

As observed in Figure 1 and also mentioned earlier, one
of the factors which contribute to the work factor is the
higher magnitude of load at any given displacement, when
pulled at mineral proximity. The peak load observed in the
figure is about 13 nN, a high magnitude, predominantly as a
result of mineral protein interactions. This high magnitude
of force resulting from constant velocity pulling simulations
is possible without fracture of the single protein strand
being pulled. Flow induced fracture of single polymer chains
is reported to be between 2.5 to 13.4 nN [33, 34] and
the fracture strength is dependent upon the polymer and
rate of loading. In this section, the potential mechanisms
involved are described. As the GS domain is pulled, the water
molecules present closer to the aragonite surface orient and
arrange themselves in a definite pattern and further undergo
very little movement. On moving away from aragonite
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Figure 4: Peak 1 (a) load-displacement plot (b) electrostatic (c) van
der Waals energy.

surface, the water molecules are structurally altered, and
behave like “normal solvent water” attached to the protein.

A clear difference in behavior is observed between water
molecules closer to the surface and away from the surface
both in terms of structure and movement during pulling.
We have therefore categorized the water into two types.
The water molecules close to the aragonite surface are
named here as Aragonite-Bound Water (A-BW), and water
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Figure 5: Two “types” of water molecules observed during pulling
of GS domain (a) simulation (b) schematic representation. A-BW:
aragonite bound water and P-BW: protein bound water.

molecules moving with the protein are named as Protein-
Bound Water (P-BW). The schematic representation of these
two types of water molecules is shown in Figure 5. At
low displacement of pulling, very few water molecules are
observed to be present between aragonite and GS strands.
However, this number increases as pulling is continued.
The strong hydrogen-bonded interaction between carbonate
surface of aragonite and polar water molecules causes some
of the water molecules to lie close to the aragonite surface.
The water molecules form a periodic pattern which is
primarily due to the periodicity of the aragonite surface in
the X-Y plane. The P-BW shows no definite pattern, with
the water molecules surrounding the protein and moving
freely with the protein. As the GS is pulled, the A-BW
remains tightly bound to the aragonite surface and exhibits
almost no movement. The P-BW on the other hand moves
freely with the GS strand. On careful observation, it is
observed that there is a 3-4 Å thick layer of water (about
two water molecules thick) which behaves as a transition
layer between A-BW and P-BW. In this layer, the slipping
of P-BW is observed to happen with respect to the A-BW.
The P-BW forms a sheath around the GS strands. When
GS is pulled, the strands move with sheath of water around
it. P-BW thus moves with GS strands and A-BW remains
bound to the surface. A schematic representation of this
mechanism is shown in Figure 6. This figure illustrates that
when GS is pulled, the interaction contributing to resistance
to displacement includes the following:

Pull

T = t0

T = t0 + t1

T = t0 + t1 + t2

Aragonite
A-BW

P-BW
GS

Figure 6: Schematic representation of movement of the GS domain
and protein-bound-water (P-BW) when GS domain is pulled.

(i) the net attractive interactions of GS-(A-BW) and GS-
aragonite;

(ii) the net attractive interaction of (P-BW)-(A-BW) and
(P-BW)-aragonite and GS-(P-BW).

To study the contribution of these different interactions
to the L-D characteristics of GS domain, aragonite sections
of smaller X-Y dimension and part of GS strand close to it
are selected. We have used two such sections for the analysis
of the interaction energy. One of them is shown in Figure 7.
This section extends to 20 Å in the X-direction and 50 Å in
the Y-direction. Figures 7(a) and 7(b) show this section
at 180 ps and 250 ps, timeframes, respectively. The white
region between A-BW and P-BW, in reality, contains water
molecules, however these are not shown here for clarity. This
region is the layer of transition or slippage as mentioned ear-
lier. Figure 7(b) shows the movement of P-BW (green atoms)
as the strand is pulled. The interaction energy for each of the
pairs is shown in Table 3. The electrostatic interaction energy
is dominant compared to the van der Waals energy. The
attractive nonbonded interaction energy between mineral
aragonite and A-BW is −18 × 104 pN-Å. Thus, the A-BW
is tightly bound to the aragonite surface and does not move
when the GS domain is pulled alongside the mineral.

The attractive interaction energy between aragonite and
P-BW is −8.85 × 104 pN-Å, a very significant magnitude.
The P-BW and the GS domain have an attractive interaction
energy of −1.30 × 104 pN-Å. In addition, aragonite and A-
BW also have attractive interactions with the GS domain,
although smaller magnitudes of −0.725 × 104 pN-Å and
−0.230 × 104 pN-Å, respectively. The dominant resistance
to pulling of the GS is the attractive interaction between
GS domain and the P-BW, which in turn has significant
interaction with the mineral. Although the direct interaction
between the mineral and GS is small because of the distance,
water plays a critical role in building a “bridge” between the
mineral and the protein, facilitating development of a large
resistance to pulling in the presence of mineral. As a result,
the load experienced at the pulling end is high. This therefore
results in higher magnitude of load at a given displacement
in the L-D curve.
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Figure 7: Snapshots taken during the steered molecular dynamics simulation of the pulling of the GS domain in the presence of aragonite
mineral proximity at (a) 180 picoseconds and (b) 250 picoseconds.

Table 3: Values of interaction energies between different pairs of constituents of aragonite-water-GS domain.

Interaction pair Electrostatic energy (pN-Å) van der Waals energy (pN- Å)

Aragonite—(A-BW) −17× 104 −1× 104

Aragonite—(P-BW) −8× 104 −0.85× 104

Aragonite—GS −0.60× 104 −0.125× 104

GS—(A-BW) −0.20× 104 −0.03× 104

GS—(P-BW) −1.20× 104 −0.10× 104

(P-BW)—(A-BW) (−0.50 to 0.50)× 104 −0.20× 104

4. CONCLUSIONS

In our previous work, we have shown that the proximity of
mineral influences the mechanical response of protein. More
energy is required to unfold a protein in presence of aragonite
than without it. The L-D curve in the presence of aragonite
shows different responses from the one when pulled without
mineral proximity. In the presence of aragonite, larger
peaks are observed, and the magnitude of load at any
given displacement is significantly higher. In this work,
we have found quantitatively the mechanisms leading to
the difference in load displacement response of protein at
mineral proximity. The following hold.

(i) At the early stage of pulling, the peaks in the L-D plot
at mineral proximity are quantitatively correlated to
the interaction energy between the atoms involved in
the latching phenomenon of amino acid side chain to
aragonite surface.

(ii) The role of water in mineral and protein interaction
is very significant.

(iii) The water closer to the mineral surface is highly
oriented and does not move while the protein strand
is pulled. Water layer around the strands moves with
the strand as the protein is pulled.

(iv) The high magnitude of load for a given displacement
originates from attractive interactions between the
protein, protein-bound water, and the mineral.

Here, for the first time, quantitative description of the
mechanics responsible for the large differences in the mag-
nitude of force needed to unfold proteins in the proximity

of the mineral in nacre is provided. This work provides clues
as to possible reasons for extraordinary properties of organic
phase such as high elastic modulus and large deformation
before failure observed in nacre.
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