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Fundamental material properties have been dramatically
altered in the nanoscale regime because of quantum con-
finement effect. The unique size-tunable functionalities of
nanomaterials make them involved in an extensive variety
of energy applications, such as light-emitting diodes and
solar cells. These applications have been demonstrated to
cut energy consumption. In response to the ever-growing
energy demands as well as the concerns of global warming,
researchers are actively placing their enormous emphasis on
the exploration of energy savings. During this exploration,
the primary stage requires the design of appropriate strate-
gies for the synthesis of high-quality nanocrystals in terms
of size uniformity and superior optical/electronic properties.
Especially, there is a need to seek green-chemistry approaches
for the synthesis of environmentally benign and user-friendly
nanocrystals. Another recent area of focus is the use of
individual nanocrystals as building blocks for self-assembly,
providing new opportunities to improve the nanocrystal
performance.

Therefore, we organize the current special issue for Jour-
nal of Nanomaterials to provide the authors with a platform
and readers with the latest achievements of nanocrystals-
related synthesis, assembly, and energy applications. This
special issue focuses on the fundamental science and tech-
nical applications of nanocrystals, covering the nanocrystals-
related research area of synthesis, characterization, proper-
ties, assembly, films, processing, modeling, and devices for
energy applications.

The articles related to synthesis, characterization and
properties in this special issue include studies of the mecha-
nisms and growth of flexible ZnO nanostructure arrays, facile

synthesis of monodisperse ZnO nanocrystals, synthesis of
vertically aligned dense ZnO nanowires, CdS nanotubes and
Y-branched nanochannels fabricated by a double diffusion
route, hydrothermal synthesis and characterization of single-
crystalline α-Fe2O3 nanocubes, a user-friendly method for
synthesizing high-quality NaYF4:Yb,Er(Tm) nanocrystals, a
rational self-sacrificing template route to LiMn2O4 nan-
otubes and nanowires, synthesis of bismuth ferrite nanopar-
ticles via a wet-chemical route at low temperature, synthesis
of Ag nanostructures by photochemical reduction using
citrate-capped Pt seeds, study of the P-type doping properties
of ZnS nanocrystals, structural and mechanical properties of
CrNx coatings deposited by medium-frequency magnetron
sputtering with and without ion source assistance, optical
properties of linoleic acid protected gold nanoparticles, and
so on.

Authors also contributed papers to the areas of assem-
bly and films, such as ordered self-assembly of nano-
Pd-Ga/PMMA by ultrasonic processing, self-assembly of
monodisperse spherical TiO2 nanocrystals, linear assembles
of BN nanosheets, controllable assembly of hydrophobic
superparamagnetic iron oxide nanoparticles with mPEG-
PLA copolymers, polythene films with doped and undoped
TiO2 nanoparticles, and the influence of lithium on nano-
sized films of Fe2O3.

The research topic of processing and modeling contains
articles on electronic-excitation-induced processing in GaSb
compound nanoparticles, and constitutive rheological mod-
eling of flow serration behavior in metallic glasses.

In the applications of nanocrystals, authors report CdSe
quantum dot-sensitized mesoporous TiO2 solar cells with
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CuSCN as solid-state electrolyte, fluoride nanoscintillators,
and electrodeposition of nanometer-sized ferric oxide mate-
rials in colloidal templates for conversion of light to chemical
energy.
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During the past decade, much work has been devoted to the preparation of nanomaterials by blending starch nanocrystals from
different sources with various polymer matrices. The following paper summarizes the most up-to-date information available
relating to starch nanocrystals and their contribution to research, application, and advancement of diversified nanomaterials. This
paper provides an overview of aspects related to starch nanocrystals, including methods for extraction and preparation, chemical
modification (with particular emphasis on the modification methods and strategies), reinforcing effects and mechanisms, and
applications and prospects.

1. Introduction

Starch, the major energy reserve of higher plants, is a
mixture of two main components: amylose, a linear or
slightly branched (1→ 4)-α-D-glucan, and amylopectin, a
highly branched macromolecule consisting of (1→ 4)-α-D-
glucan short chains linked through α-(1→ 6) linkages [1]. All
starches are biosynthesized as semicrystalline granules con-
taining densely packed polysaccharides and a small amount
of water. The conventional model for the inner structure of
starch is that it is formed from two regions—crystalline and
amorphous lamellae, which together form the crystalline and
amorphous growth rings [2]. Figure 1 shows a schematic
illustration of the starch granule inner structure and the
chemical structure of amylopectin. For the investigation
into the intrinsic structure of starch, various measurements
were introduced, such as nuclear magnetic resonance (NMR)
spectroscopy [1], X-ray microfocus diffraction [3], and small
angle X-ray microfocus scattering [4, 5], and it was shown
that native starch granules possessed an annular structure of
alternant crystalline and semicrystalline layers. The growth

rings, amorphous (single chain) and ordered (double helix)
components [6], are arranged alternately and encircle the
point of initiation of the granule, called the hilum (shown
in Figure 1). The dominant component of the crystalline
region in native starch granules is thought to be amylopectin
lamellae [7, 8], which pack together to form double helix
crystal structure [9, 10]. In crystallites of starch, parallel
stranded double helical structure is found in pairs, and all
chains are packed in arrays. The pairing of double helices is
identical in both polymorphs and corresponds to the interac-
tion between double helices that has the lowest energy [11].

The crystalline regions of starch granules can be isolated
by mild acid hydrolysis using hydrochloric or sulfuric acid.
It is believed that at temperatures below the gelatinization
temperature acid molecules preferentially attack the amor-
phous regions of the granule [12] resulting in these regions
being more rapidly hydrolyzed than the crystalline regions
[13]. The residue after acid hydrolysis contains the starch
nanocrystals which have high crystallinity and nanoscale
platelet morphology. Angellier-Coussy et al. investigated the
molecular structure of waxy maize starch nanocrystals and
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Table 1: Previous studies concerning the effects of different extraction methods and starch sources on starch nanocrystal size.

Starch source
Concentration of
acid for hydrolysis

Temperature Duration (a)Structural parameters Characterization Ref.

Waxy corn starch

2.2 mol/L HCl 36◦C 40 days
L= 20–40 nm
W = 15–30 nm

TEM [21]

3.16 mol/L H2SO4 40◦C 5 days
T = 5–7 nm
L= 40–60 nm
W = 15–30 nm

TEM [22, 24]

3.16 mol/L H2SO4 40◦C 5 days
T = 6–8 nm

L= 70–100 nm
TEM [30]

Corn starch 2.87 mol/L H2SO4 45◦C 7 days L= 50 nm SEM [33]

Pea starch
3.16 mol/L H2SO4 40◦C 5 days

L= 60–150 nm
W = 15–30 nm

TEM [19, 25]

3.16 mol/L H2SO4 40◦C 5 days L= 30–80 nm TEM [34]

Potato starch
3.16 mol/L H2SO4 40◦C 5 days

L= 40–70 nm
W = 10–20 nm

TEM [20]

2.2 mol/L HCl 35◦C 15 days — TEM [32]

(a)Data for structural parameters are length (L), width (W), and thickness (T) of starch nanocrystals.

found that there were two major groups of dextrins in
the nanocrystals with average degrees of polymerization of
12.2 and 31.7 [14]. The distribution of branched molecules
in the two dextrin populations suggests that the starch
nanocrystal possesses a regular and largely homogeneous
molecular structure. This paper details preparation methods
and modification strategies, as well as applications for
starch nanocrystals in nanomaterials. The reinforcement
mechanism of starch nanocrystals in nanomaterials is rec-
ognized and discussed; and the prospects and outlook for
chemical modification and application in nanomaterials and
biomaterials are presented.

2. Preparation of Starch Nanocrystals

In native starch granules, the crystalline and amorphous
phases coexist and together form the onion-like structure
of the entire starch granule [15]. During the clustering
organization process, the amylopectin side chains spiral due
to the stacking of nanometric subunits, form the crystalline
lamellae and ultimately construct the crystalline region [16].
With acid hydrolysis and/or wet-mashing, regions of low
lateral order as well as amorphous phases in the starch
granules dissolve, while the highly crystalline water-insoluble
lamellae remain. The botanical origin of a starch, namely the
type of crystallinity and the relative proportion of amylose
and amylopectin, determines the structure and morphology
of the starch nanocrystals [17, 18]. The conditions of
hydrolysis during the extraction process (such as the type
of acid, acid concentration, temperature, and time) affect
the size and yield of starch nanocrystals. Table 1 summarizes

the structural characteristics of the crystalline nanolamellae
extracted by different acid treatments from various starch
sources. Starch nanocrystals derived from various plants have
been shown by TEM or SEM to be of various sizes, with
the length ranging from 20 to 200 nm, width from 10 to
30 nm, and thickness from 5 to 10 nm. Figures 2(a) and 2(b)
show TEM images of starch nanocrystals derived from pea
starch [19] and potato starch [20], respectively. Although the
starch nanocrystals tend to self-aggregate, the individual and
isolated platelets of starch nanocrystals can also be observed.

Through the comparative analysis of data in Table 1, we
found that there was little or no variation in the temperature
of hydrolysis, which was from 35◦C to 45◦C. The main
reason for low hydrolytic temperature may be to prevent
starch gelatinization and destruction of the starch crystalline
structure. Of the several factors affecting the hydrolysis
process, acid type and duration of hydrolysis are quite
distinct, namely, hydrochloric acid (HCl) hydrolysis requires
more than 15 days while only 5–7 days are required for
sulfuric acid (H2SO4) hydrolysis.

Putaux et al. investigated the optimization of hydrolysis
conditions for the extraction of starch nanocrystals with
HCl [21] and H2SO4 [22] and the effects on morphology
and yield. The improved process for extraction of starch
nanocrystals by acid hydrolysis followed by preservation is
illustrated in Figure 3. Although HCl hydrolysis produced
individual starch nanoplatelets, the long treatment time and
low yield inhibit its application as nanofiller in nanomateri-
als. H2SO4 hydrolysis was used to prepare starch nanocrystals
at a relatively large scale [22]. Response surface methodology
was used to optimize the conditions as follows: the initial
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Figure 1: Schematic illustration of starch granule structure and chemical structure of amylopectin.
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(b)

Figure 2: TEM images of starch nanocrystals from different sources: pea starch (a) (reproduced from [19] with permission from John Wiley
and Sons) and potato starch (b) (reproduced from [20] with permission from Elsevier).

starch with a concentration of 14.69% in 3.16 mol/L H2SO4

was hydrolyzed at 40◦C with mechanical stirring at 100 rpm
for 5 days. The resultant product had the same shape as
that from the ca. 6-week HCl hydrolysis, but the yield was
significantly enhanced (from 0.5 wt% to 15.7 wt%) while the
hydrolysis time was shortened to 5 days. It should be pointed
out that with the H2SO4 hydrolysis method, although the
sulfate groups on the surface of the starch nanocrystals
contribute to dispersion and stability in aqueous solution,
they also decrease the thermal stability of the nanocrystals.
To solve this problem, a small amount of ammonia (0.5 wt%)
was added to the H2SO4 starch nanocrystal suspension
before successive centrifugation [23]. This enhanced the
thermal stability of the freeze-dried starch nanocrystals and
made them suitable for chemical modification. The key
element in the preparation of starch nanocrystals is to not
destroy the starch crystalline structure while completely
removing the amorphous region of starch granules. At
the same time, isolating the nanocrystalline lamellae and
obtaining the individual, low degree of self-aggregated
platelet starch nanocrystals should also be desirably created
or maintained.

3. Chemical Modification of
Starch Nanocrystals

Starch nanocrystals possess a reactive surface covered with
hydroxyl groups, which provides the possibility of modi-
fication via a chemical reaction strategy. The purpose of
chemical modification is to contribute to specific functions
and to expand the applications of starch nanocrystals.
Angellier et al. estimated the surface hydroxyl group content
to be ca. 14% of the total amount available, for example,
only 0.0025 mol of reactive hydroxyl groups exist in 1.0 g of
freeze-dried starch nanocrystals [26]. This percentage was
calculated by constructing a simplified model of a single
nanocrystal and counting the surface hydroxyl groups acces-
sible to a water molecule using response surface methodol-
ogy. There are three strategies for chemical modification of
starch nanocrystals: modification by chemical reaction with
small molecules, grafting onto polymer chains with coupling
agents, and grafting from polymer chains with polymer-
ization of a monomer. Evidence for chemical modification
can be found by infrared spectroscopy analysis (FTIR),
X-ray photoelectron spectrometry (XPS), and elemental
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Figure 3: Extraction procedure and preservation method for starch
nanocrystals.

analysis. Furthermore, the effects of chemical modification
of starch nanocrystals, such as changes in morphology and
size, solubility or polarity, surface properties, and thermal
properties, can be investigated and discussed. It should also
be pointed out that any modification strategies must preserve
the integrity of the starch nanocrystal’s crystalline structure
or have a low degree of destruction. The performance of
nanomaterials will inevitably be affected because chemical
modification transforms the surface characteristics of the
starch nanocrystals and hence improves interfacial interac-
tions with the polymer matrix. Strong interfacial adhesion
facilitates the transfer of stress and plays a reinforcing
role for nanocrystals. In addition, functional modification
of the starch nanocrystals, such as grafting to fluorescent
molecules, may expand their application in the field of
biomedical materials.

3.1. Modification by “Chemical Reaction”. The first attempt
at modification of starch nanocrystals was a small molecule
chemical reaction between hydroxyl groups (–OH) and
isocyanate groups (–NCO). Acid hydrolysis of waxy maize
starch granules was used to prepare the starch nanocrystals
which were then chemically modified on the surface using
phenyl isocyanate (PI) in toluene solution [26]. After surface
chemical treatment with PI, the platelet-like geometric form
of the starch nanocrystals seemed to be preserved, but the size
had decreased as compared to unmodified starch fragments.
Chemical grafting with PI most probably induced partial

solubilization of starch molecules located at the surface of the
nanocrystal. In addition, the solubility and polarity of starch
nanocrystals were improved. Unmodified starch nanocrys-
tals are not able to migrate into methylene chloride because
it has a much higher affinity for water; the PI-modified
starch nanocrystals dispersed well in methylene chloride
solution, suggesting a lower polar nature of the nanocrystal
surface after chemical modification. Analysis of that the
contact angle measurement data showed that the contact
angle (θ) values for water changed from 35.3◦ to 64.6◦,
the polar component in the starch nanocrystals decreased
from 30.7 mJ/m2 to 11 mJ/m2, and surface energy (γs)
decreased from 61.9 mJ/m2 to 47 mJ/m2 for the unmodified
starch nanocrystals and the PI-modified starch nanocrystals,
respectively. These results show that surface chemical mod-
ification with isocyanate functions weakened the polarity of
the original starch nanocrystals, thereby allowing the use of
nonpolar polymers as matrices for composite materials[26].

With the chemical reaction between acetic anhydride
and hydroxyl groups, starch nanocrystals can be acetylated
and modified by small molecules [27]. The resulting acety-
lated starch nanocrystals exhibited lower surface energy,
increased hydrophobic property, and improved solubility
in common organic solvents such as acetone, toluene,
N, N-dimethylformamide, and carbon tetrachloride. The
crystalline structure of acetylated starch nanocrystals was
also changed from A-style to style V-style. In addition, the
platelet-like starch nanocrystals became sphere-shaped after
modification and the size increased from original 20–40 nm
to 63–271 nm.

3.2. Modification Based on the “Graft to” Strategy. Although
modification by chemical reaction between small molecules
and starch nanocrystals improved adhesion between the
filler and matrix, the three-dimensional networks of the
nanomaterials were partially or totally destroyed, leading
to a sharp decrease in mechanical performance of the
composites when modified starch nanocrystals (after chem-
ical modification) were used as nanofiller in a polymer
matrix. Based on the strategy of “grafting to” polymer
chains, novel methods have been put forward and grafting
of various polymers (such as poly(ethylene glycol) methyl
ether (PEGME) [28], poly(propylene glycol) monobutyl
ether (PPGBE) [29], poly(tetrahydrofuran) (PTHF) [29],
poly(caprolactone) (PCL) [29], alkenyl succinic anhydride
(ASA) [26], and aliphatic chloride [28, 30]) to the surface
of starch nanocrystals using different coupling agents has
been attempted. The conditions for all of the “graft to”
starch nanocrystal modification reactions, including solvent,
catalyst, coupling agent, reaction time, and temperature, are
summarized in Table 2.

Grafting reactions using the coupling agent 2,4-touene
diisocyanate (2,4-TDI) can be accomplished via two syn-
thetic routes due to the different number of end groups
in the grafted polymers, namely, the polymers possessing
one reactive hydroxyl group and those with two reactive
hydroxyl groups. It has been shown that the isocyanate at
the 4 positions is 7 times more reactive than that at the
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starch nanocrystals based on the “graft to” strategy.

2 positions of 2,4-TDI [31]. Polymers, such as PEGME
or PPGBE, with only one end hydroxyl group, are grafted
onto the surface of the starch nanocrystals with a two-step
process [28]. First, the isocyanate at the 4 position of 2,4-
TDI reacts with the polymers, and the end hydroxyl group is
modified with the isocyanate group. During the second step,
the unreacted second isocyanate at the 2 position is reacted
with the surface hydroxyl groups of the starch nanocrystals to
graft the polymer chains. When there are two end hydroxyl
groups on the polymer chains, such as on PTHF and PCL,
a capping reaction for one hydroxyl group using phenyl
isocyanate (PI) is necessary [29]. As a result, there are three
steps for grafting to polymers with two end hydroxyl groups,
that is, (i) end capping of one end group, (ii) functionalizing
of the other end group, and (iii) polymer grafting onto
the starch nanocrystals. A schematic illustration based on
the “graft to” procedure for polymer chains with 2,4-TDI
as coupling agent is shown in Figure 4. The morphologies
of modified starch nanocrystals vary after grafting onto
the polymer, resulting from the different relative molecular
weights and lengths of the polymer chains. Modification
by grafting polymers blocks the hydrogen bond interactions
among starch nanocrystals, which may reduce the polarity
and surface energy and result in individualization of the
nanoplatelets. The comparative analysis of data from total
surface energy (γ), dispersive surface energy (γD), and polar
surface energy (γP) indicated that the grafted PEGME chains
were expected to be lying flat on the starch surface rather
than assembled in a brush-like structure [28]. Grafting of
polymer chains on the surface of starch nanocrystal based on
the “graft to” strategy is illustrated in Figure 4.

Reaction between the hydroxyl group and the acid
chloride group (–COCl) is another method of modification
which grafts polymer chains, such as stearoyl chloride [28],
octanoyl, nonanoyl, and decanoyl chloride [30], to the starch
nanocrystals. Because of the violent esterification reaction
between –OH and –COCl, the modification conditions,
such as temperature and pH, should be mild in order to
maintain the crystalline structure of the starch nanocrystals,
as shown in Table 2. After grafting onto aliphatic polymers,

the modified nanocrystals were more individualized and
slightly larger in size than their unmodified counterparts.
It should be pointed out that when stearate polymer was
grafted onto the starch nanocrystal surface, the polymer
chains were believed to have taken on a crystalline brush-like
structure from the starch surface outward and to reinforce
the crystallinity of the nanocrystals. This could be attributed
mainly to the high level of surface grafting efficiency and to
the covalently linked stearates which crystallize at the starch
nanocrystal surface [28]. When the octanoyl, nonanoyl, and
decanoyl polymers were grafted, the polarity of the starch
nanocrystals decreased and dispersion in organic solvent
improved. As for the stearate modified starch nanocrystals,
it is interesting to note that the polarity of the starch-stearate
surface disappeared, which is attributed to efficient surface
coverage by the stearate aliphatic chain ends. Grafting to alkyl
polymer chains also improved the thermal properties. For
example, grafting to stearate chains resulted in an increase of
more than 100◦C in the degradation temperature of starch
because of the protective crystalline layer formed by the
oxygen-poor stearate surface [28]. Similarly, after grafting to
octanoyl, nonanoyl, and decanoyl polymers, the low amount
of hydroxyl groups remaining after acylation caused the
modified starch nanocrystals to have greater thermal stability
[30].

In conclusion, the described “graft to” surface modifica-
tions clearly change characteristics of the starch nanocrystals,
such as morphology, size, polarity, dispersion in aqueous
or organic solvents, surface properties, and thermal prop-
erties, while keeping the crystalline integrity. The ultimate
purpose of chemical modification is to achieve a rein-
forcing effect in nanomaterials, which would allow the
use of nonpolar polymers as matrices for nanocomposite
materials, and stimulate the functional application of starch
nanocrystals.

3.3. Modification Based on the “Graft from” Strategy.
Although various polymers have been used in attempts to
modify the surface of starch nanocrystals based on the “graft
to” strategy, there are still some shortcomings, such as low
controllability and grafting efficiency, as well as difficulty
in grafting long-chain polymers. To solve these problems,
a novel “graft from” strategy has been proposed in which
polymerization of monomers and chain propagation of
polymers are induced, and ultimately the polymer chains are
coupled with the starch nanocrystals. Using the “graft from”
strategy, together with ring-opening polymerization (ROP)
for poly(ε-caprolactone) (PCL) [23, 25, 32] and free radical
polymerization (FRP) for polystyrene (PS) [33], different
polymers have been grafted from the surface of starch
nanocrystals. Figure 5 shows a schematic illustration of
grafting polymer chains onto a starch nanocrystal based on
the “graft from” strategy. With this strategy, a higher grafting
density can be realized; and through the selection and
control of the grafting polymer chains’ length and type, for
example, polar or nonpolar grafting chains, the properties of
starch nanocrystals can be regulated. The grafted chains will
improve the compatibility between nanocrystals and matrix
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Table 2: Reaction conditions for the “graft to” strategy for starch nanocrystal modification reactions.

Graft polymers Coupling agents Solvent Catalyst
(a)Reaction
temperature

(a)Reaction time (b)Characterization Ref.

PEGME550 2,4-TDI Toluene DTD 70◦C 7 days
BET, FTIR, XPS,
TEM, CAM

[28]

PPGBE4000 2,4-TDI Toluene TEA 70–80◦C 7 days
FTIR, XPS, EA,
TEM, CAM

[29]

PTHF1400
2,4-TDI (PI capping
first)

Toluene TEA 70–80◦C 7 days
FTIR, XPS, EA,
TEM, CAM

[29]

PCL10000

PCL42500

2,4-TDI (PI capping
first)

Toluene TEA 70–80◦C 7 days
FTIR, XPS, EA,
TEM, CAM

[29]

Stearate polymer stearic acid chloride
Methyl ethyl
ketone

TEA 60◦C 4 days
BET, FTIR, XPS,
TEM, CAM

[28]

(c)Aliphatic polymers thionyl chloride Water — 20◦C 20 min FTIR, EA, TEM [30]

ASA350 — Toluene 4-DAP 70◦C 7 days
FTIR, XPS, TEM,
CAM

[26]

TEA: triethylamine, DTD: dibutyltin dilaurate, 2,4-TDI: 2,4-toluene diisocyanate, PI: phenyl isocyanate, ASA: alkenyl succinic anhydride, 4-DAP: dimethyl
amino pyridine, BET: Brunauer-Emmett-Teller, FTIR: Fourier transform infrared, EA: elemental analysis, TEM: transmission electron microscopy, XPS: X-
ray photoelectron spectrometry, and CAM: contact angle measurement. (a)Reaction temperature and time listed in the table are assigned to the temperature
and time of modified polymer chains grafted onto starch nanocrystals. (b) Characterization listed in the table refers to the measurements for proving the
success of modification. (c) Aliphatic polymers include octanoic (C8), nonanoic (C9) and decanoic (C10) polymers.

and facilitate the transformation of structures and properties
of nanocomposites filled with starch nanocrystals.

Under the different conditions of microwave assisted and
thermal ring-opening polymerization, the surfaces of starch
nanocrystals were functionalized by grafting with polycapro-
lactone (PCL) chains. Figure 6 shows a TEM image of PCL-
modified starch nanocrystals and the reaction mechanism of
ring-opening polymerization based on the “graft from” strat-
egy. As shown in the image, after microwave assisted chemi-
cal modification most modified nanocrystals show a platelet-
like structure of less than 100 nm, suggesting that the process
of grafting PCL chains facilitates the dispersion of nanocrys-
tals [23, 25]. In another work, the method of bulk poly-
merization was used to graft PCL polymer chains to starch
nanocrystals [32]. With the analysis of Differential Scanning
Calorimetry (DSC) measurements, it seems that chemical
modification caused the decomposition of grafting copoly-
mer in the broader range of temperature but the crystalline
structure and morphology of nanocrystals are unaltered.

Another method of chemical modification of starch
nanocrystals is free radical polymerization on the starch
nanocrystal surface. An amphiphilic starch nanocrystal
copolymer was prepared by graft copolymerization of starch
nanocrystals with styrene [33]. During the hydrolysis pro-
cess, the amorphous region of the starch was hydrolyzed
and removed, and 50 nm particles were obtained as starch
nanocrystals. After grafting the hydrophobic polystyrene
chains, the modified starch nanocrystals transformed as
the amphiphilic nanoparticles, which exhibited the size of
around 80–100 nm spheral morphology. The amphiphilic
starch nanocrystals dispersed well in both polar and non-
polar solvents. The excellent amphiphilic characteristic was
attributed to the different conformation variations of the

hydrophobic polystyrene side chains and to the hydrophilic
starch backbone when in polar or nonpolar solvent.

4. Application of Starch Nanocrystals

4.1. Natural Polymers as Matrix. With natural rubber latex as
the matrix and an aqueous suspension of waxy maize starch
nanocrystals as the reinforcing phase, starch nanocrystals
have been introduced into natural rubber for the preparation
of nanocomposites [35]. The basic procedure was as follows:
(i) mixing an aqueous suspension of starch nanocrystals
and natural rubber latex, (ii) vacuum degassing, (iii) water
evaporation, first at 40◦C under atmospheric conditions for
6–8 h and then at 60◦C under vacuum for 2 h, and (iv) film
formation. The starch nanocrystal content in the resultant
composites ranged from 2 wt% to 50 wt%. The performance
of the nanocomposites and various structural properties
(such as morphology, crystallinity, swelling behavior, barrier
properties to water vapor and oxygen, thermal proper-
ties, and mechanical properties) were investigated. Starch
nanocrystal filler was evenly distributed within the natural
rubber matrix, which is very important for producing
good mechanical properties. Meanwhile, preparation of the
nanocomposites did not destroy the crystalline structure
of the starch nanocrystals, as verified by wide-angle X-ray
diffraction analysis. It is interesting to note that the swelling
of nanocomposites in toluene decreased and the swelling in
water increased with the introduction of starch nanocrystals
to the natural rubber. It was assumed that these phenomena
were attributed to the formation of the starch nanocrys-
tal three-dimensional network through hydrogen linkages
between starch nanoparticle clusters and also to favorable
interactions between the matrix and filler. It should be noted
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that the addition of starch nanocrystals induced a decrease
in permeability to both water vapor and oxygen of natural
rubber-based nanocomposites. Water Vapor Transmission
Rate (WVTR) gradually decreased from 0.078 g/(m·day)
for neat natural rubber composite to 0.043 g/(m·day) for
nanocomposite with a starch nanocrystal content of 20 wt%.
At the same time, the higher the starch content was, the
greater the decrease in oxygen permeability, that is, 17.9%
for the composite with 10 wt% starch nanocrystals, 20.3%
for the composite with 20 wt% starch nanocrystals, and 47%
for the composite with 30 wt% starch nanocrystals [35]. It is
believed that the platelet-like low permeability structure of
starch nanocrystals stands in the way of the water vapor or
oxygen molecules, increasing the tortuosity of the diffusion
path, and ultimately affecting the barrier properties of the
natural rubber based composites. The mechanical properties
of composites also improved with the introduction of starch
nanocrystals. For example, at room temperature the relaxed
modulus of nanocomposites containing 10, 20, and 30 wt%
filler was about 10, 75, and 200 times higher, respectively,
than the neat natural rubber material. It was shown that
with a content of up to 20 wt%, this new filler presented
the advantage of effectively reinforcing the natural rubber
without significantly decreasing the elongation at break
(εb,true) of the material. For example, εb,true decreased slightly
from 303% to 277% whereas the strength (σb,true) increased
sharply from 77.1 MPa to 229.5 MPa (the former values are
for the neat natural rubber material and the latter values are
for the nanocomposite with 20 wt% starch nanocrystal filler)
[24, 36]. In view of the positive effects of starch nanoparticles
on barrier and mechanical properties of the natural rubber
matrix, Novamont (Novara, Italy), working in partnership
with Goodyear Tire and Rubber (America), has recently
developed tires using nanoparticles derived from corn starch,
partially replacing the conventional carbon black and silica
used in making tires. This patented innovation, called
BioTred, presents environmental advantages but also reduces
the rolling resistance of tires [37]. Starch nanocrystals were
also proved to have the potential as the substituted nanofiller
for natural rubber [35].

Waxy maize starch nanocrystals have also been used
as a reinforcing agent in a waxy maize starch matrix with
various plasticizers. Contrary to natural rubber, starch is a
thermoplastic and polar matrix, and when starch nanocrys-
tals are used as the nanofillers in starch-based materials the
chemical structures of the matrix and filler are similar. These
particulars promote good miscibility and strong interfacial
adhesion between the starch nanocrystal filler and the starch
matrix. Angellier et al. and Viguié et al. investigated the
effects of plasticizer content, starch nanocrystal filler content,
and aging on the reinforcing properties of starch-based
nanocomposites [38, 39]. When a glycerol content of 25 wt%
was selected to plasticize the materials, the mechanical
properties of the starch-based nanocomposites reinforced
with starch nanocrystals were clearly higher than those of
the unfilled matrix, even after aging of the material [38].
This reinforcing effect was attributed to the establishment of
strong interactions not only between the starch nanocrystals
but also between the filler and the matrix and was probably
also due to crystallization that may have occurred at the
filler/matrix interface. At the same time, the increase in Tg

for starch-based materials, resulting from hydrogen bonding
between the filler and matrix restricting the molecular
mobility of the matrix amylopectin segments, slowed ret-
rogradation of the starch matrix considerably. The starch-
based nanocomposites plasticized with sorbitol exhibited
a similar reinforcing effect on mechanical and thermal
properties of starch nanocrystals [39]. In addition, it should
be noted that retrogradation of the starch matrix, which
occurred in both sorbitol- and amylopectin-rich domains
of the unfilled matrix, was restricted to amylopectin-rich
domains in the starch nanocrystal reinforced matrix, which
may be attributed to the occurrence of the transcrystalliza-
tion phenomenon.

Alkenyl succinic anhydride (ASA) is a polymer with
an acid anhydride group that can be chemically reacted
with hydroxyl groups on the starch nanocrystal surface
by using 4-dimethyl amino pyridine as the catalyst [26].
Because the modified starch nanocrystals are surrounded
by ASA molecules, they exhibit a flocky conglomeration
morphology, not the original platelet shape. Surface chemical
modification with anhydride functions enhances the nonpo-
lar nature of starch nanocrystals and also preserves the initial
crystalline structure.

Glycerol plasticization and compression molding was
used to incorporate pea starch nanocrystals into a soy protein
isolate (SPI) matrix to produce a class of fully biodegradable
nanocomposites [19]. The rigid starch nanocrystals showed
a prominent reinforcing function that was dependent
upon uniform dispersion and strong interfacial interaction
between the filler and matrix. The reinforcing effect was
however restricted by size expansion of the starch nanocrys-
tal domains. As a result, in contrast to neat soy protein
material, nanocomposite with a low starch nanocrystal
loading level (2 wt%) showed the highest strength and
Young’s modulus, which were enhanced by ca. 50% and
200%, respectively. With an increase in starch nanocrystal
content, the number and size of starch nanocrystal domains
increased, thus lowering the filler’s effective active surface
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from [19] with permission from John Wiley and Sons).

area available for interaction with the soy protein matrix.
The increased filler level also destroyed the ordered structure
of the soy protein matrix, causing a gradual decrease in
strength and Young’s modulus. In addition, although the
starch nanocrystals introduced were relatively hydrophilic,
the water uptake of the nanocomposites showed no obvious
change [19]. The effect of starch nanocrystal content on
the mechanical performance of soy protein-based nanocom-
posites is shown in Figure 7. In another case, sorbitol-
plasticized pullulan nanocomposites filled with waxy maize
starch nanocrystals showed substantial improvement in
mechanical and water resistance properties as compared with

the unfilled material [40]. The water barrier properties of the
nanocomposites were particularly enhanced with a high filler
content (20 wt%), and the thermal stability of pullulan-based
material was also improved.

4.2. Synthetic Polymers as Matrix. Different from natural
polymers, synthetic polymers are versatile materials with
many industrial applications because of their excellent phys-
ical properties and chemical resistance. The shortcomings of
synthetic polymers are also numerous, including the high
cost, non-biodegradability, non-biocompatibility, and poor
mechanical or thermal performance of some polymers. The
introduction of starch nanocrystals into synthetic polymer
matrices should ameliorate these problems to some degree.
Pea starch nanocrystals were blended with poly(vinyl alco-
hol) (PVA) to produce nanocomposites [34]. The nanocom-
posites containing starch nanocrystal at levels of 5 and
10 wt% exhibited improved physical properties, namely,
higher light transmittance, tensile strength, elongation at
break, and lower moisture uptake, as compared with the
neat PVA material. In another work, waxy maize starch
nanocrystals were introduced as filler into an acrylic polymer
matrix, namely, poly(styrene-co-butyl acrylate) (poly(S-co-
BuA)) [41]. Dynamic mechanical analysis (DMA) showed
that the mechanical properties of these composites were
substantially improved by increasing the amount of filler.
With the high loaded level (ranging from 0 to 60 wt%),
potato microcrystalline starch was also used to reinforce the
thermoplastic poly(S-co-BuA) matrix, which brought a great
reinforcing effect, especially at temperatures higher than the
Tg of the synthetic matrix [42].

The introduction of potato starch nanocrystals into
waterborne polyurethane (WPU) [20] led to nanocompos-
ites with enhanced tensile strength, Young’s modulus, and
elongation. With a starch nanocrystal content of only 2 wt%,
the strength and elongation of the composite were enhanced
by ca. 1.7- and 2.6-fold, respectively, over those of the
neat waterborne polyurethane material. The improvements
in mechanical performance are mainly attributed to the
enduring stress of rigid starch nanocrystals and to the
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stress transfer mediated by the strong interfacial interaction
between the starch nanocrystal surface and the waterborne
polyurethane matrix, as well as to the relatively uniform
dispersion of the starch nanocrystals. When the loading level
of starch nanocrystals was relatively high (>8 wt%), the size
and amount of the starch nanocrystal inevitably expanded
due to the strong tendency for self-aggregation of starch
nanocrystals. This resulted in a decrease in the effective
active surface of the filler phase and weakened the interfacial
adhesion, the essential association between filler phase and
matrix. At the same time, excess breakage of conventional
organization and interaction in the waterborne polyurethane
matrix, as well as the formation of a microphase separation
in the composites, ultimately inhibits further enhancement
of mechanical performance [20]. In another work, waxy
maize starch nanocrystals were introduced as the reinforcing
phase in the modification of waterborne polyurethane,
which exhibited improvements in strength and thermal
stability of the materials [43]. Based on a “graft from”
strategy, the surface of starch nanocrystals was functional-
ized by grafting with polycaprolactone (PCL) chains using
microwave-assisted ring-opening polymerization [23]. The
modified nanocrystals were then loaded into the waterborne
polyurethane matrix. The nanocomposite containing the
lowest loading level of 5 wt% grafted copolymers showed
the maximum tensile strength and elongation, which were
also higher than those of neat waterborne polyurethane.
The grafted PCL chains used for surface functionality of
starch nanocrystals were of the same origin as the soft
segment (PCL2000) of the waterborne polyurethane matrix,
which facilitated the uniform dispersal of the nanoscale
fillers and hence improved the miscibility between filler
and matrix. As the point of stress concentration, the starch
nanocrystals performed the reinforcement function fully,
resulting in enhanced strength. At the same time, increasing
entanglements mediated with grafted PCL chains facilitated
the increase in elongation [23].

Chemically modified starch nanocrystals have also been
used as reinforcing filler for synthetic and biodegradable
polyester matrices, such as poly(lactic acid) (PLA) and
polycaprolactone (PCL). In the case of a “graft from”
starch nanocrystal-graft-poly(ε-caprolactone) (StN-g-PCL)
filled into a poly(lactic acid) matrix, PCL polymer chains
were grafted onto the surface of starch nanocrystals via
microwave-assisted ring-opening polymerization [25]. The
resultant modified nanocrystals were then incorporated
into a poly(lactic acid) matrix by solution mixing, and
the film was then solidified to produce fully biodegrad-
able nanocomposites. The addition of grafted PCL starch
nanocrystals resulted in a pronounced enhancement of
elongation together with a decrease in Young’s modulus.
For example, the σb,true of nanocomposite with 5 wt% fillers
was ca. 10-fold over that of neat PLA material, as shown
in Figure 8(a). This was attributed to the introduction
of the rubbery PCL component which provided flexibility
to the nanocomposite and contributed to the increase in
elongation. An increase in modified nanocrystal content,
however, led to nanofiller self-aggregation and microphase
separation between filler and matrix, resulting in a decrease
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Figure 8: Effects of PCL content in copolymer starch nanocrystal
grafting on mechanical performance of PLA-based nanocomposites
(a) and DSC thermograms of nanocomposites with various grafted
copolymer contents (b) (Reproduced from [25] with permission
from Wiley-VCH Verlag GmbH & Co. KGaA).

in nanocomposite strength and elongation. The introduction
of modified starch nanocrystals into the PLA matrix also
affected the thermal properties of the composites. DSC
thermograms of nanocomposites with various filler contents
are shown in Figure 8(b). The glass transition temperature
(Tg,mid) assigned to PLA shifted from 57.7◦C to 47.8◦C
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for nanocomposite with 5 wt% grafted copolymer filler
and was absent in nanocomposites with higher loading
levels (>15 wt%). This was attributed to an improvement
in freedom of motion of the PLA matrix during melting of
the grafted PCL component. In addition, the frozen motion
of glassy PLA segments in the interfacial layer (composed
of PCL and PLA chains) results in a slight shift to a lower
melting temperature (Tm) for PCL [25].

The “graft to” method links polycaprolactone (PCL)
chains of various molecular weights (PCL10000 and PCL42500)
covalently onto the surface of starch nanocrystals by
an isocyanate-mediated reaction. Both unmodified and
modified nanocrystals were used to prepare highly filled
nanocomposites using a casting/evaporation method with
a PCL matrix [44]. The addition of PCL-grafted waxy
maize starch nanocrystals resulted in a continuous increase
in the tensile modulus as verified by DMA experiments.
Disappointingly, there was also a gradual decrease in both
the strength and elongation at break when PCL-modified
starch nanocrystal filler was added, as compared to the
neat PCL material. Although grafted chains of the same
component as the matrix promote better filler dispersion
within the polymeric matrix, low grafting efficiency, resulting
from chain entanglements between grafted chains and PCL
chains from the matrix, induces a decline in the strength
and elongation of composites. For example, the elongation
at break decreased from 637% to 83% when 20 wt% of
PCL10000-grafted starch nanocrystals was added.

4.3. Reinforcement Mechanism of Starch Nanocrystal Filler.
It is well known that the structure and properties of
nanocomposites are relevant to the cooperative effects of
many factors including the various structures of matrices,
the network among nanofillers and polymer matrices, the
interfacial interactions, the scale of dispersion, morphology,
and the surface functionality of the nanocrystals. A percola-
tion mechanism, determined by three-dimensional networks
formed by the interconnection of polysaccharide nanocrys-
tals and stabilized by hydrogen bonding, is the predominant
contributor to reinforcement of the resultant nanocompos-
ites as it enhances tensile strength and Young’s modulus
gives a higher storage modulus, a thermally stable rubbery
plateau, and affects the diffusion coefficient [24, 36, 45–48].
The percolation mechanism has been verified by successive
tensile experiments, which consist of stretching the material
to a given elongation, releasing the force, stretching again
to a higher elongation, and repeating. It has been proven
that over the percolation threshold (νRc), the polysaccharide
nanocrystals connect and form a tridimensional continuous
pathway through the nanocomposite [49]. The formation
of this nanocrystal network results from strong interactions
between crystals, such as hydrogen bonds [50], and improves
the mechanical and thermal properties. This phenomenon
is similar to the mechanical properties observed for a sheet
of paper, which result from the hydrogen-bonding forces
that hold the percolation network of fibers together [49].
The νRc is inversely proportional to the aspect ratio of
nanofillers, such as, waxy maize starch nanocrystal-based

nanocomposites-generally displayed improved mechanical
properties at the filler content of about 5 wt% [24], which
was due primarily to its lower aspect ratio and platelet-
like geometry in contrast with rod-like cellulose whiskers.
Any factor that affects the formation of the percolation
nanocrystal network, or interferes with it, will change
the performance of the composite [51]. There are three
main parameters affecting the properties of such materials:
the morphology and dimensions of the nanocrystals, the
processing method, and the microstructure of the matrix
and matrix-filler interactions [49]. It should be noted that
although chemical reaction modification (ASA modified or
PI modified) of starch nanocrystals improves the adhesion
between the filler and matrix, it partially or totally destroys
the three-dimensional network in the nanocomposites. This
leads to a strong decrease in mechanical performance of
the composites after chemical modification [24, 35]. Similar
results have also been shown in the study of natural rubber
nanocomposites reinforced with chemically modified crab
shell chitin nanowhiskers [52].

The interfacial interactions among polysaccharide nano-
crystals, grafted polymer chains, and the polymer matrix are
another crucial factor affecting the structure and properties
of composites [23, 25, 53]. Fast freezing during quenching
before freeze-drying and high melting viscosity during
compounding/molding inhibit the percolation mechanism
in many polysaccharide nanocrystal-based nanocomposites.
Furthermore, in some systems the percolation threshold is
unachieved due to sedimentation of the filler or to low
filler/matrix miscibility. In these cases, the interfacial inter-
actions between filler and matrix participate in stress transfer
to rigid nanometer sized fillers with higher stress endurance
and become dominant in the reinforcement effect and in the
simultaneous toughening effects. When starch nanocrystal
was grafted from PCL chains and incorporated into PLA or
WPU matrices, the entanglement and interaction between
grafted polymer chains and polymer matrices facilitated the
interfacial adhesion between the nanocrystals and matrices
and hence contributed to the rigid nanocrystals endurance
of higher stress. At the same time, the rubbery component of
the grafted polymer chains, together with the formation of
an interfacial layer, improved the elongation of the nanocom-
posites. The three-phase structure model shown in Figure 9
summarizes the interactions among the nanocrystals, the
interfacial layer, and the polymer matrix. In addition, it
should be pointed out that, using the same strategy, long
and dense “plasticizing” tails of grafted polymer chains on
polysaccharide nanocrystals entangle with each other and
enable the modified nanocrystals to directly thermoform to
make novel nanocomposites [54, 55].

5. Conclusions and Outlook

Starch nanocrystals, the nanoscale biofiller derived from
native starch granules, have been compounded with many
different kinds of polymer matrices. The intrinsic rigidity
of starch nanocrystals, special platelet-like morphology,
strong interfacial interactions, and the percolation network
organized by nanocrystals all contribute to optimized
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Figure 9: Schematic illustration of three-phase structure model.

mechanical performance, thermal properties, solvent
absorption, and barrier properties. To improve interfacial
adhesion between starch nanocrystals and polymer matrices,
a series of chemical modifications based on “chemical
reaction”, “graft to,” and “graft from” strategies have been
carried out and, in some cases, markedly enhanced the
performance of the nanomaterials. Some reinforcing
mechanisms were proposed and used to manipulate the
performance of starch nanocrystal-filled materials. Novel
processing technology should be sought in order to accelerate
the application of starch nanocrystals in nanomaterials. Lack
of continuous processing technology makes current methods
for production of nanomaterials reinforced with starch
nanocrystals impractical. Furthermore, environmentally
friendly processing and manufacturing must be developed
in order to replace the current process which is energy
intensive, requires strong/toxic chemicals, and is a burden
on our fragile ecosystem and environment. In addition,
cellulose nanocrystals have been introduced into the
field of biomaterials, noticeably for use in bioimaging
applications after fluorescent labeling modifications [56].
Compared to cellulose nanocrystals, the structure of starch
nanocrystals is less durable, particularly during functional
modification, which impairs the development for use of
starch nanocrystals in the biomaterials field. Realization of
functional modification of starch nanocrystals under mild
reactive conditions would greatly improve its practical utility
for the future.
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[42] A. Dufresne, J. Cavaillé, and W. Helbert, “New nanocomposite
materials: microcrystalline starch reinforced thermoplastic,”
Macromolecules, vol. 29, no. 23, pp. 7624–7626, 1996.

[43] Y. Wang and L. Zhang, “High-strength waterborne
polyurethane reinforced with waxy maize starch nanocrystals,”
Journal of Nanoscience and Nanotechnology, vol. 8, no. 11, pp.
5831–5838, 2008.

[44] Y. Habibi and A. Dufresne, “Highly filled bionanocomposites
from functionalized polysaccharide nanocrystals,” Biomacro-
molecules, vol. 9, no. 7, pp. 1974–1980, 2008.

[45] K. G. Nair and A. Dufresne, “Crab shell chitin whisker
reinforced natural rubber nanocomposites. 1. Processing and
swelling behavior,” Biomacromolecules, vol. 4, no. 3, pp. 657–
665, 2003.



Journal of Nanomaterials 13

[46] K. G. Nair and A. Dufresne, “Crab shell chitin whisker
reinforced natural rubber nanocomposites. 2. Mechanical
behavior,” Biomacromolecules, vol. 4, no. 3, pp. 666–674, 2003.

[47] Y. Lu, L. Weng, and L. Zhang, “Morphology and properties
of soy protein isolate thermoplastics reinforced with chitin
whiskers,” Biomacromolecules, vol. 5, no. 3, pp. 1046–1051,
2004.

[48] A. Dufresne and J.-Y. Cavaillé, “Clustering and percolation
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Dipartimento di Fisica Università degli Studi di Trento, 38123 Povo, Italy

Correspondence should be addressed to A. Miotello, antonio.miotello@unitn.it

Received 9 April 2010; Accepted 18 August 2010

Academic Editor: Bo Zou

Copyright © 2011 N. Bazzanella et al. This is an open access article distributed under the Creative Commons Attribution License,
which permits unrestricted use, distribution, and reproduction in any medium, provided the original work is properly cited.

The hydrogen desorption kinetics of composite materials made of magnesium hydride with transition metal additives (TM: Nb, Fe,
and Zr) was studied by several experimental techniques showing that (i) a few TM at.% concentrations catalyse the H2 desorption
process, (ii) the H2 desorption kinetics results stabilized after a few H2 sorption cycles when TM atoms aggregate by forming
nanoclusters; (iii) the catalytic process occurs also at TM concentration as low as 0.06 at.% when TM atoms clustering is negligible,
and (iv) mixed Fe and Zr additives produce faster H2 desorption kinetics than single additive. The improved H2 desorption kinetics
of the composite materials can be explained by assuming that the interfaces between the MgH2 matrix and the TM nanoclusters
act as heterogeneous sites for the nucleation of the Mg phase in the MgH2 matrix and promote the formation of fast diffusion
channels for H migrating atoms.

1. Introduction

Because of the high hydrogen storage capacity of MgH2,
∼7.6 wt.%, low cost, and weight, magnesium is still currently
investigated for H2 storage applications. Most research
efforts are dedicated to the improvement of the kinetic H2

sorption process that is too slow even at temperatures larger
than 500 K. The hydrogen desorption process results from
many single steps taking place in series: the nucleation of
the Mg phase in the MgH2 parent phase and the diffusion
of hydrogen atoms through transformed Mg and/or not
transformed MgH2 layers to the sample surface where the
H2 recombitative desorption occurs. The velocity of these
reaction steps could be limited by the surface Mg oxide layer
impeding the H2 surface processes [1, 2] or by the presence
of a continuous MgH2 layer acting as hydrogen diffusion
barrier [3]. On the contrary, the hydrogen absorption and
desorption kinetic in Mg can be improved by microstructural
refinements such as the reduction of the Mg or MgH2

grain size: grain boundaries are, in fact, active nucleation
sites for the formation or dissociation of the hydride phase
and act as preferential diffusion paths for H atoms [4].

The major improvements are generally obtained by the
use of a proper metal or metal oxide additive. Transition
metals or transition metal oxides additives favour the H2

dissociation [5] and can further improve the H2 sorption
kinetics in different ways. Nanocomposite materials formed
by milling MgH2 and Nb or Nb oxide powders are the most
studied systems. Time-resolved X-rays synchrotron analysis
suggested the transformation during H2 desorption at 573 K
of the NbH nanocatalyst in the metastable, H vacancy rich
NbH0.6 phases: the catalytic effect was thus explained as an
enhanced transfer of H atoms from the MgH2 matrix to the
Mg surface by H diffusion through the catalyst layers [6].
Recent studies on the structural analysis of MgH2 samples
catalysed by Nb [7] or Nb oxides [8] suggest the formation of
Mg-Nb perovskite phases by reaction of Nb2O5 and Mg: the
perovskite was suggested to act as preferential “pathways” for
hydrogen diffusion.

We have recently studied the H2 desorption process from
MgH2 samples where the metallic additives, single or mixed
atomic species, were completely included inside the MgH2

matrix [9–15]. These samples allow to specifically investigate
the role of the additives, in the bulk processes, leading to
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the decomposition of MgH2 phase and to the H2 desorption
process. In this paper we present a comprehensive review of
our experimental results.

In particular, in Section 2 we review the studies on the
hydrogen desorption kinetics from pure and Nb-catalysed
MgH2, and then we discuss the role of the Nb additive when
it is distributed inside the MgH2 matrix at concentration
ranging from <0.1 to about 5 at.%.

In Section 3 we will present the results of the experimen-
tal analysis dedicated to the structural and chemical-physical
characterization of the Nb additive when dispersed in the Mg
or MgH2 matrix.

In Section 2 we present a study on the comparison
between the catalytic effect of different TM additives con-
tained inside the MgH2 matrix at concentration ∼5 at.%.

Finally, in Section 3, we will present results on a novel
route to enhance the hydrogen desorption kinetics from
MgH2 by using mixed TM additive.

2. Hydrogen Desorption Properties of
Nb-Doped MgH2 Samples

Samples of pure Mg and Nb-doped Mg with different
concentrations of Nb (see Table 1) were deposited by RF
magnetron sputtering in form of films with thickness ∼10–
20 μm on 5 cm diameter polished graphite wafers. The Nb
doping was obtained by putting a few numbers of small
Nb fragments on the surface of Mg target in such a way
that sputtering process involves both Mg and Nb, that is, a
co sputtering procedure was utilized to prepare Mg-doped
samples [9]. To prevent the surface oxidation and stimulate
the H2 dissociation at the Mg surface, samples were coated
with a 15 nm thick Pd capping layer without interrupting the
vacuum conditions in the deposition chamber. Pd is known
to split hydrogen, and splitting is an important step in the
hydrogen sorption process though it might be not the rate-
limiting step. Indeed, at temperatures larger than 250–300 K,
Pd is transparent to hydrogen [16].

The Nb concentration was measured, after deposition,
by Energy Dispersion Spectroscopy (EDS) while Secondary
Ions Mass Spectroscopy (SIMS) was employed with samples
having Nb concentration lower than 1 at.% and to verify
the uniform distribution of the Nb catalyst into the Mg
layers [12]. After deposition, Mg samples peeled off from
the substrate and the self-supporting samples were intro-
duced in a Sievert-type apparatus to study the hydrogen
absorption and desorption kinetics: details on the sample
preparation, activation procedure, and experimental analysis
are described elsewhere [9, 17].

In Figure 1 we present the hydrogen desorption kinetics
from MgH2 at 623 K in samples having different Nb
concentrations. The figure shows a strong increase of the
reaction velocity for all the Nb-doped Mg: the reaction half-
time τ1/2, that is the interval time needed to have half of
MgH2 transformed to h-Mg, decreases from 3250 ± 50 s
for pure MgH2 to 110 ± 10 s for the 2-to-5 at.% Nb-doped
MgH2. Intermediate values of τ1/2 are observed at lower Nb
concentrations: 290 ± 10 s for 1 at.% and 2390 ± 30 s for

100 101 102 103 104

0

0.2

0.4

0.8

1

0 at.% Nb
∼ 0.06 at.% Nb
∼ 1 at.% Nb

∼ 2 at.% Nb
∼ 5 at.% Nb

R
ea

ct
ed

fr
ac

ti
on

Time (s)

0.6

Figure 1: Hydrogen desorption kinetics at 623 K from MgH2

samples with different Nb concentrations.

0.06 at.%. A corresponding reduction of the incubation time,
that is the typical time needed for the nucleation of the Mg
phase, can also be observed in Figure 1 (arrows indicate the
reacted fraction firstly evidenced that roughly corresponds to
the incubation time).

The desorption processes of Figure 1 have been sat-
isfactorily described in the framework of the Johnson-
Mehl-Avrami theory for solid-state transformation [18]. The
relevant effective parameters of the model, say, the values
of the reaction order, n, and activation energy, Ea, are
reported in Table 1. The obtained different values suggest
that different mechanisms control the H2 desorption kinetics
at different Nb concentrations.

The value n = 4 obtained for pure MgH2 indicates that
the continuous formation of stable Mg nuclei in the MgH2

parent phase is the rate-limiting step in the H2 desorption
kinetics. n = 1 for MgH2 samples with Nb content of
2–5 at.% indicates an instantaneous nucleation of the Mg
metallic phase in the MgH2 followed by its diffusional growth
[9]. The evaluated value of the activation energy, 51 ±
5 kJ/mol H, suggests that the diffusional growth is limited
by H atomic diffusion in Mg layers: this value is, in fact,
close to that of the activation energy for H diffusion in
bulk Mg, 40 kJ/mol H [19]. Structural analysis by X-Ray
Diffraction (XRD) and Extended X-ray Absorption Fine
Structure (EXAFS) [12] evidenced, as we will report below,
the formation of Nb:H nanoclusters. We thus explained the
kinetic results by assuming that (a) the interface between the
Nb:H nanoclusters and the MgH2 matrix offers sites where
the instantaneous nucleation of the Mg phase occurs (hetero-
geneous nucleation) and (b) H atoms dissociated from the
Mg hydride migrate to the sample surface (where desorption
occurs) through domains of transformed Mg. Kinetic data
presented in Figure 1 indicate that the same behaviour is
shown by samples with Nb dopant concentration ≥2 at.%.
This result is relevant for application because it shows that
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Table 1: Evaluated values of the half-reaction time (τ1/2) at T = 623 K, order of reaction (n), and activation energy (Ea) of MgH2 samples
with different Nb concentrations.

Sample τ1/2 (s) n Ea(kJ mol−1 H)

Pure Mg 3250 ± 50 4 141± 5

Mg + 0.06 at.% Nb 2390 ± 30 2 140 ± 5

Mg + 1 at.% Nb 290 ± 10 1.5 78 ± 5

Mg + 2÷ 5 at.% Nb 110 ± 10 1 51 ± 5

the optimum catalyst concentration can be lower than 5 at.%,
the concentration usually reported for ball-milled Mg [20].
Note that only a few other catalysts were tested at so low
concentration [21].

Relevant differences on hydrogen desorption kinetics are
observed in samples with Nb concentration lower than 2–
5 at.%: the kinetic curve for 1 at.% Nb concentration is
reproduced with n = 1.5 and Ea = 78 ± 5 kJ/mol H. The
XRD spectrum of such sample (see [12]) shows that Nb
atoms form Nb:(H) nanoclusters with size nearly equal to
that observed in samples with larger Nb content. Because of
the lower Nb concentration, there is thus a larger distance
between the Nb:H nanoclusters and a lower specific MgH2-
Nb:H interface area as compared to the 2–5 at.% Nb-doped
samples. The larger value of the activation energy (78 versus
51 kJ/mol) cannot be simply explained as an effective value
describing the H2 effusion kinetics of a material that consists
of a fraction of Nb-catalysed MgH2 and a fraction of pure
MgH2: effusion simulation carried out by assuming that
the hydride consists of a larger fraction of MgH2 with
embedded Nb clusters, and a lower fraction of pure MgH2

cannot reproduce the observed H2 desorption kinetics. On
the contrary, by assuming that the observed kinetics still
obeys a diffusion-controlled kinetics, the evaluated values of
n = 1.5 and Ea = 78 kJ/mol can be explained by observing
that:

(a) the presence of Nb:H clusters still provide a large
density of Mg phase nucleation centers with low
activation energy barriers (as in the case of 5 at.%
Nb); this point is confirmed by the reduced values of
the incubation time when compared with the pure
Mg hydride;

(b) the increased distance between the Nb clusters in the
MgH2 matrix limits the onset of interconnected Mg
domains which favour the H atomic diffusion [9].

The evaluated value of the activation energy, 78 ± 5 kJ/mol
H, is not much different from the value of the activation
energy, 100 ± 10 kJ/mol H, for H diffusion in MgH2 as
reported by Fernández et al. [22]. This suggests that the rate-
limiting step in the H diffusion is given by the energy barrier
to be overcome by the migrating species in not transformed
MgH2 phase.

A final interesting result comes out from the analysis
of the sample with the lower Nb concentration, 0.06 at.%.
Here the clustering of the Nb atoms is a negligible process
because the Nb concentration is close to the solubility limit
of Nb in Mg, [Nb/Mg] ∼ 10−4 [23]. A catalytic effect
of Nb on hydrogen desorption can be still observed as

indicated by the reduction of the τ1/2 parameter with respect
to that observed in the undoped MgH2. After repeated
H2 absorption-desorption cycles, the catalytic properties
decrease and the 0.06 at.% Nb-MgH2 exhibits a value of the
τ1/2 parameter comparable to that of pure MgH2 but lower
incubation time. This means that the Mg nucleation process
still results in acceleration. Because the relevant activation
energy value of the desorption process is just the same as
in the case of pure Mg (see Table 1), we may conclude that
single Nb atoms may constitute seeds for heterogeneous Mg
nucleation in the same way as homogeneous seeds operate in
pure Mg.

In particular, we suggest that the atomic environment
around the Nb impurity atom acts as nucleation seed for the
Mg phase given the presence of local elastic strains due to
the atomic size difference between solute (Nb) and solvent
atoms (Mg, H). The decrease of the phase transition velocity
after the first absorption-desorption cycles is explained by
impurity segregation at extended defects, such as grain
boundaries, that reduce the availability of heterogeneous
nucleation seeds.

In conclusion, several different mechanisms influence
the hydrogen kinetics in MgH2 depending on the Nb
atomic concentration: specifically, at concentration larger
than 1 at.%, Nb forms nanoclusters that affect both the
Mg nucleation process and hydrogen diffusion. At very low
concentration, 0.06 at.%., Nb remains atomically dispersed
(clustering of the Nb atoms should be negligible because the
Nb concentration, as indicated above, is close to the solubility
limit in Mg) and the only effect of Nb is on favouring the Mg-
phase nucleation.

3. EXAFS and TEM Analysis of Nb-Doped MgH2

In order to further clarify the role of the Nb doping
element, we studied the evolution of the chemical-physical
state of the Nb atoms dispersed in the Mg matrix upon
hydrogen absorption and desorption cycles. The analyses
were carried out by EXAFS, XRD, and Transmission Electron
Microscopy (TEM) analysis on three representative Nb-
doped Mg samples: (i) as-deposited sample, (ii) activated
MgH2 samples after partial MgH2 to Mg phase transition
(hereafter, hydrogenated sample), and (iii) activated sample
after complete MgH2 to Mg phase transition (hereafter,
dehydrogenated sample). Details on the measurements and
data analysis are reported in [11].

Results show that stable catalytic effects of Nb are
connected with the formation of Nb nanoclusters dispersed
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Figure 2: Nb K-edge EXAFS spectra from Nb-doped (5 at.%)
Mg samples; the spectra of the hydrogenated and dehydrogenated
samples are pertinent to fully activated samples.

in the Mg matrix while no evidence of Nb oxidation could be
deduced from previous analysis.

In Figure 2 we present the EXAFS spectra of the samples
together with the spectrum of crystalline Nb: we observe that
the spectrum of the as-deposited sample is different from
the spectra of the hydrogenated and dehydrogenated samples
which are similar to that of crystalline Nb.

In Figure 3 we show the moduli of the Fourier trans-
formed spectra compared with the corresponding best-fit
curves of the first two interatomic correlation signals: the
spectrum of the as-deposited sample differs from that of
the metallic Nb; the other two are quite similar, except for
the fact that for the hydrogenated sample the peaks located
at about 2.7 and 3.1 Å are shifted towards higher R (the
interatomic distance) values with respect to the Nb foil
spectrum. The results of the EXAFS analysis are reported in
Table 2.

In the as-deposited sample, the average local structure
around Nb is composed mainly of Mg atoms, at a distance
that is shorter with respect to the corresponding value of
the crystalline Mg and appears in agreement with the first
Nb-Mg coordination distance obtained by simulating an Nb
substitutional impurity in an Mg cluster. Besides this main
signal, the analysis evidenced also an Nb-Nb correlation,
as shown in Figure 3(b), where in the backtransformed
k-space the filtered data and fit are compared and the
different contributions to the fit are reported. The Nb-Nb
correlation indicates the presence of Nb aggregates: the fact
that the coordination number is low (about 1) and the
Nb-Nb distance is shorter than for the bulk Nb strongly
suggests that the clusters are composed of few Nb atoms.
In the hydrogenated sample, the Nb-Mg signal is below
the detectable limit; two Nb-Nb correlations are evident

indicating the presence of Nb-containing nanoclusters: the
Nb-Nb distances are ∼4.5% longer than the corresponding
values in crystalline Nb. We ascribe this fact to the presence
of H atoms into the Nb clusters increasing the interatomic
distance: the local structure around Nb is in agreement
with both the αNb-H phase (with an H/Nb atomic ratio
of 0.9) [24] and with the orthorhombic βNb-H phase
(with an H/Nb atomic ratio higher than 0.8) [25]. It
is worth noting that the coordination number is lower
than the corresponding value in the bulk Nb, due to the
fraction of Nb atoms located on the cluster surface and,
possibly, to Nb atoms dispersed in the Mg matrix. After
the hydrogen desorption process, the Nb is still aggregated
in nanoclusters: in this case, the Nb-Nb coordination
distances are those of the corresponding bulk phase: this
indicates the H desorption from the Nb clusters (see [6]
to gain insight on formation, decomposition, and general
features on stability of NbH). The fact that the coordination
numbers in this case are even lower than those of the
hydrogenated sample could likely indicate a smaller size
of the nanoclusters and/or a larger fraction of Nb atoms
dispersed into the Mg matrix. As in the hydrogenated sample,
the Nb-Mg signal is below the detectable limit for the EXAFS
spectroscopy.

The XRD spectrum of the as-deposited sample [9] shows
a preferential growth of the Mg film with the (0001) planes
parallel to the substrate. After hydrogenation, the sample
shows a complex pattern formed of many peaks; see Figure 4:
the peaks can be attributed to a tetragonal MgH2 phase with
lattice parameters a = 0.4517 nm and c = 0.30205 nm (ICDD
card n. 12-697) and to an orthorhombic β-NbH0.89 phase
with lattice parameters a = 0.484 nm, b = 0.490 nm, and
c = 0.345 nm (ICDD card n. 7-263). The unindexed peaks
are due to Mg layers that have lost the absorbed hydrogen.
The mean grains size of the β-NbH0.89 phase, estimated
by using the Scherrer equation after deconvolution of the
Mg(101) and NbH0.89(200) peaks, see the inset of Figure 4, is
∼20 nm. The presence of metallic Nb was never detected in
the hydrogenated sample. The dehydrogenated sample shows
a very simple XRD pattern where, apart from the unindexed
Mg peaks, only the first three peaks of metallic Nb (bcc, a =
0.33066 nm, ICDD card n. 35-789) are present; see Figure 5.
The mean grains size of the metallic Nb, calculated from the
measurement of the FWHM of the Nb(110) peak, is∼15 nm.
It is worth to note that in this case the Mg- and Nb-hydrides
are completely disappeared.

TEM observations performed on the as-deposited sam-
ple evidenced the preferential growth of the film, in agree-
ment with the XRD results, as well as the absence of any
nanocluster or precipitate inside the Mg grains. The size
of these grains ranges from 0.1 to 1.5 μm. The electron
diffraction pattern has a ring structure attributable to Mg.
In this case, the few-atom aggregates detected by the EXAFS
spectroscopy are most likely too small to give a significant
contribution to the whole diffraction pattern. A completely
different appearance is shown by the hydrogenated sample:
spherical nanoclusters with dimensions ranging from 5 to
25 nm, not uniformly dispersed inside the grains, are clearly
visible after few minutes of permanence under the electron



Journal of Nanomaterials 5

0 2 4 6

−10

0

10

20

Fo
u

ri
er

tr
an

sf
or

m
m

od
u

lu
s

(a
.u

.)
Nb foil

As-deposited

R (Å)
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Figure 3: EXAFS analysis of the Nb-doped (5 at.%) Mg samples. (a) k3-weighted Fourier transform moduli (transformation range k = 3–13
Å−1 for the as-deposited sample, k = 3–16 Å−1 for the others) of the EXAFS spectra (markers) and corresponding best-fit curves (solid line)
of the first two coordination signals (Nb-Mg and Nb-Nb for the as-deposited sample, two Nb-Nb for the others); no back-scatterer phase-
shift correction was applied in the figure. (b) Fourier filtered spectrum (markers) in the fitting range and superimposed fit (solid line) of the
as-deposited EXAFS spectrum; the residuum and the two single-scattering signals that contribute to the fit are reported.

Table 2: Results of the Nb K-edge EXAFS analysis on Nb-doped Mg films; for each pair of atoms, N is the coordination number, R the
interatomic distance, and σ2 the Debye-Waller factor. The uncertainty in the fitting results corresponds to a confidence level of 68%.
Crystallographic data for metallic Nb and the simulation of the local structure around an Nb substitutional impurity into the Mg lattice
are also reported.

Sample N R (Å) σ2 (10−4 Å
2
)

As-deposited
Nb-Nb 1.2 ± 0.4 2.73 ± 0.01 38 ± 9

Nb-Mg 9.6 ± 0.9 3.08 ± 0.01 99 ± 8

Hydrogenated
Nb-Nb 5.6 ± 0.3 3.00 ± 0.02 57 ± 6

Nb-Nb 4.2 ± 0.2 3.45 ± 0.02 66 ± 8

dehydrogenated
Nb-Nb 4.0 ± 0.2 2.87 ± 0.01 44 ± 4

Nb-Nb 3.0 ± 0.2 3.32 ± 0.01 40 ± 4

metallic Nb
Nb-Nb 8 2.8638

Nb-Nb 6 3.3068

Nb-doped Mg (simulation)
Nb-Mg 6 3.075

Nb-Mg 6 3.195

beam (a longer permanence induces the decomposition of
the Mg- and Nb-hydrides). The electron diffraction pattern
of the sample only shows the presence of Mg rings and
a very weak ring attributable to metallic Nb. Finally, the
dehydrogenated sample is stable under the electron beam,
and its structure is formed of spherical nanoclusters with
dimensions in the range 10–20 nm. These nanoclusters are
not uniformly distributed inside the grains; see Figure 6,
where the Nb particles appear as small black dots. The
electron diffraction pattern of this sample is formed of spotty
rings due to Mg and few well evident extra spots due to
metallic Nb.

The present structural analysis thus shows that the accel-
erated H2 desorption kinetics is connected to the presence of
the Nb nanoclusters [12]. As suggested by the analysis of the
desorption curves, the role of the nanoclusters is connected
to the accelerated nucleation of the Mg phase in the MgH2

matrix: the interface between the Nb:H nanoclusters and
the MgH2 matrix favours the instantaneous nucleation of
the Mg phase (heterogeneous nucleation). An embryo of
the Mg phase can reduce its energetic formation cost at the
MgH2-Nb:H interface as discussed in general framework;
see [26, 27]. In addition, the MgH2-Nb:H interface can
favour the Mg phase growth. Indeed, in diffusional phase
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Figure 4: XRD spectrum of the 5 at.% Nb-doped MgH2 sample,
partially dehydrogenated. The inset shows the deconvolution of the
Mg (101) and NbH0.89 (200) peaks: continuous line: experimental
data, dashed line: fitting, and dotted line: envelope of the fitted
curves.

transitions where transport of the atomic components occurs
over paths longer than the interatomic distance, new phases
are often observed to nucleate at grain boundaries of the
parent phase. These extended defects result in fast diffusion
channels for migrating atoms thus giving rise, in the lattice
layers around them, to the critical solute concentration for
the phase transition [26, 27]. In the present Nb-doped MgH2

samples, the MgH2-Nb:H interface can play a similar role
allowing an effective removal of the H atoms dissociated
from adjacent MgH2 layers and thus favouring the formation
of Mg nuclei having critical size.

4. Comparison between Desorption Kinetics of
Nb-, Zr-, and Fe-Doped MgH2

In this section we present a comparative study on the H2

desorption from the MgH2 matrix doped with different
metallic elements dispersed in atomic concentration, say, 2–
5 at.% [13]. Results on Nb were reported above and now
we consider, for comparison, Fe and Zr because (i) they are
transition metals (TM) with catalytic properties for the H2

sorption kinetics in Mg and (ii) they do not form binary
phases with Mg and show negligible solubility [23]. Nb,
Zr, and Fe have different “affinity” with hydrogen in the
temperature range (400 K < T < 700 K). Nb forms interstitial
alloys with hydrogen: the α phase is a random interstitial
alloy of H in bcc Nb with H/Nb ratio <0.31. Zr forms
stable phase: the δ phase having fcc structure with 1.31 <
H/Nb < 2. Fe does not form any binary hydride phase and
shows negligible H solubility [28]. In these new composite
samples, the atomic % concentration, as detected by EDS,
was ∼5 at.% for Fe (the same as for Nb) and ∼3 at.% for Zr:
these concentrations are larger than the maximum solubility
of the TM in Mg, 0.00043 at.% for Fe at the eutectoid
temperature of 920 K, close to 1.3 × 10−4 for Nb in liquid
Mg at 1500 K, and lower than 0.1 at.% for Zr at temperatures
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Figure 5: XRD spectrum of the dehydrogenated 5 at.% Nb-doped
samples.

150 nm

Figure 6: TEM micrograph of the dehydrogenated sample showing
distribution and size of the metallic Nb nanoclusters.

lower than 700 K [23]. These equilibrium properties indicate
that precipitation of the metal additive atoms is expected
upon the thermal treatment leading to the sample activation
at 623 K and/or during H2 cycling.

The room temperature XRD spectra of the TM-doped
samples, partially dehydrogenated, confirm cluster forma-
tion. While Fe remains in the metallic state, see Figure 7, Nb
and Zr form hydride phase as shown by the NbH0.89 and
ZrH1.66 reflection peaks in Figures 8 and 9, respectively: no
evidence of metallic Nb or Zr was found in the partially
desorbed samples. The obtained TM-H phases are appro-
priate to equilibrium phase diagram at room temperature
[28]. The Debye-Scherrer analysis of the XRD peak indicates
the formation of TM nanoclusters having dimensions in
the 10 ÷ 20 nm range while Mg and MgH2 maintain the
microcrystalline structure [9–11]. The aggregation of TM
atoms to form nanoclusters during cycling in hydrogen
is confirmed by the evolution of XRD spectra from as-
deposited to fully cycled samples [9, 11] and by also
comparing with EXAFS analysis [11].

In Figure 10 we present the isothermal H2 desorption
curves of the pure and metal-doped MgH2 samples at the
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Figure 7: Room temperature XRD spectra of the 5 at.% Fe doped
MgH2 samples, partially dehydrogenated after full activation.
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Figure 8: Room temperature XRD spectra of the 5 at.% Nb-doped
MgH2 samples, partially dehydrogenated after full activation.

representative temperature of 623 K. The curves show a
strong improvement of the H2 desorption kinetics in the
examined TM-doped samples when compared to the pure
MgH2: at this temperature the interval time required for 50%
transformation decreases from ∼3000 s for pure MgH2, to
∼200 s for the Zr-doped sample, and to ∼100 s for Nb- and
Fe-doped samples.

In Figure 11 we present the TDS spectra of the pure and
TM-doped MgD2 samples after their complete activation.
(For the TDS analysis deuterium was chosen rather than
hydrogen to improve the signal-to-noise ratio: at 2% of the
TDS peak height the signal-to-noise ratio of the m/e = 4
signal was better than 102).
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Figure 9: Room temperature XRD spectra of the 3 at.% Zr-doped
MgH2 samples, partially dehydrogenated after full activation.
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Figure 10: Isothermal H2 desorption curves of the pure and TM-
doped MgH2 samples at 623 K, after their fully activation.

The most important information provided by the spectra
is the position of the peak temperature TP at which the des-
orption rate reaches its maximum: this temperature allows
a direct comparison of the influence of the TM additive
on the thermal stability of the MgD2 phase. The obtained
spectra confirm the trend observed in the isothermal curves
evidencing lower thermal stability of the TM-doped samples
as compared to pure MgD2. The Fe- and Nb-doped sample
show TDS peaks at ∼470 and ∼480 K, respectively while
the Zr-doped samples shows TDS peak at ∼535 K. Pure
MgD2shows the TDS peak at a larger temperature, close to
630 K.

The present H2 (or D2) desorption results show that the
dispersion of different TM nanoclusters inside the MgH2

matrix accelerates the H2 desorption process and that TM
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Figure 11: TDS spectra of the pure and TM-doped MgD2 samples
after their fully activation.

nanoclusters distributed in the MgH2 matrix catalyse the
Mg phase nucleation even if they present different chemical
affinity with hydrogen. This point is also confirmed by the
strong reduction of the nucleation time (Figure 10) shown by
the isothermal desorption curves of the TM doped samples
(∼10 s for Nb and Fe and ∼50 s for Zr) as compared to that
pertinent to the pure MgD2, ∼1000 s.

In conclusion, composite materials consisting on TM-
doped Mg (TM: Nb, Fe, and Zr) with TM content of a few
at.% concentration show accelerated H2 desorption kinetics
when compared to the pure MgH2 samples (the diffusion
of migrating hydrogen atoms has been measured by “in
situ” EXFAS for the MgH2/Nb2O5 system [29]); while in
the pure MgH2 the H2desorption kinetics is controlled by
the nucleation and growth of the Mg phase, in TM-doped
samples the H2 release is controlled by the H diffusion
through Mg layers. The improved H2 desorption kinetics can
be explained by the presence of extended interfaces between
MgH2 and TM nanoclusters acting as heterogeneous sites for
the nucleation of the Mg phase and promoting the formation
of fast diffusion channels for H migrating atoms.

5. Mixed Zr-Fe Catalysts

In the previous sections we observed that the presence of
TM nanoclusters dispersed in the MgH2 matrix accelerates
the H desorption kinetics. Two additional effects were also
evidenced by the experiments [12]. First, in Mg samples
with Nb content in the at.% level, the hydrogen desorption
kinetics, when Nb does not form precipitates, was faster
than that observed in the activated sample where Nb forms
nanoclusters. Second, catalytic effects were also observed
when the metallic additive was present at levels lower than
0.1 at.% in the Mg matrix, that is, close to the solubility
limit of Nb in Mg. The desorption curves presented the same
kinetics (nucleation and growth mechanisms) and activation
energy as that of the pure MgH2 samples but a shorter
nucleation time: we thus suggested that also Nb atoms (or
few-atom aggregates) dispersed in the Mg matrix act as

0 250 500 750 1000 1250 1500

R
ea

ct
ed

fr
ac

ti
on

Time (s)

0.00160 0.00165 0.00170 0.00175

−6

−5.7

−5.4

−5.1

−4.8

−4.5

−4.2

ln
(K

)

1/T (K−1)0

0.2

0.4

0.6

0.8

1

Figure 12: Dehydrogenated fraction versus time at various temper-
atures for the Mg sample with mixed Fe-Zr additives at � 623 K,
O 613 K, � 603 K, ♦ 593 K, � 583 K, and � 573 K. In the insert
we present the Arrhenius plot of the desorption rate constant k: the
straight line is the least square fit.

nucleation centres for the Mg phase in the parent MgH2

phase [12].
These results suggest that a route to accelerate the H2

desorption kinetics is to limit the aggregation of the additives
in form of large clusters and to favour a better distribution of
the catalyst in form of small clusters or few atoms aggregates
into the MgH2 matrix. To this purpose we have prepared
MgH2 samples with mixed TM additives: in this section we
report on the hydrogen desorption from magnesium hydride
samples containing Fe and Zr, at a few at.% concentration
[14].

We have used Zr and Fe because they have catalytic effects
when dispersed in form of nanocluster in the MgH2 matrix
and because they do not form binary phases with Mg matrix.
Finally Zr is heavier than Fe and has larger atomic diameter,
4.32 versus 3.44 Å: they thus have different mobility values
and we thus expect different clustering processes when
sharing the same host matrix (Mg).

The Fe atoms will preferentially form clusters thus
limiting the aggregation process of Zr atoms because Fe
atoms can faster reach extended defects in the Mg (or
MgH2) matrix which are the typical nucleation centers. To
experimentally study this process we prepared Mg samples
with (i) Fe single additive (5 at.%), (ii) Zr single additive
(3 at.%), and (iii) mixed additive with 7 at.% (∼5 and ∼2
at.% content for Fe and Zr, resp.).

XRD analysis of the as-deposited samples showed no
evidence of metallic Fe and Zr: this means that the presence
of the additive is in atomic form or in form of a few atoms
aggregates as previously observed with Mg samples contain-
ing the Nb additive [11]. Based on previous XRD analysis of
TM-doped Mg, it is really difficult to suppose the presence
of metallic amorphous phase. In Figure 12 we report the H2

desorption data pertinent to fully activated MgH2 samples
with Fe-Zr mixed additive [18]. For comparison in Figure 13
we present the H2 desorption data at the representative



Journal of Nanomaterials 9

0 100 200 300 400 500
0

0.2

0.4

0.6

0.8

1

R
ea

ct
ed

fr
ac

ti
on

Time (s)

Figure 13: Dehydrogenated fraction versus time at 623 K of MgH2

sample with Zr (�) and Fe (©) single additive and mixed Fe-Zr
additives (�). The lines are only guide for the eyes.

temperature of 623 K pertinent to the MgH2 samples with
single catalyst: symbols (�) for Zr, symbols (©) for Fe.
Symbols (�) are pertinent to the sample with Fe-Zr mixed
additives.

In Table 3 we report the kinetic parameters pertinent to
samples containing the mixed additives and, as reference,
those pertinent to samples with a single additive and to
pure MgH2. We note that in presence of mixed additives
the hydride to metal phase transition obeys a nucleation-
and-growth mechanism while in presence of a single catalyst
(5 at.% Fe or 5 at.% Nb) the phase transformation has
diffusive character as shown by the different values of the
reaction order n and of activation energy Ea. The most
important result is the fact that the mixed additives induce
faster desorption kinetic as compared to pure MgH2 and
to MgH2with Fe or Nb as single additive as shown by
the τ1/2 parameter. Table 3 also indicates that the hydride
decomposition kinetic with mixed additives is very similar
to that of the sample with 1 at.% Nb reported in Section 2:
the order of reaction is the same, and the activation energy
values are very similar. The much better catalytic effect of the
mixed additives is related to the impressive increase of pre-
exponential factor (A) growing from ∼104 to ∼108 sec−1. We
remark that the improved kinetics compared to that of the
sample with single Fe or Zr additive cannot be attributed to
the larger additive content because there is a saturation effect
in the desorption catalysis with additive contents of ∼2 at.%
[12].

In Figure 14 we present the XRD spectrum of a fully
activated sample after H2 desorption that provides infor-
mation on the physical state of the Fe and Zr additives. In
the spectrum we observe reflection peaks pertinent to Mg
and the (110), (200), and (211) Bragg reflections of the α-
Fe phase but no XRD peak attributable to Zr nor to any
Fe-Zr phase. Because Zr and Fe as single additive cannot
produce the fast desorption kinetics shown in Figure 12,
we may suppose that the improved catalytic effect of the
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Figure 14: XRD spectra pertinent to Mg samples with mixed Fe-Zr
additives (completely activated) after H2 desorption: in the figure
only the Fe reflection peaks are labelled and all others peaks are
pertinent to h-Mg reflections. In the inset we present the Fe (110)
reflection peak pertinent to a sample with only the Fe additive, line
(a), and to a sample with mixed Fe-Zr additives, line (b). The thick
line is the reference position of the Fe (110) peak [ICDD 06-0696].

mixed additives has two causes: (i) aggregation of Fe into
nanoclusters and (ii) atomic dispersion of Zr (that could also
form aggregates but consisting on few atoms). We remark
that the second effect has permanent character because,
contrarily to the samples with single additive, no evidence
of Zr clustering is observed also after repeated H2 sorption
cycles.

By using the Williamson-Hall method [30] the size of the
α-Fe crystallites was determined to be lower than 20 nm. We
can also evaluate a low microstrain value of ε ∼ 6 × 10−4

not observed in the Mg sample with single Fe additive. The
intensity ratio of these diffraction peaks indicates that the
α-Fe nanoclusters have a random distribution in the Mg
matrix. The α-Fe clusters size is lower than in Mg samples
with single Fe additive, ∼30 nm, as evaluated by the Bragg-
Brentano analysis of the (110) reflection peak presented
in the inset of Figure 14, line (a) (this is the only α-Fe
reflection in the XRD spectrum). Both samples have the
same Fe content, ∼5 at.%, and assuming that all Fe atoms
form precipitates, we conclude that the sample with mixed
additives presents a higher Fe cluster density.

In the Mg sample with Zr as single additive, after
segregation upon diffusion, Zr atoms aggregate forming
clusters [13]. In the sample with mixed additives these Zr
clusters are not observed: the larger Fe mobility suggests
that a possible mechanism impeding the Zr aggregation
is the Fe clustering in the disposable nucleation centres
which anticipates the Zr precipitation. The lower size of
the Fe clusters in the Mg sample with mixed additives can
be explained by a larger density of available nucleation
sites as compared to that in the Mg sample with single
Fe additive: reasonably, the Zr few-atom aggregates may
constitute precipitation centres for Fe atoms.
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Table 3: Evaluated values of the half-reaction time (τ1/2) at T = 623 K, order of reaction (n), activation energy (Ea), and pre-exponential
factor (A) of pure and TM-doped (TM: Nb, Fe, and Zr + Fe) MgH2 samples.

Sample τ1/2 (s) n Ea (kJ mol−1H) A (s−1)

Pure Mg 3250 ± 50 4 141 ± 5 ∼108

Mg + 5 at.% Nb 110 ± 10 1 51 ± 5 ∼102

Mg + 1 at.% Nb 290 ± 10 1.5 78 ± 5 ∼104

Mg + 5 at.% Fe 100 ± 10 1 51 ± 5 ∼102

Mg + (Fe-Zr) 70 ± 10 1.5 94 ± 5 ∼108
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and desorption rate constant (circles) at different [Fe]/[Zr] atomic
ratios. The lines are only a guide for the eye.

To gain a deeper understanding on the kinetic processes
in presence of mixed additives and to determine which is the
optimum Fe and Zr atomic concentrations, we have prepared
samples with fixed metal content, about 7 at.%, by changing
the [Fe]/[Zr] atomic ratio [31]. In Figure 15 we summarize
the results by showing the size of the Fe nanoclusters, the Mg
grain size, and the desorption rate constant k (T = 623 K)
as function of the [Fe]/[Zr] ratio. From Figure 15 we observe
that (i) the H2 desorption rate constant attains its maximum
value when the [Fe]/[Zr] atomic ratio is ∼1, (ii) Fe forms
nanoclusters with 20 nm grain size independently on the
[Fe]/[Zr] atomic ratio, (iii) at [Fe]/[Zr] ∼1.8 the Mg grain
size attains its minimum value of about 100 nm, and (iv)
there is not evidence of Zr atoms aggregates.

To explain the previous results, we suggest that the
synergetic effect of the mixed Fe and Zr additives consists
of (i) Fe aggregation forming nanosized clusters that act
as Mg nucleation centers and promote the formation of
interconnected Mg domains for fast H diffusion and (ii)
Zr atoms playing most probably a role by favoring and
stabilizing the aggregation of the Fe additive and as Mg grain
refiner by limiting Mg grain growth [32]: grain refinement
certainly contributes to increase kinetic favoring diffusion
through grain boundaries.

In the future it would be interesting to investigate
the possible existence of correlation effects on diffusion

when different dopants are moving and clustering occurs as
observed in [33].

6. Conclusions

We have studied the hydrogen desorption kinetics of TM-
doped MgH2 samples to analyse the catalytic role of TM
atoms and nanoparticles dispersed into the magnesium
hydride matrix. We observed that (i) TMs are able to enhance
hydrogen desorption also at very low concentration (0.06
at.%) which means that they are atomically dispersed or form
a few-atom aggregates, (ii) TM-doped samples show stable
desorption properties after a number of H2 sorption cycles
when TM nanoclusters are formed with radius on the order
of 10–20 nm, and (iii) mixed TM (in the present case Fe and
Zr) can further enhance the desorption kinetics as compared
to the single additive.

The improved H2 desorption properties of the single
TM additive are explained by the presence of interfaces
between the MgH2 and the TM nanoclusters acting as
heterogeneous nucleation sites and promoting the formation
of fast diffusion channels for H migrating atoms. In our case
mixed TM (Fe-Zr) additive in the Mg matrix optimizes the
distribution and size of TM nanoclusters contained inside the
MgH2 matrix.

PACS

64.70.K-: Solid–solid transitions
61.46.+w: Nanoscale materials: clusters, nanoparticles,

nanotubes and nanocrystals
61.05.C-: X-ray diffraction and scattering
68.37.Lp: Transmission electron microscopy (TEM)
68.43.Nr: Desorption kinetics
68.43.Vx Thermal desorption
81.05.-t: Specific materials: fabrication, treatment,

testing, and analysis
82.65.+r: Surface and interface chemistry; heterogeneous

catalysis at surfaces
84.60.Ve: Energy storage systems, including capacitor

banks.
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Nanoparticles (NPs) of multiferroic bismuth ferrite (BiFeO3) with narrow size distributions were synthesized via a wet chemical
route using bismuth nitrate and iron nitrate as starting materials and excess tartaric acid and citric acid as chelating agent,
respectively, followed by thermal treatment. It was found that BiFeO3 NPs crystallized at∼350◦C when using citric acid as chelating
agent. Such crystallization temperature is much lower than that of conventional chemical process in which other types of chelating
agent are used. BiFeO3 NPs with different sizes distributions show obvious ferromagnetic properties, and the magnetization is
increased with reducing the particle size.

1. Introduction

In recent years, much research interest has been drawn
to bismuth ferrite (BiFeO3, abbreviated as BFO), which is
known to be the only multiferroic compound that exhibits
simultaneous ferroelectric and G-type antiferromagnetic
orders over a broad range above room temperature (Curie
temperature >800◦C, Neel temperature = 370◦C) [1–6].
As a partially covalent oxide, BFO has a rhombohedrally
distorted perovskite structure belonging to a space group
of R3c [7]. Nevertheless, it exhibits weak magnetism at
room temperature due to a spiral magnetic spin cycloid
with a periodicity of ∼62 nm [4]. So far, most studies on
BFO have been performed on two-dimensional epitaxial
thin films grown on various substrates [8–11], where
epitaxial strain is manifested so as to alter some important
properties including crystal lattice structure, polarization,
and magnetization. However, more recent approaches are
focusing on polycrystals as well as substrate-free nanos-
tructures such as low-dimensional nanostructures, especially
zero-dimensional materials like nanoparticles (NPs) [12–
17]. Meanwhile, studies on finite size effect of BFO have
been carried out by different authors and some interesting

properties (e.g., shift of Neel temperature, gas sensing
properties, etc.) have been reported [18–22].

Previous studies have demonstrated that synthesis of
BFO NPs through a traditional solid-state method produces
poor reproducibility and causes formation of coarser pow-
ders as well as Bi2O3/Bi2Fe4O9 impurity phase [4]. Up to
date, several chemical routes (e.g. hydrothermal treatment,
mechanochemical synthesis method, and sol-gel methodol-
ogy, etc.) have been successfully employed for fabricating
BFO nanoparticles. However, these approaches have certain
shortcomings such as impurities in the final products. Ghosh
et al. reported a ferrioxalate precursor method to synthesize
BFO NPs through solutions of some specific salts at a
temperature of 600◦C [23]. Despite the efforts made through
enhancing sintering temperature to avoid impurities, a small
amount of Bi2O3 was found in the final product. Han et
al. have accomplished the morphologies tunable synthesis
of bismuth ferrites using hydrothermal method [24]. The
resulting size of BFO NPs was sometimes large (up to several
hundred nanometers) although no impurities were found
in the final products. Using the same method, Chen et al.
prepared pure phase BFO nanocrystallites at 200◦C using
KOH concentration of 4 M. In this study, impurity phases
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of Bi2Fe4O9 and Bi25FeO40 were easily formed with only a
slight change in the KOH concentration [25]. Selbach et al.
synthesized BFO NPs through a modified Pechini method
using nitrates as metal precursors [26]. Although pure phase
BFO was obtained in this study, contaminant produced by
decomposition of the precursor was present. Ghosh et al.
synthesized nanosized bismuth ferrite using a soft chemical
route with tartaric acid as a template material and nitric
acid as an oxidizing agent [27]. However, the crystallinity of
the resulting BFO NPs was unsatisfactory and the existence
of an impure Bi2O3 amorphous phase in the host at low
temperature product of 400◦C was evident. To deal with
the issues mentioned above, our recent research suggests
that excess tartaric acid and/or citric acid to be added in
the solution so that the crystallinity of BFO NPs can be
improved. Herein, we reported a general wet chemical route
for synthesizing uniform BFO NPs at about 350◦C. To our
best knowledge, this is the lowest temperature employed
in the literature for BFO fabrication with the exception of
certain high pressure techniques such as hydrothermal or
solvothermal methods. In addition, the magnetic properties
were also investigated for BFO NPs with different size
distributions.

2. Experimental

All of the reagents were of analytical grade and used
without further purification. Following a typical proce-
dure, bismuth nitrate [Bi(NO3)3·5 H2O] and iron nitrate
[Fe(NO3)3·9 H2O] were weighed in stoichiometric propor-
tions and dissolved in deionized water to make a solution
with an independent concentration of 0.2 M before adding
20 mL diluted nitric acid (65∼68% HNO3) to the mixture.
Then 10 g of citric acid (C6H8O7) were added to the solutions
as chelating agent. The light-yellow-colored solution was
heated under vigorous stirring until no liquid was left in
the beaker to form gel deposit. Each beaker with solid
deposit was kept in the oven at 150◦C for another 2∼3 h.
Subsequently, powders were quarterly divided and calcined
in the oven for 2 h at 350, 450, and 550◦C, respectively,
to obtain well-crystallized BFO NPs with controllable sizes.
For comparison, another group of powders were synthesized
by modifying a typical soft chemical route by using excess
tartaric acid as chelating agents [27].

The gel (intermediate product) was subjected to thermal
analysis in order to determine the subsequent sintering
temperature with simultaneous Thermogravimetric Analysis
& Differential Scanning Calorimetry (TG-DSC) system
(NETZSCH STA 449 C Jupiter). After heat treatment, the
sample was characterized using X-ray diffraction (XRD) with
a Bruker AXS D8 ADVANCE X-ray diffractometer with Cu
Kα radiation (λ = 0.154178 nm). Fourier transformation
infrared (FT-IR) spectra were obtained on a Perkin-Elmer
Spectrum one FT-IR spectrometer at a resolution of 4 cm−1

with an HgCdTe detector. Transmission electron microscopy
(TEM) images and high-resolution transmission electron
microscopy (HRTEM) images were obtained on a JEOL 2011
transmission electron microscope at an acceleration voltage

of 200 kV. Magnetization measurements were taken on a
LakeShore Vibrating Sample Magnetometry (VSM) system.

3. Results and Discussion

The TG/DSC curves of the precipitated and dried powders
are carried out and shown in Figure 1. Since tartaric acid
and citric acid can form different chelate compounds with
Bi3+ and Fe3+ ions (as schematically shown in Figures 4(a)
and 4(b)), different thermal behaviors were observed from
the curves. There are four weight-loss segments in both
Figures 1(a) and 1(b). It can be seen that the first and
last segments are due to the evaporation of crystalline
water and the crystallization process of BFO. The major
mass loss of the two intermediate segments in tartaric acid
precursor are derived from volatilization of excess tartaric
acid, decomposition of chelate complex, and a small amount
of nitrate. However, in the citric acid precursor, this loss
is caused by the decomposition process only. The analysis
results provided us a detailed guide to our subsequent heat
treatment process, which showed that citric acid precursor
has a relatively lower crystallization temperature (indicated
by red arrows in Figure 1), that is, nearly 100◦C lower than
that of the tartaric acid precursor. More importantly, to our
best knowledge, a crystallize temperature of about 350◦C is
far lower than those reported in the literature.

XRD measurements were performed to characterize the
crystal structure of the calcined powders. As shown in
Figure 2, all the XRD patterns can be indexed to pure
rhombohedral perovskite structure, which are in good
agreement with the powder data of JCPDS Card number
20-169. After heat treatment at 350◦C, the sample from
citric acid precursor begins to generate pure phase BFO
while another sample from tartaric acid precursor is still
of amorphous feature. It is clear that the crystallization of
BFO completed at a temperature of 350◦C for citric acid
precursor while 450◦C for tartaric acid precursor, which is in
good line with the TG-DSC analysis. Meanwhile, the particle
size of BFO changed remarkably after further heat treatment.
Calcined at temperatures above 450◦C, well-crystallized and
pure phase BFO can be obtained for either precursor. As
discussed in early literatures, the grain sizes of BFO NPs grow
up with increasing the temperature in soft chemical routes
[21, 26]. This can be also confirmed by the peak sharpening
of XRD curves (data not shown).

The morphology of the calcined BFO nanoparticles was
examined on TEM. Typical TEM images are shown in
Figure 3. It is clear that the spherical NPs formed from both
precursors are sufficiently fine and uniform on copper grid,
and the particle sizes are about 12 and 4 nm, respectively.
Hardly any aggregation could be found in our samples
compared with traditional approaches. The corresponding
selected area electron diffraction patterns (as shown in
Figures 3(c) and 3(f)) suggest that our NPs are well crystal-
lized, and both can be indexed to pure BFO rhombohedral
crystal structure. The HRTEM image of individual BFO NP
(Figure 3(b)) clearly shows an interplanar spacing of 2.778 Å,
corresponding to the (110) crystal planes. Furthermore, we
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Figure 1: TG-DSC curves of the gel reminders acquired by using (a) tartaric acid and (b) citric acid as chelating agent.
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Figure 2: XRD patterns of BiFeO3 samples synthesized by wet chemical route using different chelating agents followed by calcination at
350◦C, 450◦C and 550◦C, respectively. (a) Tartaric acid and (b) citric acid.

can acquire NPs with an average particle size of about 4, 12,
30, and 80 nm through keeping the calcination temperatures
at 350, 450, 550, and 650◦C, respectively.

Figure 4 shows the FTIR spectra of BiFeO3 precursors
using tartaric acid and citric acid as chelating, respectively.
As shown, eight characteristic IR peaks appeared for BFO
precursor (tartaric acid), while four characteristic IR peaks
together with some weak peaks appeared for BFO precursor
using citric acid as chelating. Both samples have two sharp
and one wide IR peaks, which correspond to the stretching
vibrations of C=O and –OH. The IR wide peaks located at
3466 cm−1 in (a) and (b) were assigned to the stretching
vibrations of structural hydroxyl (OH) groups, and the
intense peaks at 1628–1672 cm−1 were assigned to the
stretching vibrations of C=O (corresponding to the groups
of tartaric and citric acid). The IR peaks located at 1374 cm−1

were attributed to the symmetry bending vibration of C–
H. In addition, a sharp IR peak located at 1278 cm−1 was
assigned to the stretching vibration of single bond of C–
O for tartaric acid precursor sample, while it cannot be
observed for citric acid precursor sample. The IR peaks below
1000 cm−1 (such as 492, 806, and 902 cm−1 for tartaric acid
precursor, 477, 551, 613, 858, and 910 cm−1 for citric acid
precursor) were corresponding to the vibrations bonds of Bi–
O or Fe–O, respectively.

A possible mechanism for the formation of BFO NPs
was proposed based on previous analysis (as shown in
Figure 5). Firstly, Bi(NO3)3·5 H2O and Fe(NO3)3·9 H2O
along with chelating agents were added to the deionized
water and formed the complex of Bi and Fe (Figures 5(a)
and 5(b)). Secondly, sol-like precursor and irregular particles
come into being followed by aqueous solution were dried



4 Journal of Nanomaterials

100 nm

5 nm

2.778Å
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Figure 3: TEM images of BiFeO3 NPs at low and high magnification, and corresponding SAED patterns: (a), (b), and (c) for nanoparticles
from tartaric acid and calcined at 450◦C, while (d), (e), and (f) for NPs from citric acid and calcined at 350◦C.
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Figure 4: FTIR spectra of BiFeO3 precursors formed by tartaric acid
(a) and citric acid (b), respectively.

(which can be inferred from FRIR spectra of BFO precursors
using tartaric and citric acid as chelating, as shown in
Figure 4). Finally, the precursor decomposed and BFO NPs
started to generate accompanied by the calcination stage
under different temperature. It is believed that the chelating
compounds plays an important role in controlling shape
and size of particles and the decomposition temperatures
of the precursor will partially determine the crystallization
temperature of BFO NPs in our synthesis. The investigations
show that the grain size of the BFO NPs increases with
increasing calcination temperature, implying a facile way

(a) (b)

Formation of nanoparticle

Formation of precursor

Chelating agents
Basic particles

(c)

Figure 5: Schematic for different chelating complex formed by
tartaric acid (a) and citric acid (b), where purple stands for
Bi, blue for Fe, red for oxygen, and gray for carbon atoms. (c)
Possible formation processes of BiFeO3 NPs under wet chemical
environment using tartaric acid and citric acid as chelating agents,
respectively.

to BFO NPs with controllable sizes. The geometry of the
grains becomes more complicated with higher temperature,
a result of better crystallization under high temperature.
Higher temperatures cause the grains to grow much bigger
so that we can obtain sharper monocrystal SAED image as
shown in Figure 6.
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Figure 6: TEM image of BiFeO3 NPs calcined at 650◦C and the
corresponding SAED pattern (inset), indicated by the black square.
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Figure 7: Magnetization hysteresis loops of BiFeO3 NPs with
different particle size distributions. (a) 4 nm, (b) 12 nm, and (c)
30 nm.

The magnetization hysteresis loops of BFO NPs samples
with three different particle sizes were measured over ±1 T
at room temperature, as shown in Figure 7. All loops
exhibit a finite exchange bias field and vertical asymmetry
with visibly greater saturation magnetizations compared to
what has been reported previously [21]. This could be a
result of uniform particle sizes and the additional lattice
strains caused by the large amount of surfaced atoms
from small grain size [28]. According to the theory of
BFO’s ferromagnetism, magnetization drops as its grain size
increases [21]. As the calcination temperature raises, the
magnetization of BFO NPs with diameters of 12 and 30 nm
decreases as expected. One possible explanation may be that
some grains may not have spontaneous magnetic moments
and therefore fail to contribute to the magnetization. The

possibility of superparamagnetic behaviors in BFO NPs can
be ruled out from the finite coercivity and the finite exchange
bias field at room temperature (varies within 60 to 90 Oe),
which confirms the ferromagnetic order as well as spin
pinning at the ferromagnetic—antiferromagnetic interfaces
[28]. The magnetization is nearly linear with the external
magnetic field for the sample heat treatment at 650◦C, which
means the NPs has almost lost its ferromagnetic property
(the result is not shown here). This finding matches well with
what have been found previously, that is, crystallites larger
than 62 nm display bulk lattice parameters and hence do not
present any ferromagnetic property, namely, the hysteresis
loop.

4. Conclusions

In summary, pure phase BFO NPs with an average diameters
ranging from 4 to 30 nm were synthesized by a simple soft
chemical route using citric acid as chelating agent followed
by calcination at a relatively low temperature. TG/DSC,
XRD, and TEM were used to confirm the phase and size
distribution of the nanoparticles and VSM was utilized
to measure the size-dependent magnetic behaviors of the
as-prepared nanoparticles. Precursors of the nanoparticles
in the experiments as well as the formation mechanism
are proposed. This method avoids using traditional high
temperature and therefore could be easily extended to other
systems.
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Polycrystalline CdS nanotubes and a novel partition nanostructure were prepared in an anodic alumina membrane (AAM)
template using a double diffusion method at room temperature. Transmission electron microscopy (TEM), selected area electron
diffraction (SAED) and energy dispersive X-ray spectroscopy (EDX) investigations indicate that the nanotubes consisting of CdS
grains have been synthesized in the AAM nanoholes. The influence of the reagent concentration on the morphology of the
nanotubes has been systemically studied using a field emission scanning electron microscope (FE-SEM). It is confirmed that the
Y-branched nanochannels can only formed under certain concentrations of the reactants (CdCl2 and Na2S solutions). This novel
Y-branched nanostructure may have potential applications for preparation of complicated nanostructure materials.

1. Introduction

One-dimensional (1D) semiconductor nanostructures have
attracted tremendous attention because of their interesting
chemical or physical properties and potential applications
in nanodevices [1–3]. In the recent years, many studies
have been focused on the CdS nanotubes and nanochannels
owing to their large specific interfacial area, and various
methods have been reported to synthesize the CdS nan-
otubes, such as the arc-electrodeposition technique [4], the
CVD method [5, 6], the chemical bath deposition [7], the
ultrasonic irradiation [8], the template methods [9–13], and
so on. Among these methods, the double diffusion-template
synthetic method is an effective and simple strategy to form
CdS nanotubes.

Porous anodic alumina membranes (AAM) have been
widely used as templates to prepare 1D nanostructural
materials owing to their uniform and parallel porous struc-
ture. However, the morphology of the products crucially
depends on the templates, that is, a normal AAM template
can only be used to fabricate nanowires or nanotubes. As
far as we know, few work focused on the complicated
structures in the AAM. Lee et al. [14] reported a Y-branched
nanochannel AAM template by adding a pore widening

treatment between the second and the third anodization. Ho
et al. [15] also fabricated multitiered branched porous anodic
alumina (PAA) substrates consisting of an array of pores
branching into smaller pores in succeeding tiers. These three-
dimensional nanostructures offer a new way to fabricate
complicated nanomaterials in the AAM. In this paper, we
report a facile way to obtain Y-branched nanochannels
which may have potential applications for conformation of
complicated nanomaterials.

2. Experiments

High-purity aluminum foil (purity > 99.999%) annealed
in a high-vacuum furnace was used in this work. A two-
step anodic oxidation technique was applied to prepare the
porous alumina template. The anodization was carried out
in 0.3 M oxalic acid with 40 V at a temperature around 0◦C.
It took 10 and 24 h for the first and the second anodization,
respectively. After the first-step anodization, the templates
were immersed in a mixed solution containing 0.6 M H3PO4

and 0.15 M H2CrO4 at room temperature for 10 h to dissolve
alumina. After the second anodization, a mixed solution
of 1 M CuCl2 and 0.1 M HCl was used to remove the
remaining aluminum metal. The barrier layer at the bottom
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of the membrane was dissolved to make a through-hole
template, and the pores were widened in 0.5 M H3PO4 at
room temperature. Then, the templates were immersed in
deionized water to eliminate the residual AlPO4 and H3PO4.
Finally, they were dried in an oven at 60◦C for 4 h.

The deposition experiments were carried out in home-
made equipment having two equal troughs, and the
schematic illustration is showed in Figure 1. In order to
avoid air bubble formation in the channels, the membrane
was immersed in deionized water and sonicated for a few
minutes. Subsequently, the membrane was placed between
the two troughs. A Na2S solution (0.01 M) was poured into
one trough slowly. A few minutes later, a CdCl2 solution
with a concentration varying from 0.003 to 0.01 M was
filled into the other one. Furthermore, the two liquid levels
should be equal. The experiment was performed at room
temperature for 1 h. The templates turned yellow rapidly
at the beginning. After completion of the reaction, the
templates were thoroughly washed with deionized water and
dried in the oven for characterization.

The morphology of the as-synthesized samples was
observed using a field-emission scanning electron micro-
scope (FE-SEM, JSM-6700F) and a transmission electron
microscope (TEM, H-800). The energy dispersive X-ray
spectroscope (EDX) attached on the TEM was employed
to check the chemical composition of the as-prepared nan-
otubes. For TEM investigations, the samples were completely
dissolved in a 2 M NaOH aqueous solution, washed with
deionized water several times, and finally sonicated in
ethanol for a few minutes.

3. Results and Discussion

Typical FE-SEM images of the AAM template are shown in
Figure 2. It can be seen in Figure 2(a) that the AAM template
possesses well-ordered cylindrical pores with a diameter of
about 50 nm. Figure 2(b) is the cross-section of the AAM
template, which reveals that the channels are straight with
smooth inner surface and the thickness of the walls is about
50 nm.

Figure 3 demonstrates the morphology and structure
of the as-prepared samples. The top-view of the surface
immersed in the CdCl2 solution is shown in Figure 3(a). It
is planar because the CdCl2 solution does not react with the
AAM template. Comparing with the original AAM template
(shown in Figure 2(a)), the diameter of the nanoholes is
smaller and some of them are filled up, which implies
that CdS has deposited in the pores, and the nanotubes
are formed. The Y-branched nanostructures can be seen
in Figure 3(b), and the boundary is smooth without any
breaches. As the sample was slightly destroyed during
preparation for FE-SEM observations, some defects could be
found in the micrograph.

Figure 4 presents the TEM images and SAED patterns of
the as-prepared CdS nanotubes. A single CdS nanotube is
displayed in Figure 4(a). It can be observed that the nanotube
is made of CdS grains, and single-crystal CdS nanotubes
are hardly formed because of the inherent disadvantage of
this method. The diameter of the CdS nanotube is about

AAM

S2− Cd2+

Na2S solution CdCl2 solution

Figure 1: The schematic illustration of the double diffusion route
experiment.
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Figure 2: Typical FE-SEM images of the as-prepared AAM
template. (a) top-view; (b) cross-section.

50 nm consistent with the pore size of the AAM template.
After sonication treatment, broken CdS nanotubes and CdS
grains can be found in Figure 4(b). The EDX spectrum
investigation of the as-synthesized samples (not showed
here) reveals that only S, Cu, and Cd can be detected.
The Cu signal in the spectrum originates from the copper
grid, and the quantitative analysis indicates that the average
atomic ratio of Cd : S is near 1 : 1. Figure 4(c) show the SAED
pattern of the nanotubes, which reveals that the samples have
a polycrystalline structure with cubic spiauterite, and the
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Figure 3: FE-SEM images of the as-synthesized sample under concentrations of 0.005 M CdCl2 and 0.01 M Na2S. (a) top-view; (b) cross-
section.
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Figure 4: TEM images of the CdS nanotubes and their corresponding SAED pattern. (a) a single CdS nanotube; (b) some CdS nanotubes;
(c) SAED pattern.

pattern can been indexed to (111), (220) and (311) lattice
fringes.

In recent years, various nanomaterials were synthesized
using this double diffusion method [16–19]. In fact, the
essence of the double diffusion route is a chemical precip-
itation. Two different solutions are separated by the AAM
template which can slow down the diffusion and the rate
of crystallization to prevent overly rapidly mixing. The
deposition occurs when Cd2+ and S2− meet in the pores at
the position where CCd2+ ∗ CS2− > KspCdS, where Ksp is the
solubility of the product at the reaction temperature. The net
reaction can be written as:

Cd2+ + S2− −→ CdS. (1)

As the pore walls are positively charged, S2− is likely to be
adsorbed onto the walls [20].Then, the nucleation occurs on
the walls and the crystallites finally form CdS nanotubes. If
the reaction lasts long enough, the nanopores may be filled
up and nanowires will be obtained [21].

Y-branched nanochannels would form when the two
troughs filled with two different molar solutions (0.01 M
Na2S and 0.005 M CdCl2). In comparison with Figure 2(b),
the pore diameter in Figure 3(b) upon the boundary is

smaller, while that below it is much larger. The pore diameter
below the boundary is nearly 100 nm, almost two times of the
original value. It is evident that the pores below the boundary
are eroded by the Na2S solution. As we know, S2− has a larger
ionic radius than Cd2+. Therefore, Cd2+ diffuses faster than
S2−in an aqueous solution, and S2− is likely to aggregate in
the pores near the Na2S solution. And S2−, keeping diffusing
into the AAM channels, not only to reacts with Cd2+ to
form the CdS nanotubes but also makes the pores widened
because the AAM is easy to be eroded in an alkalescence
solution. Consequently, the Y-branched nanochannels form
in the AAM.

The concentration of solutions is crucial to the fabrica-
tion of special nanostructures. In this work, the influence of
the reactant concentrations on the morphology of the prod-
ucts was investigated by varying the CdCl2 concentration and
keeping the other one unchanged (0.01 M Na2S). The CdS
grains are deposited on the surface of the AAM template
and no CdS nanotube is formed in the nanopores when the
concentration of the CdCl2 solution decreases to 0.003 M.
Since the CdCl2 concentration in the solution is so low, that
very little Cd2+ can diffuse into the nanopores and react with
S2− to form CdS nanotubes. Therefore, S2− travels straight



4 Journal of Nanomaterials

Acc. V
5 kV

Spot
3

Magn
50000x

Det
TLD

WD
6.1

Exp
1 1μm

Acc. V
5 kV

Spot
3

Magn
100000x

Det
TLD

WD
6.1

Exp
1 500 nm

(a) (b)

(c)

Figure 5: FE-SEM images of the prepared samples with different CdCl2 concentration. (a) 0.008 M; (b) 0.01 M; (c) magnification of (b).
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Figure 6: FE-SEM images of as-prepared samples under concentrations of 0.005 M CdCl2 and 0.01 M Na2S with different reaction time (a,
b) 40 min; (c, d) 60 min.

through the nanopores and reacts with Cd2+ on the surface
near the CdCl2 solution to produce CdS particles.

Figure 5 gives FE-SEM images of the samples prepared
under different CdCl2 concentrations. It can be seen from
Figure 5 that the nanotube diameter is obviously different
at the two ends of the AAM template. The diameter of the

nanotubes near the Na2S solution is about 100 nm, which is
larger than that in the other end. It is found in Figure 5 that
the diameter of the nanotubes in the end close to the Na2S
solution becomes small as the CdCl2 concentration increases.
However, if the concentration of the CdCl2 solution is
high enough (>0.02 M), the CdS nanotubes cannot form
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in the pores. In the case of a high CdCl2 concentration,
the diffusion rate of Cd2+ is so high that most of Cd2+

travels through the nanopores directly and reacts with S2− to
form the CdS particles on the surface of the AAM template
immerging in the Na2S solution.

When the reaction concentration of CdCl2 is 0.005 M
(the concentration of Na2S was set at 0.01 M), Y-branched
nanochannels with different diameter nanopores can be
observed (see Figure 3(b)). The length and diameter of the Y-
branched nanochannels can be varied with the reaction time.
Figure 6 presents the FE-SEM photographs of the samples
prepared with different reaction time. Figures 6(a) and 6(c)
reveal that the pore diameter upon the boundary for the
sample prepared for 60 min is smaller than that for 40 min.
The pore diameter of the sample below the boundary, on
the contrary, is getting larger as the reaction time increases.
The panorama of the two different samples is shown in
Figures 6(b) and 6(d). It can be seen that, with increasing the
reaction time, the corrosion proportion turns large and more
CdS nanoparticles deposit on the walls of the nanochannels
resulting in the small pore diameter. Moreover, the length
of the CdS nanotubes in the AAM nanopores increases
clearly with the reaction time, and the surface of the AAM
membrane are destroyed as shown in Figure 6(d). This new
nanostructure may have great potential applications for syn-
thesis of complicated nanomaterials using an electrochemical
deposition, a sol-gel template method and so on.

4. Conclusion

In summary, CdS nanotubes and Y-branched nanochannels
templates have been prepared at room temperature using a
double diffusion method. The as-prepared nanotubes consist
of the CdS grains. It is found that the concentration of
the reactants contributes to the formation of the special
nanostructures. This Y-branched nanostructure may be used
as a template to synthesize complicated nanomaterials in the
AAM.
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We reported the synthesis of vertically aligned dense ZnO nanowires using Zn powder as the source material by a hydrothermal
method and a postannealing process at 200◦C. The as-synthesized ZnO nanowires are 100–200 nm in diameter and several
micrometers in length and each nanowire has a tapered tip. The morphologies of the products remain after post-annealing
treatment. Structural analysis indicates the ZnO nanowire is single crystalline and grows along the [0001] direction. The possible
growth mechanism for ZnO nanowire bundles is proposed.

1. Introduction

Nanostructured materials have been a wide research focus
due to their versatile morphologies and excellent physical
and chemical properties superior to the corresponding bulk
counterparts [1–3]. One-dimensional (1D) nanostructures
are investigated not only for their fundamental scientific sig-
nificance but also for their diverse technological applications
in electrical, optical, and sensing fields [4–7]. In general,
it is believed that 1D nanomaterials can show quantum
size effect when the sizes are less than the exciton Bohr
radius. In view of applications, single nanostructure like
nanowire and nanorod should be assembled into devices, in
succession integrated into a system. Therefore, recent studies
have been inverted into constructing hierarchical and well-
aligned 1D nanostructures [8–10]. A lot of efforts have been
devoted to synthesize ordered nanostructures, for example,
vertically or horizontally aligned nanowire arrays [11, 12].
The vertically aligned nanowires arrays are in the spotlight
owing their conveniences and attractive properties in using
as nanodevices, including the nanogenerator [13–15]. 1D
nanostructures can be fabricated in various methods, such
as vapor deposition [16], laser ablation [17], AAO template
plating [18], solution growth [19–21]. Much progress has
been made in the growth of 1D nanostructures, it is still
a challenge to assemble well-aligned nanostructures in a
rational pathway.

ZnO is a direct bandgap semiconductor with the band
gap energy of 3.37 eV at room temperature and large
exciton binding energy of 60 meV [2]. Research of 1D
ZnO nanostructures can be ascended to the two papers
published in the magazine of Science in 2001 [22, 23],
from then on the synthesis of ZnO nanostructures has
been a hot issue, splendid morphologies of ZnO have
been synthesized, such as nanonails [24, 25], nanorings
[26], nanohelices [27], nanowire arrays [28], superlattice
structures [29], even hierarchical [30], and hetero-structures
[31]. Herein, we reported the synthesis of highly oriented
ZnO nanowire bundles by a two-step process. The growth
mechanism of ZnO nanowire bundles is proposed based
on the experimental conditions. The aligned ZnO bundled
nanostructures presented here can be applicable in micro-
and nano-optoelectronic devices.

2. Experimental Details

Two grams of zinc powder (Alfa Aesar, 99.99% purity) was
put into 10 ml deionized water and stirred at the room
temperature ceaselessly, and then transferred to an autoclave
together with a preblended solution, which is obtained by
mixing 5 ml Zn(NO3)2 solution with 0.5 M concentration
and 15 ml NaOH solution with 5 M concentration. Silicon
substrates were also put into the autoclave to collect prod-
ucts. The zinc powder and mixed solution were heated at
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Figure 1: SEM images of as-synthesized products before annealing treatment (a) general low-magnification image (b) a top image, (c) a side
image and (d) a local image showing a tapered tip.
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Figure 2: XRD pattern of as-grown ZnO nanowires.

120◦C for 2 hours and then cooled down. The product
was washed using deionized water and ethanol and dried
at 200◦C. As-synthesized products were characterized by X-
ray powder diffraction using Cu K α radiation (XRD, Rigaku
Dmax-rB, λ = 0.1542 nm), scanning electron microscope
(SEM, Hitachi S-4800), and transmission electron micro-
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Figure 3: EDS spectrum of as-grown ZnO nanowires.

scope (TEM, JEOL 2010EX) affiliated with energy dispersive
X-ray spectrometer (EDS).

3. Results and Discussion

As-synthesized ZnO nanostructures are shown in Figure 1.
The nanowire arrays are found to be vertically aligned in the
surfaces of the precursors, similar to the result reported by
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Figure 4: SEM images of as-synthesized products after annealing treatment ((a)–(c)) side images of dense wire bundles; (d) a local image
showing several dispersed bundles.
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Figure 5: EDS spectrum of as-grown ZnO nanowires after
annealing.

Gu et al. [32], which is realized by a vapor phase process.
Each ZnO nanowires have a tapered tip, a diameter around
200 nm and a length-diameter ratio of over 10. The XRD
spectrum (Figure 2) shows that the as-grown sample is made
up of ZnO and a trace of Zn, without any other phase.
This result is consistence with the EDS spectrum, which
shows only Zn and O (Figure 3). In order to remove the
residual Zn, the as-grown samples were annealed at 200◦C
for 2 h. The morphologies still remain (shown in Figure 4)
after annealing because ZnO has a very high melting
point of 1975◦C. EDS spectrum of as-obtained product
is also presented in Figure 5. TEM is used to study the
microstructure of as-grown product. Figure 6(a) is a bright
field TEM image of a single nanowire, and the corresponding
selected area electron diffraction (SAED) pattern is shown in
the inset in Figure 6(a), which indicates that the nanowire
are crystalline and grown along the [0001] crystal direction,
a common fast growth direction of ZnO. HRTEM image of
the ZnO nanowire showed in Figure 6(b) is consistent with
SAED pattern.

Li et al. synthesized hierarchical ZnO nanowire arrays
at elevated temperatures, and found that ZnO nanowire
arrays were formed by multistep route. Hexagonal disks of
ZnO were firstly formed as basic floor, whose surface may
be roughened. ZnO nanowires were then assembled into a
highly oriented array on the top/bottom surfaces of disks in
the presence of dense ammonia [33]. Yang et al. synthesized
ZnO nanorod arrays utilizing Zn foil as Zn source and water
and aqueous ammonia as the solvent at 100◦C, respectively.
The as-synthesized nanorods own a smooth tip [34]. Zhang
et al. synthesized double tower-tip-like hierarchical Cu2O
nanostructure. It is thought that the microemulsion system
is a prerequisite for the formation of Cu2O nanostructures
[35]. In this work, ZnO nanowires array is synthesized at
120◦C without using ammonia or other organic solution,
and the as-synthesized ZnO nanowires present tapered tips.
It means that morphology of as-grown product is relative
with not only types and concentration of solvent but also the
reaction temperature. Concentration and pH value of solvent
probably also play an important role. A possible growth
mechanism of the nanowire bundles we synthesized can be
initially proposed as follows: the formation of nanostructure
can divided into two step, that is nucleation and growth.
ZnO nucleation occurs at first, Zn reacts with OH− and
forms ZnO2

2− in alkali sodium hydroxide solution. Once the
concentration of ZnO2

2− ions reaches saturation ZnO2
2−

shall react with H2O and induces the nucleation, and sub-
sequent growth of ZnO nanowire bundles. There is a tapered
tip at the top of each nanowire, and it is suggested that
sudden perturbation of temperature may lead to formation
of tapered tip. Actually reduction of the concentration of
reactant is also a factor for growth of nanostructure with
tapered tip [36].

4. Conclusion

ZnO nanowire bundles have been synthesized on large scale
by a two-step process using Zn powder as the source.
The experimental results indicate the as-synthesized product
owns bundle-like morphology in a well-aligned manner.
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Figure 6: (a) TEM image of as-grown ZnO nanowires, the inset is the corresponding SAED pattern. (b) HRTEM image taken from the label
in Figure 5(a).

Each nanowire forming bundle is 100–200 nm in diameter
and several micrometers in length, and owns a tapered tip.
Formation mechanism for nanowire bundles is elucidated
based on the reaction conditions. As-grown ZnO nanowire
bundles are expected as ideal functional units for micro-
/nanodevices. Furthermore, this growth approach can also
be used to fabricate nanostructures of other oxide nanostruc-
tures.
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Single-crystalline LiMn2O4 nanotubes and nanowires have been synthesized via a low-temperature molten salt synthesis method,
using the prepared β-MnO2 nanotubes and α-MnO2 nanowires as the precursors and self-sacrificing template. The materials were
investigated by a variety of techniques, including X-ray powder diffraction (XRD), transmission electron microscopy (TEM), field
emission scanning electron microscopy (FESEM), and high-resolution transmission electron microscopy (HRTEM). The results
indicate that the prepared LiMn2O4 nanotube and nanowire samples are both spinel phase, have lengths up to several micrometers
and diameters of hundreds and tens of nanometers, respectively.

1. Introduction

One-dimensional (1D) nanomaterials, with their large sur-
face areas and possible quantum confinement effects, exhibit
distinct electronic, optical, chemical, and thermal properties
[1]. Nanotubes and nanowires are always the focus of study
of 1D nanomaterials, so the exploration of simple synthetic
methods that can be generalized is a significant challenging
field [2].

In recent years, the self-sacrificing template synthesis has
been proved to be a facile and efficient route to nanotubes
[3–6] and nanowires [7–9]. The idea of converting nanos-
tructures of manganese dioxide to lithium manganese oxide
has been described by several groups [10–15]. A sol-gel-AAO
or polycarbonate membrane template strategy was used to
synthesize LiMn2O4 nanotubes by Li et al. [16] and Li et al.
[17] and LiMn2O4 nanowires by Zhou et al. [18] and Liu
et al. [19]; an electrospinning technique was also utilized to
prepare LiMn2O4 nanowires by Yu et al. [20] and Fu et al.
[21]. Hosono et al. [22] reported a high temperature molten
salt reaction to prepare LiMn2O4 nanowires at 450◦C, using
the prepared Na0.44MnO2 nanowires as a self-sacrificing
template and converting Na0.44MnO2 nanowires to LiMn2O4

nanowires. However, to the best of our knowledge, a

simple route to 1D LiMn2O4 nanotubes and nanowires at
low temperature has still rarely been reported. Herein, we
report a low-temperature molten salt route to synthesize
LiMn2O4 nanotubes and nanowires, using the prepared β-
MnO2 nanotubes and α-MnO2 nanowires as self-sacrificing
templates.

2. Experimental Section

2.1. Synthesis Procedures. The precursor β-MnO2 nanotubes
were prepared following a procedure found in the literature
[23]. In a typical process, 4 mmol of MnSO4·H2O was
dissolved in 10 mL of distilled water, and 4.5 mmol of PVP
(K30, polymerization degree 360) was added slowly to it
with vigorous stirring. When the solution clarified, 8 mL of
aqueous solution containing 8 mmol of NaClO3 was added to
the above solution under continuous stirring. The resulting
transparent solution was then transferred into a Teflon-lined
stainless steel autoclave (20 mL) of 70% capacity of the total
volume. The autoclave was sealed and maintained at 160◦C
for 10 h. After the reaction was completed, the autoclave
was allowed to cool to room temperature naturally. The
solid black precipitate was filtered, washed several times with
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Figure 1: Typical XRD patterns of sample 1 (a) and sample 2 (b).

distilled water and absolute ethanol to remove impurities,
and then dried at 50◦C for 4 h.

The precursor α-MnO2 nanowires were synthesized
using the technique reported previously in [24]. In a typical
process, 0.008 mol MnSO4·H2O, 0.02 mol (NH4)2SO4, and
0.008 mol (NH4)2S2O8 were put into distilled water at room
temperature to form a homogeneous solution, which was
then transferred into a 40 mL Teflon-lined stainless steel
autoclave, sealed, and maintained at 140◦C for 12 h. After
the reaction was completed, the resulting solid products were
filtered, washed with distilled water to remove the remnant
ions, and finally dried at 60◦C for 4 h.

For the synthesis of LiMn2O4 nanotubes (noted as
sample 1) and nanowires (noted as sample 2), 0.59 LiNO3–
0.41 LiOH flux (melting point = 183◦C) were used as lithium
salts [25]. In a typical experimental procedure, 10 mmol
MnO2 powders (β-MnO2 nanotubes or α-MnO2 nanowires)
and an appropriate amount (for example 100 mmol) of the
flux were firstly mixed with a mortar and pestle, heated
at ∼230◦C for ∼10 h in air, and then air-cooled to room
temperature. The resulting products were collected, washed
repeatedly with distilled water, filtered, and finally dried in
an oven at 60◦C for 4 h.

2.2. Characterization. The samples were characterized by
X-ray powder diffraction (XRD), which was recorded on
a Japan Rigaku Dmax-γA X-ray powder diffractometer
with graphite-monochromatized Cu-Kα radiation (λ =
0.154056 nm). The transmission electron microscopy (TEM)
images and selected-area electron diffraction (SAED) pattern
were captured on a Hitachi Model H-800 instrument at
an acceleration voltage of 200 kV. High-resolution trans-
mission electron microscopy (HRTEM) images and Energy-
dispersive X-ray spectrum (EDS) were obtained with a
JEOL-2010 transmission electron microscope, employing
an accelerating voltage of 200 kV. Field-emission scanning
electron microscope (FESEM) images were taken on a field-
emission microscope (JEOL JSM-6700F, 5 kV).

3. Results and Discussions

Figures 1(a) and 1(b) show the typical XRD patterns of
sample 1 and sample 2. All of the intensive and sharp
peaks can be readily indexed to the pure spinel structure of
crystalline LiMn2O4 [space group: Fd3 m] (JCPDS 35-782).

TEM and FESEM images of the precursor MnO2 nan-
otubes (Figures 2(a) and 2(e)) and nanowires (Figures 2(c)
and 2(g)) indicate that the morphology and size of the
prepared precursors are in good agreement with those in the
studies in [23, 24]. Figures 2(b) and 2(f) show TEM and
FESEM images of sample 1, from which, one can see that
these LiMn2O4 nanotubes have diameters of hundreds of
nanometers and lengths up to several micrometers, basically
retain the morphology of the precursor MnO2 nanotubes.
Figures 2(d) and 2(h) show TEM and FESEM images
of sample 2, which reveal that the LiMn2O4 nanowires
have diameters of tens of nanometers and lengths up to
several micrometers, and the morphology of the precursor
MnO2 nanowires is also mainly maintained. The above
phenomenon suggests that the precursor MnO2 nanotubes
and nanowires may serve as self-sacrificing template for the
formation of LiMn2O4 nanotubes and nanowires.

We have also characterized the as-synthesized LiMn2O4

nanotubes and nanowires using HRTEM, SAED, and EDS.
A representative HRTEM image of a section of a single
nanotube is shown in Figure 3(a). The discriminable lattice
fringes illustrate that the prepared LiMn2O4 nanotubes
are single crystals in the area shown. The lattice fringes,
parellel to the axial direction of the nanotube, have spac-
ing of 0.475 nm, which match well with the separations
between the neighboring lattices of the (111) planes of
cubic LiMn2O4. This result indicates that the LiMn2O4

nanotube has preferential growth direction perpendicular
to [111] direction. The clear and symmetrical spots in the
corresponding SAED pattern also indicate that the single
nanotube is single-crystalline in nature. The composition of
the sample as calculated from the EDS analysis (Figure 3(b))
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Figure 2: Typical TEM images of precursor MnO2 nanotubes and nanowires (a and c) and sample 1 and 2 (b and d), FESEM images of
precursor MnO2 nanotubes and nanowires (e and g) and sample 1 and 2 (f and h).

gives an Mn : O atomic ratio of 1 : 2.08, which is close to the
stoichiometry of LiMn2O4. The HRTEM image (Figure 3(c))
taken from a single wire shows two sets of distinct fringe
spacings of ca. 0.477 and 0.291 nm that match well with
the separation between the (111) and (220) lattice planes of
cubic LiMn2O4, respectively, which indicate that the growth
direction of the wire is along [110] direction. The inset SAED
pattern of the nanowire was recorded with the electron beam
along the [112] zone axis. It also demonstrates that this
nanowire is single crystal and may have a growth direction of
[110]. The composition of the nanowires as calculated from
the EDS spectrum (Figure 3(d)) gives an Mn : O atomic ratio
of 1 : 2.07, which is close to the stoichiometry of LiMn2O4.

The specific formation mechanism of the LiMn2O4

nanotubes and nanowires is not yet clear and warrants
further investigation. Concerning the formation mechanisms

for nanotubes and nanowires, we think that converting
nanostructures of manganese dioxide to lithium manganese
oxide is based on a lithiation reaction [10–12], and the
1D tubes and wires can be mainly retained in the present
synthetic conditions.

The net lithiation reaction might be simply formulated
by:

4MnO2 (tube or wire) + 2LiNO3

= 2NO2 + O2 + 2LiMn2O4 (tube or wire).
(1)

Xia et al. believe that the formation of Ag2Se nanowires
from Se nanowires is based on an in situ reaction and
a straightforward transformation of Se nanowire template
[7]. In our previous report of the synthesis of Bi2O3

nanotubes from Bi nanotubes [3] and Bi2S3 nanorods
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Figure 3: HRTEM (a) and the associated EDS (b) image of a typical LiMn2O4 nanotube. The lower inset in (a) is the corresponding SAED
pattern and the upper gives an enlarged view of the HRTEM image taken from the zone marked by the rectangle; HRTEM (c) and the
associated EDS (d) image of a typical LiMn2O4 nanowire. The inset in (c) is the corresponding SAED pattern.
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Figure 4: Schematic pictures of the net transition of β-MnO2 nanotubes and α-MnO2 nanowires to LiMn2O4 nanotubes (a) and nanowires
(b).

from Bi nanotubes [26], we have provided a rational self-
sacrificing template mechanism. For the transformation of
MnOOH nanorods to LiMn2O3 nanorods, Yang et al. [12]
and Zhang et al. [13] have also given the similar explanations.
Herein, we hypothesize that the conversion of the manganese
dioxide nanotubes and nanowires to lithium manganese
oxide nanotubes and nanowires might be simply described
by the schematic pictures in Figures 4(a) and 4(b). However,
the intermediate process and the specific mechanism of the
formation of the LiMn2O4 nanotubes and nanowires are not
yet clear and warrant further investigation.

4. Conclusions

In conclusion, we have synthesized spinel phase LiMn2O4

nanotubes and nanowires via a low-temperature lithiation

reaction, using β-MnO2 nanotubes and α-MnO2 nanowires

as the precursors. Besides, we hypothesize that the forma-

tion process of the as-prepared LiMn2O4 nanotubes and

nanowires is based on a self-sacrificing template converting

mechanism. This method requires no complex apparatus
or technique, and the conditions are mild, and the present
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study may supply a general strategy to design and synthesize

nanostructured oxide materials.
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Nanostructure arrays-based flexible devices have revolutionary impacts on the application of traditional semiconductor devices.
Here, a one-step method to synthesize flexible ZnO nanostructure arrays on Zn-plated flexible substrate in Zn(NO3)2/NH3 ·H2O
solution system at 70–90◦C was developed. We found out that the decomposition of Zn(OH)2 precipitations, formed in lower
NH3 · H2O concentration, in the bulk solution facilitates the formation of flower-like structure. In higher temperature, 90◦C,
ZnO nanoplate arrays were synthesized by the hydrolysis of zinc hydroxide. Highly dense ZnO nanoparticale layer formed by the
reaction of NH3 ·H2O with Zn plating layer in the initial self-seed process could improve the vertical alignment of the nanowires
arrays. The diameter of ZnO nanowire arrays, from 200 nm to 60 nm, could be effectively controlled by changing the stability of
Zn(NH3)2+

4 complex ions by varying the ratio of Zn(NO3)2 to NH3 · H2O which further influence the release rate of Zn2+ ions.
This is also conformed by different amounts of the Zn vacancy as determined by different UV emissions of the PL spectra in the
range of 380–403 nm.

1. Introduction

Flexible devices based on inorganic materials are beginning
to show great promises for technical or commercial interests
[1–3]. And in situ fabricating of inorganic materials from
flexible substrate will promote the development of flexible
devices [4]. Among the inorganic materials, ZnO is one of
the most important wide-band-gap semiconducting mate-
rials due to optoelectronic, catalytic, lasing, electrical, and
piezoelectric properties [5–7]. ZnO nanowire arrays have
been broadly investigated because of their applications in
solar cells [8–10], sensors [11–13], lasers [14], light-emitting
diodes [15, 16], and so on [17–19]. Various physical [20–
22], chemical [23–32], and electrochemical methods [33–
36] have been developed to synthesize ZnO nanowire arrays.
Among these methods, physical methods like thermal evapo-
ration involve complex procedures, sophisticated equipment,
and relative high temperature. In contrast, chemical meth-
ods, also called solution methods, have advantages in their

easy procedures, simple equipment, and low temperature.
Meanwhile, solution methods for preparing ZnO nanowire
arrays have appealing potential for scale-up to meet the needs
of industrial applications.

The generally employed solution methods reported
are seeded growth on ZnO nanoparticles or film-coated
substrates [37, 38]. Aligned ZnO nanowire arrays can
be synthesized via a two-step process. The first step is
formation of a ZnO-seeded layer by pretreated methods
[24, 31, 32, 37, 38] or self-seeded technology [39]. Textured
ZnO nanocrystal and ZnO thin film have been successfully
demonstrated to produce large-scale ZnO nanowire arrays
[24, 37, 38]. The next step is solution growth by controlling
the supersaturation of the solution, through the formation
of Zn2+ complex, to retard the homogeneous nucleation in
bulk solution and promote the heterogeneous nucleation
onto the seeded layer [40, 41]. However, the coatings of
seed layer are complex and are difficult to reproduce [42].
For self-seeded technology, seeded layers are formed onto
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the substrates from the solution in the initial growth stage
which do not need any pretreatment of the substrates.
And the ZnO nanowire arrays can be directly fabricated
onto the substrate without pretreatment. The choices of
substrates, however, are also limited by the phase match
between the substrates and the ZnO nanowire arrays. Only
some substrates with good phase match properties can be
used [39, 43, 44]. The development of flexible devices needs
novel synthesis methods of direct growth of ZnO nanoarrays
onto the flexible substrates with broad choices. Therefore,
ZnO nanowire or other nanostructure arrays grown on
various substrates in large-scale low-cost way with high
reproducibility is still challenging.

Plating technologies can be applied to various substrates,
that is, polymer substrates by metalizing process, flexible
metal substrates [45, 46]. And the plating layer generally
has good contact with the substrate, which can guarantee
the stability of device performance. There have been already
some reports on fabricating ZnO nanostructures from Zn
foil [43, 47–50]. If Zn foil can be replaced with Zn plating
layer, the growth of ZnO nanowire arrays could be extended
to various substrates, not Zn foil only. Meanwhile, the
electric conductive property of the Zn plating layer can meet
the needs of the electrical contact with the substrates in the
applications of devices. In this work, by combining the Zn
plating technology and solution methods, ZnO nanowire
arrays were successfully fabricated from the Zn plating layer
on the flexible copper foils, which are highly conductive
and have not been used as substrate for ZnO nanowire
arrays. The prepared ZnO nanostructures have good contact
with the substrates. The morphology of the Zn plating
layer was found to have little effect on the growth of ZnO
nanowire arrays. By controlling the growth parameters like
concentrations of NH3·H2O and Zn2+ ions and growth
temperature, well-aligned ZnO nanowire arrays, nanoplate
arrays, and flower-like structure can be achieved, and the
aspect ratio, density, and alignment of ZnO nanowires
arrays can also be turned. Photoluminescence measurements
were conducted to investigate the optical properties of the
synthesized ZnO nanostructures, and they were determined
by solution growth conditions. Zn plating technology has
been maturely employed in industry and can been applied
to various substrates. Thus this method is easy to scale up
and applicable to various other substrates.

2. Experimental Sections

All chemicals were purchased from Shanghai Chemical
Reagent Co, Ltd, and used as received without further
purification.

2.1. Zn Plating. Zinc plating was performed according to
[51] with some modification. Nickel, stainless, and copper
foils were used for demonstration as flexible substrates. The
plating bath was composed of ZnCl2 (65 g/L), KCl (190 g/L),
and H3BO3 (25 g/L), and pH was adjusted to 5 by 1 M
hydrochloric acid. A piece of copper foil (2 cm×4 cm×1 mm)
was used as cathode substrate and Zn foil as anode. The

plating was performed under a constant current density of
20 mA/cm2, temperature 25◦C for 0.5–1 h. A white layer of
Zn was covering the flexible substrates. Here, copper foils
were used for experiment convenience.

2.2. ZnO Nanostructures Growth Procedures. The syntheses
were performed in a 50 ml pyrex glass bottle with a screw
cap. Zn(NO3)2 was prepared to 0.03 M aqueous solution,
and a certain amount of ammonia (0.1 g, 1 g) (85 wt%)
was slowly added. With several minutes stirring, Zn-plated
copper foil was suspended upside down in the solution. Then
the bottle was sealed and heated at 80◦C for 12 h. After
growth, the substrate was removed from the solution, rinsed
with deionized water, and then dried at 60◦C for 6 hours. The
white Zn plating layer was changed into a gray layer of ZnO.

The crystal structure analysis was carried out by powder
X-ray diffraction (XRD) using Cu Kα radiation at room
temperature. The morphologies of the ZnO nanostruc-
ture were researched by field emission scanning electron
microscopy (FESEM) with accelerating voltage of 5 KV in
Sirion200 (FEI,10KV) and energy dispersive X-ray spec-
troscopy (EDX). Room temperature photoluminescence
(PL) spectra were recorded on a JY-Labram spectrometer
with a continuous wave He-Cd laser focused at ∼2 μm as the
exciting source at 325 nm.

3. Results and Discussion

The surface morphology of the Zn layer electroplated on the
copper foil is shown in Figure 1. In Figure 1(a), we can see
that the Zn plating layer is a continuous film and is composed
of hexagonal platelets. In higher magnification, scale bar
500 nm, as shown in the inset picture of Figure 1(a), the Zn
grain is highly crystalline and has smooth grain surface. This
can be conformed by XRD pattern, as shown in Figure 1(b).
All the peaks can be indexed to Hexagonal Zn (JCPDS Card
NO. 04-0831, space group P63/mmc) and the substrate cubic
Cu (JCPDS Card NO. 04-0836, space group Fm3m). The
(101) peak of Zn and (111) peak of Cu are very close, thus
it is hard to distinguish those two peaks. The influences of
Zn plating layer will be discussed later in mechanism section.

Figure 2(a) illustrates the low magnification SEM image
of ZnO nanowire arrays grown on the Zn-plated Cu foil with
using 1 g NH3·H2O at 80◦C for 10 hours. It can be seen
that ZnO nanowire arrays grow normal to the Cu substrate
with fine alignment. The optical image of the arrays on the
flexible Cu foil is illustrated on the inset of Figure 2(c). It
shows that as-prepared ZnO nanowires arrays are grey and
cover well the flexible Cu foil. The pattern of nanowire arrays
is also affected by the surface morphology of the Zn plating
layer. As shown in Figure 1(a), the surface of Zn plating layer
is not smooth, with some hill-like protrusion morphology.
Thus, the ZnO nanowire arrays are not uniformly covered on
the Cu foil but duplicate the topography of Zn plating layer.
However, the nanowire arrays vertically rise from the Zn layer
as shown in higher magnification in Figures 2(b) and 2(c).
Note that, with this method to produce nanowire arrays, the
quality of the arrays is not affected by the roughness of the
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Figure 1: (a) SEM image of Zn plating layer; the scale bar is 10 μm. The inset is a higher magnification image with scale bar 500 nm. (b)
XRD pattern of Zn-plated copper foil.
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Figure 2: SEM images of ZnO nanowire arrays. Scale bar of (a) is 5 μm, (b) 2 μm, and (c) 1 μm. (d) XRD pattern of the ZnO nanowire arrays
on the copper foil. The inset of (c) is the photograph of the ZnO nanowire arrays on the flexible copper foil.

plating layer. Meanwhile, designing the topography of the
plating layer rationally may open a new economic way to
pattern the nanowire arrays which may have 3-dimensional
distribution [45, 46]. From Figures 2(b) and 2(c), we can
clearly see the good orientation of the arrays and that single
ZnO nanowires have smooth surface and average diameters
of 130 nm. In addition, to investigate the contact between
the ZnO nanowire arrays and substrate, ultrasonic treatment

was performed. After two minutes of treatment, the ZnO
nanowire arrays were still adhered to the substrate tightly; no
peel off was observed. This means good contact properties
to the substrate, which would have obvious advantages in
device fabrication.

The crystallinity of the ZnO nanowire arrays is also
investigated by the XRD methods. In Figure 2(d), the XRD
patterns of the ZnO nanowire arrays grown on the Zn-plated
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Cu foil were show. The peaks marked with solid circles
are assigned to the cubic copper (JCPDS Card NO. 04-
0836, space group Fm3m). These peaks are from the copper
substrate. The rest of the peaks are in agreement with
the typical wurtzite structure of ZnO diffraction pattern
(JCPDS Card NO. 36-1451, space group P63mc). The sharp
(002) peak of the ZnO nanowire indicates good crystallinity,
and favorable growth direction of ZnO crystals is (002).
As reported in other literatures [52], the extrastrong (002)
reflections of the ZnO nanowire also indicate good alignment
of the nanoarrays. The disappearing of the reflections of
Zn layer indicated that the Zn layer reacted with solution
completely.

The growth of ZnO nanowire arrays is a complex way and
mostly considered to be a process including the formation
of a ZnO seed layer and subsequent growth of crystal.
Many researches have suggested that the quality of seed layer
influences the alignment and density of the ZnO nanowire
arrays [53, 54]. In the first seed layer step, preseed texture
layer was generally employed by most synthesis routes [23–
32, 37, 38]. The self-seed method in which a seed layer is
formed preceding the crystal growth during the solution
reaction is a more competitive way. The preparation of ZnO
nanowire arrays based on Zn metal powder or layer has been
reported to be similar to self-seed methods. The seed layer in
this system is formed by a reaction of converting Zn metal
into ZnO. Thus the seed layer is also affected by the quality
of Zn metal excluding the effects of the growth solution.
This makes understanding the growth character complicated.
A series of experiments were designed to understand the
growth mechanism of ZnO nanowire arrays in our system.
It was found that the growth of ZnO crystal depended on
the amount of NH3·H2O, reaction temperature, zinc ion
concentration, and the zinc plating layer.

In order to show the influence of NH3·H2O, different
amounts (0.1 g, 1 g, and 2 g) were used, while keeping other
parameters unchanged. In 0.1 g NH3·H2O, the solution
was turbid with some Zn(OH)2 precipitation. When the
amount of NH3·H2O was further increased to 1 g, 2 g the
solution became clear. The morphologies of the synthesized
ZnO nanowire arrays were shown in Figures 3(a) and 3(b),
(0.1 g) and Figures 3(c) and 3(d), (2 g). The diameter of
ZnO nanowire increased with the increase of NH3·H2O
from 100 nm to 220 nm. This may be caused by the fast
growth speed of ZnO crystal in higher pH value which
resulted from the increase amount of NH3·H2O. Moreover,
the alignment of ZnO nanowire arrays was also improved
with the increase of ammonia addition. This is different
with the result reported by Tak and Yong [49]. In their
report, the alignment of the nanowire arrays degraded with
much more NH3·H2O addition due to the initial overetching
and degradation of zinc seed layer in the high pH solution.
However, we replaced the thermal-deposited Zn metal layer
with electroplating Zn layer in our works. Commonly, the
thickness of the electroplating Zn layer, several micrometers,
is thicker than the thermal-deposited layer which is only in
the scale of nanometer. Thus overetching can be avoided in
our system. In addition, their chemical reaction activities
are totally different. Compared with the thermal-deposited

Zn layer, the electroplated Zn layer is easier to react with
the solution due to the intrinsic crystal defects like screw
dislocation. The conversion of Zn metal into ZnO reacts as
follows [49, 55]:

Zn + 2OH− ←→ ZnO2
2− + H2

ZnO2
2− + H2O ←→ ZnO(s) + 2OH−

(1)

Zinc metal reacts with hydroxide ions produced by
NH3·H2O to produce soluble zincate ions ZnO2

2−. Then
the zincate ions react with water and deposit back to the
surface of Zn layer to form solid-phase ZnO. With the
improvement of the concentration of OH−, caused by the
increase of NH3·H2O addition, reaction will turn to right
more fast and produce much more ZnO2

2−, which results in
the deposition of much more solid-phase ZnO. Furthermore,
a dense layer of ZnO nanoparticles with smaller diameters is
formed in higher NH3·H2O concentration. The alignments
of the nanowire arrays could be improved by increasing the
density of the seed layer [53, 54].

To verify the deduction above, we conducted the exper-
iment etching the Zn plating layer with different amounts
of NH3·H2O (0.1 g, 1 g) only at 80◦C for 1 h. The obtained
surface morphologies of Zn layer were shown in Figure 4(a)
(0.1 g) and Figure 4(b) (1 g). The surface in the condition of
0.1 g NH3·H2O was covered by a layer of ZnO particle with
much larger diameter than that in 1 g NH3·H2O addition.
Meanwhile, the densities were also reduced by decreasing the
amount of NH3·H2O. Thus, increasing NH3·H2O will result
in reducing the diameter of the initial ZnO nanoparticle.
By investigating the early stage of the reaction, 30 min,
the effects were much more obvious. Figures 4(c) and
4(d) illustrate well-oriented ZnO nanoparticle formed in
30 min when 1 g NH3·H2O was added into the solution. In
condition of 0.1 g NH3·H2O, as shown in Figures 4(e) and
4(f), a layer of the ZnO nanoparticle was also formed but
the orientation is not as good as that in 1 g NH3·H2O. As
reported by many researchers [56, 57], the orientation of the
initial ZnO layer has a strong effect on the alignment of the
ZnO nanowire arrays. In our work, the increased amount of
NH3·H2O improved the orientation of the initial ZnO layer
and then improved the alignments of ZnO nanowire arrays.

The growth of ZnO nanowire arrays was also conducted
at different reaction temperatures. We found that the aspect
ratio increased (smaller diameters) with the increase of the
reaction temperature, but the density decreased. The tips
of the nanowire grown at higher temperature also become
sharper. In lower temperature, 70◦C, shown in Figures 3(e)
and 3(f), the nanowire arrays showed average diameter of
160 nm. When heated to 90◦C the average diameter becomes
smaller, ca. 90 nm. And as clearly shown in Figure 3(f),
the tips are sharper and begin to fuse together. As some
other researchers have reported [58, 59], the small but
highly uniform diameter nanowires tend to bundle and
align in the same growth direction and can be described by
the phenomena of multiplication growth and the oriented
attachment process.

The concentration of the Zinc ions was lowered to further
investigate the growth of the ZnO nanowire arrays. When
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Figure 3: Effect of the amount of the ammonia and temperature, (a, b) 0.1 g, (c, d) 2 g. Effect of temperature (e, f) 70◦C (g, h) 90◦C.
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Figure 4: Zn transformed into ZnO in 30 mins, (a, b) only NH3.H2O, (a) 0.1 g, (b) 1 g, (c, d) 1 g NH3.H2O, 30 min, (e, f) 0.1 g NH3.H2O,
30 min.

the zinc ions were decreased to 0.003 M, while keeping
NH3·H2O 1 g unchanged, long ZnO nanowire arrays were
achieved for 12-hour reaction. The SEM picture of the
long ZnO nanowire arrays was shown in Figure 5(a), the
inset was enlarged image. The average diameter of the long
nanowire arrays was 80 nm and the nanowires fuse together,
which was similar to the nanowire arrays synthesized at
90◦C. The XRD pattern in Figure 5(b) can be indexed to
wurtzite ZnO diffraction pattern (JCPDS Card NO. 36-
1451, space group P63mc). The intensified (101) reflection
is caused by the fusion of nanowire arrays. In addition
to the ZnO reflection peaks, there also are some peaks
indexed to Zn metal retained. We examined the evolution
of the long nanowire arrays by different reaction times,

30 min, 1 h, and 6 h. The morphologies of these results were
illustrated in Figures 5(c)–5(h). After 30 min of reaction, a
dense layer of ZnO nanoparticle, functioned as seed layer,
was formed. Figures 5(c) and 5(d) illustrated two typical
morphologies of the ZnO nanoparticle. No matter how
the different topographies of Zn plating layer presented,
the seed layer duplicated the morphologies. When the
reaction continued to 1 h, as shown in Figures 5(e) and
5(f), nanowire arrays formed with average diameter of
50 nm. When it was further prolonged to 6 h, the average
diameter increased to 60 nm (Figures 5(g) and 5(h)). The
diameter increased with the continuing of the reaction
and decreased with the lowering of the concentration of
Zn2+ ions.
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Figure 5: SEM image of long ZnO nanowire arrays (a) 12 h, (c, d) 30 min, (e, f) 1 h, (g, h) 6 h, (b) XRD pattern of long nanowire arrays.
The inset of (a) shows enlarged picture with scale bar 500 nm.
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Figure 6: (a) SEM image of flower structure, inset is the image of single flower structure with scale bar 1 μm. (b) XRD pattern of flower
structure. (c) SEM image of nanoplate arrays. (d) XRD pattern of nanoplate arrays with time 1 h, 3 h, and 12 h.

Interestingly, two other different morphologies, flower-
like structure and nanoplate arrays were achieved in our
experiments. We found a white layer deposited on the
nonzinc plating side of Cu foil in the solution of 0.1 g
NH3·H2O and 0.03 M Zn(NO3)2 at 80◦C. The morphology
of this white layer is illustrated in Figure 6(a). A uniform
ZnO layer with flower-like structure was observed. As shown
in the inset of Figure 6(a), the surface of the flower-like
particle was composed of ZnO nanorod arrays. This is a
useful structure with high surface area. The corresponding
XRD pattern is shown in Figure 6(b). All peaks can be
indexed to wurtzite ZnO (JCPDS Card NO. 36-1451, space
group P63mc) except the peaks from the Cu substrates.
The (100), (101) reflection are intensified compared with
the XRD pattern of ZnO nanowire arrays. Moreover the
intensities of (002) and (101) are almost the same, which
is like the XRD pattern of other reported ZnO flower-
like structures. Generally, homogeneous reaction in the
solution and heterogeneous on the substrate happened in the
same time. When the amount of NH3·H2O was 0.1 g, the
solution was turbid, indicating the formation of Zn(OH)2

precipitations. With the heating of the solution, Zn(OH)2

decomposed to ZnO nuclei in the bulk solution. This

process facilitated the growth of ZnO crystal in the solution.
As reported by others [60, 61], the growth of ZnO in
solution makes it easy to bundle together to form flower-like
structure.

In 0.1 g NH3·H2O, 0.03 M Zn(NO3)2 condition, when
the temperature increased to 90◦C, nanoplate arrays were
prepared (Figure 6(c)).The inset is the enlarged image. The
thickness of the plate is 50–60 nm, and the average diameters
of a single plate are several micrometers. Liu and Zeng [55]
also get a hollow ZnO dandelions structure with plate-like
building units using Zn metal power as substrates in higher
temperature. However, they did not discuss the formation
mechanism of the plate like structure. ZnO nanoplate arrays
have been reported to be due to the hydrolysis of zinc
hydroxide which is usually plate-like. According to the XRD
pattern of different growth times (Figure 6(d)1–3), 30 min,
3 h, and 12 h, a reflection at 29.4 degree was observed in the
first 30 min stage which is indexed to Zn(OH)2. When the
reaction continued, this reflection diminished and reflection
peaks of ZnO appeared. Figure 6(d)-3 is the XRD pattern of
well-developed ZnO nanoplate arrays. And it can be indexed
to the hexagonal wurtzite phase ZnO (JCPDS Card NO.36-
1451, space group P63mc).
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The chemical reaction, in our experiments is shown in
the following:

NH3 ·H2O ←→ NH4
+ + OH−

Zn2+ + 2OH− ←→ Zn(OH)2(s)

Zn2+ + 4NH3 ←→ [Zn(NH3)4]2+

Zn2+ + 4OH− Δ−−−−−→ Zn(OH)4
2− Δ−−−−−→ ZnO(s)

(2)

When the NH3·H2O was added, it hydrolyzed to NH4
+

ion and OH− ion, as shown in (2). The produced OH−

ion reacts with Zn2+ ion quickly to form Zn(OH)2 white
precipitation (4), and the solution turned turbid. With
continued addition of NH3·H2O, the solution became clear
by the formation of Zn(NH3)4

2+ (5). When the temperature
elevated, the (5) turned to left, and the Zn(NH3)4

2+ complex

decomposed to produce Zn2+. Then Zn(OH)4
2− formed,

which served as the basic growth units of ZnO nanoforms,
hydrolyzed to ZnO(s) (6). For the growth of ZnO nanowire
arrays, the heterogeneous nucleation took place preferen-
tially on the ZnO seed surface due to the reduced nucleation
barrier by decreasing the interface energy. In addition, we
can get much more understanding of the growth of ZnO
nanowire arrays if the crystal habits are considered. Wurtzite
ZnO crystal is a polar crystal, exhibiting a positive polar
plane that is rich in Zn (0001) and a negative polar plane
that is rich in O (000-1). The growth rates of different planes
are reported to be V(0001)> V(10-11)> V(1010)> V(000-
1). In addition, the negative charged Zn(OH)4

2− complex
ions are preferentially adsorbed onto the positive charged
(0001) Zn face and subsequently dehydrate and enter into
the crystal lattice. The growth rate of the (0001) face is greatly
favored, and the more rapid the growth rate, the quicker the
disappearance of the basal plane. Thus, nanowire structure
with elongated c-axis surrounded by six {10-10} facets is
formed. While the growth rates of some {10-11} facets are
relatively smaller than those of (0001), and they remained to
form needle like tips.

When the amount of NH3·H2O was increased, the
stability of Zn(NH3)4

2+ complex ions was also enhanced.
As a result, the supersaturation of the solution was low-
ered. Homogeneous nucleation in the bulk solution was
prohibited in low supersaturation, and the heterogeneous
nucleation and growth onto the seed layer dominated. As
discussed before, the Zn(OH)4

2− growth unit was prefer-
entially attracted onto the (0001) positive charged plane.
Monodentate ligand NH3 can not be efficiently adsorbed
onto the neutral {10-10} side faces [62]; thus the increased
amount of NH3could not reduce the diameter. Therefore, the
growth rate of the ZnO nanowire was improved in higher
amount of NH3·H2O, and the diameter of the nanowire was
also increased. At higher temperature, the decomposition
rate of Zn(NH3)4

2+ complex ions was improved, which
further increased the formation of the Zn(OH)4

2− complex
ions. Thus the growth along the (0001) direction was
improved and the diameter of the nanowire was decreased.
When we decreased the concentration of Zn2+ ions and
kept the amount of NH3·H2O and temperature unchanged,

the ratio of Zn2+ ions to NH3 was decreased. This resulted
in further decrease in supersaturation of the solution. The
homogeneous nucleation was retarded, and the heteroge-
neous nucleation onto the seeded ZnO crystal was promoted
in addition. Also, the critical diffusion of monomers and
the subsequent limited growth in the solution of lowered
Zn2+ ions concentration helped to decrease the diameter
of the nanowire. Thus, in the same temperature, when the
concentration of Zn2+ ions was decreased, the diameter of
as-prepared ZnO nanowire was also decreased, and much
longer nanowire arrays were achieved, which is similar to the
results of Lionel Vayssieres [26].

The room temperature photoluminescence (PL) spectra
of the ZnO nanowire arrays, flower-like structure, nanoplate
arrays, and long nanowire arrays were measured by using
a He-Cd 325 nm wavelength laser as the excitation source,
as shown in Figure 7. For the nanowire arrays, Figure 7(a),
room temperature PL spectra showed a strong UV emission
around 392 nm (3.16 eV) and a broad green emission at
∼550 nm (2.25 eV). The PL spectra of flower-like structure
exhibited a strong emission around 403 nm (3.07 eV) and
a broad green emission at ∼550 nm (Figure 7(b)). For the
nanoplate arrays, Figure 7(c), a strong UV emission around
383 nm (3.23 eV) and a broad green emission at ∼550 nm
were observed. The long nanowire arrays, in Figure 7(d),
showed an intensive emission around 400 nm (3.09 eV), and
the green emission at ∼550 nm was relativly weak. Generally,
the strong UV emission ranging from 380 to 400 nm is the
band-edge emission resulting from the recombination of
free excitons, while the green emission centered at about
550 nm is attributed to the singly ionized oxygen vacancy,
and the emission results from the radiative recombination of
a photogenerated hole with an electron occupying the oxygen
vacancy. The shift of the strong UV emission is contributed
to an increase in crystal intrinsic defects. Lin et al. [63] have
calculated the energy levels of various intrinsic defect centres,
such as vacancies of oxygen and zinc, interstitial oxygen and
zinc, and antisite oxygen in ZnO. The energy gap between the
conduction band (Ec) and the valence band (Ev) is consid-
ered to be 3.36 eV. The emission energy of electronic transi-
tion from the bottom of the conduction band to the vacancy
of zinc (VZn) level is 3.06 eV, and the emission energy of elec-
tronic transition from the bottom of the conduction band
to the antisite oxygen (OZn) level is 2.38 eV. Thus, the shift
of UV emission from 383 nm to 403 nm of different ZnO
nanostructures indicated different contents of the vacancy of
zinc in each nanostructure which was achieved in different
growth conditions. In our solution synthesis, the growth
units are [Zn(OH)4]2− produced by the reaction between
Zn2+ and OH−, and Zn2+ is released from the stabilized
Zn(NH3)4

2+ complex ions; OH− is released from reagent
NH3·H2O. ZnO is crystallized by continuously adding the
O-contained growth units to the as-formed nuclei. The
deficiency of Zn2+ ion in long ZnO nanowire condition
accounts for the vacancy of the zinc. With increasing growth
temperature, the release of Zn2+ is improved by the decrease
of thermostabilization of the Zn(NH3)4

2+ complex ions.
Thus, in higher temperature, ZnO nanoplate arrays have less
VZn than that of the flower-like structure which synthesized
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Figure 7: PL spectra of various ZnO nanostructures.

at lower temperature. Therefore, the optical properties can
be turned by the growth condition in the solution methods.

4. Conclusion

In conclusion, Zn plating layer on the flexible substrates
(copper foil for demonstration here) was successfully applied
to prepare ZnO nanostructure arrays via mild solution meth-
ods (Zn(NO3)2/ NH3·H2O solution system) in 70–90◦C.
Various synthetic conditions were demonstrated to influence
the nanostructure arrays. It was found that, by varying
the ratio of NH3·H2O to Zn(NO3)2, the achieved ZnO
nanostructure controllably changed from flower-like to
nanowire arrays in which the seed layer formation process
and diffusion rates of Zn2+ ions played important roles. By
increasing the growth temperature, or reducing the Zn2+

ion concentration, the diameter of ZnO nanowire arrays
can also be reduced greatly from 200 nm to 60 nm. It is

noted that the amounts of NH3·H2O have great effects
on the formation of ZnO seed layer in the initial stage.
Dense and orientated seed layers formed in 1 g NH3·H2O
are effective for achieving aligned ZnO nanowire arrays.
ZnO nanoplate arrays were achieved in 0.03 M Zn(NO3)2

and 0.1 g Zn(NO3)2 in 70◦C. Moreover, we found that
the pattern of ZnO nanowire arrays duplicated the surface
morphology of the Zn plating layer which can be changed
by controlling the electroplating parameters like electric
density. Thus, a new patterning method for ZnO nanowire
arrays can be developed by designing the pattern of the Zn
plating layer. PL measurement has demonstrated intensive
UV exciton luminescence of these ZnO structures which
is in the range of 380–403 nm. Therefore, our methods
provide an easier and more economic way to produce ZnO
nanowire arrays on the flexible conductive substrates and
will be applicable to flexible devices like solar cell and gas
sensors.
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A simple synthesis of Ag nanostructures such as nanorods and nanowires has been demonstrated with citrate-capped Pt seeds.
UV-visible spectra and photographs of the synthesized solutions at different UV exposure times showed that the citrate-capped Pt
seed played a crucial role in the growth of Ag nanostructures. After UV exposure of the colloidal solution for 60 min, the average
diameter, length, and aspect ratio of the Ag nanostructures were about 95 nm, 2.1 μm, and 22, respectively. The photochemical
reduction is hypothesized to result from photoelectron transfer from adsorbed citrate to Pt nanoparticle seed allowing Ag ions
to form Ag nanostructures. Based on X-ray diffraction spectra and transmission electron microscope images, the synthesized
Ag nanostructures were a face-centered cubic single crystal with good purity. These results suggest that the photochemical
reduction method can provide Ag nanostructures in the presence of citrate-capped Pt seeds at room temperature for anisotropic
Ag products.

1. Introduction

The field of one-dimensional (1D) nanomaterials research
constitutes one of the most important frontiers in materials
science. The unusual physicochemical and optoelectronic
properties of nanomaterials hold tremendous potential in
the synthesis and design of various advanced materials [1].
Among all metals, Ag has attracted a great deal of attention
due to the high electrical and thermal conductivities of bulk
Ag, which is an important material in many fields [2]. In
addition, Ag nanorods and nanowires have recently attracted
extensive attention due to their interesting applications,
which include photonic crystals [3], infrared polarizers [4],
and catalysts [5].

A number of chemical approaches have been extensively
explored to process Ag into 1D materials [2, 3]. For instance,
a polyol process has been investigated for the preparation of

Ag nanorods and nanowires, in which the Ag nanostructures
were produced by reducing AgNO3 in ethylene glycol (EG)
with the addition of poly(vinyl pyrrolidone) (PVP) [6].
Recently, Sun et al. reported that Pt nanoparticles could serve
as seeds for the heterogeneous nucleation and growth of Ag
nanorods and nanowires that were produced in solution via
the reduction of AgNO3 with EG by refluxing at ∼160◦C
[2]. In addition, Tsuji et al. reported Ag nanostructures such
as nanorods and nanowires by a microwave-polyol method
under microwave heating in the presence of Pt seeds [7].
Despite these advances, it is desirable to be able to produce
Ag nanostructures at room temperature. Recently, the pho-
tochemical reduction method of producing nanomaterials
has become an important technique in nanotechnology
[8]. It is more convenient and environmental friendly than
either electrodeposition using anodic alumina membranes
[9] or catalytic CVD growth [10]. Here, we explore a new
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photochemical synthesis of 1-dimensional Ag nanostruc-
tures using UV irradiation with citrate-capped Pt nanopar-
ticles, which can be accomplished at room temperature.

2. Experimental

Chloroplatinic acid hydrate (H2PtCl6 · xH2O, 99.9%),
sodium borohydride (NaBH4, 98.5%), and sodium citrate
tribasic dihydrate (C6H5Na3O7 · 2H2O, 99%) were used
for synthesis of citrate-capped Pt nanoparticle seeds as
a catalyst, while silver nitrate (AgNO3, 99%) and PVP
((C6H9NO)x, Mw∼55,000, 99%) were used for Ag nanorods
and nanowires. All chemicals were purchased from Sigma-
Aldrich, Inc. Ultrapure deionized water was used to prepare
all aqueous solutions for citrate-capped Pt nanoparticle
seeds, Ag nanorods, and nanowires. Pt nanoparticle seeds,
4 nm in size, capped with citrate, were produced as follows.
1 mL of 10 mM NaBH4 was added all at once to a 20 mL
solution for a final concentration of 0.47 mM H2PtCl6·xH2O
and 0.47 mM C6H5Na3O7 · 2H2O with vigorous stirring.
Stirring was stopped after 30 s and the resultant solution was
aged for 2 h before use. For synthesis of Ag nanorods and
nanowires, 0.5 mL of the citrate-capped Pt nanoparticle seed
solution was transferred to a 10 mL vial containing 3 mL
of an aqueous solution of 0.75 mM AgNO3 and 0.50 mM
PVP. The solution was irradiated with a 1000 W mercury
arc lamp (λmax = 365 nm) at room temperature. UV-
visible spectra of the colloidal solutions with different UV
exposure times were recorded on a Jasco V-570 UV/vis/NIR
spectrophotometer. The samples were prepared by mounting
a few drops of the colloidal solutions on a p-Si(100) wafer to
observe the morphological features of the Ag structures using
a scanning electron microscope (SEM). X-ray diffractometer
(XRD) samples were prepared on a corning 1737 glass to
measure the crystallinity of Ag nanostructures; the XRD used
Cu kα radiation. Particle size distributions of the citrate-
capped Pt seed solutions with different UV exposure times
were measured by a particle size analyzer (PSA) (Malvern
Instruments Ltd., Zetasizer Nano Series). Transmission elec-
tron microscope (TEM) and electron diffraction studies were
performed with a JEOL JEM-4010 microscope operated at
400 kV. Samples for TEM were prepared by dispersing a few
drops of the colloid solution on a carbon film supported by
molybdenum grids.

3. Results and Discussion

UV/vis/NIR spectroscopy is a reliable method for detecting
the presence of one-dimensional metallic nanostructures
[2, 11]. Specific signature peaks can be used to extract infor-
mation on the aspect ratio of the nanostructures. UV-visible
spectra of the synthesized solutions were measured at differ-
ent UV exposure times with and without citrate-capped Pt
seeds in the range of 250–900 nm, and the results are given in
Figure 1. In the case where citrate-capped Pt seeds were used,
UV-visible spectra of the colloidal solutions were different for
different UV exposure times, while there was no change in
the solution synthesized without citrate-capped Pt seeds.

The introduction of foreign nuclei significantly reduces
the nucleation energy and enhances catalysis for the for-
mation of metal nanostructures [12]. In our case, we can
infer that citrate-capped Pt nanoparticle seeds serve as a
catalyst for the nucleation and growth of Ag nanostructures.
As shown in Figure 1(b), after 15 min of exposure to UV,
the appearance of a plasmon peak at ∼410 nm indicated the
formation of Ag nanostructures [13, 14]. It is well known
that the UV-visible absorption spectrum of Ag nanostruc-
tures depends on the size of the nanostructures, that is, the
wavelength at maximum absorption (λmax) increases as the
aspect ratio of the nanostructure increases [14]. Increases
in aspect ratio are apparent with increasing exposure time,
since, for UV exposure of the colloidal solutions for 15,
45, and 60 min, the values of λmax were 407, 420, and
450 nm, respectively. In the spectrum corresponding to
UV exposure for 60 min, a shoulder peak around 350 nm
becomes more apparent, as a result of increasing aspect
ratio of Ag nanostructures. The absorption peak at 350 nm
can be attributed to the plasmon response peak from the
longitudinal vibration in Ag nanowires [15]. In the case of
polyol processes, Ag nanowires were obtained only under
heat treatment at ∼160◦C for 40 min [2, 16]. However, here,
UV exposure of the colloidal solutions for 60 min at room
temperature is sufficient for the growth of Ag nanowires.
In addition, the role of UV light was checked to follow the
advance of the silver salt reduction in the presence of citrate-
capped Pt nanoparticle seeds at room temperature without
UV irradiation according to storage in various times as
shown in Figure 1(c). There was no change in the UV-visible
spectra of solutions synthesized without UV irrdiation. So,
we can deduce that during UV irradiation the citrate-capped
Pt nanoparticle seeds played a crucial role for the formation
of Ag nanostructures.

The morphologies and sizes of synthesized products
irradiated by UV exposure for 45 and 60 min were observed
using an SEM. In our case, after UV exposure of the
colloidal solution for 45 min, we observed the formation
of Ag nanoparticles and nanorods as shown in Figure 2(a).
After UV exposure for 60 min, Figure 2(b), Ag nanoparticles,
nanorods, and nanowires were formed. Nanorods and
nanowires can be distinguished from their aspect ratio, 2–
20 and >20, respectively [7, 14]. In polyol processes, the
evolution of Ag nanostructures went from Ag nanoparticles
and nanorods to Ag nanorods and nanowires with various
heating times [2, 16]. Similarly, the evolution of Ag nanos-
tructures formed by photochemical reduction went from a
0 dimension to a 1 dimension morphology according to the
UV exposure time. Analysis of SEM micrographs indicates
that the product UV irradiated for 45 min contains mainly
spherically shaped Ag nanoparticles that have diameters of
about 86 nm. In the case of the product UV irradiated
for 60 min, the average diameter, length, and aspect ratios
of the Ag nanostructures are about 95 nm, 2.1 μm, and
22, respectively. From the results of UV-Visible spectra
(Figure 1), the symmetric absorption peak implies that the
size distribution of the Ag nanoparticles is narrow and the
asymmetric absorption peak implies that wire-shaped Ag
nanostructures, that is, long Ag nanowires grow due to an
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Figure 1: UV-visible absorption spectra of the synthesized solutions: (a) without Pt seeds, (b) with Pt seeds, and (c) with Pt seeds and
without UV irradiation.

extra absorption peak around 350 nm. In this experiment,
the main photoproduct is a mixture of Ag nanoparticles until
for 45 min of UV irradiation, however, after 60 min, addi-
tional photoproduct is achieved in an anisotropic growth for
the Ag nanorods/nanowires as shown in Figure 2(b).

XRD spectra of the product UV irradiated for 60 min
and the standard powder pattern of Ag (Joint Committee
on Powder Diffraction Standards (JCPDS) File 04-0783) are
shown in Figure 3. All the peaks are indexed with a face-
centered cubic (fcc) single crystal, which indicates that the
products were Ag, with good purity. The average crystallite
size of the product UV irradiated for 60 min was calculated

from the XRD line broadening using the Scherrer equation
[17]:

B = 0.93λ
(L cos θ)

, (1)

where λ is the wavelength of the incident X-rays (λ =
1.54178 Å), L is the full width at half maximum of the (111)
diffraction, and θ is the angle of diffraction. The average
crystallite size of the product UV irradiated for 60 min was
78.9 nm, which is relatively close to the average diameter
(95 nm) of the Ag nanostructures as shown in the SEM
image.
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Figure 2: SEM micrographs of as-synthesized samples of Ag nanostructures after UV exposure for (a) 45 and (b) 60 min.
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Figure 3: XRD spectra of Ag nanostructures irradiated by UV for
60 min and simulated results of Ag powder from JCPDS 04-0783.

Figure 4(a) exhibits a low-magnification TEM image of a
Ag nanorod with a diameter of about 100 nm. Furthermore,
selected area electron diffraction (SAED) was used to con-
firm the high crystallinity of the synthesized Ag nanorods.
Figure 4(b) shows the typical SAED pattern of a Ag nanorod,
which was obtained by focusing the electronic beam along
the [011] zone axis of an individual nanorod. Judging
from the results of Figures 4(b) and 4(c), the synthesized
Ag nanorods have predominantly grown along the [100]
direction. From the high-resolution TEM (HRTEM) image
shown in Figure 4(d), the values of the interplanar spacing
of {200} and {111} planes were 0.205 and 0.231 nm,
respectively, in good agreement with the lattice spacing of fcc
Ag. This result revealed that the Ag nanostructures formed by
photochemical reduction at room temperature were single-
crystalline with a well-resolved interference fringe spacing.
It can be recalled from the results of UV-Visible spectra, a

red-shift of the wavelength at maximum absorption can be
inferred due to either the increment of aspect ratio of Ag
nanostructures or uniform growth of Ag particles. Analysis
of SEM and TEM micrographs indicates that the product UV
irradiated for 45 min contains mainly spherically shaped Ag
nanoparticles/nanorods, and the product UV irradiated for
60 min consists of Ag nanoparticle, nanorods and nanowires.
A red shift of the wavelength at λmax would be mainly due
to the increment of aspect ratio of Ag nanostructures. Also,
as indicated in the UV-visible spectra in Figure 1(a), Ag
nanostructures were not formed in the solution without
citrate-capped Pt nanoparticle seeds. Therefore, the citrate-
capped Pt nanoparticle seed played a crucial role as a catalyst
for the formation of Ag nanostructures.

The mechanism for the formation of Ag nanostructures
by a photochemical reduction in the presence of Pt seeds
has not yet been reported; based on our experimental
data, we propose a mechanism here. Munro et al. [18]
reported a mechanism for the reduction of Ag+ by citrate
through a thermal approach. In their paper, a model was
proposed for the interaction and orientation of citrate
ions on the surface of Ag nanoparticles. Redmond et al.
[19] reported a mechanism for the reduction of Ag+ by
citrate through a photochemical approach. In both of above-
mentioned mechanisms, heating [18], or photon excitation
[19], results in the donation of electrons from citrate ions to
Ag nanoparticle seeds, leading to both the formation of Ag
nanoparticles with extra electrons and the decomposition of
citrate ions. The Ag nanoparticles with extra electrons then
become the reducing source for Ag+. The decomposition
of citrate ions in the photochemical approach has been
described through the following reaction [19, 20].

Citrate
hv−→ acetone-1,3-dicarboxylate + CO2 + 2e− (2)

In order to confirm the decomposition of citrate on Pt
nanoparticle seeds, solutions containing only citrate-capped
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Figure 4: (a) Low magnification, (b) electron diffraction pattern, and (c, d) high-magnification TEM micrographs of a Ag nanorod
synthesized by UV exposure for 60 min.

Pt nanoparticles were irradiated by UV light at various
exposure times. At UV exposure times of 0, 15, 30, 45, and
60 min, the average particle sizes were obtained by using
PSA as 4.23, 21.13, 21.67, 36.43, and 76.83 nm, respectively.
This result means that the citrate on Pt nanoparticle seeds
decomposed during photochemical reduction. As a result,
the average particle size of Pt nanoparticle seeds increased
with increasing UV exposure time.

As shown in (2), acetone-1,3-dicarboxylate, carbon diox-
ide, and electrons are formed due to the photochemical exci-
tation of citrate. Nucleophilic adsorption of the carboxylic
anions causes the citrate to bind onto the surface of Ag
nanoparticles. Upon absorption of a photon, the carboxylic
groups directly attached to Ag nanoparticles presumably
undergo ligand to metal charge transfer, where the electrons
directly transfer to the Ag nanoparticles [19, 20]. These
Ag nanoparticles, acting as a reactive electron storage and
transfer medium, make it more likely to reduce Ag+ on their
surface [20].

In our case, the Pt nanoparticle seeds are believed to
play a role similar to that of the Ag nanoparticle seeds used
in the above reports. Therefore, we propose the following
equation to describe the photochemical reaction of citrate in
the presence of Pt nanoparticle seeds as shown in Figure 5.

Citrate-nPt
hv−→ acetone-1,3-dicarboxylate

+ CO2 + H+ + nPt2−
(3)

Upon the absorption of a photon, the adsorbed citrate
undergoes a ligand to metal charge transfer, resulting in a
citrate radical and a Pt seed with an extra electron. The
unstable citrate radical undergoes further photochemical
and thermal decomposition, leading to the formation of an
acetone-1,3-dicarboxylate, a CO2, and a H• radical. The H•

radical is in close proximity to the Pt seed and will very
likely encounter the Pt seed, resulting in the release of an
electron to the Pt seed and the formation of an H+. The
resultant Pt seed with extra electrons, nPt2−, can now reduce
the Ag+ it encounters. It has been proposed [21, 22] that
H2O could also be decomposed by UV irradiation as shown
below.

H2O
hv−→ H• + OH• (4)

The reactive H• and OH• radicals can be the reducing
source for Ag+ as well. However, we believe (4) is not
dominant in our case.

For a Ag+ ion, electron capture happens when the
ion encounters a seed with extra electrons. Ag+ ions can
encounter the Pt nanoparticle seeds as shown below.

nPt2− + Ag+ −→ (
nPt-Ag

)− (5)

(
nPt-Ag

)−+Ag+ −→ nPt-2Ag (6)
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Figure 5: A plausible mechanism for the synthesis of Ag nanostructures formed by a photochemical reduction.

The process described by (3), (5), and (6) repeats
continuously during UV irradiation, resulting in the growth
of Ag on the Pt seeds, nPt-mAg in Figure 5. Although further
evidence needs to be obtained, we suggest the following
process for the formation of Ag nanowires. During the
growth of Ag nanostructures, once the reduced Ag atoms
bind to the surface of a Pt seed, the Pt seed becomes a
particle partially coated with Ag. Due to the fact that Pt has
a much higher work function than Ag, the coated Ag on
Pt seed is more reducing than the Pt seed [23]. This means
that Ag+ ions are more likely to be reduced at the coated Ag
on the polar particle. Also, due to the assistance of rod-like
PVP micelles [24], Ag nanostructure growth in one direction
becomes possible.

4. Conclusion

A simple approach to the synthesis of Ag nanostructures such
as nanorods and nanowires by a photochemical reduction
at room temperature was demonstrated. Citrate-capped Pt
nanoparticle seeds played a crucial role as a catalyst for
the growth of Ag nanostructures. From the results of UV-
visible spectra, photographs of the synthesized solution, SEM
and TEM images, we can deduce the synthesis of single-
crystalline Ag nanorods and nanowires by a photochemical
reduction at room temperature. These experiments helped
to outline the mechanism of Ag nanostructure formation
using citrate-capped Pt nanoparticle seeds prepared by pho-
tochemical reduction. Our Ag nanostructures are anticipated
to have important applications in electronics such as the

miniaturization of electronic devices and the improvement
of ultralarge-scale integrated circuits.
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Fe3O4 nanoparticle was synthesized in the solution involving water and ethanol. Then, α-Fe2O3 shell was produced in situ on
the surface of the Fe3O4 nanoparticle by surface oxidation in molten salts, forming α-Fe2O3/Fe3O4 core-shell nanostructure. It
was showed that the magnetic properties transformed from ferromagnetism to superparamagnetism after the primary Fe3O4

nanoparticles were oxidized. Furthermore, the obtained α-Fe2O3/Fe3O4 core-shell nanoparticles were used to photocatalyse
solution of methyl orange, and the results revealed that α-Fe2O3/Fe3O4 nanoparticles were more efficient than the self-prepared
α-Fe2O3 nanoparticles. At the same time, the photocatalyzer was recyclable by applying an appropriate magnetic field.

1. Introduction

Owing to their tunable properties and large surface-to-
volume ratios, nanocrystals (NCs) are being considered
for a wide range of applications including photovoltaics,
biomedicalimaging, photocatalysts, and optoelectronics [1–
4]. Nanocrystal heterostructures (NCHs) are an emerging
subclass of NCs where two or more chemically distinct
components are brought together epitaxially [5]. The best
known example is the core/shell structure where the outer
shell enhances the properties of the core (e.g., increasing
photoluminescence quantum yields of CdSe NCs with ZnS
or CdS shell [6, 7]. These core-shell nanostructures expand
single-component nanoparticles to hybrid nanostructures
with discrete domains of different materials arranged in
a controlled fashion. Thus, different functionalities can be
integrated, with the dimension and material parameters of
the individual components optimized independently even
providing entirely novel properties via the coupling between
different components. In view of the scientific importance
of these materials, it is not surprising that a wide variety
of approaches for their synthesis have been reported [8–13].
Specifically, the surface oxidation method has attracted much

attention because it could be utilized as a simplistic route to
obtain core/shell nanostructures [11, 12].

Magnetic separation provides a convenient method for
removing and recycling magnetized species by applying an
appropriate magnetic field. So, magnetic nanoparticles com-
bining with catalysts could not only increase the durability of
the catalysts but also help to separate and recycle the catalyst
particles. For example, magnetic nanoparticles have been
immobilized in a mesoporous silica shell with molybdenum
oxide forming a magnetically recyclable epoxidation catalyst
[14]. A core-shell structure of TiO2/BaFe12O19 composite
nanoparticle that can photodegrade organic pollutants in
the dispersion system effectively and can be recycled easily
by a magnetic field was also reported [15]. Another mag-
netically separable photocatalyst TiO2/SiO2/NiFe2O4 (TSN)
nanosphere with egg-like structure was prepared by Xu et
al. [16]. However, there are few reports on the magnetic
nanoparticles integrating with lower cost photocatalysis, α-
Fe2O3 for the photodegradation [17–19]. Here, we fabricated
α-Fe2O3/Fe3O4 core-shell nanostructures by a surface oxida-
tion method on the surface of primary Fe3O4 nanoparticles
in molten salts, which showed high efficiency and good
recycling for photocatalysis of methyl orange (MO).
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Figure 1: XRD patterns of the obtained α-Fe2O3/Fe3O4 (a) and
Fe3O4 (b).
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Figure 2: TEM image of the obtained primary Fe3O4 nanoparticles
(a) and α-Fe2O3/Fe3O4 nanoparticles (b), the insets are SAED
patterns of them, respectively.

2. Experiments

2.1. Synthesize of Primary Fe3O4 Nanoparticles. All the
chemicals were analytically pure and used without purifying
further. In a 250 mL three-neck flask, sodium nitrate (0.5 g,
Shanghai Chemical Reagent) and ferrous (II) sulfate (1.6 g,
Shanghai Chemical Reagent) were dissolved in a mixture
solution of distilled water (30 mL) and absolute ethanol
(30 mL, Shanghai Chemical Reagent) under a vacuum
surround. On the other hand, sodium hydroxide (1 g, Tianjin
Chemical Reagent) was dissolved in 10 mL distilled water and
then was injected into the three-neck flask by an injector
under magnetic stirring. The reaction lasted for about 10
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Figure 3: Magnetic hysteresis loops for the Fe3O4 nanoparticles (a)
and α-Fe2O3/Fe3O4 (b)
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Figure 4: Absorption spectra (a) of the MO solution for 0 min,
60 min and 120 min, and photocatalysis performance (b) of the
core-shell sample and α-Fe2O3 sample.
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Figure 5: Optical image (a) of the MO solution after photocatalysis
lasted 0 min, 60 min, and 120 min (b) and (c) are the optical images
of the catalyst being separated by a magnet; (d) is efficiency curve
for multiple cycles of photocatalysis.

minutes in a vacuum surround under strong stirring until
the white precipitate became black. The obtained black
precipitate was collected by centrifugation separating and
then was washed with distilled water for 4 times. Finally the
precipitate was dried at 80◦C for 12 hours to obtain the Fe3O4

nanoparticles.

2.2. Synthesis of α-Fe2O3/Fe3O4. Sodium nitrate (4.2 g) and
potassium nitrate (2.5 g) were mixed in a crucible (30 mL)
and heated up to 310◦C to melt. The obtained Fe3O4

nanoparticles were put into the crucible to react for 30
minutes, and then the molten salt was cooled to room tem-
perature. The product was obtained by washing the fusion
with deionized water to remove the nitrates and filtration for
three times. Finally, the precipitate was dried at 80◦C for 12
hours to obtain the α-Fe2O3/Fe3O4 nanoparticles.

2.3. Measurement of Photocatalytic Activity. The evaluation
of photocatalytic activity for the prepared samples decol-
orizing MO aqueous solution was performed at ambient
temperature. The obtained α-Fe2O3/Fe3O4 core-shell catalyst
(0.02 g) was placed into a tubular quartz reactor of 100 mL
20 mg/L MO aqueous solution. The reactor was surrounded
with a UV lamp (125 W) with stirring. After the reaction
began, the mixture was sampled at different times and
separated by a magnet to discard any sediment. Then,

absorption spectra were obtained through a wavelength scan
on a UV-Vis spectrophotometer.

2.4. Characterization. The X-ray diffraction (XRD) patterns
of the samples were collected using a diffractometer (Rigaku
D/Max 2200PC) with CuKα radiation (λ = 1.5418 Å) and
graphite monochromator from 10 to 80◦ at a scanning
rate 5.0◦/min. Unit cell dimensions were determined in the
JADE 5 program for X-ray diffraction pattern processing,
identification, and quantification. The size and morphology
of the products were characterized by transmission electron
microscopy (TEM, JEM100-CXII) with the potential of per-
forming selected-area electron diffraction (SAED). Magne-
tometry measurements were taken with a Quantum Design
PPMS SQUID magnetometer. The absorption spectra of
MO solution were obtained by a UV-vis spectrophotometer
(Shimadzu UV-vis 2550).

3. Results and Discussion

To form α-Fe2O3/Fe3O4 core-shell nanostructure, the appro-
priate reaction conditions were explored in our work as
shown in Table 1. It reveals that when the primary Fe3O4

nanoparticles were obtained in water without ethanol, they
were difficultly oxidized into α-Fe2O3 even in molten salts
of 380◦C for 30 min; however, when the primary Fe3O4

nanoparticles were obtained in 20 mL H2O and 40 mL
ethanol (the content of ethanol was 2/3), they were oxidized
into α-Fe2O3 completely without Fe3O4 leaving even in
310◦C for only 10 min (Figure S1(a) in Supplementary Mate-
rial available online at doi: 10.1155/2011/837123). When
the primary Fe3O4 nanoparticles were obtained in 30 mL
H2O and 30 mL ethanol (the content of ethanol was 1/2),
they could be oxidized partially forming α-Fe2O3/Fe3O4

core-shell nanostructure in 310◦C for 30 min (Figure 1(a))
but oxidized completely in 380◦C for only 10 min (Figure
S1(b) in Supplementary Material available online at doi:
10.1155/2011/837123). So, increasing the content of ethanol
in the solution for preparing Fe3O4 nanoparticles is ben-
eficial to subsequent oxidation reaction of Fe3O4 to form
α-Fe2O3/Fe3O4 core-shell nanostructure. However, excess
ethanol over 1/2 content would result in complete and rapid
oxidization of Fe3O4 nanoparticles in our molten salts, which
went against forming core-shell structure. This phenomenon
could be explained from XRD patterns of the prepared
Fe3O4 (Figure S2 and Figure 1(b)) which show that the
crystallization grew lower as the content of ethanol was
enhanced. It is obvious that the crystallized Fe3O4 well is
more stable and difficult to oxidize into α-Fe2O3.

To characterize phase and crystallization of the products,
powder X-ray diffraction (XRD) was performed from the
obtained α-Fe2O3/Fe3O4 and Fe3O4 samples. The XRD pat-
tern for Fe3O4 nanoparticles (Figure 1(b)) shows that all the
peaks are in good agreement with the cubic structure [space
group: Fd-3m] known from Fe3O4 crystal (JCPDS Card 65-
3107), meaning its high crystallization and few impurities.
The crystal cell dimension of the sample is calculated to
be a = 0.8396 nm by Jade 5, which is accorded with the
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Table 1: Different samples obtained from adjusting reaction conditions: different molar ratios of H2O and EtOH, oxidation temperature,
and oxidation time.

Sample H2O/mL EtOH/mL Primary product
Oxidation
Temp./◦C

Oxidation
Time/min

Oxidation product

S1 60 0 Fe3O4 380 30 Fe3O4

S2 30 30 Fe3O4 380 10 α-Fe2O3

S3 30 30 Fe3O4 310 30 α-Fe2O3/Fe3O4

S4 20 40 Fe3O4 310 10 α-Fe2O3

value given in the JCPDS Card 65-3107 file for Fe3O4 (a =
0.8391 nm). Furthermore, according to the full width at half
maximum (FWHM) of (121) reflections, the average size of
the crystalline particles for the primary Fe3O4 is calculated to
be 30.7 nm based on the Debye-Scherrer formula. Figure 1(a)
is the XRD pattern for the α-Fe2O3/Fe3O4 obtained from
surface oxidation of Fe3O4 in molten salt. It reveals that these
nanoparticles were composed of cubic-structured Fe3O4 and
α-Fe2O3 (JCPDS No. 04-0784).

Figure 2(a) shows the representative TEM image of the
obtained Fe3O4 nanoparticles. It shows that the sizes of
nanocrystals are about 20–50 nm but not uniform, which is
roughly closed to the average size resulted from the Debye-
Scherrer formula. The inset of Figure 2(a) is corresponding
SAED pattern, exhibiting the high crystalline nature of
cubic-phase Fe3O4. Figure 2(b) is TEM image of the α-
Fe2O3/Fe3O4, which shows clear core-shell nanostructure for
the sample. Furthermore, it shows the size of Fe3O4 core
decrease to be about 15–30 nm.

The magnetic properties of the as-prepared α-Fe2O3/
Fe3O4 and Fe3O4 nanoparticles were investigated with a
Quantum magnetometer at room temperature. The mag-
netic hysteresis loop (curve a in Figure 3) for the Fe3O4

nanoparticles indicates their ferromagnetism at room tem-
perature. The coercivity (Hc) is shown to be about 2330
Oe, the saturation magnetization (Ms) is 22.6 emu/g, and
the remnant magnetization (Mr) is 18.9 emu/g. However, the
hysteresis loop of the obtained α-Fe2O3/Fe3O4 nanostruc-
ture shows near superparamagnetism at room temperature,
which is different from the primary Fe3O4 nanoparticles
distinctly. It is well known that the surface spin disorder
enhancing caused by the decreasing of particles size [20]
and the coercivity would approach zero under a short
thermal fluctuation (so-called super paramagnetism) if the
crystal size is small enough. Thus, the transformation
from ferromagnetism to superparamagnetism indicates the
average size decrease when the primary Fe3O4 nanoparticles
became into the Fe3O4 cores of α-Fe2O3/Fe3O4, which is
accorded with the result of TEM. At the same time, it reveals
that the saturation magnetization (Ms) for Fe3O4 cores of
α-Fe2O3/Fe3O4 nanoparticles is about 48.7 emu/g, and the
remnant magnetization (Mr) is about 8.6 emu/g.

To evaluate the potential application in water treatment
of the obtained α-Fe2O3/Fe3O4 complex nanostructure, the
photocatalysis capacities for the organic pollutant were
investigated. Here, MO was chosen as the model organic
pollutant. The initial concentration of the MO solution was
set to be 20 mg/L. Figure 4(a) shows the visible absorption

spectra of for MO solution by the degradation of complex
nanostructured α-Fe2O3/Fe3O4 with different time. The
spectra show that the concentration of MO decreased to
54.4% after reacted for 60 min comparing the original
concentration, and the maximum removal capacity of the
photocatalysis reached about 90.1% in a time period of
120 min. At the same time, additional experiments were
made to compare the photocatalysis performance between
the core-shell sample (S3 of Table 1) and α-Fe2O3 sample
(S2 of Table 1) at the entirely same photocatalysis conditions.
As shown in Figure 4(b), the α-Fe2O3/Fe3O4 core-shell
nanostructure behaved higher photocatalysis efficiency for
MO. The rapid removal of MO may be associated with the
electrostatic attraction between the α-Fe2O3 shell and Fe3O4

core of the complex nanostructure. Under the ultraviolet
radiation, electrons in the valence band (CB) of α-Fe2O3

were excited to its conduction band (CB), with same amount
of holes left in VB. Driven by the decreased potential energy
band gap of α-Fe2O3 is ∼2.20 eV and band gap of Fe3O4 is
∼0.10 eV), the photogenerated electrons in CB of α-Fe2O3

tended to transfer to that of Fe3O4. So, the photogenerated
electrons and holes were separated at the α-Fe2O3/Fe3O4

interfaces, which reduced their recombination probability,
and enhanced the efficiency of generating hydroxyl radicals.

Figure 5(a) is the optical image for the MO solution
with different photocatalysis time, which shows the solution
became clear gradually from I to III by photocatalysis. Fur-
thermore, the used catalyst of α-Fe2O3/Fe3O4 nanostructure
could be recycled by a magnet. Figure 5(b) and 5(c) shows
the optical image of the catalyst being separated by a magnet.
So, the photocatalyst could be recycled by a magnetic field,
which would be assistance to the recycle of the photocatalyst.
Furthermore, to study the recyclability of the photocat-
alyzer, experiments in multiple cycles of photocatalysis plus
magnetic separation were performed, and it revealed that
the photocatalyzer owned good recyclability as shown in
Figure 5(d).

4. Conclusion

In summary, we fabricated Fe3O4 nanoparticles in a mixture
solution of water and ethanol, and then α-Fe2O3 shell was
produced in situ on the surface of the Fe3O4 nanoparticle
by surface oxidation to form α-Fe2O3/Fe3O4 core-shell
nanostructure in molten salts. To remove MO in the water by
our α-Fe2O3/Fe3O4 core-shell nanostructure showed better
photocatalysis property. At the same time, the photocatalyst
could be recycled by the magnetic field, which would be
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assistance to the recycle of the photocatalyst. These studies
not only enrich the contents of core-shell nanostructure
chemistry but also are beneficial to investigate their potential
application in photocatalysis.
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Single-crystalline α-Fe2O3 nanocubes were successfully obtained in large quantities through a facile one-step hydrothermal
synthetic route under mild conditions. In this synthetic system, aqueous iron (III) nitrate (Fe(NO3)3 ·9H2O) served as iron source
and triethylamine served as precipitant and alkaline agent. By prolonging reaction time from 1 h to 24 h, the evolution process
of α-Fe2O3, from nanorhombohedra to nanohexahedron, and finally nanocube, was observed. The products were characterized
by Powder X-ray Diffraction (XRD), Scanning Electron Microscopy (SEM), Transmission Electron Microscopy (TEM), High-
resolution Transmission Electron Microscopy (HRTEM), Selected-Area Electron Diffraction (SAED), and Fourier Transform
Infrared Spectrometry (FTIR). The possible formation mechanism was discussed on basis of the experimental results.

1. Introduction

Iron oxides are conventional semiconductor materials,
mainly in forms of α- and γ-Fe2O3. The unit cell of α-Fe2O3

(hematite) is hexagonal, containing only octahedral coor-
dinated Fe3+ atoms (corundum structure), while γ-Fe2O3

(magnetite) particles have cubic unit cells with both octa-
hedral and tetrahedral coordinated Fe3+ sites (defect spinel
structure) [1]. They are both technologically important
because of their special magnetic and electrical properties,
and potential applications in sorbents [2], ion exchangers
[3], information storage [4], and magnetic refrigeration
[5]. Controlling the morphologies of these materials during
synthetic process is of great importance because of their
shape-dependent properties. Various synthetic methods are
continually being improved. To date, a variety of novel
shapes of iron oxides nanocrystals have been successfully
synthesized via various approaches. Magnetite nanorods
with high aspect ratio have been synthesized by one-step
wet chemistry process that a surfactant, polyethylene glycol,
served as the template, and a ferrous ammonia sulphate
served as iron source [6]. Uniform α-Fe2O3 particles within
the nanometer range (100–300 nm) have been obtained by
precipitation of iron (III) perchlorate in the presence of urea.

Different morphology, from spheres to ellipsoidal particles
with axial ratio up to 10, was obtained by adding to the
initial solution increasing amounts of phosphate anions
up to 7 mM [7]. Plate-shaped γ-Fe2O3 nanocrystals have
been successfully prepared in a water system by a simple
reduction-oxidation method at room temperature and under
ambient pressure. The reactions contain two steps: first,
Fe(II) is reduced into Fe atoms by γ-ray irradiation in
nitrogen atmosphere; then, Fe atoms are oxidized into γ-
Fe2O3 in air [8]. Continuous iron oxide gel fibers were
prepared by the sol-gel method using ferric alkoxide and
acetic acid as starting materials and alcohol as solvent, and
continuous hollow α-Fe2O3 fibers produced after the gel
fibers were heat treated at 400 degrees C for 1 hour [9]. Verti-
cally aligned iron oxide nanobelt and nanowire arrays have
been synthesized on a large-area surface by direct thermal
oxidation of iron substrates under the flow of O2. It was
found that nanobelts (width, tens of nanometers; thickness,
a few nanometers) were produced in the low-temperature
region (similar to 700◦C) whereas cylindrical nanowires
which are tens of nanometers thick are formed at relatively
higher temperatures (similar to 800◦C) [10]. Sphere-like
maghemite (γ-Fe2O3) nanocrystals are formed by utilizing
a solution-based one-step thermolysis method; modulating
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the growth parameters, such as the type and amount of
capping ligands as well as the growth time, is shown to
have a significant effect on the overall shape and size of
the obtained nanocrystals and on the ripening process itself
[11]. Hou et al. report a facile organic-phase synthesis of
monodisperse FeO nanoparticles through high-temperature
reductive decomposition of iron (III) acetylacetonate ([Fe-
(acac)3]) with oleic acid (OA) and oleylamine (OAm) both
as surfactants and solvents; the sizes of the particles are tuned
from 14 to 100 nm by controlling the heating conditions
and the shapes of the particles are controlled to be either
spherical or truncated octahedral depending on the volume
ratio of OA and OAm used in the reaction. Thermal
annealing under an argon atmosphere converted these FeO
nanoparticles into composite Fe-Fe3O4 nanoparticles, while
controlled oxidation of the FeO nanoparticles resulted in
the formation of Fe3O4, γ-Fe2O3, or α-Fe2O3 nanoparticles
[12]. The highly crystalline and monodisperse γ-Fe2O3

nanocrystallites are fabricated from the controlled oxidation
of uniform iron nanoparticles which are generated from the
thermal decomposition of iron complex. Particle size can
be varied from 4 to 16 nm by controlling the experimental
parameters [13]. Nevertheless, the production of Fe2O3

nanocubes has not been realized ever. Nanocubes exposed a
specific surface, which provided an ideal model for the study
of surface related properties [14, 15].

In this paper, we demonstrated that single-crystalline
α-Fe2O3 nanocubes could be successfully synthesized via a
facile hydrothermal synthetic method under mild condi-
tions. The morphologies of α-Fe2O3 samples could be easily
controlled via simply varying the reaction time, and the
probable formation mechanism was proposed to explain
their growth processes. Moreover, this synthetic approach
provided a simple and economical route to synthesize
nanocrystals, some of which have a variety of potential
applications.

2. Experimental Procedures

The aqueous iron (III) nitrate (Fe(NO3)3·9H2O) was pur-
chased from Sinopharm Chemical Reagent Co., Ltd. The
triethylamine was purchased from Beijing Chemical Factory,
China. Both Fe(NO3)3·9H2O and triethylamine were of
analytical grade and no further purification was conducted.
Deionized water was used throughout the experiment.

2.1. Synthesis. In a typical procedure, 0.404 g Fe(NO3)3

·9H2O and 3 mL triethylamine were dissolved in deionized
water (10 mL) to form a homogeneous solution and then the
solution was stirred vigorously for 5 minutes. After that, the
solution was sealed in a 50 mL teflon-lined autoclave filled
with deionized water till up to 80% of the total volume,
and the container was maintained at 160◦C for 1–24 hours
without shaking or stirring. The resulting products were
filtered and then washed successively with deionized water
and anhydrous ethanol for several times, and finally, the
product was dried for 5 h under vacuum at a temperature
of 50◦C.

In
te

n
si

ty
(a

.u
.)

10 20 30 40 50 60 70

012

104
110

113 024
116

018
214

300

110
120

111 220 151 002

24 h

12 h

6 h

3 h

1 h

2θ (degrees)

Figure 1: X-ray powder diffraction pattern of various as-prepared
sample.

2.2. Characterization. The obtained samples were character-
ized by powder X-ray diffraction (XRD) with a D/max2550
VB+, and Cu Kα (λ = 1.54178 Å) was used as the radiation
source, while the operation voltage and current were kept
at 40 kV and 40 mA, respectively. Particle size and mor-
phology of the as-synthesized products were observed using
field emission scanning electron microscopy (FESEM) with
Philips XL30 S-FEG at an accelerating voltage of 20 kV and
transmission electron microscopy (TEM) with JEM-200CX
at an accelerating voltage of 160 kV and high-resolution
transmission electron microscopy (HRTEM) with JEOL
JEM-2010F at an accelerating voltage of 200 kV. Meanwhile,
selected area electron diffraction (SAED) was performed
to identify the crystallinity. The Fourier transform infrared
(FTIR) spectra was recorded on a Nicolet Impact 410
infrared spectrophotometer, and, as for sample preparation,
the synthesized powder was added into KBr to press a KBr
pellet for FTIR analysis.

3. Results and Discussion

3.1. Crystal Structure. XRD pattern of the sample obtained
at 160◦C for 24 hours was shown in Figure 1. It could be
concluded that all the diffraction peaks could be readily
indexed as the pure rhombohedral α-Fe2O3 (a = 5.038 Å,
c = 13.772 Å) (JCPDS file Card, no. 33-0664). The XRD
diffraction patterns peaks of α-Fe2O3 became narrower
with prolonging the reaction time, and the narrower peaks
suggested that the α-Fe2O3 samples were higher crystalline,
and it testified that iron oxide nanocrystallines could be
synthesized through this method. No other peaks were
observed, indicating high purity of the as-prepared samples.

The characteristic peaks of orthorhombic α-FeOOH (a =
4.6048 Å, b = 9.9595 Å, c = 3.023 Å) (JCPDS file Card,
no. 81-0464) were observed in Figure 1 when the reaction
time was 1 hour, 3 hours, 6 hours, and 12 hours, but the
characteristic peaks of α-FeOOH decreased with prolonging
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Figure 2: (a) TEM image of Fe2O3 nanocubes prepared at 160◦C for 24 hours with 3 mL triethylamine, and the Inset is the SAED image. (b)
HRTEM image of the Fe2O3 nanocubes. (c), (d) SEM images of the Fe2O3 nanocubes. The Inset in (d) is the high magnification image taken
from the highlighted section marked by the circle, which indicates that these particles are nanocubes.

the reaction time, and there were only the characteristic
peaks of α-Fe2O3 when the reaction time was 24 hours. The
narrow sharp peaks suggested that the α-Fe2O3 samples were
highly crystalline.

3.2. Morphology. TEM data and analyses of the iron oxide
particles prepared at 160◦C for 24 hours using 3 mL tri-
ethylamine were illustrated in Figure 2(a). These cubes had
a regular cubic structure and a uniform width of about
100 to 200 nm. The surfaces of the cubes were equal and
the boundaries of them are evident. The SAED pattern in
Figure 2(a), which was parallel to uprightness axis of cube
surface, indicates that the cubes were single crystallines. The
fringe spacing measured 3.62 Å and 2.49 Å (Figure 2(b)),
which concurred well with the interplanar spacing of (012)
and (110).

Figure 2(c) was a typical SEM image of the Fe2O3

nanocubes obtained at 160◦C for 24 hours using 3 mL
triethylamine and Figure 2(d) is the magnified image
of Figure 2(c). Both images showed that the regular
Fe2O3 nanocubes could be prepared by this approach. The
nanocubes were 100 to 200 nm in width and the nanocube

morphology was more evident in Figure 2(d). The inset in
Figure 2(d) was the high-magnification image of a typical
particle in the highlighted section marked with a white
colored circle, which indicates that these particles possess
regular cubic morphology and had smooth facies.

The influence of reaction time on the morphology
of the products was also investigated and TEM images
of iron oxides nanocubes obtained at 160◦C using 3 mL
triethylamine for 1, 3, 6, and 12 hours were displayed in
Figures 3(a), 3(b), 3(c), and 3(d), respectively. For a short
reaction time of 1 hour, as shown in Figure 3(a), most of
the synthesized particles were in irregular shape and the
particle size varied a lot. Yet, by prolonging the reaction
time, a tendency was deduced that the particles became more
and more regular in size and morphology, and, gradually,
these particles formed into cubic patterns, as shown in
Figures 3(b), 3(c), and 3(d). Compared with these TEM date,
prolonging the reaction time was helpful to the formation of
iron oxides nanocubes.

3.3. FTIR Spectrum. Figure 4 represented the FTIR spectrum
between 4000 to 400 cm−1 of α-Fe2O3 nanocubes. The peaks
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Figure 3: TEM images of Fe2O3 nanocubes were prepared at 160◦C using 3 mL triethylamine for 1 hour (a), 3 hours (b), 6 hours (c) and 12
hours (d).
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Figure 4: FT-IR image of Fe2O3 sample at 160◦C using 3 mL
triethylamine for 24 hours.

at 420 and 576 cm−1 attributed to the Fe-O bond vibration
of the Fe2O3. The spectrum showed the bands at 899 and
803 cm−1 corresponds to the out-of-plane C–H vibration

caused by the remnant of triethylamine on the surface of
particles and the peaks at around 1629 cm−1 were tentatively
assigned to the vibration of C–N bond [16]. The peaks at
3134 cm−1 were assigned to the ν(N+–H) vibrations [17],
and peaks at 3448 cm−1 were assigned to the O–H stretching
vibration of absorbed water.

4. Discussion and Conclusion

Iron oxide nanocubes were prepared by a hydrolysis reaction
of Fe3+ in triethylamine at the temperature of 160◦C and
the triethylamine provides OH− to form the Fe(OH)3

deposition. After reacting in hydrothermal environment, the
Fe(OH)3 translated into α-FeOOH through heat decomposi-
tion at first, and then the α-FeOOH translated into α-Fe2O3

through heat decomposition (Figure 1). With the Fe2O3

crystal particles growing, the cubes were formed because
triethylamine influenced the growth rate of some crystal
faces. Furthermore, the iron oxide cubes’ formation was
influenced by reaction time. The formation mechanism and
influenced factors of iron oxide cubes will be discussed
thoroughly in our further investigation.
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In summary, iron oxide nanocubes were successfully
synthesized via hydrothermal synthetic route under mild
conditions. It is expected that the iron oxide of uniform
nanocrystallines may be promoted to some important appli-
cations in fields, for example, sensors, magnetic media, and
catalytic, and so forth. This synthetic approach provided a
simple and economical route to synthesize Nanocrystals. We
have also discovered that many of our synthesis techniques
could be utilized in the preparation of other nanostructured
metal oxides, which will be reported later.
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Pt-Ru catalysts based on functional polymer-grafted MWNT (Pt-Ru@FP-MWNT) were prepared by radiolytic deposition of Pt-
Ru nanoparticles on functional polymer-grafted multiwalled carbon nanotube (FP-MWNT). Three different types of functional
polymers, poly(acrylic acid) (PAAc), poly(methacrylic acid) (PMAc), and poly(vinylphenyl boronic acid) (PVPBAc), were grafted
on the MWNT surface by radiation-induced graft polymerization (RIGP). Then, Pt-Ru nanoparticles were deposited onto the FP-
MWNT supports by the reduction of metal ions using γ-irradiation to obtain Pt-Ru@FP-MWNT catalysts. The Pt-Ru@FP-MWNT
catalysts were then characterized by XRD, XPS, TEM ,and elemental analysis. The catalytic efficiency of Pt-Ru@FP-MWNT catalyst
was examined for CO stripping and MeOH oxidation for use in a direct methanol fuel cell (DMFC). The Pt-Ru@PVPBAc-MWNT
catalyst shows enhanced activity for electro-oxidation of CO and MeOH oxidation over that of the commercial E-TEK catalyst.

1. Introduction

Although carbon-supported Pt-Ru nanoparticles (Pt-Ru/C)
are known to be the best anode catalysts for direct methanol
fuel cell (DMFC), They are still insufficient for the commer-
cial application. Many researcher efforts have been devoted to
improving the catalytic performance of Pt-Ru/C by catalyst
dispersion [1–3]. In previous paper, we deposited Pt-Ru
nanoparticles on the surface of the various carbon supports,
including Vulcan XC-71, Ketjen-300, Ketjen-600, SWNTs,
and MWNTs for use as fuel cell catalysts [4]. However,
the metallic alloy nanoparticles were aggregated on the
surface of the carbon supports due to their hydrophobic
nature. The metal (Ag or Pd) and alloy (Pt-Ru) nanoparticles
were also deposited on the surface of single-walled carbon
nanotubes (SWNTs) [5], and porous carbon supports using
γ-irradiation without protecting agents [6]. Silva et al. [7]
reported the preparation of Pt-Ru/C electrocatalysts using
γ-irradiation in water/ethylene glycol. This paper showed
the patterns of Pt-Ru nanoparticles on carbon supports;
however, it did not indicate the catalytic efficiency of MeOH
oxidation based on the aggregation degree. It is proposed that

the catalytic efficiency is affected by the metallic nanoparticle
aggregation degree on carbon supports.

To overcome the aggregation of the metallic nanopar-
ticles, the carbon support surface was modified with
hydrophobic properties to obtain hydrophilic properties by
in-situ polymerization of β-caprolactone, methacrylate, and
pyrrole using oxidizing agents as the initiator [8]. Pt-Ru
nanoparticles were then deposited on the polymer-wrapped
MWNT supports to produce a direct methanol fuel cell
(DMFC) catalyst. Pt-Ru at poly(pyrrole)-MWNT catalysts
obtained high catalytic efficiency for CO stripping and
methanol oxidation. The surface of MWNTs was then coated
using conductive polymers such as aniline, pyrrole, and
thiophene to go from hydrophobic properties to hydrophilic
properties [9]. Finally, the metallic nanoparticles were
deposited on conducting polymer-wrapped MWNTs. How-
ever, the prepared Pt-Ru catalysts provided lower catalytic
efficiency compared to that of commercial E-TEK catalyst.

Radiation-induced graft polymerization (RIGP) is a
useful method for the introduction of functional groups
onto different polymer materials using specially selected
monomers. There have been several reports about RIGP
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of polar monomers onto polymer subtracts to obtain
hydrophilic properties for versatile applications [10–14].
The RIGP method can easily functionalize the surface of
MWNTs to the desired properties. In a previous paper,
we described the functionalization of MWNTs by RIGP of
derivatives vinyl monomers and their application in enzyme-
free biosensors [15]. However, little has been reported about
the deposition of Pt-Ru nanoparticles on the functionalized
MWNT supports by γ-irradiation for DMFC catalysts.

In this study, Pt-Ru nanoparticles were deposited on
the functional polymer (FP)-grafted MWNT obtained from
RIGP using γ-irradiation to produce an anode catalyst for
DMFCs. The obtained Pt-RuatFP-MWNT catalysts were
characterized by XRD, XPS, TEM, and elemental analysis.
Furthermore, the catalytic efficiency of the Pt-RuatFP-
MWNT catalyst was evaluated for CO stripping and MeOH
oxidation for use in a DMFC and compared to the catalytic
efficiency of the commercial E-TEK catalyst.

2. Experimental

2.1. Chemicals. H2PtCl6 ×H2O (37.5% Pt), RuCl3×H2O
(41.0% Ru), acrylic acid (AAc), methacrylic acid (MAc),
and 4-vinylphenylboronic acid (VPBAc) were of analytical
reagent grade (Sigma-Aldrich, USA) and used without
further purification. MWNTs (CM-95) were supplied by
Hanwha Nanotech Co., Ltd (Korea). The commercial E-TEK
catalyst (metallic content, 30 wt-%) was purchased from E-
TEK (BASF Fuel Cell Inc., NJ, USA). Nafion (perflourinated
ion-exchange resin, 5% (w/v) solution in a solution of 90%
aliphatic alcohol/10% water mixture) was also purchased
from Sigma-Aldrich (USA). Solutions for the experiments
were prepared with water purified in a Milli-Q puls water
purification system (Millipore Co. Ltd. USA), the final
resistance of water was 18.2 MΩcm−1 and degassed prior to
each measurement. Other chemicals were of reagent grade.

2.2. RIGP of Functional Monomers on the Surface of MWNTs.
MWNTs were purified to remove the catalyst and noncrystal-
lized carbon impurities with phosphoric acid solution. The
purified MWNTs were used as the supporting materials for
grafting of various vinyl monomers. The MWNTs (2.0 g)
and AAc (2.0 g) were then mixed in aqueous solution
(20 mL). Nitrogen gas was bubbled through the solution
for 30 minutes to remove oxygen gas, and the solution was
irradiated from a Co-60 source under atmospheric pressure
and ambient temperature. A total irradiation dose of 30 kGy
(dose rate = 6.48 × 105/h) was used. The other functional
polymer-grafted MWNTs were prepared using a similar
procedure.

2.3. Preparation of Pt-RuatFP-MWNT Catalysts by γ-
Irradiation. The Pt-RuatPVPBAc-MWNT catalysts were
prepared as follows: H2PtCl6×H2O (0.43 g) and RuCl3×
H2O (0.41 g) were dissolved in deionized water (188 mL)
in 2-propanol (12.0 mL) as the radical scavenger. 1.00 g of
PVPBAc-MWNT support was added to the above solution.
Nitrogen was bubbled for 30 min through the solution
to remove oxygen and then irradiated under atmospheric

pressure and ambient temperature. A total irradiation dose
of 30 kGy (a dose rate = 6.48 × 105/h) was applied. Pt-Ru
nanoparticle-deposited PVPBAc-MWNT catalysts were pre-
cipitated after γ-irradiation. The Pt-RuatPAAc-MWNT and
Pt-RuatPMAc-MWNT catalysts were prepared as described
above.

2.4. Characteristics of Pt-RuatFP-MWNT Catalysts. Particle
size and morphology of the Pt-RuatFP-MWNT catalysts
were analyzed by HR-TEM (JEOL, JEM-2010, USA). The
content of Pt and Ru in samples was analyzed by inductively
coupled plasma-atomic emission spectrometer (ICP-AES)
(Jobin-Yvon, Ultima-C, USA). X-ray diffraction (XRD)
patterns for samples were obtained using a Japanese Rigaku
D/max γA X-ray diffractometer equipped with graphite
monochromatized Cu Ka radiation (l = 0.15414 nm). The
scanning range was 5–80◦ with a scanning rate of 5◦/min.

To evaluate the catalytic efficiency of Pt-RuatFP-MWNT
catalysts for the electro-oxidation of CO and MeOH, the Pt-
RuatFP-MWNT-coated electrode was prepared as follows.
Firstly, the catalytic inks were prepared by mixing of Pt-
RuatFP-MWNT catalysts (5.0 mg) and 5% Nafion solution
(0.05 mL) and stirred for 24 hrs. Secondly, the catalytic inks
were applied on a glass carbon (0.02 cm2) by wet coating and
dried in a vacuum oven at 50◦C under nitrogen gas. The
electro-oxidation of CO and MeOH (1.0 M) was examined
using the Pt-RuatFP-MWNT catalyst electrode, submerged
in 0.5 M H2SO4 electrolyte by cyclic voltammetry (EG&G
Instruments, Potentiostat/Galvanostat model 283, USA) at
scan rate of 100 mV/s. All the measurements were carried out
at room temperature.

3. Results and Discussion

3.1. Radiolytic Preparation of Pt-RuatFP-MWNT Catalysts
and Its Characterization. Pt-RuatFP-MWNT catalysts were
prepared by radiolytic reduction of metallic ions in water/2-
propanol solution in the presence of FP-MWNT supports
at room temperature. When γ-ray irradiated in aqueous
solutions, various species were generated, as shown in the
following equation [16]:

H2O −→ e−aq, H+, H·, OH·, H2O2, H2 (1)

Among them, the solvated electrons, e−aq and H· radicals
can be used as strong reducing agents. The metal ions were
reduced to the zero-valent state as shown in the following:

M+ + e−aq −→ M0

M+ + H· −→ M0 + H+
(2)

Similarly, multivalent ions, such as Pt4+ and Ru3+, are
reduced by a multistep reaction. On the other hand, the
hydroxyl radical (OH·) can be oxidized for the ions or zero-
valence metal atom. In order to protect the oxidizing agent
(OH·), 2-propanol was added to the reaction solution. The
OH· radical was reacted with 2-propanol as shown in (3). As
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Figure 1: TEM images of the Pt-RuatMWNT (a),Pt-RuatPAAc-MWNT (b), Pt-RuatPMAc-MWNT (c) and Pt-RuatPVPBAc-MWNT (d)
catalyst prepared by γ-irradiation.

results, the metal ion was then reduced to zero-valence metal
atom by 2-propanol radical as shown in the following.

(CH3)2CHOH + ·OH −→ (CH3)2C·OH + H2O

M+ + (CH3)2C·OH −→ M0 + (CH3)2C = O + H+

(3)

Figure 1 shows the TEM images of the Pt-RuatMWNT
(a), Pt-RuatPAAc-MWNT (b), Pt-RuatPMAc-MWNT (c),
and Pt-RuatPVPBAc-MWNT (d) catalysts prepared by γ-
irradiation. As shown in Figure 1(a), there are no Pt-
Ru nanoparticles on the surface of MWNT, whereas large
amounts of Pt-Ru nanoparticles are shown on the surface
of FP-MWNT supports, Figures 1(b), 1(c), and 1(d). Large
amounts of Pt-Ru nanoparticles were successfully loaded on
the surface of FP-MWNT. The mean particle sizes of the
Pt-Ru nanoparticle on the surface of PAAc-MWNT, PMAc-
MWNT, and PVPBAc-MWNT supports were in the range
of 2.5–4.0 nm, 5.0–7.5 nm, and 2.0–2.5 nm, respectively. On
the other hand, the commercial E-TEK catalyst showed a
mean particle size of 2.5 ± 0.7 nm [17]. As shown in the
TEM image, the Pt-Ru nanoparticles were well dispersed on
the surface of FP-MWNT supports because the surface of
carbon is changed from hydrophobic property to hydrophilic
property. The property of metallic nanoparticles was also
possessed as hydrophilic property. Thus, these catalysts are
expected to have good efficiency for methanol oxidation.

To clarify the chemical state of Pt-Ru nanoparticles
deposited on FP-MWNTs, X-Ray photoelectron spectro-
scopy (XPS) measurements were taken. Figure 2 shows the
regional Pt4f and Ru3p XPS spectra of Pt-RuatPAAc-MWNT
(a), Pt-RuatPMAc-MWNT (b), and Pt-RuatPVPBAc-
MWNT catalyst (c) prepared by γ-irradiation. The Pt4f

peaks of the catalysts appeared about 72 eV and 75 eV due
to metallic Pt and Pt(IV)O2, respectively. Li and Hsing
[18] reported that the Pt4f XPS signal was appeared into
three components with respective binding energies of 71.8,
72.9, and 74.6 eV. It was concluded that these signals were
attributed to the metallic Pt, Pt(II)O, and Pt(IV)O2 species.
On the other hand, the Ru3p1/2 and Ru3p3/2 peaks for the
Pt-RuatPAAc-MWNT and Pt-RuatPMAc-MWNT were
shown at 486 eV and 463 eV, respectively. The 463 eV signals
are due to metallic Ru(0). Li and Hsing [18] interpreted
463 eV signal due to Ru(0) and RuO2. In Figure 2(c), the
Ru3p signals of Pt-RuatPVPBAc-MWNT catalysts were
shifted onto the large binding energy compared to that of
Pt-RuatPAAc-MWNT and Pt-RuatPMAc-MWNT. It may
be considered that the hydrous ruthenium oxide, RuOxHy,
was produced from the reaction of boronic acid group of the
grafted PVBAc onto MWNT during γ-irradiation. However,
a further investigation is needed to clarify these signals.

Figure 3 shows the X-ray diffraction patterns of the
Pt-RuatFP-MWNT catalysts prepared by γ-irradiation. All
samples showed the peak at about 20◦, which was associated
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Figure 2: X-ray photoelectron spectroscopy (XPS) spectra of Pt and Ru on Pt-RuatPAAc-MWNT (a), Pt-RuatPMAc-MWNT (b) and Pt-
RuatPVBAc-MWNT catalyst (c) prepared by γ-irradiation.
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Table 1: Contents of Pt-Ru on the prepared catalyst(a).

Catalysts Pt
content(wt-%)

Ru content
(wt-%)

Pt-Ru at MWNT ND ND

Pt-Ru at PAAc-MWNT 8.77 10.8

Pt-Ru at PMAc-MWNT 8.20 9.98

Pt-Ru at PVPBAc-MWNT 11.2 6.01

E TEK cataylst(30 wt-%) 21.6 10.5
(a)

Metal content (wt-%) was determined by ICP-AES.

to the MWNT supporting material. The crystallinity of Pt-
Ru catalysts was confirmed by the presence of peaks around
39.9◦, 46.2◦, and 67.4◦. These peaks are assigned as Pt(111),
(200) planes, and (220), respectively, of the face-centered
cubic (fcc) structure of platinum and platinum alloy particles
[19]. The XRD peaks corresponding to metallic ruthenium
with hexagonal structure were not detected for these samples.
The average particle size of the Pt-Ru catalysts can be
calculated via XRD patterns according to Scherrer’s formula
[20, 21].

dXRD = 0.9λ
β1/2 cos θ

, (4)

where dXRD is the average particle size (nm) λ is the
wavelength of the x-ray (0.15406 nm) θ is the angle at the
peak maximum β1/2 is the width (radians) of the peak at
half height. The calculated mean sizes from the diffraction
peak of Pt(111) are as follows: 3.2 nm in Figure 3(a), 3.1 nm
in Figure 3(b), and 2.9 nm in Figure 3(c). There are no size
changes of Pt-Ru catalyst on various functionalized polymer-
grafted MWNT. This behavior may show that the growth
of nanoparticles is prevented via dimethylketone during γ-
irradiation, as shown in (5).

Table 1 shows the content (wt-%) of Pt and Ru elements
in the Pt-RuatFP-MWNT catalysts. In ICP-AES results of
the Pt-RuatFP-MWNT catalyst, the Pt element content (wt-
%) in the Pt-RuatPAAc-MWNT, Pt-RuatPMAc-MWNT, and
Pt-RuatPVPBAc-MWNT catalysts was determined as 8.77%,
8.20%, and 11.20% for all that addition of 16.125% in
reaction mixture, respectively. While Ru element content
in the Pt-RuatPAAc-MWNT, Pt-RuatPMAc-MWNT, and
Pt-RuatPVPBAc-MWNT catalysts was obtained as 10.8%,
9.98%, and 6.01%, for all that addition of 16.81% in reaction
mixture, respectively. In the case of Pt-RuatPVPBAc-MWNT
catalyst, the Pt content is higher than that of the other
catalysts. In commercial E-TEK catalyst, the Pt content is
higher than Ru content, as shown in Table 1.

3.2. Catalytic Efficiency of Pt-RuatFP-MWNT Catalyst for CO
and MeOH. To find the catalytic efficiency of Pt-RuatFP-
MWNT catalysts, they were tested for the electrochemical
oxidation of carbon monoxide (CO). Figure 4 shows the
cyclic voltammograms (CVs) of electro-oxidation of CO
for Pt-RuatFP-MWNT catalyst prepared by γ-irradiation
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Figure 3: XRD spectra of Pt-RuatPAAc-MWNT (a), PT-Ruat-
PMAc-MWNT (b), and Pt-RuatPVPBAc-MWNT (c) catalyst for
DMFC.
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Figure 4: Comparison of CO adsorption efficiency in 0.5 M H2SO4

between E-TEK the catalyst and the prepared catalyst. (a) E-TEK
catalyst versus Pt-RuatPAAc-MWNT catalyst, (b) E-TEK catalyst
versus Pt-RuatPMAc-MWNT, (c) E-TEK versus Pt-RuatPVPBAc-
MWNT.

in 0.5 M H2SO4: (a) RuatPAAc-MWNT, (b) Pt-RuatPMAc-
MWNT, and (c) Pt-RuatPVPBAc-MWNT catalyst. To com-
pare CO adsorption efficiency, it was measured and com-
pared to the commercial E-TEK catalyst containing 30 wt-
% Pt on carbon. The higher CO stripping peak at the
commercial E-TEK catalyst electrode is more apparent than
that of the Pt-RuatPAAc-MWNT and Pt-RuatPMAc-MWNT
catalyst electrodes, as shown in Figures 4(a) and 4(b). How-
ever, the measured CO stripping peak at Pt-RuatPVPBAc-
MWNT catalyst electrode is significantly higher than that of
the commercial E-TEK electrode in spite of the metal catalyst
in high amount as shown in Figure 4(c). A significant current
density is noticed at the Pt-RuatPVPBAc-MWNT catalyst
electrodes for the CO oxidation starting from 0.72 V. The
electrochemically active specific area (SEAS) of the catalysts
was calculated using the charges deduced from the CV of
CO adsorption and desorption electro-oxidation process and
using (5) [22].

SEAS = QCO

G
× 420, (5)

where QCO is the charge for CO desorption electro-oxidation
in microcolumb (μC); G represents the summation of
Pt + Ru metals loading (μg) in the electrode, and 420
is the charge required to oxidize a monolayer of CO on
the catalysts in μC cm−2. The electrochemical SEASs are
60 m2 g−1 for the commercial E-TEK catalysts. In the case
of the prepared catalysts, the electrochemical SEASs are
34, 30, and 126 m2 g−1 for the Pt-RuatPAAc-MWNT, Pt-
RuatPMAc-MWNT, and Pt-RuatPVPBAc-MWNT catalysts,
respectively. The SEAS of Pt-RuatPVPBAc-MWNT catalysts
prepared by γ-irradiation are higher than that of commercial
E-TEK catalysts due to hydrous ruthenium oxide. It might
be based on the promotion of CO oxidation on Pt atoms
by the second metal (Ru) which provides OH-type species,
the more oxidizable second metal, thus promotes catalytic
activities.

Figure 5 shows the cyclic voltammograms of E-TEK
catalyst and the prepared catalysts for 1.0 M MeOH oxidation
in 0.5 M H2SO4 at room temperature. The higher current
peak at about 0.6 V versus Ag/AgCl electrode appeared due
to methanol oxidation on the commercial E-TEK catalyst, as
shown in Figures 5(a), 5(b), and 5(c). However, the methanol
oxidation peak for Pt-RuatPAAc-MWNT catalyst and Pt-
RuatPMAc-MWNT catalyst were lower than that of the E-
TECK catalyst, as shown in Figures 5(a) and 5(b). In the
case of Pt-RuatPVPBAc-MWNT catalyst, the large catalytic
efficiency at 0.8 V was observed. As a result, the prepared
Pt-RuatPVPBAc-MWNT catalyst can be used on a direct
methanol fuel cell electrode.

4. Conclusion

The functionalized MWNTs were prepared by radiation-
induced graft polymerization of vinyl monomers with the
desired functional group. Subsequently, Pt-Ru nanoparticles
were deposited on the surface of the functionalized MWNT
for using as a fuel cell-electrode catalyst. The efficiency
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Figure 5: Comparison of catalytic efficiency among E-TEK catalyst
and the prepared catalysts for MeOH oxidation in 0.5 M H2SO4.
E-TEK catalyst versus Pt-RuatPAAc-MWNT catalyst, (b) E TEK
catalyst versus Pt-RuatPMAc-MWNT catalyst, and (c) E-TEK
catalyst versus Pt-RuatPVPBAc-MWNT.

of the prepared catalysts was investigated. The following
conclusions are based on the results.

(1) The catalytic efficiency of Pt-RuatPVPBAc-MWNT
catalyst for CO stripping was higher than that of
the commercial E-TECK catalyst in spite of the low
metallic content.

(2) The stripping voltammograms for the adsorbed CO
at Pt-RuatPVPBAc-MWNT catalyst prepared by γ-
irradiation reveal that the CO oxidation is energeti-
cally favorable at these electrodes.

(3) The MeOH oxidation peak appeared at 0.8 V on
Pt-RuatPVPBAc-MWNT catalyst prepared by γ-
irradiation which appears to be suitable for the
electrode assembly in direct methanol fuel cells.
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Ordered ZnFe2O4 nanotube arrays with the average outer diameter of 100 nm were prepared in porous anodic aluminum oxide
template using an improved sol-gel approach. The morphology was studied by transmission electron and field emission scanning
electron microscope. X-ray diffraction result shows that the nanotubes were polycrystalline in structure. The magnetic properties
of the prepared ZnFe2O4 nanotubes were also studied. The results show that the sample shows typical superparamagnetism at
room temperature and obvious ferromagnetism below blocking temperature.

1. Introduction

Spinel ferrites belong to a kind of magnetic materials that
can be used in many areas, such as magnetic devices and
switching devices [1–3]. Zinc ferrite (ZnFe2O4) is of interest
not only to basic research in magnetism, but also has great
potential in technological application, such as magnetic
materials [4–10], gas sensors [11], catalysts [12], photocat-
alysts [13], and absorbent materials [14–18], described by
the formula (A)[B]2O4. Spinel ferrites, which possess the
cubic structure, are The (A) and [B] that indicate tetrahedral
and octahedral cation sites in a face-centered cubic anion
(oxygen) sublattice, respectively. Bulk ZnFe2O4 has a normal
spinel structure with Zn2+ ions in the A-site and Fe3+ ions in
the B-sites. For bulk Zn-ferrite prepared by the conventional
ceramic method, the inversion parameter δ equals zero
(normal spinel). However, in contrast to bulk compound,
the nanocrystalline ZnFe2O4 system always shows up as a
mixed spinel in which Zn2+ and Fe3+ ions are distributed over
the A and B-sites. This cationic rearrangement leads to the
formation of two magnetic sublattices, which is responsible
for the enhanced magnetization displayed when compared
with normal ZnFe2O4 [19–21]. It is known that the bulk
ZnFe2O4 is a paramagnet at room temperature, however,
magnetic order has been observed in its nanoparticles at
room temperature [22–28], and similar reports of magnetic
properties in ZnFe2O4 ferrite thin films [29–33].

Up to now, only a few groups reported the preparation
of ZnFe2O4 nanotubes [34, 35]. There are a few reports
of magnetic properties for ZnFe2O4 nanotubes. Thus,
the synthesis and magnetic study of ZnFe2O4 nanotubes
should be of substantial interest from both fundamental
and applied perspective. Herein, we synthesized ZnFe2O4

nanotube arrays by an improved sol-gel template method.
The structure and morphology of the ZnFe2O4 nanotubes
were characterized and its magnetic properties were studied.
Our results show that the sample has superparamagnetism at
room temperature, and ferromagnetic below TB.

2. Experimental

Anodic aluminum oxide (AAO) templates with a pore
diameter of about 100 nm were prepared by anodic oxidation
of 99.99% pure Al foil in oxalic acid (1.2 M) under two-
step anodizing process [36]. The precursor solution was
prepared as follows. Fe(NO3)3 and Zn(NO3)2 with a molar
ratio of 2 : 1 were dissolved in distilled water to form 0.045 M
aqueous solution of nitrate. An amount of citric acid equal to
NO3

− was dissolved in the mixture solution as a surfactant.
The pH value of the solution was adjusted to near 7 by
adding ammonia, and then an amount of urea as complexing
agent was added into the solution, the molar ratio of NO3

−

and urea was 1 : 10. All chemicals were of analytical grade
and used without further purification. The AAO templates
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Figure 1: (a) SEM (b) TEM and SAED pattern images of the ZnFe2O4 nanotubes.

were immersed in the precursor solution for the desired
time at 80◦C. When the solution was heated, the pH
value of the solution increased because of urea undergoing
hydrolysis above 60◦C, the OH− combined with Fe3+, and
Zn2+ formed negatively charged Fe2Zn [(OH)x](H2O)y sol,
which is similar to the previous report [37]. Meanwhile,
the pore walls of the AAO were positively charged [38].
As coexistence of the charge interaction and the capillary
action, it is reasonable that the nanotubes firstly formed
near wall areas of the pores and then extended to the center
area gradually. Subsequently, the AAO templates were taken
out and placed into saturated HgCl2 solution to separate
templates from the Al substrate. After rinsing with distilled
water, the precursor in templates was heat treated in a tube
furnace at 600◦C for 10 h in air, and the arrays of ZnFe2O4

nanotubes inside the AAO templates were obtained.
Field Emission Scanning Electron Microscope (FE-SEM)

was performed by using a Hitachi S-4800× microscope
operated at 10 kV. Structural and morphology data were
collected by X-ray diffraction (XRD) using an X ′ Pertpro
Philips diffractometer with Cu Kα radiation and transmission
electron microscope (TEM, Hitachi H-600), respectively.
The magnetic properties were measured by a vibrating sam-
ple magnetometer (VSM, Lakeshore 7300) and Quantum
Design MPMS magnetometer based on superconducting
quantum interference device (SQUID).

3. Result and Discussion

Figure 1 shows the SEM, TEM images of ZnFe2O4 nanotubes
with diameters of 100 nm. It is apparent that the ZnFe2O4

nanotubes have a uniform diameter. The mean outer diam-
eter of these nanotubes is about 100 nm, corresponding to
the diameter of channels in the AAO template. The thickness
of tube wall is about 18 nm. The inset of Figure 1(b) shows
the selective area electron diffraction (SAED) pattern of
the ZnFe2O4 nanotubes. The SAED pattern indicates that
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Figure 2: X-ray diffraction pattern of the ZnFe2O4 nanotubes
annealed at 600◦C.

the ZnFe2O4 nanotube is polycrystalline in structure. The
pattern for the sample is well resolved in XRD patterns.

Figure 2 shows the X-ray diffraction pattern of the
ZnFe2O4 nanotubes. The reflection peaks are clearly distin-
guishable. The main peaks correspond to a spinel-type lattice
(Fd3m) with lattice parameter a = 8.35 Å. The lattice param-
eter a is smaller than that of bulk (a = 8.443 Å) because
of crystallite size reduction plus lattice disorder. No other
obvious reflections were detected indicating inexistence of a
second crystal phase.

The results of zero-field-cooled (ZFC) and field-cooled
(FC) measurements of magnetization as function of tem-
perature for the ZnFe2O4 nanotubes are presented in
Figure 3. In order to avoid the nonlinearity effect [6], these
measurements were performed at a low field of 50 Oe. For
antiferromagnetic materials, typical ZFC/FC curves show a
sharp cusp at the Neel temperature. There is no such a cusp
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Figure 3: Field cooling (FC) and zero-field cooling (ZFC) magneti-
zation curves for ZnFe2O4 nanotubes measured under a 50 Oe field.

in the present case. However, the ZFC curve shows a peak
appearing at about 90 K. This behaviour of ZFC is typical
of a superparamagnetic system. The blocking temperature
(TB) of 90 K is higher than the Néel temperature of 10 K
for the bulk. This may indicate that the samples are indeed
the mixed spinels with the Curie temperature at least higher
than the observed blocking temperature. Below the blocking
temperature, the ZFC and FC curves significantly diverge and
the ZnFe2O4 nanotubes are in the ferrimagnetic state. Above
TB, the ZFC and FC curves coincide due to the fact that the
nanotubes are at the superparamagnetic state.

Figure 4 shows the hysteresis loops measured at 10 K and
150 K. The temperatures are so chosen that one is well below
and the other is above the blocking temperature (90 K) for
the sample. The inset in Figure 4 is the magnified view of the
M–H curves. The loops at 10 K and 150 K are quite different.
At 150 K, the coercivity is near to zero, which shows that
the sample is completely superparamagnetic. This is well
expected, as for a superparamagnetic system the coercivity
is zero. But at 10 K the coercivity is as high as 1420 Oe, and
the remanence is obvious. This clearly shows ferrimagnetic
coupling due to the A–O–B superexchange interaction and
hence existence of a significant amount of cation inversion.
Cation distribution has changed from normal to mixed
spinel type, that is, some Fe3+ ions occupy the tetrahedral
A-sites and switch on the A–B superexchange interaction.
Up to 30 kOe, the magnetization is far from being saturated
and still increases with increasing magnetic field, due to
the presence of a linear and reversible contribution. Such
behaviour indicates the presence of a paramagnetic phase, as
it has already pointed out by other authors [39].

4. Conclusion

In summary, we have prepared ZnFe2O4 nanotube arrays
with a diameter of 100 nm by a improved sol-gel template
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Figure 4: Magnetic hysteresis loops of the ZnFe2O4 nanotubes
measured at different temperature.

method. The ZnFe2O4 nanotube has a uniform diameter
with tube wall of about 18 nm. The sample shows typical
TB temperature of 90 K. When the measured temperature
below TB at 10 K, the coercivity is as high as 1420 Oe,
and the remanence is obvious. These indicate that the
nanocrystalline ZnFe2O4 system shows up as a mixed spinel.
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This paper reports on the controlled synthesis of 3D CuO nanogrids by the combined use of electrospinning and thermal oxidation
of a composite metal mesh/polymer mat architecture. The obtained nanogrids result from three steps encompassing: (i) Cu atom
clusters diffusing into the nanofibers producing polymer-metal “core-shell”-type fibers (ii) decomposition of the polymeric shell;
(iii) oxidation of the metallic core of the nanofibers to form self-supported, open nanogrids consisting of continuous nanofibers
of CuO nanoparticles with an average diameter of 20 nm. The calculated band gap energy of the cupric oxide nanogrids was
determined from the UV-Vis spectrum to be 1.32 eV. The unique 3D CuO nanogrids may be used as key components of 3D
nanobatteries, photocatalysts, and p-type chemosensors.

1. Introduction

Cupric oxide (CuO) is a p-type semiconducting oxide with
a monoclinic crystal structure and an indirect band gap
of 1.2 eV, with interesting electrochemical, photovoltaic,
and catalytic properties [1–3]. CuO have been applied to
various applications including heterogeneous catalysis, [1]
solar cells, [3] gas sensors, [4] magnetic storage media, [5]
and in lithium ion electrodes [6]. Nanostructured CuO offers
highly reactive surfaces, and improved optical, electrical,
and catalytic properties compared to bulk crystals [7]. The
reported variation of the bandgap energy, reducibility, and
catalytic reactivity of CuO nanocrystals as a function of
crystal shape and size has stimulated interest in exploring
novel synthesis methods for this oxide [8–10]. A variety of
CuO nanostructures, from nanoneedles and nanoribbons to
nanowires, nanorods, and nanosheet configurations, have
been fabricated by pulsed laser deposition, sol-gel routes,
hydrothermal processing and thermal oxidation [11–20].

Recently, there has been success in producing 3D nano-
architectures. Liu and Zeng synthesized “dandelion-like” 3D
CuO microspheres by a hydrothermal synthesis method,
mixing copper nitrate Cu(NO3)2·3H2O in ethanol solvent,
followed by the addition of NaOH, NaNO3, and ammonia

in Teflon-lined stainless steel autoclave at 100◦C for 24–36 h
[11]. Zhang et al. [12] also fabricated 3D hierarchical CuO
“butterfly-like” structures in a solution of cupric chloride
(CuCl2·2H2O) and NaOH at 100◦C for 15 h by using sodium
dodecylbenzene sulfonate (SDBS) as surfactant. However, to
the best of our knowledge, there have been no prior reports
on the synthesis of 3D CuO nanogrids by the combined use
of electrospinning and thermal oxidation.

It was previously shown by other workers that copper
clusters can nucleate the growth of copper nanostructures
within carbon nanotubes by diffusing through them [21].
In our approach, electrospinning was used to form a
nanofibrous template on Cu grids in order to produce
interconnected and self-supported 3D nanogrids of pure
CuO for the first time by the diffusion and oxidation of Cu
inside the polymeric fibers, as discussed below. Transmission
electron microscopy studies of metal nanocrystals have
shown that the heating effect of a focused electron beam
triggers the diffusion of the metal atoms of the material
under study within the organic layer of the support grid. This
observation led to the hypothesis that tailoring the shape
of an organic template to control the diffusion path of Cu
atoms under thermal activation along with the synergistic
oxidation of the metal may produce controlled 3D nanogrid
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Figure 1: (a) SEM image of Cu mesh at room temperature. (b) Cu mesh after thermal oxidation at 600◦C for 5 h.

structures. Organic (polyvinylpyrolidone (PVP) or cellulose
acetate (CA)) nanofibers were thus deposited onto the
surface of a copper grid (whether an uncoated TEM grid or
a plain copper mesh). The obtained 3D CuO nanostructures
(continuous and self-supported material, with high porosity
and surface area) seem ideal for 3D nanobattery electrodes,
catalysts, and p-type chemosensors.

2. Experimental Procedure

The synthesis of 3D CuO nanogrids was carried out by
thermal oxidation of copper mesh substrates (TWP Inc.,
200 mesh, wire dia. 51 μm) on which PVP (Sigma-Aldrich,
Mw = 1, 300, 000, melting point >300◦C) mats were
deposited by means of electrospinning (The Cu mesh was
first cleaned with ethyl alcohol, then rinsed with deionized
water followed by an ultrasonic bath in acetone). PVP
precursor solutions were prepared by mixing the powder
with ethanol solvent by ultrasonication. The resulting solu-
tion was filled into a syringe with a stainless steel needle.
The needle was connected to a high-voltage supply and
positioned vertically 7 cm above a piece of aluminum foil
which acts as a ground electrode. The syringe pump was
programmed to dispense 5 mL of 8% (wt/vol) PVP solution
at a flow rate of 30 μL/min. Upon application of a high
voltage (18 kV), a solution jet was formed at the needle tip.
The solvent evaporated during flight and a nonwoven mat of
fibers was deposited on the Cu mesh secured on aluminum
foil.

Thermal oxidation of the pure Cu mesh as well as
of the composite material (PVP-Cu) was carried out in a
resistively heated furnace at a constant rate of 11◦C/min in
the temperature range from 200◦C to 600◦C; heating times
varied from 2 to 5 hours; and all samples were cooled to
ambient temperature. The temperature of the specimen was
monitored by placing a thermocouple in the vicinity.

In order to reveal the crystallographic characteristics and
to confirm the origin of the CuO nanogrids, to assess the
phase evolution involved and the mechanism of formation of
the 3D architecture, detailed structural and chemical analyses
were performed using high resolution (HRTEM), scanning

transmission (STEM), and analytical electron microscopy
(AEM). The morphology and microstructure of the samples
were studied using scanning electron microscopy (SEM, LEO
1550) and high-resolution transmission electron microscopy
(HRTEM, JEOL JEM-2100F). Scanning transmission elec-
tron microscopy (STEM, JEOL JEM-2100F) and energy
dispersive spectroscopy (EDS, JEOL JEM-2100F) were used
for the chemical characterization of the samples. The CuO
nanogrid samples were deposited on holey carbon copper
grids for the microscopy and microanalysis studies. The
optical absorption spectra of the nanogrids were recorded
using UV-Visible spectrometer (ThermoScientific Evolution
300) in the wavelength range of 250–1000 nm at room
temperature.

3. Results/Discussion

Figure 1(a) shows a scanning electron micrograph of the
as-received, pure Cu mesh. It is well-established in the
literature [17], that thermal oxidation of the pure Cu mesh
produces nanorod structures of copper oxides. Figure 1(b)
shows a scanning electron micrograph of the Cu mesh of
Figure 1(a) following a heat treatment at 600◦C for 5 hours.
The Cu meshes treated in air at elevated temperature forms
rod shaped nanostructures all over the surface. The diameter
and length of these structures could be controlled by varying
the temperature and annealing time [17].

This is not the case when a nonwoven polymer mat is
deposited on the Cu mesh. Figure 2(a) is a SEM viewgraph of
the as-spun PVP nanofibers deposited onto the Cu mesh at
ambient conditions. Smooth nanofibers form a non-woven
mat on the Cu substrate; the PVP fiber diameters are 500 nm
in average and some grew up to 0.8 μm upon branching and
at junctions. The structural evolution of the as-synthesized
composite nanofiber network is given in Figures 2(b) and
2(c) as a function of processing conditions used. Figure 2(b)
is an SEM image illustrating the characteristic morphology
of the Cu-PVP structures oxidized in air at 200◦C for
2 h, while Figure 2(c) shows the same material following
oxidation at 400◦C for 2 h. To get an understanding of the
growth mechanism of 3D nanogrids, the thermal reaction
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Figure 2: (a) SEM image of PVP nanofibers deposited on the Cu mesh substrate by electrospinning at ambient condition. (b) PVP nanofibers
deposited on the Cu mesh substrate by electrospinning after thermal oxidation at 200◦C for 2 hrs. (c) PVP nanofibers deposited on the Cu
mesh substrate by electrospinning after thermal oxidation at 400oC for 2 hrs.

products were captured and analyzed at different stages
during their formation.

At the earliest formation stage of the reaction product
while the PVP has not yet fully decomposed, that is after
a thermal treatment at 200◦C for 2 h, the PVP fibers are
already filled with Cu (see STEM image in Figure 3). AEM
results in STEM mode confirmed the presence of Cu in the
core of the “core-shell” configured composite nanofibers (see
inset in Figure 3). Thus, copper has diffused and migrated
within the fibers that the Cu mesh was in contact with, upon
thermal activation. It was not that the Cu deposited onto the
electrospun nanofibers by evaporation.

Nanogrids prepared by heat-treating the PVP covered
Cu mesh in air at 400◦C for 2 hrs were shown to consist
of numerous nanocrystals, ranging in size between 16 and
60 nm, connected to each other to form a 3D nanofiber
network with open porosity. Figure 4(a) is a montage of five
HRTEM micrographs acquired in a sequence illustrating the
inner details of the structure of a single nanofiber in the
grid (The cropped SEM image is the detailed morphology
of the polycrystalline nanofiber originated from Figure 2(c)).
Figure 4(b) is an enlarged view of the first micrograph in the
sequence of Figure 4(a) and clearly shows that the crystals
are interconnected and that pores exist along each individual
polycrystalline nanofiber. During these processed the PVP

selectively burned so only oxide 3D nanogrids remained.
Figure 4(c) is a further enlarged view of the particle arrange-
ments within the fiber. Measurements of the spacing of
their respective lattice planes shown here reveal that they are
indeed CuO nanocrystals (the measured lattice spacings are
0.275 and 0.253 nm corresponding to the CuO (110) and
CuO (-110) planes, resp.). The corresponding FFT patterns
(insert in Figure 4(c)) are consistent with the HRTEM
observation. The nanogrids consist of 3D, self-supporting,
porous networks of continuous polycrystalline nanowires
of CuO equiaxed nanoparticles. Thus, a novel “templating”
method has been devised for the synthesis of CuO nanogrids.

In summary, on the basis of combined SEM, HRTEM,
STEM, and AEM analyses, the growth mechanism of CuO
nanogrids involves the migration and diffusion of Cu
atoms/clusters from the metallic substrate through the
original polymer nanofibers which act as templates for the
development of 3D networks of core-shell type Cu-PVP
nanowires; the polymer shell decomposes and the metallic
core oxidizes producing porous CuO arrangements upon
further thermal treatment. Figure 5 provides a schematic
illustration of the suggested process.

The formation of Cu clusters inside the PVP fibers
implies that the total free energy of polymer is lowered by
the presence of metal atoms, according to the fundamental
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Figure 3: STEM image and EDS spectra of the as-prepared copper
filled PVP nanofiber heated at 200◦C for 2 h. The “+” on the image
shows the location of the spectra collected.

nucleation theory [22]. This is the case when PVP undergoes
the phase transformation, such the transition to glass. The
glass transition temperature of PVP is 180◦C. The presence
of Cu clusters inside the polymer fibers after a heat-treatment
at 200◦C (Figure 3) supports the argument made above.

After the calcinations of polymer fiber, the Cu clusters go
through these possible oxidation steps:

4Cu + O2 −→ 2Cu2O, (1)

2CuO + O2 −→ 4CuO. (2)

The oxidation of aggregated Cu cluster and the shrinkage of
the fiber structure upon transition from Cu to CuO [20], may
explain the formation of the porous nanostructure.

This synthesis method may be applied to other functional
metal/metal oxide systems. The high surface area of the
nanogrids and the self-supported nature of these nanostruc-
tures make them suitable to gas-sensing applications, used
as catalysts and potentially as electrodes in 3D miniaturized
batteries. With respect to their electronic properties, the
band gap energy of the CuO nanogrids has been calculated.
The UV-Visible spectrum of CuO 3D nanogrids is presented
in Figure 6(a), which shows the optical absorption edge near
940 nm. The optical bandgap energy is estimated using the
Kubelka-Munk function

F (R) = (1− R)2

2R
= k/s, (3)

where R is the reflectance, k absorption coefficient, and s
scattering coefficient, respectively, [23]. Figure 6(b) shows a
plot of (k/s) spectrum versus photon energy derived from

200μm
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20 nm

(b)

4 nm

0.275 nm

(110)

0.275 nm

(110)

0.275 nm

(110)(−111)0.253 nm
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Figure 4: (a) Montage of five HRTEM image of the structure
of a single nanofiber in the grid oxidized at 400◦C for 2 h in
air (the cropped SEM image originated from Figure 2(c)). (b)
and (c) enlarged view of the particle arrangements within the
fiber, corresponding FFT patterns are consistent with the HRTEM
observation.

Kubelka-Munk function. The extrapolated value of photon
energy at k/s = 0 indicates a bandgap energy (Eg)= 1.32 eV.
The calculated band gap is slightly larger than the previous
reported value for bulk CuO (Eg = 1.2 eV) [1]. According
to other workers, these such narrow bandgap materials
have many applications in the infrared [24]; therefore, these
nanogrids might also be important to photothermal and
photoconductive applications [25].

4. Conclusion

3D CuO nanogrids were synthesized by direct thermal oxi-
dation of composite substrates consisting of a Cu mesh and
electrospun PVP nanofibers deposited on it. The templating
action of electrospun nanomats of polymers forms 3D self-
organized structures. The average diameter of the CuO grains
is 20 nm, while the diameter of the primary 3D nanogrids is
0.5 μm. The estimated band gap energy is ∼1.32 eV, which is
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Figure 5: A schematic illustration and overlapped tem images of the formation of CuO 3D nanogrids. (a) PVP nanofibers on the mat deposit
on Cu mesh by electrospinning at room temperature; (b) “core-shell” type Cu-PVP nanofiber formation by Cu diffusion and migration
through PVP nanofibers (after thermal treatment at 200◦C for 2 h (Figure 3)); and (c) Polycrystalline CuO nanowire formed by removal of
PVP and oxidation of Cu core (after thermal treatment at 400◦C for 2 hrs (Figure 4)).
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Figure 6: (a) UV-vis absorption spectrum of the 3D CuO nanogrids. (b) The corresponding k/s versus Ephot curve, indicating that the band
gap is 1.32 eV.

larger than the reported value for bulk CuO (Eg = 1.2 eV).
Considering the simplicity of the synthesis method of such
open 3D nanoarchitectures, the high surface areas of the
nanogrids applications are envisioned as 3D nanobattery
electrode, photocatalysts and advanced chemo sensors.
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Nanozeolite NaA was synthesized by the hydrothermal method with silica extracted from rice husk as silica source. Amorphous
silica with 87.988 wt% SiO2 was extracted from rice husk ash by a suitable alkali solution. The effect of the crystallization time and
the ratio of Na2O/SiO2 on the properties of the final product was investigated. The synthesized nanozeolite was characterized by
X-ray diffraction (XRD), scanning electron microscope (SEM), transmission electron microscopy (TEM), energy-dispersive X-ray
(EDX) techniques, and Brunauer-Emmett-Teller (BET) method. Results revealed that the crystallization time and alkalinity have
significant effects on the structural properties of nanozeolite. Nanocrystals NaA with crystal sizes ranging from 50 to 120 nm were
synthesized at room temperature with 3 days aging, without adding any organic additives.

1. Introduction

Zeolites are a series of microporous crystals with intricate
pores and channels. They have widely been used as catalysts,
adsorbents, and ion exchangers [1, 2]. During the past
decade, decreasing of the crystallization time at moderate
temperature in the preparation of zeolite-type materials has
successfully been achieved [3, 4]. Indeed, natural zeolites are
often formed at low temperature in closed alkaline and saline
lake systems [5]. The crystallization at a moderate tempera-
ture has a pronounced effect on the ultimate zeolite crystal
size. In addition, the preparation of mesoporous materials
at moderate temperature has economic and environmental
benefits and can be used for fundamental studies of chemical
reactions during the crystallization period [6].

Various types of nanometer-sized zeolites, including
NaA, faujasite-X and -Y, ZSM-5, and silicalite-1, have been
synthesized by hydrothermal procedures using clear alumi-
nosilicate solutions in the presence of organic templates [7–
12]. Recently, Pan et al. reported the synthesis of zeolite
A nanocrystals in a two-phase liquid segmented microfluidic
reactor using a manipulated organic-template-free system

[13]. However, the application of the organic-templates has
several disadvantages. They are nonrecyclable, costly, and
require calcinations which results in the production pollu-
tion problems [12, 14].

Rice husk has been used as an active silica source for the
synthesis of A [15], beta [16], and ZSM-5 zeolites [17]. As
an alternative to the pure chemical sources used previously,
rice husk is a practical silica source, because it is cheap, less
selective, and highly active [18].

Initially, rice husk is burned completely to produce ash,
converting the organic siliceous material of the husk into
white ash, silica, which is considered an unreactive and
useless mineral [19], but by a suitable alkali solution, amor-
phous silica, which is highly reactive for some zeolites syn-
thesis, can be extracted from the rice husk ash, thus showing
rice husk to be an excellent source of high-grade silica [20–
22].

The aims of this paper were to extract active amorphous
silica from rice husk and to synthesize crystalline zeolite
NaA in nanometer size using extracted silica from rice husk
at room temperature without adding any organic additives.
In order to decrease the cost of the synthesis and reduce
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the crystallization time, special attention was paid to the
alkalinity and the Na2O/SiO2 ratio of initial system which
control the kinetics of the zeolite growth.

2. Experimental Methods

2.1. Silica Extraction from Rice Husk. Rice husks were sieved
to eliminate clay particles. They were washed with distilled
water, filtered, and then soaked in HCl (Merck, 37%)
solution (1 M) for 8 h. After leaching with HCl, they were
washed well with distilled water, dried in air, and calcined
at 700◦C for 6 h with a constant heating rate 10◦C/min.
The obtained rice husk ash was dissolved in NaOH (2 M,
Merck, 98%, 2 M) solution followed by refluxing for 12 h.
For complete precipitation, concentrated HCl was added to
the dissolved rice husk ash. Above-mentioned precipitated
solution was filtered, washed with distilled water till free
from chloride ions, and finally dried in an oven at 110◦C
overnight.

2.2. Nanozeolite NaA Preparation. The nanometer-sized NaA
zeolite was synthesized by hydrothermal crystallization [23].
Colloidal crystals of zeolite A were formed in a clear homoge-
nized solution with the following molar composition: Na2O :
0.55Al2O3 : 1SiO2 : 150H2O in which x = 0.9, 6, and 9
to determine the optimal Na2O/SiO2 ratio for synthesis of
nanozeolite NaA. The gel composition of NaA nanozeolite
was calculated based on the results of the XRF analysis
of extracted silica source. Typically, 7.79 g of NaOH was
dissolved in 2.77 mol of H2O and then divided into two
equal portions. For the synthesis of NaA zeolite, 1.26 g of
silica source, extracted from rice husk ash, was completely
dissolved in one portion of the NaOH solution. An aluminate
solution was prepared by mixing 2.04 g of NaAlO2 (Merck)
with another portion of the NaOH solution. After achieving
clearness of the solutions, the silicate solution was slowly
poured into the aluminate solution with vigorous stirring,
which resulted in a clear homogenous solution. The resultant
mixture was stored in an oil bath at room temperature (T =
25 ± 2◦C), in a sealed polypropylene bottle under stirrer
(250 rpm) conditions for different crystallization periods (1,
2, and 3 days). The solid product obtained in the synthesis
was separated by centrifugation (17000 rpm, 30 min) then
washed several times with distilled water until the pH value
dropped to 8.5. The products were dried in an oven at 110◦C
overnight.

2.3. Characterization. Proximate analysis of rice husk was
measured by ASTM method [24]. The chemical composition
of extracted silica powder from rice husk was determined
by X-ray fluorescence (XRF, Philips PW2404 Spectrometer).
The powder X-ray diffraction (XRD) patterns of NaA zeolite
and extracted silica were measured by a Philips diffractome-
ter (X’Pert, PW1800). The patterns were run with Ni-filtered

copper radiation (Kα = 1.5404
′

Å) at 30 kV voltage and 10
mA current with scanning speed of 2 h = 2.5◦/min.

The morphology and size of the prepared materials were
determined using a scanning electron microscope (SEM,
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Figure 1: The XRD analysis of (a) rice husk ash and (b) extracted
silica powder.

Philips XL30, operated at 30 KV). Prior to placing into the
microscope, the prepared materials of the NaA zeolite were
sprinkled uniformly over an adhesive tape and sputter coated
with a thin layer of gold, and an electron acceleration voltage
of 20 kV was applied.

Scanning transmission electron microscopy (STEM,
Philips CM200 at 200 kV) coupled with selected area electron
diffraction (SAED) was used to characterize synthesized
zeolite crystals.

The Si/Al ratio of the final nanosized NaA was deter-
mined by energy-dispersive X-ray (EDX) spectrophotometer
of above-mentioned SEM and XRF techniques.

Nitrogen adsorption/desorption isotherms were meas-
ured at 77◦K using a conventional volumetric apparatus. The
specific surface area was obtained using the BET (Brunauer-
Emmett-Teller) method. The micropore volume and the
external surface area were obtained from the t-plot method.

The loss of ignition (LOI) test was carried out following
the SIRIM procedure (ISO 3262-1975). About 1 g of dried
sample of the extracted silica was placed in a platinum
crucible and ignited in the muffled furnace at 1000◦C for 30
minutes to achieve a constant mass, followed by cooling in
a desiccator. The loss of ignition, as a percentage by mass, is
given by the formula:

LOI, % = M0 −M1

M0
× 100, (1)

where M0 is the mass of the sample and M1 is the mass of the
sample after ignition.

3. Results and Discussion

3.1. Characterization of Rice Husk Ash and Extracted Silica.
Proximate analysis showed the presence of 9.26% moisture,
71.62% volatile matter, 18.63%, ash, and 0.49% fixed carbon
in RHA. The XRD spectra of the ash and extracted silica are
shown in Figure 1.

Rice husk was burned completely to produce carbon-
free white ash. The silica content of calcined rice husk
showed a weight loss of more than 70%. The organic matter
of rice husk was removed by heating treatments at high
temperatures, but this led to the crystallization of the ash
[25]. The XRD analysis of ash (Figure 1(a)), which was
heat treated at 700◦C for 6 h, showed the crystalline phase
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Table 1: The XRF analysis results of ash and extracted silica powder.

Composition Ash (wt %) Extracted silica powder (wt %)

Fe2O3 0.104 0.047

CaO 0.539 0.085

K2O 0.103 0.121

SiO2 95.913 87.988

Al2O3 0.192 0.477

MgO 0.24 0.077

Na2O — 0.566

P2O5 0.302 —

SO3 0.044 —

LOI 2.562 10.64

of the supplied rice husk ash in the form of cristobalite,
tridymite, and quartz. The existence of peaks at 2θ = 21.9◦,
28.5◦, 31.5◦, and 36.3◦ corresponds to the cristobalite [26].
The main characteristic signals at 20.6◦, 23.3◦, 27.5◦, 30.2◦,
and 36.1◦ [16] and at 20.88◦, 26.66◦, 50.18◦, and 60◦ [27]
were assigned to tridymite and quartz, respectively. The
crystallization of the contained silica of the rice husk ash
occurs when the husk burning conditions are uncontrolled
[28]. The crystalline form of ash in this study is attributed
to heating at high temperature rather than to uncontrolled
burning conditions, because the burning was controlled at
the rate of 10◦C/min.

The silica powder was extracted from obtained ash
by a NaOH solution. According to the XRD analysis
(Figure 1(b)), the extracted silica powder was amorphous.
The broad peak at 2θ angle of 22◦ confirmed the amorphous
nature of the silica in this study [29]. Similar properties of
rice husk have been reported by Kalapathy et al. [29]. This
amorphous form is an advantage towards the preparation
of silicon-based materials like zeolites, because the silica is
rendered active in its amorphous form [30].

The results of the XRF analysis of rice husk ash and
extracted silica powder are listed in Table 1. As the table
shows, the weight percent of impurities including Fe2O3,
CaO, MgO, P2O5, and SO3 was reduced in extracted silica
powder in comparison with rice husk ash, but the weight
percent of K2O, Al2O3, and Na2O was increased and their
amount was calculated and applied for synthesis of the
nanozeolite.

The LOI was determined by heating certain quantities
of rice husk ash and extracted silica samples in the muffled
furnace at 1000◦C for 30 minutes according to the SIRIM
procedure (ISO 3262-1975). The LOI amount of rice husk
ash was 2.562 which corresponds to the removal of moisture
and the coexisting unburned carbon from samples [26].
The LOI amount of extracted silica powder was 10.64%.
Considering the LOI amount of ash which showed the little
amount of unburned carbon, most of LOI amounts of the
extracted silica powder just corresponded to the removal of
moisture from sample.
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Figure 2: The XRD patterns of the final products synthesized using
the Na2O/SiO2 ratio equal (a) 0.9, (b) 6, and (c) 9.

The composition of the nanozeolite NaA initial system
was calculated based on the XRF analysis results of extracted
silica.

3.2. Effect of Alkalinity and Na2O/SiO2 Ratio. The effects of
Na2O/SiO2 ratio on the NaA nanozeolite was investigated
with the compositions of Na2O : 0.55Al2O3 : SiO2 : 150H2O,
where x = 0.9, 6, and 9. The initial composition of ashes and
resulted silica are summarized in Table 2.

The reaction temperature and time are fixed at 25 ±
2◦C and 3 days, respectively. The crystallization kinetics
of any particular zeolite is affected by the alkalinity and
composition of the reaction mixture. The Na2O/SiO2 ratio
had the most pronounced effect on the kinetics of zeolite
formation [6]. The Na cation was added in the form
of NaOH, resulting in the concentration of OH− being
controlled simultaneously by the concentration of cation
[31].

The hydroxide ion affects dissolution and polymeriza-
tion-depolymerization reactions of silicates and aluminosili-
cates [32].

The increase of this ratio from 0.9 to 6 leads to the growth
of the zeolite crystals on the 3rd day. The Na2O/SiO2 = 9
in the system did not form the zeolite A. Figure 2 shows the
XRD patterns of A1, A2, and A3. The Na2O/SiO2 = 0.9
is the minimum ratio to dissolve this kind of silica source
and to achieve a clear solution with the silica source. The
Na2O/SiO2 = 0.9 has resulted in the amorphous phase of
the final products (Figure 2(a)).

Peaks at 2θ = 7.10, 10.19, and 12.49 [33] show that
the pure phase of NaA zeolite was produced with the
Na2O/SiO2 = 6 (Figure 2(b)). Al-rich zeolites such as LTA
are commonly prepared under basic conditions by using
alkali-metal hydroxides as the alkali source. The nature of
the inorganic cation is important for the crystallization and
the formation of the framework structures of zeolites. Zeolite
NaA could be formed from the aluminosilicate gel system in
the presence of sodium-containing species [32].

Alkali-metal cations as the source of hydroxide ions are
needed to solubilize silicate and aluminate species and a
limited structure-directing role to form cage-like structures
[34].

The XRD pattern in Figure 2(c) shows that a zeolite phase
other than the NaA type is present in the sample A3 with
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Table 2: Effects of Na2O/SiO2 ratio on the final products.

Run Molar composition of initial solution Na2O/SiO2 ratio Product

A1 0.9Na2O : 0.55Al2O3 : 1SiO2 : 150H2O 0.9 Amorphous

A2 6Na2O : 0.55Al2O3 : 1SiO2 : 150H2O 6 NaA

A3 9Na2O : 0.55Al2O3 : 1SiO2 : 150H2O 9 Na-P1

Na2O/SiO2 = 9. The existence of peaks at 2θ = 12.46◦,
21.67◦, and 28.10◦ [35], which correspond to the zeolite Na-
P1, indicates the presence of zeolite Na-P1 instead of zeolite
NaA in A3.

The formation of zeolite P might be due to the silica
extracted from the rice husk, which is not reactive towards
the formation of zeolite NaA. The silicate source is an
additional parameter that can influence the particle size of
the product [36]. It was found that the zeolite formation
is very sensitive to the nature of the reactants, in particular
that of the silica source [6]. This factor is important in
the nucleation kinetics [36]. The silica source can influence
different aspects of the zeolite crystallization, including the
kinetics of crystal growth and the properties of the final prod-
uct [37, 38]. The use of different silica sources significantly
influences the outcome of the synthesis experiments [38]. It
has been reported that zeolites synthesized from less reactive
rice husk ash silica consist of a mixture of zeolite Y and P
[39].

To obtain zeolite A in a reasonable period of time at
room temperature, a highly alkaline condition was applied
by mixing freshly prepared aluminate and silicate solutions
as shown above. A higher alkalinity increases the solubility of
the Si and Al sources, decreases the polymerization degree of
the silicate anions, and accelerates the polymerization of the
polysilicate and aluminate anions. Consequently, the increase
of alkalinity will shorten the induction and nucleation
periods and speed up the crystallization of zeolites [32].

Scanning electron microscopy images were recorded for
the extracted silica-synthesized zeolitic samples, some of
which are shown in Figure 3. Figure 3(a) shows products
in sample A3 of which P type of zeolite was synthesized.
Figure 3(b) shows the SEM images of prepared nanozeolite
NaA. Figure 3(b) indicates that the particle size of synthe-
sized nanozeolite NaA is fine and within a range of 50–
120 nm.

3.3. Effect of Crystallization Time. The crystallization time is
one of the significant parameters in the synthesis of zeolites.
To examine the effect of time, a series of experiments were
conducted by changing the crystallization period (1, 2, and
3 days) with the initial system composition constant. The
times of crystallization as well as the resulted products with
initial composition: 6Na2O : 0.55Al2O3 : 1SiO2 : 150H2O
are summarized in Table 3.

The powder X-ray diffraction patterns taken after dif-
ferent hydrothermal crystallization periods, while using the
extracted silica as source, maintaining the same (room)
temperature and stirrer conditions, are presented in Figure 4.
Furthermore, by increasing the reaction time from 1 to 3
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Figure 3: SEM images of of the final products synthesized using the
Na2O/SiO2 ratio equal (a) 9 and (b) 6.

Table 3: Effects of heating time on the synthesis of NaA zeolite with
initial composition: 6Na2O : 0.55Al2O3 : 1SiO2 : 150H2O.

Run Heating time (d) Product

A4 1 Amorphous

A5 2 Amorphous

A2 3 NaA

days, the crystallinity of samples increased significantly. It
was found that NaA nanocrystals are formed after heating
for 3 days at room temperature (Figure 4(c)).

In general, the crystallinity and crystal size increase with
increasing time [3]. In present study, we synthesize zeolite
NaA at room temperature with nanometer size without using
any organic template during 3 days. The crystallization at
a moderate temperature has a pronounced effect on the
ultimate zeolite crystal size [6].
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Figure 4: The X-ray diffraction patterns of final products after (a)
1, (b) 2, and (c) 3 day.

The increase in temperature will increase both the nu-
cleation rate and the crystal growth rate, in particular the
crystal growth rate over the nucleation rate. Thus, higher
growth rates and larger crystals have been obtained at higher
temperature [32]. As a rule, lower temperatures lead to
smaller particle sizes, however, at the expense of a substantial
decrease in the rate of crystallization [6]. Sand et al. [40]
obtained LTA-type zeolite after 30 days at room temperature.
Valtchev and Bozhilov [41] synthesized FAU type of zeolite
containing 100–300 nm spherical aggregates under room
temperature in a template-free system after 3 weeks of
synthesis.

As mentioned above, to obtain nanozeolite NaA in
a reasonable period of time at room temperature, a highly
alkaline condition was employed. The increase of alkalinity
will speed up the crystallization of zeolites. The change of
alkalinity also has an effect on the particle size of zeolites.
The increase in alkalinity resulted in a decrease of particle
size [32].

There are some studies dealing with zeolite synthesis
using rice husk ash as an alternative silica source [15–17, 26,
42, 43]. Although rice husk has been used for zeolite synthesis
instead of pure chemical sources in all the above-mentioned
studies, in the present study, the result of XRD and SEM
analysis confirmed synthesis of zeolite NaA with extracted
silica from rice husk as source without adding any organic-
template and in nanometer size in 3 days, which has not yet
been reported.

The synthesis of nanozeolite NaA at room temperature
favored the nucleation process, since the activation energy
of crystal growth is generally higher than that of nucleation.
This is one key route to synthesize nanozeolites without using
any organic additives [3, 6, 44].

We have used extracted silica from rice husk as an
alternative silica source which reduces the costs of synthesis
effectively through utilization of cheap raw materials con-
sidering low cost of rice husk. Therefore, utilization of this
agricultural byproduct for nanozeolite NaA synthesis would
result in the conversion of a low-cost raw material into a
high-value added product.

Also, the zeolite NaA synthesized in nanometer size
from rice husk without the use of organic template has the
advantage of low-cost and other advantages. Most studies on
zeolite synthesis have used an organic template [26, 42, 43]
which increases the cost of nanozeolite synthesis. Organic

templates, for example, tetramethylammonium hydroxide
(TMAOH), make 50% of the production cost and require
calcinations which result in the production of CO2 and NOx

pollution problems [45]. In our environmentally friendly
process, no expensive organic template was used, and so,
the cost of synthesis can be decreased. Moreover, specialized
instruments for burning excess TMA after synthesis were
avoided which resulted in lower disposal costs.

Approximately one fifth of the ash is obtained on
burning rice husk in air [46]. About 95.913 g of silica
was extracted per 100 g of rice husk ash (Table 1). In our
study, 1.26 g of extracted silica yielded 0.39 g nanozeolite
NaA approximately. Totally, about 74.22 kg of nanozeolite
NaA was produced per ton of rice husk, considering low
cost of rice husk. Therefore, utilization of this agricultural
byproduct for nanozeolite NaA synthesis would result in the
conversion of a low-cost raw material into a high-value added
product.

3.4. STEM and SAED Analysis of Synthesized Nanozeo-
lite NaA. The scanning transmission electron microscopy
(STEM) images and selected area electron diffraction
(SAED) pattern of the synthesized nanozeolite (sample A2)
are shown in Figure 5. The STEM image indicates that the
products are crystalline aggregates with a diameter of about
150 nm of NaA nanocrystals (Figure 5(a)). The STEM images
confirm that synthesized NaA zeolite has nanometer particle
size ranging from 20 to 120 nm (Figure 5(b)).

The SAED pattern (Figure 5(c)) from the synthesized
nanozeolite showed that the axes of all whiskers are parallel
to the [111] direction, indicating the LTA-type structure [47]
and is in well agreement with the XRD study. The diffraction
rings also demonstrated that the LTA types were crystalline.

3.5. EDX and XRF Analysis of Synthesized Nanozeolite
NaA. Typically, zeolite LTA is synthesized with framework
Si/Al ratio of 1 [33]. By using tetramethylammonium
cation (TMA+) as the SDA, the Si/Al ratio of LTA frame-
work could be increased up to about 3 [32]. The Si/Al and
Na2O/SiO2 ratios resulting in nanozeolite NaA after 3 days
with Na2O/SiO2 = 6 were determined by EDX technique as
1.49 and 0.18, respectively. Figure 6 shows the EDX analysis
of obtained nanozeolite NaA. The XRF analysis results of
synthesized nanozeolite NaA were LOI : 19.29, SiO2 : 35.778,
Al2O3 : 29.444, and Na2O : 15.295 (wt%). According to the
XRF results, the Si/Al and Na2O/SiO2 ratios were 1.071 and
0.427, respectively. Thus, the zeolite NaA was confirmed by
the EDX and XRF techniques.

3.6. Surface Texture of Synthesized Nanozeolite NaA. Figure 7
shows the N2 adsorption/desorption isotherm of the pre-
pared NaA nanozeolite. The NaA nanocrystals were char-
acterized by using N2 adsorption/desorption measurements
to determine their pore volume and surface area. As is
known, zeolite A in its sodium form does not adsorb the
N2 molecule. Indeed, the adsorption/desorption isotherm of
the product was of type III, typical of nonporous materials.
The increase in the volume adsorbed at very low relative
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Figure 5: (a and b) STEM images of nanosized NaA crystals and (b)
SAED pattern obtained from the synthesized nanozeolite.

pressures was due to the presence of a small amount of
micropores, most probably related to the adsorption of N2

molecules at the pore openings [6]. The specific surface area
of this sample was 64.203 m2 g−1, which suggests nanometer-
sized particles.The large external surface of the resulting NaA
zeolite was 62.520 m2 g−1, which further supports that NaA
nanocrystals have small crystallite sizes.

In contrast to pure microporous materials, the steep
uptake at low relative pressure is not followed by a flat
curve. Instead, an inclination of the curve with an increase
of the relative pressure and a second uptake at a high
relative pressure, indicative of some textural mesoporosity,
can be observed. Due to this secondary porosity, the material
synthesized at room temperature showed a higher total
pore volume compared to that of the reference zeolite A
sample [6].
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Figure 6: The EDX analysis pattern of obtained nanozeolite NaA.
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Figure 7: The N2 adsorption/desorption isotherm of the prepared
nanozeolite NaA.

4. Conclusion

In this paper, instead of pure chemicals, rice husk which
is an agricultural waste was used as silica source for
the synthesis of nanozeolite NaA, because silica extracted
from rice husk is cheap, less selective, and highly active.
Amorphous extracted silica powder was composed of 87.988
wt% SiO2. We have successfully synthesized nanometer-sized
NaA nanozeolite with extracted silica at room temperature
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without using any organic additives. Also, the effect of
alkalinity and Na2O/SiO2 ratio of initial system, as well as
time of crystallization, on the properties of the final product
was investigated. Zeolite NaA nanocrystals with crystallite
size ranging from 50–120 nm were obtained from a sodium
aluminosilicate solution at room temperature in 3 days under
Na2O/SiO2 = 6 conditions. Thus the aims to lower costs
and to shorten crystallization time were both found possible
through the study.

To the best of our knowledge, this is the first report on
the hydrothermal synthesis of zeolite NaA nanocrystals with
rice husk as source of extracted silica, without using any
organic additives during the whole crystallization process.
Our environmentally friendly process reduces the costs of
synthesis effectively through the utilization of cheap raw
materials and also by avoiding consumption of expensive
chemical sources as template.
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The seed-mediated method in presence of high concentrations of CTAB is frequently implemented in the preparation of high
aspect ratio gold nanorods (i.e., nanorods with aspect ratios of 5 or more); however, the reproducibility has still been limited.
We rendered the synthesis procedure simpler, decreased the susceptibility to impurities, and improved the reproducibility of the
product distribution. As a result of the high aspect ratios, longitudinal plasmon absorptions were shifted up to very high absorption
maxima of 1955 nm in UV-vis-NIR spectra (since this band is completely covered in aqueous solution by the strong absorption of
water, the gold species were embedded in poly(vinyl alcohol) films for UV-vis-NIR measurements). Finally, the directed particle
growth in (110) direction leads to the conclusion that the adsorption of CTAB molecules at specific crystal faces accounts for
nanorod growth and not cylindrical CTAB micelles, in agreement with other observations.

1. Introduction

The preparation of gold nanorods has found wide atten-
tion during the last decade since many characteristics of
nanoscale materials are size- and shape-dependent including
their optical, electronic, and catalytic properties. Spherical
particles form readily in common synthesis methods for gold
nanoparticles, but if the generation of spherical particles is
suppressed by application of special conditions, besides rods
[1, 2] also cubes [3–5], triangles [4, 6], and prisms [6] can
arise. The synthesis of low aspect ratio nanorods, that is,
nanorods with aspect ratios of 3 or less, has been reported
in high yields [3, 4, 7–9] and can readily be reproduced
(Figure 1). Yet the controlled and reproducible fabrication
of high aspect ratio gold nanorods, that is, nanorods with
an aspect ratio of 5 or more, by the most common method
is still crucial. Therefore, fundamental aspects such as vis-
NIR absorption spectra of high aspect ratio nanorods or
their principal growth mechanism are still not connectedly
investigated.

A number of synthesis methods for high aspect ratio rod-
like nanocrystals have been described [1, 6, 10–14], such

as the template method [15, 16], electrochemical methods
[2, 17], microwave rapid heating [18], and the seed-mediated
growth method [10, 19, 20]. The last synthesis procedure,
which was favorably introduced by Murphy and coworkers in
2001 [1], has found most attention so far. Indeed, this way is
accessible with ubiquitous laboratory equipment and offers
the possibility to prepare higher quantities of nanoparticles
than with other methods [21]. However, it has been pointed
out that the reproducibility of the results thus obtained is
limited [3, 7], in line with our own experiences: the yield
of the nanorods varies considerably—in some attempts high
aspect ratio nanorods are almost completely absent, and
those samples containing high aspect ratio nanorods contain
areas with large fractions of spherical particles or low aspect
ratio nanorods, and even large areas without high aspect
ratio nanorods are present (Figure 2).

Many approaches have been undertaken to improve the
original seed-mediated method, in particular by varying
different parameters such as seed aging time [19], seed
concentration or metal to seed ratio [4, 10, 19, 20], time
intervals between the synthesis steps [10], pH value [10],
additives [4, 5, 10, 11, 20], temperature [12], growth time
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Figure 1: TEM image of an area with representative product
distribution in samples containing low aspect ratio gold nanorods,
prepared according to the seed-mediated method (in presence of
small quantities of silver ions [3, 4, 7–9]). This image strongly
resembles those reported elsewhere and shows that the synthesis of
low aspect ratio gold nanorods is well reproducible (in contrast to
high aspect ratio nanorods described so far).

[5], nature of the surfactant required for nanorod generation
[6, 8], and the use of cosurfactants [5, 19]. In spite of this,
the above addressed problems with respect to the creation of
samples with high aspect ratio gold nanorods still persist.

The limited reproducibility associated with the seed-
methods described so far could be due to the relatively high
number of the involved steps. In fact, we describe in the
following that the reproducibility can be improved by the
reduction of steps, which also renders the product formation
less susceptible to impurities. Also, a simple method for the
removal of excess surfactant required for the seed-mediated
method was developed. The samples thus obtained were
suited for the experimental determination of the position of
the longitudinal plasmon absorption band of the gold rods in
vis-NIR absorption spectra, which has been explored mainly
with low aspect ratio nanorods so far [22–25], although also
samples with high aspect ratio have been addressed [26, 27].
Further, the evaluation of electron diffraction patterns and
other aspects provided information on the principal growth
mechanism of the high aspect ratio nanorods.

2. Experimental

Hexadecyltrimethylammonium bromide (CTAB, designa-
tion H6269: 99%, or H5882: ≥98%, resp.) was pur-
chased from Sigma or Fluka (CTAB, 96%), respectively.
Hydrogen tetrachloroaurate trihydrate (H[AuCl4]·3H2O,
99.99%), hydrogen tetrachloroaurate hydrate (H[AuCl4]·
xH2O, 99.999%, x is not specified), hydrogen tetrachloroau-
rate (H[AuCl4], 100%), sodium tetrachloroaurate dihydrate
(Na[AuCl4]·2H2O, 99.99%), and hydrogen tetrabromoau-
rate hydrate (H[AuBr4]·xH2O 99.99%, x ≈ 5) were pur-
chased from Alfa Aesar. Sodium citrate dihydrate (99%) was
purchased from Sigma and sodium borohydride (NaBH4)

200 nm

(a)

200 nm

(b)

200 nm

(c)

Figure 2: TEM images of different spots of a sample containing
high aspect ratio gold nanorods, prepared according to the seed-
mediated method [1, 6, 10–14]. It is obvious that the nanorods are
not evenly distributed over the TEM grids.

from Fisher Scientific (general purpose grade), Fluka (96%),
or TCI (>93%). L-ascorbic acid was obtained from Hänseler
AG (Herisau, Switzerland). Titrisol ampoules were used for
sodium hydroxide 0.1 M. All chemicals were used without
further purification. For the preparation of all samples,
freshly deionized water was used if not otherwise mentioned.
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200 nm

Figure 3: TEM image of a spot which is dominated by gold
nanorods, prepared according to the “ordinary” synthetic con-
ditions described in the Experimental section. As in the seed-
mediated method, areas which do not contain essential fractions of
particles other than nanorods can be found.

Poly(vinyl alcohol) (MW ≈ 72000, Biochemica, where the
type of MW has not been specified by the supplier) was
purchased from Axon Lab (Applichem GmbH, Darmstadt,
Germany).

2.1. Synthesis of Gold Nanorods. In a typical experiment, 2.5
mL of a 0.01 M H[AuCl4]·3H2O solution and 3.6445 g hex-
adecyltrimethylammonium bromide (CTAB) were replen-
ished to 100 mL in a volumetric glass flask. For completely
dissolving the CTAB powder, it was necessary to keep this
solution at elevated temperature (33◦C) for at least 2 hours.
This solution, which contained 0.1 M CTAB and 2.5·10−4 M
H[AuCl4]·3H2O, was used as growth solution.

During the dissolution of the CTAB in the above growth
solution, a seed solution containing small gold particles
was prepared as follows: a volume of 0.5 mL of 0.01 M
H[AuCl4]·3H2O solution (5·10−6 mol H[AuCl4]·3H2O, vol-
umetric glass flask, not cooled) was added to 18.4 mL of
ice-cooled deionized water in a wide-necked PE-flask (PE =
polyethyene). Thereafter, 0.5 mL of freshly prepared 0.01 M
sodium citrate solution (5·10−6 mol sodium citrate, solution
in a volumetric glass flask, not cooled) was added. There-
after, immediately 0.6 mL of freshly prepared 0.1 M NaBH4

solution (in a glass vessel) cooled in an ice-bath was added,
and the resulting solution was stirred for 30 s (there was no
significant difference in the results whether the used pipettes
were previously ice-cooled or not). The solution turned
red (after 24 h, particles of a size of approximately 8 nm
formed, as evident from transmission electron microscopy).
Changing the sequence in the addition of substances in the
seed preparation did not lead to significantly different results
with respect to nanorod generation.

For the following final reaction steps, cooling was not
required. 80 μL of a freshly prepared 0.1 M ascorbic acid
solution (8.0·10−6 mol ascorbic acid) was added without
stirring to 14.4 mL of the growth solution (age between 2 h
and 24 h, containing 3.6·10−6 mol gold). The solution was

mixed by shaking, whereupon the solution became colorless
indicating the reduction of Au(III) to Au(I). In the next step,
80 μL of 0.1 M sodium hydroxide solution (8.0·10−6 mol
NaOH) was added to the solution to modify the pH value.
After addition of 16 μL of seed solution (age between 2 h
and 24 h, containing 4.0·10−9 mol gold), the solution was
mixed by shaking and became reddish during this period.
Then the test tubes were placed in a water bath at 33◦C for
3 h–168 h and finally stored in a refrigerator (temperature ≈
6◦C) to precipitate a major fraction of CTAB which could
be removed by rapid filtration through a sintered glass
funnel (pore size G4). The filtered samples were stable for
at least 6 months in aqueous solution in the refrigerator or at
room temperature. Probably, the dispersion was stabilized by
residual surfactant.

2.2. Transmission Electron Microscopy. For investigations by
transmission electron microscopy (TEM), either a Philips
CM200 (160 kV accelerating voltage) or a Philips CM30
(300 kV accelerating voltage) was used. The average length,
width, and aspect ratio of the nanorods were determined
by counting several hundred particles with an aspect ratio
bigger than 2 (manual evaluation of several TEM images).
In order to obtain reliable images, a considerable part of the
excess of CTAB had to be removed by filtration of the cold
solution resulting from the synthesis (see above). Finally,
one droplet (≈0.5 μL) of the filtered solution was put on
a commercially available carbon-coated copper TEM grid
(Plano GmbH, Wetzlar, Germany).

2.3. Scanning Electron Microscopy. For investigation with
scanning electron microscopy (SEM), a Zeiss NVision 40 was
used. For sample preparation, cold solutions were filtered
to remove CTAB, then centrifuged at 5600 rpm for 10 min
followed by decantation to remove another part of the excess
of CTAB, and finally the remaining solids were dissolved
in water. One droplet (≈0.5 μL) of this solution was put
on a pyrolytic graphite (spi supplies, West Chester, PA,
USA).

2.4. UV-vis-NIR Spectra. UV-vis-NIR absorption spec-
tra were performed with a Lambda 900, Perkin Elmer,
Überlingen, Germany.

In order to detect the longitudinal absorption band of
the gold nanoparticles, 53.5 mg poly(vinyl alcohol) (PVAL)
were dissolved in 5 mL deionized water by heating to 90◦C
under stirring. After dissolution of the polymer, the solution
was allowed to cool down to room temperature. Under
vigorous stirring, 10 mL of a filtered gold particle solution
was added to the PVAL solution at room temperature.
The homogeneous mixture was poured in a flat aluminum
dish, and the solvent was evaporated overnight at ambient
conditions.

3. Results and Discussion

3.1. General Procedure of Nanorod Generation. The seed-
mediated method is based on anisotropic particle growth
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Figure 4: TEM images of different samples ((a)–(d)) of gold nanorods. The images illustrate representative ratios between rods and other
particles.

by combining a so-called seed solution comprising spher-
ical gold nanoparticles with a growth solution containing
tetrachloroaurate(III) and a surfactant. Commonly CTAB
(cetyltimethylammonium bromide, hexadecyltrimethylam-
monium bromide) is used for this purpose, in presence
of a reducing agent, and the resulting solution is sub-
sequently further processed. A main difference between
the synthesis procedure described here and the methods
reported previously (see Introduction) is keeping additives
and processing steps at a minimum. In particular, additives
such as silver ions or surfactants in the seed solution,
repeated steps of dilution and addition of growth solution,
or extended centrifugation procedures of the final solutions
are not required anymore. Essential particularities of the
seed-mediated method created here are rapid addition of a
small volume of seed solution (on the order of 10 μL) in
the final step of the synthesis procedure and modification
of the pH value by a defined quantity of sodium hydroxide.
In numerous preliminary experiments, parameters such as
growth time, age of the seed and growth solution, and
growth temperature were varied which finally resulted in the
propitious conditions described in the Experimental section.

The recipe in the Experimental section provided
nanorods of aspect ratios around 6 in the average and 10

or more at maximum. When investigating the samples with
transmission electron microscopy (TEM), it was possible
to find places which showed almost exclusively nanorods
(Figure 3); however, significant quantities of spherical and,
to a lesser extent, triangular particles also arose, in line
with other publications on seed-mediated growth of high
aspect ratio gold nanorods [1, 6, 10, 12, 14, 28] and own
experiments performed according to previously reported
syntheses (Figure 2). It has been reported that spheres and
platelets can be substantially removed by sedimentation
followed by chemical treatments [27]; however, it was
clearly evident from TEM micrographs of products of our
experiments that the aspect ratios markedly decreased by
this procedure. Representative TEM images of four batches
prepared at different days with different starting solutions
and by two different persons (samples (a)–(d)) are shown in
Figure 4. These samples contain nanorods of similar lengths
(Figure 5), widths (Figure 6), and aspect ratios (Figure 7).
Further, numerous spherical particles of typically 30 nm–
60 nm and particles of other shapes (roughly 1/4 of the num-
ber of spherical particles) emerged. The samples’ features
were similar at reaction times (starting at the combination
of growth and seed solution) of 3 h, 24 h, and 168 h, that
is, nanorod formation was essentially established within 3 h.
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Figure 5: Length distributions of the rods corresponding to samples (a)–(d) of Figure 4.

Scanning electron microscopy (SEM) disclosed that the
nanorods were not cylindrical but exhibited crystallographic
facets (Figure 8).

For some applications, as for instance for investigations
of the gold species by TEM, the large excess of CTAB
needs to be removed. Thus, a major fraction of CTAB was
simply precipitated by storage of the samples at ca. 6◦C
during 24 h and subsequent filtration. The gold nanorods
in such filtrates were stable for at least a few months at
room temperature or in the refrigerator. Separation of the
CTAB by centrifugation/decantation cycles [1, 3, 4, 6, 7, 9–
14, 19, 20, 28, 29] was more laborious and frequently led to
the formation of gold particle agglomerates which did not
redisperse readily in water.

An additional advantage of the presented synthesis
method is the tolerance towards impurities which have
otherwise reported to influence the yield, shape, and size of
the gold particles. For instance, it was emphasized that ultra-
pure water should be employed for nanorod formation by
seed-mediated methods [3–10, 12, 19, 24, 28]. We found a
minor influence of the water quality; however, surprisingly

the use of common freshly deionized water leads to better
reproducibility than ultra-pure water. Maybe the ultra-pure
water contained less but more critical impurities than the
deionized water. As a consequence, all results reported here
refer to experiments with deionized water. Further, impuri-
ties (in particular iodide) in the CTAB which depend on the
suppliers [9] and the growth temperature [13, 28] have been
reported to influence the rod formation. In particular, the
commercial products H5882 and H6269 from Sigma and the
CTAB from Fluka were reported to lead to strikingly different
results in other seed-mediated methods [9]. However, the
nanorod formation did not depend considerably on those
CTAB qualities in the method presented here. Also, the
nature of the gold salt (H[AuCl4], H[AuCl4]·xH2O where
x is not specified, H[AuCl4]·3H2O, H[AuBr4]·xH2O with
x ≈ 5, and Na[AuCl4]·2H2O) had a minor influence on
product formation.

Variation of reaction parameters did not improve the
creation of high aspect ratio nanorods over all. When the pH
value was varied between 3.4 and 10.1 (compared to 3.9 at
“ordinary” conditions) with NaOH, the nanorod generation
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Figure 6: Width distributions of the rods corresponding to samples (a)–(d) of Figure 4.

was pronouncedly influenced (Figure 9), as also observed for
other seed-mediated methods [10]. A low pH value (3.4)
induced the formation of long nanorods, as also found in
other seed-mediated procedures [26, 30], with a length on
the order of 400 nm and a width between 15 and 20 nm,
but the yield of these rods was very low and the aspect ratio
distribution was relatively broad. Above a pH value of 6.6 or
more, no rods arose anymore.

In the literature, an increase in seed particle concentra-
tion resulted in a decrease of the aspect ratio [19, 20]; how-
ever, the concentrations of the seeds were typically higher
than in our experiments and we could not find a noteworthy
improvement in aspect ratio when the concentration of the
seed particles (age 24 hours, average diameter ≈ 8 nm) was
varied between 0 and 3.77·10−7 M (the concentrations refer
to gold atoms in the final solutions). Yet the experiments
showed clearly that the addition of seeds is necessary to
grow rod-shaped particles as otherwise only spherical or
irregularly shaped particles emerged.

When the concentration of the tetrachloroauric acid in
the growth solution was varied, the molar ratio ascorbic

acid/sodium hydroxide/tetrachloroaurate(III) was kept con-
stant. An increase in the tetrachloroaurate(III) concentration
by a factor of 2 or 3 lead to an increase in aspect ratio of the
nanorods (typically to 8 and 12, resp.), which was, however,
accompanied by an increase in polydispersity (Figure 10). Yet
when the tetrachloroaurate(III) concentration was increased
by a factor of 6, the nanorods became thicker and shorter,
that is, the aspect ratio decreased to typical values of 4-5, and
larger particles, such as triangles and spheres, also emerged
in higher quantities.

Finally, we attempted to separate the gold nanorods from
other particles according to the depletion-induced shape
and size selection method [31]; however, we could not
significantly enhance the fraction of nanorods in the samples.

3.2. Influence of the CTAB Concentration and Growth Mech-
anism. As far as we are aware of, it has not been pointed
out in the context of seed-mediated nanorod formation that
the phase diagram of CTAB [32] exhibits a triple point
around a concentration of 0.1 M and a temperature around
25◦C where crystals, individually dissolved molecules, and
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Figure 7: Aspect ratio distributions of the rods corresponding to samples (a)–(d) of Figure 4.

400 nm

Figure 8: SEM image of gold nanorods and other species, taken at
a tilt angle of 54◦.

spherical micelles coexist. Accordingly, we kept the solu-
tions containing 0.1 M CTAB at 33◦C (enhancement of
the temperature to 50◦C did not alter the nanorod for-
mation noteworthy, in contrast to other seed-mediated
procedures [13, 28]) in order to avoid precipitation of CTAB
which indeed slowly occurred in 0.1 M solutions close to
25◦C.

Since CTAB is essential for nanorod formation, the CTAB
concentration in the growth solution, which is 0.1 M if not
otherwise mentioned as common in other seed-mediated
methods, was also decreased to 0.01 M or increased to
0.25 and 0.5 M, respectively. It was reported in other seed-
mediated methods that at a CTAB concentration of 0.01 M
higher aspect ratios result when the synthesis is performed
at 0◦C [13]; we note, however, that CTAB precipitates under
these conditions by our experience, in agreement with the
above-mentioned phase diagram. At a concentration of
0.01 M of CTAB at 33◦C, only spherical particles and egg-
like shaped particles arose (Figure 11), while an increase
in the CTAB concentration from 0.1 M to 0.25 M did not
lead to a significant change of aspect ratio and yield of
gold nanorods. However, at a CTAB concentration of 0.5 M,
only a few very big spherical particles and triangles emerged
(Figure 11). These findings are different from those of other
seed-mediated methods where the yield of high aspect ratio
nanorods increased with decreasing CTAB concentration
[13], while, in contrast, other authors report that the aspect
ratio increases with higher CTAB concentrations [26].
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Figure 9: TEM images of gold nanorods prepared at pH values of 3.4 (a), 3.9 (b), 5.9 (c), 6.6 (d) and, 10.1 (e).

Of course, the CTAB concentration is associated with the
growth mechanism of the nanorods. A growth mechanism
which has been discussed in the literature is based on the
ability of CTAB to form micelles [1]. Accordingly it was
proposed that the gold particles grow inside these micelles
and their shape is therefore determined by the shape of
the micelles which depends on the concentration of the
surfactant. However, with regard to the above mentioned
phase diagram of CTAB, spherical and not cylindrical
micelles are expected at the conditions commonly applied in
seed-mediated methods (0.1 M CTAB), and only at higher
concentration (above around 0.3 M), cylindrical micelles
arise [32]; yet our experiments with 0.5 M CTAB did not
yield nanorods. Therefore, we consider the formation of
nanorods within CTAB micelles not to be likely. In this
context, it is also worth to note that the nanorods’ shapes are
not cylindrical (see Figure 8).

As an alternative explanation for nanorod formation,
the CTAB molecules could absorb preferentially to certain
crystal faces and therewith inhibit isotropic crystal growth,
thus producing the shape of a rod [13]. This mechanism
would explain at least that rod formation did not occur
at low CTAB concentrations (0.01 M) assuming that the
equilibrium constant is in these cases too low for an effective

adsorption of CTAB at the crystal faces. On the other hand, at
the highest concentration applied here (0.5 M), for instance,
the formation of cylindrical micelles might compete with
CTAB adsorption at the gold crystal faces, that is, less CTAB
molecules might be available for adsorption at gold particles
which then could lead to isotropic particle growth, that
is, formation of spherical particles. Importantly, electron
diffraction patterns (Figure 12) identified the (110) direction
as the growth direction. This indeed implies that the nanorod
growth is associated with adsorption of CTAB molecules at
specific crystal faces as otherwise a random growth direction
of the rods is expected.

3.3. UV-vis-NIR Absorption Spectra. Extensive UV-vis-NIR
studies have been performed previously with low aspect ratio
gold nanorods [22–25, 29], and corresponding measure-
ments were only performed for wavelengths ranging from
300 nm to 1300 nm. Basically, gold nanorods give rise to
two absorption bands. One of them is caused by transverse
oscillations of the electrons (transverse absorption band),
which is typically located in the visible wavelength region,
and one due to the longitudinal oscillations of the elec-
trons (longitudinal absorption band) [33]. The longitudinal
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Figure 10: TEM images of gold nanorods prepared with different concentrations of tetrachloroauric acid in the growth solution: 2.5·10−4 M
(a), 5·10−4 M (b), 7.5·10−4 M (c), and 1.5·10−3 M (d).

absorption band is shifted from the visible towards the near-
infrared region with increasing aspect ratio, whereas the
transverse band can interfere with the absorption of spherical
gold particles.

Remarkably, reliable experimental information on the
longitudinal band for high aspect ratio gold nanorods is
rarely available so far. Indeed, the longitudinal absorption
band of such particles in UV-vis-NIR spectra falls in the
absorption region of water (ca. 1300 nm–above 2500 nm)
and is therefore not accessible in the aqueous solutions finally
resulting from the nanorod synthesis (subtraction of the
water absorption band does not lead to reliable results due
to the very high (“infinite”) absorbance at common experi-
mental setups). Therefore, we used a technique which bases
on embedding the particles in poly(vinyl alcohol) (PVAL),
which is water-soluble, does not absorb pronouncedly in
the UV-vis-NIR region, and readily forms transparent free-
standing composite films with gold by solution casting (see
Experimental part). In order to investigate if the residual
water content in PVAL influences the UV-vis-NIR spectra
of the gold particles, a PVAL film with and without gold,
respectively, was measured after drying the film at ambient
conditions for 3 days at room temperature, subsequently

a second spectrum after drying under vacuum (ca. 1 mbar)
for one day, and finally a third spectrum after storing the
dried PVAL film in an atmosphere with humidity of ca. 99%
for 18 days was recorded. The three spectra are shown in
Figure 13, after subtraction of the spectrum of analogously
treated blank PVAL films (the absorbance of which, however,
was only marginal). It is obvious that the two absorption
maxima at 520 nm and around 1955 nm (broad) are inde-
pendent of the water content (minor differences may occur
because the exact position of the sample in the spectrometer
is not identical in the three spectra). A less pronounced
absorption maximum or shoulder around 675 nm varies to
a certain extent in relative intensity, which might be due to
swelling effects [34]. The peaks in the region of 500–700 nm
are attributed to the more or less spherical particles, triangles
and the transversal plasmon absorption of the nanorods
and that around 1955 nm to the longitudinal absorption
of the nanorods. This band is shifted markedly to higher
wavelengths compared to that of particles reported with
lower aspect ratio (520 nm–1000 nm [23, 25]). Therefore,
the UV-vis-NIR spectra confirm that a significant fraction of
gold nanorods with relatively high aspect ratio is present in
the sample.
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Figure 11: TEM images of gold nanorods prepared with different concentrations of CTAB; that is, 0.01 M, 0.1 M, 0.25 M, and 0.5 M.
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Figure 12: TEM image and related electron diffraction pattern used for the evaluation of the growth direction of the nanorods. The angle
of 9◦ corresponds to the instrumental rotation of the diffraction pattern towards the bright field image at the employed magnification and
camera length.
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Figure 14: Calculated correlation between aspect ratio of gold
nanoparticles embedded in poly(vinyl alcohol) and the absorption
maximum of the longitudinal absorption band.

A linear correlation between the absorption maximum
of the aspect ratio and the longitudinal absorption band was
reported on the basis of Gans’ extension of Mie’s theory
[33, 35]. However, the calculations referred to aqueous
solutions which exhibit dielectric constants that clearly differ
from those of poly(vinyl alcohol). Hence, we used the
Gans formula for the recalculation of the aspect ratio-
absorption maximum correlation with a dielectric constant
for poly(vinyl alcohol) of 2.28 (average of indicated values for
this polymer [2.2201–2.3409], calculated from the refractive
index [36]), which resulted in the formula

λmax = 115.3AR + 387.6 (1)

as derived from Figure 14 obtained by fitting of the wave-
length of the longitudinal absorption maximum as a func-
tion of the aspect ratio (AR). Accordingly, the experimentally
found absorption maximum of 1955 nm corresponds to an
aspect ratio of 13.6 which is somewhat higher but still
reasonably close to the average aspect ratios of the considered
sample which may contribute to the respective absorption
(obtained from TEM images, Figure 15). Deviations between
theoretical and experimental values could be a consequence
of, for example, the limited precision of the dielectric con-
stant of poly(vinyl alcohol) (a range of dielectric constants is
reported), the limited precision in the determination of the
absorption maximum due to the broadness of the peak, the
limited number of nanorods that can be evaluated by TEM
compared to the total number of nanorods in the system, the
presence of cylindrical instead of ellipsoidal shapes (the latter
being the basis of Gans’ theory), or limits in the availability
of the applied formula. The high value of 1955 nm is in the
range of that of gold nanorod samples prepared by Wei et al.
(1635 nm in D2O) [26] and Khanal et al. (1567 in D2O) [27].

4. Summary

An improvement in reproducibility of the gold species with
high aspect ratio was achieved by reducing the steps in the
seed-mediated growth method in presence of high concen-
trations of CTAB, which is based on the rapid addition of
a small volume of seed particles (on the order of 10 μL). A
major part of the CTAB could be removed after synthesis
simply by precipitation at 6◦C followed by filtration. Further,
the synthesis route is less susceptible to impurities in the
water or in the CTAB than indicated in other reports on
the seed-mediated growth of gold nanorods. Nanorods with
lengths on the order of 200 nm and aspect ratios around 6 in
the average and 10 or more at maximum formed in signifi-
cant amounts (the higher values, however, were accompanied
by an increase in polydispersity), which was confirmed by
UV-vis-NIR measurements, where the longitudinal plasmon
absorption could readily be detected when the gold particles
were embedded in poly(vinyl alcohol). Thus, maximum
absorptions of nanoparticles with high aspect ratios were
found at the extraordinarily high wavelength of 1955 nm.
As evident from SEM, the rods were not cylindrical but
exhibited crystallographic facets. Considering this fact, the
phase diagram of CTAB and in particular electron diffraction
patterns of the nanorods, nanorod formation appears to be
induced rather by preferential CTAB adsorption at specific
faces of the growing crystals than by particle growth in the
interior of cylindrical CTAB micelles.
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Polyvinylpyrrolidone (PVP)-capped rutile GeO2 nanoparticles were synthesized through a facile hydrothermal process. The
obtained nanoparticles were characterized by X-ray diffraction (XRD), transmission electron microscopy (TEM), Fourier
transform infrared spectroscopy (FTIR), thermo gravimetric analysis (TGA), and photoluminescence spectroscopy (PL). The
capped GeO2 nanoparticles showed significantly enhanced luminescence properties compared with those of the uncapped ones.
We attributed this result to the effect of reducing surface defects and enhancing the possibility of electron-hole recombination of
the GeO2 nanoparticles by the PVP molecules. PVP-capped GeO2 nanoparticles have potential application in optical and electronic
fields.

1. Introduction

Germanium oxide (GeO2) is an important semiconductor
material that has attracted much interest owing to its unique
optical property and silica analogue [1, 2]. Moreover, nanos-
tructured GeO2 possesses the superior physical and chemical
properties compared with its bulk counterparts. Nowadays,
it is being widely used in optoelectronic devices, vacuum
technology, and catalysis. For example, GeO2 nanowires
were used in one-dimensional luminescence nanodevices by
Sahnoun et al. [3]. And GeO2 nanotubes and nanorods as an
important optical fibre material have been used in thermal
vacuum test successfully by Jiang et al. [4].

It is well known that GeO2 forms in two stable crystalline
structures at ambient temperature, the α-quartz trigonal
structure and the rutile tetragonal structure [5]. Over
the past decades several properties of α-quartz-type GeO2

have been investigated, for instance blue luminescence and
dielectric properties. Compared with α-quartz-type GeO2,
rutile GeO2 has some unique properties, such as excellent
transmissivity and green luminescence [6–8]. For these
properties, rutile GeO2 has been considered as a potential
material for luminescent device [9]. However, rutile GeO2

nanoparticles, like other semiconductor nanoparticles, have
high surface energy, and they agglomerate or coalesce
extremely quickly [10]. For this reason, many methods
have been used to improve the stability of nanoparticles,
such as changing of annealing temperature and doping of
semiconductor and surfaces capped by various organic or
inorganic layers, [11–13]. Among these methods, polymer
capping as a newly chemical method has been developed
to synthesize nanoparticles with high surface stability and
also has significant influence on the morphology and optical
properties of nanoparticles [14]. Moreover, compared with
the aforementioned methods, it also has several other advan-
tages, such as facile process and gentle reaction conditions
However, the rutile GeO2 modified by PVP had never been
synthesized successfully before. So this is a problem that
should be solved quickly.

In this present work, we report, for the first time, the
synthesis of PVP-capped rutile GeO2 nanocrystals through
a simple hydrothermal process. PVP, which is a water soluble
polymer, was used as capping polymer molecule to stabilize
the GeO2 nanoparticles. Through the surface modification
by PVP, highly monodisperse GeO2 nanoparticles were
prepared, which exhibited highly chemical stability and
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Figure 1: XRD pattern of the uncapped (a) and PVP-capped (b)
GeO2 nanoparticles.

significantly enhanced luminescence. Our study provides a
new hybrid material which has potential application in the
field of nanoscale device.

2. Experimental Section

2.1. Material and Methods. We synthesize the samples
through hydrothermal synthesis method. In a typical prepa-
ration process, 0.1 g GeO2 was added in 15 mL HCl aqueous
solution (PH = 1) in a Teflon-lined autoclave of 20 mL
capacity. The autoclave was maintained at 180◦C for 12
hours and then naturally cooled to room temperature. The
obtained solution was discarded. The powder samples were
then redispersed in distilled water in an ultrasonic bath. The
centrifugation was repeated twice so as to remove the HCl
residue. After that, the powder samples were dried in an
oven at 60◦C for 24 hours in air. Then the powder samples
were added in a Teflon-lined autoclave of 20 ml capacity
again with 15 mL distilled water and 0.2 g PVP. The autoclave
was maintained at 140◦C for 6 hours and then cooled to
room temperature naturally. The centrifugation was repeated
twice so as to remove the aqueous solution PVP again. The
powder samples were dried in an oven at 60◦C for 24 hours
in air. Then PVP-capped GeO2 was obtained. These powder
samples were collected for further characterization. All the
chemical reactants were analytical grade.

2.2. Characterizations Used. The as-prepared products were
characterized using X-ray powder diffractometer (XRD,
Rigaku, D/max-RA), transmission electron microscopy
(TEM, HITACHI H-8100), Fourier transform infrared
spectrometer (FTIR, NA-360), thermogravimetric analyzer
(TGA, Perkin-Elmer), and Raman spectrometer (Renishaw
1000) using excitation wavelengths of 325 nm (He-Cd laser).
Besides, the particle size and distribution were determined
by measuring the maximum diameter of more than 100
particles on the TEM images.

3. Results and Discussion

3.1. XRD. Figure 1 shows a typical powder XRD pattern of
uncapped (a) and PVP-capped (b) GeO2 nanocrystals pre-
pared by the hydrothermal experiments. All the diffraction
peaks could be indexed to rutile structure GeO2 with cell
constants a0 = 4.831 Å and c0 = 5.568 Å. These XRD peaks
are in good agreement with those of the JCPDS card (no. 88-
0285). It indicates that the obtained products are all of pure
rutile phase GeO2. No obvious differences can be observed
in the XRD patterns of the uncapped (Figure 1(a)) and PVP-
capped (Figure 1(b)) GeO2 nanoparticles. This shows that
PVP modification does not influence the structure of GeO2.

3.2. TEM. Figure 2 shows typical TEM images of the non-
capped (Figure 2(a)) and PVP-capped (Figure 2(b)) GeO2

nanoparticles. We also provide the particle size and dis-
tribution histograms of the noncapped (Figure 3(a)) and
PVP-capped (Figure 3(a)) GeO2 nanoparticles. Average sizes
of the uncapped GeO2 are in the range of 700–800 nm
estimated from TEM images (Figure 2(a)). The obvious
aggregation of the uncapped GeO2 nanocrystals may be
due to the high surface energy of the nanocrystals. From
Figure 2(b), the PVP-capped GeO2 nanoparticles had the
same size (about 500 nm) compared with those without
PVP modification. Moreover, we found that there were some
smaller particles appeared in the TEM images. We thought
that these small particles are also done when the GeO2

samples were uncapped with PVP. Because of the aggregation
are much bigger than single particle, especially for the small
size particle. When the small size is particle adsorbed on
the aggregation, it is difficult to find it in the TEM images.
Above all, from the TEM images, we could find that PVP
plays an important role in monodispersion property of the
GeO2 nanoparticles. In this process PVP lowered the surface
energy of the nanocrystals, so capped GeO2 nanoparticles
with monodispersion property were obtained as observed
[15].

3.3. FTIR. The polymer capping of germanium oxide is
confirmed through FTIR spectroscopy. Figure 4 shows typ-
ical FTIR spectra of GeO2 nanoparticles (Figure 4(a)) and
the GeO2 nanoparticles modified with PVP (Figure 4(b)).
The absorption bands around 3400 cm−1 observed in both
spectra are attributed to O-H stretching mode of water and
hydroxyl. The band (Figure 4(a)) at ∼550 cm−1 corresponds
to Ge-OH stretching motion, and the band at ∼899 cm−1

corresponds to Ge-O-Ge stretching motion. The two stretch-
ing vibration bands located at ∼550 and ∼889 cm−1 are
the characteristic peaks of GeO2 crystal [16]. The FTIR
spectrum of PVP-capped GeO2 shows some remarkable
spectral changes. The most prominent and informative
bands in the spectrum of compounds occur in the high
frequency range between 400 and 1900 cm−1. For example
the band at 750 cm−1 replaces the dominant peak of GeO2,
which corresponds to the Ge-O-C bending [17]. The most
convincing evidence from FTIR spectra of the PVP-modified
GeO2 is the absorption peaks at 1265 and 1628 cm−1 which
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Figure 2: TEM images of the noncapped (a) and PVP-capped (b) GeO2 nanoparticles.
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Figure 3: Particle size distribution histograms of the noncapped (a) and PVP-capped (b) GeO2 nanoparticles.
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Figure 4: FTIR spectra of noncapped (a) and PVP-capped (b) GeO2

nanoparticles.

correspond to C-N stretching motion and C=O stretching
motion of monomer for PVP, respectively [18–20]. The
band at ∼680 cm−1 of Ge-O-C indicates that stable bonding
exists between the GeO2 and some organic. Moreover

the absorption peaks at 1265 and 1628 cm−1 occurred in
Figure 4(b), this is due to the presence of PVP [21]. These
previous discussions of the FTIR spectroscopy confirm that
the surface of obtained GeO2 particles is modified with PVP
successfully.

3.4. TGA. The TGA of PVP-capped GeO2 samples was
carried out in an inert nitrogen atmosphere in the tem-
perature range of 50∼900◦C. The heating rate employed
was 20◦C/min. The obtained TGA curve is shown in
Figure 5. A continuous weight loss in TGA from 500 to
700◦C indicates PVP decomposition. This suggests that the
PVP decomposition in GeO2 modified by PVP starts at a
temperature much higher than its synthesized temperature
(∼150◦C). These results indicate that the GeO2 nanoparticles
were also successfully modified with PVP.

3.5. PL Spectra. The PL spectra were recorded with the
excitation wavelength of 325 nm. The PL spectra of the
noncapped (Figure 6(a)) and PVP-capped (Figure 6(b))
GeO2 nanoparticles were shown in Figure 6. Both samples
exhibited an emission band from 570 to 690 nm, but the
relative intensity varied. Contrasting the PL spectra of PVP-
capped and uncapped GeO2 nanoparticles, it is obvious that
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GeO2 nanoparticles.

the emission band of the uncapped particle is quite broad,
and the PL intensity of capped nanoparticles is enhanced
about one order of magnitude stronger than that of the
noncapped ones. This result clearly justifies that the PVP as
the capping agent can significantly enhance the PL intensity
for GeO2 nanoparticles.

As it is known, the emission band was assigned to
the surface trap-induced fluorescence, which involved the
recombination of electrons trapped inside a germanium
vacancy with a hole in the valence band of the GeO2

nanoparticles [22]. In our case, the enhanced lumines-
cence properties of the capped GeO2 nanoparticles may
be due to the PVP surface modification which may have
the effect of minimizing surface defects and enhance the
possibility of electron-hole recombination [23]. Besides
PVP, other polymers, such as poly(ethylene glycol) (PEG),
cetyltrimethylammonium bromide (CTAB), and oleic acid
were also used. However, PVP was the effective polymer
that could improve the luminescence properties of GeO2

nanoparticles obviously.

4. Conclusion

In summary, we have successfully synthesized monodis-
perse PVP-capped rutile GeO2 nanoparticles, via a facile
hydrothermal process. This result indicates that PVP could
control the morphology of rutile GeO2 effectively. In addi-
tion, the PL intensity of capped nanoparticles is enhanced
about one order of magnitude stronger than that of
the noncapped ones. We suggested that this performance
improvement is due to the PVP surface modification which
has the effect of minimizing surface defects and enhance the
possibility of electron-hole recombination.

Acknowledgments

This paper was supported financially by the NSFC (10979001
and 20773043), the National Basic Research Program of
China (2005CB724400), the Program for the Changjiang
Scholar and Innovative Research Team in University
(IRT0625), the Cheung Kong Scholars Programme of China,
and the National Fund for Fostering Talents of Basic Science
(J0730311).

References

[1] S. Grandi, P. Mustarelli, S. Agnello, M. Cannas, and A.
Cannizzo, “Sol-gel GeO2-doped SiO2 glasses for optical appli-
cations,” Journal of Sol-Gel Science and Technology, vol. 26, no.
1–3, pp. 915–918, 2003.

[2] T. M. Davis, M. A. Snyder, and M. Tsapatsis, “Germania
nanoparticles and nanocrystals at room temperature in water
and aqueous lysine sols,” Langmuir, vol. 23, no. 25, pp. 12469–
12472, 2007.

[3] M. Sahnoun, C. Daul, R. Khenata, and H. Baltache, “Optical
properties of germanium dioxide in the rutile structure,”
European Physical Journal B, vol. 45, no. 4, pp. 455–458, 2005.

[4] Z. Jiang, T. Xie, G. Z. Wang et al., “GeO2 nanotubes and
nanorods synthesized by vapor phase reactions,” Materials
Letters, vol. 59, no. 4, pp. 416–419, 2005.
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[17] R. Fajgar, M. Jakoubková, Z. Bastl, and J. Pola, “Germanium-
containing coatings by IR laser-induced decomposition of
ethoxy(trimethyl) germane and tetramethylgermane,” Applied
Surface Science, vol. 86, no. 1–4, pp. 530–532, 1995.

[18] X. Feng, Y. Liu, C. Lu, W. Hou, and J.-J. Zhu, “One-
step synthesis of AgCl/polyaniline core-shell composites with
enhanced electroactivity,” Nanotechnology, vol. 17, no. 14, pp.
3578–3583, 2006.

[19] X. Lu, L. Li, W. Zhang, and C. Wang, “Preparation and
characterization of Ag2S nanoparticles embedded in polymer
fibre matrices by electrospinning,” Nanotechnology, vol. 16, no.
10, pp. 2233–2237, 2005.

[20] E. Hao and T. Lian, “Buildup of polymer/Au nanoparticle
multilayer thin films based on hydrogen bonding,” Chemistry
of Materials, vol. 12, no. 11, pp. 3392–3396, 2000.

[21] M. Zawadzki and J. Okal, “Synthesis and structure charac-
terization of Ru nanoparticles stabilized by PVP or γ-Al2O3,”
Materials Research Bulletin, vol. 43, no. 11, pp. 3111–3121,
2008.

[22] M. Sahnoun, C. Daul, R. Khenata, and H. Baltache, “Optical
properties of germanium dioxide in the rutile structure,”
European Physical Journal B, vol. 45, no. 4, pp. 455–458, 2005.

[23] S. H. Liu, X. F. Qian, J. Yin, X. D. Ma, J. Y. Yuan, and Z.
K. Zhu, “Preparation and characterization of polymer-capped
CdS nanocrystals,” Journal of Physics and Chemistry of Solids,
vol. 64, no. 3, pp. 455–458, 2003.



Hindawi Publishing Corporation
Journal of Nanomaterials
Volume 2011, Article ID 597954, 9 pages
doi:10.1155/2011/597954

Research Article

Mesoporous Titania Nanocrystals by Hydrothermal
Template Growth

Giuseppe Cappelletti, Silvia Ardizzone, Francesca Spadavecchia,
Daniela Meroni, and Iolanda Biraghi

Dipartimento di Chimica Fisica ed Elettrochimica, Università degli Studi di Milano, Via Golgi 19, 20133 Milano, Italy
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Mesoporous TiO2 nanocrystals have been synthetized by a classical sol-gel route integrated by an hydrothermal growth step using
monomeric (dodecylpyridinium chloride, DPC) or dimeric gemini-like (GS3) surfactants as template directing agents. Adsorption
isotherms at the solid/liquid interface of the two surfactants have been obtained on aqueous dispersion of titania; the nature of the
oxide/adsorbate interactions and the molecules orientation/coarea are discussed. The effects produced by the presence of the two
surfactants on the different morphological (surface area, porosity, and shape) and structural (phase composition and aggregate
size) features of the final TiO2 samples, calcined at 600◦C, are discussed.

1. Introduction

In recent years, the achievement of mesoporous titania nano-
materials, characterized by desired grain size, specific shape,
high surface area, and tailored pore network, has became
fundamental for photocatalytic and photovoltaic applica-
tions [1–4].

Several liquid-crystal templating (LCT) techniques,
exploiting three-dimensional structures of ionic/nonionic
surfactants [5–10] and block copolymers [11–13] have been
proposed to synthesize mesoporous titanium oxides. The
presence of mesoscopic pores in TiO2 for dye-sensitized
solar cells is of great importance; in fact when the pores are
filled with a conducting medium, charge carriers can easily
percolate across the mesoscopic particle network making
the whole internal surface area electronically accessible [14].
However, the fine control of the, often divergent, features of
the material is very complex and the presence of the organic
templating surfactant with the inherent high decomposition
temperature may imply undesired effects. Just for these
reasons, the extension of LCT techniques to pure titanium
oxide has still remained elusive; the fast grain growth of the
oxide, which occurs upon calcination of the surfactant-rich

precursor, provokes, in fact, pore collapse with degradation
of the mesostructure.

Besides the possible promotion of a controlled pore
network, the presence of an amphiphilic molecule can
intervene in different ways by tuning the sample final
morphology. Very interesting is, for instance, the recent work
by Chen et al. [16], where three-dimensionally ordered arrays
of mesoporous titania spheres have successfully been syn-
thesized through opal (ordered closed-packed face-centered
cubic lattice of silica or latex spheres) template and triblock
copolymer (Pluronic P123) as a mesopore-directing agent.
The mean diameter of the titania spheres has been observed
to be ca. 165 nm with a narrow distribution of the mesopore
size in the range of 2–6 nm.

Together with the surface area/porosity, also the grain size
and relative enrichment in the different oxide polymorphs
should be controlled through template routes to promote
the best efficiency of the TiO2-based semiconductors [9, 10].
Crystallite sizes in the range of 10–80 nm are considered
optimal for both optical absorption and electron transport
in the conversion of solar light to electric current, by
dye-sensitized solar cells [14, 17, 18]. Anatase exhibits
the highest activity for photovoltaic applications, while a
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controlled mixture of anatase and rutile or brookite is
reported to produce the best activity in photodegradation
experiments [19, 20]. Mohamed et al. [5] reported that
an hydrothermal treatment in the presence of cationic
surfactants (cetyltrimethylammonium bromide, CTAB and
cetylpyridinum bromide, CPB) as templates may control not
only the surface properties (surface area of 240–418 m2 g−1,
pore size in the range of 23.2–43.7 Å) and morphology (from
nano-sized spheres to cotton fibrils) but also the bulk features
(crystallites size in the range of 10.1–18.2 nm) and phase
composition (rutile phase at 350◦C).

Here we report on the synthesis, of TiO2 nanocrystals,
through a simple process implying a sol-gel starting reaction,
followed by a growth step in solution, performed, also,
in the presence of monomeric or dimeric “gemini-like”
alkylpyridinium surfactants. The latter ones are composed by
two conventional single-tail amphiphilic moieties chemically
connected by spacer groups, usually polymethylene or short
poly(oxyethylene) chains [10, 21]. Recently, many studies
concerning the practical use of gemini molecules appeared
in the literature [22–25], showing that the first speculative
interests were followed by practical applications, due to
their unusual properties, such as the lower critical micellar
concentration (CMC) values, the better adsorption behavior
at both the air/water and the solid/water interfaces with
respect to their single monomers, and the tendency to form
micelles of different shapes and dimensions (i.e., spherical,
rodlike, threadlike, vesicles), even at low concentration, when
compared with similar nongemini surfactants. In this work,
the concentration of surfactants in the ageing solution is
varied in order to produce different conditions of self-
aggregation between the surfactant molecules themselves.
The surfactant/oxide interactions at the solid/liquid inter-
face are evaluated by adsorption isotherms on aqueous
suspension of titanium dioxide. The features of the cal-
cined (600◦C) powders are investigated with respect to the
phase composition/crystallinity, the surface area/porosity,
and morphological aspects to evidence the effects provoked
by the conditions of the particle template growth.

2. Experimental Section

All the chemicals were of reagent grade purity and were
used without further purification; bi-distilled water passed
through a Milli-Q apparatus was used to prepare solutions
and suspensions.

2.1. Sample Preparation. TiO2 particles were obtained by
following a room-temperature sol-gel reaction starting from
Ti(C4H9O)4 and adopting a water/alkoxide molar ratio of
81.7 and a water/propanol molar ratio of 8.5. The xerogel
powders were purified by centrifugation-resuspension cycles
and then powder fractions were aged at 80◦C, at pH 8 (i.e.,
condition of attractive electrostatic interactions between the
oxide and the cationic surfactants), for fixed timelength
(5 h) with different surfactants concentrations: 1–100 mM
and 0.1–50 mM for dodecylpyridinium chloride, DPC (com-
pound 1) and 1, 1′-didodecil-2, 2′-trimetilendipiridinio-dic-
loruro, “gemini spacer 3” GS3 (compound 2), respectively.

After the ageing, the suspensions were dried again at
80◦C. Finally the powders were thermally treated at 600◦C
for 6 hours under an oxygen stream.

2.2. Sample Characterization. Room-temperature X-ray
powder diffraction (XRPD) patterns were collected between
10 and 80◦ with a Siemens D500 diffractometer, using Cu
Kα radiation. Rietveld refinement has been performed using
the GSAS software suite and its graphical interface EXPGUI
[26, 27]. The average diameter of the crystallites, <D>, was
estimated from the most intense reflection of the anatase
(101) and rutile (110) TiO2 phases using the Scherrer
equation [28].

Specific surface areas were determined by the classical
BET procedure using a Coulter SA 3100 apparatus. Desorp-
tion isotherms were used to determine the pore size distribu-
tion using the Barret-Joyner-Halander (BJH) method.

Scanning electron microscopy (SEM) photographs are
acquired with a LEO 1430.

The values of the critical micelle concentration (CMC)
of DPC and gemini surfactants were obtained by conduc-
tometric determinations as a function of the temperature.
Therefore, using as a guideline an average increasing slope
with the temperature of the CMC of DPC and GS3, obtained
from the present results and literature data [15, 21, 29–32],
a concentration range roughly corresponding to a possible
CMC at 80◦C was estimated for both surfactants (18–22 mM,
for DPC and 2–4 mM in the case of GS3).

The adsorption isotherm of GS3 at the TiO2 interface was
obtained under the following conditions: T = 25 ± 0.3◦C;
pH = 8.0 ± 0.2; equilibration time = 4 h; ionic strength
I = 2 × 10−3 M KCl. At the end of the adsorption time, the
surnatant solution was sampled for the residual surfactant
concentration by spectrophotometric characterization at
265 nm for the gemini salt. Data on DPC adsorption on
TiO2, obtained by Koopal et al. [15] are elaborated and
reported for comparison (T = 21 ± 1◦C; pH = 8.0 ± 0.2;
equilibration time = 12 h; ionic strength I = 1 × 10−3 M
NaCl). Adsorption isotherms of the two surfactant molecules
are reported by plotting the surface excess (Γ) as a function
of the final concentration at equilibrium.

3. Results and Discussion

3.1. Adsorption at TiO2-Solution Interface. Figure 1 reports
the experimental adsorption isotherms, at the TiO2 solution
interface, of both monomeric DPC (Figure 1(a), elabo-
rated from data in [15]) and dimeric “gemini-like” GS3
(Figure 1(b)) surfactants. The shape of the two curves is
markedly different. The monomer isotherm (Figure 1(a)) is
S-shaped showing a low adsorbent-adsorbate affinity due
to weak interactions between the surfactant and the oxide
[15]; moreover, it can be proposed that the adsorption
leads to the formation of surface ion pairs, Ti−O−Py+ (the
surface charge of TiO2 at pH 8 is negative), provoking a
partial compensation of the surfactant aromatic charge, in
accordance with our previous XPS results [10]. The curve
pertaining to the gemini (Figure 1(b)), instead, follows the
trend classified in the literature as L-type, which is generally
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associated with coverage of the solid surface by a monolayer
of adsorbate molecules and is characterized by a strong
adsorbent-adsorbate interaction. The higher affinity of the
gemini GS3 for the solid appears also from the larger
adsorbed amounts (Γmax = 7.7×10−5 μmol cm−2) in the
quasiplateau regions with respect to the maximum surface
excess (Γmax = 4.8× 10−5 μmol cm−2) of the monomeric
DPC surfactant. For these reasons, the data relative to
the DPC and GS3 isotherms were elaborated on the basis
of the Langmuir (strong adsorbent-adsorbate interaction,
no lateral interactions between adsorbate molecules) and
the Frumkin-Fowler-Guggenheim (FFG, weak adsorbent-
adsorbate interaction, electrostatic and nonelectrostatic lat-
eral interactions [33–35]) model equations, respectively. The
parameters obtained from the treatment of the data are
reported in Table 1. The linear correlation (R2) is good in
both cases, justifying the choice of the two different model
approaches. The adsorption equilibrium constants (β) and
the relative standard adsorption Gibbs energy (�G0) values
support the dramatic increase in adsorption at the TiO2

surface passing from the monomer to the dimer [36]. In the
case of the DPC isotherm, the lateral interaction parameter
(a) is positive, that is, it represents electrostatic repulsion
interactions between the positive charges of the surfactant
headgroups, in agreement with what reported by Mehrian
et al. [37] in the case of DPC adsorption on clays. They
studied the influence of the electrolyte concentration on

Table 1: Data (β, adsorption equilibrium constant; �G0, standard
adsorption Gibbs energy; a, lateral interaction parameter) from the
elaboration of GS3 and DPC isotherms.

isotherm model R2 β �G0 kJ mol−1 a

DPC FFG 0.97 160 ± 20 −5.6 ± 0.2 3.2 ± 0.2

GS3 Langmuir 0.997 48000 ± 6000 −27.1±0.3 —

the adsorption of DPC on Na-kaolinite; an attractive lateral
term was obtained only in the case of high ionic strength
(100 mM), while repulsion prevailed at lower electrolyte
concentrations (5 and 20 mM).

The limiting areas (å, co-area) for DPC and GS3 (350
and 216 Å2, resp.) at maximum packing (Γmax) calculated
from the surface excess at maximum coverage are higher than
those present in the literature. Ottewill et al. [38] reported
two different values of coarea for DPC molecule, obtained
by surface tension at the air-water interface, in the case of
flat-lying (110 Å2) and vertical (35 Å2) orientations. Thus, on
the basis of these considerations, the present size of adsorbed
DPC molecule could be interpreted as being due to a flat
orientation (sketch inset Figure 1), with the formation of a
diluted film, characterized by electrostatic repulsion between
the charged pyridinium heads. On the contrary, the lower
value of å for the GS3 surfactant could be ascribable to a
vertical orientation (see sketch inset Figure 1) in which, in
agreement with our previous results of adsorption of gemini
zero-spacer on TiO2 [36], only one pyridinic group is directly
involved in the electrostatic interactions with the oxide,
whereas the second one is compensated by its counterion
(Cl−).

Further information concerning the surfactant adsorp-
tion isotherms can be appreciated from the log-log coor-
dinates (Figure 2). The primary advantage of using a log-
log plot is that it amplifies the features of the isotherm at
low surface excess values. The general form of isotherms
plotted in this manner and the morphology of adsorbed
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structures associated with each region are depicted schemat-
ically in the inset of Figure 2. Somasundaran et al. [39, 40]
proposed the four-region model attributed, respectively, to
the adsorption of (I) monomers by electrostatic interactions,
(II) surface aggregates (hemimicelles) up to the substratum
charge compensation, (III) headout molecules by chain-
chain interactions, and (IV) fully formed bilayer. Further
increases in the solution surfactant concentration do not
lead to any further increases in the surface excess. From
the plot (Figure 2), only three regions are appreciable since
the isotherms are limited to monolayer coverage (for both
surfactants, cSURF < CMC) without the complete formation
of bilayers. The surfactant concentration relative to the
beginning of hemimicelle formation is about 1.8× 10−4 M
and 8.0× 10−6 M, respectively for DPC (A point) and GS3
(B point); these values could be compared with the bulk
CMC values (DPC: 1.6× 10−2 M, GS3: 1.5× 10−3 M at 25◦C)
obtained from conductimetric/tensiometric determinations
[15, 21, 29–32], following the criterion reported by Fuer-
stenau and Jang [41] that hemimicelles may occur in about
1/100th of the CMC.

The trend between the two isotherms (the shift along the
x-axis, the variation of the slope in the different regions and
the distribution of surface excesses) is the expected one due
to the presence of a second homologous pyridinic ring in
the case of GS3 species. For both surfactants, the slope of
the plot in the Region I (the Henry region) is unity in the
ideal situation (�G0 is constant) [15]. The initial slope of
the experimental isotherms cannot be determined accurately,
but they are, within experimental error, almost equal to
unity. The slope of the DPC curve increases passing from
Region I to Region II, where hemimicelles form, indicating
that the adsorption is enhanced by the formation of surface

aggregates. This trend is typical for S-shaped isotherms [15].
In the case of the gemini molecules the slope is, instead,
depressed in the region of hemimicelles, possibly due to the
steric hindrance.

3.2. Self-Aggregation Features of DPC and GS3 Surfactants.
It is well known that many physicochemical properties
of a solution show sudden changes when a characteristic
concentration of a surfactant is exceeded. This change is
attributed to the formation of colloidal aggregates and occurs
over a relatively small concentration range characteristic
for the surfactant. The formation of direct micelles of
DPC in water and in aqueous salt solutions has been the
object of numerous studies performed in time by different
experimental approaches. By scattering techniques, DPC is
reported to form in water, globular micelles with aggregation
number of about 20, with a corresponding micellar radius
of about 1.9 nm, comparable with the extended length of a
C12 chain (1.67 nm) [30–32, 42, 43]. Spherical DPC micelles
are not reported to aggregate in tridimensional structures
[31]. The corresponding gemini surfactant (GS3) having
short spacer (n = 3) has a particular behavior since it
binds its counterions more strongly than the “single” does,
as the n-s-n ammonium gemini amphiphiles [44–47]. The
lack of conformational freedom could be the result of the
sharing of one counterion between the two pyridinium head
groups [21]. As a consequence, the short spacer surfactant
(GS3) is probably aggregating in nonspherical micelles, but
in elongated forms, like rods, as reported in the literature
for ammonium gemini surfactants [48–50]. In particular,
Manne et al. [48] found that simmetric gemini C12-s-
C12 (s ≤6) surfactants composed by linear hydrocarbon
tail with quaternary ammonium headgroups may assemble
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Figure 3: Relative phase enrichment in anatase (�) and rutile (�)
TiO2 polymorphs of samples grown in surfactant solutions and
subsequently calcined at 600◦C. (a) DPC, (b) GS3.

in hexagonal cylinders in silicate mesophase and parallel
cylinders at the mica surface with average spacings of 4.2 ±
0.4 nm. Thus, possibly cylinders in hexagonal arrangement
for gemini spacer 3 could also occur at high surfactant
concentrations.

3.3. Structural and Morphological Results of Surfactant-
Assisted Titania Samples. Recently a great interest was
devoted to the growth of titania particles with controlled
morphology and porosity through template and template-
free procedures [51–53]. Yu et al. obtained by a template-
free preparation of TiO2 a fine control of macro and
mesoporosity up to about 500◦C. For higher calcination
temperatures, a total collapse of both surface area and
porosity took place.

In the present work, the effects provoked by the con-
centration of both monomeric (DPC) and gemini (GS3)
alkylpyridinium salts in the growth solution, on the features
of the TiO2 particles are considered. Figure 3 reports the

Table 2: Anatase (A), rutile (R) domain sizes and BET surface area
for all samples.

Sample 〈DA〉(nm) 〈DR〉(nm)
SBET

(m2 g−1)

no SURF 28 — 18

1 mM 20 — 19

10 mM 22 — 19

DPC
25 mM
(∼CMC)

24 — 16

50 mM 32 86 8

100 mM 41 >100 5

0.1 mM 23 — 20

2.5 mM 30 54 16

GS3
5 mM
(∼CMC)

37 63 13

10 mM 44 73 14

30 mM 43 76 11

relative phase enrichment (histograms) at different surfac-
tant concentrations of samples submitted to a hydrothermal
growth step in the presence of the DPC and GS3, subse-
quently calcined at 600◦C. The anatase and rutile amount in
the samples appears to depend on the concentration of the
surfactant in the solution adopted for the ageing. When the
concentration corresponds to the existence of nonaggregated
surfactant units (1, 10 mM for DPC and 1, 2.5 mM for
GS3), the anatase polymorph is prevalent; the crystallite sizes
(Table 2) appear to be smaller than those in the absence of
surfactant. The specific surface areas of the calcined oxide
remain quite the same (Table 2). By increasing the surfactant
concentration at values larger than the CMC (>25 mM for
DPC and >5 mM for GS3), the amount of anatase decreases
and the anatase and rutile structures are almost equally
promoted. The formation of rutile is paralleled by larger
crystallite sizes and lower surface areas (Table 2). Moreover,
the presence of GS3 at higher concentrations seems to
preserve the surface area (11–14 m2 g−1) and to limit the
increase in rutile crystallite sizes (∼75 nm) with respect to
the DPC surfactant (5–8 m2 g−1 and >85 nm, resp.).

These results are considered to be significant since after
a calcination at 600◦C both the surface area and the total
pore volume are still appreciable at variance with samples
prepared by template-free procedures [51–53]. The trend in
Figure 3 is in agreement with the generally reported lower
surface energy of anatase with respect to rutile [54, 55] and
with the consistent finding that the phase transformation to
rutile occurs after the anatase grains have grown to a certain
threshold size, of about 30–40 nm [56]. Actually, during the
hydrothermal step particle growth through Ostwald ripening
can be expected to occur [57]. When the growth occurs in
the presence of a non-aggregated surfactant, the surface of
the precursor particles is shielded from the deposition of
soluble Ti species by the presence of the surfactant film.
The growth is slightly depressed, the particles remain smaller
and stable supporting the formation of anatase. At higher
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Figure 5: N2 adsorption—desorption isotherms of TiO2 samples aged in different surfactant solutions and calcined at 600◦C. (a) DPC, (b)
GS3

concentrations, the micelles may act as carriers for the
soluble Ti containing species promoting the growth. Further,
the micelles may be, also, adsorbed at the surface of different
particles and may therefore promote bridging phenomena
leading to larger particles.

These considerations are closely mirrored by the particle
morphology as apparent in SEM micrographs (Figure 4).
In the case of the sample prepared in the absence of
the surfactant (Figure 4(a)), small spheroidal particles with
an average size of about 30 nm grouped in raspberry-like
aggregates can be appreciated; in the case instead of the
sample grown at high DPC concentration (Figure 4b) the
particles are much larger, with sizes ranging from about
100 nm (single crystals) and to about 200–300 nm as the
result of sintering between crystallites. The large particles in
Figure 4(b), show a particularly smooth surface. This effect
is presumably the result of a surface annealing provoked by
the heat released during the surfactant combustion. In the
case of titania particles grown at high GS3 concentration, the
shape of the aggregates remains spheroidal, characterized by
a diameter of ∼ 60–70 nm.

The mesoporosity induced by micelles and further three-
dimensional organization of both surfactants can be appre-
ciated by the hysteresis loop of the nitrogen adsorption—
desorption isotherm (Figure 5), with respect to the reference
material prepared without surfactant. The hydrothermal
treatment in the presence of DPC micelles (cDPC = 25 mM,
Figure 5 (a)) leads to titania particles with bottle-neck
shaped pores mainly in the range of 6 < d < 10 nm (Figure 6
(a)), comparable with the average diameter of the globular
DPC micelles (∼4 nm) [48]. When the particles are grown
at cDPC > CMC, the shape of hysteresis loops is similar
to the reference sample; the total pore volume increases,
but the fraction of desired mesopores is not relevant. On
the other hand, the presence of GS3 cylindrical micelles
and three-dimensional hexagonal arrangements (sketches in
Figure 6 (b)) produces an increase of total pore volume at
increasing surfactant concentration (Figure 6 (b)), especially
the fraction of mesopores with diameters in the range 6
< d < 20 nm. The shape of the hysteresis loop is typical
of open-ended slit-shaped pores (Figure 5 (a)). A typical
pore size distribution curve for the hydrothermally treated
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TiO2 in the presence of three-dimensional GS3 hexagonal
arrangements is shown in Figure 7. A fairly narrow size
distribution, 6–20 nm, is achieved for the present sample
at variance with the untreated one (calcined at 600◦C),
which shows almost no porosity. This result indicates that
the hydrothermal template treatment of the TiO2 particles
leads to their aggregation with evolution of a mesoporosity
probably arising from the template structure, which is
successively thermally decomposed. Part of the mesoporous

structure can be appreciated in the HRTEM image of inset of
Figure 7.

These results, together with the surface and morphologi-
cal aspects, could be explained by invoking the different local
heat of combustion (during the calcination step) for DPC
and GS3, especially for higher surfactant concentrations.
Possible ordered hexagonal GS3 arrangements with respect
to unstructured spherical DPC micelles with random size
distribution may lead to lower surfactant/oxide ratio in the
template growth, even if the GS3 surfactant is formed by
double aromatic ring.

4. Conclusion

The features of the adsorption isotherms of monomeric
(DPC) and gemini (GS3) alkylpyridinium surfactants at
the TiO2 solution interface are markedly different. DPC
gives rise to a very diluted surface film, characterized by
weak adsorbate/adsorbent interactions and repulsive lateral
interactions. This behaviour is paralleled by a weak self-
aggregation tendency, apparent in the sole formation of
very small, globular micelles and no long range ordered
mesostructures. The behaviour of the gemini, instead, is
typical of strong (chemi- and physi-) interactions with TiO2

occurring in the absence of lateral interactions. The vertical
orientation of the molecule, suggested on the grounds of the
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present adsorption data, is fully consistent with the forma-
tion of elongated rods and further hexagonal arrangements
proposed for gemini surfactant mesostructures.

The above-mentioned specific features of the two sur-
factants are actually the reason why they produce different
effects on the final oxide characteristics, especially on its
mesoporosity.

For growths performed at concentrations larger than
the CMC, very numerous small DPC micelles are randomly
embedded into the oxide, giving rise, during the ensuing
calcinations step, to large heats of combustion, particle
sintering, and an almost uncontrolled mesoporosity.

In the case of gemini, instead, the relevant surfac-
tant/oxide interactions allow the templating function of the
surfactant to significantly occur. The much lower surfac-
tant/oxide ratio than in the case of DPC, inherent in the rods
versus globule structure, leads to a lower heat of combustion
and to controlled particle shape, size, and mesoporosity.
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The nanostructure Ce0.75Zr0.25O2 powders have been successfully synthesized by using the mechanically activated solid-state
chemical reaction method for the first time, with Ce2(CO)3, ZrOCl2·8H2O, and H2C2O4·2H2O as raw materials. The structure
and morphology of Ce0.75Zr0.25O2 powders were characterized to be in the single cubic phase and spherical shape via X-ray powder
diffraction, transmission electron microscopy, X-ray Photoelectron Spectrometer, and BET surface area testing technique. The
average size of particles was measured to be less than 20 nm, and the specific surface area was 85.4 m2/g. The TG-DTA investigation
was used to reveal the possibly chemical reaction mechanism during the synthesis process. The activity of Ce0.75Zr0.25O2 oxide
solution in three-way catalysts was also valued in this work.

1. Introduction

The nanostructure, Ce1−x ZrxO2 materials have drawn
extraordinary research interests in recent years due not only
to its good mechanical and electrical properties [1–4], but
also to the potentials of applications in various fields, such
as the catalysts [5–7], solid oxide electrolyte materials [8–
10], and advanced ceramics [11–13], There have been many
methods to prepare nano-Ce1−x ZrxO2 solid solution, such as
coprecipitation [14, 15], sol-gel [16, 17], high-temperature
calcinations [18], high-energy mechanical milling, and
hydrothermal method [19]. However, the procedure of the
above approaches is so complicated that they are inevitably
limited to apply to industrial and commercial situations.

Although substantial efforts have been exerted to the
development of new synthetic methodologies for both
efficiently making nano-Ce1−x ZrxO2 and greatly lowering
the synthesis costs, big difficulties still exist in the indus-
trialization and productivity of each method. So far, the
mechanically activated solid state chemical reaction method
has gradually become a novel synthesis way that it exhibited

high efficiency and lower cost of water and energy [20]. By
comparing with other methods, the mechanically activated
solid state chemical reaction method was considered to be
a more simple industrial art without needing of plenty of
solvents. In this work, the nanostructured Ce0.75Zr0.25O2 was
prepared by the mechanically activated solid state chemical
reaction method for the first time. The characterization
and properties of nano-Ce0.75Zr0.25O2 were investigated and
determined. Their catalysis efficiency was also checked at the
aspect of potential applications.

2. Experimental

2.1. Preparation

2.1.1. Synthesis of Nano-Ce1−x ZrxO2 Powders. The parti-
cles of nano-Ce0.75Zr0.25O2 were prepared by mechanically
activated solid-state chemical reaction method for the first
time. At first, precursors were prepared by mixing of
ZrOCl2·8H2O, Ce2(CO3)3 and H2C2O4·2H2O at the molar
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ratio of n(ZrOCl2·8H2O): n(Ce2(CO3)3): n(C2H2O4·2H2O)
= 0.25: 0.375: 0.375, then, the precursors were placed into
the ball mill (model No. XQM-4L), operating at the initial
angular speed 150 r/min for 2 hour. The amount of grinding
media was kept a ratio of 10 : 1 to precursors. After one and
a half hours grinding, the surfactant (5% total weight) was
doped into the ball milling pot. At last the white resultant
composition was calcined for 3 hours at the temperature of
600◦C, and the yellow nanoparticles of Ce0.75Zr0.25O2 were
obtained.

2.1.2. Preparation of Catalysts. Catalyst A was mainly com-
posed of the two noble metals totally taking a fraction
0.40% of weight in the three-way catalyst (TWC) [21, 22].
Pd and Rh took 0.25% and 0.15%, respectively. Here the
preparation was briefly outlined Firstly, Ce0.75Zr0.25O2 were
blended with γ-Al2O3 under mechanical mixing, which
only takes 30% of total weight. Secondly, the mixture of
water solutions of PdCl2 and RhCl3 was prepared at the
mass ratio of m(Pd2+) and m(Rh3+) = 5 : 3; then
the mixture of water solutions of Pd- and Rh-contained
salts was loaded into the mixture of Ce0.75Zr0.25O2 and γ-
Al2O3 for necessary reactions by incipient wetness method.
Finally, the composite was calcined at 500◦C for 2 hours and
subsequently reduced at 500◦C under atmosphere of H2 for
2 hours.

Preparation of catalyst B. The preparation process was
almost the same as catalyst A. The difference was that nano-
Ce0.75Zr0.25O2 powders were prepared by coprecipitation
method, within which, Ce(NO3)3·8H2O and ZrOCl2·8H2O
were firstly dissolved inwater, respectively, to form water
solutions both in 0.2 mol/L, and then they were mixed
together. Subsequently, aqueous ammonia in 1 mol/L was
poured into the solutions mixtures until the pH = 9.8 under
continuously stirring. Finally, precipitate was washed and
dried, then calcined at 600◦C for 3 hours.

2.2. Characterization. TG-DTA analysis was performed
based on SPA409PC analytic apparatus operated at the
30 mL/min airflow rate and the 5◦C/min temperature rise
rate. X-ray powder diffraction (XRD) measurements were
made with a Rigaku D/Max-3B diffractometer employing
Cu-Kα radiation. Transmission electron microscopy (TEM)
(JEM-100CXII) was used to study the crystallization prop-
erty and the size of the particles. Particle size distribution
histograms were obtained on the basis of measurements from
about 300 particles. X-ray photoelectron spectra (XPS) were
recorded on an Scanning ESCA Microprobe (Quantum-
2000, PHI) photoelectron spectrometer using Al-Kα radi-
ation under a vacuum environment of 1 × 10−6 Pa. The
binding energy of C1s (284.6 eV) was used for the calibration
of all binding energies. The specific surface area (SBET)
of the products was checked by measuring the adsorptive
capacity of N2 at−196◦C by using full-automatic adsorption
instrument ASAP2010M.

2.3. Catalysis. As for the activity of catalysts, it was evaluated
by monitoring the contents of five components such as NO,

20 30 40 50 60 70 80 90
In

te
n

si
ty

(a
.u

.)
2θ (deg)

Ce0.25Zr0.75O2

Ce0.5Zr0.5O2

Ce0.68Zr0.32O2

Ce0.75Zr0.25O2

Ce0.32Zr0.68O2

Figure 1: XRD spectra of CexZr1−x O2 solid solutions.
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Figure 2: TG-DTA curves of the precursors.

CH, CO, O2, and CO2 in automobile exhaust gas by using
gas chromatograph (GC 9790) and the automobile exhaust
analytic system(FGA-4100), with the reference exhaust com-
posed of ϕ(NO) = 0.1%, ϕ{CH[V(C3H8) : V(C3H6) =
1 : 1]} = 0.1%, ϕ(CO) = 1.5%, and ϕ(O2) = 1.37% in
volume fraction. The instruments were run with He as buffer
gas at S.V. = 40000 h−1 and air/fuel (A/F) ratio of 14.6. The
temperature rise rate was set at 10◦C per minute. The rate of
conversion could be calculated as following:

X = σ0 − σ1

σ0
× 100%, (1)

where X denotes the rate of conversion, σ0 and σ1 stand by
the starting volume fraction and final volume fraction of
gases, respectively.
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Figure 3: TEM images of Ce0.75Zr0.25O2 produced under surfactants (a) Tween-60, (b) neopelex, (c) PEG-400, and (d) CTAB.

Table 1: Different molar ratios of raw materials correspond to different products and particle size.

Sample No. Molar ratio of raw materials
ZrOCl·8H2O:Ce2(CO3)3:C2H2O4·2H2O

Product
Crystal volume

(nm3)

1 0.25 : 0.375 : 0.375 Ce0.75Zr0.25O2 0.15141

2 0.32 : 0.34 : 0.48 Ce0.68Zr0.32O2 0.14595

3 0.5 : 0.25 : 0.75 Ce0.5Zr0.5O2 0.14310

4 0.68 : 0.16 : 1.02 Ce0.32Zr0.68O2 0.14198

5 0.75 : 0.125 : 1.125 Ce0.25Zr0.75O2 0.14012

3. Results and Discussion

3.1. Determination of Solid Solution Manner. Figure 1 and
Table 1 displayed that XRD patterns of the final products
prepared from the different ratio of raw materials, and the
corresponding crystal volumes, respectively. As can be seen,
the crystal volume decreases gradually with the increment of
the concentration of Zr4+ ions. In general, there are two ways
that Zr4+ions could be doped into the crystal lattice of CeO2,
one is that Zr4+ is filled into the crystal lattice in the form of
gap ions, the existence of Zr4+ ion thus causes a vacancy of
Ce4+, leading to enlargement of the volume of Ce1−x ZrxO2

crystal cell. The other is that Zr4+ fully substituted for Ce4+

leading to the compactness of the crystal lattice as the ionic
radius of Zr4+(0.079 nm) is less than that of Ce4+ (0.092 nm).
The experimental results obviously showed that the lattice
constant (dXRD) declined with the increasing amount of Zr4+,
in accordance with the second doping manner of Zr ions,
namely, Ce4+ ions in CeO2 were partially replaced by Zr4+

in the Ce1−x ZrxO2 solid solution, resulting in the reduction
of the crystal volume.

XRD patterns of Ce0.75Zr0.25O2 solid solution in Figure 1
indicated that Ce0.75Zr0.25O2 solid solution has a crystal

structure in a cubic phase. From the analysis of XRD pattern,
we could calculate the dXRD and the degree of crystallization
(Xc). The Xc was calculated according to

Xc = Ic
Ic + Ia

× 100%, (2)

where Ic denotes the area of crystallinity phase, and Ia stands
for the area of amorphous phase. As a result, the dXRD and
the degree of crystallization (Xc) were obtained to be 14.46
nm and 95.3%, respectively. No peak of impurity was found
in the XRD patterns referenced by the standard card 28-271
in Powder Diffraction File (PDF).

3.2. TG-DTA Analysis. The TG-DTA data were plotted in
Figure 2. The TG curve displayed three main stages through
the whole process. Loss of free water from precursors surface
firstly took place at about 116◦C. A further loss of weight
followed, as seen from the exothermic peak on the DTA
curve at 170◦C. Continuous loss of water from oxalate and
heat decomposition of excessive oxalic acid resulted in the
reduction of weight. The loss of weight was up to about 22%
after this step. Then the heat decomposition of oxalate began
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Table 2: Referenced binding energy of Zr 3d, Ce 3d, and O 1s in oxides [23].

Element Core level Oxide Binding energy/eV

Zr 3d5/2 ZrO2 183.1

Zr 3d3/2 ZrO2 185.5

Zr 3d3/2 ZrO2/(CeOx+Y2O3+ZrO2) 182.6

Ce 3d5/2 Ce2O3/(CeOx+Y2O3+ZrO2) 885.6

Ce 3d3/2 Ce2O3/(CeOx+Y2O3+ZrO2) 903.7

Ce 3d5/2 CeO2/(CeOx+Y2O3+ZrO2) 882.4

Ce 3d3/2 CeO2/(CeOx+Y2O3+ZrO2) 900.9

Ce 3d5/2 CeO2 881.8

Ce 3d3/2 CeO2 916.7

Ce 3d5/2 Ce2O3 880.7

O 1s CeO2/(CeOx+Y2O3+ZrO2) 530.0

O 1s Ce2O3/(CeOx+Y2O3+ZrO2) 532.0

Table 3: Light-off temperature of catalysts A and B.

Catalyst T50 (CH)/◦C T50 (CO)/◦C T50 (NO)/◦C

A 295.7 239.1 230.6

B 293.2 239.2 231.8

and lasted from 240◦C to 600◦C, resulting in the reduction
of the precursors weight by 26.5%, which was basically
consistent with the theoretical the loss of weight of 27.7%.
According to the TG-DTA analysis, the following chemical
reactions occurred within the process of heat decomposition:

ZrOC2O4 · 2H2O + O2 −→ ZrO2 + 2CO2 ↑ +2H2O, (3)

2Ce2(CO3)3 + O2 −→ 4CeO2 + 6CO2, (4)

(1− x)CeO2 + xZrO2 −→ Ce1−xZrxO2, (5)

Equations (3) and (4) indicated the heat decomposition
reactions, whilst (5) showed the stoichiometric reaction
without the loss of weight. As shown in Figure 1, Ce2(CO3)
was not involved in the reaction with H2C2O4·2H2O,
only ZrOCl2·8H2O reacted with H2C2O4·2H2O during the
process of ball milling.

3.3. Influence of Surfactant. In order to avoid the aggregation,
the influence of surface active agents onto the product was
also investigated. TEM images of the nanosized samples,
prepared under the introduction of different surface active
agents to the precursors, were shown in Figure 3, indicating
the effect of different surfactants onto the crystallization
property and the size of the particles. The cationic surfactant
of hexadecyl trimethyl ammonium bromide (CTAB) showed
no distinct effect. The anionic surfactant of neopelex made
the particles size rise up to 37.4 nm. On the contrary,
the neutral surfactants PEG-400 and Tween-60 enabled the
particles to maintain relatively small sizes of less than 25 nm

and more homogeneous distributions. With tween-60 as
surfactant, the property of the particles was superior to those
prepared under other surface active agents. The experimental
results demonstrated that the particles were in more uni-
formly spherical shape with homogeneous dispersion. The
average size of particles was obtained to be less than 20 nm,
and the SBET was 85.4 m2/g, obviously larger than the SBET

of 60.2 m2/g, 76.9 m2/g, and 69.7 m2/g, corresponding to
surfactants (b), (c), and (d) in Figure 3.

The experimental results also indicated that the neutral
surfactant could effectively prevent the aggregation of par-
ticles such that the particle size could be well controlled.
The nonionic surfactant was hardly affected by the inorganic
ions during the grind and could facilitate the formation
of hydrogen bond, thus a protectively hydrophilic film was
easily formed on the surface of the powder. The hydrophilic
film enabled the powders to have spatially steric hindrance
and electrostatic effects, preventing product particles from
aggregation into large size. However, the cationic surfactant
could easily react with the H2C2O4·2H2O due to the
alkalinity, so that no obvious effect was brought onto the
particles. The anionic surfactant could cause the rising of the
particles sizes.

3.4. XPS Analysis. The XPS spectra of Zr 3d, Ce 3d, and
O 1s in Ce0.75Zr0.25O2 oxides were displayed in Figure 4.
The binding energies of Zr 3d, Ce 3d, and O 1s in
oxides were listed in Table 2 for reference and comparison
[23]. Based on the fitting of XPS spectra with a Gaus-
sian shape, we obtained the binding energies (Eb) of Ce
3d5/2 and Ce3d3/2 to be 882.42 eV and 900.85 eV, respec-
tively, comparatively close to the reference Eb(Ce3d5/2) =
884.98 eV and Eb(Ce3d3/2) = 903.68 eV measured in
solid solution of oxides CeO2/(CeOx+Y2O3+ZrO2) and
Ce2O3/(CeOx+Y2O3+ZrO2), respectively. So it was reason-
able to believe that both Ce3+ and Ce4+ exist in the
products. Eb (Zr 3d) was measured to be 182.6 eV, equal to
the binding energy of Zr 3d in ZrO2/(CeOx+Y2O3+ZrO2).
As for the Eb (O 1s), two binding energies, 529.98 eV
and 532.03 eV, were obtained, corresponding to 530.0 and
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Figure 4: XPS spectra of Zr 3d, Ce 3d and O 1s in Ce0.75Zr0.25O2.

532.0 eV in solid solution of CeO2/(CeOx+Y2O3+ZrO2) and
Ce2O3/(CeOx+Y2O3+ZrO2), respectively. These facts proved
that the products prepared by mechanically activated solid
state chemical reaction to be in the state of solid solution of
oxides, which was favored by the XRD results.

3.5. Evaluation of Catalyst. Catalyst A and B were used
to decontaminate the automotive exhaust. The catalysis
efficiency was determined by monitoring the contents of
greenhouse gas, such as NO, CH, and CO, through the
conversion rate. The conversion rates in percentage of NO,
CH and CO have been calculated according to (1) and shown
in Figure 5. The light-off temperatures (T50) of the above
gases were listed in Table 3. As seen from Figure 5 and
Table 3, no obvious difference could be found between the
two catalysts, except for the fluctuation of 1 ∼ 2◦C at the
light-off temperature. Although the two catalysts, prepared
by different methods, they almost had the same catalysis
function. The mechanically activated solid state chemical
reaction method still possessed obvious advantages of easily
manufacturing, energy saving, and less solvent, indicating its
promisingly commercial and industrial potentials.
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Figure 5: The catalysis activity of catalyst (a) and (b).

4. Conclusion

In summary, Nano-Ce0.75Zr0.25O2 powders were prepared by
using the solid-solid chemical reaction method under the
action of mechanical power. The products were determined
to be in the single-cubic-phase. The particles were found to
be in more spherical shape with the average size less than
20 nm, the better specific surface area of 85.4 m2/g, and more
uniform dispersion.

The effects of surfactants employed in the synthesis
process of the products have also been investigated. The facts
proved that Tween-60 and PEG-400 had better effects on the
control of particle sizes.

The mechanically activated solid state chemical reaction
method possessed obvious advantages in manufacturing,
energy-saving, and less solvent.
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Application of “green chemistry” concept to synthesize nanomaterials is the current goal in developing new techniques for
producing materials in commercial scale. In this study, we reported a low-cost and convenient method for synthesizing high-quality
NaYF4:Yb,Er(Tm) nanocrystals (NCs) in liquid paraffin. Experimental results indicated that the as-prepared NCs possessed pure
β-phase structure, narrow size distribution, as well as strong up-conversion fluorescence. By varying the doped lanthanides, Er or
Tm, the emission color of up-conversion fluorescence was tunable. In comparison to other high-boiling-point organic solvents,
liquid paraffin is cheaper and prolific in oil industry. Besides, 280◦C was the optimal temperature for NaYF4:Yb,Er(Tm) synthesis,
which was lower than that in the previous reports using other high-boiling-point organic solvents. Accordingly, this user-friendly
method will facilitate the synthesis of high-quality lanthanide-doped NaYF4 NCs in commercial scale.

1. Introduction

During the past decade, significant attentions have been paid
on up-conversion luminescent nanocrystals (NCs) owning
to their unique property, which absorbs two or more lower
energy exciting photons but emits one higher energy photon
[1–4]. In contrast, conventional down-conversion organic
dyes and quantum dots emit only through adsorbing higher
energy exciting photon [5, 6]. Consequently, it is capable for
up-conversion NCs to generate visible emission by near-IR
(NIR) excitation. This property makes them applicable both
in academic studies and technical applications, such as solid
lasers, light emitting devices, bio-labeling, biological assays,
high throughout screening, and low intensity IR imaging
[1–5, 7]. In addition, due to the atomic like emissions, up-
conversion NCs usually possess sharp luminescence bands
and immunize to photo-bleaching [8–11]. Furthermore,
NIR exciting sources are cheaper and easier to obtain in
comparison to UV-visible ones [12]. These advantages make
up-conversion NCs become alternatives to organic dyes
and quantum dots, especially in biological applications
[1, 13–17].

Among various up-conversion NCs, lanthanide-doped
NaYF4, such as Yb/Er or Yb/Tm codoped NaYF4, is becoming
the focus, because NaYF4 host materials have low vibrational
energy, low nonradiative decay rate, and high radiative emis-
sion rate, which are the prerequisites to achieve high lumi-
nescence [18–20]. To date, lanthanide-doped NaYF4 NCs are
prepared mainly via colloidal chemistry routes, including
coprecipitation, thermal decomposition, hydrothermal, or
solvothermal synthesis, and sol-gel processing [4, 5, 21–24].
The thermal decomposition strategy is the most successful
method for synthesizing high-quality NCs, represented by
the highly crystalline phase and narrow size distribution
of the products [3, 25]. Since a separated nucleation and
growth of NCs is achievable just through manipulating the
reaction temperature, it further allows for controlling NC
size, shape, as well as crystal structure [26–28]. However, the
raw materials used in thermal decomposition method are
expensive and air-sensitive, and the synthesis is operated at
high temperature, such as at 320◦C and generates toxic by-
product [25, 29, 30]. For the synthesis of NCs in commercial
scale, it requires to develop synthetic techniques close to
“green chemistry” concept, such as using environment- and
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user-friendly solvents, saving energy, and avoiding waste
[31].

In this study, we demonstrated a nearly “green chem-
istry” and mild method for synthesizing high-quality
NaYF4:Yb,Er(Tm) NCs with pure β-phase crystal structure.
A cheap and user-friendly solvent of liquid paraffin was
chosen as the reaction medium. The as-prepared NCs
exhibited strong NIR-to-visible up-conversion luminescence,
which was tunable by varying the codoped lanthanides.
Besides, experimental result indicated that 280◦C was the
optimal temperature for NaYF4:Yb,Er(Tm) synthesis, lower
than that in the previous reports using other high-boiling-
point organic solvents.

2. Materials and Methods

2.1. Materials. Sodium hydroxide (NaOH), ammonium flu-
oride (NH4F), ethanol, methanol, oleic acid (OA, tech-
nical grade, 90%), liquid paraffin, yttrium chloride hex-
ahydrate (YCl3·6H2O, 99.9%), ytterbium chloride hexahy-
drate (YbCl3·6H2O, 99.99%), erbium chloride hexahydrate
(ErCl3·6H2O, 99.9%), and thulium chloride hexahydrate
(TmCl3·6H2O, 99.9%) were all commercial products and
used as received.

2.2. Synthesis of NaYF4:Yb,Er(Tm) NCs. NaYF4:18%Yb,
2%Er NCs were synthesized following this project:
YCl3·6H2O (0.2420 g), YbCl3·6H2O (0.0700 g), and
ErCl3·6H2O (0.0076 g) were mixed with 6 ml OA and
15 ml liquid paraffin in a 100 mL three-necked flask and
degassed at 100◦C for 1 h under vacuum. After cooled
down to room temperature, a solution of NaOH (0.1 g)
and NH4F (0.148 g) in 10 ml methanol was added and the
mixture was degassed at 100◦C for 30 min again under
vacuum. With the protection of N2, the mixture was
gradually heated to 280◦C and kept at this temperature for
1 h under vigorous magnetic stirring. Then the products
were precipitated through the addition of ethanol and
washed with ethanol/water (1 : 1 v/v) for three times at room
temperature. Finally, the resultant mixture was separated
by centrifugation, and the precipitates were collected
without any size-selection process. The resultant NCs were
redispersible in various nonpolar solvents, such as hexane
and toluene. Following a similar procedure, except using
TmCl3·6H2O instead of ErCl3·6H2O, NaYF4:Yb,Tm NCs
were synthesized.

2.3. Characterization. Transmission electron microscopy
(TEM) was conducted using a Hitachi H-800 electron
microscope at an acceleration voltage of 200 kV with a
CCD camera. High-resolution TEM (HRTEM) imaging was
implemented by a JEM-2100F electron microscope at 300 kV.
X-ray powder diffraction (XRD) investigation was carried
out by using Siemens D5005 diffractometer. Up-conversion
fluorescence spectra were performed with a Hitachi F-4500
fluorescence spectrophotometer with a 980 nm laser at room
temperature.

3. Results and Discussion

In our method, liquid paraffin was used as the reaction
medium for synthesizing NaYF4:Yb,Er NCs. Figures 1(a)
and 1(b) showed the TEM images of the as-prepared
NaYF4:Yb,Er NCs. Under TEM, isolated NCs with spher-
ical morphology were observed, which suggested that the
adsorption of the capping ligand of oleic acid on the crystal
surface prevented the further aggregation of NaYF4 toward
macroscopic crystals, leading to the formation of NCs. NCs
also possessed very narrow size distribution with an average
diameter of 30 nm and the deviation less than 5%. HRTEM
image indicated that the NCs were single crystal, with an
interplanar distance of 0.52 nm (Figure 1(c)), which was
consistent with the (100) plane of β-phase NaYF4 bulk
crystals (viz. 0.516 nm) [32]. The selected area electron
diffraction pattern exhibited a series of diffraction rings,
which was consistent with the (100), (110), (111), (201),
(311), and (321) planes of β-phase NaYF4 (Figure 1(d))
[2, 32, 33]. Furthermore, as shown in Figure 1(e), the XRD
peak positions and relative intensities of the as-prepared
NCs were well agreed with the corresponding values of β-
phase NaYF4 (JCPDS standard card no.028-1192) [30, 32–
35].

The as-prepared NCs could be facilely separated from
liquid paraffin by centrifugation and redispersible in non-
polar solvents, such as hexane and toluene, making it
possible for spectral characterization. Figure 2 showed the
up-conversion fluorescence spectrum of a hexane solution
with 1wt% NaYF4:Yb,Er NCs, which was excited by 980 nm
NIR laser. Four emission peaks, respectively at 408, 520, 539,
and 651 nm, were observed. These emissions were generated
by the transitions between the energy levels 4H9/2, 4H11/2,
4S3/2, and 4F9/2 to 4I15/2 of Er3+ (Figure 3) [1, 20, 36]. In
this context, the transition between 4S3/2 and 4I15/2 was
the strongest, corresponding to the 539 nm emission. As a
result, the solution of NaYF4:Yb,Er NCs presented a green
emission under 980 nm excitation (Figure 2 inset). Note that
the generation of the emission related to an up-conversion
mechanism, namely, absorbing two 980 nm photons but
emitting one higher energy photon. The efficiency of up-
conversion fluorescence strongly depended on the crystal
phase of the NCs. As reported previously, NaYF4:Yb,Er NCs
had two different crystal phases, α-phase and β-phase. The
up-conversion efficiency of β-phase is greatly stronger than
that of α-phase. In the current synthesis, moreover, the as-
prepared NCs possessed a pure β-phase (Figure 1(e)), lead-
ing to the strong up-conversion fluorescence [37]. Overall,
the highly crystalline structure, narrow size distribution, and
strong up-conversion fluorescence of the products indicated
that the NaYF4:Yb,Er NCs synthesized in liquid paraffin
possessed a high quality, which was comparable to the
corresponding NCs synthesized in the conventional solvent
of octadecene (ODE) [2, 3, 38].

The growth temperature greatly influenced the size
monodispersity and the crystal phases of the as-prepared
NaYF4:Yb,Er NCs. As shown in Figure 1(b), NCs synthe-
sized at 280◦C possessed the best size monodispersity,
whereas the increase of reaction temperature from 280
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Figure 1: (a) Low- and (b) high-magnification TEM images, (c) HRTEM image, (d) selected area electron diffraction, and (e) XRD pattern
of NaYF4:Yb,Er NCs synthesized at 280◦C.

to 320◦C obviously decreased the size monodispersity
(Figure 4). Besides spherical particles, anisotropic nanorods
were also observed (Figure 4(b)). It should be mentioned
that the optimal temperature for synthesizing monodisperse
NaYF4:Yb,Er NCs in ODE was 320◦C, 40◦C higher than in
liquid paraffin. This difference was attributed to the different
viscosity of them. The viscosity of liquid paraffin was lower
than that of ODE due to the shorter alkyl chains of liquid
paraffin, thus facilitating the diffusion of various atoms and
molecules at a given temperature. According to the classical
model of NC growth in high-boiling-point organic solvents,
the growth rate, size distribution, and morphology were

mainly dominated by a diffusion-limited process [1, 4, 39].
In brief, NC growth was the equilibrium of kinetics and ther-
modynamics. If atoms and molecules had lower diffusion
rate, the deposition of them on NC surface would follow
thermodynamics-favored process, namely, growth with less
face selectivity. It led to quasispherical particles. In contrast,
higher diffusion rate made the atom stacking have face
selectivity via kinetics-favored process. The growth along
high energy faces resulted in anisotropic NCs as well as poor
size distribution [1, 34, 39]. Since the diffusion rate of atoms
and molecules in liquid paraffin was higher than those in
ODE at a given temperature, it was comprehensible that the
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Figure 3: Schematic illustration of the transition energy levels of
NaYF4:Yb,Er and NaYF4:Yb,Tm NCs.

optimal temperature for synthesizing NaYF4:Yb,Er NCs in
liquid paraffin should be lower than in ODE.

As indicated in the previous reports, high growth tem-
perature facilitated the formation of β-phase NaYF4:Yb,Er
NCs. So, the conventional synthesis was operated at 320◦C.
However, in our method, the as-prepared NaYF4:Yb,Er NCs
synthesized at 280◦C already had pure β-phase. Control
experiment showed that below 280◦C, the as-prepared NCs
were the mixtures of α-phase and β-phase, indicating 280◦C
was the lower limit of temperature to obtain pure β-phase
NCs. This result revealed an advantage using liquid paraffin

200 nm

(a)

200 nm

(b)

Figure 4: TEM images of NaYF4:Yb,Er NCs synthesized at 300 (a)
and 320◦C (b).

as solvent, namely, the capability to synthesize high-quality
NCs at relative low reaction temperature.

Current method was also extendable for synthesizing
up-conversion NCs doped with other lanthanides, such as
NaYF4:Yb,Tm. As shown in Figure 5(a), NaYF4:Yb,Tm NCs
also possessed very narrow size distribution with an average
diameter about 30 nm, which was similar to NaYF4:Yb,Er
NCs. HRTEM image indicated that the as-prepared NCs had
highly crystalline structure, and corresponding to β-phase
NaYF4 crystals (Figure 5(b)) [32]. Figure 5(c) showed the
up-conversion fluorescence spectrum and fluorescent image
of NaYF4:Yb,Tm NCs. Four emission peaks centered at 451,
475, 644, and 799 nm were observed, which were, respec-
tively, attributed to the transition from the energy levels 1D2

to 3F4, 1G4 to 3H6, 1G4 to 3F4, and 3H4 to 3H6 of Tm3+

(Figure 3) [32, 33, 40]. Besides, the apparent emission color
of NaYF4:Yb,Tm NCs was blue, consistent with the 1D2 to 3F4

and 1G4 to 3H6 transitions (Figure 5(c) inset).

4. Conclusions

In summary, we demonstrated a low-cost and convenient
method for synthesizing high-quality lanthanide-codoped
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Figure 5: (a) TEM and (b) HRTEM images of NaYF4:Yb,Tm NCs. (c) Up-conversion fluorescence spectrum of NaYF4:Yb,Tm NCs. Inset:
the corresponding fluorescent image.

NaYF4 NCs in liquid paraffin. The as-prepared NCs pos-
sessed good crystalline structure, narrow size distribu-
tion, and strong up-conversion fluorescence. The color of
up-conversion fluorescence was tunable by codoping differ-
ent lanthanide, such as Yb/Er and Yb/Tm. In comparison
to other high-boiling-point organic solvents, liquid paraffin
is cheaper and prolific in oil industry. Besides, 280◦C
was the optimal temperature for the current synthesis,
which was lower than that in the previous reports using
other high-boiling-point organic solvents. Consequently, this
user-friendly method will facilitate the synthesis of high-
quality lanthanide-codoped NaYF4 NCs in commercial scale.
Further investigations are underway to synthesize various
rare-earth fluoride NCs as well as control their morphologies
in liquid paraffin.
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ZnO nanocrystals can be synthesized by a variety of methods. Among them, only a few nonhydrolytic methods have been successful
at low synthesis temperatures in terms of size, crystallinity, morphology and surface-defect control. These methods require very
careful control of conditions and carefully engineered precursors. A new methodology—direct liquid phase precipitation—is
reported here that can produce nanocrystals (NCs) which are a little difficult to obtain for these complex synthesis techniques
in a more facile and efficient way (i.e., at room temperature). This technique results in high quality ZnO nanocrystals of diameter
5–12 nm and different morphologies. Characterisation of ZnO products shows that both synthesis and ageing conditions have
significant effects on the formation of the nanocrystals. Capping agents and ageing temperature/time can be used to control both
size and crystallinity of the products. The use of in situ or ex situ ageing conditions can result in different particle morphologies.
Both in situ and ex situ ageing shows that mild ageing conditions (e.g., 60–80◦C and 24–48 hours) are required to produce the
highest quality nanomaterials.

1. Introduction

ZnO semiconductor nanocrystals (NCs) are receiving much
attention due to their novel optical [1–3] and electronic
properties [4] and applications in solar cells [5, 6], light
emitting diodes [7, 8] and catalysis [9]. Recent advances in
charge transfer doping to make band gap variable nanocrys-
tals [10–14] further enhance their potential as components
of future nanotechnology. One of the key features in this
system is the use of surface organic capping moieties which
facilitate control of the unique properties which arise in the
nanometre size scale regime.

A key ingredient for the study and applications of ZnO
NCs is a reliable synthetic route to high-quality materials.
While ZnO nanocrystals can be synthesized by a variety
of methods, the most successful in terms of controlled
size, size-dispersion and crystallinity has been the high-
temperature decomposition of organometallic precursors in
a coordinating solvent [15–17]. However, these methods
usually require complex laboratory equipment and use
expensive precursors. Experiments are strictly engineered by
choice of ligands and solvents so that the zinc precursor
complex is stable at low temperatures but unstable at higher

leading to particle development. The solvents used must
have relatively high boiling point and be inert to either
the precursors or the products. Recently, there have been
several reports of solution-phase synthesis of ZnO colloids
at low temperature, mainly based on the hydrolysis of
zinc salts [18–20] or zinc alkoxides [21, 22] (in organic
solvents) and on electrochemical routes [23, 24]. The use of
advanced engineered polymer templates [25–27] and reverse
micelles [22, 28] have also been exploited in order to control
both particle morphologies and sizes. However, unless
extreme thermal treatments are applied after the synthesis,
such preparative routes provide nanocrystalline ZnO with
hydroxylated surfaces and/or organic molecules that can
significantly affect material properties. This is important
as surface-related defects account for both radiative and
nonradiative decay channels competing with the ZnO band-
edge emission [29], while surface-bound molecules [30, 31]
or acid-basic sites can influence emission properties as well as
redox potentials and interfacial electron-transfer rates [32].

Because of the limitations of the methodologies used thus
far, there is a clear requirement to develop simple synthetic
nonhydrolytic approaches coupled to the use of so-called
capping ligands that coordinate to the surface and limit
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growth whilst controlling surface chemistry (e.g., passivation
of surface traps, particle dispersion in solvents, etc.). The goal
of many studies is to provide a facile methodology, using
common chemicals and laboratory apparatus to achieve size,
shape, crystallinity and surface defect control by in situ
synthesis and functionalization in a simple, cost-effective,
and convenient way. The direct liquid phase precipitation
(DLPP) strategy [33, 34] developed recently by us provides
a facile, nonhydrolytic way to synthesize most binary or even
ternary metal oxides at room temperature (RT). In this paper
modification of this strategy is demonstrated for the synthe-
sis of size monodispersed ZnO NCs at room temperature
(RT). Compared with other low temperature solution phase
approaches, DLPP can produce the ZnO NCs with higher
quality in terms of shape-, size, crystallinity, and surface
detect control whilst being a chemically convenient, efficient
and energy saving (no calcination or heat input required)
method to synthesise ZnO NCs in a readily scalable way.

2. Experimental

2.1. Materials. All chemicals are reagent grade and used
asreceived. Na2O (97%), ZnCl2 (99%), oleic acid (OLA),
methanol, and anhydrous ethanol were purchased from
Aldrich. Hexadecylamine (HDA) was purchased from Fluka.

2.2. Synthesis of ZnO NCs. A typical synthesis consists of
mixing of two prepared solutions. In solution 1, Na2O and
2 mmol of hexadecylamine (the role of HDA is complex
and discussed in detail below) was dissolved into 20 mL
anhydrous ethanol to form a 0.1 M Na2O solution. In
solution 2, ZnCl2 together with oleic acid (OLA) at fixed
molar ratios indicated in the text was mixed in ethanol
to yield a 0.1 M zinc cation solution. Solution 1 and 2
are combined under vigorously magnetic stirring at room
temperature (RT) or as specified for 2 hours. On mixing,
the solution becomes immediately turbid followed by the
formation of white precipitate (nanocrystal aggregates). It is
proposed that the DLPP method involves the direct reaction
of O2− anions with metal cations to yield the metal oxide
[33, 34]. Under continued stirring the solution gradually
becomes clearer (a little cloudy at RT but clearer at the
elevated temperature, e.g., 60◦C) as the as-formed “sticky”
precipitate settles. The resulting white precipitate was aged
in situ in the solution at 60–105◦C for 24–188 h and the
precipitate was collected by filtration (0.2 μm filter paper)
and washed with ethanol and then acetone twice. For ex
situ ageing, the filtrate was dispersed into 10 mL of toluene
which results in rapid redispersion of the precipitate which
was then reformed by the addition of 70 mL of methanol
and the mixture was aged at 60◦C for 10–120 hours. The
precipitate was harvested and washed as described above.
The typical ageing temperature, time, and oleic acid/Zn2+

ratio, unless otherwise stated, refer to 60◦C, 24 hours, and
1 : 2, respectively, in this paper.

2.3. Analyses. The powder samples were analyzed by: a JEOL
2000FX transmission electron microscope (TEM) operating
at 200 kV, a Phillips Xpert MPD X-ray diffractometer (XRD)
using Cu Kα radiation at an anode voltage of 40 kV (with
a high sensitivity X′Celerator detector) and a high perfor-
mance AXIS 165 X-ray photoelectron spectrometer (XPS)
using a pass energy of 20 eV. In addition, UV-vis (ultra-
violet-visible) and photoluminescence spectra were recorded
using a Cary 50 UV-visible spectrophotometer and a Perkin
Elmer LS50B fluorescence spectrometer, respectively.

3. Results and Discussion

ZnO NCs are immediately formed upon the mixing of two
portions of reactant solutions in the one-step synthesis.
It should be noted that the products formed are weak
aggregates of the nanocrystals but these can be rapidly
dispersed in nonpolar solvents. Figure 1(a) shows the in
situ ageing temperature has significant influence on the
nanocrystal (NC) size (note the OLA/Zn2+ molar ratio =
1 : 2). ZnO NCs of 5 nm (using Scherrer formulism) are
produced by synthesis at 60◦C for 24 hours whilst the NC
size increases to about 10 nm are produced when the ageing
temperature is increased to 80◦C. However, the increase of
NC size with ageing temperature is complex (see Figure 1(d))
and crystal size is seen to decrease if the ageing temperature
exceeds 100◦C. Ageing time also affects the NC size and
structure. The NCs grow from 7.5 nm to 10 nm, after the
ageing time changes from 24 to 67 hours at 60◦C as seen
in Figure 1(b). However, this is a maximum size as the NC
size decreases to about 6 nm on extended times (67 h). This
is surprising as the maximum size of bare ZnO NCs formed
in the absence of ligands is expected to be only determined
by the metal cation concentration. It is suggested that this
limited NC size results from competitive solution equilibria
resulting from both the precipitation, and dissolution of
ZnO species in ethanol. These solution equilibria arise from
the presence of the strongly coordinating ligands. Carboxyl-
containing long chain molecules have strong affinity to the
ZnO matter due to the strong interaction between Zn2+ and
carboxyl as they are coordinated in the form of zinc oleate
and stearate salts [35, 36] and form a ligand passivation
shell on the surface of ZnO NCs. The presence of OLA
and HDA can be expected to lead to partially dissolution
(etching) of the nanoparticles. Reactions to consider are the
formation of soluble zinc oleate and the possibility of HDA-
OLA reactions leading to stripping of a protective OLA layer.
As might be expected, the NC size decreases with the increase
of OLA/Zn2+ ratio as shown in Figure 1(c) and it can be
verified that these ligands significantly inhibit the growth of
the ZnO NCs.

The XRD data of the samples prepared with different
OLA/Zn2+ ratio are apparently contradicted by TEM anal-
ysis. The micrographs shown in Figure 2 appear to indicate
that the “nanocrystals” decrease in size with a decrease in
the OLA/Zn2+ ratio. The average particle sizes measured
by TEM are 11.31 (6.1), 4.85 (6.3), 4.88 (6.9) and 4.82
(7.9) nm (standard deviations given in brackets and all date
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Figure 1: X-ray diffraction (XRD) patterns of the OLA-ZnO nanocrystals (NCs). (a) Aged in situ at different temperature for 48 hours with
oleic acid/Zn2+ ratio of 1 : 2, (b) aged in situ at 60◦C for different time oleic acid/Zn2+ ratio of 1 : 2, (c) aged in situ at 60◦C for 24 hours
with different oleic acid/Zn2+ ratio and (d) the nanocrystal size (shown in the parenthesis) under different ageing conditions calculated by
Scherrer’s equation.

are estimated from particle size distributions (PSDs) which
are provided in the supporting information for all TEM data
reported here) as the OLA/Zn2+ molar ratio decreases from
1 : 2, 1 : 4, 1 : 10, to 1 : 20, respectively. This contradiction
between the characterisation methods can be attributed to
the fact that synthesis results in the formation of individual
particles consisting of a few aggregated nanocrystals or
polycrystal grain structures which are observed by HRTEM
(Figure 5(b)). XRD indicates the component nanocrystal
size whilst TEM indicates the total particle size. It can be
seen in the data that increasing OLA/Zn2+ ratio not only
reduces the NC size but also improves the size dispersivity.

This is probably related to the OLA preventing NC growth
which improves size monodispersivity by limiting the growth
process.

The complexity of effects resulting from changes in
in situ ageing time and temperature revealed by XRD are
also observed in the TEM data, as shown in Figures 3(a)–
3(d). It was generally observed that particle size decreases
on extended ageing at similar temperatures (but monodis-
persivity is improved as explained above). An example is
shown in Figure 3(e) for 60◦C ageing where the particle
size changes from 6.1 to 4.7 nm after ageing at 48 and
188 h, respectively. The ageing temperature has a profound
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Figure 2: Transmission electron microscopy (TEM) images of the OLA-ZnO NCs synthesized by different molar ratio of oleic acid to Zn2+:
(a) 1 : 2; (b) 1 : 4; (c) 1 : 10 and (d) 1 : 20. All scale bars are 100 nm.

effect on the shape of the ZnO nanocrystals as revealed in
Figures 3(a), 3(c), and 3(d). At 60◦C ageing temperatures,
the products are generally uniform in shape but at 80◦C
(Figure 3(c)) the crystals become elongated to rod-like
structures. However, at higher age temperatures of 105◦C
more uniform particles are formed presumably because of
ZnO solubility as described above. As seen by XRD, high
ageing temperatures (105◦C, NC size= 5.4 nm) result in a
decrease in the size of the particles compared to lower
temperatures (80◦C, NC size= 8.6 nm). This decrease in
the NC size can also be ascribed to the partial dissolution
of the NCs as described above, since particle dissolution
might be expected to become more important at high
ageing temperature/time. The growth of particles at lower
temperatures appears to result from an Ostwald ripening
mechanism. If the reaction is carried out as usual (60◦C) and
stirred for two hours, subsequent addition of solid ZnCl2
and Na2O (stoichiometric amounts equivalent to those
already present in solution) results in well-sized dispersed
particles (Figure 3(f)) suggesting that the previously formed
nanocrystals “consume” the newly formed smaller size
materials efficiently and all ZnO NCs reach the same size
provided that the ageing time is long enough. Understanding
the high temperature behavior is probably related to the
presence of HDA. Although it is commonly used in ZnO
synthesis, its role of HDA is probably not as a simple
surfactant (particle spacer) or surface complexing agent.
Zhong and Knoll [37] have suggested that it controls particle
morphology by determining the OLA interaction with the
ZnO component. It was found here that HDA molecules

cannot form stable HDA-ZnO complexes and almost all
HDA molecules are removed from the product ZnO during
precipitate washing with only trace nitrogen being observed
by elemental analysis. On the basis of this work, we suggest
that at reaction between HDA and OLA occurs at the highest
age temperatures resulting in removal of the capping OLA
ligands and so promoting ZnO dissolution as postulated
earlier. Evidence for this assertion can be seen in Figures
4(a), 4(b), 4(c), and 4(d). Here, the ex situ ageing which
results in HDA removal prior to ageing shows a simple
variation of nanocrystal size with time. The NC size increases
progressively from 6.8 to 12.1, 13.2, and 13.7 nm after ageing
at 10, 24, 72, and 120 h. Extended ageing only results in a
slow crystal growth, and this is related to decreasing solution
concentration. As might be expected the polydispersity
increases with age time (from a value of around 10 to 15
nm—see supporting information) and is consistent with the
statistical nature of Ostwald ripening.

It should be noted that the OLA-ZnO NCs are highly dis-
persible and readily “soluble” in nonpolar solvents, for exam-
ple, toluene, hexane, and chloroform, and the nanocrystal
aggregates are reformed rapidly from the dispersed NCs
in ethanolic and methanolic solutions. The term “soluble”
is used as these solutions are clear because the dispersed
particle size is well below that required for light scattering
although evidence for small aggregates is present in UV-
vis analysis (as detailed below). During growth the presence
of these nonpolar solvents have dramatic effects of particle
morphology. Figure 5(a) shows typical data from an ex situ
ageing experiment carried out without addition of methanol
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Figure 3: TEM images of the OLA-ZnO NCs obtained under different in situ ageing conditions: (a) 60◦C for 48 hours; (b) 60◦C for 188
hours; (c) 80◦C for 48 hours; (d) 105◦C for 48 hours and (e) the maximum mode of the nanocrystal size distribution from image (a)–(d);
and (f) a sequential addition of metal cations where the reaction is initiated and run for two hours and additional stoichiometric amounts
of Na2O and ZnCl2 solids are added during the extended ageing treatment ( 60◦C for 188 hours). All scale bars are 50 nm.

(i.e., toluene only aged). Well-defined ZnO NCs where
the crystals have flake-like polygonal shape; for example,
rectangle, pentagon, and hexagon are formed. Lattice images
can be observed by high resolution TEM as shown in
Figure 5(b). The interspace distance between two adjacent
white lines is 2.45 Å, and this is in agreement with the known
spacing (1 0 1) planes of the zinc oxide (JCPDF no: 36-1451)
structure (2.48 Å).

As well as the TEM and XRD analysis, spectroscopic
evidence for the formation of ZnO nanocrystals is provided.
UV-vis spectra (Figure 6(a)) of ZnO NCs (60◦C for 188 h
synthesis as described in Figure 3(b)) dispersed in hexane
(following simple treatment in an ultrasonic bath) show a
sharp peak at 230 nm (5.40 eV) and a steep slope centered
at 361 nm (3.43 eV) and both these absorption energies are
significantly higher than that of the bulk ZnO (3.3 eV). The

sharp peak may be ascribed to the monodispersed ZnO
NCs while the slope line corresponds to a UV absorbance
caused by larger NC aggregates [38] that persist in solution.
Figure 6(b) shows three obvious PL emission bands at 380
(3.26 eV), 421 (2.94 eV), and 520 nm (2.38 eV) and can be
observed at two different photon excitation wavelengths
(250 and 300 nm). The peak at 380 nm is attributed to
the recombination though free exciton while the small
peak at 421 nm is probably related to a deep-level carrier
recombination [39]. However, the large broad feature cen-
tered at 520 nm corresponds to the defect-related emission
[40].

An XPS survey spectrum of ZnO NCs (60◦C for 188 h
synthesis as described in Figure 3(b)) as shown in Figure 7(a)
provides elemental analysis and is typical of the materials
prepared here. All X-ray photoelectron peaks are identified
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Figure 5: TEM images of the OLA-ZnO NCs synthesized at 60◦C for 67 hours (a) and the corresponding high resolution TEM image (b).

in the figure and are consistent with the synthesis of carbon
containing ZnO nanocrystals. Any unmarked peaks are from
the complex set of Zn Auger features. There is a very weak
contribution at 1070 eV due to Na (Na1s). The carbon (C1s
peak position centered at 285.0 eV and typical of aliphatic
carbon) is around 85% of the total photoelectron yield and
is as expected for ZnO particles with dense outer ligand shells
of oleic at the surface. Only trace nitrogen (N1s peak at
405 eV) is detected in the XPS spectra and this also conforms
to the results obtained by the element analysis. The Zn2p and
O1s signals are shown in high resolution form in Figure 7(b).
The peak area ratio is consistent with the formation of ZnO
and the binding energy positions (Zn2p3/2= 1022 eV and
O1s= 530 eV) are also typical of ZnO.

4. Conclusions

ZnO nanocrystals with a diameter of 5–12 nm have been
successfully synthesized in a facile, quick, laboratory-friendly
manner via one-step precipitation reaction of Zn2+ and O2−

species in nonaqueous solvents. The presence of both long-
chain amine and oleic acid makes the synthesis controllable
in terms of size, morphology, and crystallinity and highly
solvent dispersible products are, therefore, synthesized. The
results show that both the reaction conditions, for example,
the OLA/Zn2+ ratio and the ageing conditions have profound
effect on the nanocrystal size and dispersivity. The use
of in situ or ex situ ageing conditions can also result in
different particle morphologies. Both in situ and ex situ
ageing showing that mild ageing conditions (e.g., 60–80◦C
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and 24–48 hours) are required to produce the highest
quality nanomaterials. Under the mild ageing conditions, a
longer time, and higher temperature favour the formation
of higher quality NCs while the effect is more complex
when the precipitated nanomaterials is treated under harsher
conditions. The OLA capped ZnO nanocrystals are stable
and highly dispersible in most nonpolar solvents, where
UV-vis absorbance features show a significant quantum
size effect on the monodispersed ZnO NCs whilst PL
emissions demonstrate both size- and defect-related energy
processes.
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Flower-like structure In2S3 particles are prepared by a simple and rapid method. The reaction proceeds in a polyalcohol system
without using any complex precursors. The phase and morphology of the In2S3 are investigated. Furthermore, flower-like structure
CuS particles are synthesized via the reaction of Cu2+ ions with the obtained In2S3 as templates. Both the In2S3 and CuS particles
can be used in preparing compound solar cell material CuInS2.

1. Introduction

Indium sulfide (In2S3) is an important III-VI semiconductor
and exists in mainly three phases: α-In2S3 which is a
defective cubic structure and stable up to 693 K; β-In2S3

which is a defective spinel structure and stable up to
1027 K; γ-In2S3 which is a higher temperature structure and
stable above 1027 K [1, 2]. Among these phases, n-type β-
In2S3 with a band gap of 2.0–2.8 eV has the most wide
applications. In particular, the nanostructure In2S3, owing
to its unique catalytic, optical, electronic, and gas-sensing
properties, can be used in many fields, such as catalysts, solar
cells, optoelectronic devices, luminophores, and acoustic
devices [3–12]. In particular, In2S3 nanostructures could
be used as precursors to fabricate CuInS2 thin film which
is one of the most important thin film solar cells, and
has been widely investigated in last two decades. So far,
various shapes of nanostructure In2S3 have been reported,
such as nanofibers, half shells, nanobelts, nanorods, flower-
like structures, and hollow microsphere [13–17]. Among
these structures, flower-like structure is a kind of 3D
porous structure and has large surface area which will
benefit for the application in catalysts and optoelectronic
devices such as solar cells. Therefore, in recent years,
flower-like structures have been prepared by different tech-
niques, such as templates, surfactants, complex precursors,

solvents, thermal decomposition, or hydrothermal synthesis
[18–22]. However, those processes were complicated, and
most fabricated flower-like In2S3 were larger than 1 μm
in size.

Furthermore, In2S3 nanostructures exist as incompletely
coordinated sulfur atoms and can serve as a host for other
metal ions [8]. It was reported that Cu2+ and Zn2+ could
displace In3+ in In2S3 nanostructures [23]. But, there are few
reports about the synthesis of CuS nanostructures by using
In2S3 as templates.

In this paper, we use a simple and rapid chemical
method to synthesize In2S3 flower-like structures with a
diameter about 300–600 nm. The synthesis proceeds in
polyalcohol system below 150◦C and does not use any
complex agents. Furthermore, the obtained In2S3 are used
as templates to synthesize flower-like CuS structures under
room temperature. Both the In2S3 and CuS can be used in
preparing compound solar cell material CuInS2.

2. Experimental Details

2.1. Chemicals. All the used chemicals are analytical grade:
indium(III) trichloride, InCl3·4H2O; copper(II) dichloride,
CuCl2·2H2O; thiourea (TA); thioacetamide (TAA); hexade-
cyl trimethyl ammonium bromide (CTAB); diethylene glycol
(DEG).
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Figure 1: XRD pattern (a) and EDS spectrum (b) of the In2S3 particles reacting by InCl3 and TA at 140◦C for 60 minutes.
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Figure 2: SEM ((a) and (b)) and TEM (c) images of the In2S3 particles reacting by InCl3 and TA at 140◦C for 60 minutes.

2.2. The Synthesis of In2S3 Particles. The In2S3 particles
are synthesized through the following process. 1 mmol
InCl3·4H2O is dissolved in 35 mL DEG in a three-neck
flask. The solution is stirred under the protection of N2

atmosphere at 140◦C. Then 4 mmol TA or TAA dissolved
in 5 mL DEG is slowly added into the solution. After 30–
60 minutes reaction, the flask is removed from the heater
and cooled to the room temperature. Then the particles are
separated by centrifugation at 6500 rpm for 5 minutes and
washed in ethanol for several times. At last, the particles are
baked under 80◦C for several hours.

2.3. The Synthesis of CuS Particles Using Obtained In2S3

as Template. The obtained In2S3 particles are dispersed in
ethanol by a ultrasonic vibration equipment. Then 1 mmol
CuCl2·2H2O power is added into the solution, reacting by
ultrasonic vibration at room temperature for 30 minutes.
The obtained particles are also washed and dried following
a same procedure as that of In2S3 particles.

2.4. Materials Characterization. The particles are charac-
terized by X-ray diffraction (XRD), scanning electron

microscopy (SEM), and transmission electron microscopy
(TEM).

XRD is carried out to study the crystal structures of all the
samples, by using a X’Pert PRO (PANalytical) diffractometer
equipped with a CuKα radiation source. Data is collected by
step scanning of 2θ from 20◦ to 80◦ with a step of 0.02◦ and
counting time of 1 s per step.

Morphology of the particles is investigated by SEM and
TEM. The SEM images are taken by using a SEM Hitachi
S4800. The compositions of samples are determined by
energy-dispersive X-ray spectroscopy (EDS) attached with
SEM. The operating parameters for EDS are as follows:
acceleration voltage 20 kV, measuring time 80 s, working
distance 15 mm, and counting rate 2.3 kcps. TEM Philips
CM200UT is employed for TEM characterizations.

3. Results and Discussion

Size, shape, and dimensionality strongly affect the properties
of nanomaterials [8]. In this paper, TA and TAA are used as
two kinds of different S sources to synthesize In2S3. Due to
their different release rates of S2− ions, the obtained particles
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Figure 3: SEM ((a) and (b)) and TEM (c) images of In2S3 particles reacting by InCl3 and TAA at 140◦C for 30 minutes.
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Figure 4: SEM ((a) and (b)) and TEM (c) images of the In2S3 particles using CTAB as surfactant reacting at 140◦C for 60 minutes.

may be different in surface morphologies. Besides, we use
CTAB as a kind of surfactant to adjust the shape of the
particles.

The XRD pattern and EDS spectrum of In2S3 particles
via InCl3 and TA reacting at 140◦C for 60 minutes are
shown in Figures 1(a) and 1(b). The similar XRD pattern
by using InCl3 and TAA as reactants has been obtained,
which is not shown in this paper. All the peaks shown in
Figure 1(a) can be readily indexed as a cubic phase of β-In2S3

without any other phase. The peaks are considerably narrow
and strong, which indicates that the obtained particles are
well crystallized. EDS spectrum of the In2S3 particles in
Figure 1(b) shows that the samples are composed by In, S
atoms (Si is from the substrate of the sample).

Figures 2(a) and 2(b) show the different magnification
SEM images of the In2S3 particles reacting by InCl3 and
TA at 140◦C for 60 minutes; and Figure 2(c) is their TEM
image which further confirms the structure. It can be seen
that the In2S3 particles are all flower-like porous structures
with a diameter in range of 300–600 nm, while most of them
are about 500 nm. The “petals” of the flowers are about 10–
30 nm through careful examination.

Figures 3(a) and 3(b) show the different magnification
SEM images of In2S3 particles reacting by InCl3 and TAA
at 140◦C for 30 minutes. Similarly the images show that the

In2S3 particles are also flower-like structures. But compared
with Figure 2, it is found that the flake “petals” are much
thinner, with a thickness of about 5–10 nm. Meanwhile, due
to the thinner petals, leading to much more surface areas,
the particles are conjugated to each other. Furthermore, the
products using TA as S source are more spherical, whereas
the products using TAA as S source are slightly fluffy. The
TEM images which are shown in Figure 3(c) also prove this
result.

For cubic β-In2S3, the crystallites are self-organized into
spherical assemblies with protruding petals with a puffy
flower-like manifestation [17]. TAA has faster release rates of
S2− ions than TA, leading to faster reaction speed with In3+.
This can be seen by the reaction phenomenon (the solution
turns yellow quicker by using TAA). Thus, using TAA has a
very fast growth rate along the petals. Therefore, the petals
seem thinner and the whole flower-like structures are fluffier.

Furthermore, the CTAB is added to adjust and control
the shape of the particles. Figures 4(a) and 4(b) show the
SEM images of the In2S3 particles using InCl3 and TA as
reactants and using CTAB as surfactant. The TEM image is
shown in Figure 4(c). It can be seen that the samples are still
flower-like porous structures with a diameter around 300–
600 nm and with a petal thickness about 10–30 nm. However,
compared with Figure 2, the products get less flake petals,
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Figure 5: XRD pattern (a) and EDS spectrum (b) of the CuS synthesized by the reaction of In2S3 particles and CuCl2.
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Figure 6: SEM ((a) and (b)) and TEM (c) images of the CuS synthesized by the reaction of In2S3 particles and CuCl2.

as well as the bigger pores between the petals. Since CTAB
is a kind of amphoteric surfactant and more tend to act as
cationic surfactant, it is generally used to prepare hollow
structures [24]. In this reaction, the CTAB and In3+ are
together dissolved in the DEG first. CTAB may scatter around
In3+. Then when S sources are added, S2− is easily attracted
with one side of CATB. In the nucleation process, the other
side of CTAB molecules may cause repulsion between flake
petals and then make the flowers expand bigger.

Moreover, CuS particles are obtained by using the flower-
like structure In2S3 as templates. In fact, CuS with flower-
like structure has been fabricated by some methods such
as polyol route or hydrothermal route [25, 26], and their
structures are normally larger than 1 μm. In our experiments,
the CuS flower-like structures with the diameter about 300–
600 nm are synthesized at room temperature via CuCl2
reacting with In2S3 particles as shown in Figure 2. Figures
5(a) and 5(b) show the XRD pattern and EDS spectrum
of the CuS nanostructures synthesized by the reaction of
In2S3 particles and CuCl2. The XRD pattern shows that the

obtained products are well-crystallized hexagonal phase CuS
and no any In2S3 peaks are found, indicating that In2S3 is
turned to CuS after reaction. EDS spectrum also verifies this
since no hints of In are found.

Figures 6(a)–6(c) show the SEM and TEM images of the
CuS synthesized by In2S3 particles and CuCl2. It can be seen
that the obtained CuS particles are also flower-like structures
with a diameter around 300–600 nm, indicating the CuS
particles are synthesized by In2S3 flower-like structures as
templates.

The possible mechanism of this reaction is discussed as
follows. In2S3 nanostructures exist incompletely coordinated
sulfur atoms [8], and the flower-like structures appear a kind
of porous surface and have large surface areas. Therefore
there are numerous S2− ions with high reactivity existing on
the surface of flower-like In2S3 particles. And after Cu2+ ions
are added, Cu2+ react with S2− to form CuS. In addition,
since the solubility degree of In2S3 is much bigger than that
of ZnS and CuS, ions like Cu2+ and Zn2+ can displace In3+ in
In2S3 nanostructure [23], whereas In3+ ions in the solution
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are washed away during the centrifugation process and that
is the reason why we have not detected any hints of In. So at
last, the flower-like CuS particles of pure phase are obtained.

4. Conclusion

In conclusion, In2S3 particles are prepared by a simple and
rapid method. The obtained flower-like In2S3 structures
have a diameter around 300–600 nm. By changing the S
sources and, or adding surfactant, the In2S3 particles appear
different in surface morphologies. Moreover, Cu2+ ions are
added to react with In2S3 particles, and CuS with the similar
structures and size are obtained. The mechanism of this
reaction is probably due to the Cu2+ ions reacting with the
high reactivity S2− ions on the surface of flower-like In2S3

structures and in the same time displacing In3+ ions.
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Titanium dioxide (TiO2) nanocrystals of different shape were successfully synthesized in a new microemulsion system through a
solvothermal process. The TiO2 nanocrystals were prepared from the reaction of tetrabutyl titanate (TBT), H2O, and oleic acid
(OA), which were used as solvent and surfactant at 300◦C and 240◦C in a stainless steel autoclave. The sphere, polygon, and
rhombus-shaped nanocrystals have been prepared at 300◦C and the dot- and- rod shaped nanocrystals have been synthesized at
240◦C. The effect of the reaction time on the shape and size of TiO2 nanocrystals in this method was studied in the present paper.
The size distribution of TiO2 nanocrystals prepared at 300◦C for different hours is also studied. In addition, an attempt to describe
the mechanism of shape change of TiO2 nanocrystals was presented in this paper.

1. Introduction

Nanosized metal oxide particles have attracted great atten-
tion because of their unusual size-dependent optical and
electronic properties over the last two decades. Among all
the metal oxide, TiO2, an important semiconductor, has
been widely used in pigment, paints, additive, photovoltaic
cell, gas sensors and photocatalysis. It is reported that nano-
scale TiO2 has peculiar properties which is not expected
in bulk materials. TiO2 is an anisotropic material with
different phases, its properties are usually dependent on the
size, shape, morphology, crystal structure, surface area and
porosity [1]. It is essential to study the shape changes in
the TiO2 nano-crystalline growth process. There are a lot of
reports focusing on the synthesis of various shapes of TiO2

nanoparticles, such as sphere [2], rod [3], needle [4],wire [5],
cube [6], bullet [7], diamond [7]. Several studies [3, 7] have
synthesized two shapes in just one kind of chemical process,
while few of them have studies the shape change process of
the nano-crystalline in the chemical reactions.

Although numerous techniques were successfully used
to synthesize nano-crystalline TiO2, there were still several
problems which were difficult to be solved. The TiO2

nanomaterials prepared by the micelle method normally
have amorphous structure, and calcination is usually nec-
essary in order to induce high crystallinity, this process
usually leads to the growth and agglomeration of TiO2

nanoparticles [8]. Poor stability of the microemulsion sys-
tems, large size of TiO2 nanocrystals and poor dispersion
stability also exist under solvothermal conditions. In recently
years, a series of new ways for nanoparicle synthesis have
been designed. Microemulsion-hydrothermal/solvothermal
method is a kind of way of them. This new method
combines microemulsion techniques with a hydrother-
mal/solvothermal process, and it has been explored for
the preparation of lots of nanocrystals such as SrCO3

nanostructures [9], Ca10(PO4)6(OH)2 nanofibers [10], BaF2

whiskers [11], wollastonite nanowires [12], cobalt nanorods
[13], aluminium orthophosphate nanocrystals [14], PbS
nanocrystals [15] and CdS nanorods [16].
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Figure 1: TEM images and HRTEM images of TiO2 nanocrystals synthesized at 300◦C for different times: (a) 0.5 hours; (b) 2 hours; (c) 4
hours; (d) 17 hours.

Here we introduced a new microemulsion-solvothermal
method. A kind of new microemulsion system was prepared
and a higher solvothermal temperature was chosen to obtain
a better crystalline state. It was found that four kinds of shape
of TiO2 nanocrystals including sphere, polygon, rhombus
and rod were successfully synthesized. The shape change
process of TiO2 nanocrystals were studied based on the
experimental analysis.

2. Experimental

2.1. Synthesis. The TiO2 nanocrystals were prepared by a
microemulsion-solvothermal method. TBT and OA were of
analytical grade and purchased from Shanghai Chemical
Reagent Co. without further purification. The formation of

monodisperse TiO2 nanocrystals could be divided into two
steps. Step 1: the synthesis of the microemulsion precursor.
Step 2: the manufacture of TiO2 nanocrystals in solvothermal
process.

Step 1. 1.7 mL of TBT was dissolved in 18 ml of OA under
vigorous stirring at room temperature. After an hour, 2.7 mL
of deionized water was added into this solution dropwise.
All the mixture solution was kept stirring for another 1
hour at room temperature in a separate flask to obtain a
microemulsion precursor.

Step 2. The microemulsion precursor was put into a stainless
steel autoclave. The autoclave was kept at 300◦C for different
reaction time (0.5 hours, 2 hours, 4 hours and 17 hours) in
an electric oven. For comparison, the temperature at 240◦C
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Figure 2: X-ray diffraction pattern of TiO2 nanocrystals synthesized for 2 hours at 300◦C and 240◦C: (a) The standard spectrum of anatase
titanium dioxide, (b) 300◦C, (c) 240◦C.
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Figure 3: TiO2nanoparticle size distribution histogram (a) 300◦C, 0.5 hours; (b) 300◦C, 2 hours; (c) 300◦C, 4 hours; (d) 300◦C, 17 hours.

was also studied. After reaction, the TiO2 nanocrystals were
harvested by centrifugation and washed with ethanol once.

2.2. Characterization. Powder X-ray diffraction (XRD) data
of the samples were collected on a philips PW1050 powder

diffractometer with Cu Kα radiation source at 40 kV in the 2θ
range of 10–80◦. Transmission electron microscopy (TEM)
measurement was carried out with a JEM-1230 microscope
operating at 80 kV. High-resolution transmission electron
microscopy (HRTEM) measurement was carried out with



4 Journal of Nanomaterials

50 nm

(a)

100

50 nm

5 nm

101

001

(b)

50 nm

(c)

50 nm

(d)

Figure 4: TEM images and HRTEM images of TiO2 nanocrystals synthesized at 240◦C for different time: (a) 0.5 hours; (b) 2 hours; (c) 4
hours; (d) 17 hours.

a JEM-200CX operating at 160 kV. The size distribution is
obtained from TEM which contain thousands of nanocrys-
tals using Scnimage, Photoshop and Origin software. For
TEM and HRTEM specimen preparation, the products were
redispersed in hexane and dried on the carbon-coated copper
grid at room temperature before performance.

3. Result and Discussion

3.1. TiO2 Nanocrystals Synthesis at 300◦C. Figure 1 repre-
sents the TEM image of the TiO2 nanocrystals prepared by
microemulsion-solvothermal method for different time at
300◦C. Several special shapes of TiO2 nanocrystals includ-
ing sphere, polygon and rhombus were obtained at this
temperature. Figure 1(a) shows the TEM images of TiO2

nanocrystals with sphere and smaller nanorods prepared
at 300◦C for 0.5 hours. Figure 1(b) shows the TEM and
HRTEM images for nanocrystals with sphere shape prepared
at 300◦C for 2 hours. The TiO2 nanocrystals are nearly close-
packed and atomic lattice structure are clearly observed in
HRTEM. Figures 1(c) and 1(d) shows the TEM and HRTEM
images of TiO2 nanocrystals with polygon and rhombus
prepared at 300◦C for 4 hours and 17 hours, respectively.
Anisotropic crystal growth for TiO2 nanocrystals could be
observed from the HRTEM image of Figure 1(d). The growth
rate in the (001) direction is much faster than those in other
directions. Figure 2(b) shows the XRD pattern of this kind of
TiO2 nanocrystals. Compared with the standard spectrum
of anatase titanium dioxide shown in Figure 2(a), the main
peaks corresponding to anatase TiO2 including (101), (004),



Journal of Nanomaterials 5

At room temperature

High temperature

Diffusion-controlled growth Crystal surface growth

Low temperature

Oriented attachment Crystalplane adjustment

: OA molecule

: TBT molecule

: Titanium dioxide crystal

: Titanium dioxide sol

Figure 5: Schematic process on the nucleation and growth of the TiO2 nanocrystals.

(200), (105), (211) and (204) are observed. The result is
consistent with the XRD pattern of TiO2 samples with 13 nm
diameters reported by Niederberger [17]. In order to study
the homogeneity of the nanocrystalline, we assume that these
nanocrystals are spherical. The software can be used to cal-
culate area of each nanocrysatals, and then the distribution
of nanocrystals can be geted by the corresponding diameter.
The size distribution of TiO2 nanocrystals prepared at 300◦C
for different hours are also present in Figure 3. As the time
increased, the average diameter of TiO2 nanocrystals become
larger and the particle size distribution become less uniform.

3.2. TiO2 Nanocrystals Synthesis at 240◦C. Figure 4 rep-
resents the TEM image of the TiO2 nanocrystals by
microemulsion-solvothermal method for different time at
240◦C. Sphere and rod shapes of TiO2 nanocrystals were
obtained. Figure 4(a) shows a number of spherical nanocrys-
tals prepared at 240◦C for 0.5 hours. The spherical nanocrys-
tals were combined together. A similar phenomenon could
be seen more clearly in Figure 4(b) which shows TEM
images of TiO2 nanocrystals prepared at 240◦C for 2
hours. Lots of nanorods rather than nanodots are also
found in Figure 4(b) and a nanorod is chosen for HRTEM
analysis. The nanorod is around 25 nm long and 6 nm
wide and it can be seen as a combination of two smaller
nanorods along (001) direction. Figures 4(c) and 4(d)
shows the TEM images of TiO2 nanorods at 240◦C for
4 hours and 17 hours, respectively. More nanorods could
be observed as the time increased, sphere nanocrystals
disappeared for 17 hours. Figure 2(c) presents the XRD
pattern of the TiO2 nanorods at 240◦C. The main peaks
indicate the highly anatase1 crystalline structure of the
TiO2. Compared with Figure 2(b), the main peaks is quite
broad, That represents the value of degree of crystallization
synthesized at 240◦C is much lower than that synthesized at
300◦C.

3.3. The Shape Change Process of TiO2 Nanocrystals. Figure 5
shows schematic process on the shape changes of the TiO2

nanocrystals. It could be described as follows. In the presence
of OA, reverse micelles are easily formed in nonaqueous
media after a water drop. Moreover, TBT reacts with water
in reverse micelles vigorously. As a result, spherical titanium
dioxide sol micelles are formed at room temperature after
water added. This process takes a long time along with
the hydrolysis reaction. As the temperature is increased,
the sol evolves will quickly transform into nanocrystalline,
leading to the formation of small TiO2 nanodots. When
the reaction temperature is set at 300◦C, due to the rapid
nucleation of reactive intermediates, the TiO2 nanodots
will grow in a diffusion-control pattern, leading to the
formation of spherical TiO2 nanocrystals. With the extension
of reaction time, the crystal surface energy will play a more
important role for the shape of TiO2 nanocrystals. Due to
high surface energy of the {001} face [18], the spherical
TiO2 nanocrystals generated at the initial reaction stage grow
along (001) direction. As a result, the spherical nanocrystals
are easily transformed into polygon prismatic nanocrystals.
As the nanocrystals grow along (001) direction, the specific
surface area of TiO2 nanocrystals along (001) direction
is gradually lower, leading to two-dimensional growth of
TiO2 nanocrystals. Because the surface energy of the {100}
face is higher than that of the {101} face, the shape of
TiO2 nanocrystals finally transform into rhombus with a
further extension of time. When the reaction temperature
is set at 240◦C, the reaction rate of reactive intermediates
decreases. As a result, the TiO2 nanodots are easy to assemble
together to form nano-rods by a kind of oriented attachment
mechanism. The oriented attachment mechanism has been
reported for a variety of metal oxide system [19, 20].
It is said that the oriented attachment between several
sphere shaped nanocrystals makes the reduction of surface
energy (it is ususlly observed in (001) direction because
of high surface energy along (001) direction). Therefore
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more stable rod shaped nanocrystals are formed at low
temperature. These are our correlation analysis on the basis
of experimental result, some detailed formation process of
the TiO2 nanocrystals still needs to be investigated further.

4. Conclusion

The anatase TiO2 nanocrystals of different shapes have been
successfully synthesized by microemulsion-solvothermal
method using a new microemulsion system prepared by OA,
TBT and H2O. The sphere, polygon and rhombus shaped
nanocrystals have been prepared at 300◦C for 2 hours, 4
hours and 17 hours, respectively. and the dot and rod shaped
nanocrystals has been synthesized at 240◦C for 0.5 hours
and 17 hours. The result indicates that the shape of TiO2

nanocrystals could change from dot to sphere, polygon,
rhombus at 300◦C, and it could also change from dot
to rod at 240◦C with the increase of reaction time. This
microemulsion-solvothermal method could provide another
new way for the synthesis and control of other nanocrystals
with some special morphology.
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Linoleic acid-protected gold nanoparticles have been synthesized through the chemical reduction of tetrachloroaurate ions
by ethanol in presence of sodium linoleate. The structure of these nanoparticles is investigated using transmission electron
microscopy, which shows that the Au nanoparticles are spherical in shape with a narrow size distribution which ranges from 8
to 15 nm. Colloidal dispersion of gold nanoparticles in cyclohexane exhibits absorption bands in the ultraviolet-visible range due
to surface plasmon resonance, with absorption maximum at 530 nm. Fluorescence spectra of gold nanoparticles also show an
emission peak at 610 nm when illuminated at 450 nm. UV-Vis spectroscopy reveals that these nanoparticles remain stable for 10
days.

1. Introduction

Nanoparticles (1–100 nm) have been a source of intense
interest due to their novel electrical, optical, physical, chemi-
cal, and magnetic properties. They have significant potential
for a wide range of applications such as catalysis, magnetic
recording media, optoelectronic materials, magnetic fluids,
composite materials, fuel cells, pigments, and sensors. Their
uniqueness arises from their high ratio of surface area to
volume [1–6]. The synthesis of noble metal nanoparticles
with desired size/shape has enormous importance, especially
in the emerging field of nanotechnology. There is presently
great interest in the optical properties of gold nanoparticles
due to the various applications they have in different fields.
These gold colloids show bright colour due to surface
plasmon resonance (SPR). This surface plasmon resonance
is the transverse oscillations of the surface electrons of the
particle on interaction with light of suitable wavelength.
Gold colloids show an absorption band in the visible range.
Here gold nanoparticles have been prepared by a simple
and convenient reduction method [7], which is a promising
approach for highly efficient synthesis of gold nanoparticles
with a more uniform particle size. The prepared gold
nanoparticles have been dispersed in cyclohexane and then
examined using X-ray diffraction (XRD), Transmission Elec-
tron Microscope (TEM), UV/Vis absorption spectroscopy,

and fluorescence spectroscopy (PL). The most important
factor is that the gold nanoparticles prepared by this process
remain stable for 10 days.

2. Materials and Method

Uniform gold nanoparticles can be obtained through the
reduction of tetrachloroaurate ions by ethanol at tempera-
tures between 30◦C to 60◦C under atmospheric conditions
[7]. In this synthesis process, 25 mL of aqueous solution
containing tetrachloroauric acid (1 g of HAuCl4), 3 g sodium
linoleate (C18H32ONa), 20 mL ethanol (C2H5OH), and 5 mL
linoleic acid (C18H32O2) are added in a capped tube under
agitation. The system is well capped and treated at the
temperature range 30◦C to 60◦C for 2 hours. In the aqueous
solution of tetrachloroauric acid, sodium linoleate and the
mixture of linoleic acid and ethanol are combined in order: a
solid phase of sodium linoleate, a liquid phase of ethanol and
linoleic acid, and water ethanol solution phase containing
tetrachloroaurate ions forms in the system. Ethanol in the
liquid and solution phases reduces the tetrachloroaurate ions
into gold nanoparticles. Along with the reduction process,
among all the reactant, only the linoleic acid gets absorbed
on the surface of the gold nanoparticles with the alkyl chains
on the outside through which the produced nanoparticles
gain hydrophobic surfaces. In this simple reduction process,
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Figure 1: Pale reddish colour of the gold nanoparticles dispersed in
cyclohexane.

the role of linoleic acid is to protect the gold nanoparticle
from agglomeration, making a layer over it with its alkyl
chains on the outside giving a hydrophilic surroundings to
the nanoparticles. On changing the concentration of the
electrolyte, it is found that the colour becomes reddish on
adding linoleic acid at the same proportion. This reddish
colour of prepared nanoparticles indicates the conversion of
tetrachloroaurate ions into gold nanoparticles.

The produced nanoparticles having reddish brown in
colour actually, collected at the bottom of vessel after cooling
to room temperature, are then dispersed in cyclohexane to
form a homogenous colloidal solution of gold nanoparticles.
The colour of the colloidal solution of gold nanoparticles
becomes pale reddish due to dispersion in cyclohexane as
shown in Figure 1.

The structure of prepared gold nanoparticles has been
investigated by Bruker AXS model X-ray diffractometer.
Size and shape of the gold nanoparticles has been obtained
from TEM photographs which was performed on a JEM
1000C X II model instrument. The absorption spectra of
the gold nanoparticles was taken on a Perkin Elmer Lambda
351.24 model whereas fluorescence spectra was performed
on Hitachi; F-2500 model.

3. Results and Discussion

3.1. XRD Analysis. The XRD patterns of the sample prepared
by the present reduction method are shown in Figure 2. The
crystalline nature of the as-synthesized product is demon-
strated in the XRD measurements. The diffraction peaks at
45.3 degrees and 64.5 degrees match with those of a face-
centred cubic (fcc) Au as in JCPDS correspond to the planes
of (200) and (220), respectively. From this study, average
particle size is estimated by using Debye-Scherrer formula
[8, 9]. Here the instrumental broadening at 45.3 degrees
and 64.5 degrees are 0.00632 and 0.00912. Considering
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Figure 2: XRD pattern of gold nanoparticles.

the instrumental broadening, the average particle size is
calculated to be around (11 ± 2) nm with 14% experimental
error.

3.2. TEM Analysis. Samples for TEM studies are prepared by
placing a drop of the gold colloidal solution on TEM carbon-
coated copper grid. The films on the TEM grids are allowed
to dry for a few hours after removing the extra solution using
blotting paper. TEM micrograph of the prepared colloidal
solution of gold nanoparticles is shown in Figure 3(a)
with a graphic of statistical size distribution of particles
in Figure 3(b). The Au nanoparticles (black portion) are
spherical in shape with smooth surface morphology. Though
the size range of the nanoparticle lie between 8 and 15 nm,
about 80% of the nanoparticles were found to have size
approximately 12 nm. After 10 days, it is found that the
reddish colour of the colloidal solution starts to deteriorate
slowly and the particles starts to agglomerate with time. So,
after 10 days particles remain no longer stable.

3.3. UV/Vis Spectroscopy Analysis. Noble metal nanoparticles
(Au, Ag, P, etc.) show a strong absorption band in the
visible range due to surface plasmon resonance. Surface
plasmon resonance is the coherent motion of free electrons
in the conduction band caused by interaction with an
electromagnetic field. The electric field of an incoming light
wave induces a polarization of electrons with respect to
the heavier ionic core of the nanoparticles. This induces
a dipolar oscillation of all the free electrons with the
same phase. When the frequency of the light wave become
resonant with the electron motion, a strong absorption
occurs which is the origin of observed colour of colloids.
Width of the absorption band and wavelength corresponding
to the surface plasmon resonance peak strongly depend
on size, shape, dielectric constant of nanoparticle, as well
as on the surrounding medium. For small metal particles
(diameter < 20 nm), absorption spectra significantly depend
only on the dipole oscillation [5, 6, 10–13]. This reduction
method by ethanol produces spherical gold nanoparticles
around 12 nm. The UV/Vis absorption spectra of the gold
nanoparticles dispersed in cyclohexane is shown in Figure 4.
The absorption (SPR) peak is obtained in the visible range
at 530 nm which matches well with others result. Moreover,
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Figure 3: (a) TEM image of gold nanoparticles. (b) Graphic for particle size distribution.

0

0.1

0.2

0.3

0.4

300 400 500 600 700

A
bs

or
ba

n
ce

(a
.u

.)

Wavelength (nm)

Figure 4: UV-Vis spectra of gold nanoparticles.

as absorption peak and width remains the same for 10 days,
so it indicates that nanoparticles remain stable for 10 days
without any agglomeration.

3.4. Fluorescence Spectroscopy. In gold nanoparticles, 5d
valence and 6sp-conduction electrons play the role for flu-
orescence spectra [12–18]. It has been reported by Liao et al.
[14] and Varnavski et al. [18] that 15 nm particles produce
fluorescence. Eichelbaum et al. [16] reported that 10 nm
gold nanoparticles show photoluminescence. The reason for
photoluminescence is attributed to the interband transition
from sp-conduction band above the Fermi level to the d-
band below. The radiative recombination of electron hole
pairs between this d-band and sp-conduction band produces
emission [12–18], which occurs at 610 nm for linoleic
acid protected gold nanoparticles (8–15 nm), when excited
with 450 nm of optical source (Xenon lamp-150 watt).
Moreover, the absorbed linoleic acid on gold nanoparticles
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Figure 5: Fluorescence spectra of gold nanoparticles.

surface further enhances the intensity of emission [14–17].
Fluorescence spectra for gold nanoparticle are shown in
Figure 5.

4. Summary

We have prepared gold nanoparticles through the reduction
of tetrachloroaurate ions by ethanol, which is dispersed in
cyclohexane. Here, linoleic acid acts as a stabilizer. XRD
analysis, UV/Vis spectra, and TEM micrograph reveal that
the prepared nanoparticles are spherical in shape with an
average size of 12 nm which remain stable for 10 days. SPR
peak is observed at 530 nm whereas fluorescence peak is
obtained at 610 nm.
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A nanopowder of Fe3Al was synthesized from 3Fe and Al by high-energy ball milling. A dense nanostructured Fe3Al was
consolidated by pulsed current activated sintering method within 2 minutes from mechanically synthesized powders of Fe3Al
and horizontally milled powders of 3Fe+Al. The grain size, sintering behavior, and hardness of Fe3Al sintered from horizontally
milled 3Fe+Al powders and high-energy ball milled Fe3Al powder were compared.

1. Introduction

Iron aluminide (Fe3Al) is of interest for structural appli-
cations at elevated temperature in hostile environments.
This is because it generally possess excellent oxidation
and corrosion resistance, relatively lower density and lower
material cost than Ni-based alloy [1, 2]. However, its use
has been limited by its brittleness at room temperature.
This drawback can be improved by grain size reduction.
Nanocrystalline materials have received much attention as
advanced engineering materials with improved physical and
mechanical properties [3, 4]. As nanomaterials possess high
strength, high hardness, excellent ductility, and toughness,
undoubtedly, more attention has been paid for the applica-
tion of nanomaterials [5, 6].

Conventional methods of processing iron aluminides,
including melting and casting have been investigated till now
[7, 8]. However, none of these methods yield nanostructures.
In recent years, some efficient methods were reported to fab-
ricate the fine grain size materials, such as mechanical alloy-
ing, pulsed current activated sintering [9, 10]. The mechani-
cal alloying process, which involves a repeated cold-working,
fracture, and welding, makes microstructure refinement and

alloy formation. The pulsed current-activated sintering is
a rapid consolidation processing method where uniform,
dense, and fine grain materials can be obtained by applying
pressures and passing pulsed current the compact. And the
process, due to spark plasma formed between the powder
particles, enhances the distorted energy of the particles and
increases the rate of the diffusion between the particles [11–
14].

The purpose of this study is to produce nanopowder of
Fe3Al and densify nanocrystalline Fe3Al compound within
two minutes from mixtures of 3Fe+Al powders and mechani-
cally synthesized Fe3Al, respectively, using this pulsed current
activated sintering method and to evaluate its mechanical
properties and grain size.

2. Experimental Procedures

Powders of 99.5% Fe (<10 μm, Alfa, Inc) and 99% pure Al
(−200 mesh, Samchun Chemical, Inc) were used as a starting
materials. 3Fe and Al powders ratio were mixed by two-
type methods. Firstly, the powders were milled in a high-
energy ball mill, Pulverisette-5 planetary mill with 250 rpm
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Figure 1: XRD patterns of milled powder: (a) horizontal milled 3Fe
and Al powder, (b) high-energy ball milled Fe3Al powder.

and for 10 hrs. Tungsten carbide balls (8.5 mm in diameter)
were used in a sealed cylindrical stainless steel vial under
argon atmosphere. The weight ratio of ball-to-powder was
30 : 1. Secondly, the powders were mixed in polyethylene
bottles using zirconia balls with ethanol and the process
was performed at a horizontal rotation velocity of 250 rpm
for 10 h. The grain sizes of Fe3Al were calculated using
Suryanarayana and Grant Norton’s formula [15]

Br

(
Bcrystalline + Bstrain

)
cos θ = k

λ

L
+ η sin θ, (1)

where Br is the full width at half-maximum (FWHM) of the
diffraction peak after instrument correction; Bcrystalline and
Bstrain are FWHM caused by small grain size and internal
stress, respectively; k is constant (with a value of 0.9); λ
is wavelength of the X-ray radiation; L and η are grain
size and internal strain, respectively; θ is the Bragg angle.
The parameters B and Br follow Cauchy’s form with the
relationship: B = Br + Bs, where B and Bs are FWHM of
the broadened Bragg peaks and the standard sample’s Bragg
peaks, respectively.

After milling, the mixed powders were placed in a
graphite die (outside diameter, 45 mm; inside diameter,
20 mm; height, 40 mm) and then introduced into the pulsed
current activated sintering system made by Eltek in South
Korea [9]. The four major stages in the synthesis are as
follows. The system was evacuated (stage 1). And a uniaxial
pressure of 80 MPa was applied (stage 2). A pulsed current
(on time: 20 μs; off time: 10 μs) was then activated and
maintained until densification was attained as indicated by
a linear gauge measuring the shrinkage of the sample (stage
3). Temperature was measured by a pyrometer focused on
the surface of the graphite die. At the end of the process, the
sample was cooled to room temperature (stage 4).

The relative densities of the synthesized sample were
measured using the Archimedes method. Microstructural

information was obtained from product samples which
were polished and etched using a solution of H2SO4 (20
vol.%) and H2O (80 vol.%) for 35 s at room temperature.
Compositional and microstructural analyses of the products
were made through X-ray diffraction (XRD) and scanning
electron microscopy (SEM) with energy dispersive X-ray
analysis (EDAX). Vickers hardness was measured by per-
forming indentations at load of 20 kg and a dwell time of 15 s
on the sintered samples.

3. Results and Discussion

XRD patterns of milled powder is shown in Figure 1.
Fe3Al was not synthesized during the horizontal rotation
ball milling in ethanol, but synthesized during high-energy
ball milling. The average grain size of Fe3Al measured by
Suryanarayana and Norton’s formula [15] was 5 nm. Figure 2
shows FE-SEM image of Fe3Al powder synthesized by high-
energy ball milling and X-ray mapping of Fe and Al. From
the X-ray mapping, Fe and Al were uniformly distributed and
the particles of milled Fe3Al shown in Figure 2 are bigger. I
think the reason in milling processing, iron and aluminum
powders were wrapped with each other by server plastic
deformation, resulting in grain refinement and mechanical
alloying.

The changes in shrinkage displacement and temperature
of the surface of the graphite die with heating time during
the processing of Fe-Al system are shown in Figure 3. As the
pulsed current was applied, the shrinkage displacement of
Fe3Al continuously increased with temperature up to about
1000◦C, but the shrinkage of 3Fe+Al gradually increased
with temperature up to (A) point and then abruptly
increased. When the reactant mixture of 3Fe and Al was
heated under 80 MPa pressure to (A) point, no reaction
took place as judged by subsequent XRD analysis. X-
ray diffraction result, shown in Figure 4(a), exhibits only
peaks pertaining to the Fe and Al. However, when the
temperature was raised to 1150◦C, the starting powders
(3Fe+Al) reacted producing highly dense products (Fe3Al),
shown in Figure 4(b). The abrupt increase in the shrinkage
displacement at the ignition temperature is due to the
increase in density as a result of molar volume change
associated with the formation of Fe3Al from 3Fe and Al
reactant and the consolidation of the product.

Figure 5 shows FE-SEM images of Fe3Al sintered from (a)
horizontally milled Fe+Al powders and (b) high-energy ball
milled Fe3Al powder. The grain size of Fe3Al sintered from
high-energy ball milled Fe3Al is smaller than that of Fe3Al
sintered from horizontally milled 3Fe+Al powders. The grain
size of Fe3Al sintered from high-energy ball milled Fe3Al
and from horizontally milled 3Fe+Al powders are about
40 nm and 300 nm, respectively. And the corresponding
relative density of Fe3Al are 97% and 96%, respectively. The
grain size of Fe3Al sintered from horizontally milled 3Fe+Al
powders is higher than that of Fe3Al sintered from high-
energy ball milled Fe3Al because Fe3Al can have grain growth
due to exothermic energy when Fe3Al synthesized from 3Fe
and Al during the sintering.
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Figure 2: FE-SEM image of Fe3Al and X-ray mapping of Fe and Al in high-energy ball milled powder.
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Figure 3: Variations of temperature and shrinkage displacement
with heating time during pulsed current activated sintering of Fe-
Al system: (a) high-energy ball milled Fe3Al powder, (b) horizontal
milled 3Fe and Al powder.

The average grain size of the sintered Fe3Al is not greatly
larger than that of the initial powder, indicating the absence
of great grain growth during sintering. This retention of
the grain size is attributed to the high-heating rate and the
relatively short-term exposure of the powders to the high
temperature. The role of the current (resistive or inductive)
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Figure 4: XRD patterns of the Fe-Al system: (a) sample heated to
(A) point (b) heated to 1150◦C from horizontal milled 3Fe and Al
powder, (c) heated to 1150◦C high-energy ball milled Fe3Al powder.

in sintering and or synthesis has been focus of several
attempts aimed at providing an explanation to the observed
enhancement of sintering and the improved characteristics
of the products. The role played by the current has been
variously interpreted, the effect being explained in terms of
fast heating rate due to Joule heating, the presence of plasma
in pores separating powder particles [16], and the intrinsic
contribution of the current to mass transport [17–19].

Vickers hardness measurements were made on polished
sections of the Fe3Al using a 20 kgf load and 15 s dwell time.
The calculated hardness values of Fe3Al sintered from (a)
horizontally milled 3Fe+Al powders and (b) high energy
ball milled Fe3Al powder were 317 kg/mm2 and 458 kg/mm2,
respectively. This value represents an average of five mea-
surements. Cracks were not observed to propagate from
the indentation corner. So, fracture toughness cannot be
calculated from crack length. The hardness of Fe3Al sintered
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Figure 5: FE-SEM images of Fe3Al sintered at 1150◦C: (a) horizontal milled 3Fe and Al powder, (b) high-energy ball milled Fe3Al powder.

from high-energy ball milled Fe3Al is higher than that of
Fe3Al sintered from horizontally milled 3Fe+Al powders due
to refinement of grain and high density. Zhang and Liu
investigated Fe3Al prepared by vacuum induction melting
followed by hot spinning forging. The hardness of Fe3Al was
about 270 Kg/mm2 [20]. The hardness of this study is higher
than that of Zhang’s work due to refinement of grain size.

4. Conclusions

Using the pulsed current activated sintering method, the
densification of nanostructured Fe3Al was accomplished
from mechanically synthesized powder of Fe3Al and milled
3Fe+Al powders. Nearly full density of Fe3Al can be achieved
within duration of 2 minutes for the applied pressure of
80 MPa and the pulsed current. The average grain sizes of
Fe3Al prepared by pulsed current activated sintering method
from horizontally milled 3Fe+Al powders and high-energy
ball milled Fe3Al powder were about 300 nm and 40 nm,
respectively. The calculated hardness values of Fe3Al sintered
from horizontally milled 3Fe+Al powders and high-energy
ball milled Fe3Al powder were 317 kg/mm2 and 458 kg/mm2,
respectively.
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The Ni-alloy/CrN nanolayered coatings, Ni-Al/CrN and Ni-P/CrN, were deposited on (100) silicon wafer and AISI 420 stainless
steel substrates by dual-gun sputtering technique. The influences of the layer microstructure on corrosion behavior of the
nanolayered thin films were investigated. The bilayer thickness was controlled approximately 10 nm with a total coating thickness
of 1μm. The single-layer Ni-alloy and CrN coatings deposited at 350◦C were also evaluated for comparison. Through phase
identification, phases of Ni-P and Ni-Al compounds were observed in the single Ni-alloy layers. On the other hand, the nanolayered
Ni-P/CrN and Ni-Al/CrN coatings showed an amorphous/nanocrystalline microstructure. The precipitation of Ni-Al and Ni-P
intermetallic compounds was suppressed by the nanolayered configuration of Ni-alloy/CrN coatings. Through Tafel analysis,
the Ecorr and Icorr values ranged from –0.64 to –0.33 V and 1.42 × 10−5 to 1.14 × 10−6 A/cm2, respectively, were deduced for
various coating assemblies. The corrosion mechanisms and related behaviors of the coatings were compared. The coatings with a
nanolayered Ni-alloy/CrN configuration exhibited a superior corrosion resistance to single-layer alloy or nitride coatings.

1. Introduction

Nanolayered thin film was recognized as a coating with
alternating layers of two different materials with dissimilar
physical, chemical, and related characteristics. With proper
control of layer composition and microstructure, multilay-
ered coatings could yield superior mechanical properties
than monolayer ones [1–5]. Chromium nitride thin films
have been investigated and demonstrated to exhibit good
mechanical performance, thermal properties, and antioxi-
dation behavior [6, 7]. Also, Ni-based alloy coatings were
frequently adopted as protective alloy coatings due to their
various merits, including corrosion resistance, toughness,
and wear resistance [8–10]. The combination of these two
materials systems to form a dual layer composite coating
was a possible way to further the coating properties [11–
13]. Several materials systems with nanolayer configura-
tion, such as CrN/AlN, TiN/CrN, Ag/Pd, and Au/Ag, had
been developed [1, 14–16]. However, limited literature on
nitride/alloy coating systems were published. The integration

of CrN and Ni-alloy in a nanolayered feature was thus
of great interest. Moreover, the control of the nanolayered
configuration, layer microstructure, and related properties
was not fully understood. In this study, Ni-P/CrN and Ni-
Al/CrN nanolayered coatings were fabricated by dual-gun
sputtering technique. The microstructure and phases of the
multilayer coatings were controlled by process temperature
during sputtering. The corrosion behavior of the multilayer
coatings was investigated through electrochemical potentio-
dynamic analysis. The relationship between microstructure,
phases, and corrosion behavior of the nanolayered Ni-P/CrN
and Ni-Al/CrN coatings was discussed.

2. Experimental Details

The Ni-alloy/CrN nanolayered coatings were deposited on
the silicon (100) and 420 stainless substrates by dual-gun
sputtering technique. The Ni70Al30 and Ni75P25 (in at.%)
sputtering targets of 50.8 mm in diameter were employed
for alloy layer fabrication. The CrN coating was deposited
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using a Cr target with 99.9% in purity and N2 gas as reactive
source. Before deposition, the chamber was evacuated down
to 4.0 × 10−4 Pa. The high purity Ar flow was introduced
to a working pressure of 2.7 × 10−1 Pa. Presputtering was
performed for 10 minutes to clean the target surface followed
by the fabrication process. The target powers were D.C.
100 W for Ni-alloy and R.F. 200 W for Cr. The working
pressure was 2.7 × 10−1 Pa for Ni-alloy fabrication, while
a working pressure of 6.7 × 10−1 Pa was adopted for CrN
due to the coinlet of N2 gas. The process temperature was
fixed at 350◦C for all coating assemblies. Nanolayered Ni-
alloy/CrN coatings were prepared with fixed bilayer period of
10 nm. The deposition time of individual layer of multilayer
Ni-alloy/CrN coatings during sequential sputtering were
modified from 30 to 120 seconds. The total thickness of the
multilayer coating systems was controlled around 1.0 μm.
The thickness ratio of Ni-alloy and CrN was fixed at 1.0.
An X-ray diffractometer (Shimadzu, XRD-6000, Japan) with
continuous θ–2θ scan was used to identify the phases in
the coatings. The 2θ scan ranged from 30◦ to 65◦ with a
step width of 0.02◦ at a scanning speed of 6◦/min. The
microstructure and surface morphology of the coatings
were evaluated by FE-SEM (JSM-6500, JEOL, Japan). The
compositions of selected areas of corroded coatings were
inspected by an energy dispersion spectra inspected analyzer
(INCA Energy 350, Oxford, UK). The depth profile was
measured by Auger electron nanoscope (PHI 700, ULVAC-
PHI, Japan). The corrosion behavior was measured by an
electrochemical workstation (Jiehan-5000, Jiehan, Taiwan).
The corrosion test was operated in 3.5 M NaCl aqueous
solution at room temperature with the saturated calomel
electrode (SCE) as the reference electrode. The scanning
range was from −0.25 to +0.25 V according to the open
circuit potential of each sample. The potentiodyanmic
curves were fitted using CorrView software. For convenience,
coatings deposited on Si substrates were applied in cross-
sectional SEM observation, nano-Auger analysis, and XRD
phase identification. Corrosion test and related analyses were
conducted on coatings deposited on stainless steel substrates.

3. Results and Discussion

The cross-sectional view of the Ni-P/CrN and Ni-Al/CrN
nanolayered coatings was presented in Figure 1. Smooth and
dense coating configurations were recognized by sputtering
fabrication process. The total thickness of all coatings
estimated from FE-SEM images were about 1 μm. In the
magnified regions, as indicated in Figure 1, the smooth
configuration of the Ni-P and CrN stacking was observed. A
bilayer thickness of approximately 10 nm could be measured.
To confirm the multilayer feature, the depth analysis of Ni-
P/CrN nanolayered coating was conducted by nano-Auger
technique. The sputter time was set to be 3 nm/min. The
depth profile of Ni, P, Cr, and N showed a sequentially
alternating distribution with a bilayer thickness around
10 nm, as shown in Figure 2. A nanolayered structure of
the coating was again demonstrated. The X-ray patterns of
single and nanolayer coatings were shown in Figure 3. The
diffraction peaks of CrN (111), (200), and (220) were found

Si substrate

Coating

0.1 μm

0.5 μm

Figure 1: The cross-sectional FE-SEM images of NiP/CrN nanolay-
ered coatings.
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Figure 2: Nano-Auger depth analysis of NiP/CrN nanolayered
coating.

for CrN coating. The Ni3Al precipitation was identified
in the single-layer Ni-Al coating, while the Ni crystalline
phase and Ni3P precipitation was discovered in the Ni-P
coating. This indicated that sputtering process and substrate
heating enhanced the precipitation of the Ni-P and Ni-
Al coatings. It should be noted that the peaks of Ni-P
and Ni-Al intermetallic compounds were not fully resolved
according to their broadened peak widths. In the Ni-Al/CrN
and Ni-P/CrN coatings, the diffraction peaks were further
broadened that a nanocrystalline/amorphous microstructure
was expected. Since the thickness of each layer was 5 nm,
the precipitation of Ni-Al, Ni-P intermetallics, and CrN
phases was restricted by nanolayer feature. In the Ni-Al/CrN
coating, three major peaks of CrN were recognized. However,
a few peaks of Ni crystallites found in single Ni-Al coating
layer vanished. Similar situation was found for single Ni-P
and nanolayered Ni-P/CrN coatings. It was believed that the
precipitation of intermetallic compounds was suppressed by
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Figure 4: The electrochemical polarization curves of various
coating systems.

nanolayered sequential deposition. To summarize, the Ni-
Al and Ni-P single coatings exhibited precipitated structure,
while nanolayered coatings showed CrN phases with Ni-alloy
nanocrystalline layers.

The results of potentiodynamic analysis for various
coating systems were indicated in Figure 4. The trend of
corrosion resistance in different coatings systems could
be discovered. The numberical results of Icorr and Ecorr

were listed in Table 1. The Ecorr values were from −0.64
to −0.33 V. The Icorr values ranged from 1.42 × 10−5 to
1.14 × 10−6 A/cm2. All the coatings showed better corrosion
potentials than that of AISI 420 substrate. Firstly, for the

Table 1: The Ecorr and Icorr values of various coating systems.

Materials Ecorr (V versus SCE) Icorr (A/cm2)

420 SS −0.64 1.42 × 10−5

NiAl −0.39 1.20 × 10−5

NiP −0.50 1.34 × 10−6

CrN −0.45 1.14 × 10−6

NiAl/CrN −0.38 1.18 × 10−5

NiP/CrN −0.33 7.50 × 10−6

∗The test was conducted in a 3.5 M NaCl solution at room temperature.

single-layer coatings, the Ni-Al coating showed the most
nonnegative Ecorr value of −0.39 Volts. The Ni-P and Cr-N
coatings exhibited the less Icorr values of 1.14× 10−6 and 1.34
× 10−6, respectively. This could be due to different corrosion
behavior for the Ni-Al, Ni-P, and CrN coatings. For the Ni-Al
coating, the corrosion occurred homogeneously and isotrop-
ically on coating surface [10]. On the other hand, the Ni-
P and CrN showed in-depth pitting corrosion on localized
areas [12, 17]. This could be referred to the corroded surface
morphology of Ni-Al, Ni-P, and CrN, as shown in Figures
5(a), 5(b), and 5(c). Large but homogeneously distributed
corroded areas were observed for the Ni-Al coating. On the
contrary, localized small etching pits were found for Ni-P and
CrN coatings, as indicated in Figures 5(b) and 5(c). Secondly,
take Ni-Al, CrN, and Ni-Al/CrN coatings for comparison,
the Ecorr and Icorr values of these two coatings were similar.
Figure 5(d) showed the surface morphology of Ni-Al/CrN
coating. The pits were less than other single-layer coatings.
However, the large Icorr of Ni-Al was not significantly
decreased by nanolayered feature. Through EDX analysis,
a few Fe concentration were detected in the single Ni-Al
coating, indicating some of the Ni-Al was coating etched
away. Nevertheless, in the Ni-Al/CrN coating, the substrate
was well protected by the coating. The corrosion behavior
of Ni-P, CrN, and Ni-P/CrN was also compared. The Ni-
P/CrN exhibited a superior corrosion resistance than those
of other thin films. It should be noted that the Ni-P coating
exhibited a lowest Ecorr value between all materials systems.
The enhancement of nanolayered Ni-P/CrN as compared
to CrN coating was evident. The surface morphology of
Ni-P/CrN after corrosion test was shown in Figure 5(e).
The etching pits were significantly reduced. The corrosion
resistance was thus improved effectively for the combination
of Ni-P and CrN coatings.

The corrosion behaviors of the nanolayered Ni-P/CrN
and Ni-Al/CrN coatings were taken into comparison. Even
the Ecorr of Ni-P was lower than that of Ni-Al coating,
as the Ni-P and Ni-Al were deposited with CrN to form
nanolayered coatings, the corrosion resistance of Ni-P/CrN
was better than that of Ni-Al/CrN nanolayered coating.
This was because Ni-Al layer exhibited a severer layer
area corrosion mechanism, while similar localized pitting
corrosion was found for both Ni-P and CrN layers. Nev-
ertheless, nanolayered coatings exhibited good protection
from corrosion attacks. The corroded surface morphologies
of two nanolayered coatings were shown in Figure 6. Though
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Figure 5: The SEM surface images of (a) NiAl, (b) NiP, (c) CrN, (d) NiAl/CrN nanolayered, and (e) NiP/CrN nanolayered coatings on
stainless steel substrates after corrosion test.

etching pits were observed at localized area, the substrate
was still well covered with coating. This phenomenon was
consistent to the fitted results of potentiodynamic curves.
Corrosion resistance was improved through Ni-P/CrN and
Ni-Al/CrN nanolayered feature.

The corrosion mechanisms of the nanolayered coatings
were shown in Figure 7. First, the corrosion resistance of
Ni-Al/CrN nanolayered could be slightly improved by the
nanolayer feature. Localized etching pits in CrN layers
with homogenous corrosion behavior in the Ni-Al layer
were expected for the Ni-Al/CrN coatings. In the Ni-
P/CrN nanolayered coating, due to the pitting behavior of
both Ni-P and CrN layers, the corrosion attach detoured
in the interface and elongated the corrosion path. The
corrosion resistance was thus improved by such configu-
ration. To sum up, the combination of Ni-alloy and CrN
to form a nanolayered coating was beneficial to corrosion
protection in surface coatings. The introduction of inter-
phase interface elongated the corrosion path and retarded
the corrosion attack in the Ni-alloy/CrN nanolayered
coatings.

4. Conclusions

Nanolayered Ni-alloy/CrN coatings systems were successfully
fabricated by dual-gun sputtering technique. The coat-
ings showed smooth and dense structure, as revealed in
FE-SEM cross-sectional images. The Ni-P/CrN and Ni-
Al/CrN nanolayered layer coatings exhibited a nanocrys-
talline/amorphous microstructure because of the restricted
precipitation by nanolayer feature. For the single-layer coat-
ings, Ni-Al exhibited a homogeneously large area corrosion
phenomenon, while localized pitting within limited regions
was found for NiP and CrN coatings. Through Tafel analysis,
the Ni-alloy/CrN nanolayered coating exhibited a superior
corrosion resistance than monolayer coatings. Moreover, the
Ni-P/CrN coating showed an even greater corrosion resis-
tance due to its localized pitting corrosion behavior for both
Ni-P and CrN layers. Through morphology observation, the
nanolayered Ni-Al/CrN and Ni-P/CrN coatings maintained
a solid integrity after corrosion test. The combination of Ni-
P and CrN in a nanolayered coating structure to promote the
corrosion resistance was demonstrated.
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Figure 6: The SEM surface images of corroded regions of
(a) NiP/CrN, (b) NiAl/CrN nanolayered coatings on stainless steel
substrates.
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Figure 7: The schematic diagram of corrosion mechanism with (a)
NiAl/CrN and (b) NiP/CrN nanolayered coatings.
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The paper presents the study of p-type doping properties of ZnS nanocrystals (Ncs) using the local density approximation theory
(LDA). Doping with single species of N, P, or As, ZnS nanocrystals are found to have a low-doping concentration and efficiency,
which may be limited by the large expelling effect between Zn and impurity atoms and the compensation action from interstitial
Znint atoms that can offer donor states to compensate the acceptors. To decrease the expelling and the compensation effect,
composite dopants, such as N jointed with Ga, In, or Al, are applied to codope ZnS nanocrystals. As a result, ZnS nanocrystals in
p-type with high doping density and efficient are completed.

1. Introduction

ZnS nanocrystals, with unique optical properties and a
direct band gap of 3.68 eV at room temperature, have great
potential applications in fabrication of short-wavelength
light-emitting devices (LED) and blue injection-laser diodes
(LD) [1–3]. To fabricate nanoscaled devices, semiconductor
nanocrystals need to be doped in p-, n-types firstly. And
the performance of devices depends on the doping types
and doping concentration [4]. Doping with other special
impurities, semiconductors will not only enhance their
conductivity significantly but also exhibit many novel pho-
toelectric properties [5–7]. For semiconductor nanocrystals,
however, the doping concentration and steady are much low
than that of the bulk materials. The volume of nanocrys-
tals is so small that it limits the doping concentration
and allows the doped impurities to easily escape from
it.

Also, doping with other metallic ions, the photoelectric
properties of ZnS nanocrystals will be widely adjusted and
improved [8]. However, it is found that they are easily doped
for n-type but hard for p-type [9]. This occurs because
a Zn atom in ZnS very easily departs from its lattice site
to become an interstitial Znint atom, which makes ZnS
displaying an intrinsic property of n-type. On the other
hand, from the point of system energy, n-type doping
will low the system energy while p-type doping will raise

it based on the calculation of the first-principle. At the
same time, Znint atoms will lift the lattice energy as well.
Therefore, ZnS nanocrystals have more difficult in p-type
doping [10, 11]. Now, this problem has become a large
barrier for their practical use and delayed the development
of new nanodevices. Many theoretical and experimental
works have been done on the doping problems for ZnS
nanocrystals, especially for p-type doping [12–14]. Although
some succeeded, the doping concentration and steady still
do not meet the requirement of devices. In the present
study, we investigate the p-type doping properties of ZnS
nanocrystals doped with single dopants of N, P, or As
and composite dopants of N:Ga, N:In, or N:Al. Using the
local density approximation (LDA) method, we study the
activity and doping efficiency of all dopants, and discuss the
doping mechanisms and the compensation properties based
on the calculated density of states of ZnS. Finally, p-type
ZnS nanocrystals with enhanced doping concentration and
efficiency are realized.

2. Theoretical Model

2.1. Local Density Approximation Theory (LDA). According
to Schrodinger equation in quantum mechanics,

HΨ = EΨ, (1)
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Figure 1: (a) A schema of ZnS structure. The red circles and blue
spheres stand for Zn and S atom, respectively.

where, H is Hamiltonian operator, E is the system energy, and
Ψ describes the state of the system with N electrons.

H = −1
2
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The density of state (DOS) ρ(r) of electrons can be written as
[1, 11]
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)
Ψ
(
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)
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Equation (4) is a local-density approximation (LDA) of ρ(r),
by which the DOS of a doped ZnS cluster can be calculated.

2.2. Structure of ZnS and the Simulation Method. ZnS is
characteristic of a zincblende structure with a lattice constant
of 0.5046 nm, as shown in Figure 1. Four Zn atoms are
located at the corners of a cube forming a tetrahedron; an
S atom is positioned at the zenith of the tetrahedron. For
p-type doping, S atom is substituted with either N, P, or
As single dopants from Column V to offer more vacancy.
To decrease the compensation effect from Znint atoms, the
composite dopants of N:Ga, N:In, or N:Al are used to codope
ZnS nanocrystals as well. For a comparison, the density of
state (DOS) and the electronic structures of ZnS nanocrystals
with and without doping were investigated using LDA
method. In the simulation, we adopt a Von Barth-Hedin
exchange correlation potential with the parameters used by
Von Barth and Hedin [15]. Brillouin zone integration was
carried out for 84-k points in an irreducible wedge and for
24-k points for doped crystals. For valence electrons, we
employed p and d orbitals for Zn atoms and the outer most
s and p orbitals for other atoms. From the calculated DOSs,
we determined the valence bands, the impurity level and the
doping concentration.

0

20

40

60

80

100

120

D
en

si
ty

of
th

e
st

at
e

−8 −6 −4 −2 0 2

E (eV)

Zn 3d

S 2P

EF

Figure 2: The density of state of ZnS nanocrystal without doping.
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Figure 3: (a) DOS of ZnS nanocrystals doped with N atom; (b)
DOS of N atom; (c) DOS of the undoped ZnS nanocrystals.

3. Results and Discussion

3.1. Single Doping. For undoped ZnS nanocrystals, the cal-
culated DOS is shown in Figure 2, where energy is measured
from Fermi level (EF), thus the energy zero point is located
on top of the valence band. As can be seen, there are three
strong bands in the spectrum: the first one is from −6.5 eV
to −5.0 eV with a strong character of d, mostly originating
from the d state of Zn atoms; the second one is a sharp
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Figure 4: DOS spectra of ZnS nanocrystals doped with P, and As
atoms.

band located at −5.1 eV to −4.0 eV, mainly contributed by
the 3p state S atoms; the third one in the range of −3 eV to
0 eV is just nearby the valence band, resulting from a strong
hybrid interaction between S 2p and Zn 2s states. The hybrid
interaction occurs because the 3s, 3p states of S atoms overlap
with 4s state of Zn atoms, leading to the s and p states of Zn
atoms shifting to S sites, along with charges are transferred
from Zn atoms to S atoms.

For N doped ZnS nanocrystals, the DOS spectrum is
shown in Figure 3(a). For comparison, the DOSs of single
N atom and the undoped ZnS are shown in Figures 3(b)
and 3(c), respectively. Clearly, in additional to the three
bands of the undoped ZnS, after doping a small narrow
band at −0.1 eV appears on top of the valence band. The
narrow band is introduced by N impurities, termed as an
acceptor level. From the small band, we can estimate the
relative doping density of N to be 1013 cm−3. It shows that
ZnS nanocrystals doped with single N have low doping
concentration and efficiency. This may be caused by the
expelling effect of holes between the valence band and N
impurities. The expelling force will localize the state of N
on top of the valence band, leading to N atoms hard to
ionize. In addition, the doping efficiency is affected by the
compensation action of Znint atoms, which gives rise to multi
ionizations: the first and the second ionizing energies of Znint

are 0.05 eV and 0.2 eV. They offer two donor states that can
compensate the acceptors. Thus, the doping efficiency is not
high.

Zn

Zn

Zn

Zn

Zn

Vs

N

Figure 5: A schematic of complex defects in ZnS structure, it
involves two unit cells.

For P and As dopants, similarly, a narrow acceptor level
is introduced on top of the valence band of ZnS, as shown
in Figures 4(a) and 4(b), respectively. Also, because of the
strong expelling interaction between 2p states of P or As and
Zn atoms, the acceptor levels are localized nearby EF level.
Thus, the activity of the dopants is depressed, and the doping
efficiency decreases as well.

For the doped structures of the three dopants, here
referred to as NS, PS, and Ass, we found that NS is quite
different from those of PS and Ass. An NS atom is positioned
at the center of the tetrahedron, and the structure remains
symmetrical but its volume shrinks by 0.48. PS and Ass atoms
shift to the bottom of the relaxed structures by 0.11 A and
0.13 A, respectively. The volume for PS shrinks by 0.13 but for
Ass is almost unchanged. The shifts for PS and Ass cause some
distortion in the relaxed structures, which low the symmetry
of the doped structures. Thus, the structure of NS doped ZnS
nanocrystals is the most stable one.

For further increasing the doping concentration of single
species, we found that the doping efficiency changes little,
that is, the doping efficiency is not limited by the doping
concentration but the expelling effect and the compensation
action. The latter will become dominative as the doping
concentration increases.

Zn atoms very easily deviate from the lattice sites to
become interstitial Znint atoms, which may combine with
dopants to form complex defects. For N-doped ZnS, the
complex defect is denoted as NS-Znint, where NS means an
N atom replacing an S atom in the structure. On the other
hand, for heavily p-type doped ZnS nanocrystal, to achieve
a stable structure some adjacent point defects may combine
together to form complex defects as well, such as NS-Zn-VS,
where NS and VS atoms are bonded through a Zn atom. We
therefore have two complex defect models: NS-Znint and NS-
Zn-VS. The latter is associated with two neighboring ZnS
unit cells, as shown in Figure 5. These complex defects are
different from the point defects. NS-Zn-NS produces a deep
acceptor level while NS-Znint forms a donor level in the band
gap of ZnS, both play an important compensation action for
p-type doping of ZnS, which makes the p-type doping of ZnS
more complex [16, 17].
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Figure 6: (a) DOS of ZnS nanocrystals codoped with N:In
elements; (b) DOS of N atom; (c) DOS of In atom.

Above all, due to the expelling and compensation effects,
single dopants in Column V cannot achieve the p-type
doping for ZnS. The compensation effect is an inherent
behavior of ZnS, which can be depressed at low doping
concentration. From the point of energy view, the system
energy falls with the expelling potential decreasing, and then
the compensation is depressed as well. To achieve the p-type
doping, therefore, it is necessary to enhance the activity of
the acceptors and decrease the expelling effect.

3.2. Codoping. Yamamoto et al. [11] studied the p-type
doping properties for ZnO with various dopants using
LDA, and found that it could be achieved with ally
dopants from Column III-V. ZnS will have a similar doping
behavior to ZnO for both of them belonging to II-VI
semiconductors. Hence, we apply the composite dopants,
N:Ga, Al, or In, to codope ZnS Ncs. Figure 6(a) gives
the DOS spectrum for ZnS Ncs doped with N:In. As
references the DOSs for single N and In elements are
shown in Figures 6(b) and 6(c), respectively. Apparently,
the DOS of the codoped ZnS is different from that of
the single species. Besides the three bands originated from
ZnS, a new band at −3.67 eV, closely to In site appeared.
Moreover, the acceptor level on top of the valence band
becomes much wider than that of the single species. The
new band results from the strong interaction between N
2p and In 3s states, meaning a strong coupling action
between N and In atoms. This coupling action just cancels
the expelling effect between N 2p and Zn 3p states, and
increases their orbitals hybridizing. The decreased expelling
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Figure 7: (a) DOS of ZnS nanocrystals codoped with N:Ga ele-
ments. (b) DOS of ZnS nanocrystals codoped with N:Al elements.

lowers the system energy and the compensation effect; the
relative doping concentration of N:Ga can be enhanced
to 1016 cm−3. As a result, the doping efficiency of N is
improved.

For N:Ga and N:Al codopants, the DOSs are shown in
Figures 7(a) and 7(b), respectively. Similarly, a small new
band is located at −3.70 eV resulting from the interaction
between N 2p and Ga or Al 3s states. And the acceptor
levels on top of valence bands become wider as well.
Apparently, the dopants of Ga, Al, or In play a role for
activating single species than recombination centers. Among
the three dopants, Ga shows the best doping efficiency.
Finally, using the composite dopants of N with Column
III elements, p-type ZnS with high doping efficiency is
completed.

4. Conclusions

Using the LDA method, we investigate the p-type doping
properties of ZnS nanocrystals doped with both single
dopants N, P, or As and the composite dopants N:Ga, In, or
Al. For single dopants, the doping efficient is not very high
because of the strong compensation of interstitial Znint and
the expelling potential between Zn atom and N impurity,
which low the solid concentration in ZnS nanocrystals
and restrain the active of the acceptors. For the composite
dopants N:Ga, In, or Al, the expelling effect between N and
Zn atoms decreases, and the concentration of N impurity is
enhanced. Finally, p-type ZnS nanocrystal with high doping
efficiency is achieved.
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CrNx coatings were deposited on Si (100) and WC-Co substrates by a home-made medium-frequency magnetron sputtering
system with and without thermal filament ion source assistance. The structure and composition of the coatings were characterized
by X-ray diffraction, atomic force microscopy, scanning electron microscopy, and transmission electron microscopy. The
mechanical and tribological properties were assessed by microhardness and pin-on-disc testing. The ion source-assisted system
showed a deposition rate of 3.88 μm/h, much higher than the value 2.2 μm/h without ion source assistance. The CrNx coatings
prepared with ion source assistance exhibited an increase in microhardness (up to 16.3 GPa) and adecrease in friction coefficient
(down to 0.48) at the optimized cathode source-to-substrate distance.

1. Introduction

Transition metal nitrides, especially chromium nitride
(CrN), have been studied extensively due to their unique
properties, including high hardness, good wear resistance,
as well as excellent corrosion and high-temperature oxida-
tion resistance [1–4]. They are widely applied in industry
as protective coatings [5–7]. Recent studies also revealed
magnetic properties in CrN, and it might find applica-
tions in the electronic industries [8, 9]. Many methods
have been used for the deposition of CrN films, among
which unbalanced magnetron sputtering produces good
quality samples at high-deposition rates [2]. The pulsed DC
reactive magnetron sputtering technique was characterized
by improved ionization and a high ion-to-neutral particle
ratio during deposition to enhance the quality of coatings
[10], but more importantly it increased the kinetic energy
of the ions in the plasma, which can enhance the ion
bombardment of the substrate and film [11–14]. Therefore,
high-quality CrN coatings have been prepared by pulsed dc
magnetron sputtering [15, 16], and the high-power pulsed

magnetron sputtering has also been developed for deposition
of CrN coatings [17, 18]. It is known that low ionization
efficiency in the plasma is a hurdle of magnetron sputtering;
therefore, plasma or ion sources have been developed to
improve ionization efficiency [19, 20]. In particular, Wei et
al. reported dense and thick films of transition metal nitrides,
including ZrN and TiN, by means of plasma-enhanced
magnetron sputtering, where an electron source of thermal
filament type is a key technology [21, 22]. In order to prepare
thick protective coatings with high deposition rate, high
microhardness, and ideal surface chemistry, it is necessary
to introduce high-density plasma in pulsed dc magnetron
sputtering systems.

In this paper, we have prepared CrNx coatings at
various magnetron cathode source-substrate distances by
medium-frequency (40 kHz) magnetron sputtering with a
thermal filament ion source and conducted characterization
in comparison with samples prepared without the use of
the ion source. We intended to find out the influence
of cathode source-to-substrate distances and ion source
on the deposition rate, microstructural, mechanical, and
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tribological properties. Then, we have optimized the source-
substrate distance at which the ion source best assists the
deposition process, producing CrNx coatings with superior
properties.

2. Experiment Details

The CrNx coatings were deposited by using a modified
closed field twin unbalanced magnetron sputtering system.
The vacuum chamber is φ400 × 500 mm in dimension. The
ion source was powered by a supply of 20 A and 24 V and
was mounted in the middle-upper area of the chamber. Cr
sheets with a purity of 99.99% and an area of 10 × 40 cm2

were used as a cathode source material. Prior to deposition,
a base pressure was less than 5 × 10−3 Pa. For substrates,
p-type Si (100) and mirror-polished WC-Co plates were
ultrasonically cleaned in acetone and methanol, rinsed in de-
ionized water, and dried in N2 before being loaded into the
deposition chamber. Then, they were ion etched for 30 min
in Ar atmosphere at a pressure of 2.0 Pa and a negative bias
voltage of 800 V applied to the substrate holder. N2 (99.99%)
and Ar (99.99%) were used as working gases. First, a layer
of pure Cr (about 230 nm) was deposited onto the substrate
for 5 min in Ar ambient at 0.25 Pa and −100 V to improve
the adhesion. Then, N2 was let in, and Ar flow rate was
tuned to keep an Ar : N2 ratio of 1 : 1. The total pressure
was kept at 0.25 Pa, and the substrate bias was fixed at
−100 V. The medium-frequency power used was 7.0 kW, and
cathode source-substrate distance was varied between 50 and
140 mm. The substrates temperature was kept at 150◦C. The
ion source was a tungsten filament which emitted electrons
when heated by a high current and could produce ions of
argon gas fed to the outlet of the filament source. The ion
source was installed at the upper part of the chamber, similar
to the configuration described in the literature [23].

The crystal structure of the deposited CrNx coatings
was characterized by X-ray diffraction (XRD, Bruker-Axs
D8 advanced which was operated at voltage and current
of 40 kV and 40 mA, resp.) with a Cu ka radiation and
JEOL JEM 2010 transmission electron microscopy (TEM).
The deposition rate was evaluated from the thickness of
the films measured with a FTSS2-S4L-3D step profiler. The
cross-section micrographs were measured using Sirion FEG
scanning electron microscopy (SEM), and the composition
of CrNx coatings was determined by using an EDAX genesis
7000 energy dispersive spectroscopy (EDS) system operated
at 12 kV. The surface topography was analyzed using an
atomic force microscope (AFM) (Shimadzu SPM-9500J3)
operated in the tapping mode. The hardness was measured
using an HX-1000 microhardness tester with a load of 25 g
(the indentation depth was about 250 nm) and taking the
average of 5 values. The friction and wear measurements of
the CrNx coatings were carried out by using an MS-T3000
ball-on-disk tester which slides in ambient air at 30◦C, at
relative humidity of 70%, with a Si3N4 ball of 3 mm in
diameter being used as the mating material, on which a 4 N
load was applied. The average sliding speed was 0.02 m/s for a
fixed sliding time of 30 min, and the friction coefficients were
recorded during the test.
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Figure 1: XRD patterns of CrNx coatings deposited at various dss.

3. Results and Discussion

Figure 1 shows the XRD spectra of CrNx coatings deposited
under various source-substrate distances, dss. The CrNx

coatings contain two phases of fcc CrN and hexangular Cr2N,
their corresponding PDF numbers being 65-2899 and 79-
2159, respectively. Only the CrN (200) peak is observed for
the coating deposited at dss = 90 mm. With increasing dss,
the XRD data show the structure of the CrNx coatings to be
changed from CrN to a mixture of Cr2N + CrN. At the lower
extreme, dss = 50 mm, the planes of Cr2N (002), together
with CrN (200) and (111), can be seen whereas at larger dis-
tance of 140 mm, the films deposited exhibit inconspicuous
overlap of Cr2N (002) and CrN (200) orientations.

The energies of the depositing particles were different
at different dss because of the collision of ions (N, Ar, and
Cr). The particles bombarded the substrate and heat the
substrate. The ratio of ion to neutral particles (Ar, N, and Cr)
arriving at the growing film would be different at different
dss. These factors influence the film growth kinetics, which
finally determine the orientation and phase structure of the
CrNx coatings. The broadening of the diffraction peaks of
CrNx coatings is related to the changes in the grain size,
thickness, and residual stress in the coating. The different
ratio of N/Ar has an influence on the composition of CrN
or Cr2N [24]. Therefore, the formation of CrN or Cr2N
at different dss is attributed to the different N/Ar ratio
influenced by dss.

Also shown in Figure 1 is the influence of the hot
filament ion source; CrNx coatings deposited with ion source
assistance have different diffraction peaks at all values of dss.
In particular, at dss of 90 mm, the intensity of (200) peak is
enhanced. The slightly higher intensity of the XRD peaks in
the CrN coatings deposited with the ion source assistance
can be related to the enhanced ion bombardment from the
plasma, which may lead to a higher substrate temperature as
well as a higher ion-to-neutral particle ratio.
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Figure 2: Bright-field TEM images and selected area diffraction of
CrNx coatings deposited at dss = 90 mm. The view directions are
normal to the coating surface. (a) Samples prepared without ion
source assistance, (b) with ion source assistance.

Figure 2(a) shows bright-field TEM images of CrNx

coatings deposited without ion source assistance, which
reveals nonuniform CrNx grains. The corresponding selected
area diffraction pattern reveals obvious CrN and blurry
Cr2N phases. On the contrary, with the use of ion source
Figure 2(b), uniform CrNx grains are observed and selected
area diffraction shows obvious diffraction rings of CrN and
Cr2N, revealing the polycrystalline nature of the film, with
diffraction points attributed to the Si (100) substrate. The
uniform CrNx grains with distinct grain boundaries suggest
higher microhardness of the corresponding coatings.

Figure 3 shows the deposition rate of the CrNx coatings
as a function of dss. As a general tendency, the deposition rate
of the coatings decreases with increasing dss. The deposition
rate is further increased at dss values of 90 mm and 140 mm
with the assistance of the ion source. At dss = 50 mm,
however, the ion source assistance tends to decrease the
deposition rate.

At larger source-substrate spacing, the sputter-produced
particles arriving at the substrate decrease in number due
to the collision of Cr and N atoms with the plasma
of N2, Ar, N+, Ar+, and secondary electrons. However,
with the use of thermal filament ion source, more ions,
especially Ar ions, were generated, which bombarded the
Cr target and produced more Cr particles [3, 25]. As a
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Figure 3: Deposition rate as a function of the dss of the CrNx

coatings.

result, the deposition rate is higher than that without ion
source assistance. At close source-substrate spacing (dss =
50 mm), with thermal filament ion source assistance, the
increased amount of Ar and other ions causes severe re
sputtering of the film surface. Therefore, the deposition
rate becomes lower than that without ion source assis-
tance. With the increase of dss, the energies of deposition
particles decreased because of the collision in the plasma,
especially at dss much larger than molecular mean-free-
path. Hence, the deposition rate at larger dss with the ion
source assistance becomes larger than without ion source
assistance.

Figure 4 shows typical three-dimensional AFM mor-
phologies taken from the CrNx coatings deposited at dss of
50, 90, and 140 mm without and with thermal filament ion
source assistance. The topographies shown in Figure 4(a)
suggest that the CrNx coatings deposited at 50 mm are
composed of columns with irregular tops. When the source-
substrate spacing increases to 90 mm, the size of the extrusive
tops was significantly reduced (Figure 4(b)). At even larger
dss, the extrusive tops become more regular and an even
smoother surface is observed (Figure 4(c)). Figure 5 shows
the root-mean-square (RMS) roughness calculated from the
AFM images of the CrNx coatings deposited at various dss

without and with thermal filament ion source assistance.
Corresponding to the AFM observations in Figure 4, the
RMS roughness of the CrNx coatings deposited at 50 mm
was relatively large at shorter source-substrate distance. The
use of thermal filament ion source gives rise to the reduction
of RMS roughness from 10.3 to 8.6 nm at dss = 50 mm.
At larger source-substrate distance, the difference becomes
negligible.

When the source-substrate spacing is small, the deposi-
tion rate is high (Figure 3) and the growth is columnar, which
gives a large roughness. More energetic ions bombard the
substrate, which affected the nucleation kinetics [26], result-
ing in rapid growth of the grain, thereby exhibiting larger
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Figure 4: AFM morphologies of CrNx coatings deposited at dss of 50 mm (a), 90 mm (b), and 140 mm (c). The images on the left-
hand side are of samples prepared without ion source, and those on the right-hand side are of samples prepared with ion source
assistance.
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Figure 6: Cross-sectional SEM image of CrNx coatings deposited at
dss = 90 mm (a) without and (b) with ion source assistance.

particle sizes. With increasing dss, frequent collision reduces
the kinetic energies of particles reaching the surface, and the
deposition is slowed down, leading to uniform surfaces with
extrusions of smaller particle size and higher density.

Figure 6 shows cross-section SEM images of the CrNx

coatings deposited without and with ion source assistance at
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Figure 7: Variation of microhardness of CrNx coatings as a function
of dss.

dss of 90 mm. One sees a columnar growth throughout the
whole film thickness without the ion source assistance. In the
process of using ion source, columnar growth is not obvious
and the coating becomes denser, apparently resulting from
the energetic bombardment by ions produced with the ion
source assistance.

Figure 7 shows the microhardness of the CrNx coatings
as a function of source-substrate distance, which exhibits
the same trend, but the values are higher when ion source
assistance is applied during deposition. At dss = 90 mm,
the highest hardness is observed. This is accounted for by
better crystallization and higher N concentration (measured
by EDS) measured from the samples. The CrNx coating
deposited with the thermal filament ion source had higher
N concentration (as shown in Figure 8), and the films
were denser, with much finer grains (as shown Figure 2).
It is believed that the grain size rather than the existence
of Cr2N phase influences the hardness values [27], which
explains the further improvement of the microhardness at
dss = 90 mm.

Figure 9 shows the friction coefficients of CrNx coatings.
The average friction coefficient of the CrNx films prepared
without ion source is 0.53 and is decreased to 0.48 with
ion source assistance. This is consistent with the enhanced
microhardness and the reduction in the surface roughness of
the CrNx coatings.

4. Conclusion

We have prepared CrNx coatings by medium-frequency
magnetron sputtering and demonstrated the improvement
of the structural and mechanical properties of coatings by
introducing thermal filament ion source during deposi-
tion. The CrNx coatings deposited with ion source assis-
tance exhibited an increase in microhardness from 13.25–
16.3 GPa at a source-substrate distance of 50 mm and from



6 Journal of Nanomaterials

0

1.3

2.7

4

5.3

6.7

0 1 2 3 4 5 6 7

N
Cr

Cr

(a)

0

1.2

2.4

3.7

4.9

6.1

0 1 2 3 4 5 6 7

N
Cr

Cr

(b)

Figure 8: The EDS images of CrNx coatings deposited at Dts =
90 mm. (a) Samples without ion source assistance, N/Cr = 0.9075;
(b) with ion source assistance, N/Cr = 0.9242.

0.4

0.5

0.6

0.7

0.8

0 5 10 15 20 25 30

Wear time (min)

Fr
ic

ti
on

co
effi

ci
en

t

With ion source
Without ion source

Figure 9: Variation of friction coefficient with sliding time of CrNx

coatings at dss = 90 mm.

16.0-17.0 GPa at the optimized dss of 90 mm. The fric-
tion coefficient was decreased typically from 0.53–0.48.
A deposition rate of 3.88 μm/h was achieved, and the
roughness was 6.0 nm for the coatings deposited at dss of
90 mm. The results show that the use of simple ion source
assistance may be promising for high-rate deposition of CrNx

coatings.
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Silicon nanocrystals embedded in amorphous silicon matrix were obtained by plasma enhanced chemical vapor deposition using
dichlorosilane as silicon precursor. The RF power and dichlorosilane to hydrogen flow rate ratio were varied to obtain different
crystalline fractions and average sizes of silicon nanocrystals. High-resolution transmission electron microscopy images and
RAMAN measurements confirmed the existence of nanocrystals embedded in the amorphous matrix with average sizes between
2 and 6 nm. Different crystalline fractions (from 12% to 54%) can be achieved in these films by regulating the selected growth
parameters. The global optical constants of the films were obtained by UV-visible transmittance measurements. Effective band
gap variations from 1.78 to 2.3 eV were confirmed by Tauc plot method. Absorption coefficients higher than standard amorphous
silicon were obtained in these thin films for specific growth parameters. The relationship between the optical properties is discussed
in terms of the different internal nanostructures of the samples.

1. Introduction

For several decades, hydrogenated amorphous silicon (a-
Si:H) has been investigated as a possible candidate for the
production of inexpensive solar cells [1, 2]. However, the
expected efficiency and stability of a-Si:H solar cells has
not yet been achieved. The technological utility of this
material is hampered by the creation of metastable electronic
defects when excess free carriers are generated by light
absorption (Staebler-Wronski effect) [3]. This light-induced
degradation of a-Si:H depends mainly on changes in the
hydrogen bonding configuration and the presence of defects
in the films.

In the last decade, Roca i Cabarrocas et al. introduced
polymorphous silicon (pm-Si) using silane (SiH4) as silicon
precursor and they obtained a new material characterized
by the presence of dispersed nanocrystallines embedded
in an amorphous network that is more relaxed than that
found in standard a-Si:H [4]. It has already been shown

that this material has better transport properties (enhanced
hole mobility and a smaller density of metastable electronic
defects) and improved photo stability with respect to a-Si:H
[5, 6], thus making it a likely candidate for high efficiency
solar cells. There has been considerable research on the
structural characteristics and optoelectronic properties of
this material [5–9].

The expectation is that replacing the a-Si:H by different
forms of pm-Si thin films could reduce the cost of “solar
electric power” by increasing the efficiency and stability of
silicon-based thin film photovoltaic devices [7]. However,
there are some critical issues that remain to be addressed
to achieve the best performance of pm-Si in a photovoltaic
device: (i) control of the nanocrystallite size distribution and
density in the amorphous matrix which determines the opto-
electronic properties of pm-Si, (ii) control of the hydrogen
incorporation in the films and Medium Range Order (MRO)
of the amorphous matrix to minimize the Staebler-Wronski
effect, and (iii) optimization of the processing of pm-Si thin
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Figure 1: Representative HRTEM images for six samples grown with different dichlorosilane to hydrogen flow rate ratios (R) and RF powers.
The circular inserts show the Small Area Diffraction Patterns of the samples, and the square inserts show the size distributions and number
densities of the silicon nanocrystalline inclusions.
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Figure 2: Comparison of Raman spectra of polymorphous silicon
thin films grown with different R = Fr[SiH2Cl2]/Fr[H2] and RF
powers of (a) 50 Watts and (b) 150 Watts. The insert shows an
example of the Raman spectra deconvolution in three peaks.

films to comply with the requirements of the photovoltaic
industry.

Previously, we have reported the growth of different
silicon alloys by plasma enhanced chemical vapor deposition
(PECVD) using dichlorosilane (SiH2Cl2) as silicon precursor
[10–12]. Due to the chlorine chemistry introduced in the
deposition process, it is possible to obtain nanocrystalline sil-
icon inclusions at low deposition temperatures and regulate
the hydrogen content of the films, leading to an increased
chemical stability of the material. Since the optoelectronic
properties of this particular type of silicon thin films, which
we also name polymorphous silicon (pm-Si), depend on
the size and density of the silicon nanocrystallites (nc-
Si) embedded in the amorphous matrix, a study for the
determination of the average crystallite sizes and density as
a function of growth parameter becomes essential.

The aim of this paper is to show the variations of the
optoelectronics properties in pm-Si as a function of the
nanocrystalline fraction, which can be regulated by means of
specific growth parameters, as the RF power of the PECVD
process and through the dichlorosilane to hydrogen flow
rate ratio (R = Fr[SiH2Cl2]/Fr[H2]). Depending on their
absorption properties and effective band gap, these materials
can be suitable to apply in different parts of amorphous
silicon thin film solar cell devices.

2. Experimental Procedure

The samples were prepared using a conventional PECVD
system with parallel plates of 150 cm2 in area and 1.5 cm
apart, activated by a 13.56 MHz RF signal. The system is
described in more detail elsewhere [13]. The thin films were
deposited simultaneously on high resistivity (100) single-
crystalline silicon, fuse silica (quartz), and NaCl substrates to
facilitate the different characterizations. Prior to deposit, the
substrates were subjected to a standard cleaning procedure,
immediately before loading into the deposition chamber.
Ultrahigh purity SiH2Cl2 and H2 were used as precursor
gases. In all cases, the substrate temperature was kept
constant at 200◦C and an argon flow rate of 50 sccm was
used as diluent gas. The deposition time and pressure were
fixed at 30 min and 500 mTorr, respectively. Plasma powers
of 10 W, 25 W, 50 W, 100 W and 150 W were tested. Two
different dichlorosilane to hydrogen flow rate ratios (R =
Fr[SiH2Cl2]/Fr[H2]) were used, 0.05 and 0.1, while the
hydrogen flow was fixed at 50 sccm in all cases. The thickness
of the films over all substrates was determined by a Sloan
Dektak IIA surface profile measuring system. The deposition
conditions, film thickness, and growth rate of the studied
samples are summarized in Table 1. The effect of varying the
hydrogen dilution and RF power was to change the plasma
chemistry and investigate its effect on the optoelectronic
properties of the pm-Si films.

High-resolution transmission electron microscopy
(HRTEM) studies have been carried out in a TITAN-300 kV
field emission gun microscope, which has a symmetrical
condenser-objective lens type S-TWIN (Cs = 1.3 mm). The
HRTEM images have been registered in a CCD camera near
the Scherzer focus and subsequently analyzed using Digital
Micrograph software package. It is important to notice that
the samples deposited over NaCl substrates were used for
HRTEM analysis. In each case, the substrate was dissolved in
distilled water and the film was collected on a Cu grid. In this
way, we ensured that no modification of the film structure is
produced, as could be the case in conventional ion milling
techniques used to prepare samples for HRTEM. For Raman
and UV-visible measurements, the samples deposited over
quartz were used. The Raman spectra were recorded using a
T64000 Jobin-Yvon Horiba triple monochromator using the
×100 microscope objective. The excitation source was the
514.5 nm line from an Ar+ Lexel laser. All the measurements
were performed at room temperature in open air. The
sample was irradiated at a power of 20 mW at the laser head.
Ten accumulations with an integration time of 1 min were
performed on each sample in the range 10–1200 cm−1. The
Raman signal was detected by a cooled CCD. Transmittance
measurements were recorded in a UV-Vis spectrometer Jasco
V-630 in a two-beam configuration.

3. Results and Discussion

3.1. HRTEM. All samples were studied by HRTEM with the
aim of determining the sizes, shape, and density of crystallites
embedded in the amorphous matrix. Six representative
HRTEM images of samples with different nanostructures
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Figure 3: (a) Crystalline fraction and average sizes of silicon nanocrystallites obtained by Raman and HRTEM for samples grown with
dichlorosilane to hydrogen flow rate ratios of (b) R = 0.05 and (c) R = 0.1, as a function of the RF power.

deposited with 10, 50, and 150 Watts of RF power, and
flow rates R of 0.05 and 0.1 are shown in Figure 1. As
can be observed in the figure, the investigated samples
contain randomly oriented crystallites of different sizes and
shapes. Such nanometric ordered domains are indicated by a
surrounding white line in the figure. Selected Area Electron
Diffraction (SAED) patterns from the regions analyzed by
HRTEM are included as circular inserts in Figure 1. As the
dimensions and density of crystallites increase (Figures 1(c),
1(e) and 1(f)), sharp diffraction rings become more evident.
These patterns are representative of nanocrystalline materials
[7, 14]. On the other hand, when the size and density of
crystallites is small, only diffuse rings characteristic of the
amorphous matrix can be distinguished (Figures 1(a), 1(b),
and 1(d)). For these samples, the ordered domains were
limited to only 5 to 10 planes, showing that the crystallite
dimension in one of its axis is between 2 to 6 nm. These
small nc-Si tend to be predominantly spherical as shown in
Figure 1(a), while the larger crystallites (Figures 1(c), 1(e)
and 1(f)) exhibited various shapes and their dimensions can
be in the order of 10 nm. The density of nanocrystallites
increases slightly with the increase of both R and the

RF power. A more drastic effect is observed in the size
distribution as shown in the inserts of Figure 1. For high RF
powers, the size distribution is considerably broadened and
it has no longer a Gaussian shape.

The different nanostructures observed by HRTEM can
be explained in terms of the chlorine chemistry introduced
in the deposition process. As was described in detail in
previous works [10–12], metastable SiClxHy precursors
that incorporate to the surface are highly reactive with
impinging atomic hydrogen (Hat). The Si–Si bond breaking
by atomic hydrogen enhances the chemical reactivity of SiCld
(d: dangling bond) and/or SiHCl-related complexes that
promotes the creation of nucleation sites for nc-Si [15].

The relative amount of chlorine related species and
atomic hydrogen depends importantly on the dichlorosilane
to hydrogen flow rate ratio (R) and the RF power. We
can explain the irregular shapes of the samples with bigger
nanocrystallites (Figures 1(c), 1(e), and 1(f)) in terms of
the local heating induced by HCl formation. From the
HRTEM images, it seems as if they were crystallized areas and
not crystallites embedded in amorphous matrix. This is an
important difference from previous reports where the silicon
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Figure 4: Absorption coefficient spectra for samples grown with different R = Fr[SiH2Cl2]/Fr[H2] and RF power. The inserts show de Tauc
optical band gap and crystalline fraction for the different samples as a function of the RF power.

nanocrystals in pm-Si thin films are primarily formed in the
plasma region, and they incorporate to the a-Si matrix [4–6,
16]. The increment of nc-Si nucleation sites, HCl extraction
reactions, and local heating with RF power is expected to
cause a broader nc-Si size distribution during the deposition
process, as is observed in Figure 1.

3.2. Raman Spectroscopy. We performed Raman Spec-
troscopy (RS) in order to describe quantitatively the vari-
ations of the crystalline volume fraction (XC) of the films.
It is important to note that the Raman collection depth
is less than 100 nm (because the excitation was done at

514 nm). Since all the samples are thicker than this limit, the
analyzed volume (or integrated cross-section absorption) is
similar in all cases. We also obtained the average crystallite
size to compare with the HRTEM results. In general, it is
assumed that for amorphous/crystalline mixed phase silicon
thin films, such as pm-Si, the Raman spectrum consists
of two contributions to the transverse optical (TO) mode
peak: a sharp peak around 520 cm−1 and a broad peak
around 480 cm−1 which correspond to the microcrystalline
and amorphous phases, respectively. In addition, considering
the strong phonon confinement due to the nanosize of
the crystals, the phonon peak of c-Si is shifted from its
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Table 1: Films thickness and growth rate of polymorphous silicon thin films deposited by PECVD with different R = Fr[SiH2 Cl2]/Fr[H2]
and RF powers.

Plasma power (W)
R = 0.05 R = 0.1

Films thickness (nm) ± 5 nm Growth rate (Å /s) Films thickness (nm)± 5 nm Growth rate (Å/s)

10 137 0.7 369 2.0

25 155 0.8 326 1.8

50 171 0.9 247 1.4

100 108 0.6 306 1.7

150 181 1.0 553 3.0

position at 520 cm−1 by an amount Δω, which is related
to the crystallite size (δ) through the following equation:
δ = 2π(2.24/Δω)1/2 [17]. This confinement model is valid
only for small nc-Si with average sizes around 2–10 nm
which correspond to frequency shifts between 500 and
519 cm−1. In our case, the frequency shift was calculated
as the difference between the adjusted crystalline TO peak
frequency and the TO peak frequency for microcrystalline
silicon (520 cm−1). A common form of derivation of the
crystalline fraction XC was proposed by Bustarret et al. [18],
XC = IC/(IC + yIa), where IC is the sum of the areas
corresponding to the nanocrystalline and microcrystalline
fractions and y is a function of the crystallites size (L)
expressed in angstroms y(L) = 0.1 + exp−(L/250). In
our case, to calculate the crystalline fraction, we used the
Brunel model with y ∼= 0.9, because the HRTEM results
show that the crystallites average sizes are smaller than
10 nm. The Raman spectra of the samples were analyzed
by deconvolution into 3 Gaussian peaks corresponding to
the microcrystalline (520 cm−1), nanocrystalline (adjusted
between 500–518 cm−1), and amorphous phase (480 cm−1),
and the areas of each peak were used to calculate IC and Ia.
An example of the deconvolution of Raman spectra is shown
in the insert of Figure 2.

Figure 2 shows representative Raman spectra of films
deposited with different flow rate ratios R and different
RF power. The change in the crystalline fraction of the
samples as a function of the growth parameters is clear
from an inspection of the spectra. It can be seen from
Figures 2(a)and 2(b) that the films grown with R = 0.05
tend to be more nanocrystalline than the films grown with
R = 0.1. The highest nanocrystallinity is achieved when
R is 0.05 and the RF power is 50 watt. Increasing R to
0.1 causes the crystalline peak to diminish considerably,
while the amorphous peak becomes prominent. Figure 3(a)
shows the volumetric crystalline fractions calculated from
the Raman spectra deconvolution for the different samples
as a function of the RF power. The crystalline fraction for
the samples deposited with R = 0.1 does not present a
significant variation with RF power. On the other hand, XC

increases, reaches a maximum, and then decreases for the
samples deposited with R = 0.05.

From Figure 3(a), we can observe that the hydrogen
dilution plays an important role in the crystalline fraction
of the pm-Si films. The samples deposited with R = 0.05
have a higher hydrogen dilution and the changes in XC are

more pronounced with RF power. It is well established that
a higher Hat dilution enhances crystallization in SiH4/H2

systems as has been reported previously for other deposition
conditions of polymorphous and microcrystalline silicon
(μc-Si) thin films by PECVD [16, 19]. However, in the case
of chlorine-related silicon precursors, there is a competition
between this process and higher chlorine incorporation in
the growing surface, which depends on the relative amount
of chlorine related species and atomic hydrogen. SiCld and
SiHCl complexes incorporated in several monolayers near
the growing surface include high amounts of bond angle
distortion and bond length fluctuation, which can induce
a higher degree of disorder and stress in the amorphous
silicon network [20]. This can explain why XC decreases with
increasing RF power for R = 0.05 and why XC is smaller
in the samples prepared with a higher amount of chlorine-
related precursors (R = 0.1).

Figures 3(b) and 3(c) show a comparison of the average
crystallites sizes calculated from the shift Δω of the Raman
c-Si peak and the average crystallite size measured from
HRTEM images. The values of Δω are reported in Table 2
for all the samples. It is very important to note the great
similitude between the HRTEM and Raman results. For high
powers, there is a small difference in the average crystallite
size obtained from both techniques. This can be attributed to
the broad size distribution that was observed in the samples
grown at high RF powers. Since Raman is a macroscopic
analysis and HRTEM is nanoscopic, such differences in the
average sizes are expected.

Additionally, the Raman spectra allow us to estimate a
parameter that provides information about the distortion
grade of the amorphous silicon network. This parameter is
the Root Mean Square (RMS) bond angle deviation (Δθb)
of the amorphous matrix (crystalline silicon in the diamond
cubic structure has Δθb = 0◦). Beeman et al. [21] proposed
a model that relates the Full Width at Half Maximum
(FWHM) of the amorphous silicon Raman peak with the
RMS bond angle deviation: FWHM = 15 + 6Δθb. Based
on different models of relaxed amorphous silicon networks,
this parameter is in the range 7.7◦ ≤ Δθb ≤ 10.5◦. This
relaxed amorphous silicon networks can be obtained only
after annealing of the deposited amorphous silicon films
at temperatures between 170◦C–200◦C. On the other hand,
according to Beeman et al. the range between 0◦ < Δθb ≤
6.6◦ cannot be modeled by a homogeneous network so it is
related to the amorphous/crystalline transition [21].
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Table 2: Results of the analysis of Raman spectra: crystalline fraction, bond angle deviation, nanocrystalline Si peak shift, and calculated
crystallites average size for samples deposited with different R = Fr[SiH2Cl2]/Fr[H2] and RF powers. The crystallites average size measured
by HRTEM is included for comparison.

RF power (W)
Crystalline

fraction (%)
Bond angle

deviation Δθb (◦)
c-Si shift
Δω(cm−1)

Calculated size
by model (nm)

HRTEM size (nm)

R = 0.1

10 18.1 10.0 12.3 2.7 ± 0.5 2.4 ± 0.4

25 19.0 8.5 14.2 2.5 ± 0.5 2.6 ± 0.5

50 27.4 8.1 9.0 3.1 ± 0.5 2.8 ± 0.8

100 22.1 8.6 14.0 2.5 ± 0.5 2.8 ± 1.0

150 21.9 8.5 7.4 3.4 ± 0.5 4.2 ± 1.6

R = 0.05

10 13.1 7.8 14.8 2.4 ± 0.5 2.5 ± 1.2

25 26.6 8.7 8.6 3.2 ± 0.5 3.7 ± 1.6

50 53.9 7.3 8.8 3.2 ± 0.5 3.9 ± 1.7

100 12.3 7.6 5.0 4.2 ± 0.5 4.3 ± 2.0

150 25.0 8.2 4.4 4.5 ± 0.5 2.9 ± 1.3

The FWHM values of the deconvoluted Raman peak at
480 cm−1 are between 59 and 75 cm−1 for our polymorphous
silicon thin films, which give values of Δθb between 7.3 and
10 degrees (see values in Table 2). This indicates that our
films have a bond distortion level comparable to relaxed
amorphous silicon networks or in some samples (deposited
with R = 0.05) minor to that obtained in standard silicon
amorphous thin films [21]. We believe that this low level of
disorder in the amorphous matrix is caused by the existence
of crystalline zones, which tend to create a short-range order
around nanocrystals boundaries. Besides, the local heating
associated to the chlorine chemistry of the deposition process
can contribute to stress release and local relaxation of the
growing film. Having a relaxed amorphous silicon matrix
is important because it can give a greater stability to pm-Si
thin films under the action of external agents (solar radiation
and sudden temperature changes), which is a critical issue for
applications in solar cells.

3.3. UV-Vis Absorption. In order to link the crystalline
fraction or the internal structure of polymorphous sili-
con thin films with their optical properties, transmittance
measurements of the films grown on the quartz substrates
were performed. The effective absorption coefficient (αeff)
(not absolute) of the films was derived from a simple
model starting from the transmittance measurements (%T):
αeff = (1/d) ln(100/%T), where d is the sample thickness
in cm. The purpose of calculating this effective absorption
coefficient is to compare between the different samples in this
work and mainly in the regions of high absorption where the
interference phenomena are not as pronounced.

Figures 4(a) and 4(b) show the effective absorption
coefficient of the different samples plotted as a function
of the photon energy (hν) grown with different R and RF
powers. This allows us to compare the different absorption
properties between the pm-Si samples in the spectral regions
that are of interest in photovoltaic materials. One can observe
from the figure that the samples deposited at R = 0.05
present a higher absorption in the UV-visible region (photon

energies from 2.0 to 3.5 eV) than the samples deposited with
R = 0.1. Also, the absorption coefficient changes significantly
with the variation of RF power for a given R, but this change
is not monotonic. On the other hand, the optical gap Eg was
calculated using the Tauc model [18], which can be applied
because in our samples more than 50%–80% corresponds to
the amorphous matrix. In this method, (αhν)1/2 is plotted
versus hν and a linear regression is performed in the region
around the absorption edge where (αhν)1/2 is proportional to
hν. The energy-axis intercept of this line is associated with the
optical band gap Eg . With this approximation, an effective
optical gap is obtained that is representative of the whole
material. The optical band gap Eg was obtained in the region
of high absorption where the interference phenomenon due
to thickness is not significant. Eg is plotted versus RF power
in the inserts of Figure 4, along with the crystalline fraction
in order to relate them. The Tauc band gap of our pm-Si films
varies between 1.78 and 2.37 eV. This band gap is higher than
that of conventional a-Si:H (1.5–1.8 eV).

The different absorption properties of the samples
can be explained by a combination of the heteroge-
neous microstructure of the films (amorphous matrix and
nanocrystallites) characterized by XC and quantum con-
finement effects in the nanocrystallites which depend on
the average size and size distribution of the samples. It
is important to note that neither the optical band gap
(Eg) nor the nanocrystalline fraction percent (XC) varies
monotonically with the variation of R and RF power. This
is explained again in terms of the chlorine chemistry intro-
duced in the deposition process. The competition between
Hat generation and chlorine related species can give rise to
a growth regime and/or an etching regime that generates
different microstructures as has been explained in this work
and in previous works [10, 13, 14, 20]. For the sample grown
with higher hydrogen dilution, Eg and XC have a similar
behavior as a function of the RF power. However, this trend
is not so explicit for the samples grown with R = 0.1 that
have, in comparison, a smaller nanocrystalline fraction. On
the other hand, both for R = 0.05 and R = 0.1, the optical
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band gap decreases at high RF powers. This red-shift can be
associated to quantum size effects, since the average size and
size distribution of the samples get larger with increasing RF
power.

The differences in the absorption properties of these films
can be advantageous for silicon solar cells applications. For
a given photon energy, the effective absorption coefficient
can be as different as one order of magnitude for films
grown with different conditions. For example, at 2.3 eV or
540 nm corresponding to the peak of the solar spectrum,
the sample grown with R = 0.1 and 50 W has αeff =
0.97 × 104 cm−1 while the sample grown with R = 0.05
and 100 W has αeff = 1.05 × 105 cm−1. Such a possibility
of changing the absorption could be exploited in a PIN type
solar cell structure where one could use different pm-Si thin
films, one as emitter and the other as intrinsic (absorbent)
materials, respectively. This has the additional advantages
of material compatibility during device processing and
increased stability of polymorphous silicon with respect to
conventional amorphous silicon.

4. Conclusions

Different crystalline fractions and average sizes of silicon
nanocrystals embedded in amorphous silicon thin films
matrix can be obtained by changing the RF power and
the dichlorosilane to hydrogen flow rate ratio during the
PECVD process. The HRTEM images showed that the biggest
nanocrystalline inclusions have irregular shapes supporting
the hypothesis that they are, in fact, crystallized areas and
not crystallites generated in the plasma region and then
embedded in the amorphous matrix. Also, the crystallites size
distribution broadens with increasing RF power. The average
size obtained from the analysis of Raman spectra are in
good agreement with the HRTEM measurements, evidencing
that this information can be obtained in a simple way by
Raman spectroscopy which is a trustworthy, macroscopic
and nondestructive technique. Raman measurements also
indicate that the films grown starting from dichlorosilane
have a lower bond distortion level comparable to relaxed
amorphous silicon networks with annealing, which is impor-
tant for the stability of the films. The absorption properties
and the optical band gap depend on the different internal
structures obtained as a function of the growth parameters.
For the specific growth conditions corresponding to R = 0.05
(higher hydrogen dilutions), the crystalline fraction and the
optical band gap have the same variation trend as a function
of the RF power.
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The spherical titanium dioxide nanocrystals were successfully synthesized in a new system through a solvothermal method.
Prolonged reaction time can contribute to the improvement of the morphology and self-assembly behavior of TiO2 nanocrystals.
The central features of our approach are the use of rapid heating process and the use of both oleic acid and dodecylamine as two
different capping surfactants to synthesize monodisperse TiO2 nanocrystals.The morphologies and self-assembly behavior of TiO2

nanocrystals are studied by transmission electron microscopy (TEM) analyses.

1. Introduction

The use of nanocrystals as “building blocks” for the self-
assembly of new materials has attracted more and more
attention these days because it provides a unique opportunity
to bring together the inherent functionality and the collective
properties of nanocrystals [1–4]. The morphology and inter-
action between the nanocrystals play an important role in
the formation of self-assembled structures [5]. Nevertheless,
the synthesis of monodisperse nanocrystals (size variation
<5%) without a laborious size-sorting process only succeeds
in some specific materials, which accounts for why rational
planning of nanocrystals assemblies during synthesis is
very difficult and most self-assembly processes are achieved
with specific size and shape of nanocrystals [6]. Titanium
dioxide (TiO2) is one of the most essential semiconductors,
playing an important role in many applications such as
paints, pigment, additive, gas sensors, photovoltaic cell, and
photocatalysis. There are many research groups who succeed
in the synthesis of various shapes of TiO2 nanoparticles,
such as sphere [7], sheet [8], rod [9], wire [10], cube [11],
needle [12], bullet, [13] and diamond [13].However, the self-
assembly of anatase TiO2 nanocrystals is not very successful.
Our research group has obtained five different packing
types (ribbon, smectic, domino, honeycomb, lamellar) of

TiO2 nanorod and until now still rare studies addressed
the nanodot self-assembly of TiO2 [14]. This is because
the monodisperse TiO2 nanodots are not easy to prepare.
The morphology of nanocrystals can be tuned by varying
reaction conditions. The surfactant has the ability to control
the size and shape of the nanocrystals, especially for the
synthesis of metal oxides. The selective bindings of different
surfactant molecules to different facets of TiO2 lead to the
crystal growth along different directions [15]. In addition, it
is much easier to prepare the monodisperse nanocrystals if
we separate the nucleation and growth processes [16].

Here, we report the successful preparation of well-
ordered arrays of TiO2 nanocrystals whose predominant
shape is sphere. The solvothermal method is an economical
mass-production route for the synthesis of TiO2 nanodots.
Moreover, this provides an opportunity to rational planning
of TiO2 nanodots assemblies during synthesis. The central
features of our approach are the use of rapid heating process
and the use of both oleic acid and dodecylamine as two
different capping surfactants to synthesize monodisperse
TiO2 nanodots. It was found that the morphology and self-
assembly behavior of TiO2 nanodots become perfect with
increase of reaction time. The formation of well-ordered
arrays of TiO2 nanocrystals has also been discussed in this
paper.
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2. Experimental

The TiO2 nanodots were prepared by a solvothermal
method. Tetrabutyl titanate (C16H36O4Ti or TBT), oleic acid
(C18H34O2 or OA), and dodecylamine (C12H27N or DDA)
were of analytical grade and purchased from Sinopharm
Chemical Reagent Co., Ltd without further purification.
In a typical synthesis, TBT (9 ml) was added dropwise to
OA (72 ml) with magnetic stirring at room temperature
for 1 h. DDA (18 ml) was then added and the resulting
mixture was under stirring kept for 24 h. The solution
would gradually tune form pale yellow to orange, indicative
of the formation of titanium oleate complex. The high-
pressure reactor (High-Pressure Laboratory Reactor BR-100:
100 ml, BERGHOF) was heated to 290◦C before the obtained
complex was transferred into it to ensure rapid heating.
Then, the high-pressure reactor was kept at 300◦C for 10 h.
After the reaction had proceeded for 1 h, 3 h, 6 h and 10 h, the
resulting solution containing the nanocrystals was extracted
and then cooled to room temperature. The nanocrystals were
finally dispersed into toluene, providing stable optically clear
colloidal solution, and then placing a droplet of the colloidal
solution onto a carbon-coated Cu grid to allow the solvent to
evaporate under ambient condition.

The transmission electron microscopy (TEM) experi-
ments were performed at 80 kV using a JEM-1230 TEM.
The powder X-ray diffraction (XRD) data of the sample was
collected on a philips PW1050 powder diffractometer with
Cu Kα radiation source at 40 kV in the 2θ range of 20–80◦.

3. Results and Discussion

Figure 1 shows TEM images of TiO2 nanocrystals synthesized
by solvothermal method for different time at 300◦C. Average
diameter of particles is (a) 5.6, (b) 7.0, (c) 8.0, and
(d) 8.9 nm. As we have seen that the TiO2 nanocrystals
continue to grow with reaction times. However, the growth
rate decreases due to decrease of titanium oleate complex
concentration. The TEM images of Figures 1(a) and 1(b)
contain a number of irregularly shaped nanocrystals and
a part of the ordered regions. We only obtain a short-
range arrangement of the TiO2 nanocrystals rather than
a long-range ordering which is mainly affected by the
inhomogeneity of the nanocrystal shape and size. While, the
TEM images of Figures 1(c) and 1(d) demonstrating the
high size and shape uniformity of the nanocrystals make
it possible to manipulate nanocrystals into a long-range
ordered structure.

During the direct synthesis of monodisperse TiO2

nanocrystals, we were able to ascertain that the use of
rapid heating process and the use of both oleic acid and
dodecylamine as two different capping surfactants can con-
tribute to the preparation of the spherical TiO2 nanocrystals.
On one hand, the separation of nucleation and growth
processes of the crystallization, which tend to take place
at different temperatures, can help us to synthesize highly
uniform nanocrystals [16]. The mixture was under stirring
kept for 24 h because the nucleation was occurring at room
temperature in the present system. After this, the reaction

mixture was quickly heated to 300◦C (Our monitoring data
show that the temperature can rise to 213◦C in five minutes)
to ensure the growth of TiO2 nanocrystals without additional
nucleation. On the other hand, because the growth process is
time-dependent, we could obtain different TiO2 nanocrystals
while the reaction mixture was aged at 300◦C for different
hours. The improvement of TiO2 nanocrystals can be
attributed to the thermodynamic driving force at higher
temperature for a relatively long time. On the other hand, it
is possible to get nanocrystals of different shapes by varying
the surfactants. When only OA was used, it tends to adhere
on almost all of the surfaces of TiO2. The crystals grow
mainly on high surface energy faces and favor the formation
of nanorods. DDA have different functional groups with
distinct binding strengths, which can be adsorbed on the
different surfaces of TiO2. It is therefore expected that the
shape of TiO2 nanocrystals can be prepared by modulating
the OA/DDA volume ratio. When the TBT/OA/DDA volume
ratio is 1 : 8 : 2, the spherical nanocrystals with uniform size
are obtained. These results ascertain that the cooperative
effect of a specific amount of OA and DDA can contribute
to the formation of the spherical TiO2 nanocrystals.

Figures 1(c) and 1(d) show a TEM of a monolayer TiO2

nanocrystal, where most of the particles can be identified to
have a spherical shape and a long-range ordered structure
could be observed. The evaporation dynamics is one of
the most parameters affecting the assembly behavior of
nanocrystals, which is that the self-assembly of nanocrystals
occuring during the solvent evaporation of a nanocrystal-
containing solution. Slow solvent evaporation is considered
essential to this process, in which the concentration of the
nanocrystal-containing droplet increases gradually and the
free volume available for each nanocrystal decreases as the
solvent has evaporated [17]. A large cluster will be formed
inside droplet to play a role as the nucleation site, and a
long-range ordered structure will be formed after the new
incoming nanocrystals find their preferred location on the
growing cluster face. The nanocrystals inorder to get together
to form a nucleation site are in need for sufficient time
and the mobility provided by enough solvent. This explains
why there will be no self-assembled pattern observed if the
solvent evaporates very soon to dryness. In this experiment,
despite using toluene that evaporated rapidly, the formation
of the long-range ordered structure was still done. We believe
that the self-assembly process may have occurred during the
synthesis stage to some extent. This method may provide a
reasonable plan to large-scale synthesis and self-assembly of
monodisperse spherical TiO2 nanocrystals.

The typical XRD patterns of powders synthesized by the
solvothermal method are shown in Figure 2. The main peaks
corresponding to standard anatase TiO2 including (101),
(004), (200), (105), (211), (204), (116), (220), and (215) are
observed, which indicated that all samples are pure anatase
phase without other TiO2 polymorphs. It is apparent that no
changes in crystal structure of the TiO2 had occurred with
the increase of reaction time. However, all the diffraction
peaks of the samples become much sharper and stronger
indicating improved degree of crystallinity. In addition, the
intensity ratio of the (101) peak relative to the (200) peak is
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Figure 2: X-ray diffraction pattern of TiO2 nanocrystals synthesised for different hours at 300◦C: (a) 1 h, (b) 3 h, (c) 6 h, (d) 10 h.
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2.75, which is almost consistent with the spherical or bulk
TiO2. Apart from TEM images of TiO2 nanocrystals, this
provides more evidence that the TiO2 nanocrystals prepared
by this new system are spherical in shape. All these XRD
results can be ascribed to the inhibition of anisotropic growth
of anatase TiO2 nanocrystals.

4. Conclusion

In conclusion, we demonstrate the controlled growth of
spherical titanium dioxide in a new system through a
simple solvothermal method. The use of rapid heating
process and the use of both oleic acid and dodecylamine
as two different capping surfactants can contribute to the
preparation of the monodisperse spherical TiO2 nanocrys-
tals. When the TBT/OA/DDA volume ratio is 1 : 8 : 2, the
spherical nanocrystals with different diameters are obtained.
With the improvement of the high degree of uniformity
of TiO2 nanocrystals, the self-assembled pattern could be
observed. This novel approach could be extended to large-
scale synthesis and self-assembly of some other metal oxides.

Acknowledgment

This work has been funded by the Zhejiang Provincial
Natural Science Foundation of China (Grant no. Z4080021).

References

[1] C. J. Kiely, J. Fink, M. Brust, D. Bethell, and D. J. Schiffrin,
“Spontaneous ordering of bimodal ensembles of nanoscopic
gold clusters,” Nature, vol. 396, no. 6710, pp. 444–446, 1998.

[2] Z. L. Wang, S. A. Harfenist, I. Vezmar et al., “Superlattices
of self-assembled tetrahedral Ag nanocrystals,” Advanced
Materials, vol. 10, no. 10, pp. 808–812, 1998.

[3] D. V. Talapin, E. V. Shevchenko, C. B. Murray, A. Kornowski, S.
Föraster, and H. Weller, “CdSe and CdSe/CdS nanorod solids,”
Journal of the American Chemical Society, vol. 126, no. 40, pp.
12984–12988, 2004.

[4] T. S. Sreeprasad, A. K. Samal, and T. Pradeep, “One-, two-, and
three-dimensional superstructures of gold nanorods induced
by dimercaptosuccinic acid,” Langmuir, vol. 24, no. 9, pp.
4589–4599, 2008.

[5] E. V. Shevchenko, D. V. Talapin, N. A. Kotov, S. O’Brien,
and C. B. Murray, “Structural diversity in binary nanoparticle
superlattices,” Nature, vol. 439, no. 7072, pp. 55–59, 2006.

[6] M. Niederberger and N. Pinna, Metal Oxide Nanoparticles in
Organic Solvents: Synthesis, Formation, Assembly and Applica-
tion, Springer, New York, NY, USA, 2009.

[7] J. Tang, F. Redl, Y. Zhu, T. Siegrist, L. E. Brus, and M. L.
Steigerwald, “An organometallic synthesis of TiO2 nanopar-
ticles,” Nano Letters, vol. 5, no. 3, pp. 543–548, 2005.

[8] H. G. Yang, G. Liu, S. Z. Qiao et al., “Solvothermal synthesis
and photoreactivity of anatase TiO2 nanosheets with domi-
nant 001 facets,” Journal of the American Chemical Society, vol.
131, no. 11, pp. 4078–4083, 2009.

[9] Z. Zhang, X. Zhong, S. Liu, D. Li, and M. Han, “Aminolysis
route to monodisperse titania nanorods with tunable aspect
ratio,” Angewandte Chemie—International Edition, vol. 44, no.
22, pp. 3466–3470, 2005.

[10] D. K. Yi, S. J. Yoo, and D.-Y. Kim, “Spin-on-based fabrication
of titania nanowires using a sol-gel process,” Nano Letters, vol.
2, no. 10, pp. 1101–1104, 2002.

[11] Y. Zhou, E.-Y. Ding, and W.-D. Li, “Synthesis of TiO2

nanocubes induced by cellulose nanocrystal (CNC) at low
temperature,” Materials Letters, vol. 61, no. 28, pp. 5050–5052,
2007.

[12] C.-C. Weng, C.-P. Chen, C.-H. Ting, and K.-H. Wei, “Using a
solution crystal growth method to grow arrays of aligned, indi-
vidually distinct, single-crystalline TiO2 nanoneedles within
nanocavities,” Chemistry of Materials, vol. 17, no. 13, pp. 3328–
3330, 2005.

[13] Y.-W. Jun, M. F. Casula, J.-H. Sim, S. Y. Kim, J. Cheon, and
A. P. Alivisatos, “Surfactant-assisted elimination of a high
energy facet as a means of controlling the shapes of TiO2

nanocrystals,” Journal of the American Chemical Society, vol.
125, no. 51, pp. 15981–15985, 2003.

[14] B. Ye, G. Qian, X. Fan, and Z. Wang, “Self-assembled superlat-
tices from colloidal TiO2 nanorods,” Current Nanoscience, vol.
6, no. 3, pp. 262–268, 2010.

[15] C.-T. Dinh, T.-D. Nguyen, F. Kleitz, and T.-O. Do, “Shape-
controlled synthesis of highly crystalline titania nanocrystals,”
ACS Nano, vol. 3, no. 11, pp. 3737–3743, 2009.

[16] J. Park, K. An, Y. Hwang et al., “Ultra-large-scale syntheses of
monodisperse nanocrystals,” Nature Materials, vol. 3, no. 12,
pp. 891–895, 2004.

[17] C. B. Murray, C. R. Kagan, and M. G. Bawendi, “Synthesis
and characterization of monodisperse nanocrystals and close-
packed nanocrystal assemblies,” Annual Review of Materials
Science, vol. 30, pp. 545–610, 2000.



Hindawi Publishing Corporation
Journal of Nanomaterials
Volume 2011, Article ID 152524, 7 pages
doi:10.1155/2011/152524

Research Article

Controllable Assembly of Hydrophobic Superparamagnetic
Iron Oxide Nanoparticle with mPEG-PLA Copolymer and Its
Effect on MR Transverse Relaxation Rate

Xuan Xie and Chunfu Zhang

Med-X Research Institute, Shanghai Jiao Tong University, Shanghai 200030, China

Correspondence should be addressed to Chunfu Zhang, cfzhang@sjtu.edu.cn

Received 2 May 2010; Revised 14 July 2010; Accepted 15 August 2010

Academic Editor: William W. Yu

Copyright © 2011 X. Xie and C. Zhang. This is an open access article distributed under the Creative Commons Attribution
License, which permits unrestricted use, distribution, and reproduction in any medium, provided the original work is properly
cited.

Assembly of individual superparamagnetic iron oxide nanoparticles (SPION) into cluster is an effective way to prepare MRI
contrast agent with high relaxivity. In this study, we fabricated SPION clusters with different sizes and configurations by assembly of
amphiphilic mPEG-PLA copolymer with hydrophobic SPION in aqueous solution. The evolution of cluster size and configuration
with the amount of copolymer and the effect of cluster size on the transverse relaxivity was studied. T2 relaxation rates of clusters
with different sizes at iron concentration of 0.1 mM were compared with the theoretical predictions. We found that the relative
amount of copolymer/SPION was crucial for the formation of SPION cluster. The transverse relaxivity of the condense SPION
clusters (CSC) was size-dependent. The experimentally measured T2 relaxation rates of the clusters were lower than the theoretical
predictions. In motional average regime (MAR) region, T2 relaxation rates were more consistent with the theoretical values when
transmission electron microscope (TEM) evaluated size was used. Therefore, for fabrication of SPION clusters with assembly of
mPEG-PLA and hydrophobic SPION, delicate balance between the amount of copolymer and SPION should be pursued, and for
comparison of experimental T2 relaxation rate with theoretical predictions, TEM evaluated size was more suitable.

1. Introduction

Magnetic resonance imaging (MRI) is among the best nonin-
vasive methodologies today in clinical medicine for assessing
anatomy and function of tissues. The MRI technique offers
several advantages such as excellent temporal and spatial
resolution, the lack of exposure to radiation, rapid in vivo
acquisition of images, and long effective imaging window
[1]. These strengths make it a highly desirable modality
for MR molecular imaging. However, due to its relatively
lower sensitivity towards traditional small molecule contrast
agents, such as Gd-DTPA, its success in this research field
suffers.

Superparamagnetic iron oxide nanoparticle (SPION),
because of its biocompatibility and much higher sensitivity
than gadolinium contrast agent, is preferable for MR contrast
enhancement. Currently, SPION coated with dextran and
its derivatives have been used in clinical routine and also

extensively explored for MR molecular imaging [2, 3].
However, for detecting targets with lower expression level,
contrast agents with much higher sensitivity are superior.
Ultrahigh sensitive MnMEIO probe had been demonstrated
not only to detect the expression but also to differentiate the
expression level of HER2/Neu on tumor cells [4].

Increasing SPION size can increase its transverse relaxiv-
ity [5]. However, the large particles (at a size approximately
larger than 15 nm) are not superparamagnetic [6] and easily
aggregate in solution. Another way to increase T2 relaxivity,
while keeping the superparamagnetic characteristics, is clus-
tering individual SPION into clusters. Using polyelectrolyte-
neutral block copolymers and by electrostatic adsorption and
charge compensation between oppositely charged species,
Berret et al. [7] fabricated maghemite nanocluster and tuned
the size of aggregates in the range of 70–150 nm with aggre-
gation numbers (number of nanoparticles per aggregate)
from tens to hundreds. It was found that the transverse
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relaxivity, r2, was noticeably increased with the size of the
magnetic clusters. Ai et al. had also obtained similar result for
magnetic nanoparticles encapsulated into the hydrophobic
cores of 20–100 nm polymeric micelles [8]. These studies
indicated that clustering magnetic nanoparticles resulted
in enhanced transverse relaxivity. In recent years, different
strategies for fabrication of superparamagnetic magnetic
nanoclusters had been put forward [9–11].

mPEG-PLA is an amphiphilic copolymer and ideal for
fabrication of SPION cluster for MR molecular imaging in
vivo. First, both PEG and PLA are FDA allowed. Second, the
properties of PLA, such as crystallinity, tensile strength and
hydrophobicity, can be easily modulated, thus the loading
capacity for hydrophobic SPION can be tuned [12]. In
addition, PEG is nonimmunogenic and highly hydrophilic.
Surface coating with PEG has been demonstrated to extend
nanoparticle circulation time in vivo, leading to better tar-
geting behavior [13]. mPEG-PLA micelles have been shown
to be able to load hydrophobic SPION and doxorubicin
simultaneously and hold great promise for MR molecular
imaging [10].

So, in this study, we fabricated SPION cluster with
high MR sensitivity by assembly of hydrophobic SPION
with amphiphilic mPEG-PLA copolymer. The relaxation
rates of the clusters with different sizes and configuration
were studied and compared with theoretical predictions.
The condense SPION cluster (CSC) contrast agent may
find its uses in MR molecular imaging of targets on tumor
angiogenic vessels, such as, αvβ3, VEGFR, and vascular cell
adhesion molecule (VCAM).

2. Experimental

2.1. Chemicals. Poly(ethylene glycol) methyl ether (mPEG,
Mw 5000), D,L-lactide, Sn(II) octoate, Fe(acac)3, benzyl
ether, oleylamine(70%), and 1,2-hexadecanediol(90%) were
purchased from Sigma (St. Louis, MO). Other chemical
reagents were obtained from Sinopharm Chemical Reagent
Co. (China). Toluene was dried by refluxing over sodium
under dry argon. All aqueous solutions were prepared with
water from a Milli-Q water purification system.

2.2. Synthesis of mPEG-PLA Copolymer. mPEG-PLA was
synthesized by ring opening polymerization of D,L-lactide
at 110◦C [10]. In detail, 1 g poly(ethylene glycol) methyl
ether (mPEG, Mw 5000) was added into two-necked round
flask, heated at 80◦C under vacuum for 1 h, and subsequently
cooled down to the ambient temperature. D, L-Lactide (1 g)
was then added into the flask, and vacuumed overnight.
Subsequently, freshly distilled toluene (10 mL) was injected
into the flask and the polymerization was initiated by adding
tin(II) 2-ethylhexanonate (60 μL) as catalyst at 110◦C with
nitrogen flushing. After the reaction was performed for
4 h, the mixture was allowed to cool down to the ambient
temperature, and toluene was removed by rotary evaporator.
The final product was purified with THF three times.

2.3. Synthesis of Hydrophobic SPION. The hydrophobic
SPIONs were synthesized following the published procedure

[11] with little modification. Briefly, Fe(acac)3 (1 mmol),
1,2-hexadecanediol (5 mmol), oleic acid (3 mmol), oley-
lamine (3 mmol), and benzyl ether (10 mL) were mixed
into a three-necked flask and magnetically stirred under a
flow of nitrogen. The mixture was heated to 200◦C for 2 h
under a blanket of nitrogen and refluxed at 300◦C for 1 h.
After cooling to the ambient temperature, the solution was
treated with ethanol and centrifuged to yield a dark-brown
precipitate. The precipitate was washed with ethanol three
times and finally dispersed in toluene.

2.4. Assembly of mPEG-PLA with Hydrophobic SPION. For
assembly of mPEG-PLA with hydrophobic SPION, the
hydrophobic SPION in toluene was first dried with nitrogen
flow and mixed with mPEG-PLA (in 1 mL THF solution).
Then, the mixture was quickly injected into water (5 mL)
with vigorous stirring. THF was removed by evaporation
at room temperature overnight. By varying the amount of
SPION (0.67, 1.33 mg) or mPEG-PLA (0.1–0.5 mg) used,
different size and configuration of magnetite clusters were
able to be prepared.

2.5. Characterizations

2.5.1. 1H Nuclear Magnetic Resonance. The polymerization
of mPEG with D, L-Lactide monomers was characterized
with nuclear magnetic resonance (Bruker Avance 500 MHz
NMR, USA). The degree of polymerization was calculated
by comparing integral intensity of characteristic resonance of
PLA at 5.2 ppm(-C(=O)-CH(-CH3-)) and mPEG resonance
at 3.64 ppm(-OCH2CH2-) in the 1H spectra.

2.5.2. Transmission Electron Microscope (TEM) . The mor-
phology, size, and size distribution of the hydrophobic
SPION and SPION clusters were characterized by TEM
(JEOL 2100F, Japan). The particle suspension was directly
deposited onto a carbon-coated copper grid and air-dried
at room temperature. The particle size and size distribution
were calculated using an image analysis program by measur-
ing the diameter of at least 300 particles.

2.5.3. Hydrodynamic Size. The hydrodynamic size of the
clusters was measured by dynamic light scattering (DLS)
using a Malvern Autosizer 4700/PCS100 spectrometer
equipped with an Ar ion laser operating at 488 nm. Triple
measurements were performed, and the number- and
volume-weighted mean size were taken.

2.5.4. T2 Relaxometry. The relaxometry was performed
using a 1.4 T minispec mq60 NMR Analyzer (Bruker,
Germany) following the reported method [14]. The micelles
were suspended at the iron concentrations between 0.001
and 10 mM. For MR measurements, 0.3 mL micelle dilutions
were filled into the test tubes, and T2 relaxation times were
measured at 310 K using a standard Carr-Purcell-Meiboom-
Gill pulse sequence with echo time τCP = 0.5 ms. The T2
relaxivities were determined by a linear fit of the inverse
relaxation times as a function of the iron concentrations.
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Figure 1: (a) TEM image of hydrophobic superparamagnetic iron
oxide nanoparticles. The size of the particles is about 6 nm. (b) 1H
NMR spectrum of PEG (5 K)-PLA(2.5 K).

2.5.5. Vibrating Sample Magnetometer (VSM). Magnetic
properties of hydrophobic SPION and SPION clusters
were characterized in a vibrating sample magnetometer
(LakeShore7300, USA). The tested samples were lyophilized
and dried at 80◦C under vacuum prior to analysis. The
magnetization (M, emu g−1) of the samples was measured
as a function of the magnetic field (H, Oe) at 298 K.

2.5.6. Thermogravimetric Analysis (TGA). TGA analysis for
hydrophobic SPION and SPION clusters was performed
with a NETZSCH TG 209 F1 iris instrument (NETZSCH,
Germany) from room temperature to 1000◦C with a heating
rate of 10◦C min−1 in a nitrogen flow (20 mL min−1). The
initial weight of sample was 10 mg. The weight fraction
(wt%) of organic component (mPEG-PLA) and SPION in
the clusters were deduced from the TGA curve.

3. Results and Discussion

3.1. Synthesis and Characterizations of SPION and SPION
Clusters. By thermal decomposition of iron precursors in the
organic solvent in the presence of surfactants, hydrophobic
SPION with tunable sizes can be synthesized [11]. In this
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Figure 2: Evolution of hydrodynamic size (number weighted) of
SPION clusters fabricated with different amounts of hydrophobic
SPION or amphiphilic copolymer.

study, the size of SPION synthesized was about 6 nm, and it
was coated with oleic acid and dispersed in toluene very well
(Figure 1(a)) [15].

The polymerization of D,L-lactide monomers with
mPEG induced by hydroxyl group was manifested by
1H NMR spectrum. The characteristic peaks occurring at
5.2 ppm and 3.64 ppm in the 1H NMR spectrum were the
resonance of methine protons in PLA (-C(=O)-CH(-CH3-))
and methylene protons in PEG (-OCH2CH2-), respectively.
By varying the amount of catalyst, mPEG-PLA copolymers
with different molecular weights (Mw: 7100, 7500, 8400,
and 9340) were synthesized. The representative 1H NMR
spectrum of mPEG-PLA with molecular weight of 7500 was
shown in Figure 1(b).

For fabrication of SPION clusters, 0.67 mg hydrophobic
SPION was first used to assemble with different amounts
of mPEG-PLA. Increasing the amount of copolymer (Mw
7500) from 0.05 mg to 0.2 mg led to the decrease in
the assembly size (number-weighted size, Figure 2). When
the copolymer mass was more than 0.2 mg, the size of
the cluster would not change significantly and maintained
at about 45 nm. Morphologically, condense SPION cluster
(CSC, Figure 3(a)) or blank mPEG-PLA micelle with SPION
adhesion on the surface (referred to “loosen SPION cluster,”
LSC) (Figure 3(b)) was observed during the change of
cluster sizes. The evolution of cluster size and configuration
with polymer amount were similar when double amount of
SPION (1.33 mg) was utilized. However, a rise in SPION
amount resulted in dramatical size increase (Figure 2).

The assembly of mPEG-PLA with hydrophobic SPION in
aqueous solution is the result of strong absorption of SPION
with the hydrophobic segment (PLA) of the amphiphilic
polymer. Upon mPEG-PLA, SPION, and THF mixture is
added into aqueous solution, the hydrophobic PLA chain is
preferred to be inserted into the space between the oleic acids
on SPION surface with hydrophilic PEG chain extending
outside. With increase in mPEG-PLA amount in the aqueous
solution, more polymer will be available for individual
SPION and less SPION would be included in one cluster,
which may decrease the cluster size. However, single SPION
coated with mPEG-PLA was not found.
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Figure 3: Characterizations of SPION clusters. (a) and (b) Representative TEM images of condense SPION clusters (CSC) and loosen
SPION cluster (LSC), respectively. (c) TGA curve of hydrophobic SPION (A), condense SPION clusters (B) and loosen SPION cluster (C).
(d) Magnetization plot of SPION as a function of the applied field at 298 K.

For fabrication of condense SPION cluster (CSC), Mw
of mPEG-PLA did not affect the size of cluster significantly.
As shown in Figure 2, in the case of assembly of 0.1 mg
copolymer with 0.67 mg SPION with copolymer Mw of 7500,
the size of cluster was 58.3 nm. When copolymers of different
Mw (7100, 8400, and 9340) were used for assembly with
identical mass of copolymer (0.1 mg) and SPION (0.67 mg),
the sizes of the clusters were 60.6 nm, 58.1 nm, and 63.2 nm,
respectively.

TGA curves of hydrophobic SPION, CSC, or LSC
showed that the first step of thermal decomposition was
around 100◦C and the major decomposition occurred in the
temperature range at 200–800◦C. Less weight loss occurred
at temperatures above 800◦C (Figure 3(c)). The initial
weight loss was due to removal of surface adsorbed water
(hydrophobic SPION: 2.12%, CSC: 3.33%, and LSC: 6.87%).
The weight loss between 200–800◦C was attributed to the
thermal degradation of organic components on the SPION
surface or in the clusters (23.56% for hydrophobic SPION,

42.92% for CSC, and 55.55% for LSC). The contents for
residues (SPION) were 74.32% for hydrophobic SPION,
53.74% for CSC, and 37.58% for LSC, respectively.

Magnetic properties of hydrophobic SPION, CSC and
LSC were studied by using a vibration sample magnetometer
(VSM). According to the SPION content deduced from TGA
data, the saturation magnetization (Ms) value of SPION
was found to be 66.73 emu g−1 (Figure 3(d)). The shape
of the hysteresis curve was normal and tight with no
hysteresis losses, which was expected as the behavior of
superparamagnet [16].

T2 relaxation rate (1/T2) of SPION cluster was fitted
as a function of iron concentrations (Figure 4(a)). For
condense SPION cluster (CSC), T2 relaxivities were 234,
363, and 413 s−1mM−1 at the sizes (number-weighted) of
49, 59, and 76 nm, respectively. When the size of the
cluster reached 113 nm, the T2 relaxivity was as high as
512 s−1mM−1. These findings were consistent with previous
reports that clustering magnetic nanoparticles resulted in
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Figure 4: MR relaxation property of SPION clusters, these size distributions and comparison of the relaxation rates with theoretical
predictions (d). (a) Relaxation rates of SPION clusters as functions of iron concentrations. (b) Size distribution of SPION clusters evaluated
with volume-weighted method. (A) loosen SPION clusters (LSC): 58 nm. (B)–(F), condense SPION clusters (CSC): 73 nm, 95 nm, 97 nm,
144 nm and 199 nm, respectively. (c) Size distribution of SPION clusters evaluated with number-weighted method. (A) loosen SPION
clusters (LSC): 43 nm. (B)–(F), condense SPION clusters (CSC): 48 nm, 59 nm, 76 nm, 85 nm and 113 nm, respectively. (d) Comparison
of relaxation rates of SPION clusters with theoretical predictions with sizes evaluated with TEM or DLS (number-weighted and volume-
weighted). The straight lines are fair approximations of the theoretical predictions (MAR, SD and ELR). Loosen SPION clusters (LSC)
demonstrate the smallest sizes and relaxation rate.

enhanced transverse relaxivity [7, 8]. Whereas, for loosen
SPION cluster (LSC), the T2 relaxivity was comparatively
low (43 nm, r2 = 116.94 s−1mM−1).

3.2. Comparison of the Experimental T2 Relaxation Rates
with Theoretical Predictions. In order to compare the experi-
mental T2 relaxation rates with theoretical predictions, the
T2 relaxation rates versus volume-weighted (Figure 4(b))
and number-weighted (Figure 4(c)) hydrodynamic sizes of
SPION clusters were plotted at 0.1 mM iron concentration.
The T2 relaxation rate of water in magnetic particle suspen-
sion is predicted by different regimes according to the size
of the particle [17]. When particles are small, the T2 relax-
ation rate will be dominated by water molecular motions
(motional average regime, MAR). 1/T2 is proportional to τD

1
T2

= 16 fvΔω2τD

45
, (1)

where fv is the volume fraction of magnetic particles, Δω is
the difference in angular frequency between the local field
experienced by a proton at the equatorial line of the cluster
surface and in the bulk, and τD is the translational diffusion
time around the cluster, in which

Δω = γμ0M

3
, (2)

τD = R2

D
. (3)

γ is the proton gyromagnetic ratio (42.58 MHz/T); μ0 the
vacuum magnetic permeability (4π× 10−7 Tm/A); M the
particle magnetization.; R the particle radius; Dw the self-
diffusion coefficient of pure water at 310 K (3 × 109 m2s−1)
[18].
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When particle size increases to a certain size, the T2
relaxation rate reaches its maximum and is governed by static
dephasing regime (SDR):

1
T2

= 2π
√

3 fvΔω
9

. (4)

Above this size, it plateaus. Further size increase would result
in decrease of T2 relaxation rate, which can be predicted by
echo-limited regime (ELR). In this regime, T2 relaxation rate
is proportional to 1/τD and is related to τCP, with

1
T2

= 1.8 fv(ΔωτCP)1/3(1.52 + fvΔωτCP
)5/3

τD
. (5)

The intersections of SDR with MAR (left edge of SDR, τD1)
and ELR ( right edge of SDR, τD2) are, respectively, at

τD1 = 5π
√

3
8Δω

, (6)

τD2 =
(

1.49
Δω

)
(ΔωτCP)1/3(1.52 + fvΔωτCP

)5/3; (7)

[18].
Using the measured magnetization of SPION

(66.73 emu/g), the theoretical 1/T2 versus size of the
particle (diameter) can be calculated by (1), (2), (4), and
(5) with τCP = 0.5 ms and [Fe] = 0.1 mM ( fv = 1.52 × 10−5

[Fe] [17]). The result was plotted in Figure 4(d) as a line
consisting of three straight segments. The experimental
1/T2 data points were also shown in the figure versus
number-weighted or volume-weighted hydrodynamic size.

According to (6) and (7), the calculated left edge and
right edge of SDR are about 30 nm and 160 nm, respectively,
which means that SDR is satisfied in this size range and
T2 relaxation rate reaches its maximum (73.48 s−1) and
keeps unchanged. In our case, the sizes of SPION cluster
(number-weighted or volume-weighted) all fall in this size
range. However, for CSC, T2 relaxation rates increase (from
25 s−1 to 43 s−1) with cluster size increase, expressing MAR
behavior and reach its maximum at size about 85 nm for
number-weighted size and 144 nm for volume-weighted
size. Moreover, compared with theoretical prediction, the
measured T2 relaxation rate is much lower (for both MAR
and SDR). This phenomena has also been observed for
a styrene-acrylic acid copolymer-coated or dextran-coated
iron oxide particles [18]. For LSC, the relaxation rate was also
lower than that of theoretical prediction.

The possible explanation of the lower experimental value
in MAR region may be that size evaluated by DLS with
number-weighted or volume-weighted method was overes-
timated. When TEM-evaluated cluster size, which measures
the size in “dry” state and may reflect the size more close
to the “real” one, was applied, the measured relaxation rates
were more closer to the theoretical line, which was consistent
with the observation of micogel iron oxide particles [19].
However, in the SDR region, replacement with TEM size
does not narrow the discrepancy between the experimental
values and the theoretical prediction. Comparison of the
experimental T2 relaxation rate of a particular SPION

formulation with that of theoretical prediction is compli-
cated, which may involve the methods used for particle size
evaluation [20, 21], magnetic property, surface coating, and
even different formulation of the particles [18, 20]. The low
T2 relaxation rate of the studied suspensions of iron-oxide
particle clusters may be a general phenomena for all water
suspensions of iron-oxide particles, and further experimental
and theoretical studies are needed to confirm and understand
it [18].

4. Conclusion

In this study, we fabricated magnetite nanoclusters with
hydrophobic SPION (about 6 nm) and mPEG-PLA
amphiphilic copolymer and compared the T2 relaxation
rates with theoretical predictions. We found that the relative
amount of mPEG-PLA and SPION for assembly played a
crucial role in determining the size and configuration of the
clusters. Condense SPION cluster or polymer sphere with
surface SPION adhesion could be formed with different
amounts of copolymer/SPION. For condense SPION
clusters, T2 relaxivity of the cluster was size dependent.
T2 relaxation rates of the clusters were lower than those
of theoretical predictions. Compared with DLS method,
TEM-evaluated size was more suitable for the comparison
of experimental T2 relaxation rate with the theoretical
prediction. In this regard, further experimental and
theoretical studies are needed in the future to understand it.
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Nano-Ga-Pd/poly methyl methacrylate (PMMA) composite materials were prepared with the palladium chloride solution
containing metal gallium, MMA as monomer, and sodium dodecyl sulfate (SDS) as emulsifier without initiatoror reducer. Pd, Ga,
and Ga5Pd phase in PMMA matrix were identified by XRD. The characteristic absorption peak at 200 nm for nano-Ga/PMMA
polymer solution, at 209 nm for nano-Pd/PMMA polymer solution were proved by UV-Vis; the binding energy changes of O1s,
Ga2p3, Ga2d, and Pd3d were characterized by means of X-ray photoelectron spectroscopy. It is concluded that nano-Ga5Pd was
produced based on segment electronics shifting from Gallium to Palladium, and coordination was formed on segment electronics
from Gallium to oxygen of PMMA ester group. The anisotropism ordered assembly of PMMA around nano-Ga-Pd particles were
illuminated by transmission electron microscopy; it is further interpreted that nano Ga-Pd particles had ordered-assembly induced
effect.

1. Introduction

Nanocomposite materials have increasingly become a major
part of new synthetic materials all over the world owing
to their applications in mechanics, tribology, optics, mag-
netism, and electronics [1, 2]. Nanoalloy materials, which are
different from the general alloy in both size and structure,
have been one of the most promising and emerging research
areas in advanced materials because of the unique properties
[3, 4]. Lee and Shingu [5] in Tokyo University firstly prepared
nanoalloy materials by ball milling. Subsequently, lots of
new methods were used to prepare nanoalloy materials
[6, 7], such as chemical reduction. However, there existed
limitations in those methods: the reaction system was
more complicated and the properties of the as-synthesized
nanoalloy became bad because of initiator or metal reductant
used in the preparation process. And in those methods,
the as-synthesized nanosized alloy materials conglomerated
easily, and so the nano-effect of nanomaterials weakened.
To resolve these problems, the idea of the organic-based
nanometal came into being and new nanocomposite alloys
were reported to possess interesting properties [8, 9].

Ultrasonic radiation method was used widely to prepare
nanomaterials because of its convenience, emulsification,
dispersion, and cavitation. Works on nanometal particles
synthesis in emulsion polymerization without initiator by
means of ultrasonic radiation were reported [10], but
literature on preparing Pd-Ga alloy nanocomposite particles
by ultrasonic radiation cannot be found as far as our knowl-
edge goes, let alone the ordered self-assembly of PMMA-
based Pd-Ga nanocomposite. So-called self-assembly is the
autonomous organization of components in system into
patterns or structures without human intervention [11]. For
polymer-based nanocomposites, the polymer chain would
possess the ordered self-assembly phenomena due to nano-
effect of nanometal particles. South Korean scholars [12]
had reported that on nano-Fe2O3 particles into composite
would induce polystyrene-block-polypropylene (PS-b-PI) as
composite matrix to self-assembly; the results showed that
size and content of nano-Fe2O3 into the nanocomposites
had great impact on ordered self-assembly structure of PS-
b-PI. Chinese scholars had studied that polyethylene (PE)
crystallization would be induced by carbon nanotubes, of
which the nanocomposites were composited [13]. XU group
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[14] preliminarily reported that ordered self-assembly of
PMMA was induced by nano-Ag-Ga alloy. The ordered self-
assembly with long-range orientation selectivity of PMMA
induced by Pd-Ga alloy is studied in the paper. As for
ordered self-assembly of polymer into nanocomposites with
nanometal particles, no paper was found as far as our
knowledge goes.

In the paper, the PMMA-based nano Pd-Ga nanocom-
posites were prepared by ultrasonic radiation the gallium that
has low-melting point (29.78◦C) is easily comminuted into
nano-granules by ultrasonic radiation, and the nanoalloy
composed of both gallium and Palladium is mutually formed
by the nano-granules of gallium from the bulk liquid
gallium and palladium clusters reduced from palladium salt
solution without metal reductant. Meanwhile poly (methyl
methacrylate) synthesized by ultrasonication without any
initiator in the emulsion system was used to wrap the
nanoalloy to prevent the nanoparticles from coagulating, so
the Pd-Ga/PMMA nanoalloy composite particles with core-
shell structure are prepared.

2. Experimental

Preparation of Pd-Ga/PMMA nanoalloy composite particles
was carried out as follow. A block of gallium (purity:
99.99%); high-purity palladium (II) chloride (PdCl2) (Chen-
zhou Xiangchen Hi-tech Industry Co.Ltd, China), and a
little of sodium dodecyl sulfate (abbreviated as SDS, purity:
90.0%) were added into a beaker containing a proportional
distilled water, then a proportional methyl methacrylate,
which was supplied by Shanghai Chemical Reagent Company
and washed with 5% aqueous sodium hydroxide and subse-
quently washed by distilled water to neutrality, was poured
into the beaker. Then, N2 was piped into the mixture in
the beaker to get rid of dissolved oxygen in the mixture for
15 min. The output power of the ultrasonic was adjusted
to work efficiently before the ultrasonic generator (JY98-
III ultrasonic generator, Ningbo Scientz Biotechnology Co.,
Ltd., China, frequency: 20 KHz, output power: 200∼1200 W)
was on. The reaction temperature was controlled between
40∼45◦C by circulating water. The system became emulsion
and the color of the system became dusk after the ultra-
sonication for several minutes. The ultrasonic generator was
terminated when the emulsion polymerization of methyl
methacrylate and reduction of the palladium ion (II) were
finished. The emulsion was refrigerated to demulsificate,
then the precipitate was treated by filtering, washing, and
drying in vacuum, and finally PMMA-based nano Pd-Ga
composite particles were obtained.

The morphology of the nanoparticles was observed by
means of high-resolution transmission electron microscope
(TEM) (JEOL-2010, Japan Electronics Co., Ltd.) when a
little of the powder samples was dispersed in acetone to
form dispersion system, and the suspension was dropped
to a copper grid. The crystalline phase of the powder was
determined by using an X-ray diffractometer (XD-3, Beijing
Pur-kinje General Instrument Co. Ltd. China) with DX-
2000 (λCuKα = 0.15418 nm), using graphite-monochromatic
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Figure 1: XRD pattern of the Pd-Ga/PMMA nanocomposite.

Table 1: Values of 2θ and d at XRD peaks of Pd-Ga/PMMA
nanocomposite.

Peak 1 2 3 4 5 6 7

2θ (◦) 32.30 40.31 41.37 44.48 46.77 68.31 82.23

d (nm) 2.7691 2.2354 2.1809 2.0355 1.9402 1.3717 1.1712

Standard
d (nm)

2.7740 2.2407 2.1830 2.0410 1.9405 1.3721 1.1701

Cu-Ka radiation (r = 0.154 nm) with an accelerating voltage
of 40 KV, at scanning rate of 0.02◦S−1 in 2θ ranging from
10◦ to 85◦. The UV spectrum of the samples were tested
by TU-1901 dual-beam UV spectrophotometer (Beijing
PUXI Co. Ltd in China). The chemical composition of
Pd-Ga/PMMA nanocomposites was tested by Thermo
ESCA-LAB 250 X-ray photoelectron spectroscopy (Thermo
Corporation, American).

3. Results and Discussion

The infrared spectrum of the nanocomposites was collected
after purification and pellet pressed together with potassium
bromide, characteristic peak of C=C (1638 cm−1) nearly
disappeared in Pd-Ga/PMMA spectrum, which indicated the
polymerization of MMA monomer occurred completely by
ultrasonic radiation. Characteristic peak of C=O and C–H in
the spectrum of PMMA was shifted to short wave region in
that of the nanocomposites, which hinted that there existed
interaction between nanoalloy particles with PMMA matrix
to some degree.

The X-ray diffraction patterns of Pd-Ga/PMMA com-
posite particles by ultrasonic irradiation were showen in
Figure 1; the four strong characteristic peaks, shown as peaks
2, 5, 6, and 7 in Figure 1, of Pd-Ga/PMMA composite lied
in 2θ = 40.31, 46.77, 68.31, and 82.23, which were corre-
sponding to crystal face of [111], [200], [220], and [311] of
Pd (PCPDFWIN#870639). The peaks at 2θ = 32.30, 41.37,
and 44.48, respectively, belonged to [211], [213] and [310]
of Ga5Pd (PCPDFWIN#15-0577). But the peak of [114]



Journal of Nanomaterials 3

200 250 300 350 400 450 500
0

0.5

1

1.5

2

2.5

A
bs

(c
ps

)

λ (nm)

218

209

200

1
2

3

Figure 2: UV-Vis spectra of Pd-Ga/PMMA), nano-Pd/PMMA,
and Ga/PMMA composites. (1) Pd-Ga/PMMA; (2) Pd/PMM; (3)
Ga/PMMA.

(standard d values are 2.1960 nm) of Ga5Pd was not found,
it is possibly explained that the peak of [114] was overlapped
by that of [111] of Pd. The peak appeared at 2θ = 35◦ was of
amorphous peak of Ga with the low-melting point.

UV-visible absorption spectra of the samples are dia-
grammed in Figure 2. The peak that appeared at 207 nm
was from Ga/PMMA composite, the peak at 209 nm from
nano-Pd/PMMA composite, and the peak at 218 nm from
nano Pd-Ga/PMMA composite. It was obvious that curve 3
at 218 nm for nano Pd-Ga/PMMA composite was different
from curve 1 at 207 nm and curve 2 at 209 nm in absorption
position and strength; it was indicated that this was con-
tributed from palladium gallium alloy Ga5Pd as dispersing
nano-phase into nanocomposites.

To further investigate the microstructure information
of the nano Pd-Ga/PMMA composites, XPS of the nano
Pd-Ga/PMMA composite was performed and shown as in
Figure 3(a), the results suggested that there were binding
energy peaks of elements of carbon, oxygen, palladium,
and gallium. The peaks of Ga2p region of the gallium was
shown as Figure 3(b), the peak positioned at 1118.81 eV was
correspondant to Ga2p3. In comparison with pure gallium
with standard energy spectrum peaks at 1116.6 eV of Ga2p3
electron, the binding energy peaks were shifted to high
region, increasing 2.2 eV. The peaks of Ga3d region of the
gallium were shown as in Figure 3(c); the peaks positioned
at 20.64 eV and 18.02 eV, respectively, were correspondant
to Ga3d3/2 and Ga3d5/2, in comparison with pure gallium
with standard energy spectrum peaks at 1116.6 eV of Ga2p3
electron. At 2138 eV of Ga3d3/2 and 18.52 eV of Ga3d5/2,
respectively, the binding energy peaks were shifted to high
region, increasing 2.2 eV, 0.74 eV and 0.5 eV, respectively;
this phenomenon indicated that the chemical environment
around Ga atoms was changed; the binding energy within
the electronic shell was increased because of the decrease
of valence electron density and the shielding effects of
domestic electronic shell. In Figure 3(c), the energy spectrum
peaks of Pd3d electrons positioned at 335.43 eV, which were

dropped down 2.07 eV than the standard energy spectrum
peaks of Pd3d electrons that were positioned at 337.5 eV,
that is, the energy spectrum peaks of Pd3d electrons within
nanocomposites, moved to the low-binding energy region.
This illustrated that chemical environment of palladium
was changed due to getting some electronics from other
atoms. For binding energy change of the gallium atom, on
the one hand, in terms of interaction between gallium and
palladium, the segment electron in 4d orbital of gallium
flowed directly to 5s orbital of palladium in order to form
a new alloy, namely, Ga5Pd generated from Pd with Ga; on
the other hand, coordination energy was based on segment
electronics shifting from gallium to oxygen attached to
ester group of PMMA into nanoalloy/PMMA composite.
The curve of XPS spectrum of O1s pertain to the nano
Pd-Ga/PMMA composite was fitted by means of Origin
6.1 shown in Figure 3(e); curve 1 peaked at 531.62 eV, in
Figure 3(e) was originated from carboxyl (C=O), curve 2
peaked at 533.39 eV from ester group (C–O–C), and curve
3 from integration fitting peak of O1s in the two chemicals
environment. Based on the standard dates of (532.62 eV)
carboxyl (C=O) and (533.39 eV) ester group (C–O–C), the
O1s binding energy peaks shift to lower region, which
were reduced to 0.68 eV and 0.51 eV, respectively; it was
probably due to carbonyl oxygen atom accepting electronics
cloud to from gallium atom form nanoalloy of Pd-Ga
into the nanocomposite. The XPS results proved that there
existed interaction between carboxyl (C=O) oxygen and the
nanoalloy.

The morphology of the nano Pd-Ga/PMMA composites
was showen in Figure 4; it demonstrated that the nanocom-
posite was small in size about ∼25 nm with nanometal
particles as core and PMMA as shell. The interesting TEM
images of the nanocomposites were formed when observed
in high-resolution TEM; it hinted that there were ordered
self-assembly of PMMA in addition to possessing in ordered
distribution state around the nanoalloy in Figure 4; the
ordered self-assembly of PMMA possibly had something to
do with not only content of nanometal, but also distance and
direction apart from surface of nanometal in distribution.
The more the content of the nanometal is, the more the
obvious is phenomenon of ordered self-assembly of PMMA,
comparing Figure 4(a) based on metal content 0.15% with
Figure 4(b) based on metal content 0.3%. For selectively
of distance and direction apart from surface of nanometal
in distribution, on the one hand, ordered direction of
PMMA self-assembly was vertical near to the surface of
nanometal particles; on the other hand, ordered direction
of PMMA self-assembly was changed from vertical to slope
even to horizontal direction apart from the surface of the
nanometal particles, shown as the inset in Figure 4(b). The
mechanism of the ordered self-assembly of PMMA was
probably imagined as induced effect of nanometal Pd-Ga
particles into nanocomposites due to interaction of nano Pd-
Ga with PMMA illustrated above. Based on the interaction
of palladium gallium nanocrystals as discontinuous phase
with PMMA as continuous phase, why did nanometal
contained gallium as one of components into polymer-based
nanocomposites would occur the ordered self-assembly, the
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Figure 3: XPS of nano-Ga-Pd/PMMA composites powder. (a) XPS survey spectrum of nanocomposites; (b) Ga2p; (c) Ga3d; (d) Pd3d; (e)
fitting curve of O1s. (1) C=O; (2) C–O–C; (3) integrate fitting peak of O1s in the two chemicals environment.
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Figure 4: TEM images of the Pd-Ga/PMMA nanocomposite. (a) Metal Contention 0.15% (b) Metal Contention 0.3%.

possibly reason was suggested to come from stable atom-
chain structure of gallium. Gallium itself possessed property
to form stable atom-chain structure [15], and exhibit
the most stable “Z” configuration. Gallium was mainly a
component in the Ga5Pd nanoalloy and was distributed
possibly on the surface of the nanoalloy. On coordination
of gallium atoms with oxygen of ester group attached to
PMMA, oxygen atoms attached to PMMA were arranged
along the direction of gallium atom-chain structure as a
template; so, there were ordered oxygen atoms array and
then ordered self-assembly of PMMA as polymer continuous
phase into nanocomposites. The ordered self-assembly of
PMMA as continuous phase into nano-Ag-Ga/PMMA com-
posites possessed isotropic phenomenon in reported paper
by XU group [14], which was closed ringlike around Ag-
Ga particles as dispersing phase into nanocomposites; it
was completely different to that of PMMA from the Pd-Ga
nanocomposites. The possible reason was suggested that the
nanosilver gallium alloy into polymer-based nanocomposites
was presented to be isotropic based on hexagonal crystal,
whereas the nano-palladium gallium alloy into polymer-
based nanocomposites did not, it was found to be antitropic
based on tetrahedron crystal.

4. Conclusions

Nano-Ga-Pd /poly methyl methacrylate (PMMA) composite
materials were prepared with the palladium chloride solution
containing metal gallium without initiator reducer, MMA as
monomer, and sodium dodecyl sulfate (SDS) as emulsifier
under ultrasonic generator, in which Pd2+ ion was reduced
to nano-palladium particles, meanwhile produced Ga5Pd
with microdrop of liquid gallium, and the monomers were
polymerized simultaneously by ultrasonic radiation. The
structure of nanocomposite with nano metal was character-
ized by means of IR, XRD, UV-Vis, TEM, and XPS. Pd, and
Ga5Pd as dispersing phase in PMMA matrix was identified
by XRD. The results of UV-Vis spectrum showed that there
was a characteristic absorption peak at 200 nm for nano-
Ga/PMMA polymer solution, at 209 nm for nano-Pd/PMMA
polymer solution, and at 218 nm for nano Pd-Ga/PMMA;

XPS proved that the O1s binding energy of C=O and C–
O–C into nanocomposite was decreased compared to that
of the standards, respectively, the meanwhile binding energy
of Ga2p3, Ga2d3/2, and Ga2d5/2 into Pd-Ga nanoalloy of
the nanocomposite were increased; however, Pd3d binding
energy was decreased; it is concluded that nano Ga5Pd
was formed on shifting of segment electronics of Gallium
to Palladium, and coordination of gallium attached to
nano Pd-Ga alloy and oxygen of ester group attached
to PMMA was found on shifting of segment electronics
of gallium to oxygen. So, there was interaction of nano
metal particles with the polymer as matrix. Based on the
interaction, TEM illuminated that ordered self-assembly of
PMMA as continuous phase around nano-Ga-Pd particles
into nanocomposites was presented and was found to be
of anisotropism; it was further deduced that nano-Ga-Pd
particles possessed induced effect on ordered self-assembly
of polymer.
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Linear assembles of BN nanosheets (LABNs) were fabricated in polysiloxane/BN nanosheet composite film under a high DC
electric field. The hexagonal BN nanosheets were dispersed by sonication in a prepolymer mixture of polysiloxane followed by a
high-speed mixing. The homogeneous suspension was cast on a spacer of microscale thickness and applied to a high DC electric
field before it became cross-linked. X-ray diffraction, scanning electron microscopy, and digital microscopy revealed that LABNs
formed in the polysiloxane matrix and that the BN nanosheets in the LABNs were aligned perpendicular to the film plane with
high anisotropy. This is the first time that linear assemblies of nanosheets have been fabricated in an organic-inorganic hybrid film
by applying a DC electric field. The enhanced thermal conductivity of the composite film is attributed to the LABNs. The LABN
formation and heat conduction mechanisms are discussed. The polysiloxane/BN nanosheet composite film has the potential to be
used semiconductor applications that require both a high thermal conductivity and a high electric insulation.

1. Introduction

Methods for aligning nanosheets in polymer/nanosheet
composites have received considerable interest because the
physical properties of such composites can be enhanced
when the nanosheets are suitably aligned in the polymer
matrix [1–6]. In particular, the deformation, failure, heat
resistance, and thermal properties of the polymer can be con-
trolled by adding small quantities of hard inorganic particles.
Well-aligned nanosheets with a one-dimensional orientation
in a polymer matrix exhibit conductivity percolation at a
much lower volume fraction than other powders [7–9].
Composites of anisotropically aligned graphite nanosheets
in polymers have been attracting considerable interest
since such composites exhibit high thermal and electrical
conductivities [1, 6–8]. However, these composites have
limited application as electrical insulators because graphite
exhibits electrical properties that range from metallic to
semiconducting [2–4]. Boron nitride (BN) is a promising

material for replacing graphite for applications that require
insulators. It has one of the highest thermal conductivi-
ties of all electric insulators [10] and exhibits exceptional
semiconducting properties with high band gap energies that
vary in range 5.5 to 6.4 eV depending on the polymorph
and superior chemical inertness. The thermal conductivity
of hexagonal BN increases with increasing anisotropy: when
BN nanosheets are aligned perpendicular to the c-axis,
their thermal conductivity is almost 20 times greater than
that when they are aligned parallel to the c-axis [10, 11].
Aligning nanosheets by reorientation in a polymer is an
important technique; shear forces [12], magnetic forces
[1, 2, 13], and electric fields [3, 4, 14] have been widely
used to reorient nanosheets in a polymer matrix. Shear-
induced assembly can align nanosheets in a polymer matrix
without surface modification, but it cannot be used to orient
nanosheets perpendicular to the composite film surface [12].
Orientating nanosheets using electric fields and magnetic
forces normally requires modifying the nanosheet surface
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by adding metal nanoparticles (e.g., iron nanoparticles) to
achieve better orientation of the nanosheets [2, 3]. High
torques, generated using nanosecond electrical pulses with
potentials up to 40 kV, have been applied to avoid surface
modification [15]. Orientating objects such as nanoparticles
[16], nanotubes [17], and nanosheets [14, 17–19] in a poly-
mer matrix by applying an electric field has been investigated
to determine the orientation mechanisms in terms of the
structure variation. Linear bundles of carbon nanotubes have
been fabricated in organic solvents by applying a DC electric
field [17]. Such elongated bundle structures are interesting
because, unlike one-dimensional nanotube structures, two-
dimensional structures enable nanosheets to be used as
conducting fillers. However, no studies have investigated
fabricating linear bundles of nanosheets in a solvent or
a viscous polymer. Furthermore, there have been very
few studies on fabricating ordered BN nanosheet-polymer
composite films [15, 20] and there have been no detailed
investigations on the dependence of the physical properties
of composites on the arrangement of BN nanosheets.

The three objectives of the present study were to fabricate
linear assemblies of BN nanosheets (LABNs) in a poly-
mer/nanosheet composite film by applying a high electric
field without modifying the surface, to determine the physi-
cal properties of the composite, and to clarify the dependence
of the physical properties on the arrangement of the BN
nanosheets in the polymer matrix. BN nanosheets homoge-
nously dispersed in a prepolymer mixture of polysiloxane
were subjected to a high DC electric field during cross-
linking of the system. X-ray diffraction (XRD), scanning
electron microscopy (SEM), digital microscopy, and thermal
conductivity measurements were used to characterize the
composites.

2. Experimental

2.1. Materials. Polysiloxane/BN nanosheet composite films
were prepared by introducing BN nanosheets into a
polysiloxane prepolymer mixture. Hexagonal BN nanosheets
(D90 = 10.6μm, density: 2.26 g/cm3, thickness: 2–10 nm)
of commercial origin (Denka Co., Ltd.) were used. Two
polysiloxane prepolymers with different viscosities were
used: YE5822(A) (viscosity: 1.2 Pa·s), and YE5822(B) (vis-
cosity: 0.2 Pa·s) (Momentive Performance Materials Inc.).

2.2. Fabrication of Ordered Polysiloxane/BN Composite Films
by Applying a High DC Electric Field. Polysiloxane/BN
nanosheet composites were prepared by the following
method. 3 g of silicone YE5820(A) was sonicated for 5 min.
0.3 g of silicone YE5822(B) and 0.416 g of BN (5 vol%) were
mixed, introduced into the sonicated silicone YE5820(A)
and further sonicated for 10 min. The mixture was stirred
using a high-speed mixer at 1500 rpm for 5 min to produce
a homogeneous dispersion. It was then cast on a glass spacer
(1.2 mm × 1.2 mm × 120 μm) and subjected to a DC electric
field (2.5 kV) for 16 h to enhance the orientation of the BN
nanosheets in the polysiloxane prepolymer mixtures perpen-
dicular to the electrodes. Finally, the prepared composites
were dried for 0.5 h at 80◦C to ensure complete curing.

2.3. Characterization and Measurements. The anisotropic
alignment of BN nanosheets in the polymer films were
analyzed by XRD (RINT 2500, Rigaku Co.). Reflections from
the BN nanosheets were observed at 2θ = 26.76◦ for the
(002) plane and at 2θ = 41.60◦ for the (100) plane. The
linear distribution of BN nanosheets in a polysiloxane matrix
was observed by digital microscope (VHX-9000, Keyence
Co.). Cross-sections of the polymer/BN composite films were
then cut and the surface morphologies of the composites
were observed by SEM (JSM-6700F, JEOL Ltd.). The thermal
conductivities of prepared composites were analyzed using
a thermal diffusivity measurement system that is based on
temperature wave analysis (ai-Phase Co., ai-Phase Mobile 1).

3. Results and Discussion

3.1. Orientation and Linear Assembly of BN Nanosheets. The
relocation of nanoparticles in a suspension by an external
torque force is very sensitive to particle size and bulkiness
[21, 22]. In particular, when controlling the anisotropy
of nanosheets in a viscous polymer by electrophoresis,
nanosheets experience a high reversing force due to forces
such as viscoelastic forces and a higher shear force than
that exerted on nanorods or nanotubes [20]. Therefore, it is
important to select BN nanosheets that are small and have
high aspect ratios. Figure 1 shows SEM images of hexagonal
BN nanosheets with diameters in the range 10–20 μm and
thicknesses in the range 2–10 nm; these nanosheets exhibited
the highest electrophoretic response in water of all the
nanosheets fabricated in a previous study by us [15]. The
SEM images reveal that the BN nanosheets have graphite-like
planar structures and that some of them have agglomerated,
whereas others exist as single sheets. The BN nanosheets have
smooth surfaces and curved edges.

As a modified graphite nanosheets and the prepoly-
mer mixture are subject to a magnetic field, the graphite
nanosheets orientate themselves to minimize the magneto-
static energy and to overcome the free energy (i.e., Brownian
motion) of the system until they form a stable configuration
[1]. Nanosheets become polarized in an electrical field, which
results in a field-induced torque T acting on the sheet, which
is given by

T = μ× E, (1)

where μ is the polarization moment and E is the electric
field strength. The polarization can be divided into two
contributing components: one parallel to the flake (μ‖) and
one perpendicular to the flake (μ⊥). The torque orients
the graphite parallel to the electric field and it opposes
the viscous drag of the resin matrix [20, 23]. The total
torque acting on the graphite flake can be expressed as a
superposition of the torques due to the electric field which
are parallel and perpendicular to its flake, T = μ‖ × E⊥ +
μ⊥ × E‖ (where E‖ = E · cos θ and E⊥ = E · sin θ). This can
be written as

T = V

2
ε0ε2

(
(σ1 − σ2)
σ1σ2

2
)
× E2 sin 2θ, (2)
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Figure 1: Scanning electron micrographs of BN nanosheets; (a) low
magnification (x9000) and (b) high magnification (x12,000).

where V is the volume of a single graphite flake, θ is the
angle between the electric field and the flake axis, ε0 is the
permittivity of free space, ε2 is the relative dielectric constant
of the resin matrix, and δ1 and δ2 are, respectively, the
conductivities of the graphite flakes and the resin matrix
[20, 23]. BN nanosheets require higher electric fields than
GNs to control the anisotropy since BN is semiconducting.
In particular, when nanosheets are oriented in a polymer
and form a composite film with a thickness of the order of
micrometers, the maximum electric field that can be applied
is limited by the breakdown voltage of the polymer, which
is lower than that of BN. The polysiloxane/BN composites
produced in this study, which had thicknesses in the range
240–255 μm, were electrically insulating up to a voltage of
2.5 kV. The effect of DC electric fields on the anisotropic
alignment of BN nanosheets in polysiloxane was compared
using XRD analysis (Figure 2). The degree of anisotropy
of the BN nanosheets perpendicular to the film plane was
estimated by comparing the intensity ratios between c-axis
(Ic-axis), (2θ = 26.76◦) and a-axis (Ia-axis), (2θ = 41.60◦)

Ia-axis

Ia-axis + Ic-axis
× 100(%). (3)
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Figure 2: XRD patterns of polysiloxane/BN nanosheet composites
produced by applying a DC electric field; (a) DC application
(0 min), (b) DC application (10 min), (c) DC application (16 h).

The peaks at 2θ = 26.76◦ and 41.60◦ are due to diffraction
from the (002) and (100) planes in BN, respectively. If all of
the hexagonal BN nanosheets were oriented perpendicular
to the normal to the film plane, the (002) BN intensity peak
would be low and the (100) peak intensity would be high.
When BN nanosheets were introduced into the polymer
without applying an electric field, the peak intensity of the
(002) plane of BN overwhelmed that of the (100) plane,
as observed for the composite that was fabricated without
applying an electric field (0 min). The (100) peak intensity
increased greatly relative to the (002) peak intensity on
application of a DC electric field. Applying an electric field
for 10 min increased the intensity ratio of BN to 45.8%; the
ratio increased to 52.8% on applying an electric field for 16 h.
This indicates that the randomly distributed BN nanosheets
were aligned perpendicular to the composite film plane on
application of a DC electric field and this effect increases with
the duration of the electric field.

Cross-sections of prepared polysiloxane/BN composites
were cut and analyzed to investigate the distribution of
BN nanosheets in the polymer matrix as function of the
application of time of the electric field (Figure 3). The
bright regions in the images indicate areas having high
densities of BN nanosheets, whereas the darker regions
indicate areas with very low densities of BN nanosheets.
When agglomerations of BN nanosheets lie beneath the
surface being observed, bright, clear images of individual
nanosheets will be observed (see Figure 3(a)). When the
microscope is focused on one agglomeration of nanosheets
in the composite, nanosheets located at different depths
will appear bright, but blurred. The BN nanosheets in the
composite prepared without applying an electric field have a
homogeneous distribution. However, when an electric field
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Figure 3: Cross-section view of polysiloxane/BN nanosheet composite film by digital microscope; (a) DC application (0 min), (b) DC
application (10 min), (c) DC application (16 h).

is applied, the nanosheets moved to the side of the surface
where the positive electrode was located. Both Figures 3(b)
and 3(c) show higher BN nanosheet densities on the left-
hand side, where the positive electrode was located. The BN
nanosheet density on the left-hand side increased with longer
application of the electric field (Figure 3(c)). In addition,
the LABNs form filament-like structures inside the polymer;
these structures are also aligned perpendicular to the film
plane. Figure 3(b), which shows the sample prepared by
applying an electric field for 10 min, reveals that the LABN

tips are bent and that the BN density on the left-hand side
(i.e., near the negative electrode), is considerably higher than
that for the composite prepared by applying an electric field
for 16 h. This indicates that the BN nanosheets move from
left to the right by electrophoresis and that this movement
had not finished after 10 min. This means that the filament
structures of LABNs were formed during application of
an electric field for 10 min and were partially destroyed
when the electric field was removed because of insufficient
cross-linking of the prepolymer. Estimating from the high
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Figure 4: Cross-sectional SEM views of polysiloxane/BN composite film; (a) without and (b) with the application of DC electric field.
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Figure 5: Comparison of thermo conductivities of polysiloxane/BN
composite film.

intensity ratio of BN nanosheets in the polymer (Figure 2),
the BN nanosheets within the filament structures of LABNs
are aligned perpendicular to the film plane with a high
anisotropy.

The alignment and distribution of the BN nanosheets
in the LABNs are shown in cross-sectional SEM images
(Figure 4). In the composite prepared without applying an
electric field (Figure 4(a)), the BN nanosheets are randomly
distributed with a low density. In contrast, the composite
prepared by applying a DC electric field for 16 h have
a comparatively high BN density and the majority of
nanosheets are longitudinally aligned perpendicular to the
film plane. Even though the BN nanosheets are tilted in
different directions, their longitudinal surfaces are aligned
perpendicular with the film plane. It is probable that the BN
nanosheets become charged due to the polarization induced
by the high DC electric field (2.5 kV). Carbon nanotubes
have a high dipole moment along their longitudinal axis,

which is aligned in the direction of electric field [21]. The
charge density has been predicted to increase at the edges
of single-walled carbon nanotubes (SWCNTs) [13]. Under
a high DC electric field, the surfaces of BN nanosheets
are polarized stronger at their edges of their longitudinal
surfaces and consequently they align parallel to electric flux.
Coulombic attraction is another force that acts between
the oppositely charged ends of nanotubes [24], and it
causes the formation of linear structures at both ends of
each nanotube; the nanotubes form very dense groups in
solution due to electrophoresis. Linear bundles of SWCNTs
have been fabricated in an electric field, but the SWCNT
surfaces were modified by tetraoctylammonium ions and
the experiment was performed in tetrahydrofuran [17]. The
fabrication of LABNs in a polymer in the present study is
significant because elongated structures with linearly aligned
nanosheets were formed in a polymer resin by applying
a high electric field without modifying the BN nanosheet
surface.

The thermal conductivities of the prepared composites
were measured to investigate the effect of anisotropy and
the formation of LABNs on the thermal conductivity.
Figure 5 shows a plot of the thermal conductivity as a
function of the diffraction intensity ratio of BN nanosheets
(5 vol% in the polymer) in the composites. The polysiloxane
prepared by cross-linking the prepolymer mixture without
adding BN nanosheets had a thermal conductivity of 9.3 ×
10−2 W/m·K; this was remarkably increased by adding
5 vol% BN nanosheets. Furthermore, the thermal conduc-
tivity increased with increasing BN intensity ratio, which
confirms that the thermal conductivity of polysiloxane/BN
nanosheet composites increased as the anisotropic alignment
of BN nanosheets in the polymer matrix increases.

3.2. Fabrication Mechanism of LABNs. The formation of
filaments of LABNs contributed to the enhanced thermal
conductivity, as shown in Figure 6. As mentioned above,
nanosheets can be polarized by a strong DC electric field
and the charge density increases toward the longitudinal
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Figure 6: Schematic illustration of formation of LABNs under a DC electric field (2.5 kV); (a) rotation, (b) electrophoresis, (c) LABNs
bundles.
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Heat diffusion through BN nanosheet
Heat diffusion through polysiloxane

Figure 7: Schematic illustration of heat diffusion route in polysilox-
ane/BN nanosheets composite film; (a) random distribution, (b)
ordered distribution with LABNs.

edges [13, 24]. The nanosheets align themselves parallel to
the electric field to minimize the electrostatic energy and
to overcome the free energy of the system, forming a stable
configuration [1, 15]. The edges of BN two nanosheets
in close proximity will become attached to each other by
Coulomb attraction during electrophoretic movement in the
prepolymer mixture before it is completely cured. Based
on Figures 3 and 4, the filaments of LABNs are considered
to be composed of groups of linearly aligned nanosheets.
Some groups are connected while others are separate; they
form a linear assembly as one component of the filament
structure shown in Figure 6. These LABN structures enhance
the thermal conductivity since heat diffuses along the path
formed by linearly aligned BN nanosheets and by condensing
the heat diffusion through the polymer (Figure 7). This result
may be explained by the different thermal conductivities of
polysiloxane and BN, and of the c- (⊥) and a-axis (‖) of BN
nanosheets. The thermal conductivity increases remarkably
on the addition of BN nanosheets to the polymer (see
Figure 5) and the thermal conductivity of BN nanosheets
parallel to the a-axis (‖) is 20 times higher than that parallel
to the c-axis (⊥) [10, 11]. Consequently, the fabricated
LABNs bundles in the polysiloxane/BN nanosheet composite
films have the potential to be used in semiconductor
applications that require electric insulators with high thermal
conductivities.

4. Conclusions

Linear assemblies of BN nanosheets (LABNs) were success-
fully fabricated within polysiloxane/BN nanosheet composite
film under a high DC electric field (2.5 kV). The filament
structures of LABNs were composed of groups of linearly
aligned BN nanosheets, which were fabricated by the mixed
effects of polarization, dipole-dipole moment, electrophore-
sis, and coulombic attraction. The BN nanosheets which
make up the LABNs showed high anisotropy, and their
linear attachment was regarded to be critical for the higher
thermal conductivity of the polysiloxane/BN composite film.
The fabricated LABNs were considered to motivate efficient
thermal conduction by transferring heat through a series
of BN nanosheets which were aligned perpendicular to the
composite film plane and by avoiding conduction through
the polymer. This paper introduces filament structured linear
assemblies of nanosheets fabricated within organic/inorganic
nanocomposite material. Further works will focus on the
fabrication of linear bundle bridges of BN nanosheets by
alternating the DC electric field direction to enhance thermal
conductivity.
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Nanostructured CeVO4 films, designed for applications in electrochemical cells and electrochromic devices, were obtained on glass
substrates by the sol-gel process. An analysis of morphological modifications in these films, induced by ultrasonication, annealing,
and introduction of lithium ions, was performed, using the grazing-incidence small-angle X-ray scattering technique (GISAXS).
The GISAXS results are discussed and related with complementary examinations of the same films in real space, performed by
scanning electron microscopy on a different length scale.

1. Introduction

The performance and integrity of electrodes in advanced
electrochemical cells and electrochromic devices are closely
related to their morphological characteristics [1]. It was
shown in numerous investigations that sol-gel-derived films
of titanium, cerium, and vanadium oxides [2–5] exhibit
properties, which are desirable for such electrodes. One of
the objectives in the research of advanced cells is intercalation
of lithium into metal oxide electrodes [6]. The demands
on such electrodes are very stringent: they should have
significant capacity for lithium ions and maintain their
integrity and electrochemical stability over many cycles. Not
all demands can be satisfied by a single material. Composing
of materials and, additionally, introducing disorder on
different length scales (down to nanometric) into the elec-
trode structure can significantly enhance its performance.
This approach to improve the design of electrode systems
highlights the potential of nanostructured materials that
possess large surface areas and short diffusion paths [7, 8].

The characterization of sol-gel-derived films of various
metal oxides suggests that they are porous nanostructures
with a large inner surface area [2–5]. In this paper we
focus on sol-gel-derived CeVO4 films, which were prepared
with equal molar ratios of vanadium pentoxide (V2O5) and
cerium dioxide (CeO2), that is, at 55 atomic percent (55
atom %) of V. As single-material electrodes, transparent
CeO2 films show a good capacity for lithium ions and a
passive optical behavior under intercalation [9]. V2O5 films
have a layered structure suitable for the intercalation of
small ions [1]. As electrodes, they show long-term durability
[3]. Previous examinations of film samples, prepared by
the sol-gel procedure at different concentrations of V in
V2O5/CeO2 films (at 32 atom %, 38 atom %, 55 atom %,
and 78 atom % of V) showed that they exhibit enhanced
electrochemical properties and stability in comparison to
standard oxide films [10]. These improvements indicated
that nanostructured, mixed V2O5/CeO2 films, especially
those prepared at 55 atom % of V (i.e., CeVO4 films) were
structurally well designed for lithium intercalation.
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Generally, nanostructured sol-gel-derived films can be
considered as two-phased systems containing nanosized
particles and pores. This model, originally suggested by
small-angle X-ray scattering (SAXS) analysis, was also con-
firmed by complementary investigations performed on films
with electron microscopy and X-ray diffraction. Particularly,
in case of TiO2, the estimation of the average crystallite
sizes with the Debye-Scherrer’ method in X-ray diffraction
analysis was in accordance with the estimation of the average
particle sizes using Guinier’s method in SAXS analysis [2].
Our previous SAXS-based morphological analysis of CeVO4

films, derived by a standard sol-gel procedure, showed that
they could also be considered as systems built of nanosized
particles which are distributed throughout the films and
which are growing during annealing [5].

As a continuation of the search for the best division of
metal oxides in order to improve their electrochemical per-
formance, the present analysis reports on the morphological
modifications which can eventually be induced in CeVO4

oxide films by ultrasonication, annealing, and introduction
of lithium ions. The analysis is based on the use of the
two-dimensional grazing-incidence X-ray scattering (2D
GISAXS) technique. In this technique, the penetration of X-
rays in the film can be controlled by choosing an appropriate
grazing angle of incidence. Our measurements were per-
formed with a grazing angle of incidence close to the critical
angle of total reflection for CeVO4 films. The SAXS analysis is
generally suitable for the estimation of the size of scattering
objects; the 2D detection of the scattering patterns enables
an additional insight into the films’ morphology, including
eventual anisotropy and correlations effects. However, the
interpretation of GISAXS features can be very ambiguous,
especially in systems like ours, and the complete morphology
description cannot be reached solely by 2D GISAXS analysis.
Therefore the nanostructures were investigated also in real
space with scanning electron microscopy.

2. Experimental

CeVO4 films were obtained via the inorganic sol-gel process
at 55 atom % of V [10]. The preparation of an aqueous
dispersion of hydrated oxide (sol) V2O5, CeO2, and mixed
V2O5/CeO2 started from a solution of the corresponding
metal oxide or metal salt, V2O5, and Ce(NH4)2(NO3)6,
respectively. Crystalline V2O5 was dissolved in 6% nitric acid
to obtain 0.044 M aqueous solution. By the evaporation of
water, the desired concentration of V2O5 was obtained. From
the aqueous solution of Ce(NH4)2(NO3)6 precipitates were
obtained by addition of NH4OH until pH= 9 was reached.
The peptization was performed by the addition of equimolar
quantity of HNO3, aged up to 363 K. By diluting in water, the
CeO2 sol of the desired concentration was obtained. Mixed
sol was obtained by adding 55 atom % of CeO2 sol into the
V2O5 sol. As a new step in the preparation procedure, high
energy and high frequency sound (125 W, 20.1 kHz) were
applied to the sol for 10 minutes. The films were deposited
on SnO2:F glass substrates (2 × 3 × 0.1 cm3) by the dip-
coating technique, as one-dip layers, with pulling speed of
10 cm/min, and heated at 673 K.

Four samples were prepared: sample A1, prepared as
described and annealed for 5 minutes; sample A2, prepared
as described and annealed for 15 minutes; sample B1,
prepared as A1 and intercalated with lithium ions; sample
B2, prepared as A2 and intercalated with lithium ions.

Scattering experiments were performed at the SAXS
beamline [11], at the ELETTRA synchrotron radiation
source in Trieste (Italy). A photon energy of 8 keV (λ =
0.155 nm) was used, and the beam size was 4 mm×0.150 mm
(horizontal× vertical). The film samples on glass substrates
were examined, using grazing-incidence geometry [12]. For
X-rays, the index of refraction, n, of solids is less than one,
that is, n = 1 − η′ − iη′′, where η′ and η′′ are the real
(dispersion) and imaginary (absorption) parts of the correc-
tion term, respectively. For small incident angles of X-rays,
measured with respect to the film surface, it is convenient to
introduce the so-called critical angle, αc = √

2η′. Namely,
at angles smaller than αc, total reflection of X-rays takes
place. In grazing-incidence geometry, the grazing-incident
angle, αi, is close to αc. For grazing-incident angles larger
than the critical, the reflectivity decreases steeper than the
value given by the Fresnel theory because of deviations of the
sample surface from ideal flatness. In the case of our samples,
the measurements were performed at grazing-incident angles
slightly larger than the critical angle, providing a penetration
depth up to 100 nm [13]. The critical angle (around 0, 37◦)
was determined experimentally for each film.

In the used setup for GISAXS measurements, samples
were mounted on a stepping-motor-controlled tilting stage
with a step resolution of 0.001◦. At first, the stage (and the
sample surface) was aligned horizontally and parallel to
the incoming beam within ±0.1◦. The scattering geometry
is shown in Figure 1. The sample orientation with respect
to the incident beam, specified by the wave vector ki, was
chosen in order to keep the grazing-incident angle in the
range 0.4◦ < αi < 1.4◦, for which the effective area of the
beam foot print is smaller than the sample surface area
(20 mm × 20 mm). The outgoing beam (with the exit angle
α f ) is presented by the wave vector kf . The maximum of
the scattered intensity is in the direction of the specular
reflection, kSR. For the specularly reflected beam, the exit
angle equals the incident angle. Together with the reflected
beam, a diffuse scattering is present, although of much lower
intensity. This diffuse scattering from a surface, measured
under nonspecular condition, that is, when the exit angle is
different from the incident angle, yields information about
structural features along the surface. This diffuse surface
scattering contribution is concentrated near the specular
plane. When well-defined particles are randomly distributed
within the film, they cause additional diffuse scattering.
This type of scattering can be easily separated from the
surface scattering, since it does not depend on the incident
angle. Also, it is easily recognized, since its contribution
is a function of the total scattering angle (2θ) only and is
constant for |q|2 ≈ q2

y + q2
z = constant, where q = kf − ki

is the total scattering wave vector (Figure 1). The absolute
value of the scattering wave vector equals q = 2π sin θ/λ.

The scattering intensity spectra were recorded by a 2D
X-ray CCD detector, containing 1024× 1024 pixels and
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Figure 1: The geometry of GISAXS measurements. ki is the wave vector of the incident X-ray beam, kf is the wave vector of the outgoing
X-ray beam, and q is the scattering wave vector, with the components, qy and qz. The unit vector n is normal to the sample surface. The wave
vector kSR is in the direction of the specular reflection.

positioned perpendicular to the incident beam. A thin Al
strip was placed in front of the detector to avoid its overflow
in the specular plane direction, where the usually much
stronger surface (specular and diffuse) scattering is present
and in order to have better resolution of the diffuse part of
the scattering off the specular plane (particle contribution).
The recorded spectra were corrected for readout noise and
detector response.

Samples were finally analyzed by field emission scanning
electron microscopy (FSEM).

3. Results and Discussion

2D GISAXS intensity maps, recorded for samples A1, A2, B1
and B2 are shown in Figures 2(a), 2(b), 2(c), and 2(d). The
maximum of the scattered intensity is in the direction of the
specular plane (qy = 0), which is normal to the surface of
the sample. This scattered intensity is partly reduced by a
thin Al absorber (vertical strips in the patterns are depleted
intensities). The lower part of the scattering is missing
because of the absorption in the sample. For exit angles equal
to incident critical angle (α f = αc), there is an enhancement
in the scattering intensity due to the refraction effects, which
is also known as Yoneda peak.

By comparing the patterns of samples A1 and A2, we
see that a change in morphology is induced by prolonged
annealing. Furthermore, the differences in the patterns of
A1 and B1 indicate that the change in morphology of the
initial sample A1 also takes place as a consequence of the
intercalation of lithium. There is no qualitative essential
difference between patterns of samples A2 and B2, so it seems
that intercalation in a prolongedly heated sample does not
strongly affect its morphology on the nanoscale.

Besides the analysis of features of the 2D GISAXS maps,
the method of interpreting scattering data is based on the
analysis of scattering curves, which show the dependence

of the intensity, I , on the scattering vector, q. We extracted
1D scattering curves from the 2D GISAXS intensity maps
as vertical (parallel to the specular plane) and horizontal
(parallel to the sample surface) scans (or cuts) of scattering
intensity versus qz and qy , respectively. The unique feature
exhibited by sample A1, a maximum at a higher q-value in
the specular (vertical) direction, is also seen in Figure 3. In
this figure the scattering curves of sample A1 are displayed,
extracted as vertical cuts from 2D patterns at a fixed
horizontal angle, for three different grazing-incident angles
of the X-rays. The position of the peak does not change
with the increment of the incident angle, but its intensity
grows with the penetration depth. A peak with such charac-
teristics is usually exhibited by systems of very concentrated
or strongly correlated particles. In cases of homogenous
particles it corresponds to the average distance between
particles. Assuming that the position of the peak corresponds
to the most prominent length in the vertical direction, we can

estimate the value of this length, L(qz) = 2π/q
peak
z = 3.5 nm,

where q
peak
z is the position of the maximum of the scattered

intensity in q-space. (This estimation is not exact—it serves
as a rough estimate in characterizing the trends of changes
in the morphology.) A possible explanation is that this peak
represents a contribution of scattering objects with a rather
low dispersion of sizes. With increasing polydispersity, such
contribution should rapidly drop. Consequently, from the
absence of such a peak in the scattering patterns of samples
A2 and B1, it can be concluded that the scattering objects
under prolonged annealing as well as under intercalation
become polydispersed, disordered systems. However, while
the absence of the interference peak is the essential qualitative
difference between the patterns of samples A1 and A2/B2,
the GISAXS map and the information extracted from the
scattering curves of sample B1 indicate that the intercalation
process brings up a more drastic change. The intensity scans,
taken from Figure 2 at fixed horizontal and vertical angle
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Figure 2: 2D GISAXS patterns of (a) sample A1, (b) sample A2, (c) sample B1, and (d) sample B2.

(relatively close to the specular plane and close to the Yoneda
peak, resp.), were used to calculate another morphological
parameter, the Guinier radius, RG, which can be used for the
estimation of the average particle size.

In the Guinier approximation, scattering in the small q-
region depends only on the overall size of the particle and not
on its shape, so the scattered intensity I(q) can be expressed
as

I
(
q
) = CG exp

(
−R2

Gq
2

3

)
. (1)

The Guinier radius is the average radius of gyration of a
dilute set of randomly oriented scattering centers. When this
condition is not fulfilled, it still can be calculated as a rough
approximation. We determined the radii of gyration from
the scattering curves, extracted from the GISAXS patterns of
Figure 2 as vertical and horizontal intensity cuts, by plotting
the curves in the Ln I versus q2 presentation and fitting each
of them by a line for very small wave vectors. The fitting of
the scattering curves, that is, of a vertical and a horizontal
cut, is represented in Figure 4 for the sample A2.

For a slope β of the line, the corresponding Guinier
gyration radius is calculated as

RG =
(−3β

)1/2
. (2)

The determined slopes and gyration radii for the samples A1,
A2, B1, and B2 are shown in Table 1.

Table 1: The slopes of the fitting lines (β) and Guinier radii (RG) for
samples A1, A2, B1, and B2, calculated from vertical and horizontal
intensity cuts. L(qz) is the prominent length, estimated for sample
A1.

Sample A1 A2 B1 B2

Vertical cut
β −1.1 −3.2 −1.1 −2.4

RG/nm (1.8) 3.1 1.8 2.7

Horizontal cut
β −3.2 −8.3 −1.46/ − 96 −6.2

RG/nm (3.1) 5.0 2.1/17 4.3

Vertical cut L(qz)/nm 3.5 / / /

The values of RG for sample A1 (in parentheses in
Table 1), should be taken with caution in further consider-
ation, because the Guinier approximation is generally not
valid for the description of particles systems revealing an
interference effect. In such case, the most prominent length,
L, is the most relevant value.

We believe that in sample A1, as a consequence of
ultrasonication, a formation of small particles takes place,
which are stacked vertically on each other. The value of RG

in vertical direction roughly corresponds to the estimated
prominent length in that direction, L(qz). Any possible
correlation in the horizontal direction is not seen by GISAXS
with the used setup. If particles were horizontally correlated
(with L(qy) similar to L(qz)), the correlation peak would be
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Figure 3: Scattering curves of sample A1, extracted as vertical cuts
at a constant horizontal angle, showing a peak at qz = 1.8 nm−1

for three incident grazing angles of X-rays: below the critical angle
(black) and above the critical angle (red and green).
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Figure 4: Scattering curves of sample A2, extracted as a vertical
cut at a constant horizontal angle (blue) and a horizontal cut at a
constant vertical angle (red), shown in the presentation suitable for
determination of the average gyration radius. β is the slope of the
fitting lines (black).

positioned beyond the experimental qy range. However, the
value of RG in horizontal direction (3.1 nm) suggests either
aggregation or elongation of particles in the horizontal plane.
The FSEM picture of the sample A1 (Figure 5(a)) shows
a uniformly structured surface with small grains, and thus
supports the existence of the presumed morphology on the
nano scale.

The analysis of horizontal scans of sample B1 showed
the existence of at least two size distributions of particles,
with a significant difference in their average radii. The
smaller particles are almost spherical (with an average
diameter of around 4 nm), because the values of RG are

similar in both directions. Again, the FSEM picture of this
sample (Figure 5(c)) can be correlated to the GISAXS view.
Obviously, it shows a morphology transformation induced
by intercalation of lithium, which causes the lack of its
overall homogeneity. It seems that intercalation acts as a
trigger for formation of particles with a very broad size
distribution which extends over a decade. In such case,
vertical cuts are not appropriate for the gyration radius
analysis (only small particles are detected). The limited
possibilities in the GISAXS detection can also affect the
results—the contribution of large particles can be hidden
by the beamstop. This, complex morphology of sample B1
explains the development of a diffuse, featureless signal of
the GISAXS pattern of this sample (Figure 2(c)).

The gyration radii obtained from a horizontal and a
vertical intensity scan, for samples A2 and B2, have different
sizes (Table 1), which indicate the anisotropy of the particles.
Anisotropy in SAXS results from more or less oriented
anisotropic particles. Although Guinier approximation gives
only the radius as a measure of particle size, it is also
partly sensitive to oriented flat or elongated particles. The
radius is obtained from integrating the contribution to
scattering over the particle volume and possible orientations.
A more complex model, with assumed particle shape, as
well as variations of the particle extension in different
directions would reproduce the measured scattering more
precisely. However, further experimental investigation would
be necessary in order to determine some of these variations,
or the result of the fitting would be merely a numerical
one. The applied, simplest model gives information about
the sample anisotropy without unnecessarily relying on
numerical calculus.

In conclusion, the above GISAXS results, together with
the FSEM scans, are understood as follows: a starting con-
figuration of sample A1, which includes vertically correlated
particles, gets changed by postpreparation treatments. Under
prolonged annealing (sample A2), particles grow bigger and
the order is lost. Lithium intercalation drastically changes
the starting configuration of sample A1. The sample B1
consists of a mix of particles, with distribution of sizes (and
shapes), which escape any simple description. Obviously, the
ordered configuration of sample A1 is not stable enough to
be suitable for lithiation. On the other hand, lithiation of
the prolongedly heated sample does not abruptly affect the
morphology on the nanoscale—samples A2 and B2 exhibit
similar parameters. In comparison with sample A2, sample
B2 shows a slight reduction of the average gyration radii in
both directions (a redistribution of particle sizes takes place
in the A2 to B2 transition). So, although the morphology is
affected by lithiation, the similarity of the 2D GISAXS pat-
terns and particle sizes suggests that the type of morphology
in samples A2 and B2 is the same. A slight smoothing of
the surface can be detected by comparing the corresponding
FSEM pictures of samples A2 and B2 (Figures 5(b), and
5(d)), which reflect the reduction in the average particle size.

Further investigation of the electrochemical and optical
properties and of the stability of films should clarify the cor-
relation between the determined morphological variations
and the performance of films as electrodes.
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Figure 5: FSEM pictures of (a) sample A1, (b) sample A2, (c) sample B1, and (d) sample B2.
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Temperature dependence of electronic-excitation-induced structural changes in nanoparticles has been studied by in situ
transmission electron microscopy. When GaSb nanoparticles kept at 340 K were excited by 25 keV electrons, the compound
transforms to the porous compound or the two-phase structure consisting of an antimony core and a gallium shell with increasing
the total electron dose. On the other hand, in GaSb nanoparticles kept at 293 K the structure remains the original compound
phase. It is suggested that such temperature dependence of the structural changes may arise from synergetic behaviors of point
defects introduced athermally by the excitation and thermal mobility.

1. Introduction

Structural stability in materials under electronic excitation
is different from that at the ground state. It is expected
that electronic excitation effects on the structural stability
will be enhanced in nanoparticles which have high surface-
to-volume ratio and high-atomic mobility. Recently, it was
found that when GaSb particles were excited by low-
energy electrons, the compound transforms to a two-phase
consisting of an antimony core and a gallium shell with a
nanometer-sized void [1–4]. In the present paper, we studied
the temperature dependence of such structural changes
induced by low-energy electronic excitation in GaSb particles
by in situ transmission electron microscopy.

2. Experimental Procedures

Preparation of size-controlled GaSb particles was carried
out with the use of a double-source evaporator installed
in the specimen chamber of an electron microscope. An
amorphous carbon film was used as a supporting film and
was mounted on a molybdenum grid. Using the evaporator,
gallium was first evaporated from one filament to produce
gallium particles on the supporting film, and then antimony

was evaporated from the other filament onto the same
film. The supporting film was kept at ambient temperature
during the deposition. Vapour-deposited antimony atoms
quickly dissolved into gallium particles to form GaSb (Ga-
50at%Sb) compound particles [5–7]. The particles were
then annealed in the microscope at 573 K for 3.6 ks and
were slowly cooled to room temperature in 2.7 ks, in an
attempt to homogenize the solute concentration in the
particles. Electronic excitation experiments and observations
were carried out using the same microscope Hitachi H-
7000 TEM operating at an accelerating voltage of 25 kV. The
electron flux used for excitations was 1.0×1020 e m−2 s−1. The
temperature of particles on the supporting films was kept at
293 and 430 K during the experiments. Structural changes
associated with electronic excitations were observed in situ
by bright-field images (BFIs) and selected-area electron
diffraction patterns (SAEDs).

3. Results and Discussion

An example of structural changes in GaSb particles by
25 keV electronic excitation at 430 K is shown in Figure 1.
Figures 1(a) and 1(a′) show a BFI of particles with the
mean diameter of approximately 20 nm before excitation
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Figure 1: An example of the structural changes in GaSb particles kept at 430 K by electronic excitation. (a) A BFI and (a′) the corresponding
SAED before excitation. (b) The same area after excitation for 60 s and (b′) the corresponding SAED. (c) The same area after excitation for
480 s and (c′) the corresponding SAED. The parts framed squarely are enlarged in the figures.

and the corresponding SAED, respectively. As indexed in
Figure 1(a′), the Debye-Scherrer rings can be consistently
indexed as those of GaSb which has the zincblende
structure. The same area after excitation for 60 s is shown
in Figure 1(b). In the interior of the particles after the
excitation, there appear voids with bright contrast. As seen
from a comparison of the magnified images Ia and IIa in
Figure 1(a) with Ib and IIb in Figure 1(b), the diameter
of nanoparticles after the excitation increased up to 15%
compared with those before excitation. In the SAED taken
after the excitation as shown in Figure 1(b′), Debye-Scherrer
rings of the zincblende structure are recognized again.

Changes in the lattice constant in GaSb particles are
shown as a function of total electron dose in Figure 2.
After excitation of the dose of 6.0 × 1021 e m−2, the lattice
constant increased up to 1.8% compared with that before
excitation. The lattice constant of GaSb particles under the
same excitation condition increased up to about 2.6% with
increasing dose. From the above results, it is suggested
that the swelling by void formation in the interior of
the individual nanoparticles and the increase of the lattice
constant of GaSb are caused by vacancies and interstitials
introduced by electronic excitation, respectively.

The same area after excitation for 480 s is shown in
Figure 1(c). The voids in the individual particles change
in the shape and size, as seen from a comparison of the
magnified images Ib and IIb in Figure 1(b) with Ic and IIc

in Figure 1(c). In the SAED taken after the excitation as
shown in Figure 1(c′), Debye-Scherrer rings of crystalline
antimony are recognized, superimposed on a weak halo ring

with the value of the scattering vector (K = (4πsinθ)/λ) of
approximately 31.0 nm−1 which is corresponding to the first
halo of liquid gallium. This result indicates that a two-phase
mixture consisting of a crystalline antimony core and a liquid
gallium shell was formed in the particles. From these results,
it has been evident that when GaSb particles kept at 430 K
were excited by 25 keV electrons, two-phase separation takes
place via void formation.

In order to see the temperature dependence of the
structural changes, experiments in the particles kept at 293 K
were carried out. An example of the behaviors of particles by
the same electronic excitation condition as that in Figure 1 is
shown in Figure 3. As seen from the comparisons of 3(a) with
3(b) and 3(a′) with 3(b′), the particle remains unchanged in
both the microstructure and SAED after excitation for 60 s. It
has been noted here that such a void formation as observed
after excitation at 340 K is absent in the particles kept at
293 K. After excitation for 480 s as shown in Figures 3(c) and
3(c′), no changes are recognized in the microstructure of the
particles and Debye-Scherrer rings in the SAED.

As shown in Figure 2, the lattice constant in GaSb
particles kept at 293 K is not changed also with increasing
dose. From the result, it was evident that when approximately
20 nm-sized GaSb particles kept at 293 K are excited by
25 keV electrons, no structural changes are recognized.

A mechanism of the void formation and phase separation
in GaSb nanoparticles will be discussed as follows. In the
present case, the final two-hole states in the gallium valence
band are formed by the predominant primary K-shell Auger
transitions after the excitation. The bonding states under the
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presence of the two-hole states in gallium atoms become an
antibonding. In this first athermal process the bond breaking
takes place, and the excess energy accumulated by the
relaxation converts directly into the atomic kinetic energy.
When the sum of the kinetic energy and thermal energy is
larger than the energy barrier for the atomic displacements,
the thermally displaced gallium atom can form a vacancy and
interstitial in the crystal. In nanoparticles, such an electronic
excitation effect becomes remarkably efficient [8].

At elevated temperatures, vacancies and gallium inter-
stitials become mobile and apart from annihilation by
recombination, they contribute to the growth of defect
clusters. The interstitials and their clusters have a strong
compressive strain field; the lattice constant of GaSb becomes
large with increasing of the concentration of interstitials and
their clusters. This compressive strain field interacts more
strongly with a tensile strain field of the surface layer of
the particle. The surface layer of the particle will act as a
preferential sink for interstitials and their clusters over the
whole particles. On the other hand, the capture cross-section
of the surface layer for vacancies and their clusters is smaller
than that for interstitials and their clusters. The vacancies
and their clusters interact weakly with that of the surface
layer. In nanoparticles, only the vacancies in the surface layer
which is finite in thickness can disappear toward the top
of the surface. Consequently, the vacancy concentration in
the particle core is higher than that in the surface layer, but
interstitial concentration increases toward the surface. Under
the condition of vacancy supersaturation in the particle
core the vacancy clusters will grow to form a void, and the
subsequent surface segregation of interstitial clusters will
bring about the separation to the two-phase structure.

In the GaSb particles kept at room temperature, as
the energy barrier is too high to jump to the neighbor
site, the gallium atoms return to those original positions.
Consequently, no lattice constant and structure change after
excitation. This mechanism also gives an explanation for
temperature dependence of the electronic excitation effect.

4. Conclusions

Temperature dependence of electronic-excitation-induced
structural changes in nanoparticles has been studied by in
situ transmission electron microscopy. When GaSb nanopar-
ticles were excited by 25 keV electrons, the compound trans-
forms to the two-phase structure consisting of an antimony
core and a gallium shell with void formations, or remains
the original compound phase depending on the temperature.
It is suggested that such the temperature dependence of the
structural changes may arise from synergetic behaviors of
point defects introduced athermally by the excitation and
thermal mobility.
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A simple micromechanism-inspired rheological model is developed that incorporates the serrated flow nature of metallic glasses
subjected to compressive deformation at room temperatures. The process of propagation and the arrest of shear bands were
addressed in this model. Shear-induced nanocrystallisation was believed to be responsible for strain hardening of material within
the shear bands. The model is based on the assumption that the behaviour can be decomposed into two resistances acting in
parallel: one captures the initial stiffness and shear softening and the second gives the time-shear-temperature hardening of
material.

1. Introduction

Metallic Glasses (MGs) (amorphous metals) are a new
class of engineering materials which have attracted large
technological interests [1–5] and are finding increased use as
functional materials in the sporting goods, MEMS (Micro-
Electro-Mechanical Systems) and NEMS (Nano-Electro-
Mechanical Systems). The first metallic glass system was
developed by Klement et al. [6] which consisted of a
binary Au–Si alloy. At present, some of the most com-
monly researched metallic glasses include the Zr-based,
Pd-based, Cu-based, and many other alloy systems. These
amorphous alloys are produced by the rapid quenching of
liquid metals from a molten state to prevent crystallization.
Hence, metallic glasses can be considered as nanocrystalline
material with ultimate reduction in grain size (in the order
of a few nanometers). It has an amorphous structure
(structure less), and it is void of dislocations and defects
which weaken conventional crystalline alloys. Consequently,
MGs possess excellent mechanical properties [7–9], practical
physical properties, and unique chemical properties (good
corrosion resistance) [10], as well as great potential for

structural and functional applications. While many MGs
have demonstrated the highest specific strengths and showed
considerable fracture toughness, their deformation mecha-
nisms are basically different from those of crystalline solids
due to their lack of long-range atomic order. Usually it is
understood that under room temperature and uniaxial stress
states, MGs deform through a procedure of highly localized
shearing in narrow bands that are thin layers of material
being initially only 10 nm thick [11] and fail along one
dominant shear band catastrophically [12]. The macroscopic
fragility severely limits further exploitation of this class of
advanced materials. However, in some cases, values of more
than 50% of plastic deformation have been achieved [13]
in some monolithic metallic glasses. During deformation,
structural changes possibly occur within the shear bands.
Several experimental evidences for deformation-induced
nanocrystallization in shear bands have been reported in
our previous work [14–16] based on transmission electron
microscopy (TEM) study. A high plastic strain has been
also reported, for example, in Pd-based MG [17] where the
authors attribute this result to a nanoscale phase separation
which blocks the propagation of shear bands facilitating
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their initiation and branching. All MG systems exhibiting
large plasticity deform via formation of numerous shear
bands all over the compressed specimen, and the degree
of the plasticity is predominantly dependent on the total
number of shear bands generated during deformation. These
“ductile” MGs have generally the characteristic deformation
features that are serrated flow, that is, elastically loading
and plastically unloading with sharp stress drop, in stress-
strain curves. Furthermore, currently, it is accepted that the
macroscopic serrated plastic flow behaviour is associated
with the shear-banding process on a nanoscale within MGs,
and extensive efforts have been made to bare the relationship
between them.

As metallic glasses lack crystalline order, and therefore
structural features such as dislocations and grain bound-
aries, the application of conventional metallurgical theory
is generally not allowed. As such, significant efforts to
develop suitable mechanistic models for the description of
mechanical behaviour continue in order to best capture the
principal feature of MGs. A constitutive equation accounting
for the presence of serrated flow as kinetic phenomenon of
plastic deformation in MGs is presented in the present work
in light of the recent microscopic findings. Deformation-
induced nanocrystal formation in the shear band regions will
be highlighted, and the effect of this phenomenon on the
arrest of shear bands will be analysed and modeled.

2. Aspect of Experimentally Observed
Stress-Strain Behaviour

The typical stress-strain behaviour of Metallic Glass at
room temperatures is shown in Figure 1. The tested Bulk
Metallic Glass (BMG) of compositions Zr55Al10Cu20Ni10Pd5

was prepared by arc melting the pure elements under Ti-
gettered Ar atmosphere followed by casting into a water-
cooled copper mould. The resulted ingots were bars with
dimensions 2 mm × 4 mm × 75 mm. Compression test
specimens with dimensions of 2 mm×2 mm×4 mm (aspect
ratio 2 : 1) were cut from the BMGs. The outer surfaces of
the specimens, especially the ends in contact with the cross-
head, were mechanically polished to ensure flat and parallel
surfaces. Compression tests were conducted at constant
strain rate of 8 × 10−4 s−1 using a Schenck hydraulic testing
machine at room temperature. The yield stress is measured
to be 1800 MPa, and the maximum plastic strain is 4.7%.
The overall plastic deformation is accomplished by serrated
flow process. As highlighted by the insert in Figure 1, the
“unit” of the plastic flow serrations consists of elastic loading
portion followed by a sudden load drop and displacement
burst. The amplitude of the stress drops gradually increases
with strain, and the slopes of both loading and unloading
of the serrations are nearly constant from the yield point
to the ultimate failure. The slope of the unloading sections
is linked with the inelastic displacements produced by local
shear deformation with rapid stress drops.

Recent experiments show that the load serrations are
related to the intermittent propagation of individual shear
bands [18, 19] which results from the interaction between the

Zr55Al10Cu20Ni10Pd5 bulk metallic glass
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Figure 1: A representative compression stress-strain curve of
the Zr55Al10Cu20Ni10Pd5 Bulk Metallic Glass deformed at room
temperature and for strain rate of 8 · 10−4 s−1. The inset shows the
magnified view in the serrated flow region.

processes of shear-induced materials softening and structural
relaxation [19, 20]. More recently, Chen et al. [21], using
in-situ TEM deformation experiments, showed that even
for very small size samples, the load-displacement curve
indicates occurrence of multiple shear bands, and none of
these shear bands run over a long distance upon initiation.
They are arrested after a small distance of propagation
(20 nm).

The repeated arrest and reactivation of shear bands have
not been explained convincingly, and none of the proposed
constitutive equations for inhomogeneous plastic flow deal
with the serrated flow adequately. It seems that the arrest
mechanism that effectively stops the runaway slip along a
single shear band plays a significant role in the plasticity
of the monolithic BMGs. Thus, the suitable model must
include details on micromechanisms of the serrated flow, in
particular the arrest of shear bands.

For this reason, the deformed sample was carefully
cut along a plane perpendicular to the shear bands and
characterized by TEM. Foils preparation and experimental
details were well developed in our previous work [14–16].
The dark field image and the broad halo SAED (selected
area electron diffraction) obtained from the deformed Zr-
based Bulk MG are presented in Figure 2. This figure
shows typical white contrast of shear bands surrounded
by amorphous regions. Nanocrystals with a size of around
10 nm are distributed within the shear band and cannot be
found in the regions out of the band, suggesting that their
formation is associated with the localized shear deformation.
The nanocrystallization within shear bands can be further
confirmed by the fine diffraction rings (see arrow in Figure 2)
observed by nanobeam electron diffraction.

Remarkably, as evidenced by TEM imaging, the
nanocrystallization from the amorphous phases investigated
in this work already occurs during the first stage of
deformation due to convinced mechanical activation energy.
This phenomenon is well known as the deformation-
induced nanocrystallization in metallic glasses and has
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Figure 2: TEM dark field micrograph of shear band
(followed by cracks propagation) in the uniaxially deformed
Zr55Al10Cu20Ni10Pd5 Bulk Metallic Glass showing the presence of
nanocrystallites with an average size of 10 nm embedded in the
amorphous matrix. Inset is the corresponding selected area electron
diffraction (SAED) pattern recorded from the regions within the
shear band.

been observed in a number of MGs with large plastic
deformation [22–24]. Theses studies have demonstrated
that nanocrystallites play an important role in increasing the
plasticity of amorphous metallic alloys by retarding sudden
shear bands propagation. Likewise, the nanocrystallization
during shear flow can offer a “self-locking effect” to
avoid further propagation of shear bands. Therefore, the
influence of the insitu nanocrystallization on the mechanical
behaviour of MGs remains to be comprehensively clarified
and parameters involving the mechanism of deformation-
induced nanocrystallization must be included somewhat
in constitutive model for plastic deformation of metallic
glasses.

3. Constitutive Model:
Background and Development

The experimental data presented in the previous section
clearly show the complicated behaviour that is exhibited
by MGs, particularly the correlation between the yields
drops in the load-displacement curve and the nature of
dynamic emission and propagation of shear bands. There are
obviously two possibilities; the first is that each yield drop
step corresponds to the formation of a new shear band the
second is that the yield drops are due to intermittent slip
on existing shear bands. In Fact, when the propagation of
shear band is suddenly suppressed by the disappearance of
the confined viscous flow, which results in the nanocrystals
formation, then, the other shear band will start to move in
the amorphous glassy structure close to the region where
the previous shear band was arrested. Repeating the process
during deformation, a large plasticity can be obtained by
potential shear band branching.

To address these observations, a simple micromechanism
inspired model is developed that incorporates the serrated
flow nature of deformed material. We will limit this work
to highlighting the individual shear striation behaviour
under the assumption that each serration is associated with
individual shear events. In this section, we describe the
details of the microscopic mechanism steps, which we believe
is occurring in a very narrow shear zone during deformation
in MGs (see Figure 3). Each step will be modelled separately.
The development of a physically based constitutive model
for the stress-strain behaviour of MGs can now begin
with an interpretation of the data discussed previously and
schematically presented in Figure 3. The model is interpreted
below in terms of a series of two conceptual steps.

Step 1 (initial dilatation and shear softening). The initial
portion of the stress-strain curve displays a stiff response
followed by stress drop (see Figure 3(a)). Initial defor-
mation in this step is accompanied by significant shear-
induced dilatation of the structure. The strain can be
promptly accommodated at the atomic level through vari-
ations in neighbourhood, atomic bonds. The exact nature
of local atomic motion in straining MGs is not fully
determined, although there is general agreement that the
basic unit process underlying deformation should be local
atoms rearrangement that can accommodate shear strain as
schematically shown in Figure 3(b). An equivalent of this
local rearrangement is illustrated in the two-dimensional
schematic originally proposed by Argon [25] and usually
known as “shear transformation zone” (STZ) [25–28] which
is basically a local cluster of atoms that endures an inelastic
shear distortion.

An alternative, complementary viewpoint on this mech-
anism is given by the classical “free-volume” model, firstly
developed by Turnbull and Cohen [29–31] and applied by
Spaepen [32] to the case of MGs deformation. This model
considers deformation as sequences of discrete atomic jumps
in the metallic glass, as implicitly depicted in Figure 3(b).
These mechanisms (whether one subscribes to an STZ-
type or diffusive-like jump mechanism) may occur homoge-
neously over a glass body (for example at high temperatures)
[33, 34], or in a localized mode as throughout the formation
of a shear band (at room temperature) as the case of the
present work where the constitutive model will correspond
to what most likely happen in individual shear bands. These
microscopic models have been widely used to review the
basic features of metallic glass deformation [35–38] as well
as the kinetics of structural relaxation of these materials
[39, 40]. The equations derived from these models well
capture the transition from linear elastic dilatation to stress
drop due to shear softening.

We shall then recall these dilatation models for the
first step of stress-strain curve. According to Spaepen [32],
microscopic flow is occurring as a result of a number of
individual atom jumps, each participating to a slight local
shear strain. This process occurs at sites where large enough
holes or flow defects, with a size larger than a critical value
making an atomic diffusive jump possible. The plastic strain
rate is given as follows [32]:
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Figure 3: (a) Schematic illustration showing the details of the proposed model for serrated flow in metallic glasses. (b) The corresponding
atomic illustrations of propagation of individual shear band in nanoscale range: (1)-(2) elastic deformation through conventional structural
dilatation mechanism, (3)-(4) free volume creation and shear band propagation at initial stage going with structural segregation and
nanocrystallization by concentration of shear stress, (5) suppression of propagation and arrest of shear band by precipitation and growth of
nanocrystalline particles within the shear zone.

(∂γ/∂t) = (strain produced at each site) × (fraction of
potential jump sites) × (net number of forward jumps at
each site per second).

Within the free-volume formalism, ∂γ/∂t can be written
as [32]

∂γ

∂t
= 2 · f · Cf · exp

[
− ΔGm

kB · T
]

sinh
(

τ ·Ω
2 · kB · T

)
, (1)

where ΔGm is the activation energy for an atomic jump;
f is the jump frequency; T is the temperature, kB is the
Boltzmann’s constant; Ω is the atomic volume; Cf =
exp (−γv∗/v f ) is the concentration of the flow defects. It

relates to the so-called reduced free volume v f /γv∗ according
to [29] and where γv∗ is approximated as 0.5 Ω [41], and v f
is the mean free volume per atom.

The softening observed in stress-strain curves of Fig-
ure 3(a) can be justified by several potential causes involving
the local creation of flow defects due to flow dilatation [42–
45], the local evolution of structural order [46, 47] and the
local heat generation [48–50]. Due to these causes, viscosity
can decrease dramatically according to the so-called “hybrid”
equation [51]:

ηs
(
T ,Cf

)
= η0 · exp

(
Qn

R · T
)(

1
Cf

)
, (2)
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deformation in metallic glasses (Figure 3). Interatomic resistance
(stiffness) is followed by shear softening (ηs), acting in parallel with
hardening induced by in situ nanocrystallization (ηc).

where η0 is a pre-exponential factor Qn is the activation
energy for viscous flow.

The change in the defect concentration Cf can be
estimated as a balance between structural relaxation and
strain-induced nucleation. This leads to the general equation
[52]

dCf

dt
= −k · Cf ·

(
Cf − Cf ,eq

)
+ a · ε̇ · Cf ·

(
lnCf

)2
. (3)

k is a temperature-dependent rate factor for structural
relaxation, which has the form of k = k0 exp(−Er/RT)
with k0 being the attempt frequency and Er being the
activation energy for relaxation a is a proportionality factor.
Cf ,eq denotes the defect concentration in the metastable
equilibrium state [51]

Now, we go back to the proposed rheological model
of Figure 4, and according to the described microscopic
mechanism of deformation, the initial linear dilatation is
modeled with a three-dimensional linear elastic spring acting
in series with a viscous element denoting the softening part
(ηs(Cf ,T)). The spring represents the initially stiff elastic
response due to interatomic bonds in material, and the
viscosity is taken to be initial as for metallic glasses (η0) and
is temperature-straindependent according to (2). Once the
stress reaches a critical level, critical concentration of defect
is overcome, viscosity decreases, and shear flow softening
follows. The deformation can therefore be decomposed into
elastic and plastic flows with stress softening.

Step 2 (Strain Hardening and Arrest of Shear Band Prop-
agation). The Arrest of the shear bands has not been well
understood and is still the matter of debate. Chen et al. [53]
showed that a propagating shear band initially accelerates
and then reaches a steady state, and finally the propagating
shear band decelerates and is arrested. This indicates that
a mechanism of the blocking in a shear band is operating,

which is a significantly important issue, and it is worthy of
progressive study.

Several factors have been suggested to cause the arrest of
the shear bands. Recently, Dalla Torre et al. [19] suggested
that structural relaxation can occur after a shear event going
with the annihilation of strain-created free volume, and
therefore it causes a time-dependent hardening in the vicin-
ity of the shear band. Alternatively, deformation-induced
nanocrystallization observed in our previous work [14–16]
and confirmed in a number of MGs showing large plastic
deformation provides a potential reason for the strain-
hardening mechanism. The presence of nanocrystallites in
shear bands has a direct effect on viscosity, increasing its
value with increasing the content of particles. As suggested
in our previous work, shear bands can act as semisolid
MG slurries since, as discussed in step 1, shear in metallic
glasses generates free volume and heat, reduces viscosity,
and leads to liquid-like behaviour in the shear bands with
a possible rise in temperature. Under these conditions, the
increase of the amount of nanocrystals in the shear zone can
dramatically increase viscosity according to the correlation
between viscosity and the fraction of nanocrystal solids (for
semisolid behaviour) [54–56]

ηc
(
γ, γ̇,T

) = ηl.

(
1− φs

(
γ, γ̇,T

)
φcr

)−α
, (4)

where ηc is the increased viscosity of the flowing system
of liquid and solids (nanoparticles) ηl is the viscosity of
the liquid φs is the solid fraction of the suspension α is a
constant, φcr is a critical value of particle fraction beyond
which the relationship no longer holds since the system
becomes jammed (0, 5 < φcr < 0, 6).

The nanocrystallization is a rate-dependent function of
shear deformation along shear bands, and the fraction of the
crystalline phase increases with shear strains. Therefore, the
arrest of shear strain corresponds to a critical value of volume
fraction of the crystalline particles (or nanocrystalline) at
which the increased viscosity by the nanocrystallization (and
subsequent growth) is high enough to prevent the further
shearing along the band. This strengthening caused by in
situ nanocrystallization can compensate the strainsoftening
((3)-(4)-(5) steps in Figure 3) and thus prevent the runaway
failure along the shear band. Consequently, shear process
stops, and system (sample and stiff machine) turns into the
elastic form until the creation of a new shear band with
further loading (serration behaviour as shown in Figure 1)

The new strain-hardening mechanism acting in parallel
with the strain-softening one is modeled with a viscous
element where the viscosity ηc is given by (4).

In the end of this phenomenological description of
stress-strain behaviour of MGs, it is necessary to address
the modeling of flow-induced crystallization. While numer-
ous works showed deformation-induced nanocrystallization
during deformation, as of yet, no consensus concerning the
microscopic mechanism of mechanically-induced nanocrys-
tallization has been achieved. Recent investigations [57–
60], based on TEM observations, have proposed a model
for nanocrystallization mechanism in the BMGs. Since
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amorphous alloys are not in thermodynamic equilibrium, a
phase transformation from an amorphous liquid-like phase
to a crystalline phase can take place with the supply of
sufficient external energy. Thermal energy [57, 61] and
mechanical energy [58, 59] are two major driving forces
controlling this transformation as well as the assistance of the
local atomic rearrangements in the shear band [60].

Actually, since the amorphous crystal transformation in
shear bands is a new phenomenon and not fundamentally
addressed, we shall use it for the first assumption of the
classical theory of crystallization applied for metallic glasses.
Crystallization of an amorphous liquid can be regarded as
process taking place by crystal nucleation and subsequent
growth. During the nucleation process, a crystalline embryo
is formed in the amorphous liquid, and meantime, the
interface is formed simultaneously. The overall rate of
transformation will reflect the time, temperature, shear,
shear rate, and so forth dependence of both nucleation and
growth process. This is usually described by the Johnson-
Mehl-Avrami equation [58]

φs
(
γ, γ̇,T

)=1−exp(−b(T) · tn)≈ 1−exp

(
−b(T) ·

(
γ

γ̇

)n)
,

(5)

where b(T) ≈ b0 exp(ΔG∗/RT) is a rate constant, and n is
an exponent between 1.5 and 4. ΔG∗ is the activation energy
for overall crystallization process which can be obtained
from the thermodynamic point of view of amorphous-
to-crystalline phase transformation [24, 59, 60] or from
continuous heating experiments using kissinger’s [59, 62] or
Ozawa’s [63] method

ΔG∗(T ,P) = 16π · γ3

3

(
VC
m

ΔGm + Ee + PΔVm

)2

, (6)

where ΔGm is the molar free energy change for an
amorphous-to-crystalline phase transformation; Ee is the
elastic energy induced by the volume change upon phase
transformation; γ is the interfacial free energy of the
crystalline/amorphous interface; Vc

m is the molar volume
of the crystalline phase; ΔVm is the volume change for
forming a crystalline nucleus from an amorphous matrix
P is the applied hydrostatic pressure. Based on (6), Lee et
al. [24] demonstrated that a decrease in activation energy
for crystallization can occur within the shear bands due to
the increased interface thermal-strain energy and contact
pressure-promoted nucleation. Hence, the rapid nucleation
of crystals in the shear zone can occur under the high strain
rate deformation and adiabatic heating.

4. Mathematical Model Formulation

The mathematical representation of the proposed rheologi-
cal model is based on the representation of the breakdown of
the overall deformation resistance into a resistance A acting
in parallel with a resistance B as illustrated in Figure 4. As
stated earlier, resistance A come up from interatomic interac-
tions and shear softening where the interatomic interactions

are the source of the material’s initial stiffness and result in
a finite stress at which metallic glasses will plastically soft.
In resistance B, hardening by insitu nanocrystallization is a
secondary contributor to the shear strain of the material.
The two processes (shear softening and material hardening)
occur concurrently immediately after the initial stiffness and
are therefore modeled as being in parallel after initial elastic
strain. The proposed rheological model recognizes that the
shear deformation acting on each resistance is equal to the
imposed (total) shear deformation γ

γ = γA = γB. (7)

The total shear stress τ is the sum of the shear stress acting
on each resistance:

τ = τA + τB. (8)

We assume that the viscous flow in shear bands is Newtonian,
then:

τB = ηc · γ̇B = ηc · γ̇, γ̇ = τ̇A
G

+
τA
ηs
. (9)

For constant shear strain (∂γ/∂t = constant), (7), (8), and
(9) lead to the general relationship between stress and
strain resulting in the proposed rheological model for shear-
banding behaviour

τ̇ = G

ηs

[(
ηs + ηc

)
γ̇ − τ

]
. (10)

5. Summary

We conclude our study by a very brief recapitulation of the
rheological model that we have proposed. In this paper a
new micromechanism-inspired constitutive model has been
presented that allows for predictions of single-shear striation
behaviour of “ductile” MGs. The model is based on the
assumption that the general behaviour can be decomposed
into two resistances acting in parallel: one captures the
initial stiffness and shear softening, and the second gives the
time-shear-temperature hardening of material. The resultant
stress-strain curve should be obtained by the resolution of
the coupled (1), (3), (4), (5), and (10). Resolution involves
a large number of model parameters that must be defined;
many of these parameters are fundamental properties of the
metallic glasses that can be found in the literature. However,
the remaining parameters must be obtained by fitting the
above equations to our experimental data and to others
recently published data [53, 64]. This is not the aim of this
paper, but this study is in progress.
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A preliminary investigation of the scintillation response of rare earth-doped fluoride nanoparticles is reported. Nanoparticles
of CaF2 : Eu, BaF2 : Ce, and LaF3 : Eu were produced by precipitation methods using ammonium di-n-octadecyldithiophosphate
(ADDP) as a ligand that controls growth and lessens agglomeration. The structure and morphology were characterized by means
of X-ray diffraction and transmission electron microscopy, while the scintillation properties of the nanoparticles were determined
by means of X-ray and 241Am irradiation. The unique aspect of scintillation of nanoparticles is related to the migration of carriers
in the nanoscintillator. Our results showed that even nanoparticles as small as ∼4 nm in size effectively scintillate, despite the
diffusion length of e-h pairs being considerably larger than the nanoparticles themselves, and suggest that nanoparticles can be
used for radiation detection.

1. Introduction

Scintillators are luminescent materials that are used in the
detection of ionizing radiation. Accordingly, they find use in
a wide range of security, medical, industrial, and research
applications. Since the discovery of scintillator NaI : Tl in
1948, there has been continuous interest and investment in
new materials, and, as a result, hundreds of scintillators are
known today [1–7]. Some of the most used scintillators are
alkali, alkali-earth, and rare earth (RE) halides, including
NaI : Tl, LiI : Eu, BaF2(:Ce), CaF2 : Eu, CeF3, and LaBr3 : Ce.
Unfortunately, many of these materials are hygroscopic,
which impose severe limitations on their synthesis and use.

Over the past 10 years, there has been significant interest
in the investigation and evaluation of the performance of
nanoscale materials, with virtually all classes of materials
having been prepared as nanoparticles, particularly lumi-
nescent ones [8–14]. Nanoparticles are generally defined as
having sizes that range from 1 to 100 nm and consequently
have high surface-to-volume ratios. The relative dominance
of surface atoms in nanoparticles often allows for property
manipulation. For example, Stouwdam and van Veggel [15]

and Kömpe et al., [16] reported a substantially increased
quantum yield from RE-doped nanoparticles following
surface modifications, while Cooke et al. observed signif-
icant changes in the luminescence lifetime of Y2SiO5 : Ce
nanoparticles dispersed in different liquids [17, 18]. To date,
the investigation of luminescent nanoparticles has focused
mostly on quantum dots for lighting and display applica-
tions, while their application as scintillators is essentially
unexplored [19–25]. Nanoparticles correspond to a new
realm of opportunity for scintillation technologies, and this
work provides a preliminary investigation of the scintillation
response of RE-doped fluoride nanoparticles.

Scintillation corresponds to the emission of light upon
excitation due to ionizing radiation, and scintillation per-
formance is mainly characterized by luminosity, speed
(lifetime), and emission wavelength, with ruggedness, radi-
ation resistance, and thermal and chemical stability being
important characteristics of the scintillator material as
well. Scintillation efficiency, η, can be described by the
combination of three processes: conversion, β, transfer, Q,
and luminescence, S, summarized in the relation, η = βSQ
[26] and discussed in detail below.
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The first process corresponds to how efficiently the
energy of the incoming radiation is used to produce electron-
hole (e-h) pairs. For gamma-rays, β is commonly estimated
by dividing the energy of the gamma-ray by 2 to 2.5 times the
value of the bandgap energy. Once created, free electrons and
holes migrate through the lattice of the scintillator material.
While still energetic, they can ionize other atoms and the
new free electrons can further ionize other atoms, generating
a cascade. Through numerous inelastic interactions with
bound electrons, they lose energy and eventually become
incapable of creating further ionization. The duration of this
process is estimated to be 10−15 to 10−13 s and generates
conduction band electrons, valence band holes, excitons,
and plasmons. Once below the ionization threshold, these
free electrons and holes lose enough energy to strongly
interact with the vibrations of the lattice (electron-phonon
interactions) and thermalize within 10−12 to 10−11 s, moving
to the bottom of the conduction band and to the top of the
valence band, respectively. Typically, e-h pairs have diffusion
length of about 100 nm in ionic crystals [27].

During this migration through the lattice, a fraction
of the e-h pairs is lost, either trapped or recombined
nonradiatively at quenching centers, resulting in a decrease in
the number of pairs available to produce luminescence. Only
those pairs that reach the luminescent centers contribute to
scintillation, and the efficiency of this process is given by S.
The remaining e-h pairs that recombine at the luminescence
centers generate scintillation, and the intrinsic efficiency of
the radiative recombination at the luminescent center is
quantified by Q. Table 1 illustrates these quantities for some
bulk fluoride crystals, together with their luminosity [26].

Moreover, a few RE-doped single crystal lanthanum fluo-
ride scintillators have been previously investigated. LaF3 : Ce
is a fast scintillator, with a reported luminosity of 2200
photons/MeV at 10% CeF3 doping [28], and LaF3 : Nd shows
weak scintillation of 270 photons/MeV at 173 nm [29]. While
the choice of host and dopant determines the efficiency of the
conversion and luminescence processes, the unique aspect of
scintillation in nanoparticles is related to the migration of the
carriers through the nanoscintillator.

2. Experimental Procedures

2.1. Synthesis of Nanoparticles. Solution precipitation takes
advantage of the solubility of certain compounds to pro-
mote chemical reactions and the formation of precipitates,
which, in our case, are the nanoparticles. The solubility
of a substance corresponds to its ability to dissolve into a
homogeneous solution in presence of a solvent. When dis-
solution occurs, molecules of the solvent arrange and bond
themselves around the molecules of the solute, generating
heat, increasing entropy, and making the solution more
thermodynamically stable than the solute alone. Several
different species can be formed in the solution, with the
solubility and the composition of its soluble components
depending on the pH. The chemical properties of the solvent
and solute, such as hydrogen bonding, dipole moment,
and polarizability play major roles in this process. Most

nitrates, sulfates, acetates, chlorides, bromides, iodides, alkali
metals, and NH4 compounds are soluble in water and can
be used as precursors, while carbonates, sulfites, sulfides,
phosphates, hydroxides, and oxides are insoluble. Synthesis
of RE-doped fluoride nanoparticles was carried out by
means of a modified solution precipitation method, where
soluble metal nitrates (Ca(NO3)2·4H2O (Fisher, 99.9%),
Eu(NO3)3·6H2O (Alfa Aesar, 99.9%), Ba(NO3)2 (Fisher,
reagent grade), Ce(NO3)3·6H2O (Acros Organic, 99.5%),
and La(NO3)3·6H2O (Aldrich, 99.99%)), and ammonium
fluoride (Acros Organic, >98%) were used as the precursors.
The solubility of a substance is further affected by the
temperature and the nature of the solvent, and also on
the presence of other substances dissolved in the solvent,
particularly complex-forming anions (ligands). Two precur-
sor solutions were used. One of them, contained NH4F,
the source of fluorine, and the ligand ammonium di-n-
octadecyldithiophosphate (ADDP) in 1 : 1 ethanol : water at
75◦C. The other solution contained the nitrates dissolved in
water and was the source of the host and dopant metals.

Solvents can affect the solubility, stability, and reaction
rates, allowing for thermodynamic and kinetic control over a
chemical reaction. The polarity, dipole moment, polarizabil-
ity, and hydrogen bonding of a solvent determine the types of
compounds it is able to dissolve and the solvents and other
liquid compounds it is miscible in. Generally, polar solvents
dissolve polar compounds, and nonpolar solvents dissolve
nonpolar compounds. Further, the choice of the solvent
should take into account the reaction mechanism. Protic
solvents like water solvate anions via hydrogen bonding,
favoring the dissociative reaction mechanism, while aprotic
solvents such as acetone or dichloromethane solvate cations
via dipole interaction, favoring the interchange mechanism.

Of particular interest is the use of ligands during
the synthesis of nanoparticles to control growth, avoid
particle agglomeration, and provide dispersability in organic
solvents. A ligand is an ion or molecule that bonds itself
to a metal atom forming covalent or ionic bonds; chelation
occurs when more than one chemical bond is formed with
the central metal ion. Ligands also can be used as a “capping”
agent to inactivate the metal so that it cannot react with
other elements or ions to produce precipitates. In this work,
the ligand ADDP is used in order to control growth and
to avoid agglomeration of nanoparticles, as already has
been demonstrated for the synthesis of other nanomaterials
[15, 30–36]. ADDP was synthesized as follows [30]. P2S5

(0.02 mol) and octadecanol (0.07 mol) were heated at 75◦C
for 3 hours, and the resulting suspension cooled to room
temperature at which point dichloromethane was added to
solution, followed by filtration. The solvent was evaporated,
the residue added into hexane, and ammonia was bubbled
through the solution. The resulting precipitate was separated
by filtration, washed with hexane, and dried. Water was
purified using a Nanopure Diamond purification system
from Barnstead International.

The synthesis of CaF2 : Eu, BaF2 : Ce, and LaF3 : Eu
nanoparticles consisted of dropwise addition of the nitrate
solution into the fluorinated solution while stirring to form
the nanoparticles in suspension. Rare earth doping levels
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Table 1: Parameters relevant to the scintillation performance of selected fluoride scintillators.

Scintillator Bandgap (eV) β Q S η Luminosity (photons/MeV)

CeF3 10.4 0.61 1.0 0.13 0.08 3200

Ce0.5La0.5F3 10.4 0.61 1.0 0.16 0.1 4000

CaF2 : Eu 12.2 0.63 1.0 ∼1 0.6 24000

BaF2 (@310 nm) 10.6 <0.72 ∼1 >0.33 0.24 9950

10 nm

(a)

20 nm

(b)

100 nm

(c)

Figure 1: Selected TEM images of fluoride nanoscintillators: (a)
LaF3 : Eu, (b) BaF2 : Ce, and (c) CaF2 : Eu.

were 3 mol% for hosts CaF2 and BaF2 and 1 mol% for
LaF3. The final solution is stirred for 10 minutes and then
cooled down to room temperature. Further, the precipitates
were cleaned by washing in ethanol and water, followed by
dispersion in dichloromethane (Acros, anhydrous, AcroSeal,
99.9%) and precipitation with the addition of 20 mL of
ethanol. The resultant powder was dried for 2 days over
P2O5 in a desiccator. The nanoparticles could be dispersed
in tetrahydrofuran (Acros, anhydrous, AcroSeal, 99.9%) for
characterization and testing [31].

2.2. Characterization. Samples in powder form were char-
acterized for their morphology, structure, and scintillating
properties. Morphological and particle size analysis was
carried out using Hitachi H7600T transmission electron
microscope with 120 kV acceleration voltage. Structural
characterization was carried out through X-ray diffraction
(XRD) measurements using a Scintag XDS 4000 diffrac-
tometer equipped with a Cu Kα source aiming at phase
identification.

Scintillation response to two sources of ionizing radi-
ation, namely, X-rays from Ag and the natural decay
of 241Am, was carried out using radioluminescence (RL)
and differential pulse height distribution measurements,
respectively. RL measurements used a 40 kV Bullet X-ray
tube combined with a Ocean Optics USB-2000 miniature
fiber optic spectrometer. The distance from the X-ray target
to the sample was ∼3 cm, and the X-ray tube was operated at
100 μA. For each measurement, a crucible with 57 mm2 area
was filled with nanopowder such that each sample had the
same area exposed to the X-rays. Three measurements were
carried for each sample yielding a reproducibility of about
10%–15%. No correction for differential light scattering,
possibly arising from the different grain size distribution and
powder packing in the crucibles, was attempted. Differen-
tial pulse height distribution measurements used a Hidex
Triathler scintillation counter with a Hamamatsu R850-
photomultiplier tube and a 1 μCi 241Am (Eα = 5.5 MeV,
Eγ = 60 keV) source. The Trialther was configured with
logarithmic amplification to accentuate the difference in the
differential pulse height spectra. In our measurements, the
relative positions of the sample, detector and source were
kept fixed, with the plated 241Am source being suspended
∼1 cm above power contained in a 3.7 mL borosilicate glass
vial. The electronic noise background was determined by
measuring an empty flask in identical conditions as the
nanopowder sample.

3. Results and Discussion

The morphology of the nanoparticles, characterized by
transmission electron microscopy (TEM), is shown in
Figure 1. All the nanoparticles were found to have spheroidal
shapes, and analysis of numerous images yielded average
size and size distributions of each nanoscintillator. LaF3 : Eu,
CaF2 : Eu, and BaF2 : Ce nanoparticles were 4.4±0.8 nm (size
± standard deviation), 10 ± 2 nm, and 18 ± 3 nm in size,
respectively.

The structure of the nanoparticles was determined by
XRD to be face-centered cubic for the alkali earth fluorides
with space group Fm3m, in agreement with the International
Centre for Diffraction Data powder diffraction files 35-
0816 for CaF2, and 04-0452 for BaF2. The structure of
LaF3 : Eu nanoparticles was determined to be hexagonal
with centrosymmetric space group P3c1, in agreement with
powder diffraction file 32-0483 [36].

The photoluminescence of LaF3 : Eu nanoparticles and
the cathodoluminescence of submicrometric particles have
been reported before [15, 30, 35, 37, 38], while to the best
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Figure 2: RL spectrum of LaF3 : Eu nanoscintillator.

of our knowledge, the scintillation response of LaF3 : Eu
has not been investigated to date. Radioluminescence of
these nanoscintillators under X-ray irradiation is presented
in Figure 2, where a series of lines corresponding to the
5D0,1 → 7FJ transitions can be seen. Emission at 588 nm
dominates the spectrum, while the relatively high intensity
of the hypersensitive transition 5D0 → 7F2 at 614 nm
shows the existence of structural disorder that distort the
inversion symmetry around the Eu3+ ions. Such a result is not
surprising due to reduced dimensions of these nanoparticles
and the consequent high fraction of atoms on the surface.
It is well known that the loss of the three-dimensional
crystalline periodicity of the atomic potential that exists
inside a solid, and the lack of atoms to counter-balance and
fully compensate chemical bonds and charge requirements
result in structural modifications of the surface layer. The
observation of intense emission due to electric dipole
transitions of Eu3+ ions is ascribed to these modifications,
similarly to the observations reported in [35].

Undoped BaF2 is known to luminesce due to cross
luminescence and self-trapped exciton recombination, while
the presence of Ce is known to eliminate these recombination
mechanisms [see [39] and references there in]. Vissert et
al. carried out a detailed investigation of the effects of Ce
doping on the luminescence of this scintillator, and identified
three distinct luminescent centers related to the Ce dopant,
named centers Ce1, Ce2, and Ce3, with the dominance of
a given center depending on the Ce concentration. For
concentrations around 1 mol% and higher, photolumines-
cence emission was observed in the approximate range of
330–370 nm and ascribed to center Ce2. Those authors also
determined the photon output under X-ray excitation of
BaF2 : Ce for a wide range of Ce concentrations and based
on their results the RL emission of a 3 mol% doped crystal is
due to the Ce2 center [39]. Figure 3 presents the RL spectrum
of BaF2 : Ce nanoparticles investigated in this work under X-
ray irradiation. The nanoparticles scintillate at 350 nm, and
no sign of the self-trapped exciton radiative recombination at
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Figure 3: RL spectrum of BaF2 : Ce nanoscintillator.
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Figure 4: RL spectrum of CaF2 : Eu nanoscintillator.

around 300 nm was observed. Similar results were observed
in 1 mol% Ce doped BaF2 ceramics and crystals [40, 41].

The photoluminescence response of CaF2 : Eu nanopar-
ticles showed that emission is composed of electronic
transitions from Eu2+ and Eu3+ ions. Similarly to the LaF3:Eu
nanoparticles, structural disorder manifested in terms of
deviations from inversion symmetry around the Eu3+ ion
made the hypersensitive transition 5D0 → 7F2 particu-
larly intense [36]. Radioluminescence results are shown in
Figure 4, where a broad band centered at 420 nm due to
the emission of Eu+2, and the emission lines in the 550–
750 nm range due to the 5D1 → 7FJ transitions of Eu+3

can be observed. Similarly to LaF3 : Eu, the relatively intense
emission of the 5D1 → 7F2 transition at 611 nm shows
the existence of structural disorder that distort the inversion
symmetry around the Eu3+ ions.

The scintillation response of CaF2 : Eu nanoparticles
under 241Am irradiation determined by means of differential
pulse height distribution measurements is presented in



Journal of Nanomaterials 5

0 100 200 300 400

Channel

C
or

re
ct

ed
di

ff
er

en
ti

al
pu

ls
e

h
ei

gh
t

di
st

ri
bu

ti
on

Figure 5: Corrected differential pulse height distribution measure-
ment of CaF2 : Eu nanoscintillator.

Figure 5 after the subtraction of the electronic noise, where
a photopeak centered around channel 120 can be observed.
This signal is due the irradiation of 5.5 MeV alpha particles
from the 241Am source, since shielding of the alpha particles
resulted in no detectable net signal under the experimental
conditions employed here. Under irradiation of X-rays and
alpha particles, a great number of e-h pairs are formed.
As discussed in the introduction, the migration of the e-h
pairs through the scintillator is inherent to the scintillation
mechanism and scintillation occurs when they recombine
at the RE ions. The net scintillation intensity is determined
by the competition between radiative recombination at
the luminescence sites versus nonradiative recombination
at quenching centers, particularly on the surface of the
nanoparticles, and trapping of the carriers. Given the fact
that the diffusion length of e-h pairs in the alkali halides
is around 100 nm [42], and tens of nm in oxides and
oxy-sulfides [43, 44], it is interesting to observe efficient
scintillation when the dimensions of the nanoparticles are
considerably smaller than the diffusion length, concomitant
to a relatively high probability of nonradiative recombination
on the surface of the nanoparticles. This result has relevant
implications on the use of nanoparticles for radiation
detection.

4. Summary and Conclusions

The use of luminescent nanoparticles as scintillators is a
new field, and in this work, a preliminary survey of the
scintillation response of fluoride nanoscintillators CaF2 : Eu,
BaF2 : Ce, and LaF3 : Eu was carried out using both X-rays
and 241Am sources. The unique aspect of scintillation in
nanoparticles is related to the migration of the carriers
through the nanoscintillator, and our results showed that
even nanoparticles as small as ∼4 nm in size effectively scin-
tillate under irradiation. This is an interesting result given
that the diffusion length of e-h pairs in many scintillators

is determined to be in the range of tens to a 100 nm,
and significant nonradiative recombination at the surface
of the nanoparticles should be expected. These results also
show that RE-doped fluoride nanoparticles can be used for
radiation detection of a wide range of ionizing radiations,
and that this topic is worth further consideration and deeper
investigation.
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Colloidal crystal templates were prepared by gravitational sedimentation of 0.5 micron polystyrene particles onto fluorine-doped
tin oxide (FTO) electrodes. Scanning electron microscopy (SEM) shows that the particles were close packed and examination of
successive layers indicated a predominantly face-centered-cubic (fcc) crystal structure where the direction normal to the substrate
surface corresponds to the (111) direction. Oxidation of aqueous ferrous solutions resulted in the electrodeposition of ferric oxide
into the templates. Removal of the colloidal templates yielded ordered macroporous electrodes (OMEs) that were the inverse
structure of the colloidal templates. Current integration during electrodeposition and cross-sectional SEM images revealed that
the OMEs were about 2 μm thick. Comparative X-ray diffraction and infrared studies of the OMEs did not match a known phase
of ferric oxide but suggested a mixture of goethite and hematite. The spectroscopic properties of the OMEs were insensitive to heat
treatments at 300◦C. The OMEs were utilized for photoassisted electrochemical oxidation. A sustained photocurrent was observed
from visible light in aqueous photoelectrochemical cells. Analysis of photocurrent action spectra revealed an indirect band gap of
1.85 eV. Addition of formate to the aqueous electrolytes resulted in an approximate doubling of the photocurrent.

1. Introduction

There is an urgent need to find inexpensive and sustainable
inorganic materials for converting solar photons into chem-
ical energy. Splitting water with metal oxides and sunlight
is a very appealing idea that has caught the attention of
scientists for decades [1]. One approach has been to utilize
a metal oxide photoelectrode that can photo-oxidize water
and provide electrons to a platinum electrode for proton
reduction [2]. Shown in Figure 1 is a simplified version of
such a cell. To aid in hydrogen gas collection and to prevent
O2 reduction at the platinum electrode the two electrodes
can be separated by a salt bridge or porous membrane.

Fujishima and Honda first reported sustained water
splitting through this approach with TiO2 [2]. Unfortunately,
the unfavorable band gap of rutile TiO2 (3.1 eV) resulted in
a very low solar conversion efficiency (<1%). Later, other
wide band gap metal oxides were shown to work in a

similar fashion [3–5]. Hematite, α-Fe2O3, has a much more
favorable 2.2 eV band gap for solar harvesting and therefore
absorbs about 40% of the air mass 1.5 solar spectrum [6–
8]. Previous researchers found that the energetic position
of the valence band edge in hematite is appropriate for
water oxidation [9–21]. In fact, iron oxides are amongst the
smallest band gap semiconductors that are stable toward oxy-
gen evolution and are certainly the least expensive of them.
However, overall charge collection efficiencies from hematite
in photoelectrochemical cells has been disappointingly low
[6].

Much of the early work on hematite photoelectrochem-
istry was done in the 1970–1980s; however, recently there
have been a few promising reports [22–34]. Poor solar
charge collection efficiency was attributed to low minority
(hole) diffusion lengths [30]. In other words, photogenerated
valence band holes do not efficiently reach the hematite-
water interface and primarily recombine in the bulk. In
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Figure 1: Photoelectrosynthetic cell for splitting water into H2 and
O2. The two electrodes can be separated by a physical barrier to aid
in gas collection.

principle, this problem can be circumvented with iron oxide
electrodes that have architectures tailored towards high
surface area and minimal internal volume such that all
photogenerated holes reach the solution interface.

New processing techniques that have been developed
in the last twenty years may enable the production of
semiconductor materials with architectures ideal for charge
capture at a solution interface. Colloidal templates offer
interesting possibilities in this regard as they could allow
ferric oxide structures to be controlled with considerable
precision [35, 36]. The average distance photogenerated
holes would need to travel to reach the interface can be
systematically tuned by varying the size of the colloidal
particles used in the template. High surface area, porous
materials that can be fine tuned to optimize hole capture
at the aqueous interface are expected to be ideal for light
harvesting and oxygen evolution in photoelectrosynthetic
cells. Furthermore, hole transfer and/or oxidation catalysts,
such as RuO2 and IrO2 could be included at desired locations
within the structure to decrease oxidation overpotentials and
improve kinetics [1]. Recently we have initiated experiments
to establish whether colloidal templates could be used to
fabricate ferric oxide in ordered macroporous thin films.
Here we report that this can indeed be accomplished and
report the synthesis of ordered ferric oxide electrodes.
Photoelectrochemical studies with the templated ferric oxide
materials reveal small sustained photocurrents that may be
consistent with water oxidation, but the present architecture
is not suitable for practical application in photoassisted water
oxidation.

2. Experimental

2.1. Materials. FeCl2·4H2O (Aldrich, 99%), L-ascorbic acid
(Aldrich, >99%), NaCl (Mallinckrodt Chemicals, >99.0%),
1-methylimidazole (Aldrich, 99%), polystyrene (PS) micro-
beads (Polysciences, 0.5 μm diameter), ethanol (Aaper
Alcohol, anhydrous 200 Proof), NaOH (Fisher, 97.5%),
NaCHOO (Aldrich, 99+%), and Na2SO4 (EMD, 99.0+%)
were used without further purification. Electrolytes for elec-
trodepositions used HPLC grade water; all other solutions
used deionized water. Conductive fluorine doped tin oxide
glass, FTO (Hartford Glass, SnO2 : F) and Au evaporated
Si wafers were cleaned with water and ethanol prior to
electrodeposition.

2.2. Templating. The assembly of the colloidal crystalline
template followed literature preparations, described briefly
as follows [37, 38]. Sheets of FTO or wafers of gold
evaporated on silicon were cut to 4.0 cm×2.5 cm dimensions
and uses as substrates. They were first sonicated in glass vials
with absolute ethanol, rinsed with deionized water, and dried
under compressed air. Viton and Teflon o-rings were also
rinsed with deionized water and dried under compressed
air. The Viton o-ring was placed on the conductive side of
the substrate. The Teflon o-ring was placed on top of the
Viton o-ring. Both rings were clamped onto the substrate
using binder clips. The PS particles were diluted by 1 : 8
v : v in deionized water and stored at 4◦C. Prior to assembly
the suspension was sonicated for two minutes. A 170 μL
aliquot of the diluted PS particle suspension was carefully
pipetted onto the substrate and was placed in a humidity
chamber at room temperature and 85% humidity. After
six days the clamps and o-rings were removed leaving an
ordered colloidal crystal template. The substrate was cut to
the width of the template yielding a templated electrode
1.0 cm × 4.0 cm, which was stored in a humidity chamber
until use.

2.3. Electrodeposition. Ferric oxide was electrodeposited into
the colloidal crystalline templates. Electrodeposition was
carried out in an Ar purged, septa sealed, three electrode
cell with the colloidal crystal template as the working
electrode, FTO as the counter electrode, and Ag/AgCl
(KCl saturated) as a reference electrode. All potentials are
reported with respect to the Ag/AgCl reference (Ueq =
+0.110 V SHE). The electrodeposition solution contained
50 μL of 1 M FeCl2 solution, 150 μg of L-ascorbic acid,
and 5 mL of a 0.4 M NaCl and 0.1 M 1-methylimidazole
electrolytic solution [39]. Ferric oxide was deposited at
−0.30 V under a slow purge of nitrogen in the head space
until −0.30 C/cm2 were passed. The film was then immersed
in toluene for ten minutes. The electrodeposited ferric
oxide adhered to the FTO as an ordered macroporous
electrode (OME). The OME were removed from the toluene
and stored in sealed glass vials until use. Preparation of
the template and electrodeposition onto Au evaporated
Si wafers followed the same methods used for OMEs on
FTO.
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2.4. Characterization. Environmental scanning electron mi-
croscope (ESEM) images were taken on an FEI Quanta 200
Environmental SEM at a water vapor pressure of 1.8 kPa.
Cross sectional SEM images of colloidal crystalline templates
and ferric oxide OME deposited on Au that had been
evaporated onto Si wafers were acquired with a JEOL 6700 F
Scanning Electron Microscope. The UV/Visible electronic
spectra were acquired on a Cary 500. Fourier transform
infrared (FTIR) spectra were acquired on a Thermo Nicolet
Nexus 670 FTIR with a Smart Golden Gate ATR attachment.
X-ray diffractograms (XRD) were acquired on a Philips
X’Pert Pro X-ray Diffraction System using Cu-Kα radiation.
For XRD measurements, the ferric oxide OME was removed
from the FTO substrate with a razor blade. All other
characterization techniques were acquired on intact ferric
oxide OME.

2.5. Photoelectrochemistry. Photocurrent action spectra were
recorded with a Keithley 5000 electrometer under short
circuit conditions in a custom-built liquid junction Teflon
cell with a Pt mesh counter electrode. The electrolyte was
0.1 M NaCl at pH 9.5 adjusted with NaOH. The light
source was a 100 W Xe arc lamp (Spectra Physics) attached
to a monochromator (Oriel Instruments Corner Stone
1/4 m). Incident irradiances were measured with a UDT high
sensitivity silicon diode optometer.

Photocurrents were also measured in a three-electrode
arrangement with a BAS CV50-W potentiostat. The work-
ing electrode was a ferric oxide OME with a Pt mesh
counter electrode and a Ag/AgCl reference electrode. The
aqueous electrolytes used were either 0.5 M Na2SO4 or
0.1 M NaCHOO/0.5 M Na2SO4. In a typical experiment, the
applied bias was ramped from 0.0 V to +1.3 V at a scan rate
of 2 mV/s. This was then repeated with the ferric oxide OME
illuminated with 20 ± 1 mW/cm2 of 413.1 nm light from a
Continuum Kr ion laser. The photocurrents are reported as
the total current measured under illumination minus the
dark current.

3. Results

The colloidal crystal templates were prepared by gravi-
tational sedimentation of polystyrene (PS) particles onto
fluorine-doped tin oxide (FTO) electrodes. The quality of
the crystal was dependent on the particle concentration,
temperature, and relative humidity. The conditions used
ensured controlled evaporation of the solvent and sufficiently
slow sedimentation to result in well-ordered crystals. Faster
evaporation rates typically resulted in defects such as cracks
or voids that led to large volumes of solid in the replica after
deposition. Figure 2 shows SEM images of a typical 4 μm
thick colloidal crystal template formed by this technique.
The image shows that the particles were close packed, and
examination of successive layers confirmed a predominantly
face-centered-cubic (fcc) crystal structure where the direc-
tion normal to the substrate surface corresponds to the (111)
direction.

Ordered macroporous electrodes (OMEs) of ferric oxide
were formed by electrodeposition into the templates at

−0.30 V (Ag/AgCl). The deposition charge of 0.30 C/cm2

corresponded to an OME thickness of 2 μm, in reasonably
good agreement with values obtained from cross-sectional
SEM images (2.8 ± 0.1μm). The PS particles were removed
by immersion in toluene that left an orange-red OME on the
FTO substrate.

A representative plan view SEM image of a ferric oxide
OME is shown in Figure 3(a). The top surface revealed a
close packed mesostructure that was a replica of the colloidal
crystal template. The domain size was 15–50 μm and the
OMEs were free from cracks or voids. The surface roughness
factor, or rugosity, of a 2.8 μm thick OME was about 25
corresponding to about 6.5 layers of template as seen in the
cross-sectional SEM, Figure 3(b).

Attenuated total reflection Fourier transform infrared,
ATR-FTIR, spectroscopic characterization of the OMEs were
performed, Figure 4. The broad O-H stretch at 3200 cm−1

and overtone at 1600 cm−1 are diagnostic of adsorbed water
[41]. The intensity of these bands decreased after heating the
OME at 300◦C for 30 minutes. The heat treatment did not
significantly change the FTIR spectra of other regions of the
spectra.

X-ray diffraction (XRD) analysis of the electrodeposited
ferric oxide showed weak intensity and broad angular
distribution of the diffraction peaks, Figure 5. Superimposed
on this data are the literature values for the diffraction peaks
of goethite and hematite [40, 42].

Shown in Figure 6(a) is the transmittance spectrum of
a ferric oxide OME. The transmittance is near zero in the
ultraviolet region and increased to near unity in the near-IR
region. At longer wavelengths some of the transmission loss
can be attributed to light scattering by the film.

The photocurrent efficiency of the ferric oxide OMEs
was evaluated in two- and three-electrode arrangements in
aqueous electrolytes at pH 9.5. The incident photon-to-
current efficiencies (IPCEs) were calculated with

IPCE = [1240 eV nm]
[
photocurrent density

(
μA cm−2

)]
[
wavelength (nm)

]
[irradiance (mW cm−2)]

.

(1)

Here the photocurrents were measured on OMEs of known
area with a potentiostat or an electrometer. The irradiance
was quantified with a calibrated silicon photodiode in the
same arrangement.

Shown in Figure 6(a) is the IPCE recorded as a func-
tion of the excitation wavelength, a photocurrent action
spectrum, measured under short circuit conditions. The
maximum observed IPCE was 0.7 ± 0.1% at 370 nm. This
value is likely an underestimation of the true photocurrent
yield, because no corrections were made for light absorption
and scattering by the FTO substrate. The IPCE tailed into the
visible region with no measurable photocurrent response at
wavelengths longer than 600 nm.

The gradual increase in the photocurrent magnitude with
increasing photon energy is typical of indirect semiconduc-
tors. For an indirect band gap semiconductor:

IPCE · hν = A
(
hν− Eg

)2
, (2)
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Figure 2: (a) Cross section and (b) plan view SEM image of a colloidal crystal template formed from 500 nm polystyrene (PS) particles.
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Figure 3: (a) A plan view ESEM image of an electrodeposited ferric oxide OME surface fabricated by deposition into a colloidal crystal
assembled from 0.5 μm diameter polystyrene particles. Inset: OME at higher magnification. (b) An SEM image of a cross section of a ferric
oxide OME.

where hν is the excitation energy, A is a constant, and
Eg is the band gap [3, 43]. Figure 6(b) shows a plot of

[IPCE · hν]1/2 versus hν illustrating linear behavior over a
wide range of photon energies. The band gap was obtained
from extrapolation of the linear region. For a large number
of samples the band gap was determined to be Eg = 1.85 ±
0.05 eV.

Shown in Figure 7 are current-voltage curves for the
OMEs in the dark and under illumination. Data are shown
in the presence and absence of formate ion. The difference
between the current collected in the dark and under
illumination was the photocurrent. The photocurrents in
the presence and absence of formate were converted to
IPCEs to correct for differences in electrode area and light
intensity. The observed IPCE was nearly twice as large in the
presence of formate as in its absence for all potentials where
measurable photocurrents were observed.

4. Discussion

The electrodeposition of ferric oxides into colloidal crystal
templates has been successfully achieved for the first time.

Removal of the colloidal templates resulted in ordered
macroporous electrodes (OMEs) that were utilized for
photoassisted electrochemical oxidation. Our results suggest
a possible new direction toward the realization of efficient
charge capture from excitation of iron oxides with solar
photons.

Environmental scanning electron microscopy revealed
ferric oxide OME materials with architectures that would
be expected based on the inverse structure of the colloidal
templates. Infrared studies and X-ray diffraction data did
not clearly match a known phase of ferric oxide [39,
40, 42]. The diffraction pattern showed peaks that were
consistent with the major diffraction lines for a mixture
of goethite and hematite, which represent the two most
common polymorphs of ferric oxide [40, 44]. Very minor
spectroscopic changes were observed after heat treatments
at 300◦C, conditions where crystalline ferric oxides, such as
α-FeO(OH), β-FeO(OH), and γ-FeO(OH), and ferrihydrite,
are known to be converted to the more thermodynamically
stable hematite [40]. The stability of the ferric oxide OMEs to
elevated temperature is surprising and could be exploited for
additional processing steps such as the deposition of oxygen
evolution catalysts.
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Figure 4: ATR-FTIR spectra of an electrodeposited ferric oxide
OME like that in Figure 2 before (solid) and after (dotted) annealing
at 300◦C.
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Figure 5: X-ray diffraction pattern of an electrodeposited ferric
oxide OME. Also shown for comparison are the peaks for goethite
(open circles) and hematite (closed squares) crystals using Cu-Kα
radiation [40].

When utilized in alkaline aqueous photoelectrochemical
cells the ferric oxide OMEs yielded a small sustained
photocurrent. The direction of the current was consistent
with an oxidation reaction at the illuminated OME and
n-type behavior [8]. Under short-circuit conditions the
maximum incident photon-to-current (IPCE) efficiency was
0.7 ± 0.1%. Due to low photocurrent densities, no attempts
were made to quantify if the photocurrent was from the
formation of oxygen. Photocurrent action spectra revealed
a maximum at about 370 nm that tailed into the visible
region. A photocurrent was measured with green light
and wavelengths >500 nm. Analysis of the photocurrent
action spectra revealed an indirect band gap of 1.85 eV.
This is significantly smaller than that measured for other
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Figure 6: (a) A comparison of the short circuit incident photon-to-
current efficiency (IPCE, squares) of a ferric oxide OME in 0.1 M
NaCl at pH 9.5. Also shown is the transmittance spectrum (1-T,
dashes) of the same material in air. (b) Band gap analysis of the
IPCE.
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Figure 7: Current-voltage curves of electrodeposited ferric oxide
OMEs in 0.5 M Na2SO4 (squares) and 0.5 M Na2SO4 with 0.1 M
NaCHOO (triangles). The data were measured in the dark (closed)
and under illumination (open) with 20 mW/cm2 of 413 nm light
excitation.

ferric oxides, Table 1, and is nearly ideal for water splitting
applications [40, 44]. The comparatively small band gap
allows for more efficient solar photon harvesting by the OME
than by other ferric oxide phases.

In a 3-electrode photoelectrochemical cell, a gradual
increase in the photocurrent was observed as the applied
potential was increased. The addition of formate to the
electrolyte resulted in an approximate doubling of the
magnitude of the photocurrent. It is known that the one
electron oxidation of formate produces a highly energetic
radical that can inject electrons into the conduction band
of some semiconductors, effectively doubling the current
[45, 46]. Kennedy and Frese have previously suggested that
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Table 1: Band Gaps of Common Ferric Oxides.

Ferric Oxide Eg (eV) References

Hematite 2.20 [40, 44]

Goethite 2.10 [40, 44]

Akaganeite 2.12 [40, 44]

Lepidocrocite 2.06 [40, 44]

Ferric Oxide OME 1.85 here

current doubling occurs at illuminated hematite electrodes
[15] and these results indicate that it also present with
ferric oxide OMEs. At potentials greater than +1.2 V versus
Ag/AgCl a dark oxidation current increased dramatically so
that such positive excursions were avoided.

Small photocurrents observed at hematite single crystal
and thin film electrodes have previously been attributed
to short minority carrier (hole) diffusion lengths [6]. In
previous work, ordered arrays of hematite nanorods were
employed to minimize the distance holes that travel to reach
the aqueous interface. Indeed, an increased photocurrent
efficiency was observed [30, 47]. In principle, a benefit of
ordered nanorod arrays over the OMEs studies here is the
direct path for electron transport to the current collector that
minimizes transit time by reducing lateral electron transport.
On the other hand, high aspect ratio nanorod or nanowire
arrays tend to be fragile with no lateral connectivity to
provide the structural support present in the interconnected
porous architecture of OMEs.

The largest solid features in the ferric oxide OME
reported here come from the tetrahedral and octahedral
sites in the colloidal crystal template [38]. The tetrahedral
sites are formed from four spheres where the centers of
the spheres form a tetrahedron. Equivalently, the tetrahedral
site results from a sphere that occupies a threefold hollow
site on a close packed plane. The octahedral sites are
formed from six spheres and correspond to the unoccupied
threefold hollow sites in the close-packed planes. For the
OMEs fabricated here with 500 nm particles as templates,
the diameters of the large solid regions, corresponding to
the largest spheres that can fit into the tetrahedral and
octahedral sites. These are 113 nm and 207 nm, respectively
[38]. Thus the longest distances for carrier diffusion in
these structures are 57 nm and 104 nm. Kennedy and Frese
reported hole diffusion lengths of 2–4 nm [15], while Dare-
Edwards et al. found them to be somewhat larger, 20 nm
[9]. This photoelectrochemical data is consistent, at least
qualitatively, with the short lifetimes of electron-hole pairs
photogenerated in colloidal hematite solutions [48].

If the hole diffusion lengths reported for hematite are
relevant to the ferric oxide OMEs, a significant fraction of
holes would not reach the aqueous interface to form oxygen-
oxygen bonds. This likely explains the low photocurrent
efficiency observed. In future work could be rigorously tested
with the methodology developed here but with smaller beads
as templates. We note that 20 nm beads are commercially
available and are predicted to yield ferric oxide OMEs with
solid features only 2–4 nm in radius. This is very close to the

hole diffusion length estimated for hematite and would be
expected to increase the solar conversion efficiency for water
splitting.

5. Conclusion

The electrodeposition of ferric oxides into colloidal crystal
templates was successfully achieved. The resultant ordered
macroporous electrodes were about 2 microns thick with
the inverse structure of the colloidal templates. Spectroscopic
characterization did not match a known phase of ferric
oxide but suggested a mixture of goethite and hematite.
The photocurrent action spectra in the visible region
revealed a more favorable band gap (1.85 eV) than known
polymorphs of ferric oxide. However, the photocurrents
were disappointingly small, even with a substantial positive
applied potential. Holes that were photogenerated in the
centers of octahedral and tetrahedral sites within these
ordered macroscopic electrodes must traverse hundreds of
nanometers to reach the aqueous interface. Charge recom-
bination likely limits the hole diffusion length and therefore
represents a significant loss mechanism in the solar energy
conversion efficiency. While the efficiency toward practical
water splitting was disappointing for these specific ferric
oxide mesoporous electrodes, the ability to synthesize finely
tuned architectures on the nanometer length scale provides
exciting new opportunities for future energy applications.
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Mesoporous TiO2 is functionalized by 3-mercaptopropyl trimethyoxysilane (MPTMS) to anchor CdSe quantum dots (QDs). The
resulting TiO2/CdSe is combined with solid-state electrolyte (CuSCN) to form solar cells. It is found that the efficiency of electron
injection from QDs to TiO2 can be improved owing to the substitution of the long chains of organic capping agents at the surface
of QDs with MPTMS. The hydrolyzate of MPTMS forms an insulating barrier layer to reduce the recombination at the TiO2/CdSe
interface, leading to the increase of open-circuit voltage (Voc).

1. Introduction

As the supplies of fossil fuel are expected to decrease,
energy conservation and alternative energy sources are
actively investigated to achieve sustainable development [1].
Low-cost and high-efficiency dye-sensitized solar cells are
regarded as an excellent candidate for exploiting solar energy,
which is one of the most important alternative energies
[2]. Semiconductor Quantum Dots (QDs) can also serve a
sensitizer for light harvesting assemblies in solar cells [3].
The size quantization of QDs leads to the capability of
tuning visible-spectrum response and varying band offsets
to modulate the vectorial charge transfer across QDs with
different sizes [4]. By anchoring different-sized QDs on
mesoporous electrodes, researchers hope to prepare rainbow
solar cells which took advantages of both the faster electron
injection of small QDs and the greater absorption range of
large QDs [5]. Among other benefits of the use of QDs in
solar cells, hot electrons can generate carrier multiplication
in QDs [6, 7]. Solar photon conversion with efficiency up to
about 66% has been estimated [3].

Solar cells based on mesoporous TiO2 sensitized by PbS
[8], InP [9], CdS [10], and CdSe QDs [11] have been
reported. However, it has been said that the surface capping
of QDs is an integral part of its electronic system and can
alter the energy levels position [12]. It has been shown in

the work on CdSe QDs-sensitized TiO2 that bifunctional
surface modifiers with shorter chains can assemble QDs on
TiO2 [4, 5]. Mainly, the effects of the modifiers are limited
to reduce the spaces between QDs and TiO2, increasing
the electron injection efficiency. What is more, in most of
QDs-sensitized solar cells liquid electrolytes are used as hole
transfer media. Although solid-state electrolytes have been
employed in solar cells with extremely thin absorbers (ETA)
such as CdSe [13], CuInS2 [14], CdS [15], In2S3 [16], Cu2−xS
[17], and Sb2S3 [18], they have been rarely used in QDs-
sensitized solar cells. In this paper, we use 3-mercaptopropyl
trimethyoxysilane (MPTMS) as the surface modifier to link
preprepared CdSe QDs and mesoporous TiO2. Hydrolyzate
of MPTMS (SiO2) forms an insulating barrier layer to reduce
the recombination at the TiO2/CdSe interface [19]. In our
QDs-sensitized solar cells, p-type CuSCN is the solid-state
electrolyte, and all the processes are nonvacuum including
electrode preparation.

2. Experimental Details

Mesoporous TiO2 electrodes were prepared by use of a
classical method [20]. In brief, commercial TiO2 nanopar-
ticles (P25, Degussa AG, Germany) were mixed with water,
acetylacetone and detergent (OP10). The mixture was then
ground for about 1 h to obtain TiO2 paste which was painted
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Scheme 1: Structural sketch of our CdSe QDs sensitized meso-
porous TiO2 solar cell with CuSCN as solid-state electrolyte.

on a conduction FTO glass substrate as TiO2 electrodes. On
the substrate, two parallel adhesive tapes were covered to
control the film thickness and shape of TiO2. After drying in
air, the TiO2 electrodes were annealed at 550◦C for 1 h. After
cooled in furnace to about 100◦C, the TiO2 electrodes were
taken out and placed into a 1% MPTMS ethanol solution. It
took at least 24 h to finish the immersion, which aimed to
functionalize the surface of TiO2 with bifunctional surface
modifiers. The TiO2 electrodes were subsequently washed
with ethanol several times. They were finally blow-dried with
N2.

CdSe QDs were prepared using a similar method to
that used in [21]. Selenium powder and cadmium myristate
were placed into a three-neck flask with adequate amount of
octadecene (ODE). After 10-minute degassing, the mixture
was heated to 240◦C at a rate of 25◦C/s while being stirred.
The temperature was held at 240◦C for 1 h. After washing
with ethanol and n-hexane for several times, CdSe QDs with
a mean size of about 5 nm were produced. These CdSe QDs
might be well dispersed in hexane.

Surface-modified TiO2 electrodes were immersed in
CdSe/hexane solution for approximately 15 h. After dry-
ing in air, TiO2/QDs electrodes were preheated to 80◦C.
Dilute CuSCN/(CH3CH2CH2)2S solution was dropped on
TiO2/QDs electrodes to reach certain thickness at 80◦C [22].
Conducting carbon paste was then coated on CuSCN films
with a simple doctor-blade method. The solar cells were
defined by a mask in the drop-cast deposition of carbon
paste. The uncovered films by carbon electrodes were scraped
away to delimite the working areas. The complete structure
of solar cells was illustrated in Scheme 1 and labeled as SC-
modified (C/CuSCN/CdSe(modified)/TiO2/FTO). To find
out the effect of surface modifier on the performance of
solar cells, solar cells with the same preparation procedure
as described before except that TiO2 electrodes were not
treated with MPTMS were also prepared and labeled as
SC-unmodified (C/CuSCN/CdSe(unmodified)/TiO2/FTO).
What should be noted was that since the wettability between
oil-chelating QDs and TiO2 particles was poor, QDs solu-
tions were dropped directly onto TiO2 films instead of
absorption. For comparison, solar cells made by use of
TiO2 electrodes without MPTMS treatment and CdSe QDs
sensitization were also prepared and labeled as SC-refer
(C/CuSCN/TiO2/FTO).

The morphology of TiO2 electrodes was investigated by
use of an atomic force microscopy (AFM) AFM, nanoscope

III). Absorption spectra were recorded using a UV-Vis
spectrophotometer (Hitachi Model U-4 100). A homemade
platform based on Keithley 4200S was employed to study
the current-voltage (I-V) characteristics of solar cells under
the illumination of a tungsten halogen lamp (intensity of
50 mW/cm2 by photometer).

3. Results and Discussion

Figure 1 shows the differences in surface morphology
between an as-grown TiO2 and CdSe QDs-sensitized TiO2

characterized by AFM. It can be seen that the as-grown
TiO2 is porous with a mean particle size of about 20 nm,
the same as previously reported in [2]. It should be noted
that the porosity and grain size are crucial to electron
transport in nanocrystalline TiO2 electrodes [23]. After
sensitized by CdSe QDs, the TiO2 becomes rougher. The
root-mean-square (RMS) roughness increases by about
5 nm, from 12 nm to 17 nm. It may be a coincidence that the
roughness increment is close to the diameter of CdSe QDs
applied (mentioned in the following). However, we assume
monolayer absorption of CdSe QDs at the surface of TiO2,
as reported in [5]. The monolayer absorption facilitates the
penetration of CdSe QDs to the porous network of TiO2,
whereas some pores may be too cabined for the QDs to
transport. The additional roughness enhancement could be
due to the absorption of QDs or not in different areas.

The absorption spectra for a TiO2 electrode and CdSe
QDs-sensitized TiO2 electrodes (modified and unmodified)
are shown in Figure 2. Due to the large bandgap of TiO2

(3.2 eV), we ascribe this apparent absorption in visible
wavelength range mainly to scattering effect. It is seen that
the CdSe QDs sensitized TiO2 films absorb photons more
efficiently in the wavelength range of 400–650 nm, due to
the limitation of CdSe QDs absorption edge. The absorption
peak at about 600 nm corresponds to the 1S transition of
CdSe QDs. By comparing the 1S transition peak position to
that reported by Yu et al. [24], we estimate that the CdSe
QDs are about 5 nm. The absorbance of modified TiO2 films
shows little increase as the exposure time in QDs solution
increases, indicating monolayer absorption of CdSe QDs at
the surface of TiO2. In this mode of absorption, it is assumed
that QDs can be anchored onto both exterior and interior
surfaces of mesoscopic TiO2 films through molecule linkers
[4]. We find higher absorbance in unmodified TiO2 films
which are prepared directly by drop-casting QDs than that
of modified TiO2 films. This indicates that more CdSe QDs
are deposited on the films, however packed in a multilayer
form possibly.

Figure 3 shows the I-V curves for the SC-refer in the dark
and light. In the dark, it is evident that the TiO2/CuSCN
interface gives rise to a rectification effect since SnO2/TiO2

and CuSCN/graphite junctions are both considered to be
ohmic contact [25]. It can also be concluded from the curve
that a weak built-in electric field points from CuSCN to
TiO2 since applying positive bias to CuSCN layer leads to
a positive current, which indicates that our CuSCN layer is
p type and can serve as a hole transport layer. Though we
obtain a rectification ratio of about 30, the numerical fitted



Journal of Nanomaterials 3

(μm)

0

100

200

(n
m

)

0.5

1

1.5

(a)

(μm)

0

100

200

(n
m

)

0.5

1

1.5

(b)

Figure 1: AFM images of (a) an as-grown TiO2 electrode and (b) a CdSe QDs sensitized TiO2 electrode.
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Figure 2: Absorption spectra of a TiO2 electrode and CdSe QDs
sensitized TiO2 electrode.

reverse saturation current is about 0.0065 mA/cm2, which is
much higher than the data reported in the literature [20]. We
ascribe the poor performance of the diode to the weak filling
of CuSCN into porous TiO2 films, resulting in a reduced
working area. Under illumination, photovoltaic effect can be
observed although the open voltage (Voc) is rather low. This
is not hard to understand since only ultraviolet light can be
absorbed by the high bandgap materials of TiO2 and CuSCN.

Figure 4 illustrates the I-V characteristics of the SC-
unmodified. Compared with the SC-refer, it unexpectedly
shows that the photocurrent is even smaller. Although CdSe
QDs between CuSCN and TiO2 electrodes improve light
absorption and consequently lead to more light-induced
carriers and higher current, it has been recently reported
that the organic capping agent of QDs remains on the
surface [26]. Therefore, we assume that organic residuals
could form a high series resistance of the device and lower
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Figure 3: I-V curves of an SC-refer (C/CuSCN/TiO2/FTO) under
dark and light (inset is the enlarged image).

the photocurrent. In addition, the multilayer pileup of QDs
and much weaker filling of CuSCN into porous TiO2 films
because of this layer can make this even worse. On the other
side, the long organic chain between TiO2 and QDs could
serve as barrier layer, increasing the shunt resistance and the
Voc afterwards.

In contrast to the drop casting method, both the Voc and
Jsc of SC-modified increase when CdSe QDs are modified as
demonstrated in Figure 5. As a short chain surface modifier,
MPTMS reduces the space between QDs and TiO2. As
mentioned above, there exist organic capping agents with
long chains at the surface of QDs. By substituting these
long chains with short ones, the carrier injection efficiency
can be improved [4]. In addition, hydrolyzate of MPTMS
is SiO2, forming an insulating barrier between QDs and
TiO2. The insulating layer is a “tunnel barrier”, reducing the
pseudo-first-order recombination rate, as indicated in [27].
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Figure 5: I-V curves of a SC-modified (C/CuSCN/ CdSe(modi-
fied)/TiO2/FTO) under dark and light (inset is the enlarged image).

Generally speaking, the insulating layers increase the shunt
resistance of devices and suppress shunt current. This leads
to the increase in Voc compared with SC-unmodified. What
is more, the monolayer absorption mode of QDs lowers
the series resistance and increase the Jsc consequently. Since
the electron transfers from excited QDs to electrodes by
tunneling through the insulating layer, the thickness of it
should not be too large [19, 26].

Although the performances of our devices are relatively
not as good as that reported in the earlier works [4, 5],
we successfully employ solid-state electrolyte of CuSCN in
QDs-sensitized solar cells and indicate the beneficial effects
of MPTMS. In addition, considering the all nonvacuum
process during the preparation of our solar cells (including

electrodes preparation) and the low energy density of our
light, there can be great promoting potentials for our devices.
Probable technology routes are the growth of p-type layers
or TiO2 electrodes to enhance the junction area, surface
engineering to reduce the recombination in the QDs/TiO2

interface, and QDs control to improve light absorption and
electron injection.

4. Conclusions

CdSe QDs sensitized mesoporous TiO2 solar cells with
CuSCN as solid-state electrolyte have been prepared. The
effect of MPTMS as a surface modifier on the I-V charac-
teristics of solar cells is investigated. The surface modifier
substitutes the long chains of organic capping agents at
the surface of QDs, shortening the space between QDs and
TiO2 and improving the electron injection efficiency from
QDs to TiO2. In addition, the hydrolyzate of MPTMS forms
an insulating barrier layer, leading to the increase of shunt
resistance and open-circuit voltage of the devices.
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Nano-porous TiO2 thin films have been widely used as the working electrodes in dye-sensitized solar cells (DSSCs). In this
work, the phase-pure anatase TiO2 (a-TiO2) and rutile TiO2 (r-TiO2) have been prepared using hydrothermal processes. The
investigation of photo-to-electron conversion efficiency of DSSCs fabricated from mixed-TiO2 with a-TiO2 and r-TiO2 ratio of
80 : 20 (A8R2) was performed and compared to that from commercial TiO2 (DP-25). The results showed higher efficiency of DSSC
for A8R2 cells with same dependence of cell efficiency on the film thickness for both A8R2 and DP-25 cells. The best efficiency
obtained in this work is 5.2% from A8R2 cell with TiO2 film thickness of 12.0 μm. The correlation between the TiO2 films thickness
and photoelectron chemical properties of DSSCs fabricated from A8R2 and DP-25 was compared and discussed.

1. Introduction

Worldwide scientific community has invested much atten-
tion in dye sensitized solar cells (DSSCs) with possibilities
of high energy conversion efficiency and low fabrication
cost [1]. In DSSC, titanium dioxide (TiO2) is one of
the most promising materials used for nano-porous thin
film due to its appropriate energy levels, dye adsorption
ability, low cost, and easy preparation [2]. Extensive research
on the photochemistry and photophysics of TiO2-based
DSSCs has shown that the light harvesting efficiency of
TiO2 is influenced by its crystalline phase, particle size,
surface area, dye affinity, and film porosity. TiO2 exists
in two major phases: anatase and rutile. The anatase
phase (a-TiO2) gained much attention due to its more
active surface chemistry and smaller particles for more dye
adsorption. Anatase is metastable and can be transformed
irreversibly to thermodynamically more stable and condense
rutile phase at higher temperature. The rutile phase TiO2

(r-TiO2), due to the high refractive index, has excellent light-
scattering characteristics, which is a profitable property of

the perspective of effective light harvesting. Combination
of anatase and rutile TiO2 can be more effective than
the pure phase owing to the electron-holes separation at
the interface between phases and the formation of inter-
band gap trap which may influence interparticle carrier
transportation. The commercial Degussa P-25 TiO2 (DP-
25) composed of a-TiO2 and r-TiO2 at a ratio of 80 : 20
is known to be one of the most active photocatalysts due
to the synergic effect [3]. In this paper, the phase pure a-
TiO2 and r-TiO2 nanoparticles were first synthesized [4, 5].
The photoanodes from mixed-TiO2 with a-TiO2-to-r-TiO2

ratio of 80 : 20 (A8R2) which resemble the phase ratio in
DP-25 were then fabricated. Finally, the film characteristics
and the DSSC performance of the A8R2 photoanodes were
investigated and compared to those made of commercial
DP-25.

2. Experimental Details

2.1. Preparation and Characterization of a-TiO2, r-TiO2,
and Spin-Coated TiO2 Electrodes. The preparation of TiO2
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nanoparticles involves controlled hydrolysis of Ti precur-
sor followed by peptization. Detailed descriptions of the
temperature dependent TiO2 nanoparticles formation can
be found in our previous works [6, 7]. Briefly, titanium
(IV) n-butoxide (TNB) was mixed with 2 M acetic acid
(for a-TiO2) or 3 M hydrogen chloride (for r-TiO2) at
room temperature and carefully stirred until a translucent
TiO2 sol was obtained. The TiO2 sol was then transferred
to a Teflon-lined autoclave to perform the hydrothermal
treatment at 200◦C for 5 h (for a-TiO2) or 220◦C for 8 h
(for r-TiO2) followed by drying at 150◦C for 8 h. These
procedures resulted in the formation of oval-shaped a-TiO2

and bar-shaped r-TiO2 (see below). The TiO2 samples were
characterized by transmission electron microscopy (TEM,
Hitachi) for particle shape and size, X-ray diffraction (XRD,
Japan MAC Science) for crystal phase and domain size, and
Brunauer, Emmett and Teller method (BET, Micromeritics
Gemini V) for surface area analysis.

The TiO2 films were made by spreading TiO2 pastes on
the fluorine-doped SnO2 conducting glass (FTO, Solaronix,
sheet resistance 8Ω/�) by spin coating technique. Two kinds
of TiO2 pastes containing A8R2 and DP-25 were prepared
by mixing-grounding the TiO2 sample with distilled water,
acetylacetone, and Triton X-100. Extensive stirring and
sonication was proceeded to ensure complete dispersion of
TiO2 nanoparticles and to facilitate the spreading of the
colloid on FTO. Droplets of each paste were placed onto
the FTO substrate mounted on the turning table of a spin
coater (IVY Semiconductor). Adhesive tapes were placed
on the edges of FTO to form a guide for spreading the
pastes with spin rate of 1000 rpm. After drying in air the
TiO2 electrodes were heated at 100◦C for 15 min followed
by annealing at 450◦C for 30 min. The resulted electrodes
were cooled to 80◦C and immediately soaked in a 0.3 mM of
solution of N719 dye in ethanol for overnight. Thickness of
the TiO2 film was controlled by multiple coating processes
in which the coated substrates were subjected repeatedly
to spin-coating and drying steps. The thickness of TiO2

films were measured by an Alpha-step profiler (Perthometer
S2). The surface morphology and crystal phase of TiO2

films were characterized by SEM (Hitachi S-2400) and XRD
(PANalytical X’Pert PRO MPD), respectively.

2.2. Dye-Sensitized Solar Cell Assembly and Performance
Measurement. To assemble the DSSCs, the electrolyte of
LiI (0.1 M), I2 (0.05 M), 1,2-dimethyl-3-propyl imidazolium
iodide (0.5 M), and 4-tert-butylpyridine (0.5 M) in acetoni-
trile was applied to the Pt counter electrodes (20 nm on FTO)
which were placed over the N719-adsorbed TiO2 electrodes.
The edges of the cell were sealed with a 50 μm polyimide tape
spacer. The active cell area studied in this work is 0.25 cm2.
The photocurrent-voltage characteristics were performed
using a Keithley model 2400 source measuring unit. A
solar simulator with 300 W Xenon lamp (Oriel) served as
a light source, and its light intensity was adjusted by using
an NREL-calibrated monocrystalline Silica solar cell for
AM1.5 radiation. The electron transport properties were
investigated using electrochemical impedance spectroscopy
(EIS) with 10 mV alternative signal in the frequency range
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Figure 1: A series of XRD patterns for A8R2 powder (a), DP-25
powder (b), A8R2 film (c), and DP-25 film (d).

of 10−2–105 Hz. The amount of adsorbed dye was deter-
mined by desorbing the dye from TiO2 into a solution of
0.1 M NaOH and analyzed by UV-visible spectrophotometer
(JASCO V-630).

3. Results and Discussion

3.1. Preparation and Characterization of a-TiO2, r-TiO2, and
Mixed-Phase TiO2 Photoelectrode. The parameter-controlled
sol-hydrothermal reactions employed in the present work
led to the formation of a-TiO2 and r-TiO2 nanocrystallites.
Various kinds of techniques were used for characterization
of the products which was demonstrated in our previous
works [6, 8]. After mixing a-TiO2 with r-TiO2 and spin-
coating on FTO substrate, a porous TiO2 film was obtained.
Figure 1 shows the XRD patterns of the A8R2 powder
(Figure 1(a)) and A8R2 film (Figure 1(c)). The diffraction
patterns of DP-25 powder (Figure 1(b)) and DP-25 film
(Figure 1(d)) are also shown for comparison. The XRD
pattern of A8R2 film exhibited peaks corresponding to
anatase and rutile phase indicating the presence of stable
mixed-phase TiO2 film after 30 min calcination at 450◦C.
Several peaks appear at 2(θ) = 26.6, 33.9, and 51.8 of
Figures 1(c) and 1(d) which are due-to-SnO2 from FTO
substrate. The phase ratio of a-TiO2 and r-TiO2 is calculated
from the equation of Fr = 1.26Ir/(Ia + 1.26Ir), where Ir and
Ia are the strongest intensities of rutile (110) and anatase
(101) peaks, respectively. The calculated a-TiO2 : r-TiO2 ratio
on A8R2 film is 63 : 37 which is deviated from the original
ratio for mixed powder samples prior to calcination. The
lower anatase content in calcined A8R2 film designates the
possibility of phase transformation from anatase to rutile
(A → R) upon calcination [9]. Similar transformation also
occurs on the spin-coated DP-25 film in which the final
anatase to rutile ratio is 73.4 : 26.5. Note that the A8R2
sample holds the higher extent of A → R compared to
DP-25 due to the more compact arrangement of a-TiO2 in
A8R2 allowing the facile phase transformation (see below).
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Figure 2: TEM micrographs of TiO2 samples: anatase TiO2 (a-TiO2 (a)) and rutile TiO2 (r-TiO2 (b)).

The phase ratio and crystallite sizes of a-TiO2 and r-TiO2

in A8R2 and DP-25 calculated by Scherrer equation are
summarized in Table 1.

Figure 2 shows the TEM micrograph of pure a-TiO2 (b)
with distinct irregular oval structure and r-TiO2 (a) with
characteristic nanobar structure. The average of particle size
is ∼16 nm for a-TiO2 and 40 × 20 nm in width × length
for r-TiO2. The DP-25 TiO2 nanoparticles are polygonal
in shape with average size of 30 nm (not shown). The
particle size of nanocrystals can also be estimated from BET
surface area measurement. The a-TiO2, r-TiO2, and DP-25
nanoparticles possess specific surface area of 116, 27, and
50 m2/g, respectively. Based on an assumption of all anatase
phase spherical particles and use of TiO2 solid density of
3.84 g/cm3 to convert the BET specific surface areas to
particle diameters, the corresponding particle dimension for
a-TiO2, r-TiO2, and DP-25 is 13, 56, and 29 nm, respectively,
which is consistent with the TEM size measurement. The
smaller particle size of a-TiO2 in A8R2 is on account of the
more dense and compact structure of A8R2 film compared to
the DP-25 film (see below SEM images). The results of TiO2

particle size derived from TEM and BET are also summarized
in Table 1 and compared with the crystalline size obtained
from XRD. The results show good agreement in TiO2 particle
size within the experimental error.

The spin-coated A8R2 films appeared to be smooth
under visual inspection although the film showed some
inhomogeneity at the edges. The SEM micrograph of TiO2

film made of A8R2 sample (Figure 3(a)) shows a rough
surface layer containing large TiO2 chunks in which the indi-
vidual TiO2 particles are hardly visible. The chunk structure
is likely formed through the aggregation of bar-shape r-TiO2

arranged in a side-by-side configuration. Another possible
reason for the appearance of irregular chunks on the A8R2
layer is the stress-induced surface rumpling caused by the fast
cooling after 450◦C calcination. The chunk-free and almost

smooth area exhibits more compact structure than the DP-
25 based film as shown in Figure 3(b). Presumably, this is due
to the small a-TiO2 particles forming the high density A8R2
film. It is also noted from Figure 3(b) that the film made
from DP-25, even with high porosity, showed appearance
of breaks which may influence the electron transport and
result in lower cell efficiency than that of A8R2 (see below).
The A8R2 nanoparticles, on the other hand, can restrict
the constriction resulting in the continuous less-crack and
porous films upon calcination. Nevertheless, for both TiO2

films, the crack produced voids in the preceding layer can
be filled by the A8R2 and DP-25 paste during the next spin-
coating process.

3.2. Application of Mixed-Phase TiO2 Photoelectrodes to
DSSCs and the Photoelectrochemical Performance Measure-
ment. The above prepared A8R2 and DP-25 photoelectrodes
were used to fabricate the solar cells for photoelectrochemical
performance study [10, 11]. Figure 4 showed the typical
current-voltage characteristics of N719-sensitized DSSCs for
various film thickness of A8R2 films (a) and DP-25 films
(b). Table 2 lists the photoelectric data of the DSSCs in
Figure 4 including the amount of dye adsorbed on TiO2

(Adye), the short-circuit photocurrent density (Jsc), the open
circuit voltage (VOC), the fill factor (FF), and the conversion
efficiency (η). It is apparent that the DSSC performance
largely depends on the TiO2 film thickness because changing
the film thickness changes Adye, Jsc, and, η owing to the
change of total TiO2 surface area. To clarify relationship
between the thickness, surface properties of the TiO2 films,
and the photoelectrochemical characteristics of the cells,
comparison of η of DSSCs and the corresponded Jsc using
A8R2 TiO2 and DP-25 as a function of film thickness is
plotted and shown in Figure 5(a). It is found that there is a
parallel increase of efficiency for A8R2 cells (solid squares)
and DP-25 cells (open squares) for TiO2 film thickness
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Figure 3: Top-view SEM micrographs of A8R2 (a) and DP-25 (b) spin coated on FTO substrates.

Table 1: Phase ratio from XRD of TiO2 samples (A8R2 and DP-25) before (powder) and after (film) calcination, comparison of TiO2

crystallite size (A8R2 and DP-25) of anatase (A) and rutile (R) from XRD, and particle size (A8R2 and DP-25, powder only) obtained from
TEM and BET.

TiO2 Sample Phase ratio (%) Crystallite size (nm) TEM (nm) BET (nm)

A8R2 powder 80.4 (Aa) 20.0 (Rb) 14.8 (A) 26.0 (R) 16.0 (A)
30× 60 (R)

13.0 (A)
56 (R)A8R2 film 63.0 (A) 37.0 (R) 13.1 (A) 26.3 (R)

DP-25 powder 80.7 (A) 19.3 (R) 22.5 (A) 25.6 (R)
30 29

DP-25 film 73.4 (A) 26.5 (R) 22.6 (A) 27.3 (R)
aA: anatase phase. bR: rutile phase.

up to ∼9 μm. Further increase in the thickness stabilizes
the efficiency at an almost constant value upon increasing
the thickness of TiO2 thin films. The maximum efficiency
acquired in DSSC using the A8R2 TiO2 with film thickness
of 12 μm was 5.20% with Jsc of 10.67 mA/cm2, VOC of 0.73 V,
and FF of 0.69; while η of the cell using DP-25 with film
thickness of 16 μm reached 3.76% with Jsc of 8.63 mA/cm2,
VOC of 0.74 V, and FF of 0.59. The FF of DSSC is manipulated
by device assembling technique which would affect the
efficiency. Table 2 shows reasonable FF values compared
with the other cases reported in the literatures [12, 13] and
guarantee us a basic device fabrication technology.

It is generally believed that thicker TiO2 film would
uptake more N719 molecules leading to the enhancement in
the photocurrent of the DSSC. As shown also in Figure 5(a),
the influence of film thickness on Jsc of DSSCs constructed
with A8R2 (solid triangles) and DP-25 (open triangles)
demonstrates the consistent dependence of the film thickness
on η. However, the variation of Adye shows a continuous
increase upon increasing of film thickness as shown in
Figure 5(b) for both A8R2 (solid triangles) and DP-25 (solid
squares). This result indicates the limited electron transport
for thick films due to the increase of recombination centers
and requisite path length of the injected electron to be
collected by FTO. Moreover, when the TiO2 films are thicker,

the films become less transparent which is detrimental to the
light harvesting as well as DSSC performance.

Based on Figure 5, the A8R2 cells in general have superior
performance than DP-25 cells. The efficiency and current
density from average of seven A8R2 cells present in Table 2
are ∼27.7% (η) and 29% (Jsc) higher than those from
average of six DP-25 cells. Higher efficiency and current
density might be attributed to, first, the higher amount of
adsorbed N719 for the A8R2 cell, owing to larger surface
area of A8R2 powder (71 and 50 m2/g for A8R2 and DP-25,
resp.) and more compact structure of A8R2 film (Figure 3).
Higher UV absorption intensity of the N719 adsorbed on
A8R2 film than DP-25 film (not shown) also supports this
conclusion. Secondly, it could be due to the less cracks of
A8R2 films (see above) which improved the short-circuit
photocurrent [14]. Finally, with similar phase ratio of anatase
to rutile TiO2, the electron transport of A8R2 film containing
the one dimension (1D) bar-shape r-TiO2 is expected to
be faster than the DP-25 film containing polygonal TiO2.
The electron transport properties of the DSSCs with TiO2

electrodes made of A8R2 and DP-25 films were investigated
by electrochemical impedance spectroscopy (EIS). According
to the EIS spectra shown in Figure 6, the charge-transfer
resistance at DP-25 electrode interface is larger than that at
A8R2 interface. After the impedance data analysis by Zahner
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Figure 4: Photocurrent-voltage characteristics of DSSCs with different thicknesses of A8R2 films (a) and DP-25 films (b).

Table 2: I-V characteristic data for all DSSCs fabricated by A8R2 and DP-25 electrodes with various film thickness.

TiO2 Sample Thickness (μm) Adye
a (μmole/cm2) Jsc

b (mA/cm2) VOC
c (V) FFd ηe (%)

A8R2-1 3.0 0.014 4.41 0.79 0.75 2.61

A8R2-2 5.0 0.043 6.71 0.77 0.72 3.71

A8R2-3 6.0 0.101 8.57 0.76 0.70 4.54

A8R2-4 7.0 0.110 9.53 0.74 0.69 4.89

A8R2-5 8.0 0.118 9.80 0.77 0.66 4.97

A8R2-6 9.5 0.159 10.50 0.74 0.67 4.92

A8R2-7 12.0 0.201 10.67 0.73 0.69 5.20

P25-1 1.5 0.022 3.43 0.82 0.56 1.69

P25-2 3.0 0.036 5.40 0.80 0.57 2.34

P25-3 6.0 0.059 5.93 0.80 0.54 2.38

P25-4 7.5 0.060 6.78 0.76 0.63 3.25

P25-5 9.7 0.064 7.49 0.75 0.64 3.61

P25-6 16.0 0.107 8.63 0.74 0.59 3.76
aAdye: amount of dye adsorbed on TiO2. bJsc: short-circuit photocurrent density. cVOC: open circuit voltage. dFF: fill factor. eη: cell efficiency.

software through fitting the data with appropriate equivalent
circuit [15], the estimate electron transport resistance for
DSSCs with DP-25 and A8R2 is 0.239Ω and 0.105Ω,
respectively. This result is consistent with the superior
efficiency of A8R2 cell than the DP-25 cell.

To confirm that the A8R2 cell has the optimized a-TiO2-
to-r-TiO2 ratio for cell performance, we have fabricated
DSSCs based on the mixed a-TiO2 and r-TiO2 composite
films with weight ratio (wt%) of 9 : 1 (A9R1), 8 : 2 (A8R2)
and 7 : 3 (A7R3). It was found that for the similar thickness
of TiO2 films, the A8R2 cell showed higher efficiency (η)
by about 6.0% and 3.4% respectively, compared to A9R1
and A7R3 cells. With the increase of the r-TiO2 content
from A9R1 to A8R2, η was enhanced due to the faster
electron transport rate as envisaged above. Upon further

increase of r-TiO2 content to A7R3, the cell efficiency
decreased, presumably because less dye molecules had been
adsorbed. This result could be attributed to the decrease of
total surface area for sensitizers due to the smaller specific
surface area of r-TiO2 (27 m2/g) compared to that of a-TiO2

(116 m2/g). A more precise fine-tuning of the a-TiO2-to-r-
TiO2 ratio to optimize DSSC performance would require
further experimental investigation.

4. Conclusion

Irregular oval-shape a-TiO2 and bar-shape r-TiO2 nanopar-
ticles were prepared by hydrolysis and peptization of TNB
followed by hydrothermal treatment. The cell efficiency of
DSSCs made from mixed-phase A8R2 and DP-25 showed
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Figure 5: Influence of film thickness on conversion efficiency (η (a)), current density (Jsc (a)), and amount of adsorbed dye (Adye (b)) on
TiO2 films.
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Figure 6: EIS spectra of the DSSCs made of DP-25 and A8R2 films.

the similar thickness dependence. The efficiency increases
with film thickness and reaches a maximum plateau at
thickness above ∼9 μm. The A8R2 film shows more compact
structure with consistent and superior DSSC performance
than DP-25 cells. This could be due to the higher amount
of adsorbed N719 on A8R2 film, less cracks of A8R2 film,
and faster electron transport of A8R2 film containing the 1D
bar-shape r-TiO2.
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Pure rutile-phase TiO2 (r-TiO2) was synthesized by a simple one pot experiment under hydrothermal condition using titanium
(IV) n-butoxide as a Ti-precursor and HCl as a peptizer. The TiO2 products were characterized by XRD, TEM, ESCA, and BET
surface area measurement. The r-TiO2 were rodlike in shape with average size of ∼ 61 × 32 nm at hydrothermal temperature
of 220◦C for 10 h. Hydrothermal treatment at longer reaction time increased the tendency of crystal growth and also decreased
the BET surface area. The degradation of methylene blue was selected as a test reaction to confer the photocatalytic activity of
as-obtained r-TiO2. The results showed a strong correlation between the structure evolution, particle size, and photocatalytic
performance of r-TiO2. Furthermore, the r-TiO2-based solar cell was prepared for the photovoltaic characteristics study, and the
best efficiency of ∼3.16% was obtained.

1. Introduction

Titanium dioxide (TiO2), is one of the most popular
and promising materials in the field of photocatalytic
applications due to its strong oxidizing power, high
photostability, and redox selectivity [1]. When TiO2 is
irradiated by photons with an energy higher than or equal
to its band gap (∼3.2 eV), through photon absorption,
the electrons can be promoted to the conduction band,
generating holes in the valence band. The photogenerated
electrons and holes migrate to the TiO2 surfaces where
they can induce reduction and/or oxidation of adsorbed
molecules. TiO2 is also a commonly used semiconductor
for photon-electron transfer processes. In the dye-sensitized
solar cells (DSSCs) invented by Grätzel et al., nanosized TiO2

particles were used for preparing working electrodes, and
the cell performance was found to be improved significantly
when compared to the flat layered photoelectrodes [2]. The
TiO2 crystal exists in two major forms: rutile and anatase

[3, 4]. Anatase is thermodynamically metastable and can be
transformed irreversibly to rutile phase at high temperatures
[3, 5]. Most of the chemistry researchers have paid greater
attention to anatase TiO2 than rutile TiO2 (r-TiO2) in
both photocatalytic reactions and photoelectrochemical
cell because anatase phase of TiO2 had been considered
to be more active than rutile. Several excellent properties
of r-TiO2, such as chemical inertness, superior light
scattering characteristics, and lower cost [3, 6], however,
make it a potentially important phase in photocatalytic
and photovoltaic applications. Wang et al. reported the
high photocatalytic activity of r-TiO2 for decomposition of
rhodamine-B in water under artificial solar light irradiation
[7]. Bacsa and Kiwi found that the presence of r-TiO2 showed
enhanced catalytic activity compared to pure anatase TiO2

during the degradation of p-coumaric acid [8]. Rutile phase
has also been shown to be more active than anatase in
photodecomposition of H2S [9], and photooxidation of
H2O with Fe3+ [10]. Park et al. showed that the photovoltaic
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Figure 1: Flow chart of the method for preparing r-TiO2 by sol-hydrothermal synthesis.

characteristics of rutile TiO2-based DSSCs are comparable to
those of anatase TiO2-based solar cells [11, 12]. However, due
to the insufficient TiO2 film thickness which is less than 5 μm,
the electron injection current and the photon to electron
conversion efficiency are limited. It has been proposed that
porous film electrodes composed of one-dimensional (1D)
nanomaterials provide direct electron conducting channels
to the electrodes, thus the solar cell efficiency can be
enhanced [13]. Previously, we had successfully prepared the
1D rod-shaped r-TiO2 nanoparticles by sol-hydrothermal
procedure [14]. In continuation of the previous work,
we are presenting here with more detailed investigation
of the influence of hydrothermal conditions, including
the acid concentration and hydrothermal duration on
the crystal structure, particle size, particle morphology,
and photocatalytic activity of r-TiO2 nanoparticles. The
photocatalytic activity of the derived r-TiO2 photocatalysts
was tested by methylene blue degradation reactions under
UV illumination. We also prepared nanocrystalline r-
TiO2 films up to 21 μm in thickness for DSSC study. The
effect of r-TiO2 film thickness and morphology on the
photoelectrochemical properties was examined. The overall
efficiency of r-TiO2-based DSSC device is rationalized in
terms of r-TiO2 film thickness and amount of dye adsorbed
into the electrodes to find a meaningful property-efficiency
correlation.

2. Experimental

2.1. Hydrothermal Synthesis of Rutile TiO2 Nanorods.
Figure 1 shows the schematic diagram for preparing r-TiO2

nanorods. This procedure is based on the previous sol-
hydrothermal process for synthesis of TiO2 nanoparticles
[15] with some modification. Titanium (IV) n-butoxide
(Ti(O-Bu)4, ACROS), as a Ti precursor, was added slowly
to hydrogen chloride solution (HCl) under magnetic stirring
until a clear sol was formed. Then, distilled water was added
dropwise into the sol and continuously stirred for three
days. The white mixture formed was then transferred to
a Teflon-lined autoclave, 40% filled, and heated at 220◦C
for various durations. After cooling to room temperature,
the products presented in the bottom layer were washed
with distilled water several times and finally dried at 150◦C
to obtain crystallized products. The such-obtained TiO2

samples were characterized by the transmission electron
microscope (TEM, Hitachi, H-7100) for microstructural
properties and X-ray diffraction (XRD, Japan MAC Science,
MXP 18) for crystalline phase. All peaks measured by XRD
analysis were assigned by comparing with those of JCPDS
data. The crystal size of the TiO2 during different states
of heat treatment was obtained by the XRD line profile
analysis. The Brunauer, Emmett, and Teller (BET) surface
area was obtained from nitrogen adsorption-desorption data
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(Micromeritics, ASAP-2010). The chemical composition was
verified using the electron spectroscopy for chemical analysis
(ESCA, VG Scientific ESCALAB 250).

2.2. Photocatalysis by Rutile TiO2 Nanorods. The photocat-
alytic reaction was carried out in a custom-made pho-
toreactor (FanChun Technology Inc., PR-2000) [16]. The
system is open to air atmosphere with sixteen UV-lamps in
total (wavelength 253.7 ± 0.8 nm, Sankyo Denki Co., LTD.)
circulating a quartz reaction cell. The power at the position
of the reactor center, measured in the air by a power meter
(Molectron, PM 150x), was about (1.2± 0.2) mWcm−2. UV-
Vis spectrometry (JASCO V-630) was used to monitor the
absorption spectra of methylene blue (MB) as a function of
illumination time. Before the photoreaction experiment, the
aqueous solution of MB with initial concentration ([C0]) of
5 × 10−5 mol/l (M) was stirred utterly in the presence of r-
TiO2 sample in the dark to ensure the complete equilibrium
of adsorption process. During illumination, a 4 mL aliquot
was sampled at various time intervals and centrifuged
to separate MB solution for analysis. The photocatalytic
efficiencies of the r-TiO2 samples prepared by hydrothermal
treatment for various duration (1, 5, 10, 15, 20, and 24 h)
were compared.

2.3. Preparation of Rutile TiO2 Photoanodes and DSSC
Performance Measurement. A doctor-blading technique was
used to prepare the r-TiO2 films on an FTO- (F-doped tin
oxide-) coated conductive glass (2×3.3×0.3 cm3, Solaronix,
sheet resistance 8Ωcm−2) as DSSC photoanodes. Two edges
of the FTO substrate were covered with Scotch tapes. The r-
TiO2 sol obtained after hydrothermal treatment for 10 h was
directly applied to one of the bare edges and flattened with a
home-made doctor blade by shearing across the tape-covered
edges. The resulted r-TiO2 electrodes were dried at 100◦C
for 15 min followed by subsequent calcination at 450◦C for
30 min in order to remove the organic residues from the final
products and to complete the crystallization. Thickness of
the film was controlled by multiple coating process in which
the coated substrates were subjected repeatedly to doctor-
blade coating, drying, and calcination steps (Figure 1). The
thickness of the r-TiO2 films was measured by a Mahr
Alpha-step profiler (Perthometer S2) and confirmed by
the scanning electron microscopy (SEM, Hitachi S-2400)
images of cross sections. The surface morphology and crystal
phase of r-TiO2 films were investigated by SEM and XRD,
respectively.

For photosensitization studies, the r-TiO2 electrodes
with working area of 0.25 cm2 were immersed in ethyl
alcohol containing 3 × 10−4 M N3 dye (Ru[L2(NCS)2], L =
2,2

′
-bipyridine-4,4

′
-dicarboxylic acid, Solaronix) for 24 h at

room temperature. The Pt counter electrodes with mirror
finish were prepared by sputtering deposition (Hitachi E-
1045 ion sputter) of a 20 nm layer of Pt on top of FTO
substrates. To assemble the DSSC, the electrolyte of 0.5 M
LiI (Acros, 99%), 0.05 M I2 (Showa, 99.8%), 0.5 M 4-tert-
butylpyridine-TBP (Aldrich, 99%), and 0.5 M 1,2-dimethyl-
3-propylimidazolium iodide-DMPII (IonLic-Tech. >98%)
in acetonitrile was applied to the Pt electrode, which was

then placed over the dye-coated r-TiO2 electrode to form a
sandwich-type clamped cell for photovoltaic study.

The photocurrent versus voltage (I-V) curves were
measured using a computerized digital multimeter (Keithley,
2400) under the AM1.5 irradiation (1 sun), provided by a
class A Thermo Oriel Xenon lamp light source (300 W).
The incident power density was 100 mW cm−2 using NREL-
calibrated monocrystalline Si-Solar cell (PVM134 reference
cell, PV Measurement Inc.) for calibration. The efficiencies
were calculated by Forter software.

3. Results and Discussion

3.1. Characterization of Rutile TiO2 Nanorods. The sol-
hydrothermal reaction employed in the present work led to
the formation of nanocrystalline TiO2. The crystal properties
depend on the peptization and hydrothermal treatment, such
as acid concentration and time period. The previous study
showed that using different acids in a hydrothermal reaction
resulted in the formation of different TiO2 phase [17]. The
product was pure rutile from an HCl medium, however, if the
concentration of HCl was reduced to 1.5 M, besides rutile,
anatase phase was generated as a side product. This implied
that the formation of anatase by using HCl as a pepitizer was
more difficult than that of rutile phase. Based on this result,
we selected an HCl concentration of 3 M for the preparation
of r-TiO2 in the study presented here. Figure 2 shows a series
of XRD patterns for r-TiO2 after hydrothermal treatment
at 220◦C for various duration. For convenience, the r-TiO2

samples are hereinafter abbreviated as Ht-A-B, where A and
B represent the hydrothermal temperature (◦C) and heating
duration (h), respectively. It can be seen that pure rutile
TiO2 could be successfully obtained with 3 M HCl for the
studied hydrothermal period from 1 to 24 hrs. This result
infers that the complete formation of rutile phase could be
accomplished in the solution at relatively low temperatures
under appropriate conditions. In a general sol-gel process
for preparing TiO2, the primary formed structure phase
observed at low temperature is anatase which transforms to
thermodynamically most stable and more condense rutile
phase only upon calcinating at temperature above 500◦C
[1]. Note that the rutile XRD peaks became sharper as
hydrothermal treatment prolonged indicating the formation
of larger r-TiO2. The crystal sizes of r-TiO2 obtained by
analyzing the half maximum (FWHM) of (110) peak at 2θ =
27.45 degree using the Scherrer equation with wavelength of
the radiation of 1.5405 Å are summarized in Table 1.

The above XRD results indicate formation of r-TiO2

crystals that can be confirmed by the ESCA measurement.
Figure 3 shows the typical ESCA survey spectra of r-TiO2

samples. The peaks appearing on the left side showed the
Ti2p doublet with bonding energies of 459.4 eV for Ti2p3/2

and 464.9 eV for Ti2p1/2. The right side spectrum showed
the O1s peak with binding energy of 530.4 eV. Those binding
energies of Ti2p and O1s from r-TiO2 samples are all in
good agreement with those in standard spectrum of TiO2.
Compared to the individual photoelectron peaks for O1s and
Ti2p from nonbonded Ti and O elements, different binding
energies due to the chemical shifts were found. The binding
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Table 1: The XRD crystal domain, TEM particle size, BET surface area of r-TiO2 samples, and their photocatalytic activities for
photodecomposition of methylene blue in aqueous solution.

r-TiO2 sample Domain size (nm) Particle size in length × width (nm) BET (m2/g) Reaction rate ka (min−1)

Ht-220-1 9.92 26.3× 10.8 161.72 7.56× 10−3

Ht-220-5 20.58 50.5× 18.5 46.73 8.61× 10−3

Ht-220-10 25.73 60.9× 31.7 35.45 9.29× 10−3

Ht-220-15 28.39 71.1× 31.0 28.71 1.52× 10−2

Ht-220-20 29.41 62.8× 31.9 28.44 1.10× 10−2

Ht-220-24 31.60 76.9× 36.5 18.93 1.04× 10−2
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energy of the core level electron depends critically on the
species to which it is bonded. Charge transfer from Ti to O
leaves Ti (and O) with partial positive (and negative) charges,
leading to a shift in core level to higher (Ti2p3/2, 453.7 to
459.4 eV; Ti2p1/2, 461.2 to 464.9 eV) and lower (O1s, 531
to 530.4 eV) binding energies associated with increased (and

decreased) Coulombic attraction between core electron and
the nucleus of Ti (and O) [14].

The crystal growth in different stage of hydrothermal
process was traced by TEM. Figure 4 shows the TEM
micrographs of r-TiO2 samples hydrothermally treated at
220◦C for (a) 1, (b) 5, (c) 10, (d) 15, (e) 20, and (f)
24 h. As shown in Figure 4, in the initial stage of newly
formed TiO2 sol, the shape of the TiO2 was observed as
elliptical (Figure 4(a)) with average size of 26.3 × 10.8 nm.
Upon increasing the autoclaving time, the r-TiO2 crystallites
build up rod-like morphology progressively. Prolonging the
hydrothermal treatment also increases the average particle
dimension based on the weighted-average analysis. In other
words, increasing autoclaving time promotes the tendency of
crystal growth under the present experimental conditions as
expected from XRD analysis. In addition, a broad particle
size distribution (not shown) was observed in terms of width
and length, indicating that the nucleation of r-TiO2 is much
slower than its growth. The range of particle size is from
26.3 × 10.8 to 76.9 × 36.5 nm in length × width as listed
in Table 1. Nevertheless, the crystals of small size from XRD
indicate the incomplete crystallization for hydrothermal
treatment up to 24 h.

The size variation of r-TiO2 can also be seen from
BET surface area measurement. The results listed in Table 1
show the dependence of the surface area of r-TiO2 on the
hydrothermal reaction time. It can be seen that the specific
surface area shifts towards smaller values for longer heat
treatment. The TiO2 sample with one hour of hydrothermal
treatment at 220◦C possesses high specific surface area
(162 m2/g) which then decreased appreciably with a limited
value around 19 m2/g after 24 h of hydrothermal treatment.
This result confirms the observation from TEM and indicates
an increase in the particle size of r-TiO2 in increasing the
reaction time. Obviously, this is due to the progressive
aggregation of small crystallites into larger particles. It is
known that the TiO2 crystals grow from TiO6 octahedra
that are terminated by the surface Ti-OH groups. During
the hydrothermal treatment under acidic condition, the
surface hydroxyl groups can be protonated to form Ti-
OH+

2 which then combines readily with another Ti-OH to
form Ti-O-Ti oxygen bridge by eliminating a water molecule
(dehydration) through which the crystals grow to a larger
size [4]. It is noted that the growth of rutile TiO2 proceeded
via oriented coalescence of the first formed TiO2 nanorods
as demonstrated by many side-by-side aggregated r-TiO2
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Figure 4: The TEM micrographs of r-TiO2 samples hydrothermally treated at 220◦C for (a) 1, (b) 5, (c) 10, (d) 15, (e) 20, and (f) 24 hrs.

(Figures 4(c)–4(f)) and the simultaneous increase of width
and length of r-TiO2 from TEM analysis.

3.2. Photocatalytic Activity of Rutile TiO2. In order to study
the photocatalytic activity of the above-prepared r-TiO2, the
photodecomposition of methylene blue (MB) was investi-
gated in aqueous heterogeneous suspensions under the acidic
condition. We chose pH 3.85 to study the photodegradation
of MB because it decomposed scarcely in the absence
of TiO2 upon irradiation up to 7 h [16]. The maximal
absorption of MB solutions is at 614 and 664 nm under our
experimental conditions. The photodegradation was studied
by monitoring the variation of intensity at 664 nm. Figure 5
plots the relative concentration [C]/[C0] of MB against
irradiation time of r-TiO2 samples prepared by hydrothermal
treatment at 220◦C for different time period. With r-TiO2,
the MB showed significant decrease in the absorbance upon
irradiation. It is noted that varying the hydrothermal-treated
period changes the photocatalytic efficiency of r-TiO2. The

photocatalytic activity of r-TiO2 increases with an increase
in hydrothermal time from 1 to 15 h, but it decreases
for r-TiO2 with further hydrothermal treatment (20 and
24 h). There are two major variables that can vary during
the hydrothermal process: crystallinity and surface area.
Increasing the hydrothermal time increases the crystalline
domain of r-TiO2 based on XRD analysis but decreases the
specific surface area based on BET measurement (Table 1).
Increase in crystallinity is a positive change in photocatalytic
activity since amorphous titania is known to have very low
photocatalytic efficiency [1, 18]. Decrease in surface area, on
the other hand, is a negative change in photocatalytic activity
due to the reduction of surface hydroxyl groups (−OH).
The photocatalysis is basically a surface phenomenon that
is being very sensitive to the amount of surface OH groups
which may act as the principal reactive oxidant in the pho-
toreactions of TiO2 [19]. To derive the kinetic information,
the decay of absorption due to the photodecomposition of
MB was tentatively assumed to follow the first-order kinetics:
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rate = −d[C]/dt = ka[C], where ka is the apparent rate
constant for MB decomposition and [C] is the concentration
of MB. To determine the reaction rate constant, curves
of the variation of MB concentration as a function of
illumination time were fit into this model. The rate con-
stants for photodecomposition of MB using various r-TiO2

samples are also listed in Table 1. At longer hydrothermal-
treated period (up to 15 h), the MB decomposition rate
increases which is associated with the improvement of r-TiO2

crystallinity. Further hydrothermal treatment for more than
20 h, the photocatalysis efficiency of r-TiO2 is deteriorated,
which is believed to be due to the decrease in surface
area.

100 nm

Figure 7: TEM picture of 450◦C calcined r-TiO2 powder.

022902 20 KV x30 k 1 μm

Figure 8: A top-view SEM image of r-TiO2 electrodes.

3.3. Application of Rutile TiO2 to DSSCs. DSSC is a quite
complicated system, and there are many factors influenc-
ing the cell efficiency [20]. One of the most important
parameters is the TiO2 electrode. The crystal phase, particle
shape, diameter, and surface composition of TiO2 samples
used will affect the dye adsorption, electron transport, and
electrolyte diffusion in the cell as well as the light-to-
electricity conversion efficiency. In this work, we chose r-
TiO2 samples obtained after 10 h hydrothermal treatment
to prepare the photoanodes for DSSC study because of
higher surface area with good crystallinity. As shown in
Table 1, the specific surface area shifts towards smaller values
for further heat treatment. The film preparation procedure
and condition also play significant effect in the resultant
electrode property, in particular, the film morphology and
porosity. The r-TiO2 electrodes were prepared according to
the procedures described in Section 2.3. The XRD pattern as
shown in Figure 6 exhibited peaks corresponding to rutile
phase TiO2 indicating the presence of stable rutile phase
after 30 min 450◦C calcination. Several small peaks appear
at 2θ = 38.0, 42.6, and 51.8 are assigned to SnO2 from
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Figure 9: Model of the crystal enlargement of r-TiO2 upon calcination on substrate-free (a) and substrate-limited (b) conditions.
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sensitized solar cells with different thickness of r-TiO2 films.

FTO substrate. In order to see the heat treatment effect
on r-TiO2 morphology, the TEM image was acquired from
calcinated r-TiO2 paste. As shown in Figure 7, the r-TiO2

powders kept the rod shape morphology even with 450◦C
calcination process. Contrarily, the rod-like microstructure
is somehow diminished on calcinated r-TiO2 electrodes
prepared from the same pastes as shown in Figure 8 from
SEM. Only irregular and shorter-rod particles with larger
particle size (100 nm) were observed. Although it is not
clear why the rod shape can not be kept on r-TiO2 film,
there could be one possible reason as depicted in Figure 9.
The surface energy effect is beneficial to the side- (length-
) by-side (length) arrangement between rod-shaped r-TiO2

particles. As mentioned earlier, the growth of rutile TiO2

proceeded via oriented coalescence of the first formed TiO2

nanorods. In 3 dimensions, the r-TiO2 nanorods are freely
moved and chances are the simultaneous growth of r-TiO2 in
both length and width directions. On r-TiO2 film, however,
one of the dimensions for r-TiO2 nanorods to move is limited

Table 2: Performance characteristics of DSSCs based on the r-TiO2

electrode with different thickness.

Thickness
(μm)

Jsc

(mA/cm2)
Voc (V) FF η (%) Dyeads(μmole/cm2)

5.5 5.99 0.73 0.58 2.51 0.22

11.3 7.55 0.70 0.60 3.16 0.28

21.0 6.03 0.67 0.66 2.68 0.40

and only nearby r-TiO2 nanorods aggregate to form larger
but shorter r-TiO2 particles.

Figure 10 showed the typical current-voltage (J-V) char-
acteristics of N3-sensitized r-TiO2 solar cells measured at 1
sun light intensity for various r-TiO2 film thickness. Table 2
lists the photoelectric data, including photocurrent density
(Jsc), open-circuit voltage (Voc), fill factor (FF), apparent
cell efficiency (η), and the dye adsorption density (Dyeads)
of the DSSCs in Figure 10. It is generally expected that
the DSSC performance largely depends on the TiO2 film
thickness because changing the film thickness changes the
amount of dye adsorbed on TiO2 owing to the change of total
TiO2 surface area. For the homogeneously harvested light
by the adsorbed dye molecules, one would also expect the
approximately linearly dependence of photocurrent density
with the film thickness [21]. It can be seen from Table 2
that when the film thickness increased by 2-fold, from 5.5
to 11.3 μm, the Jsc only improved by 26%, from 5.99 to
7.55 mA/cm2. The increase of Jsc, however, is consistent
with that of Dyeads which increases ∼27%, from 0.22 to
0.28 μmole/cm2 and that of cell efficiency by ∼26% from
2.51 to 3.16. These results indicate that the photocurrent
as well as cell efficiency are limited by the number of
adsorbed dye molecules for film thickness up to 11.3 μm.
A small decrease (5%) of Voc with film thickness may be
due to the offsetting effect associated with the Jsc and the
number of recombination centers on surface area of the film
[12]. Further increase of r-TiO2 film thickness from 11.3 to
21.0 μm, although the amount of dye adsorption increases
by 43%, from 0.28 to 0.40 μmole/cm2, the Jsc decreases by
20% from 7.55 to 6.03 mA/cm2 as well as cell efficiency by
∼15% from 3.16 to 2.68. This is due to the increase in the
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numbers of recombination centers and the longer mean path
of the injected electron to travel inside the cell. Moreover,
when the TiO2 films are thicker, the films become more
opaque. Due to the various light absorption mechanism,
the irradiation intensity decays significantly upon travelling
through the thick films which is therefore detrimental to the
DSSC performance [21].

4. Conclusions

Pure rutile phase TiO2 nanorods have successfully been syn-
thesized under the hydrothermal conditions. Hydrothermal-
treated duration shows significant effects on the crystal
domain, particle dimension, and photocatalytic activity of
r-TiO2. Hydrothermal treatment at longer reaction time
increases the tendency of crystal growth based on TEM/XRD
and the BET surface area decreased as well. The photo-
catalytic activity of r-TiO2 increases with an increase of
hydrothermal time from 1 to 15 h due to the increase of
crystal domain, but it decreases for r-TiO2 with further
hydrothermal treatment (20 and 24 h) due to the decrease
in surface area. Dye-sensitized solar cells with working
area of 0.25 cm2 were fabricated from various thicknesses
of electrode layers made of r-TiO2 nanorods. The best-
performing DSSC evaluated under 1 sun condition gave
current density ∼7.55 mA/cm2, open circuit voltage ∼0.70 V,
fill factor ∼60%, and energy conversion efficiency ∼3.16%.
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Comparative photocatalytic degradation of polythene films was investigated with undoped and metal (Fe, Ag, and Fe/Ag
mix) doped TiO2 nanoparticles under three different conditions such as UV radiation, artificial light, and darkness. Prepared
photocatalysts were characterized by XRD, SEM, and EDS techniques. Photocatalytic degradation of the polythene films was
determined by monitoring their weight reduction, SEM analysis, and FTIR spectroscopy. Weight of PE films steadily decreased
and led to maximum of 14.34% reduction under UV irradiation with Fe/Ag mix doped TiO2 nanoparticles and maximum of
14.28% reduction under artificial light with Ag doped TiO2 nanoparticles in 300 hrs. No weight reduction was observed under
darkness. Results reveal that polythene-TiO2 compositing with metal doping has the potential to degrade the polythene waste
under irradiation without any pollution.

1. Introduction

Titanium dioxide (TiO2) is one of the most well-known
efficient photocatalysts. The capability of TiO2-based pho-
tocatalyst to degrade gaseous and aqueous contamination
makes it a good candidate for use in air clean up and water
purification. However, most applications so far are limited
to UV light irradiation because the light absorption edge of
pure TiO2 is lower than 380 nm. Therefore, the development
of modified titania with high activity under visible light
(λ > 380 nm) should take full advantage of the main part
of the solar spectrum (mostly 400–600 nm) [1].

The most promising approach of activation of TiO2,
in the visible light region, is modification of its chemical
structure to shift the absorption spectrum to the visible light
region [2–4]. This type of modification involves introduction
of doping with metal and nonmetal species. To prepare
an effective visible light, active photocatalyst doping should
produce states in the band gap of TiO2 that absorbs visible
light [5].

The process of recycling polymers is expensive and time
consuming; only a small percentage of the plastic waste
is currently being recycled [6]. Biodegradable plastics have
shown considerable promise in this context [7, 8]. However,
the biodegradable plastics till now cannot completely solve
the problem due to their chemical stability and nonafford-
able cost [9]. More recently, photo degradation of plastics
has also started receiving attention. The composition of
plastic and TiO2 nanoparticles (NPs) has been proven to be
a new and useful way to decompose solid polymer in open
air. Investigations on the photo degradation of polyvinyl
chloride (PVC), polystyrene (PS), and polythene (PE) have
been carried out [10–12]. More specifically, a few recent
reports describe the use of TiO2 and goethite and so forth as
the photocatalyst for oxidative degradation of PE with very
encouraging results [13, 14].

The present study was focused on solid phase pho-
tocatalytic degradation of polyethylene plastic with TiO2

as photocatalyst and Fe, Ag metals as dopants. PE-TiO2

composite films were prepared and their photocatalytic
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degradation under ultraviolet irradiation, artificial light and
darkness was studied.

2. Materials and Methods

2.1. Chemical Reagents. GPR TiO2 (BDH Chemicals Ltd.,
England) and chemical reagents like iron (III) nitrate non-
ahydrate, silver nitrate, and cyclohexane (Merck, Germany)
were used in this study. All chemicals were of analytical grade
and used without further purification. PE originating from
QAPCO Petrochemical Corp., Qatar was purchased from the
local market.

2.2. Preparation of Doped TiO2 Nanoparticles. Fe doped, Ag
doped, and Fe/Ag mix doped TiO2 NPs were prepared by
the liquid impregnation (LI) method by the following steps.
3 g of GPR TiO2 was added to 100 mL distilled water and
then the required amount of iron (III) nitrate nonahydrate,
for doping, was added to TiO2 suspension, where the Fe
concentration was of 1% (mole ratio) versus TiO2. The slurry
was stirred well and allowed to rest for 24 hours and then
dried in an air oven at 100◦C for 12 hours [15]. The dried
solids were ground in an agate mortar and calcinated at
500◦C for 3 hours in a furnace. Same steps were repeated
with silver nitrate as precursor for Ag doped TiO2 NPs where
the Ag concentration was of 1% (mole ratio) versus TiO2.
For Fe/Ag mix doped TiO2, iron (III) nitrate nonahydrate
and silver nitrate were used as the precursors for Fe and Ag,
respectively. The mole ratio, with respect to TiO2, for both
Fe and Ag was 0.5% each. GPR TiO2 was calcinated at 500◦C
for 3 hours when used as undoped TiO2 NPs source.

2.3. Preparation of PE-TiO2 Composite Films. Polymer stock
solution was prepared by dissolving 1 g of PE in 100 mL
cyclohexane at 70◦C under vigorous stirring for 60 minutes.
Following this, TiO2 NPs were suspended uniformly in the
above solution to give 1.0% (weight) contents with respect
to the total mass of PE. An aliquot of 20 mL of PE-TiO2

prepared solution was spread as a disc (r = 4 cm) on a glass
plate and first dried for 20 minutes at 70◦C, then dried for
48 hours at room temperature [16]. Weight of the resulting
PE-TiO2 composite films was 0.2 gm approximately. Same
procedure was followed to prepare the composite films of PE
with Fe, Ag, and Fe/Ag mix doped TiO2 NPs.

3. Characterization

3.1. Characterization of TiO2 Nanoparticles

3.1.1. X-Ray Diffraction Analysis. Crystal size of the prepared
photocatalyst was studied by powder XRD technique. X-ray
diffraction patterns were obtained on JEOL JDX-II X-ray
diffractometer using Cu-Kα radiation at an angle of 2θ from
10◦ to 80◦. The crystallite size was determined from the X-ray
diffraction patterns, based on the Scherer equation [14]

L = kλ

β cos θ
(1)

Table 1: Crystal sizes of doped and undoped TiO2 nanoparticles.

Sr. no. Sample name
Crystal size (nm)

Maximum Minimum

1 Undoped TiO2 42.52 26.72

2 Fe doped TiO2 42.52 26.72

3 Ag doped TiO2 42.52 11.27

4 Fe/Ag mix doped TiO2 42.52 20.09

where k is a shape factor = 0.9, λ is the radiation wavelength=
1.54051◦A, θ is the Bragg angle, β = full width of a diffraction
line at one half of maximum intensity in radian.

3.1.2. SEM Study. SEM study of doped and undoped TiO2

NPs was conducted with JEOL JSM-6460 scanning electron
microscope to see the distribution of metal on the surface of
TiO2 in doped species.

3.1.3. EDS Analysis. Energy dispersive spectroscopic (EDS)
analysis was conducted with Oxford INCA X-sight 200 to
perform the quantitative analysis of the TiO2 both in doped
and undoped conditions.

3.2. Characterization of Polythene Films

3.2.1. Weight Reduction Analysis. Photo degradation study
of the PE films was conducted based on weight reduction.
Weighing balance, with 0.0001 gm sensitivity (Denver Instru-
ment Company XE Series, model 100A) was used for weight
measurements.

3.2.2. Surface Morphology and Thickness Analysis. Surface
morphology & thickness analysis of PE films was conducted
with JEOL JSM-6460 scanning electron microscope before
and after the 300 hours of UV exposure.

3.2.3. FTIR Analysis. To get the qualitative analysis of
the PE films, FTIR analysis was conducted with Perkin
Elmer Spectrum BX-II FTIR spectrometer before and after
irradiation.

4. Results and Discussions

4.1. Characterization of TiO2 Nanoparticles

4.1.1. X-Ray Diffraction Analysis. Table 1 shows the results of
X-ray diffraction analysis, which demonstrate a variation in
nanoparticles size as compared to a previous study [15]. This
study reported that the average size of prepared Ag doped
TiO2 NPs was 14 nm while Ag doped TiO2 NPs prepared
in current study were in the 11.27 to 42.52 nm range. This
difference may be due to the TiO2 source, as GPR TiO2 was
used as TiO2 source in the current study while P-25 Degussa
was used in the previous one. Figure 1 shows the respective
XRD patterns of doped and undoped TiO2 NPs.
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Figure 1: XRD patterns: (a) undoped TiO2, (b) Fe doped TiO2, (c)
Ag doped TiO2, and (d) Fe/Ag mix doped TiO2.

Table 2: EDS analysis of doped and undoped TiO2 nanoparticles.

Sr. no. Sample name
Elements in percent ratio

Ti Fe Ag

1 Undoped TiO2 100.00 — —

2 Fe doped TiO2 99.08 0.92 —

3 Ag doped TiO2 99.09 — 0.91

4 Fe/Ag mix doped TiO2 98.99 0.48 0.53

Table 3: Photo catalyzed weight reduction (maximum) of pure PE
films and PE-TiO2 composite films.

Sr. no. Sample name
Maximum weight reduction (%)

UV Artificial light Dark

1 Pure PE 3.32 0.65 No reduction

2 PE + TiO2 10.6 6.51 = do =
3 PE + Fe doped TiO2 13.49 11.9 = do =
4 PE + Ag doped TiO2 13.75 14.28 = do =

5 PE + Fe/Ag mix
doped TiO2

14.34 13.18 = do =

4.1.2. SEM Analysis. Figure 2 shows the images of doped
and undoped TiO2 NPs obtained with scanning electron
microscope. These images show that the distribution of the
dopant metals on the surface of TiO2 is not uniform and
doped species contain irregular shaped particles which are
aggregations of tiny crystals. SEM analysis verifies the results
of previous reported work [15].

4.1.3. EDS Analysis. Figure 3 shows the EDS spectra of doped
and undoped TiO2 NPs. EDS analysis shows that the percent
composition is not consistent in the doped TiO2 NPs. It
varies from point to point showing that composition of the
prepared NPs is not homogeneous. It confirms the SEM
results. Average composition of doped and undoped NPs is
given as in Table 2.

4.2. Characterization of Polythene Films

4.2.1. Weight Reduction Analysis. Pure PE and PE-TiO2

composite films were exposed with UV and artificial light
constantly for 300 hours under ambient conditions. Parallel
studies were conducted with no irradiation under darkness.
TiO2 photocatalyst absorbs only UV light (λ < 380 nm),
thus only UV light plays a role in solar degradation of PE-
TiO2 composite plastic. In order to reveal the photocatalytic
degradation behavior the photo degradation reaction was
conducted under ambient air in a lamp-housing box (50 cm
× 40 cm × 30 cm) as shown in Figure 4. Pure PE and PE-
TiO2 doped & undoped composite films were irradiated by
two 6W UVL-56 UV lamps. The primary wavelength of the
lamps was 365 nm and the light intensity measured with
ABM Model 150 digital intensity meter was 1.4 mW/cm2

at 3 cm away from the lamps. For artificial light source a
common household energy saver bulb of TORNADO 24 watt
was used. Table 3 shows the summary of the photo catalyzed
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Figure 2: SEM images of TiO2 NPs: (a) undoped TiO2, (b) Fe doped TiO2, (c) Ag doped TiO2, and (d) Fe/Ag mix doped TiO2.
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Figure 3: EDS spectra of TiO2 NPs: (a) undoped TiO2, (b) Fe doped TiO2, (c) Ag doped TiO2, and (d) Fe/Ag mix doped TiO2.
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Figure 4: Schematic diagram of photocatalytic reactor: (a) lamp
housing box, (b) two ultraviolet lamps, (c) air and water inlet, and
(d) sample dishes.
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Figure 5: Effect of UV irradiation on the photocatalytic degrada-
tion of PE films.
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Figure 6: Effect of artificial light on the photocatalytic degradation
of PE films.

weight loss of pure PE film and PE-TiO2 composite films
with Fe, Ag, and Fe/Ag mix doping under UV irradiation,
artificial light and darkness. Figure 5 shows the details of
percent weight reduction under UV light and Figure 6 shows
the details of percent weight reduction under artificial light.
Negligible change was detected in all PE films with or without
TiO2 under darkness.

4.2.2. Polythene Film Thickness. Almost twofold increase in
the thickness of polythene films was observed after UV
irradiation for 300 hours from 22–28 μm range to 58–61 μm
range as shown in Figure 7. This increase in thickness after
degradation may possibly be due to the released species like
CO2 causing swelling, affecting the overall thickness of the
PE films.

4.2.3. Surface Morphology of Polythene Films. Scanning elec-
tron microscope analysis was carried out to observe the
surface changes of the films following photo degradation.
Figures 8(a) and 8(b) show that the surface of the PE film
was smooth before UV irradiation but after UV exposure,
due to photo degradation, cavities appeared randomly on
the surface of the film. Figures 8(c), 8(d), 8(e), and 8(f)
show the texture of PE films with undoped TiO2, Fe doped
TiO2, Ag doped TiO2 and Fe/Ag mix doped TiO2 under
UV irradiation, respectively. After irradiation, there were
some cavities in the PE film which had also been observed
by other workers [14]. The formation of these cavities
might be due to the escape of volatile products from PE
matrix. More cavities were found on the surface of PE-TiO2

composite film. Figures 8(c), 8(d), 8(e), and 8(f) show that
the degradation is greater than that of PE-TiO2 composite
film. These results were in accordance with the weight loss
data shown in Figures 7 and 8. SEM images suggested
that the degradation of PE matrix started from PE-TiO2

interface and led to the formation of cavities around TiO2

particles. It implied that the active oxygen species generated
on TiO2 surface diffused and degraded the polymer matrix.
This is further strengthened by the thickness analysis of the
PE films.

4.2.4. Spectroscopic Analysis. Figure 9 shows the FTIR spectra
of pure PE films before and after irradiation and PE-TiO2

(doped and undoped) composite films after UV irradiation.
Spectrum of the PE film before irradiation show the
characteristic absorption peaks of long alkyl chain in the
region of 2919 cm−1, 2857 cm−1, 1475 cm−1, and 715 cm−1.
Figures 9(b), 9(c), 9(d), 9(e), and 9(f) show the FTIR
spectra of the PE, PE-TiO2, PE-Fe doped TiO2, PE-Ag
doped TiO2, and PE-Fe/Ag mix doped TiO2 after irradiation,
respectively. There were new absorption peaks for composite
films in the region of 1716 cm−1, 1629 cm−1, and 1175 cm−1,
which could be assigned to C=O, C=C and C–O stretching
vibrations, respectively [10]. The Peak at 3507 cm−1 can be
assigned to −OH stretching that may be formed by the
hydrolysis reaction.
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Figure 7: Thickness of PE films: (a) before and (b) after irradiation.
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Figure 8: SEM images of PE films before and after irradiation: (a) PE film before irradiation, (b) PE film after irradiation, (c) PE-TiO2 film
after irradiation, (d) PE-Fe doped TiO2 film after irradiation, (e) PE-Ag doped TiO2 film after irradiation, and (f) PE-Fe/Ag mix doped TiO2

film after irradiation.
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Figure 9: FTIR spectra of PE films before and after irradiation: (a)
PE film before irradiation, (b) PE film after irradiation, (c) PE-TiO2

film after irradiation, (d) PE-Fe doped TiO2 film after irradiation,
(e) PE-Ag doped TiO2 film after irradiation, and (f) PE-Fe/Ag mix
doped TiO2 film after irradiation.

4.2.5. Degradation Mechanism of Polythene Films. Photo
degradation of pure PE has been extensively studied [17].
The reaction of pure PE film under UV irradiation occurs
via direct absorption of photons by the PE macromolecule
to create excited states and then undergo chain scission,
branching, cross-linking and oxidation reactions [18]. For
composite films, photocatalytic degradation is the main reac-
tion, which is quite different from the photolytic degradation
of pure PE film. For PE-TiO2, the photo degradation of PE
mainly happens on the film surface where electrons or holes
combine with adsorbed oxygen molecules or hydroxyl ion to
produce O2

− or ·OH, two very important reactive oxygen
species for the degradation of PE. In the photocatalytic
degradation of PE-TiO2/Fe/Ag, not only O2

− and ·OH but
also the holes that are generated in the ground state of Fe/Ag
play an important role. Efficient holes production occurs in
the ground state of Fe/Ag under irradiation. Although holes
in the ground state of Fe/Ag have lower oxidative ability than
those in the valence band of TiO2, it is energetically favorable
for these to participate in the oxidation of PE polymer.
Further dopants like Fe and Ag can act as both h+/e− traps

to reduce the recombination rate of h+/e− pairs and enhance
the photocatalytic activity [19]

TiO2 + hυ −→ TiO2
(
e− + h+)

h+ + -(CH2CH2)- −→ -(CH2CH2)-+

-(CH2CH2)-+ + O2
− −→ -(C ·HCH2)- + HO2·

HO2 · +HO2· −→ H2O2 + O2

H2O2
hυ−−−→ 2 ·OH.

(2)

Embedded TiO2 NPs can generate enough ·OH to photo
degrade inner PE. The active oxygen species described above,
initiate the degradation reaction by attacking neighbor-
ing polymer chains [7]. The degradation process spatially
extends into the polymer matrix through the diffusion
of the reactive oxygen species. Once the carbon-centered
radicals are introduced in the polymer chain, their succes-
sive reactions lead to the chain cleavage with the oxygen
incorporation and species containing carbonyl & carboxyl
groups are produced. These intermediates can be further
photo catalytically oxidized to CO2 and H2O by the aid of
reactive oxygen species [20].

5. Conclusions

Doping of TiO2 NPs by Liquid Impregnation method
alters its characteristics such as particle size and surface
morphology. The effect of mix doping is midway between
that of the doping effect by a single metal alone. This
indicates that metal ratios can be adjusted to get a desired
impact for a particular requirement. This idea was implied
and verified in the photo degradation of PE under UV and
artificial light irradiation. Photo degradation of PE-TiO2

films occurred at faster rate and was more complete than
the simple photo degradation of pure PE films under UV
and artificial light irradiation. Among the PE-TiO2 films,
the degradation of doped TiO2 composite film was greater
than the undoped TiO2 composite film both under UV and
artificial light irradiation. Overall degradation trend can be
represented as

PE-doped TiO2 > PE-undoped TiO2 > simple PE. (3)

Catalytic trend among the doped TiO2 NPs under UV
irradiation can be represented as

Fe/Ag mix doped TiO2 > Ag doped TiO2
∼= Fe doped TiO2.

(4)

Catalytic trend among the doped TiO2 NPs under artificial
light can be represented as

Ag doped TiO2 > Fe/Ag mix doped TiO2 > Fe doped TiO2.
(5)

It is our observation that development of this kind of
composite polymer can lead to an environmental friendly
polythene product.
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Pure and Ag-TiO2 nanoparticles were synthesized, with the metallic doping being done using the Liquid Impregnation (LI)
method. The resulting nanoparticles were characterized by analytical methods such as scanning electron micrographs (SEMs),
Energy Dispersive Spectroscopy (EDS), and X-ray diffraction (XRD). XRD analysis indicated that the crystallite size of TiO2 was
27 nm to 42 nm while the crystallite size of Ag-TiO2 was 11.27 nm to 42.52 nm. The photocatalytic activity of pure TiO2 and silver
doped TiO2 was tested by photocatalytic degradation of p-nitrophenol as a model compound. Ag-TiO2 nanoparticles exhibited
better results (98% degradation) as compared to pure TiO2 nanoparticles (83% degradation) in 1 hour for the degradation
of p-nitrophenol. Ag-TiO2 was further used for the photocatalytic degradation of 2,4-dichlorphenol (99% degradation), 2,5-
dichlorophenol (98% degradation), and 2,4,6-trichlorophenol (96% degradation) in 1 hour. The degree of mineralization was
tested by TOC experiment indicating that 2,4-DCP was completely mineralized, while 2,5-DCP was mineralized upto 95 percent
and 2,4,6-TCP upto 86 percent within a period of 2 hours.

1. Introduction

Advanced oxidation processes (AOPs) are techniques used
for the degradation of harmful organic pollutants resistant
to conventional treatment methods. AOPs depend on in situ
generation of highly reactive radical specie such as OH•

that breakdown a number of organic compounds without
being selective [1–3] using chemical or light energy. The
process employing a semiconductor activated by UV or
visible light to degrade aquatic or atmospheric pollutants
is called photocatalysis which results in partial or complete
mineralization of the organic compounds [4, 5].

Titanium dioxide (TiO2), a metal oxide semiconductor
has been found to be one of the most effective photocatalysts
due to its high efficiency and stability. TiO2 has a band
gap of 3.2 eV that allows UV light to excite the valance
electrons and inject these into the conduction band leaving
holes in the valance band [6]. The high rate of electron-
hole recombination in TiO2, however, limits the efficiency of
the photocatalyst which can be arrested, to some extent, by
doping with metallic elements such as silver [7]. On the other

hand, the antibacterial action of silver, particularly in the
colloidal form, is also well known [8].

Metal-doped titanium dioxide has been used for the
degradation of many organic pollutants in general [2, 3]
and for phenols in particular [9–11]. Chlorophenols have
low taste and odour thresholds and exhibit high toxicity
and carcinogenic character [9]. They are very toxic and
poorly biodegradable compounds, that are not effectively
degraded by direct biological methods [10]. Consequently,
their elimination in wastewaters and drinking water is of
great interest.

In the present work, TiO2 nanoparticles were synthe-
sized by calcination while metallic doping with silver was
achieved using Liquid Impregnation [12]. These nanosized
catalysts were characterized by the techniques such as X-ray
diffraction (XRD), Scanning Electron Microscopy (SEM),
and Energy Dispersive Spectroscopy (EDS). Photocatalytic
degradation using the nanosized particles was then stud-
ied with p-nitrophenol as a model compound followed
by of 2,4-dichlorophenol, 2,5-dichlorophenol, and 2,4,6-
trichlorophenol.
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Figure 1: Schematic Diagram of Experimental Setup of Photocatal-
ysis.

2. Experimental

2.1. Materials. TiO2 (GPR, BDH Chemicals Ltd. Poole
England), AgNO3, p-nitrophenol (purity 99%), 2,4-dichlor-
phenol, 2,5-dichlorophenol, and 2,4,6- trichlorophenol (GR,
Merck, Germany).

2.2. Photocatalyst Preperation. In case of pure TiO2 nanopar-
ticles, TiO2 was calcined at 500◦C for 3 hours, to abtain the
nanosized crystal structure. Silver-doped TiO2 nanoparticles
were prepared by following the method of reference [12]
described below.

1 g TiO2 was added to 100 ml dionized water in a 500 ml
Pyrex beaker. For silver doping 1% (molar ratio) of AgNO3

was also added to the suspension. The resulting slurry was
thoroughly mixed by vigorous stirring and allowed to settle,
at room temperature, over night. The liquid so obtained was
dried in an oven at 100◦C for 12 hours to get rid of any
remaining moisture. The solid material resulting from this
step was calcined, at 500◦C for 3 hours in a furnace. This
resulted in fine particles of silver-doped TiO2, herein after
referred to as Ag-TiO2.

2.3. Charaterization of TiO2 and Ag-TiO2 Nanoparticles.
The phases of the synthesized particles were analyzed by
JEOL JDX-II X-ray Diffractometer. Crystallite size of the
prepared particles was determined from the broadening of
the anatase main peak by the Scherrer equation. The external
morphology of the particles was examined using an electron
microscope JEOL JSM 6460. EDS analysis was carried out
using the Oxford INCA X-sight 200 System.

2.4. The Photocatalysis Process. The schematic diagram of the
experimental setup of photocatalysis experiment is shown in
Figure 1. 0.004 g of high purity p-nitrophenol was dissolved
in 200 ml deionised water in a 250 ml beaker and transferring
it to a 1 L analytical flask. The beaker was thoroughly rinsed,
twice, and the washings were added to the solution in the 1 L
flask. The volume was made up, with deionised water, to 1 L
to obtain a stock solution of 4 ppm p-nitrophenol.

An aliquot of the solution was taken and its pH (moni-
tored with the HACH Sension 1 pH meter) was adjusted to 7

with drop-wise addition of dilute NaOH (1N) solution. The
resulting solution had a slight yellow tinge whose absorbance
was measured at 400 nm in a 4 cm path length glass cell in a
UV visible spectrophotometer (HACH DR 2400). Deionized
water in a glass cell of the same dimensions served as a
blank. The absorbance so obtained served as the reference
value for determining the proportionate reduction in the
concentration (C◦) of the phenol, after exposing the solution
to UV light under the conditions of (a) no TiO2, (b) with
TiO2, and (c) with Ag-TiO2 as described below.

To investigate the photocatalytic degradation, p-nitro-
phenol solution of 4 ppm was taken in a container. Ag-TiO2

nanoparticles with a dose of 0.05 g/50 ml was added. It was
placed under 20 W Blak-Ray UV lamp (with a wavelength
peak at 365 nm and intensity of 1.4 mW/cm2) and with
continuous stirring. After every experiment the solution
was centrifuged on (Sigma 204 instrument) at 4000 rpm
for 10 minutes. The degradation of centrifuged solution
was measured at 400 nm on UV visible spectrophotometer
(HACH DR 2400) and the degree of mineralization was
carried out using Analytik jena TOC multi N/C 3100
analyzer.

Similar experiments were performed with 2,4-di-
chlorphenol, 2,5-dichlorophenol, and 2,4,6-trichlorophenol.
Stock solutions of these compounds were prepared by dis-
solving 0.004 gm of the above three compounds in dionized
water and diluting to 1 liter. The cholorphenols were also
exposed to UV light under conditions similar to those for p-
ntirophenol. Here the baseline for the individual compounds
was established by using the standard 4-aminpoantipyrene
method [13].

3. Results

3.1. TiO2 Nanoparticle Characterization

3.1.1. X-Ray Diffraction. The crystal phase of laboratory
prepared nanoparticles was identified using JEOL JDX-II
X-ray diffractometer. XRD patterns are shown in Figure 2.
The data indicates that the major phase of all the prepared
nanoparticles is anatase. The crystallite size of prepared
nanoparticles determined from the broadening of the anatase
main peak by Scherrer equation [12] is shown in Table 1.
TiO2 is in a range of 27 nm to 42 nm while the crystallite
size of Ag-TiO2 is 11.27 nm to 42.52 nm. Our results are
in consonance with those reported earlier [7] where Ag-
TiO2 nanoparticles dimensions were reported to be between
15 nm and 37 nm,

Dp = 0.94λ
β1/2 cos θ

(1)

(see [12]).

3.1.2. EDS. The EDS-spectra of TiO2 (Figure 3) and Ag-
TiO2 (Figure 4) was obtained using the Oxford INCA X-
sight 200 equipment. In similarity to an earlier work using
EDS [7], the presence of three distinct X-ray lines associated
with O Kα, Ag Kα, and Ti Kα, is clearly evident. The results
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Figure 2: X-ray diffraction pattern (a) TiO2 (b) Ag-TiO2.

Table 1: Crystallite properties of undoped and Ag-doped TiO2.

Sr. No. Particles
Particles Size (nm)

Surface Area (m2/g) Pore Diameter (◦A)
Maximum Minimum

1 Undoped TiO2 42.52 26.72 74.30 131.06

2 Ag-TiO2 42.52 11.27 77.74 129.65
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Full scale 929 cts cursor. −0.201 keV(0 cts)

(keV)

Ti

O

Ti Spectrum 1

Figure 3: EDS pattern of TiO2 Nanoparticles prepared by Calcina-
tion.

indicate that Ti, O, and Ag are the constitutive elements of the
nanoparticles prepared by the Liquid Impregnation method
and no extraneous elements are present.

3.1.3. SEM. The SEM images of pure titania and Ag-
doped titania obtained using (JEOL JSM 6460 Scanning
Electron Microscope) are shown in Figures 5 and 6 whereby
the porous and sponge-like network of irregularly shaped
particles is amply demonstrated. Surface roughness and
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Full scale 929 cts cursor. −0.201 keV(0 cts)

(keV)

Ti

O

Spectrum 1

Ti

Ag

Figure 4: EDS pattern of Ag-TiO2 Nanoparticles prepared by
Liquid Impregnation Method.

shaped complexity of the particles is high in case of Ag-
TiO2 which results in a high surface area. SEM images were
taken from different sites of sample and then compared. The
resulting image shows that silver is not uniformly deposited
on the surface of titania nanoparticles, as found by other
authors [12].

3.1.4. Surface Area and Pore Size Analysis. Figures 7 and
8 show the nitrogen adsorption isotherms and BJH pore
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Figure 5: SEM micrograph of TiO2 nanoparticles.
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Figure 6: SEM micrograph of Ag-TiO2 nanoparticles.

size distribution curves of doped TiO2 and undoped TiO2

samples, respectively, obtained by Surface and Pore Size
Analyzer NOVA WIN 2200e. The Brunauer-Emmett-Teller
(BET) specific surface areas and pore volumes of doped TiO2

and undoped TiO2 are summarized in Table 1. Results reveal
that doping results in positive impact on surface area and
pore diameter of the TiO2 nanoparticles.

3.2. Optimization Studies.

3.2.1. Photodegradation of p-Nitrophenol. For the optimiza-
tion of the photocatalytic process, phototcatalytic degra-
dation of p-nitrophenol with pure TiO2 was studied by
varying the parameters of light intensity, pH, and irradiation
time. The concentration was determined by preparing the
calibration curve of p-nirophenol on spectrophotometer.

3.2.2. Effect of UV Lamp Distance. The effect of UV light
intensity on the degradation of p-nitrophenol was studied
by varying the distance of UV lamp from the target.
Figure 9 shows the relationship of UV light intensity in
terms of lamp distance from the sample and percent
photocatalytic degradation. As expected, the higher light
intensity excited the TiO2 particles to generate more elec-
tron hole pairs. The holes decompose the p-nitrophenol
molecules adsorbed on the surface of TiO2 particles and
oxidize them to water resulting in their efficient degradation
[14].

Table 2: Percent degradation of phenolic compounds in one hour.

Nanoparticles Compounds
Percentage
Degradation
in 1hr

Pure TiO2 p-nitrophenol 83

Ag- TiO2 p-nitrophenol 98.3

Ag- TiO2 2,4-dichlorophenol 98.9

Ag- TiO2 2,5-dichlorophenol 98.55

Ag- TiO2 2,4,6-trichlorophenol 96.41

3.2.3. Effect of pH. The degree of photocatlytic degradation
of p-nitrophenol was found to be affected by a change in
pH. Figure 10 shows that the photocatalytic degradation of
p-nitrophenol was high between pH 2 and pH 4, while the
degradation efficiency was lower in the alkaline environment
above 7 pH. Titania surface will remain positively charged in
acidic medium (pH < 7) and negatively charged in alkaline
medium (pH > 7). Titanium dioxide is reported to have
higher oxidizing activity at lower pH but excess H+ at very
low pH can decrease reaction rate. This observation confirms
the finding of other researchers [15].

3.2.4. Degradation versus Irradiation Time. One of the very
important parameters that was studied for the photocatalytic
degradation of p-nitrophenol was time of degradation. The
degradation rate was observed to increase with increase in
irradiation time as shown in Figure 11.

In view of these results, subsequent experiments were
caried out at a pH of 4 with UV lamp distance of 5 cm from
the target surface of the solution in the china dish.

3.2.5. Comparative Degradation of p-Nitrophenol by Pure
TiO2 and Ag-TiO2. Comparitive photocatalytic degradation
of p-nitrophenol was also investigated in the presence of
UV light. Ag-TiO2 nanoparticles show better results (98%
degradation) as compared to pure TiO2 nano particles (83%
degradation) in 1 hour as shown in Figure 12. This is due to
the positive effect of silver on the photoactivity of TiO2 at
degradation of p-nitrophenol that may be explained by its
ability to trap electrons, thus, reducing the recombination
of light-generated electron-hole pairs at TiO2 surface. These
results encouraged the use of Ag-doped TiO2 for the
degradation of chlorophenols.

3.3. Photocatalytic Degradation of Cholophenols. When chlo-
rination is done, phenols present in water react with chlorine
to form chlorophenols. These chlorophenols are carcino-
genic and impart an odour to the water making it unfit for
secondary use. Three commonly known chlorophenols were
selected which are 2,4-dichlorophenol, 2,5-dichlorophenol,
and 2,4,6-trichlorophenol for the photocatalytic degradation
using Ag-TiO2 nanoparticles. The concentration was deter-
mined by preparing the calibration curves of chlorophenols
using the 4-aminoantipyrine method [13].

As depicted in Figure 13, starting with the same initial
concentration, the transformation rate of chlorophenols
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Figure 7: Nitrogen adsorption curve for doped and undoped TiO2 (a) Undoped TiO2 (b) Ag-doped TiO2.
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Figure 8: Pore size distribution curve for doped and undoped TiO2 (a) Undoped TiO2 (b) Ag-doped TiO2.

decreases as the number of chlorines on the phenolic ring
increases. The addition of chlorine atom has previously been
found to reduce the degradation rate of chlorophenols, [16].
In this study, it seems that the increase in the number of chlo-
rine atoms on the phenolic ring makes the chlorophenols less
responsive to UV degradation as the photo transformation
rate of 2,4-DCP and 2,5-DCP was higher than that of 2,4,6-
TCP, as shown in Table 2.

3.4. Total Organic Carbon (TOC) Analysis. In the experi-
mental work, photocatalytic degradation of the above dis-
cussed phenolic compounds was primarily monitored using
absorption spectroscopy. This, however, does not indicate
the degree of mineralization of the organic compounds.
Following an earlier study [17], the oxidative mineralization
was therefore examined by measuring the Total Organic
Carbon (TOC) in the solution. The TOC measurements were
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Figure 10: Represent the effect of change in pH on photocatalytic
degradation of p-Nitrophenol.

Table 3: Reaction Constants of photocatalytic process with TiO2

and Ag-TiO2 for phenolic compounds.

Nanoparticles Compounds K ′(min−1) × 10−2 a

Pure TiO2 p-nitrophenol 2.4

Ag-TiO2 p-nitrophenol 6.6

Ag-TiO2 2,4-dichlorophenol 7.7

Ag-TiO2 2,5-dichlorophenol 6.2

Ag-TiO2 2,4,6-trichlorophenol 3.6
aApparent first-order reaction Constants (k′).

made using Analytik jena TOC multi N/C 3100 analyzer by
direct injection of the aqueous solution after centrifugation.

As discussed above in photocatalytic degradation, the
chlorophenols are converted into inorganic products like
CO2, H2O and CL− [18]. Figure 14 gives the results of the
TOC experiment indicating that 2,4-DCP was completely
mineralized, while 2,5-DCP was mineralized up to 95 percent
and 2,4,6-TCP upto 86 percent within the period of 120
minutes. The mineralization efficiency of the above said
compounds was calculated by the following formula:

Mineralization efficiency

= TOC(stock)− TOC
(
after Photocatalysis

)× 100
TOC(stock)

.

(2)

R2 = 0.9877−4.5
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Figure 11: Photocatalytic degradation of p-Nitrophenol w.r.t
irradiation time.
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3.5. The Reaction Kinetics. The photocatalytic degrada-
tion of organic pollutants generally follows the Langmuir-
Hinshelwood mechanism [16],

r = −dC

dt
= kθ = k

KC

1 + KC
, (3)

where k is the true rate constant which depends upon mass
of catalyst, the flux of efficient photons, and the coverage
in oxygen. K is the adsorption constant, t is the time, and
C is the concentration of the organic pollutant. For the
low initial concentrations of pollutants, the term KC, in
the denominator, can be neglected and the photocatalytic
oxidation rate approaches first order kinetics described by

r = −dC

dt
= kKC = k′C, (4)

where k′, the apparent rate constant, is also known as the
pseudo-first order rate constant. The integral form of the rate
equation is

ln
C

C0
= −k′t, (5)

where C0 is the initial concentration.
Values of k′ for experiments described in this study are

given in Table 3k′ values in Table 3, compare well with the
vales reported in a previous study [7], which used pure and
1 to 2 mmol Ag-TiO2 for degradation of p-nitrophenol as
compared to 1% molar ratio in our case.

4. Conclusion

Pure TiO2 (42.52–26.72 nm), and silver-doped TiO2 (42.52–
11.27 nm) nanoparticles were synthesized through calcina-
tion and Liquid Impregnation method. Ag-TiO2 exhibited
good potential for the photocatalytic degradation of phenolic

compounds in acidic environment (pH 4). More than 95%
photocatalytic degradation of phenolic compounds could be
achieved in 1 hour using Ag-TiO2 was achieved during 1
hour. Photocatalytic mineralization of 2,4-DCP (100%), 2,5-
DCP (95%), and 2,4,6-TCP (86%) was achieved using Ag-
TiO2, after a period of 2 hours.

Langmuir-Hinshelwood kinetic model provided a good
fit to the photocatalytic degradation of phenolic compounds,
used in this study.
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We have investigated nanosized thin films of α-Fe2O3 (hematite) and α-Fe2O3 with addition of Li, by the impedance spectroscopy
(IS), the Raman spectroscopy, scanning electron microscopy (SEM), and X-ray diffraction (XRD). Combining all of these methods,
and earlier obtained thermally stimulated currents (TSC) on the same samples, the dependence of structural and electrical proper-
ties upon percentage of Li added into the matrix of these metal-oxide films was found. The comparison of IS, Raman, SEM, XRD,
and TSC results reveals the increase of the size of nanoparticles upon inducing 1% of Li in Fe2O3 matrix followed by the decrease
of the size of nanoparticles in the case of samples with 10% Li, as well as the decrease (increase) of conductivity, respectively. These
changes are explained by the structural and morphological changes caused by the impact of Li+ ions in the charge transfers. This
material is suitable for application in the galvanic cell of second generation that could be used as solar-cells backup.

1. Introduction

Thin-films containing nanosized grains of Fe2O3 are widely
used in research into mainly magnetic and electronic devices
[1–5]. Their capacity for incorporating lithium ions is
important in the construction of galvanic cells of second
generation [6–17].

The one of newest and attractive application of Fe
based batteries as high capacity LiFePO4 and LiFeYPO4
cells would be in electric vehicles [18]. Our intention is
to construct charge-discharge Fe2O3-electrode battery with
polymer electrolyte [19, 20]. Further plan is to attach it to
solar-cells [21–24] in order to preserve accumulated charge
to use it in cloudy weather.

Films of iron oxide derived by the chemical deposition
method route were investigated by the impedance spec-
troscopy (IS), Raman spectroscopy, SEM, and XRD in order
to determine their electrical, structural, and morphological
properties. Our goal was to establish the relation between
electrical and the structural properties in nanostructured
Fe2O3 and Fe2O3: Li films on glass substrate.

IS was applied to measure the resistance of nano-
structured Fe2O3 films with different contents of lithium.
In our previous work [25], TSC spectra, often used in
characterization of high resistive or semi-insulating (SI)

materials [26, 27], were measured on the same samples, in
order to investigate possible defects with deep levels in the
forbidden energy gap and to see relation of it to the different
percentages of Li.

By Raman and XRD measurements, we have determined,
besides the hematite nature of our samples, that they are
composed of the nanosized crystalline grains in the size
range from 10 nm to 200 nm, which was also proved by SEM
investigation. It was also found that the variation of Li+-
ion content is related to the changes of the nanoparticles
(d < 5 nm) related to the acoustic phonons determined by
the low frequency Raman measurements. We have also found
samples’ steadiness during the eight-month period.

2. Experimental

The samples were nanostructured Fe2O3 films deposited on
the glass substrates and were prepared using chemical vapor
deposition procedure shown on Figure 1. One percent water
solution of Fe (NO3)3 with LiNO3 in 1 and 10 of at. %
regarding Fe and small quantity of HNO3 was sprayed onto
substrate heated at 593 K. The reaction is:

2Fe(NO3)3 −→ Fe2O3 + 6NO2 + 1.5O2 (1)
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The home made apparatus for the preparation procedure
was described previously [28].

The impedance measurements were performed using a
homemade device consisting of an Impedance analyzer I-
100 and sample holder with built-in thermocouple copper-
constantan with cold junction compensator OMEGA-CJ.
Measurements were performed in vacuum of 10−2 mbar.
PC using software developed in our laboratory recorded
the impedance response. Impedance spectra were measured
in the frequency range from 100 KHz to 1 MHz. The
samples (cubic-formed platelets consisting of Fe2O3 film
on the glass substrate, with surface area of 100 mm2 and
2.5 mm thickness) mounted between two zinc electrodes
were placed in a spring-contacted apparatus compressing the
cell between zinc/teflon cylinders. The idea was to measure
glass substrate without Fe2O3, and then with Fe2O3 films
with different contents of Li. Measurements were consistent
with model circuits [29], representing the sample/electrode
systems as parallel sample resistance and capacitance in series
with two impedances representing the electrode and sample
characteristics.

TSC measurements were performed in the DL-4960
liquid nitrogen cryostat (Bio-Rad), using Keithley K-617
electrometer, under +10 V applied bias voltage, where con-
tacts show ohmic behavior. Samples were heated in the
dark until 360 K (in order to empty all deep traps/levels)
and then cooled in dark to 85 K. After that, samples were
illuminated with the white light during 600 seconds. Another
fifty seconds samples were kept in the dark at 85 K and then
temperature ramp with β = 0.4 K/s was activated. During
that, regular TSC spectra were recorded.

Raman spectra were recorded using Dilor Z24 Raman
triple monochromator in a 45◦ scattering configuration
using 2 W of cylindrically focused 514.5 nm argon ion laser
excitation. Micro-Raman spectra were recorded using Jobin
Yvon T64000 in a backscattering configuration with objective
LWD 50X of cylindrically focused 514.5 nm argon ion laser
excitation.

The grain size, the crystallinity, and the morphology were
observed using scanning field emission electron microscopy
(SEM, Zeiss, Supra 35 VP).

The identification and classification of prepared samples
were made by the X-ray diffraction using a D4 Endeavor,
Bruker AXS.

3. Results and Discussion

The primary goal of impedance spectroscopy measurements
was to determine the electrical conductivity of the Fe2O3

films and then Fe2O3 films with different contents of Li.
Conductivity results were collected using Zn electrodes with
continuous heating in a noninterrupted range between the
room temperature of 295 K and 305 K. The conductivity
values σ were calculated using the following equation:

σ = l

SR

(
Ωcm−1), (2)

Reservoir

Air [1] [2]

Auxiliary heater

Glass substrate

Heater

Fe(NO3)3

Figure 1: The Layout of the home made apparatus for CVD
preparation of Fe2O3 thin films on glass substrate.

Table 1: Obtained parameters for different Fe2O3 samples: mea-
surement temperature in degrees of K , resistivity R in kΩcm
obtained by IS, low-frequency Raman modes n in cm−1, and their
respective nanosizes d in nm of Fe2O3films on the glass substrate.

sample T/K R/kΩcm n/cm−1 d/nm

Fe2O3 298 40 95 2.0

Fe2O3with 1% Li 298 250 50 3.9

Fe2O3with 10% Li 298 54 60 3.2

where l and S are the thickness and the area of samples,
respectively. R is the sample resistance estimated from the ac
admittance data, after fitting to the experimental curves.

Measurements with Zn electrodes were performed in
impedance and admittance modes. Both measurements were
performed because the bulk resistivity of the thin film of
Fe2O3,Rb, was more accurately determined from admittance,
while charge transfer resistance, Rct, was determined from
impedance measurements.

Figure 2 is showing an example of ac admittance data
for the sample of Fe2O3 obtained at room temperature and
equivalent circuits.

At low temperatures, the geometrical capacity was
neglected. Its typical values are rather low (∼pF) deriving
from a very high capacitive resistance in the Cg branch
compared with the parallel Rb. So, the influence of Cg on
the impedance on this parallel circuit can be neglected
(Figure 2(b)).

We observed another arc at lower frequencies, which is
attributed to a capacity between grain boundaries. By grains
we assume crystallites divided by double layers between
them. As Rgb was much bigger than Rb, its influence to the
impedance circuit could be neglected so that only Cgb was
left.

Figure 3 shows the conductivity plot in the range from
295 to 305 K for Fe2O3 and Fe2O3: Li samples. Resistivities
(R) obtained from admittance measurements at room tem-
perature are shown in the second column of Table 1.
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Figure 2: (a) Admittance spectra Fe2O3 thin film measured at room temperature and (b) equivalent circuits and schematic admittance plot
for Zn electrodes.
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Figure 3: Log σ versus 1000/T for Fe2O3(1), Fe2O3 with 1%(2) and
Fe2O3with 10% of Li (3) measured with Zn electrodes.

Figure 4. shows TSC spectra of three Fe2O3 samples with
different Li content, e.a. pure Fe2O3 (0% Li), with 1% and
finally with 10% of Li, respectively. This figure, showing (a)
low- and (b) high-temperature regions, illustrates changes
in the defect concentrations related to the different Li
contents. Low-temperature TSC spectra are characterized by
the negative peak around 155 K, related to the deep trap T2

(with activation energy, Ea = 0.28 eV) and calculated by
equation [25]:

Ea = kTm ln

(
T4
m

β

)
, (3)

where k is the Boltzman’s constant, Tm is temperature of TSC
peak maximum (in K), and β is heating rate in K/s. It was
observed in Fe2O3 Li-free samples and in TSC of Fe2O3 with
1% Li. According to the literature [30, 31], we assign our

Table 2: Main parameters of deep traps found in Fe2O3 samples.

Trap T1 T2 T3 T4 T5

Ea (eV) 0.18 0.28 0.36 0.64 0.68

Tm (K) 107 155 188 308 327

peak T2 to the hole trap. Two neighboring peaks, T1 (with
Tm = 107 K and Ea = 0.18 eV) as well as T3 (at 188 K,
0.36 eV) should correspond to electron traps. TSC spectrum
of the sample with 10% Li shows the increase of T1 and T3

concentrations, which “screened” negative peak T2. It can be
explained by abundant release of oppositely charged carriers-
electrons from T1 and T3 traps and/or by the decrease of the
holes traps concentration caused by the structural changes
after Li entered into the structure. It should be noticed
that doping with 1% of Li causes increase in T2 hole trap
concentration, while further doping (10%) increases T1 and
T3 peaks. The same observation can be applied for TSC
peaks in high-T region. Namely, peaks T4 (at 308 K, 0.64 eV)
and T5 (327 K, 0.68 eV) decrease in samples with 1% Li and
enormously increase in samples with 10% Li content. Main
deep trap parameters are presented in Table 2.

In this work, we have determined nanosized values for
the acoustic phonons in Fe2O3 by using the method of low-
frequency Raman scattering that had been tested on different
powder systems in our previous work [32]. Generally, this
method is based on the work of Duval et al. [33], who
showed that the maximum of the low-frequency mode of a
free particles, n, corresponds to the angular momentum l = 0
and it is given by

n = 0.7(vl/(d · c)), (4)

where c is the velocity of light in vacuum, vl is the
longitudinal velocity of sound, and d is particle diameter. In
calculations, we have used vl = 8300 m/s of a-Fe2O3 [34].
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Figure 4: TSC spectra of (a) low- and (b) high-temperature region
of three samples with different Li content, e.a. Fe2O3 (Li free), Fe2O3

with 1% and Fe2O3 with 10% of Li.

The results of calculations are presented in Table 1. Raman
spectra, measured at room temperature and used in Fe2O3

nanosizes determination, are shown at Figure 5. Average
nanosizes in sample with 1% of Li increased regarding to the
original Li free sample from 2.0 nm to 3.9 nm. After addition
of 10% of Li, nanosizes were reduced to 3.2 nm.

We have performed assignation of Raman lines according
to the literature [35–38] as hematite and it is shown
in Table 3. Hematite, α-Fe2O3 with corundum structure
belongs to the D6

3d crystal space group, which gives seven
characteristic phonon lines 2A1g + 5Eg that are Raman-
active fundamentals. Additional Raman experiments were
performed after period of 8 months showing stability of
hematite phase. Shift of the Raman lines towards higher
frequencies upon insertion of Li+-ions into the structure is
also showing nanostructured [39, 40] nature of the films.

In further discussion, we will try to correlate the results
of three types of measurements (IS, TSC [25], and Raman) in

order to gain insight in microscopic resistivity increase upon
addition of Li.

Charge transport in simple 3d oxide crystals such as α-
Fe2O3 can be described in terms of hopping and narrow-
band conduction by polarons [41]. The electron transition
in α-Fe2O3 usually occurs between the partially filled 3d
orbital and the nearly empty sp orbital of O. In a narrow
band semiconductors like α-Fe2O3, disorder may produce
localized states in the whole band. The disorder potential
between adjacent states is [41]

WD ≥ 6(2Jz), (5)

where J is the overlap integral between 3d orbitals and z the
number of nearest neighbours. In this case, conduction takes
place by phonon-assisted hopping of electrons.

The polaron theory that is in detail presented in [41] is
one of the possible approaches to interpret our data. Here
we introduce view of nanosized acoustic phonons in Raman
spectra as quasiparticles, when coupled to the electron, that
is, nanoparticle. Low-frequency Raman showed that adding
of 1% Li induced significant changes in the nanoparticle
size (2 nm → 3.9 nm), which is the increase of 95%, and
accordingly in the conduction mechanism. Li+ ions affected
holes traps as determined by TSC [25] by increasing their
concentration, while electron traps concentration decreased.
Activation energies of electrons’ and holes’ traps T1 −
T5 remained almost the same (0.18, 0.28, 0.36, 0.64, and
0.68 eV), respectively [25]. One possible explanation is that
Li+ ions combined with related defects in the unit cell causing
decrease of overlap integrals and accordingly decrease in
the disorder potential WD. This induced tensions in the
structure that resulted by the nanoparticle enlargement and
accordingly its mobility decreases. Increase in resistivity for
more than six times was observed (Table 1). The situation
is quite different in samples with 10% Li: nanoparticle size
decreased from 3.9 nm to 3.2 nm and resistivity simultane-
ously decreased almost to the value of the referent Li free
sample. The increase of the conductivity is due to structural
disorder created by Li+ ions, which are having ten times
greater concentration than in the sample with 1% Li. In
such disordered structure, disorder potential can vanish and
nanoparticle can easily move through the sample. The mech-
anism of hopping electrons can also occur and add to the
conductivity increase. The same observation can be applied
for TSC peaks in high-T region, namely, peaks T4 (at 308 K,
0.64 eV) and T5 (327 K, 0.68 eV) decrease in samples with
1% Li and enormously increase in samples with 10% Li [25].
These two peaks represent deep traps and as they decrease
upon addition of 1% of Li, the conductivity also decreases,
which is in agreement with IS measurements (Table 1). Fur-
ther increase of Li content to 10% increases concentrations
of these traps and conductivity increases, due to enlarged
release of electrons from traps, which is also in accordance
with IS results. The increase in deep traps concentrations
indicates that samples with 10% Li are amorphous.

Scanning field emission electron microscopy and XRD
measurements were performed in order to check the grain
size, the crystallinity, and the morphology, revealed by other
methods.
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Table 3: Raman wave numbers and assignments of the hematite films prior and after addition of Li+ ions.

Assignation
Raman shift/cm−1

1 2

Fe2O3 Fe2O3 + 1% Li Fe2O3 + 10% Li Fe2O3 Fe2O3 + 1% Li Fe2O3 + 10% Li

78 w 56 sh 69 vw

99 sh

A1g(1) 213 vs 221 w 221 m 223 s 223 sh 219 vw

Eg(1) 241 sh 245 w 241 vw

267 sh

Eg(1) 282 vs 286 vs 284 m 290 vs 297 m 296 m

Eg(1) 395 w 402 vs 393 s 404 s 407 vs 407 s

A1g(2) 488 w 490 w 490 vw

Eg(1) 586 w 608 w 600 w 608 w 609 w 608 w

1: First measurement, 2: Second measurement after 8 months: vs: very strong, s: strong, m: medium, sh: shoulder, w: weak, vw: very weak.

0 100 200 300 400 500 600 700 800

0

20

40

60

80

100

120

In
te

n
si

ty
(a

.u
.)

1

2

3

Raman shift (cm−1)

50 60 70 80 90 100
0

20

40

60

80

100
3

2

1

In
te

n
si

ty
(a

.u
.)

∗

∗

∗

(cm−1)

Figure 5: Raman spectra of Li free Fe2O3(1), Fe2O3 with 1%(2), and Fe2O3with 10% of Li (3). Inset shows low-frequency region of the same
spectra pointing out low frequency modes revealing nanosizes.

SEM photographs of α-Fe2O3 and of the same material
with added Li ions are shown on Figure 6. It is clearly
visible on lower magnification that sample (a) shows much
more homogeneous surface than the samples (c) and (e).
The crystallinity is changed and films (c) and (e) became
partly and completely amorphous, respectively. The surface
of sample (e) shows good homogeneity and on higher

magnification some nanoagglomerated grains are visible.
Figures 6(b), 6(d), and 6(f) present SEM photographs of
the same films after 8 months, demonstrating no significant
difference upon earlier results.

On higher magnification in Figure 7, it is shown that film
Fe2O3 is formed from nanograins in the radius,R, range from
75 nm to 240 nm. The maximum for grain size distribution
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1 μm

(e)
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Figure 6: SEM photographs Li free Fe2O3 (a), Fe2O3with 1% (c) and Fe2O3with 10% of Li (e), and the same films after 8 months (b), (d),
and (f), respectively.

is at R = 120 nm as fitted to Lorentian shape. It is confirmed
that the grains are crystalline as shown on XRD spectra
shown on Figure 8. The tensions in the crystalline structure
are seen as cracks in Figure 7.

The results of the XRD measurements of the samples
prepared as films on the glass substrate are presented on
Figure 8. The prepared film on Figure 8(a) showed the
characteristic diffractogram of hematite structure (reference
code 01-079-1741, mineral name: Hematite, synthetic, ICSD
name: Iron Oxide).

We have calculated grain sizes in Fe2O3 by using Debye-
Scherrer formula:

D = 0.9 · λ
β cos θ

, (6)

where D is diameter of grain, λ is the wavelength of the X-
ray beam, β is the width at the half height of the particular

line in radians, and cos θ is the position of the peak in 2θ
scale. D values were obtained in the range from to 20 nm to
110 nm, which is in agreement with the nanometre range of
grain sizes observed on SEM photograph shown in Figure 7.

At Figure 8(b), only one small intensity peak at 39.295◦

with D = 27 nm is shown. The recordings were with the
same intensity (see y-axes) as in Figure 8(a). Figure 8(c)
is not showing any crystalline lines. Figure 8 clearly shows
amorphization of the sample upon addition of Li+ ions, from
pure crystalline hematite (a), through amorphous phase with
1% Li (b) and to completely amorphous phase with 10% Li
(c).

4. Conclusion

As a conclusion, the present study showed that IS, Raman
spectroscopy, SEM, and XRD could be applied for grain
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Figure 7: SEM photograph Li free Fe2O3 (a), with higher magnifi-
cation of 100.00 K.
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Figure 8: XRD spectra of Fe2O3 (a), Fe2O3 with 1% (b), and Fe2O3

with 10% of Li (c).

size and conductivity determination in nanosized films of
Fe2O3and Fe2O3: Li on glass substrate. The results obtained
with IS, Raman spectroscopy and previously, with TSC anal-
ysis [25], together with XRD and SEM give complementary
data to build a model of the charge transport in these nanos-
tructured films. IS revealed trends in conductivity changes,
while TSC gave insight in deep traps concentration changes
related to the increase of Li percentage in Fe2O3. By the
low-frequency Raman spectroscopy, it was possible to follow
changes of the nanoparticles (which are acustic phonons

coupled to electrons with the nanosize diameter range d <
5 nm), during the structural changes induced by the intro-
duction of Li into the Fe2O3. It was observed that nanopar-
ticles sizes are increasing with addition of Li to the films,
and a little bit decreasing with further increase of Li content.
Also, Raman spectroscopy showed that we were dealing
with nanostructured α-Fe2O3 (hematite) films. Samples also
showed steadiness, during rest period of eight months. XRD
measurements additionally proved that samples are α-Fe2O3,
hematite phase of iron oxide. SEM patterns, as well as Raman
and XRD, showed that the addition of Li+ ions have changed
nanostructure of the samples from the crystalline grains in
the diameter range D > 20 nm to the amorphous phase.

Here we point out the distinction between the two
terms, nanoparticles and nanograins, used in this paper, as
they are describing noncrystalline and crystallnine forms,
respectively. Nanoparticles could be possibly seen as seeds
for the amorphization process during the increase of Li
percentage in our samples.

This particular morphology is suitable for application in
an advanced electrochemical cell concept, which could be
used as charge storage for solar cells.
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The focus of this paper is on the adsorption of unsaturated hydrocarbon molecules on β-SiC (111) surfaces during diamond film
growth. The CHx and C2Hx molecules have been investigated to obtain a specific insight into absorbing diamond processes on the
atomic scale. Structural and electronic properties of CHx and C2Hx adsorption on the Si- and C-terminated surfaces have been
studied by first-principles calculations based on density functional theory (DFT). From the calculated energetics and geometries,
we find that C2Hx adsorption on the Si-terminated surfaces has six possible surface reconstructions. For the C-terminated surface,
there exist eight possible surface reconstructions. Five surface reconstructions, including CH2 adsorption on the Si- and C-
terminated surface, CH–CH2 and CH=CH2 adsorption on the C-terminated surface, and C2H5 adsorption on the Si-terminated
surface, have the largest hydrogen adsorption energies and more stability of surface reconstructions. Calculations demonstrate that
the Si-terminated surface is energetically more favorable for fabricating CVD diamond coatings than the C-terminated surface.

1. Introduction

A variety of chemical vapor deposition (CVD) techniques are
able to deposit diamond films [1–3]. The intrinsic reactivity
of a hetero-substrate under CVD plasma strongly determines
the mechanisms competing with diamond nucleation. These
mechanisms have often detrimental consequences on the
quality of the interface with diamond [4, 5]. The chemical
kinetic model of CVD has been developed to study the
detailed descriptions of both gas-phase and surface processes
occurring in gas-activated deposition of diamond film [2,
3, 6]. Several reaction pathways describing deposition of
diamond initiated by different gaseous species, including
the CH3, C2H2, C [3], and several C2Hx [6] species, have
provided a specific insight into chemical processes. These
techniques are capable of identifying the activation of the
growing surface. In addition, the theoretical model has been
employed to investigate diamond formation by combining
mass, momentum, and energy balance equations for the gas
flow with detailed chemical mechanisms for the gas phase
and surface chemistry [2, 7]. The gas phase composition
profile and surface chemical kinetics for diamond formation
have been solved. However, these types of issues do not well

and enough describe the growth mechanism of diamond film
and the acquiring diamond film of high quality efficiently.
The surface diffusion [1] and quantum-mechanical calcula-
tions and localized kinetic analysis [8] farther highlight an
understanding of the atomic-scale dynamics that lead to the
CVD of diamond formation.

Recently, the CVD diamond coatings on SiC substrates
have been investigated [5, 9, 10]. The formation of carbon
phase and the roughening of the 3C–SiC surface have been
observed [4]. Therefore, adsorption of unsaturated hydro-
carbon molecules on SiC surfaces is of great importance
to investigate the initial-stage growth of diamond film on
SiC substrates. At the same time, the SiC surface and
its reconstructions have attracted much attention both in
experiment [11] and theory [12] due to its fundamental
interest and technological importance in recent years. Pro-
gresses in several theoretical applications, such as ab initio
[13, 14] and empirical molecular dynamic [15, 16], have
provided more specific insight into absorbing processes on
the atomic scale. The surface relaxation and reconstructing
behaviors have been derived from these calculations. The
chemisorption of C2H2 and CH3 molecules onto the silicon
carbide terminated (2×1) surface suggests that optimal C2H2
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chemisorption has been found to occur with the adsorbate
molecule situated above the cave site, while optimal CH3

chemisorption has been observed to present with the CH3

radicals bonding directly to the surface dangling bonds [17].
Structural and electronic properties of acetylene and ethylene
adsorbed on β-SiC (001) surface with dimer site have been
investigated based on density functional theory [18, 19].
However, the mechanism underlying diamond deposition
[1, 6] has suggested that the carbon-carbon bond oriented in
a direction parallel to the dimer site has not always occurred
in the progress of the CVD diamond film growth. Up to now,
the mechanisms of the CVD diamond formation on β-SiC
surfaces have been seldom studied.

This state of the art has motivated the present study. The
purpose of present work is to concentrate on the adsorption
of hydrocarbons on the β-SiC (111) surface. Obviously, the
growth species cannot be limited to only acetylene and
ethylene in the process of CVD diamond film growth. In
this paper, the CHx and C2Hx adsorption on the β-SiC (111)
surface has been studied by first-principles pseudopotential
plane-wave method within the density functional theory
(DFT). The geometry optimization has provided the surface
relaxation and configuration. In addition, all the total
energies of the surface reconstructions have been calculated
to obtain structural properties. Thus, our computational
results could promote the proper understanding on the
growth mechanism of CVD diamond film on the β-SiC (111)
surface.

2. Theoretical Model

Various complex prototypes occurred on the β-SiC (111)
substrate surface are very hard to ascertain [20]. Therefore,
the substrate surface in this work is assumed as the ideal
β-SiC (111) structure in order to reduce the complexity.
Although this study focused on these simple cases, the
atomic-level investigation might be useful for understanding
the real processors in the growth mechanism of CVD
diamond film on the β-SiC (111) surface.

In order to account for per molecular adsorption on
the β-SiC (111) substrate surface, the study is first made
of determining the covalently bonds to CHx and C2Hx

gaseous species. The chemical reaction mechanism described
by the chemical kinetics of diamond deposition [6] showed
the conversion of CHx and C2Hx gaseous species into the
surface species. The models have been designed to be as
many as possible. In this paper, all the structural and
electronic properties of CHx and C2Hx gaseous species
adsorbed on the β-SiC (111) substrate surface have been
studied. Namely, the CHx gaseous species includes the C, CH
CH2, and CH3 molecules; the C2Hx gaseous species includes
the C2, C2H, C2H2, C2H3, C2H4, and C2H5 molecules. The
detailed analysis of making these models is presented in
following parts.

Geometry optimizations, especially the movement of
unsaturated hydrocarbon atoms, have been firstly studied to
contribute to a fundamental understanding of surface recon-
structions by the chemistry of hydrocarbons on the β-SiC
(111) surfaces, which is of crucial technological importance.

Table 1: The surface reactions on the β-SiC (111) surface.

No.Si-terminated surface reactions C-terminated surface reactions

1 Sid(s)+H(g) ↔Sid–H(s) Cd(s)+H(g) ↔Cd–H(s)

2 Sid(s)+C(g) ↔Sid–C(s) Cd(s)+C(g) ↔Cd–C(s)

3 Sid(s)+CH(g) ↔Sid–CH(s) Cd(s)+CH(g) ↔Cd–CH(s)

4 Sid(s)+CH2(g) ↔Sid–CH2(s) Cd(s)+CH2(g) ↔Cd–CH2(s)

5 Sid(s)+CH3(g) ↔Sid–CH3(s) Cd(s)+CH3(g) ↔Cd–CH3(s)

6 Sid(s)+C2(g) ↔Sid–C2(s) Cd(s)+C2(g) ↔Cd–C2(s)

7 Sid(s)+C2H(g) ↔Sid–C2H(s) Cd(s)+C2H(g) ↔Cd–C2H(s)

8 Sid(s)+C2H2(g) ↔Sid–C2H2(s) Cd(s)+C2H2(g) ↔Cd–C2H2(s)

9 Sid(s)+ C2H3(g) ↔Sid–C2H3(s) Cd(s)+C2H3(g) ↔Cd–C2H3(s)

10 Sid(s)+ C2H4(g) ↔Sid–C2H4(s) Cd(s)+C2H4(g) ↔Cd–C2H4(s)

11 Sid(s)+C2H5(g) ↔Sid–C2H5(s) Cd(s)+C2H5(g) ↔Cd–C2H5(s)

Table 2: The nomenclature of the structures of C2Hx adsorption.

Name used
Structure

Si-terminated surface C-terminated surface

Xd–C2H(I) Sid–C–CH Cd–C–CH

Xd–C2H(II) Sid–CH–C Cd–CH–C

Xd–C2H2(I) Sid–C–CH2 Cd–C–CH2

Xd–C2H2(II) Sid–CH2–C Cd–CH2–C

Xd–C2H2(III) Sid–CH–CH Cd–CH–CH

Xd–C2H2(IV) Sid–C=CH2 Cd–C=CH2

Xd–C2H2(V) Sid–CH=CH Cd–CH=CH

Xd–C2H3(I) Sid–C–CH3 Cd–C–CH3

Xd–C2H3(II) Sid–CH–CH2 Cd–CH–CH2

Xd–C2H3(III) Sid–CH2–CH Cd–CH3–CH

Xd–C2H3(IV) Sid–CH=CH2 Cd–CH=CH2

Xd–C2H4(I) Sid–CH–CH3 Cd–CH–CH3

Xd–C2H4(II) Sid–CH2–CH2 Cd–CH2–CH2

Xd–C2H5 Sid–CH2–CH3 Cd–CH2–CH3

The associated energy variation of the species adsorbed
on the surface has terminally provided the structural and
electronic reconstructions. It is well known that the most
stable structure always has the minimum energy among the
structures with atoms of the same element. In order to obtain
the feasible surface reconstructions, the total energies of the
CHx and C2Hx adsorption on the β-SiC (111) surface have
been calculated by DFT method. The two substrate surfaces
[20], Si- and C-terminated surfaces, have been developed to
investigate different SiC surfaces in this work. The associated
chemical reaction model is provided in Table 1.

The surface sites are defined as follows. “Xd” represents
a radical site; “XdR” represents an “R” bonded to “Xd”
radical. “X” denotes Si or C atom; “R” denotes CHn (n =
0, 1, 2, 3) or C2Hm (m = 0, 1, 2, 3, 4, 5). The subscript s
in each chemical reactor represents the surface site, and g
means the vapor gas. In order to distinguish the CHx and
C2Hx adsorption on the Si- or C-terminated surface, the
symbols are employed to represent the associated surface
reconstructions. The nomenclatures are given in Table 2.
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Table 3: The difference in total energy between C adsorption and
the other CHx adsorption on Si- and C-terminated surfaces.

Species Si-terminated surface (eV) C-terminated surface (eV)

CH −17.9042 −17.0661

CH2 −35.4609 −34.5021

CH3 −52.3329 −51.4378

The calculations have been carried out by the DFT
method which implemented in the simulation tool of DMol3

[21–23]. The surface has been modeled as a slab using only
one β-SiC (111) unit cell for simplifying the structures and
concentrating on the effectiveness of the CHx and C2Hx

adsorption on the β-SiC (111) surface. The slab consisted of
two crystal lattices with four layers, and the bottom dangling
bonds layers are saturated by hydrogen atoms. The slab is
separated from the neighboring slab in the (111) direction by
10 Å of vacuum thickness. The Monkhorst-Pack [24] scheme
with 8 × 8 × 2 k-point mesh has been employed for the
Brillouin zone integration and geometry optimization.

3. Results and Discussions

The total energies of the surface reconstructions in this work
refer to the energy of a specific arrangement of atoms based
on the equations of quantum mechanics. The zero of energy
is taken to be the infinite separation of all electrons and
nuclei. Total energy is generally negative, corresponding to a
bound state. In addition, total energy reflects the well-known
fact that the most stable surface reconstruction only has the
minimum total energy.

The total energies of all CHx and C2Hx species adsorbed
on activated sites are shown in Figure 1 (where DB is
dangling bond). The periodic models of Si-terminated
surface behave very similarly to C-terminated surface. The
results indicate that the difference between Si- and C-
terminated surfaces is small in comparison. There are clearly
some significant variations in the calculated reconstruction
energies (and hence in the predicted minimum energy
structures) that must be mentioned (Figure 1(c)). As can
be seen by comparing the values for the various structural
models, the maxima correspond to the C2H2 (II) species, and
the difference is less than 0.1 hartree.

The computational results reveal that the silicon or
carbon atom saturated by hydrogen atoms on the top layer
surface is the most effective in increasing the stabilities of
CHx and C2Hx adsorption on the β-SiC (111) surface by
comparing surface with dangling bond. This is in good
agreement with earlier surface studies [25]. The associated
values suggest that the CH3 radical molecule could form
the most stable surface reconstruction among the CHx

adsorptions on the β-SiC (111) surface, which is consistent
with the results of theoretical calculations [26]. The value of
difference in Table 3 indicates that the hydrogen adsorption
energy of C species adsorbed on the Si-terminated surface
is a more attractive possibility than that of the C adsorption
on the C-terminated surface. The difference in total energy
between them has reached as high as 0.838 eV per (1×1) unit
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Figure 1: Total energies of CHx and C2Hx adsorption on the β-
SiC (111) surface. (a) Total energies of CHx and C2Hx adsorption
on the Si-terminated surface, (b) total energies of CHx and C2Hx

adsorption on the C-terminated surface, and (c) the difference in
total energies of CHx and C2Hx adsorption between Si- and C-
terminated surfaces.

cell. At the same time, the CH2 species has greater relevant
step towards the formation of adsorbing the hydrogen
by comparison with the CH species. The corresponding
difference is 0.500 and 0.682 eV, respectively. These results
agree with the previous theoretical studies very closely [27].
The calculated values of total energies suggest that the Si-
terminated surface is easier to adsorb the CHx molecules
than the C-terminated surface.
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Table 4: The difference in total energy between C2 adsorption and
the other C2Hx adsorption on Si- and C-terminated surfaces.

Species Si-terminated surface (eV) C-terminated surface (eV)

C2H (I) −29.8228 −28.0097

C2H (II) −26.6949 −28.0061

C2H2(I) −44.2762 −43.7435

C2H2 (II) −41.2048 −43.7434

C2H2 (III) −43.3547 −42.253

C2H2 (IV) −44.2761 −43.7485

C2H2 (V) −44.974 −42.6138

C2H3 (I) −60.3894 −59.1696

C2H3 (II) −61.1584 −60.5944

C2H3 (III) −58.3127 −60.5957

C2H3 (IV) −61.158 −60.5945

C2H4 (I) −76.5272 −76.6586

C2H4 (II) −75.967 −76.6585

C2H5 −93.4121 −93.2752

However, the C2Hx species is complex as various pro-
totypes can exist under certain conditions, including C–C
and C=C bond. In this paper, all of the C2Hx allotropes are
studied in theory by DFT method to obtain the structural
properties (see Table 4). Our results reveal that the C2H (I)
adsorption on the Si-terminated surface is slightly favored
with respect to the C-terminated surface. Interestingly,
total energies of C2H (I) and C2H (II) species adsorbed
on C-terminated surface remain slightly the same, which
indicates that the relative position of the intramolecular
hydrogen bond has small influences on the stability of the
surface reconstruction. The calculated results based on the
analysis of total energies suggest that these two surface
reconstructions will occur at the same time during the
CVD diamond formation. Figure 2(a) shows the optimized
structure model for C2H (II) adsorption, where the adsorbed
molecule has a C–H bond length of 2.27 Å. As far as the
energetics and the geometries are concerned, we confirm
that the C2H (II) adsorption on C-terminated surface cannot
present in the process of CVD diamond film growth.

Five allotropes of C2H2 species are investigated in this
paper. As can be seen the C2H2 (I) adsorption holds the most
stability of surface reconstruction among the five allotropes.
By comparison of the total energies of C2H2 (I) and C2H2

(II) adsorption, it is no surprise to find that these two
surface reconstructions have the same probability occurring
during diamond formation, while the C–H bond length
of 2.10 Å indicates that the C2H2 (II) adsorption does not
occur in practical CVD diamond coating (see Figure 2(b)).
Interestingly, the geometry optimization shows that the
C2H2(II) adsorption can terminally migrate to C2H2 (I)
adsorption. Consequently, C2H2 (I) species is energetically
more favorable for fabricating CVD diamond coatings than
C2H2(II) species. Due to the large total energy, the C2H2(II)
adsorption is hard to form the surface reconstruction in situ.

Si C H

(a) (b) (c)

Figure 2: The optimizing geometry of C2Hx adsorption on the
C-terminated surface: (a) the CH–C adsorption, (b) the CH2–C
adsorption, and (c) the CH2–CH adsorption.

For C2H2(IV) and C2H2(V) species with a C=C bond, the
C2H2(IV) adsorption on the C-terminated surface is slightly
favored with respect to C2H2(V) adsorption. Conversely, the
C2H2(V) adsorption on the Si-terminated surface is found to
be the most effective in the stability of surface reconstruction.
In addition, from the calculated adsorption energies, the
species with a C=C bond are energetically more favorable for
fabricating CVD diamond coatings than those with a C–C
bond. This conclusion is evident by looking at the result of
kinetic Monte Carlo (KMC) simulations [1].

Similarly, the C2H3 adsorption on the β-SiC (111) sur-
face has four surface reconstructions. For the Si-terminated
surface, the calculated results reveal that the C2H3 (II)
and C2H3 (IV) adsorption has the most favorable stability
of surface reconstructions. It is worth noting that more
hydrogen atoms saturating the top layer species, such as C–
CH3 adsorption, will result in more stability of the surface
reconstructions. Additionally, the simulations also find very
similar values for Sid–CH–CH2 and Sid–CH=CH2 surface
reconstructions. This is consistent with the adsorbing activity
of Sid–C–CH2 and Sid–C=CH2 surface reconstructions,
while this state differs significantly for both Sid–CH–CH sur-
face reconstruction and Sid–CH=CH surface reconstruction.
Obviously, the carbon-carbon single or double bonds do
not play a valid role in determining the stability of surface
reconstructions. For the C-terminated surface, C2H3 (III)
adsorption holds the most stability of surface reconstruction.
From the calculated geometry, the length of C–H bond
is 2.08 Å (see Figure 2(c)), which suggests that C2H3 (III)
adsorption does not exit during CVD diamond formation.
Therefore, C2H3 (II) species and C2H3 (IV) species are
considered as the most stability of surface reconstruction
among the C2H3 adsorption on the C-terminated surface.
Thus, the C2H3 (II) and C2H3 (IV) adsorption can present
at the same time during the diamond film growth.
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For the C2H4 adsorption, two surface reconstructions
are investigated. The calculated results find that C2H4 (I)
adsorption on the Si-terminated surface has more stability
than that of the C2H4 (II), while the C2H4 (I) adsorption
on the C-terminated surface has the same probability with
respect to C2H4 (II) adsorption. C2H5 adsorption on the β-
SiC (111) surface has only one surface reconstruction, where
both two carbon atoms are saturated by hydrogen atoms.

Therefore, from the energetics and the geometry, we find
that the position of hydrogen atoms on the C2Hx species
is the most effective among the stabilities of surface recon-
structions. For the C-terminated surface, the surface recon-
struction with the saturated carbon atoms on the top layer
species is slightly favorable stability with respect to those with
dangling bond. However, for the Si-terminated surface, the
saturated carbon atom on the sublayer species is useful for
the stability of surface reconstructions. Meanwhile, C–CH
adsorption on Si- or C-terminated surface has more stability
than the C–C adsorption with fully dangling bond. In
addition, C2H5 adsorption on the C-terminated surface can
be formed concurrently at different surface locations through
many instances of reactions, such as adsorbing one hydrogen
atoms on C2H4 species. The calculated values indicate that
the C2H4 species has larger hydrogen adsorption energy than
the others. Therefore, C2H5 adsorption has the most favor-
able stability of surface reconstruction. For the Si-terminated
surface, the CH–CH2 and CH=CH2 species hold the highest
hydrogen adsorption energy, which make these two species
more stable. Interestingly, the Si- and C-terminated surfaces
do not present the similar properties of adsorbing the CHx

and C2Hx molecules. The calculated results demonstrate
that the Si-terminated surface is much easier to deposit the
diamond film than the C-terminated surface.

4. Conclusions

In this paper, the CHx and C2Hx adsorption on the β-SiC
(111) surface has been investigated to highlight specific
insight into the initial-stage growth of diamond film on SiC
substrates. The geometry optimization and energies of all
the surface reconstructions have been calculated by the DFT
method. The calculation of the energetics and the geometry
shows that C2Hx adsorption on the Si-terminated surfaces
has six possible surface reconstructions, including C–CH,
CH=CH, CH–CH2, CH=CH2, CH–CH3, and CH2–CH3

species. The CH–CH2 and CH=CH2 species hold the largest
hydrogen adsorption energy. For the C-terminated surface,
there exist eight possible surface reconstructions which
include C–CH, C–CH2, C=CH2, CH–CH2, CH=CH2,
CH–CH3, CH2–CH2, and CH2–CH3 species. The hydrogen
adsorption energies indicate that C2H5 adsorption has the
most stability of surface reconstruction. Meanwhile, the
CH2 adsorption on the Si- or C-terminated surface also
has the largest hydrogen adsorption energy. Calculations
also indicate that position of hydrogen atoms on the C2Hx

species is related to the stabilities of surface reconstructions.
The calculated results demonstrate that the Si-terminated
surface is energetically more favorable for fabricating CVD
diamond coatings than the C-terminated surface.
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The elastic properties and the vibration characterization are important for the stability of materials and devices, especially
for nanomaterials with potential and broad application. Nanomaterials show different properties from the corresponding bulk
materials; the valid theoretical model about the size effect of the elastic modulus and the vibration frequency is significant to
guide the application of nanomaterials. In this paper, a unified analytical model about the size-dependent elastic modulus and
vibration frequency of nanocrystalline metals, ceramics and semiconductors is established based on the inherent lattice strain and
the binding energy change of nanocrystals compared with the bulk crystals, and the intrinsic correlation between the elasticity and
the vibration properties is discussed. The theoretical predictions for Cu, Ag, Si thin films, nanoparticles, and TiO2 nanoparticles
agree with the experimental results, the computational simulations, and the other theoretical models.

1. Introduction

Nanomaterials, including nanoparticles, nanowires, nan-
otubes, and nanoscale thin films, have been found to
show different physical, chemical, and mechanical properties
from the corresponding bulk materials [1–16], such as the
phonon frequency blue shift of nano-semiconductors and
nanometals [2–7], the elastic modulus increase of thin films
and nanoparticles [8–14], the melting temperature, and the
thermal conductivity decrease of nanocrystals [15, 16]; these
peculiar properties bring potential and broad application
in microelectronics, optics, sensor, and so forth. While the
elasticity and the vibration characterization of nanomaterials
directly determines the stability and the reliability of the
devices; therefore, to understand the size effect of elasticity
and vibration properties and their theoretical mechanism
is important. The theoretical explanations for the size
effect of the elastic modulus are related with the surface
effect by introducing the surface energy contribution in
the continuum mechanics [11] or by the computational
simulations reflecting the surface stress [8, 9] or surface
relaxation influence [13, 17]. The size effect of the phonon
frequency is attributed to the phonon confinement [3], the
surface pressure [18], or the interfacial vibration effects [19],

and so forth, Although various theoretical interpretations
were, respectively, proposed for the elastic modulus and
the phonon frequency change of nanomaterials [2–6, 8–
11, 13, 14, 17–19], a unified theory about the size-dependent
elastic modulus and phonon frequency, with all parameters
having clear physical meaning, is lacking, which is helpful
to understand the physical mechanism and the inherent
correlation of the elasticity and the vibration properties, and
helpful to guide the application of nanomaterials.

It is known that the Young’s modulus Y and the phonon
vibration frequency ν are both related with the force constant
k [20, 21]

Y = k

h
, v = CK1/2, (1)

where h is the atomic distance in equilibrium or the bond
length, and C is a constant. The force constant k =
d2u(r)/dr2

(r=h), where u(r) denotes the interatomic potential,
which is a function of the atomic distance r; therefore,
the Young’s modulus and the vibration frequency are both
inherently related with the atomic interaction energy and
the atomic distance. Recently, an analytic thermodynamic
equation for the surface stress and the size-dependent lattice
strain of nanocrystals has been established [22]. In terms
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of this equation, the bond length change of nanocrystals
compared with the bulk crystals can be determined. Thus, it
is also possible to develop an analytic thermodynamic equa-
tion for the size-dependent elastic modulus and vibration
frequency combining with the consideration of the binding
energy change, which will be useful for the estimation
of elasticity and the vibration properties of nanomaterials
and for understanding the effect of the thermodynamic
parameters on the elasticity and the vibration properties.

In this paper, a quantitative unified model without
any free parameter for the size-dependent elastic modulus
and vibration frequency of single crystal thin films and
nanocrystals with grain boundaries is established based
on the size-dependent bond length and bond energy. The
predictions of the model for the enhancement of the elastic
modulus and the vibration frequency of Cu, Ag, Si thin
films, nanoparticles, and TiO2 nanoparticles agree with the
results of the molecular dynamics (MD) simulations, the
continuum mechanics calculations, and the experimental
measurements of different authors.

2. Model

According to the theory of the solid state physics, the
interatomic potential of an ideal crystal can be expressed as
u(r) = [pq/(p−q)]e[(h/r)p/p−(h/r)q/q], where e is the atomic
binding energy or the bond energy, and the coefficients p and
q depend on the shapes of the potential curves (when p = 12
and q = 6, the potential is the Lennard-Jones (L-J) potential)
[33]. Therefore, k = d 2u(r)/dr 2

(r =h) = pqe/h 2 and combining
with (1),

Y = C′e
h3

, v = C′′e1/2

h
, (2)

where C′ = pq and C′′= C(pq)1/2 are constants for a crystal,
that is, the elastic modulus and the phonon vibration
frequency are both dependent on the bond length h and the
bond energy e of the crystal. Note that for metals, ceramics
and semiconductors, the EAM (embedded-atom method)
potential, the Morse potential, and the Tersoff potential are
more appropriate, respectively, but the intrinsic relations
among the force constant, the elastic modulus, the frequency,
the bond energy, and the bond length are the same as those in
the simple L-J potential as shown in (2). Let Y(D) and v(D)
denote the size-dependent Young’s modulus and vibration
frequency of nanomaterials, whereD is the thickness of single
crystal thin films or the diameter of nanoparticles or the
grains, assuming that (2) is still applicable to nanomaterials,
Y(D) = C′e(D)/h(D)3, v(D) = C′′e(D)1/2/h(D), where e(D)
and h(D) are the corresponding size-dependent average
bond energy and bond length of nanomaterials, respectively.
Then the ratio Y(D)/Y and v(D)/v can be written as

Y(D)
Y

=
[

h

h(D)

]3[e(D)
e

]
,

v(D)
v

=
[

h

h(D)

][
e(D)
e

]1/2

.

(3)

In (3), the size-dependent bond length h/h(D) is related
with the inherent lattice strain ε = [h(D)−h]/h of nanocrys-
tals. According to the Laplace-Young equation [34], the

hydrostatic pressure acting on a small solid sphere particle
immersed in the liquid P = 4σ/D, with the isotropic
surface stress σ and the diameter D, will induce an elastic
strain ε in the particle. Under the small strain, ε = �D/D
= �A/(2A) = �V/(3V) with the area A and the volume
V of the particle. Combining with the definition of the
compressibility κ = − � V/(VP), P = −3Bε, where B = 1/κ
is the bulk modulus; therefore, ε = −4κσ/(3D). According
to the thermodynamic definition of the surface stress [22],
σ = ∂G/∂A = ∂(γA)/∂A = γ + A∂γ/∂A ≈ γ + A � γ/ΔA,
where G is the surface/interface excess Gibbs free energy,
γ is the surface/interface energy, � A/A = −8κσ/(3D),
� γ = γ − γb with the bulk surface/interface energy γb,
thus, γ = γb − (σ − γ)8κσ/(3D). Considering the size
dependence of the surface/interface energy, γ = γb(1−D0/D),
where D0 is a minimum critical size, and D0 = 2h, 3h
for thin films and particles, respectively [22]. Therefore,
the intrinsic surface stress σ = ±[(3γbD0)/(8κ)]1/2, where
the positive sign denotes the tension stress, the negative
denotes the compression stress, γb = 2hSvHm/(3VcR) is
the bulk solid-liquid interface energy [23], Sv denotes the
vibrational part of the melting entropy Sm, Hm is the melting
enthalpy, Vc is the molar volume of crystals, and R is
the ideal gas constant. Thus, ε = ±(2/3D)

√
κD0hSvHm/(VcR)

for free-standing single crystal particles and thin films,
similarly, ε = −2κσ/(3D) = ±(1/3D)

√
κD0hSvHm/(VcR) for

nanocrystalline materials with grain boundaries considering
the smaller strain of solid-solid interfaces [23]. Therefore,

h

h(D)
= 1

1± ( f /3D)√κD0hSvHm/(VcR)
, (4)

where f = 1, 2 for nanocrystals with grain boundaries and
single crystal thin films, respectively, the negative denotes
the lattice contraction, and the positive denotes the lattice
expansion. Note that κ in (4) is assumed to be size-
independent as the first-order approximation, which does
not lead to a big error on the Y(D)/Y value in (3) since
ε 1 [22]. According to (4), the D-dependent average bond
length of nanocrystals can be obtained by some available
thermodynamic parameters such as the vibration entropy
and the melting enthalpy.

The size dependence of the average bond energy is
related with the size effects of the cohesive energy of
crystals and the coordination number of atoms. Let the
coordination number of an atom in the bulk crystals be Z,
and the corresponding cohesive energy of one molar single
crystal E = (ZN0)e/2 for the bulk materials, where N0 is
Avogadro constant, that is, e = 2E/(Z N0). For thin films and
nanoparticles, the size-dependent cohesive energy E(D) =
[(Z−m)y+Z(1−y)] N0e(D)/2 considering the larger surface-
volume-ratio and the surfacial breaking bond effect, where
y = D0/D represents the ratio of the surface atoms number
to the volume atoms number, and m denotes the decrease
of the surfacial atomic coordination number compared with
Z, that is, e(D) = 2E(D)/[(Z−my) N0]. Therefore, e(D)/e =
[E(D)/E]/[1−ym/Z]. Approximately, E−E(D) = γ0A, where
γ0 is the surface or solid-solid interface energy for free-
standing thin films, or nanocrystals with grain boundaries,
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Figure 1: Size-dependent elastic modulus and vibration frequency
of Cu thin films and nanocrystals. In (6), Sv ≈ Sm = Hm/Tm =
9.613 Jmol−1 K−1for metals [23], Tm is the melting temperature.
m = 3, 4, respectively, for (111) and (100) faces corresponding
to the computational simulation [8] and continuum mechanics
calculation [11] of thin films. For nanocrystalline Cu, the solid-solid
interface energy γ0 ≈ 2γb = 4hSvHm/(3VcR) = 0.724 Jm−2 [23],
for Cu thin films, γ0 is the surface energy. Other related parameters
are in Table 1.

and A is the surface/interface area, A = (2/D)Vc for thin films
and A = (3/D)Vc for nanocrystals with grain boundaries.
Thus, we have

e(D)
e

= 1− γ0A/E

1− (D0/D)(m/Z)
. (5)

According to (5), the D-dependent average bond energy
of nanocrystals can be obtained by the available thermo-
dynamic parameters such as the cohesive energy and the
surface/interface energy. Finally, substituting (4) and (5)
into (3), the size-dependent elastic modulus and vibration
frequency can be determined as follows:

Y(D)
Y

=
[

1
1± f /3D

√
κD0hSvHm/(VcR)

]3
1− γ0A/E

1−(D0/D)(m/Z)
,

v(D)
v

=
[
Y(D)
Y

]1/3[ 1− γ0A/E

1− (D0/D)(m/Z)

]3/2

.

(6)

3. Results and Discussion

Figure 1 shows the thickness-dependent Young’ modulus
and biaxial modulus of Cu thin films and the diameter-
dependent vibration frequency of Cu nanoparticles. Figure 2
shows the grain diameter-dependent bulk modulus and
vibration frequency of TiO2 nanocrystals. Figure 3 shows the
thickness-dependent biaxial modulus of Ag thin films and
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Figure 2: Size-dependent elastic modulus and vibration frequency
of TiO2 nanocrystals. In (6), h = a/

√
2 with the lattice constant

a = 0.458 nm [24]. Sv ≈ 0.4Sm = 0.4Hm/Tm = 12.576 Jmol−1 K−1

for semiconductors [25]. Vc = M/ρ with the molar mass M =
79.88 g mol−1and the density ρ = 3.84 g cm−3 [24], m = 7, γ0 ≈
2γb. Other parameters are in Table 1.

the diameter-dependent vibration frequency of Ag nanopar-
ticles. Figure 4 shows the thickness-dependent Young’ mod-
ulus of Si thin films and the diameter-dependent vibration
frequency of Si nanocrystals. The lines are our theoretical
predictions based on (6) and some available thermodynamic
parameters [24–32]; the symbols are the results of the
MD simulations [8, 9], the continuum mechanics and the
semicontinuum model calculations [11, 13], the phonon
dispersion calculation [5], and the experimental measure-
ments [2–4, 7, 12–14]. The agreement between our model’s
predictions and the experimental results, and the simulations
and the calculations of other groups can be found from
the figures. It can be seen that the elastic modulus of
nanomaterials in the size range of 1–50 nm increases about
1%–50%, and the frequency of nanomaterials in the size
range of 1–70 nm increases about 1%–30%; especially the
size effects of the modulus and the frequency are obvious
and should be considered in the size of smaller than about
20 nm and 10 nm, respectively, due to the larger change of
the bond length and the bond energy in the smaller scale.
The enhancement of the frequency is smaller than that of
the elastic modulus for the same nanosystems, which is
reasonable since Y(D)/Y = [v (D)/ v]2[h/h(D)] based on
(3) and the background of the lattice contraction, that is,
h/h(D) > 1 (The negative is taken in (6)). The lattice
constants of TiO2 nanoparticles [35] and some metallic
nanocrystals [22] have been observed to decrease compared
with the corresponding bulk crystals. The above relation is
also in agreement with the general knowledge of Y ∝ v2,
which implies that the elasticity change is originated from
the lattice vibration change of nanocrystals.
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Table 1: The related parameters in (4)–(6).

h (nm) Hm (K Jmol−1) Tm (K) B (GPa) Vc (cm3 mol−1) γ0 (Jm−2) E (KJ mol−1) Z

Cu 0.2556 [26] 13.05 [27] 1357.6 [27] 137.8 [28] 7.1 [27] 1.952 [29] 336 [30] 12

TiO2 0.3239 66.88 [24] 2128 [24] 220 [31] 20.802 2.1 672.4 [24] 14

Ag 0.2194 [26] 11.3 [27] 1234 [27] 103.6 [28] 10.3 [27] 1.2 [29] 284 [30] 12

Si 0.3368 [26] 50.55 [27] 1685 [27] 235.4 [28] 12.1 [27] 1.568 [32] 446 [30] 16
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Figure 3: Size-dependent elastic modulus and vibration frequency
of Ag thin film and nanocrystals. In (6), Sv ≈ Hm/Tm =
9.157 Jmol−1K−1, m = 4. For nanocrystalline Ag, γ0 ≈ 2γb =
0.4 Jm−2, for Ag thin films, γ0 is the surface energy. Other related
parameters are in Table 1.

According to (3), when the average bond length con-
tracts and the bond energy increases with reducing size
of nanocrystals, the elastic modulus and the vibration
frequency enhance. The model indicates that the mod-
ulus enhancement and the phonon frequency blue shift
originate from several contributions: one is the intrinsic
surface tension stress and the average lattice contraction of
nanocrystals determined by (4), which causes the change
of the lattice vibration and the elastic properties compared
with the corresponding bulk counterparts; at the same time,
the average atomic binding strengthening, resulted from the
intrinsic small size effect (the cohesive energy change) and
the surface breaking bonds and the large surface ratio based
on (5), contributes to the elastic and vibration behavior
change. In fact, the physics of our model in some degree
conforms to the theory of the surface bond contraction and
the bond strengthening [21, 36]. On the other hand, our
model implies not only the surface effect but also the internal
contribution, for example, the bond length contraction and
the bond energy increase of the interior atoms originated
from the phonon confinement effect have both influence
on the elasticity and the vibration behavior of nanocrystals,
which is nonlinearly dependent on 1/D different from the
previous discussion [37].
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Figure 4: Size-dependent elastic modulus and vibration frequency
of Si thin film and nanocrystals. In (6), Sv = 6.72 Jmol−1 K−1 [25],
m = 6. For nanocrystalline Si, γ0 ≈ 2γb = 1.06 Jm−2, for Si
thin films, γ0 is the surface energy. Other related parameters are in
Table 1.

Note that the model prediction is based on the isotropic
assumption for nanoparticles. When the change trends of the
bond length and the bond energy are different in different
orientations, the elasticity and the vibration behavior will
exhibit diversity. For example, the modulus decrease and
the frequency red shift were observed for some nanosolids
[18, 38], which may be because of the bond length expansion
and the bond energy decrease. According to (3), even if the
bond length expands, as long as the bond energy enhances
enough to compensate for it, or the bond energy decreases
but the bond length contracts enough, the modulus increase
and the frequency blue shift may occur, vice versa. In that
case, the surface stress and the lattice strain state, the surface
atomic coordinate number and the surface/interface energy
will be different.

4. Conclusion

In conclusion, the elastic modulus and the vibration fre-
quency of metal, ceramic, and semiconductor nanocrystals
are dependent on the thickness of thin films and the diameter
of nanoparticles. This size effect is modeled by consid-
ering the size-dependent bond length and bond energy
related with the surface effect and the interior contribution.



Journal of Nanomaterials 5

The model is expressed by some available thermodynamic
parameters, and the predictions for Cu, Ag, Si thin films,
nanoparticles, and TiO2 nanoparticles are in agreement with
the computational simulations, the continuum mechanics
calculations, and the experimental results.
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Tight-binding molecular-dynamics (TBMDs) simulations are performed to study atomic and electronic structures during high-
temperature consolidation processes of nanocrystalline silicon carbide under external pressure. We employ a linear-scaling
method (the Fermi-operator expansion method) with a scalable parallel algorithm for efficient calculations of the long time-
scale phenomena. The results show that microscopic processes of the consolidation depend strongly on initial orientations of
the nanocrystals. It is observed that an orientational rearrangement of the nanocrystals initially misaligned is induced by an
instantaneous shearing force between nanocrystals, whereas the aligned system undergoes densification without shearing. Analysis
on an effective-charge distribution and an average bond-order distribution reveals electronic-structure evolutions during these
processes.

1. Introduction

Nanocrystalline ceramics have been one of the most fascinat-
ing research subjects because of their promising properties
for industrial applications, such as larger fracture toughness,
higher sinterability than conventional ceramics, and super-
plastic behavior at elevated temperatures [1, 2]. Especially,
Silicon-Carbide-based micro/nanostructures have been also
viewed as a building block for new optoelectronic devices
and nuclear-radiation detectors [3, 4]. Polycrystalline SiC has
been known to have limitation of its usefulness due to the
low sinterability [5]. As in other nanocrystalline ceramics,
reduction of the size of SiC powder leads to lower sintering
temperature and higher degree of densification. Ohyanagi et
al. have reported [6] that nanocrystalline SiC (nc-SiC) with-
out additives has an onset temperature of sintering, which is
significantly lower than that of coarse-grained powders. Such
a high sinterability of pure nc-SiC and the better radiation
resistance possessed by highly densified nc-SiC have also
been indicated by classical molecular-dynamics simulations
[7, 8]. Further understanding of consolidation processes
of nc-SiC from an electronic-structure level leads to an
essential improvement in designing and optimizing materials

performance especially in optoelectronic applications. The
density-functional-theory (DFT-) based electronic-structure
calculation is known to have an advantage in its accuracy and
transferability compared with other semiempirical methods
including the tight-binding approach and, thus, has been
widely adopted for various types of materials simulation.
However, due to rather heavy demands for computer
resources in the DFT calculations, high-temperature and/or
long time-scale phenomena such as consolidation processes
of nanocrystals are far beyond being approached by the
method. Semi-empirical tight-binding molecular dynamics
method [9] with highly optimized parallel algorithms is a key
to approaching alternatively to this demand.

In this paper, we report on parallel tight-binding
molecular-dynamics (TBMDs) simulations of consolidation
of nanocrystalline SiC with a diameter ∼2.4 nm. The
Fermi-operator expansion method (FOEM) [10] has been
employed to calculate efficiently the electronic part of the
energy and forces in the TBMD simulations. We have also
implemented a constant-pressure MD algorithm to virtually
simulate the consolidation processes and it has been run on
our parallel PC cluster. Using the parallel TBMD method, we
investigate characteristics in the initial stage of consolidation,
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that is, interparticle interactions just before and after the
initial contact between SiC nanocrystallites, by comparing
two different mutual orientations of the crystallites. Analysis
on an effective ionic charge and a bond-order distribution
is used to characterize evolutions of local electronic states
during the consolidation.

2. Methodology

2.1. Tight-Binding Total Energy Model of Silicon Carbide. In
the tight-binding (TB) model [9], the total energy of a system
consisting of N atoms is defined as

Etot = Ekin + Ebs + Erep, (1)

where Ekin stands for the kinetic energy of ions, Ebs is
the band-structure energy of valence electrons, and Erep

represents the repulsive term that takes into account the core-
core interactions between ions and neglected contributions
in Ebs to the true electronic energy, such as a correction
for double counting of electron-electron interactions. The
repulsive energy is modeled by the sum of short-range 2-
body interaction. The band-structure energy is calculated by
diagonalizing the effective one-electron Hamiltonian matrix.
Each off-diagonal element of the TB Hamiltonian involves
interactions between valence electrons within the two-center
hopping approximation. The electronic contribution to
interatomic forces, that is, derivatives of Ebs with respect
to the atomic coordinates, can be obtained through the
Helmann-Feynman (HF) theorem.

Parameterization of matrix elements in the semi-
empirical TB Hamiltonian is an essential ingredient for
TBMD simulations. For SiC systems, we have chosen
Mercer’s parameterization of the TB Hamiltonian [11],
which is based on an sp3 orthogonal basis. It also includes
environment-dependent contributions to the onsite energies
through intra-atomic terms. These terms give important
contributions to variation of the electron transfer between
Si and C atoms, especially for inhomogeneous systems,
although it does not include explicitly the Coulomb interac-
tion between ions. The original parameterization by Mercer,
however, leads to some discrepancies with experimental data
such as the lattice constant and the interfacial energies.
Minor modifications of the parameters, have therefore, been
made so that magnitudes of these discrepancies are reduced
[12].

2.2. Linear Scaling Parallel Algorithm for TBMD with NPT
Ensemble. In ordinary electronic-structure calculations, the
Schrödinger equation with a one-electron Hamiltonian is
solved through numerical diagonalization of the Hamilto-
nian matrix which requires the computational cost propor-
tional to N3, where N is the rank for valence band in the
matrix. Although the semi-empirical TB method reduces
significantly the cost for constructing the Hamiltonian by the
a priori parameterization of each matrix element as functions
of atomic positions, this N dependence of the CPU time
becomes overwhelming when the simulation deals over one
thousand of atoms and/or for more than thousands of time

steps, which are essential for realistic simulations of nanos-
tructured materials. Several new methods have already been
proposed to resolve this problem [13]. Among them, we have
adopted the Fermi-operator expansion method, proposed
originally by Goedecker and Colombo [10]. This algorithm
is based on a moment expansion of a pseudodensity matrix
(the Fermi operator) of the TB Hamiltonian by Chebyshev
polynomials. Combining an appropriate truncation at a
finite order of the expansion and a truncation in the
multiplication between each element of the matrix at a
physical cut-off distance, the computational complexity in
evaluating the band-structure energy and the HF forces is
reduced to that proportional to N (linear scaling). Moreover,
a second-order approximation in updating the Chebyshev
polynomials is used in order to gain further efficiency. This
technique accelerates the calculations about twice as fast as
those with ordinary recursion algorithm for calculating the
polynomials.

The truncation at the physical distance between atomic
sites can make the data structures localized, hence a scalable
parallelization can easily be achieved in the present algo-
rithm. We employed a spatial domain-decomposition tech-
nique for calculating matrix-matrix multiplication. In this
algorithm, data transmission between neighboring nodes
is performed only for near-boundary atoms and matrix
elements because of the spatially localized nature of the
density matrix. Internode data transmission is performed
using the standard MPI library. We have been developing and
testing the fortran code based on this algorithm on various
computational platforms, including massively (over 1,000
CPU) parallel architectures [13]. Also, this algorithm has
been used successfully for other studies on nanostructured
SiC systems [12, 14]. In the present study, we have performed
the parallel TBMD simulations on our 160 cores parallel PC
cluster.

In the TBMD simulations, we used a velocity-Verlet
algorithm [15], with the time step of 0.2 fs (femtosecond).
Temperature of the system and size/shape of the MD cell were
controlled using the explicit reversible integrator algorithm
[16] so as to realize the system to be an NPT ensemble at
a thermal equilibrium. In the calculation of internal stresses
for NPT dynamics, we employed a symmetric decomposition
method of the TB Hamiltonian [17]. The criterion of
convergence in the HF force calculation by the Chebyshev
expansion was set with 1.0 × 10−2 eV/Å per atom, and the
pseudoelectronic temperature was chosen to be 0.1 eV. These
values gave a reasonable accuracy and numerical stability in
the present simulations at a high temperature (1500 K).

3. Results

3.1. Preparation of SiC Nanocrystals. A spherical nanocrystal
of 3C-SiC was initially prepared by removing atoms within
a spherical region of radius about 12 Å in the prefect crystal.
In addition, some atoms less bonded (i.e., having only one
or two nearest neighbors within a cutoff distance 2.3 Å) on
the surface of the cutout sphere were removed so that the
overall stoichiometry in the nanocrystal was maintained.
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(a) (b)

Figure 1: Initial configurations of the (a) aligned and (b) randomly
oriented SiC nanocrystals. Large (yellow) and small (blue) spheres
represent Si atom and C atom, respectively. Bonds are drawn for
Si-C pairs within the distance less than 2.0 Å.

The nanocrystal, thus, prepared contains 504 Si atoms and
504 C atoms. Four copies of the nanocrystal were then placed
at the positions of face-centered cubic (FCC) cell with a
periodicity 42 Å for three {100} directions, respectively. The
FCC configuration was chosen because we assumed that
before consolidation the system had been well thermalized
so that it could be modeled as an ideal close-packed mutual
positions. In setting the crystallographic orientations of each
nanocrystal, we prepared two sets of the system; one with
four nanocrystals aligned mutually so that all the axes of the
crystallites coincide with those of the cubic periodic cell, and
the other with randomly oriented four nanocrystals. Figure 1
illustrates the initial configuration of the system with (a)
aligned and (b) misaligned nanocrystals. Each shows one
crystallite at center plus three crystallites and their images
appeared due to the periodic-boundary condition in the
simulation cell. The central nanocrystal is thus surrounded
virtually by twelve nanocrystals. As shown in the figure, the
initial cell size (42 Å) was given so that the nanocrystals do
not touch each other and, hence, can be regarded initially as
independent systems.

Subsequently, we ran TBMD simulations with an NVT
ensemble in order to thermalize the systems before applying
an external pressure. Starting at the room temperature,
the system was gradually heated to 1500 K and was then
thermalized for 5000 MD steps (1 ps). During this heat-
ing/thermalization procedure, the centers-of-mass of the
four nanocrystals were kept at the original FCC positions so
that the nanocrystals do not interact with each other. Also,
angular momentum of each nanocrystal was kept zero during
the simulation in order to eliminate artificial rotations of the
crystallites.

3.2. Consolidation Processes: Evolution of Internal Stress. After
the initial thermalization processes were completed, we
switched to constant-pressure MD runs for consolidation
simulation. The applied external pressure is 1 GPa and the
temperature is kept at 1500 K. The external pressure 1 GPa
is chosen so that fluctuation of the internal stresses is
suppressed by the pressure during the densification. Also,
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Figure 2: Time evolutions of system volume and internal stresses in
the consolidation processes of the aligned nanocrystals.
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Figure 3: Same as in Figure 2, but for the case of the initially
misaligned nanocrystals. The circle highlights an instantaneous
shear induction at which nanocrystals pairs begin to touch with
each other.

in the previous reports [6, 7, 14], an onset of sintering
has been found around the 1500–1700 K. Thus, we focus
on monitoring the time evolution at the temperature of
1500 K. Figures 2 and 3 depict evolutions of the system
volume and hydrostatic and shear component of the internal
stress during the MD runs for the aligned (Figure 2) and the
misaligned (Figure 3) systems. Starting from the original cell
size, the system volumes in both cases are decreased linearly
with time. At around 0.5 ps in Figure 2, the hydrostatic
component of the internal stress is shifted from zero to
a negative value in average, indicating the system being
under tension. Since the surface atoms begins to interact
with others on neighboring crystallites at the time step,
this behavior of the internal stress can be attributed to an
attractive force exerted between nanocrystals in the aligned
case. At around 2 ps, the aligned system is changed to be
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under compression and the hydrostatic stress of the system
is then increased to 1 GPa so as to balance with the external
pressure.

On the other hand, figure 3 shows that the hydrostatic
pressure is essentially zero upto about 3 ps in the case of
misaligned nanocrystals. Since the average surface distances
between neighboring crystallites are approximately the same
in both cases of Figures 2 and 3 at around the same elapse
time, this difference indicates that an effective intercluster
interaction depends sensitively on the mutual orientations of
the nanocrystals. At around 3 ps in Figure 3, the hydrostatic
pressure in the system with the misaligned nanocrystals
begins to increase until the stress reaches around the
equilibrium value of 1 GPa. Also, the shear component of
the internal stress in the misaligned case exhibits a pulse-
like increase at around 3.5 ps (highlighted by a circle in
the figure). At this time step, some of the nanocrystal pairs
begin to touch with each other and rotate their mutual
orientations as if they spontaneously optimize their grain-
boundary structure. This observation is discussed again in
the next section.

Sintering is, in general, driven by free-energy reduction,
and the free energy one should consider in an NPT ensemble
is the Gibbs free energy. It is not easy to estimate the absolute
value of the free energy directly from MD simulations,
here we only consider the enthalpy reduction, assuming the
entropy contribution to the energy is relatively small. In the
present NPT-MD simulations, the enthalpy has also been
monitored. In both the aligned and the misaligned cases, it
is found that the decrease of the enthalpy, which is about
10% reduction, after the first contact between nanocrystals
is attributed to the decrease of both the internal energy and
the pressure-volume term (PV), but the main contribution
comes from that of the internal energy. Thus, it implies
that the free-energy change which drives the initial stage
of consolidation of SiC nanocrystals is mainly due to the
surface-energy reduction by the formation of inter-crystallite
bonds. We will see in the next section that this interpretation
is also consistent with the analysis on time evolutions of
effective-charge distributions.

3.3. Consolidation Processes: Effective Ionic Charge and Bond
Order. In order to characterize evolution of local electronic
states during the initial stage of consolidation of SiC
nanocrystals, we perform the electron-population analysis
based on the Mulliken’s scheme [12, 18]. An effective ionic
charge for each atom is then calculated by subtracting the
formal valence (4) of Si and C atom from the calculated
electron population ni at ith atomic site calculated by

ni =
∑

α=s,px,py,pz

∫
Fiα,iα(ε)dε, (2)

where α is the orbital index, and Fiα,iα(ε) represents the diag-
onal matrix element of the Fermi-operator as a function of
the energy level ε, obtained approximately by the Chebyshev
polynomials explained in Chap. 2. In our TB model, these
values for cations and anions in the perfect crystal are±1.83,
respectively.

B

A
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(a)
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Figure 4: Cross-sectional views of atomic positions and an effective
charge at each atomic site in the consolidation process of the initially
misaligned nanocrystals; at (a) 0 ps, (b) 3.5 ps, and (c) 10 ps after
starting densification.

In Figure 4, we plot a time evolution of spatial distri-
bution of the atoms in the misaligned nanocrystals and
their effective charge on a cross section at the (111) plane
of the MD cell. At the initial step, depicted in Figure 4(a),
the effective charge varies from −2 to −1 on anions and
from 1 to 2 on cations, and larger variations can be found
mainly on the surface of each nanocrystal due to the
existence of dangling bonds on the surfaces. After starting
the densification, the system is shrinking and at 3.5 ps
nanocrystal pairs (A-C and B-C pair in Figure 4) touch
with each other forming grain boundaries, as shown in
Figure 4(b). It should be noted that the crystallographic
orientations of the central (C) and the touched (A, and
B) crystallites are changed slightly from the original ones.
This indicates that the shearing force exerted between these
nanocrystals results in a spontaneous adjustment of mutual
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Figure 5: Same as in Figure 4, but for an average bond order at each
atomic site. The color represents values of the bond order scaled
from 0 (blue) to 1 (white).

orientations between them, as discussed in the previous
section. After about 5 ps elapsed, all the nanocrystals begin
to form grain boundaries, as shown in Figure 4(c). At
this stage, the effective-charge distribution becomes more
uniform compared to that in Figures 4(a) and 4(b) due to
a significant reduction of dangling bonds on the interfaces.
Thus the system evolves to the next consolidation stage, that
is, the neck growth via diffusion processes on the interface
[14].

We also characterize the local electronic states, which are
related particularly to covalent bonding, via an average bond
order [18], calculated as

θi = 1

4N (i)
n.n.

N (i)
n.n.∑

j∈n.n.

∑
α

∫
Fiα, jα(ε)dε, (3)

where “n.n.” stands for the nearest neighbor atoms within

2.3 Å around the ith atomic site with N (i)
n.n. being the number

of its n.n. atoms. This quantity is a measure of strength of

covalent bonding in the system, whereas the variation of the
electron population given by (2), which is an energy integral
of the local density of states, represents the electron transfer
between cation and anion.

Figure 5 shows time evolution of the average bond order
during the consolidation. The color indicates the value
of θi scaled between 0 (blue) and 1 (white). Unlike the
inhomogeneity shown in Figure 4, the bond-order distribu-
tion is rather uniform in Figure 5(a) and does not change
much even when the nanocrystal pairs begin to touch with
each other, as in Figure 5(b). It is, however, remarkable in
Figure 5(c) that the bond order decreases rapidly once after
the process is evolved to the stage where the internal stress
balances with the external pressure. This phenomenon may
be indicating a delocalization of electrons at the bonds as an
effect of the compressive stress.

4. Conclusion

Using a linear-scaling parallel algorithm, we have performed
large-scale/long time-scale TBMD simulations with NPT
ensembles for analyses of the initial stage of consolidation
of nanocrystalline SiC with a diameter of 2.4 nm. It is
revealed that an effective intercluster interaction is strongly
dependent on the mutual orientations of nanocrystals at high
temperature. The densification under an external pressure
at 1500 K proceeds without large change of crystallographic
orientation between aligned nanocrystals, whereas initially
misaligned nanocrystals exhibits an instantaneous shearing
motion of the crystallites on the contact of their surfaces
prior to the grain-boundary formation. The time evolution
of local electronic structures in the consolidation process has
been studied by monitoring the effective ionic charge and
the average bond order on each atomic site. It is found that
the inhomogeneity of the charge distribution at the surfaces
of crystallites is observed to be reduced during the consol-
idation due to the bond formations and reconstruction at
the interfaces. The evolution of the bond-order distribution
indicates a tendency of electron delocalization on covalent
bonds due to the high internal stress induced by the external
pressure.
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Kneading time is adjusted to change the dispersibility of nano-CuO in AP/HTPB (Ammonia Perchlorate/Hydroxyl-Terminated
Polybutadiene) composite propellants. Nano-CuO/AP is prepared to serve as the other dispersing method of nano-CuO, named
predispersing procedure. Several kinds of heat releasing, thermal decomposition by DSC, combustion heat in oxygen environment,
and explosion heat in nitrogen environment, are characterized to learn the effect of dispersibility of nano-CuO catalyst on heat
releasing of propellants. With pre-dispersing procedures, thermal decomposition temperature of nano-CuO/AP and its propellant
are about 25◦C and 8.6◦C lower than that of AP simple mixed with nano-CuO and its propellant, respectively. Comparing
propellant with simple mixed nano-CuO kneading 3 hours, combustion heat and explosion heat of propellant with nano-
CuO/AP increase about 1.4% and 1.7%, respectively. However, because of the breaking of nano-CuO/AP structure during kneading
procedure, combustion heat and explosion heat of all the samples are decreased with the increase of kneading time after 3 hours.

1. Introduction

In recent years, there has been an explosion of interest
in the synthesis, structure, properties, and applications of
nanomaterials, mainly because of the fact that materials
confined in one or more dimension can exhibit interesting
properties, such as catalysis. Copper oxide (CuO) has
been reported as a thermal decomposition catalyst of AP
(Ammonia Perchlorate, NH4ClO4) [1]. It naturally becomes
a traditional combustion catalyst of AP/HTPB (Hydroxyl-
Terminated Polybutadiene) composite propellants. As a
result of the development of nanotechnology, researches on
nanocatalysts, including nanometer CuO, are surged up.
However, most researches tend to focus on the catalysis of
the diameter or variety of nanomaterials [2, 3]. Although
some of them emphasized the dispersibility improvement
technologies of nanomaterials, little attention has been paid
to the relationship between dispersibility and catalysis of
nanomaterials.

Heat releasing or energy releasing is one of the most
important properties of thermal decomposition and com-
bustion of propellants. Catalysts always play a key role in
heat releasing procedure of propellant. As one of the most

important factors of nanomaterials, dispersibility plays a key
role in the effect of catalysis of nanomaterials. Because of
little diameter and proportion, nanocatalyst becomes the
most difficult dispersing composition of many combustion
systems. However, the excellent catalysis of nanocatalyst
still attracts many researchers to study [4–6]. As nanocat-
alysts likely perform much higher catalysis efficiency than
microcatalysts, the dispersibility of nanocatalysts is much
important than that of microcatalysts. On the other hand,
the dispersibility of nanocatalysts also affected its catalysis
crucially [7–9]. Therefore, the dispersibility of nanocatalyst
is very important to the heat releasing of propellants.

In this paper, kneading time has been ranged from 1
hour to 5 hours to improve the dispersibility of nano-
CuO combustion catalyst in composite propellant. Pre-
dispersing procedure has been applied to the propellant by
adding nano-CuO/AP composite particles instead of simple
mixture of nano-CuO and AP. Several kinds of heat releasing,
thermal decomposition by DSC, combustion heat in oxygen
environment, and explosion heat in nitrogen environment,
have been tested to check the relationship of heat releasing
with the dispersibility of nano-CuO catalyst in AP/HTPB
composite propellants.
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Table 1: Thermal decomposition temperature of HTPB propellant with nano-CuO particles.

Kneading Time (h) Area 1 (◦C) Area 2 (◦C) Area 3 (◦C) Mean Value (◦C) STD (◦C) RSD (%)

1 h 321.51 337.98 310.07 323.19 14.03 4.34

2 h 319.59 328.42 310.93 319.65 8.75 2.74

3 h 308.55 316.17 303.64 309.45 6.31 2.04

4 h 302.33 300.47 308.18 303.66 4.02 1.32

5 h 298.07 293.87 300.96 297.63 3.57 1.20

2. Experimental Procedures

Nanometer copper oxide (CuO), 40 nm in average diameter,
was used as the combustion catalyst in AP/HTPB composite
solid propellant. Kneading machine was used to disperse
nanocatalyst as well as other compositions of AP/HTPB pro-
pellant. Kneading time ranged from 1 to 5 hours to change
the dispersibility of nano-CuO catalyst in the propellant.

QM-ISP2-CL model planetary ball mill was used to
prepare the nano-CuO/AP composite particles. The pre-
dispersing method was applied to improve the dispersibility
of nano-CuO before adding it into the propellant. First,
nano-CuO was dispersed in ethanol by ultrasonic. Then AP
was mixed with the nano-CuO with the weight ratio of 4 : 1.
The mixture was milled in the planetary ball mill for 30
minutes at 70 rpm. Nano-CuO/AP composite particles were
obtained by drying and grinding the milled mixture. When
the catalyst added in the propellant in the form of nano-
CuO/AP composite, the amount of AP was deducted from
the original proportion.

To test thermal decomposition temperature of AP and
AP/HTPB propellant, DSC studies were performed with the
USA SDTQ-600 differential scanning calorimeter under an
atmosphere of N2 (at a rate of 20 mL/min) and at a heating
rate of 10 k /min. XRY-1C oxidation bomb calorimeter was
applied to test combustion heat (in 3 MPa O2 environment)
and explosion heat (in 3 MPa N2 environment) of AP/HTPB
propellant.

3. Results and Discussions

3.1. DSC Thermal Decomposition of AP. Ammonia Perchlo-
rate (AP) is one of the main compositions of AP/HTPB
composite propellant. The content of AP is up to 70 percent
in the composite propellant. Most catalysts in the composite
propellant act on the composition of AP. Therefore, many
researches study the catalysis of nanocatalyst on AP/HTPB
propellant by testing the thermal decomposition of AP with
nanocatalyst [10, 11]. Figure 1 shows thermal decomposition
curves of AP tested by DSC.

High-decomposition temperatures of AP are decreased
112.83◦C and 137.62◦C by adding with simple mixed nano-
CuO and nano-CuO/AP composite catalysts, respectively.
The nanometer catalysts show excellent catalysis on the ther-
mal decomposition of AP. While the thermal decomposition
temperature of nano-CuO/AP composite is much lower than
that of AP simple mixed with nano-CuO. Better catalysis on
AP of nano-CuO can be attributed to better dispersibility
of nano-CuO catalyst. Simple mixing method is difficult to
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Figure 1: DSC thermal decomposition curves of AP. (a) pure AP;
(b) nano-CuO simple mixed with AP; (c) nano-CuO/AP composite.

get enough dispersibility of nanocatalyst in AP, while the
dispersibility of nano-CuO can be improved at a perfect level
in the form of nano-CuO/AP composite particles.

3.2. DSC Thermal Decomposition of Propellant. Table 1
shows the thermal decomposition temperature data of HTPB
propellant with nano-CuO catalyst. The kneading time
of each sample ranged from 1 hour to 5 hours. Three
representative areas of each sample were chosen to test
its decomposition temperature by DSC. Standard deviation
(STD) and relative standard deviation (RSD) of the test
results of each sample were calculated and listed in Table 1.

Kneading procedures are always employed to improve the
composition dispersity of HTPB propellants as well as nano-
CuO catalyst. Because of little diameter and proportion,
nanocatalyst becomes the most difficult dispersing com-
position of HTPB propellants. Therefore, the dispersity of
nanocatalyst becomes one of the key factors of propellant
properties, including its heat releasing amount and proce-
dures. From Table 1, as the kneading time increase, the mean
values of decomposition temperature of samples decease
smoothly from 323.19◦C to 297.63◦C. HTPB propellants
with higher dispersity of nano-CuO catalyst show lower
decomposition temperature. Meanwhile, the RSD values of
samples decrease from 4.34% to 1.20% with the increase
of kneading time. It means that the increasing of nano-
CuO dispersibility in HTPB propellant not only decreases the
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Table 2: Thermal decomposition temperature of HTPB propellant with nano-CuO/AP composite.

Kneading Time (h) Area I (◦C) Area II (◦C) Area III (◦C) Mean Value (◦C) STD (◦C) RSD (%)

1 h 310.11 327.39 309.17 315.56 10.26 3.25

2 h 308.66 303.32 316.84 309.61 6.81 2.20

3 h 302.81 308.53 301.17 304.17 3.86 1.27

4 h 296.72 293.43 295.03 295.06 1.65 0.56

5 h 293.81 292.29 294.78 293.63 1.26 0.43

Table 3: Combustion heat data of propellant with simple mixed nano-CuO.

Kneading Time (h) Area A (J/g) Area B (J/g) Area C (J/g) Mean Value (J/g) STD (J/g) RSD (%)

1 h 16156 15741 15562 15819 304.6 1.93

2 h 16201 15839 15690 15910 262.8 1.65

3 h 15752 16216 16037 16002 234.0 1.46

4 h 15836 16202 16011 16016 183.1 1.14

5 h 16139 16331 15949 16190 191.2 1.18

decomposition temperature, but also decreases the deviation
of decomposition temperature.

The preparation of nano-CuO/AP composite is a pre-
dispersing method to improve the dispersity of nano-CuO in
HTPB propellant. The amount of AP in the nano-CuO/AP
composite has been deducted before adding it into the
propellant. Table 2 lists the decomposition temperature of
HTPB propellant with nano-CuO/AP composite catalyst.
With the similar tendency of Table 1, the mean value
of decomposition temperature and RSD value in Table 2
decrease dramatically with the increase of kneading time
of HTPB propellant, from 315.56◦C to 293.63◦C and from
3.25% to 0.43%, respectively.

However, when compared with Table 1 at the same
kneading time, taking 3 hours for example, all the RSD values
and mean values of decomposition temperature in Table 2
are much lower. It means that the pre-dispersing method,
the preparation of nano-CuO/AP composite, can effectively
improve the dispersity of nano-CuO catalyst in HTPB
propellant and decrease the decomposition temperature of
HTPB propellant.

Figure 2 shows the DSC curves of AP/HTPB propellant
kneaded 4 hours. Compared with the blank sample, thermal
decomposition peaks of the two other samples with nano-
CuO are combined together as one peak. And the thermal
decomposition temperatures are much lower than the low
decomposition temperature of blank sample. With pre-
dispersing procedures, the thermal decomposition temper-
ature of propellant with nano-CuO/AP is 8.6◦C lower than
that of propellant with simple mixed nano-CuO.

3.3. Combustion Heat Testing. Combustion heat data of
propellant with simple mixed nano-CuO catalyst and with
nano-CuO/AP are contented in Tables 3 and 4, respectively.
Three areas of each propellant sample have been chosen
randomly to test combustion heat in 3 MPa O2 environment.
Every combustion heat data of the three areas is a mean
value of three testing data. Take the data 16,201 J/g of area A
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Figure 2: DSC curves of AP/HTPB propellant kneaded 4 hours.
(a) Blank sample (b) Propellant with nano-CuO (Area 1); (c)
Propellant with nano-CuO/AP (Area III).

kneading 2 hours in Table 3, for example it is the mean value
of three data 15,351 J/g, 16,683 J/g, and 16,569 J/g.

From the combustion data in Tables 3 and 4, as the
kneading time is increasing, the RSD of combustion heat is
decreasing sharply. The mean value of combustion heat in
Table 3 is increased steadily with the kneading time increase.
The RSD of combustion heat in Table 4 is much lower than
that of in Table 3 as a whole. However, after 3 hours knead-
ing, the mean value of combustion heat in Table 4 decreases
with the kneading increase. The strange phenomenon could
be speculated that the composite structure of nano-CuO/AP
in the propellant is broken gradually after 3 h kneading. The
breaking of nano-CuO/AP leads to nano-CuO in the form
of simple mixing in the propellant sample. Therefore, when
kneading time increases to 5 hours, the combustion heat of
propellant in Table 4 decreases to the value of propellant with
simple mixed nano-CuO kneading 2 hours. It means that the
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Table 4: Combustion heat data of propellant with nano-CuO/AP.

Kneading Time (h) Area a (J/g) Area b (J/g) Area c (J/g) Mean Value (J/g) STD (J/g) RSD (%)

1 h 15943 16230 15632 15935 299.2 1.88

2 h 16219 15788 16223 16077 250.2 1.56

3 h 16375 16259 16032 16222 174.5 1.08

4 h 16379 16003 16131 16171 191.2 1.18

5 h 16207 15722 15984 15971 242.8 1.52

Table 5: Explosion heat of propellant with simple mixed nano-CuO.

Kneading Time (h) Area (1) (J/g) Area (2) (J/g) Area (3) (J/g) Mean Value (J/g) STD (J/g) RSD (%)

1 h 5832 6089 6339 6087 253.5 4.16

2 h 6306 6402 6108 6272 149.9 2.39

3 h 6332 6517 6281 6377 123.9 1.94

4 h 6268 6049 6206 6174 110.9 1.80

5 h 6055 6121 6271 6149 110.6 1.80

Table 6: Explosion heat of propellant with nano-CuO/AP composite.

Kneading Time (h) Area (I) (J/g) Area (II) (J/g) Area (III) (J/g) Mean Value (J/g) STD (J/g) RSD (%)

1 h 5954 6336 6272 6187 211.8 3.42

2 h 6047 6371 6229 6216 162.4 2.61

3 h 6419 6491 6539 6483 60.4 0.93

4 h 6238 6281 6375 6298 70.0 1.11

5 h 6229 6245 6363 6279 73.2 1.17

kneading procedure promote the reunion of nano-CuO after
the breaking of nano-CuO/AP composite structure.

3.4. Explosion Heat Study of Propellant. Tables 5 and 6 list the
explosion heat data of propellant with simple mixed nano-
CuO catalyst and with nano-CuO/AP, respectively. With the
same testing procedures of combustion heat, three areas
of each propellant sample have been chosen randomly to
test explosion heat in 3 MPa N2 environment. And each
explosion heat data of the three areas is a mean value of three
testing data.

In Table 5, the explosion heat of propellant with simple
mixed nano-CuO is increased with the increase of kneading
time, while the STD and RSD of explosion heat decreased.
Meanwhile, the decrease ratios of STD and RSD of the explo-
sion heat are very smooth when kneading time of propellant
less than 3 hours. That is to say, after 3 hours kneading,
the dispersibility of nano-CuO catalyst in propellant is
improved to a maximum by kneading method. There is no
use to improve the dispersibility of nanocatalyst by increasing
kneading time for the simple mixed nano-CuO catalyst in
AP/HTPB composite propellant. Other methods should be
employed to improve the dispersibility of nanocatalyst in the
propellant.

The tendency of the data, mean value of explosion
heat, STD, and RSD, in Table 5, is very similar Table 6. The
explosion heat value of these data increase with the kneading
time before 3 hours, and the value decrease with the kneading

time after 3 hours. The value of STD and RSD of explosion
heat decreases with the kneading time less than 3 hours then
increases smoothly. As the tendency of data in Table 6, one
of the reasons should be the gradual breaking of the nano-
CuO/AP composite particles after 3 h kneading, which result
from the too long kneading time. The breaking changes the
dispersity of nano-CuO in the propellant. And it provides
new probabilities for reunion of nano-CuO catalyst particles.

However, as we can see in Table 2, there is no influence
of the breaking of the nano-CuO/AP composite particles on
the thermal decomposition temperature of HTPB propellant.
Far from the situation in Table 6, the decomposition temper-
atures of the propellants, in Table 2, are still decreasing with
the increase of kneading time after 3 hours. One possible
reason for this is that because the decomposition rate, or heat
releasing rate, of thermal decomposition of HTPB propellant
is much slower than that of combustion and explosion;
the effect of the breaking of nano-CuO/AP composite on
combustion and explosion is more obvious than that of
thermal decomposition of HTPB propellant. Therefore, it
seems that there is no or little influence on the thermal
decomposition temperatures of HTPB propellants in Table 2.

Similar with the data of combustion heat testing, the
explosion heat data of propellant with nano-CuO/AP com-
posite in Table 6 is much higher than the data in Table 5
at all the kneading times. With pre-dispersing procedures,
added with nano-CuO/AP composite, propellants exhibit
good performance on explosion heat releasing. And the
RSD values in Table 6 are less than those in Table 5. Less
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RSD value is the stand of less change, or less instability,
of the explosion heat releasing of the propellant sample.
It means that the propellants in Table 6 could be show
higher explosion heat and more steady explosive procedures
than samples in Table 5. It is only because of the pre-
dispersing procedures by adding nano-CuO/AP composite in
the propellants in Table 6.

From the data of Table 1 to Table 6, taking kneading
efficiency and heat releasing into account, the preference
kneading time should be set to 3 hour for AP/HTPB
composite propellant added with nano-CuO, instead of the
traditional kneading time, 2 hours, for micrometer catalyst
of AP/HTPB composite propellant.

4. Conclusions

The dispersibility of nano-CuO has been adjusted by chang-
ing the kneading time of AP/HTPB composite propellant.
Nano-CuO/AP composite has been prepared, as a pre-
dispersing method of nano-CuO, to improve the dispersibil-
ity of nano-CuO in AP as well as AP/HTPB propellant.
With the improvement of the dispersibility of nano-CuO,
increasing kneading time or adding composite, DSC thermal
decomposition temperature of AP and AP/HTPB propellant
decreases markedly. However, the combustion heat and
explosion heat of propellants with nano-CuO/AP, tested in
O2 and N2 environment, increase then decrease on 3 hours
of kneading time. This is partly because of the breaking of
nano-CuO/AP composite structure and leads to the reunion
of nano-CuO particles.
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A real-time observation of the microstructure evolution of irregularly shaped silicon carbide powders during solid state sintering
is realized by using synchrotron radiation computerized topography (SR-CT) technique. The process of sintering neck growth and
material migration during sintering are clearly distinguished from 2D and 3D reconstructed images. The sintering neck size of
the sample is presented for quantitative analysis of the sintering kinetics during solid state sintering. The neck size-time curve is
obtained. Compared with traditional sintering theories, the neck growth exponent (7.87) obtained by SR-CT experiment is larger
than that of the two-sphere model. Such condition is discussed and shown in terms of sintering neck growth, in which the sintering
process slows down when the particle shape is irregular rather than spherical.

1. Introduction

Silicon carbide ceramic was the earliest forms of artificial
abrasives because of its high mechanical strength. Stable
chemical properties, high thermal conductivity, thermal
expansion coefficient, and other fine performance charac-
teristics have allowed silicon carbide to become widely used
in various fields such as coating materials, refractory, and
metallurgy [1–3]. Solid state sintering is the key process
of preparation of silicon carbide ceramics. Researching the
internal microstructure evolution of the sample during the
sintering process is important because the microstructure of
the material plays a decisive role in macroscopic properties
[4–6]. This topic has been extensively investigated since the
1950s [7–9]. Studies on the microstructure improvement
of the ceramic materials are meaningful for increasing
the production process and improving material properties.
However, in the study of solid state sintering, the experi-
mental study of microstructure evolution result has not yet
attained a satisfactory level in comparison to theoretical work
and numerical simulation. This situation may be attributed
to the difficulty of observing the internal microstructure
morphology of the sample during the heating process of the

solid state sintering in real time. Generally, after solid state
sintering, the sample is observed postmortem by scanning
electronic microscopy (SEM). Although SEM can provide
high resolution photos, this experimental method has emi-
nent shortcomings: (1) cutting and polishing of the samples
are bound to damage the original structure; (2) interruption
of sintering process and dropping of temperature bring
unpredictable impact to the microstructure.

Using SR-CT technique, in situ observation of material
under action of outside field (e.g., pressure field, temperature
field, etc.) becomes possible [10, 11]. For the limitation
of experimental skills, only a few scholars have conducted
research on solid state sintering process by this method.
Vagnon et al. did research on stress varying during solid
state sintering process of steel powder compacts by SR-CT
[12]. Through this technology, Olmos et al. researched the
solid state sintering process of a mixture of metallic powder
[13]. Grain evolution of boron carbide powders is observed
and discussed in this paper during sintering using SR-CT
technique [14].

In this paper, the microstructure evolution of silicon car-
bide powder is investigated in situ by SR-CT technique dur-
ing the solid sintering process. Using filter back projection
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arithmetic and digital image processing method, 2D sections
and 3D reconstructions of the internal microstructure of
samples at different sintering times are carried out. The fea-
tures of the typical morphology evolution of solid sintering
are observed. The size of the sintering neck in each cross-
section image is calculated by using watershed algorithm.
Neck size-time curve is obtained and compared with existing
theories. The linear relationship between neck size logarithm
and time logarithm during isothermal sintering is obtained
and shown as the neck size-time double logarithm curve,
as described in traditional sintering theories. Sintering neck
growth exponent is obtained as n = 7.87, which is a little
bigger than the conclusion of two-sphere model, and the
reason is qualitatively analyzed.

2. Experiment

2.1. Technical Principle. SR-CT technique is a nondestructive
testing method by which the specimen passed through by
synchrotron radiation X-ray is placed in a rotation, and the
projection images of the specimens are received by an X-
ray charge-coupled device (CCD). One projection image is
collected each time a specimen turns for an angle. After
obtaining a set of projection data, reconstruction algorithm
is used to obtain the internal microstructure of the sectional
images. The 3D images of the microstructure can be obtained
from a series of sectional images. Reconstruction algorithms
applied in SR-CT technique are mainly filtered by back
projection and iterative algorithms. Taking the limited time
into account, filtered back projection algorithm is employed
in this paper.

2.2. Equipment and Experimental Procedure. Silicon carbide
powder for this experiment is chemically pure (99.9%). The
average diameter is approximately 125 μm. The experiment
was carried out on the 4W1A beam line at the Beijing
Synchrotron Radiation Facility (BSRF), Beijing, China. A
schematic of such SR-CT projection imaging facility is given
in Figure 1. A wide collimated synchrotron radiation X-
ray (up to 14 mm × 10 mm) with energy range from 3
to 24 keV is available. An X-ray with 24 keV selected by
silicon single-crystal monochromatic was used in this test.
The samples were heated in a sintering furnace specifically
designed for SR-CT. This furnace has range of a room
temperature to 1600◦C, an even temperature region of
2 cm3, and the highest heating rate of 300◦C/h. There is a
corundum cylinder connecting with a rotation device in the
furnace. The MRS102 rotation device, with angle resolution
of 0.00125◦ and repeatable positioning accuracy of 0.005◦,
was provided by the Beijing Optical Instrument Factory. The
samples were introduced on top of the corundum cylinder.
The synchrotron radiation X-ray passed through samples
and reached an X-ray CCD detector, which recorded the
intensity message of X-ray. The CCD including a 1300 ×
1030 pixels chip with a unit pixel of 10.9 × 10.9 um2 offered
an 8-bit dynamic range. At different sintering times, the
sample was imaged at different projection angles (in the
range of 0–180◦). Typically, 180 shadow images of the sample
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Figure 1: Schematic diagram of SR-CT projection imaging facility
1. X-ray source 2. Sample 3. Sintering furnace 4. Rotation device
5. Antivibration platform 6. Holes 7. Fluorescent target 8. Optical
9.CCD.
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Figure 2: Heating process and record point.

were acquired. These images were then processed by the
filtered back projection algorithm [15, 16].

Temperature is an important parameter in sintering.
In order to compare with the conclusion of traditional
theory and experiment, an isothermal sintering process
was designed for eliminating the influence of temperature
change.

In this experiment, the sintering temperature reached
1500◦C with the highest heating rate. The temperature
was held at 1500◦C. Temperature-time curve is shown in
Figure 2.

3. Results

A 2D cross-correlation algorithm was used to detect cross-
section images at different sintering times. The reconstructed
images of the same cross-section at different times are shown
in Figure 3. Grayscale range is from 0 to 255; the closer
to 255, the higher the relative density, which means white
represents particles and black represents holes.

Vertical section and 3D reconstructed images can also
be obtained by treating the cross-section images with



Journal of Nanomaterials 3

t = 0 min

Room
temperature

t = 220 min t = 320 min t = 370 min t = 410 min t = 500 min

T = 1500◦C T = 1500◦CT = 1500◦CT = 1500◦CT = 1500◦C

Figure 3: Reconstructed images of the same cross-section of the sample at different sintering periods.
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Figure 4: Sectional view in different directions.

digital image processing method. For quick identification,
a Cartesian coordinate system is considered and shown in
Figure 4. The plane XOY is defined as the initial cross-section
of the reconstructed part of the sample.

By applying 3D reconstruction algorithm, a series of the
cross-section images was assembled to obtain a 3D image
and the sections in any position of the sample, as shown in
Figure 4.

Figure 5 shows the 3D reconstructed images of the
sample. The 3D morphology evolution of the sample by
increasing the sintering time can be clearly observed from
Figure 5.

4. Discussion

Various sintering phenomena could be observed clearly from
the reconstructed images (Figures 3–5), such as the growth of
sintering neck, the interconnected pores becoming isolated
and spherical, the sample becoming dense, and so forth.

At different sintering times, 100 consecutive cross-
sections at the same ordinate (from z = 1 to z = 100)
of the sample were selected. Sintering neck in each section
was extracted. First, the watershed method was applied for
segmentation of the section image (Figure 6(b)). Next, the
connection between the different particles was considered
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Figure 5: Three-dimensional reconstructed images of the sample at different sintering periods.

(a) (b) (c)

(d) (e)

Figure 6: The process of extracting the sintering neck.

as a sintering neck (Figure 6(c)). Sintering necks were
extracted (Figure 6(d)). Finally, different sintering necks
were distinguished by employing texture segmentation and
watershed [17] (Figure 6(e)).

In order to verify the uniformity of the statistical
parameters in spatial location, the distribution of sintering
neck size in each cross-section was summarized, as shown
in Figure 7. Distribution suggests that once the time is
determined, the size of sintering neck would not change with
the spatial location in the direction of z-axis. Therefore, the
neck growth with the average sizes at different moments
during the sintering process (Figure 8) was analyzed.

Neck growth has great influence on shrinkage dur-
ing solid state sintering and plays an important role in
determining the main diffusion mechanism and calculating
the diffusion coefficient of the material [18]. Therefore,

many scholars have researched sintering neck growth under
various mechanisms in theory. Various forms of neck growth
equation have been obtained [19].

The dynamics of stable neck-growth as summarized by
Kucsynski is shown in the formula below:

(
x

a

)n
= F(T)

am
t. (1)

In our observation of the sintering process, grain growth
was not obvious. We believe that when the degree of
densification is low, the grain size changes only slightly. In
other words, the average grain size is a constant. Moreover,
Figure 9 shows that a good linear relationship of ln (x)-
ln (t) is consistent with the conclusions of Kucsynski. The
reciprocal of the slope of the straight line represents the
sintering neck growth exponent n. Thus, according to our
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experimental results, if ln (x)-ln (t) slope of the line fitted by
least squares is 0.127, then n = 7.87. This value is larger than
the result deduced by the two-sphere model (n = 2–7) [20].
In other words, the neck growth rate of irregularly shaped
particles is smaller. Such condition can be attributed to that
the shape of the particle has important influence on sintering
neck growth rate. Takayasu and others pointed out that the
sintering process of polyhedral particles is slower than that of
the spherical particles [21]. The shape of particles determines
the initial contact between particles and the size of dihedral
angle, and all of these are important factors for sintering
neck growth. In addition, compared to spherical particles,
the more complex geometry of particles is, the greater the
specific surface area is. Thus, the distance of surface diffusion
is increased, and the effect of diffusion is reduced. During
our experiments, the powders were irregularly shaped silicon
carbide particles used in common industrial production.
Inevitably, such shape displays disadvantages in neck growth,
explaining why the sintering of spherical particles is bet-
ter than the same process applied in irregularly shaped
particles taking neck growth in consideration. However,
from the view of phenomenology, the law of (x/a)n =
K · t still exists during the sintering of irregular-shaped
particles.

In addition, the value of n was close to 7. According to
exponential criterion, such relationship is presented between
different values of n and main mechanisms, such that n =
5 indicates bulk diffusion taking the most part, n = 6
indicates grain boundary diffusion, and n = 7 indicates
surface diffusion. In our experiment, surface diffusion played
a leading role during sintering. The effect of surface diffu-
sion on sintering nonmetallic powders (MgO, Al2O3) was
quantitatively estimated in 1989 [22], and it was concluded
that the shrinkage between two particles is reduced 4-
5 orders of magnitude for the participation of surface
diffusion. Furthermore, it is pointed out that such a negative
impact is more serious on ceramic powders with covalent
bonds such as Si SiC BN and AlN. In our experiment, the
microstructure of the sample changed dramatically; however,
the densification failed to reach high degrees. Integrating
previous conclusions, the surface diffusion is believed to play
a significant role in this phenomenon.

5. Conclusion

The microstructure evolution of irregular-shaped silicon
carbide powder was observed in situ with the SR-CT
technique during solid state sintering process.

(1) A series of 2D and 3D reconstructed images of
silicon carbide powder during sintering process was
obtained. The microstructure evolution of silicon
carbide powder and many sintering phenomena
during three sintering stages were clearly observed.

(2) Neck growth between irregularly shaped ceramic
powders during sintering process was calculated.
Neck growth exponent was identified as n = 7.87,
and compared with the conclusion of the two-sphere
model.
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(3) By comprehending different sintering mechanisms,
a qualitative analysis of the reason why the neck
growth exponent is bigger than the result of tradi-
tional theory has been conducted, explaining why
the irregular-shaped particles reduce the rate of the
sintering when compared with the spherical ones
taking sintering neck growth into consideration.
Meanwhile, the importance of the original shape
of particles to neck growth has been pointed out
experimentally.
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The powders of spinel Li4Ti5O12 were prepared by heat treating the mixture of rutile TiO2 and Li acetate at 800◦C for 3 h under
a nitrogen atmosphere and, for comparison, under air as well. The powders heated under N2 show a remarkably higher-rate
capability and better cycle stability. The discharge capacity of Li4Ti5O12 heated under N2 at 19◦C (corresponding to a 3.2-minute
total discharge) reached 107 mA h g−1, 22 mA h g−1 higher than that of Li4Ti5O12 heated under air, which was 85 mA h g−1. The
former material also shows a much better cycle stability, with no discharge capacity loss after 300 cycles at 6◦C or 16.3◦C. The
results indicate that heat treatment under low-oxygen partial pressure atmosphere such as N2 could significantly improve the
high-rate performance of spinel Li4Ti5O12.

1. Introduction

There has been increasing interest in developing spinel
lithium titanate (Li4Ti5O12) as a potential anode for appli-
cation in lithium ion rechargeable batteries [1–14] due to
its long cycle life, excellent lithium ion intercalation and
deintercalation reversibility, and “zero-strain” intercalation
characteristics. Spinel Li4Ti5O12 has a main discharge plateau
of about 1.55 V versus lithium, which makes it a very
promising anode material for many lithium ion batteries
using high-voltage materials such as LiCoO2 and LiMnO2 as
their cathodes. However, although spinel Li4Ti5O12 exhibits
no structural change during charge/discharge process, its
electron conductivity is low [15]. This affects its rate
capability and cycle stability, for which the experimental
values are not nearly as good as the theoretical ones. In order
to increase Li4Ti5O12 conductivity, several strategies have
been taken, including incorporating a conducting second
phase such as Ag [16], Cu [17], CuOx [18], or Li2CuTi3O8

[19], doping with alien-valent metal ions such as Ta5+ [20]
or Al3+ [21], and synthesizing nanosized [22, 23] Li4Ti5O12.
Another effective method is heat treating Li4Ti5O12 under a
reduced or low-oxygen partial pressure atmosphere [24].

In this work, the electrochemical characteristics of
Li4Ti5O12 heat treated under N2 atmosphere were studied,
with emphasis on their high-rate properties. X-ray diffrac-
tion (XRD) analysis, scanning electron microscopy (SEM)
observations, and galvanostatic discharge/charge tests were
used to characterize the material.

2. Experimental

Spinel Li4Ti5O12 powders were prepared by using 9 g com-
mercially available rutile TiO2 (AR) and 12 g Li acetate
(AR) [25]. The starting materials were thoroughly mixed in
ethanol solvent and dried at 100◦C for 7 h. The dried and
mixed product was then heated at 800◦C for 3 h under air or
N2 atmosphere, followed by natural cooling in the furnace.

The morphologies of the as-prepared powders were char-
acterized by scanning electron microscopy (SEM) performed
on Hitachi S4500. Powder X-ray diffraction (XRD) was
performed on a Rigaku D/max-RB diffractometer operating
in transmission mode with Cu Ka radiation (λ = 1.5418 Å).
The BET-specific surface area was measured with a Quan-
tachrome NOVA 4000 system, using the N2 absorption-
desorption method at liquid nitrogen temperature.
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Figure 1: X-ray diffraction patterns of Li4Ti5O12 heat treated under
(a) N2 and (b) air.
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Figure 2: SEM images of Li4Ti5O12 heat treated under (a) air and
(b) N2.

To fabricate the cathodes for the battery test cells, the
as-prepared Li4Ti5O12 powders, Super P carbon black, and
polyvinylidene fluoride (PVDF) binder were mixed homo-
geneously in a weight ratio of 80 : 10 : 10 in an N-methyl
pyrrolidinone (NMP) solvent. The electrode films, which
used carbon-covered aluminum foil as the current collector,
were fabricated using the tape-casting method [23]. The
loading of active material was 1-2 mg cm−2. The coin-type
half cell (CR2032 size) contained the as-fabricated electrode

film, a lithium metal counter electrode, a microporous
polyethylene separator, and electrolyte of a 1 M solution of
LiPF6 in ethylene carbonate/dimethyl carbonate (EC/DMC)
(1 : 1 vol %; Merck). The cell was constructed and handled in
an Ar-filled vacuum glove box.

The discharge/charge tests were carried out using a
LAND Celltest 2001 A (Wuhan, China) system between 2.5
and 1 V versus the Li counter electrode. First, the test cell
was discharged for Li+ ions to intercalate into the cathode,
and then the test cell was charged and held at 2.5 V to
fully charge before discharge. The constant current charge
and discharge rates are the same. Cyclic voltammogram was
recorded from 1.0 to 2.5 V at a scan rate of 10 mV s−1, using
IM6e electrochemical workstation (Germany).

3. Results and Discussion

Figure 1 shows the XRD patterns of as-prepared Li4Ti5O12

powders after heat treatment under air or N2 atmosphere at
800◦C for 3 h. The diffraction peaks of both samples can be
indexed as spinel lithium titanate (cubic phase, space group
Fd3m space group), except two small peaks at around 25◦

and 55◦ which probably correspond to remaining unreacted
TiO2. The only difference between the two XRD patterns is
that the diffraction peaks for the sample heated under N2 are
slightly shifted to the lower 2θ values compared to the one
heated under air. This indicates that the lattice parameter of
the former is larger than that of the latter. This is in good
agreement with previous results of Li4Ti5O12 heat treated
under H2/Ar atmosphere [24]. The larger lattice parameter
for Li4Ti5O12 powders heat treated under N2 atmosphere
could be attributed to the reduction of some Ti4+ ions into
Ti3+ when heated under low-oxygen partial pressure atmo-
sphere, as the sizes of Ti3+ ions are larger than those of Ti4+.
The presence of Ti3+ ions could also explain the darker color
of Li4Ti5O12 powders heat treated under N2 atmosphere,
which is light yellow (while the sample heated under air is
white). It is believed that the reduction of some Ti4+ ions into
Ti3+ is ascribed to the increase in electron concentration,
which results from nonstoichiometry of Li4Ti5O12 at low-
oxygen partial pressures.

Ox
o −→

1
2

O2
(
g
)

+ V••
o + 2e′. (1)

This relatively high electron concentration of Li4Ti5O12

treated under reducing or low-oxygen partial pressure atmo-
sphere compared to that of Li4Ti5O12 treated under air has
been noted in previous works [20, 24].

The SEM images of the two samples are shown in
Figure 2. The diameter of the Li4Ti5O12 particle treated
under air (Figure 2(a)) was almost the same as that treated
under N2 atmosphere (Figure 2(b)), in agreement with
BET-specific surface areas of the two samples, which are
3.70 m2 g−1 and 3.78 m2 g−1, respectively.

The charge/discharge properties and rate capabilities of
the test cells containing Li4Ti5O12 heat treated under air or
N2 atmosphere as the electrode material were tested and
analyzed. A comparison of the rate capabilities of the test
cells is shown in Figure 3(a); the data shows that extremely
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Figure 3: Electrochemical properties of Li4Ti5O12 heat treated under air or N2 ambient. (a) Discharge capacity of the two samples under
various rates. (b) Capacity retentions of the two samples when performing full charge/discharge cycles at 6 C. (c) Capacity retentions of
Li4Ti5O12 heat treated under N2 ambient when performing full charge/discharge cycles at 16.3 C.

high rates can be achieved for Li4Ti5O12 heat treated under
N2 atmosphere. It can be seen that at low discharge rates
(<0.5 C), the specific capacities of the two test cells are very
close. As the discharge rate increases, the capacity of the
Li4Ti5O12 heat treated under N2 atmosphere is remarkably
higher than that heated under air. The former could reach a
discharge capacity of 107 mA h g−1 at 19 C (1680 mA g−1 of
current density), 22 mA h g−1 higher than the latter, which
had a discharge capacity of only 85 mA h g−1. At a 85 C
rate (4920 mA g−1 of current density), a capacity of more
than 60 mA h g−1 could still be obtained, and a capacity of
nearly 40 mA h g−1 was achieved at a 212 C (8240 mA g−1 of
current density) rate for the Li4Ti5O12 heat treated under
N2 atmosphere. This result is within expectations because

the Li4Ti5O12 heat treated under N2 atmosphere has an
increased electron concentration. The comparison of the rate
capabilities of the test cells confirms that the heat treatment
under N2 atmosphere for Li4Ti5O12 can largely improve its
rate capability.

The change in discharge capacities with cycle numbers
of the two samples at a 6 C rate (800 mA g−1 of current
density) is shown in Figure 3(b), respectively. It shows that
the cycling performance of the Li4Ti5O12 heat treated under
N2 atmosphere is much better than that heat treated under
air. After charging/discharging at 6 C for 300 cycles, the
former sample still remains 100% in discharge capacity,
showing 135 mA h g−1, while the latter sample capacity
slowly fades as the cycle number increases and quickly drops
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Figure 4: Charge discharge performance (0.1 C) of Li4Ti5O12 heat treated under (a) air and (b) N2.
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Figure 5: Cyclic voltammograms of test cells containing
Li4Ti5O12 heat treated under air or N2 atmosphere as cathode
materials at scan rate of 10 mV s−1.

after 90 cycles. After about 140 cycles, the discharge capacity
retention of the Li4Ti5O12 heat treated under air is only
68%, showing 67 mA h g−1. The high-rate cycling stability for
the Li4Ti5O12 heat treated under N2 atmosphere at 16.3 C
(1650 mA g−1 of current density) is also excellent. As shown
in Figure 3(c), it keeps 100% in discharge capacity after 400
cycles, showing 109 mA h g−1. From these results, it can be
concluded that heat treatment under a reducing atmosphere
such as N2 could not only improve Li4Ti5O12 high-rate
capability significantly, but could also greatly enhance its
cycling stability at high rates.

Figure 4 shows the charge/discharge curves for the
test cells at 0.1 C (7 mA g−1 of current density) and 19 C
(1680 mA g−1 of current density). When comparing the volt-
age profile of Li4Ti5O12 heat treated under N2 atmosphere
with the one of that heat treated under air, it can be seen that
the former sample has more sloping charge/discharge curves.
This indicates that the Li4Ti5O12 heat treated under N2 has
a more evident pseudocapacitive faradaic kinetics, which is
due to its higher electron conductivity. From Figure 4, it can
be observed that when charging and discharging at a rate of
0.1 C, the capacity and plateau voltage of the two cells were
very close: around 150 mA h g−1 and 1.60 V, respectively. At
19 C, the capacity of the Li4Ti5O12 heat treated under air was
much smaller than that of the Li4Ti5O12 heat treated under
N2. At 19 C, both test cells have more sloping voltage profiles
than at 0.1 C, indicating a more evident surface-confined
charge-transfer kinetics (known as the pseudocapacitive
faradaic kinetics) existing along with diffusion-controlled
kinetics as lithium intercalating/deintercalating in Li4Ti5O12.
Due to their higher polarization under higher rates, both
cells charge plateau voltages are higher than those charging
at low rates, and meanwhile the discharge plateau voltages
are lower.

Cyclic voltammogram was recorded, as shown in
Figure 5, from 1.0 to 2.5 V at a scan rate as high as 10 mV s−1.
The two samples both have broad redox peaks under a
high scan rate, which is in good agreement with the sloping
voltage profile during the galvanostatic discharge/charge
cycles at high rates, indicating a concurrence of both pseu-
docapacitive lithium intercalation mechanism and diffusion-
controlled kinetics during the process. The two redox peaks
of the Li4Ti5O12 heat treated under N2 atmosphere appear
at 1.35 V and 1.9 V (versus Li+/Li, depending on the scan
rate), while those of Li4Ti5O12 heat treated under air appear
at 1.15 V and 2.0 V. The results show that under a high
charge/discharge rate, the Li4Ti5O12 heat treated under N2
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atmosphere has relatively low polarization compared to
that heat treated under air, which results from its higher
electron concentration. This lower polarization under high
charge/discharge rates of the Li4Ti5O12 heat treated under N2

atmosphere leads to its better rate capability.

4. Conclusions

The spinel Li4Ti5O12 powders were prepared by heat treating
the mixture of rutile TiO2 and Li acetate under nitrogen
atmosphere, and, for comparison, under air. The two sam-
ples have similar particle size and specific surface area, but
the powders heated under N2 showed better rate capability
and cycle stability in comparison with those heated under
air. The discharge capacity of Li4Ti5O12 heated under air
at 19 C was 85 mA h g−1, while the capacity of Li4Ti5O12

heated under N2 reached 107 mA h g−1. Meanwhile, the cycle
stability of the Li4Ti5O12 heated under N2 was also much
better than that of the sample heated under air, indicating
that heat treatment under reducing or low-oxygen partial
pressure atmosphere such as N2 could greatly improve the
high-rate performance of spinel Li4Ti5O12.
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