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By means of tensile creep tests and microstructure analysis, the creep behavior and deformation mechanism of a nickel-based
single-crystal alloy with small-angle deviations from the [111] orientation at 1040°C/137MPa were investigated. Te results
suggested that in the early stage of creep, proliferating dislocations generated by diferent slip systems get accumulated in the c

phase. Dislocations mainly slipped in the c phase and climbed over the c′ phase, and they began to form a dislocation network at
the interface. c′ phases were connected to each other, and the coherence relationship was destroyed. In the steady-state stage of
creep, the solid interfacial dislocation network was formed, and the c′ phase transformed into a lamellar raft structure, which
hinders the slip and climb of dislocations in the matrix channel. In the accelerated creep stage, the dislocation network was
destroyed, and dislocations sheared into the c′ phase in the way of dislocation pairs, which could react to form a superdislocation
node and decompose to form APBs on the <111> plane or cross slip from the <111> plane to the <100> plane to form K-W locks.

1. Introduction

Nickel-based single-crystal alloys have become the key
material for manufacturing advanced aeroengine blades and
other hot-end parts owing to their excellent high-temper-
ature mechanical properties and creep resistance [1–3]. Te
preferred growth direction of nickel-based single-crystal
alloys is [001], and single-crystal alloys with the [001] ori-
entation have excellent comprehensive performances at high
temperatures [4]. Tus, the axial direction of single-crystal
blades in industrial production is the [001] orientation. By
ensuring that the [001] orientation of the minimum elastic
modulus is consistent with the direction of the maximum
load, the thermal cycling stress is reduced. However, in
practice, single crystals with a preferred orientation deviate
signifcantly from the loading direction, and a nonpreferred

growth orientation is often obtained. In addition, blade parts
themselves have complex geometric structures, such as in-
tricate cooling channels, which cause the direction of cen-
trifugal force actually borne by blade parts during operation
to deviate from the [001] orientation, sometimes by very
large amounts. Terefore, the problem of anisotropy should
be fully considered when designing and manufacturing
single-crystal blades.

Te inherent crystallographic properties of nickel-based
single-crystal alloys determine the anisotropy of their me-
chanical properties. Te deviation between the load direc-
tion and crystal orientation is an important factor afecting
the service life, and the main failure mode of nickel-based
single-crystal alloys under high-temperature service con-
ditions is creep damage. Terefore, the anisotropy of the
creep behavior of nickel-based single-crystal alloys and the
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creep mechanism of small-angle-deviated [001]-oriented
alloys have been widely focused and studied by material
researchers. When Mackay and Maier [5] studied the creep
anisotropy of the Mar-M247 single-crystal superalloy with
an [001] orientation deviation of less than 25° at 774°C/
724MPa, they found that compared with the alloy with an
orientation close to the <001>-<‾111> boundary, the alloy
whose crystal orientation was close to the <001>-<011>
boundary had a better creep strength, which was consistent
with Leverant and Kear’s results for Mar-M200 alloys with
orientations less than 18° from the [001] orientation [6]. Te
diference between MAR-M200 and MAR-M247 alloys is
that the Mar-M247 alloy has the longest creep life near the
<111> orientation, whereas the Mar-M200 alloy has the
longest creep life when the orientation is close to <001>.
Furthermore, for these alloys [7], creep lives of alloys did not
show a signifcant decrease when the crystal orientation
deviated from the <001> orientation by less than 20°. Among
the samples with orientations of [001], [011], and [111], the
creep life of the [111] orientation was the longest and that of
the [011] orientation was the shortest. Te study [8–10] by
Rae et al. on the CMSX-4 alloy also showed that in the
temperature range of 750–850°C, within the deviation range
of 20° from the [001] orientation, the initial creep stage
strongly depended on the degree of deviation of the alloy
from the [001]-[011] edge. Te alloy with an orientation
close to the [001]-[011] edge had a lower initial creep strain
and longer creep life because it was not easy to form a <112>
dislocation [11]. However, alloys with orientations close to
the [001]–[111] edge showed larger initial creep strains and
shorter creep lives due to a large number of <112> dislo-
cations cutting the c′ phase. Te study [12] by Sass on the
CMSX-4 alloy showed that the anisotropy of the creep
strength was signifcant at 850°C and that the creep strength
decreased successively in the orientation order of [001],
[011], and [111], while the raft transformation of the c′ phase
occurred at 980°C, and the anisotropy diference of the alloy
decreased [13]. In addition, it was found in another study
[14] that the inhomogeneity of plastic deformation de-
creased in the order of [011], [001], and [111]. Te creep
properties and microstructure of a nickel-based single-
crystal superalloy DD413 with a 15° deviation from the
<001> orientation were investigated at 760°C/793MPa. Te
results [7] showed that the alloy with an orientation close to
the <001>-<101> boundary had the longest creep life, and
the creep life of the alloy orienting near the <001>-<111>
boundary was the shortest [15]. Te deformation of samples
orienting near the <001>-<101> boundary was mainly
controlled by the {111}<110> slip system, while the defor-
mation of samples orienting near the <001>-<111>
boundary was mainly controlled by the {111}<112> slip
system [16].

Based on the above discussion, nickel-based single-
crystal alloys with diferent orientations and deviations from
the [001] orientation have been extensively studied, but there
are few reports on nickel-based single-crystal alloys with
small-angle deviations from the [111] orientation. In this
study, a test bar of a nickel-based single-crystal alloy de-
viating from the [111] orientation by a certain angle was

prepared, and creep properties were tested at high tem-
perature. Te microstructural morphology of the alloy was
observed by scanning electron microscopy (SEM) and
transmission electron microscopy (TEM), and the micro-
structural evolution, dislocation movement, and creep be-
havior of the alloy during creep were studied. Te aim is to
provide theoretical support for the engineering application
of this alloy and the design of engine blades.

2. Experimental Materials and Methods

Te material used in the experiment was the nickel-based
single-crystal alloy IC9 (Ni-Al-Ti-Cr-Mo-W-Co). Te alloy
was made into a bar with an orientation of [111] by the seed
crystal method. Te deviation of the test bar from the [111]
orientation was 10.4°, as determined by the Laue back re-
fection method. Te heat treatment conditions were as
follows: 1180°C/2 h + 1290°C/4 h, AC (air cooling) + 1000°C/
4 h, and AC+ 760°C/20 h. After complete heat treatment, the
single-crystal bar was sheared into plate-like tensile creep
samples along the (01‾1) and (‾211) planes by wire cutting.
Te dimensions of the cross section were 4.5mm× 2.5mm,
and the length of the gauge section was 15mm. Te axial
direction of the applied stress was consistent with the so-
lidifcation direction of the test bar. Te creep properties of
the alloy were tested at 1040°C/137MPa, and the micro-
structural evolution, creep behavior, and fracture mecha-
nism of the alloy were studied by SEM and TEM.

3. Experimental Results and Analysis

3.1.Microstructure of Alloys. Te dendrite morphology in the
solidifcation direction of the test bar is shown in Figure 1(a).
Secondary dendritemorphologywas an “X” type with angles of
60° or 120°, which had a regular arrangement and a relatively
complex symmetric structure. Te secondary dendrite arms in
two directions were longer, and the secondary dendrite arms in
the other two directions were shorter. Figure 1(b) shows the
microstructural morphology of the end plane of the alloy test
bar after complete heat treatment.Te c′ phase was embedded
in the c phase, and it was in a triangular or hexagonal shape.
Owing to the deviation of the orientation, the solidifcation end
plane of the bar was not exactly the (111) plane, so the shapes of
triangles or hexagons were irregular. Figure 1(c) shows the
microstructure of the (01‾1) plane after complete heat treat-
ment. In the direction approximately 45° from the [111]
orientation, the c′ phase was rectangular with a regular ar-
rangement, and the c′ phase morphology of the (‾211) plane
was similar to that of the (01‾1) plane (fgure omitted). Te c′
phase was a regular rectangle arranged orderly along the [111]
inclination direction. Te microstructure of the alloy was still
the cubic c′ phase, which was embedded in the c phase in a
coherent manner and regularly arranged along the <001>
orientation. Te stacking of the cubic c′ phase in space is
shown in Figure 1(d).

3.2. Creep Characteristics of Alloys. Te tensile creep test of
the alloy at 1040°C/137MPa showed that the creep life of the
alloy was 352 h.Te creep curve is shown in Figure 2, among
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which the creep curve of the frst 6 h is shown in the inset.
Te creep curve of the alloy showed a typical three-stage
process. In the frst stage of creep (deceleration creep stage),
the creep rate decreased with time. After a short deceleration
creep stage, the alloy rapidly entered the second creep stage
(steady-state creep stage). During the steady-state creep
stage, the creep rate of the alloy basically remained un-
changed and lasted for a long period of time. Te steady-
state creep rate was about 0.0021%/h, and the duration of
steady-state creep was about 300 h. After entering the third
creep stage (accelerated creep stage), the strain rate and

strain variable increased rapidly with time until fracture, and
the total strain variable after 352 h of the creep fracture was
22.22%.

3.3. Deformation Characteristics of Alloys during Creep.
Temicrostructures of the alloy after creep for 6 h, 50 h, and
352 h at 1040°C/137MPa are shown in Figure 3. Figure 3(a)
shows that after creep for 6 h, some of the matrix channels
were cut of, cubic c′ phases were connected with each other,
edges and corners were passivated, and the raft
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Figure 1: Dendritic morphology and microstructure of the c′ phase: (a) dendritic morphology of the (111) plane, (b) c′ phase morphology
of the (111) plane, (c) c′ phase morphology of the (01‾1) plane, and (d) stacking diagram of the c′ phase with the [111] orientation.
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Figure 2: Creep curve of the alloy at 1040°C/137MPa.
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transformation of the c′ phases began. Te fgure shows that
the width of the matrix channel in the horizontal direction
was larger than that in the vertical direction, and the
movement resistance of dislocations in the horizontal
channel was smaller than that in the vertical channel. Te
primary dislocations in the matrix proliferated in the hor-
izontal channel frst, but the dislocation movement was
limited in the c phase, andmany dislocations accumulated at
the phase interface. Te inset in the Figure 3(a) shows the
magnifed morphology of the dislocations in the box in the
fgure. Most of them were breeding dislocations in the same
direction, which were typical primary dislocations in the frst
stage of creep. In addition, there were some dislocations in
diferent directions, indicating that more than one slip
systems were activated [17], and dislocations in diferent
directions met and reacted to generate a dislocation network
in the later creep process.

Figure 3(b) shows that after 50 h of creep, c′ phases
difused and connected to form a rafted structure, but the
rafted structure of c′ phases was uneven in thickness and had
discontinuous characteristics. Under the action of external
and misft stresses, the dislocations piled at the interface
transformed into dislocation networks through dislocation
reactions, but the shape of the dislocation network was ir-
regular and the distribution was uneven, indicating that the
creep of the alloy was uneven. Te enlarged morphology of
the dislocation network is shown in the inset in the fgure
which was a nearly quadrilateral dislocation network. Owing
to the blocking of the dislocation network, there were few
dislocations shearing into the c′ phase, and dislocations
mainly crossed the c′ phase by climbing.Te red triangles in
the fgure indicate dislocations that have climbed over the c′
phase, and the black triangles indicate dislocations that have
not crossed the c′ phase at the beginning of climbing. Te
dislocation network could release the mismatch stress and
restore the work hardening of the alloy. Te dislocation
network played a coordinating role in recovery softening
caused by dislocation climbing and deformation hardening
caused by dislocation accumulating in the c phase, main-
taining a dynamic balance between deformation hardening
and recovery softening, thus improving the creep resistance
of the alloy.

After 352 h of the creep fracture, as shown in Figure 3(c),
the c′ and c phases were coarsened, and the majority of
dislocations sheared into the c′ phase, distorting the c′ phase
and even causing crystal rotation, which resulted in misori-
entation with the adjacent c′ phase. Black contrast is evident
in the fgure, as indicated by the black arrow. In the later
stages of creep, the dislocation network accumulated and
formed dislocation entanglement at the c/c′ interface,
resulting in stress concentration and damaging the interface
dislocation network. Te dislocation cut into the c′ phase
along the collapse of the dislocation network, as shown in the
black box in the fgure, and the enlargedmorphology is shown
in the inset in the fgure. After the dislocation network was
broken, it lost the hindering efect on the cutting of dislo-
cations into the c′ phase, and creep accelerated until fracture.
As shown in Figure 3(c), owing to the cutting of super-
dislocations, there were antiphase boundaries (APBs) in the c′
phase, as indicated by the white arrow. In addition, a
superdislocation array was also found in the c′ phase, as
shown by the red arrow in the fgure. Te superdislocation
array was formed by the accumulation of dislocations con-
tinuously emitted by a dislocation source. Te distance be-
tween two superpartials in the superdislocation was smaller,
while the interval between superdislocations was larger.

Superdislocation arrays are rarely observed in the [001]-
oriented and [011]-oriented samples. Te Burgers vector of
superdislocations was a <110> type in the superdislocation
array, and the Schmid factor of the <‾110>-type super-
dislocation was 0 in the [111] orientation, which was a
difcult slip-type superdislocation. Te deviation of the
orientation from the accurate [111] axis led to the formation
of uneven deformation and irregular rafted structures, which
caused the dislocations to accumulate near the irregular-
rafted structure and produce stress concentration, providing
a driving force for difcult slip superdislocations to shear
into the c′ phase.Te difcult slip superdislocations of the c′
phase could capture slip superdislocations, and dislocation
reactions could occur to form a superdislocation network
[18]. Te immobility of difcult slip superdislocations and
the capture behavior for slip superdislocations reduced the
density of movable dislocations in the c′ phase, which was
benefcial to the reduction of the creep rate and the creep
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Figure 3: TEM images of the alloy creep diferent times at 1040°C/137MPa: (a) 6 h, (b) 50 h, and (c) 352 h.
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properties of the alloy [19]. When the number of super-
dislocations in the superdislocation array increased, stress
concentration became larger. When it reached a certain
level, the screw component of some superdislocations in the
superdislocation array could cross slip over the obstacle.
However, more often, microcracks initiated at the obstacle
and caused damage. Under the continuous action of de-
formation, microcracks could grow beyond the critical size
and cause macroscopic damage. Tus, the efect of the
superdislocation array on the creep properties of the alloy
was complicated.

3.4.Analysis ofDislocationConfgurationafterCreepRupture.
Te dislocation morphology in the c′phase after 352 h of the
creep fracture at 1040°C/137MPa is shown in Figure 4.Tere
was a “V”-type superdislocation morphology, indicated by
the letter A, an “X”-type superdislocation, indicated by the
letter B, and other superdislocation morphologies, indicated
by the letters C, D, E, and F.

Te difraction contrast analysis of the dislocation
confgurations A, B, C, and D in the c′ phase is shown in
Figure 5. Te “V”-type superdislocation morphology A
contained three dislocations, labeled 1, 2 and 3, and the “X”-
type superdislocation morphology B contained three dis-
locations, labeled Ӏ, II, and III. As shown in Figures 5(a) and
5(b), when the difraction vector g � [13‾1] and [220],
respectively, dislocations 1, 2, Ӏ, and II showed contrast. As
shown in Figure 5(c), when g � [1‾11], the contrast of
dislocations 1, 2, and II disappeared and dislocation Ӏ
showed contrast. As shown in Figure 5(d), when g � [200],
dislocations 1 and II showed contrast and the contrast of
dislocations 2 and Ӏ disappeared. According to the dislo-
cation invisibility criterion of g.b � 0, it was inferred that
dislocations 1, 2, Ӏ, and II were superdislocations cutting into
the c′ phase, and the Burgers vectors were b1 � [10‾1],
b2 � [011], bӀ� [01‾1], and bII � [‾101], respectively. Dislo-
cation 3 was generated by the reaction of dislocations 1 and
2, and the Burgers vector b3 � b1 + b2 � [110]. Because
superdislocations 1, 2, and 3 had double contrast, super-
dislocations 1, 2, and 3 could be decomposed into super-
partial dislocations, and there were antiphase boundaries
between superpartial dislocations. Te trace direction of
dislocation Ӏ was perpendicular to the difraction vector g �

[220], and the trace direction of dislocation II was parallel to
the difraction vector g � [220]. According to b× μ, the slip
plane of dislocation Ӏ was determined to be the (111) plane,
and the slip plane of dislocation II was the (1‾11) plane.
Dislocation III was generated by the reaction of dislocations
Ӏ and II, and the Burgers vector of dislocation III was
bIII � bӀ+ bII � [‾110].

Te formation process of the “V”-type superdislocation
and the “X”-type superdislocation is shown in Figure 6. In
Figure 6(a), b1, b2, and b3 are the three slip directions on the
(1‾11) plane of the Tompson tetrahedron, the intersection
angle between b1 and b2 was an obtuse angle, and two
dislocations attracted each other. When superdislocations 1
and 2 met, they reacted to generate superdislocation 3, and
the superdislocation could be decomposed to form

superpartial dislocations and APBs, forming “V”-type
superdislocation nodes. Te distance between superpartial
dislocations was the width of the APB, which was deter-
mined by the APB energy and repulsion between the same
dislocations [20]. In Figure 6(b), the angle between dislo-
cation Ӏ with the Burgers vector bӀ in the (111) plane and
dislocation II with the Burgers vector bII in the (1‾11) plane
was an obtuse angle (120°), so dislocations Ӏ and II attracted
each other. When dislocations Ӏ and II were close to each
other, under the action of suction, the two dislocations
converged and reacted to generate a new dislocation III with
a Burgers vector bIII, forming a convergent dislocation
confguration. If the two dislocations were to continue
sliding, they would need to be separated from this con-
vergence state, but if they were separated, work would need
to be done to either form a cutting step or retract converging
dislocations and achieve separation. Terefore, the forma-
tion of convergent dislocations increased the resistance of
dislocation delivery, which had a hindering efect on de-
formation. Figure 4 shows that there were many similar
convergent dislocation confgurations, as indicated by the
red triangle in the fgure. Tus, the alloy had better creep
resistance and longer creep life under this condition. In
addition, the Schmid factor of the dislocation with the
Burgers vector <‾110> was 0 in the standard [111]-oriented
sample. Owing to the existence of orientation deviation,
although the <‾110> dislocation in the experimental
specimen had a smaller Schmid factor, the mobility was still
poor, so the <‾110>-type dislocation also had a strength-
ening efect on the creep properties of the alloy.

When g � [13‾1], dislocations C and D showed weak
contrast, as shown in Figure 5(a). When g � [220], dislo-
cation C showed weak contrast and dislocation D showed
contrast, as shown in Figure 5(b). When g � [1‾11], the
contrast of dislocations C and D disappeared, as shown in
Figure 5(c). When g � [200], dislocation C showed contrast
and dislocation D showed weak contrast, as shown in
Figure 5(d). According to the dislocation invisibility crite-
rion of g.b � 0, dislocations C and D showed double-line
contrast. It was inferred that dislocations C and D were
superdislocations with Burgers vectors bC � [‾101] and
bD � [110], respectively. As shown in Figure 5(b), the trace

A

B

C

F
E D

Figure 4: Dislocation morphology of the alloy after creep rupture
at 1040°C/137MPa.
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direction of dislocation C was parallel to the difraction
vector g � [220]. According to bC × μC � (1‾11), the slip
plane of dislocation C was the (1‾11) plane. As shown in
Figure 5(d), the trace direction of dislocation D was parallel
to the difraction vector g � [200], bD × μD � (001), and the
slip plane of dislocation D was the (001) plane. Tus, the
dislocation D was a K-W (Kear–Wilsdorf) lock formed by
cross sliding from the {111} plane to the {100} plane. Fur-
thermore, dislocations C and D had fringe characteristics,
and the fringe direction was perpendicular to the direction of
the dislocation trace, so there were antiphase boundaries
between superpartial dislocations of C and D. Double-line
contrast was obtained by the decomposition of super-
dislocations C and D via the process bC � 1/2[‾101] +APB

(1‾11) + 1/2a[‾101] and bD � 1/2[110] +APB (001) + 1/2[110].
Te appearance of fringe contrast between superpartial
dislocations was due to the large decomposition width and a
certain angle of inclination to the observation plane [21].

Te difracted contrast analysis of dislocations E and F in
Figure 4 after creep fracture at 1040°C/137MPa is shown in
Figure 7. When the difraction vector g � [‾220] and g �

[1‾11], the contrast of dislocation E disappeared and dis-
location F showed weak contrast, as shown in Figures 7(a)
and 7(b). When the difraction vector g � [020], both dis-
locations E and F showed contrast, as shown in Figure 7(c).
When difraction vector g � [00‾2], the contrast of dislo-
cations E and F disappear, as shown in Figure 7(d).
According to the dislocation invisibility criterion of g.b � 0
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Figure 5: Dislocation confguration after the creep fracture at 1040°C/137MPa: (a) g � [13‾1], (b) g � [220], (c) g � [1‾11], and (d) g � [200].
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Figure 6: A schematic diagram of superdislocation formation: (a) formation of a “V”-type superdislocation node and (b) formation of an
“X”-type convergent superdislocation.
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and dislocations E and F showing double-line contrast, it
was inferred that dislocations E and F were superdislocations
of the Burgers vectors bE � [110] and bF � [1‾10], respec-
tively. According to Figure 7(c), the trace direction of dis-
locations E and F was μE � μF � [020], and since
bE × μE � bF × μF � (001), the slip plane of dislocations E and
F was the (001) plane. According to the analysis, compared
with the {100} plane, the {111} plane was the easy slip plane
of the single-crystal alloy phase. Under the action of thermal
activation during deformation, the activated <110> dislo-
cations in the c′ phase could cross slide from the {111} plane
to the {100} plane and decompose on the {100} plane to form
the dislocation confguration of two 1/2<110> dislocations
plus APBs [22]. Since the {100} plane was not the easy sliding
plane of the c′ phase, the partial dislocations on the {100}
plane were stationary dislocations, which pinned and hin-
dered the continuous movement of dislocations on the {111}
plane. Because dislocations E and F had fringe character-
istics, the fringe direction was diferent from the direction of
the dislocation trace. It was inferred that dislocations E and F
were K-W locks formed by cross sliding from the {111} plane
to the {100} plane, similar to dislocation D. Te higher the
temperature, the more easily the K-W locks formed due to
thermal activation, which increased the critical shear stress
of the dislocation sliding on the {111} plane. Terefore, the
dislocation confguration could inhibit the dislocation slip
and cross slip and ameliorate the deformation resistance of
the alloy.

Te difraction analysis of the other dislocations (G, H,
and I) in this region of the sample shown in Figure 7 is as
follows: When the difraction vector g � [020], the contrast
of dislocation G disappeared and the rest showed contrast.
Tus, bG � [101]. Because the trace direction of dislocation G
was parallel to g � [00‾2], bG × μG � (010), and thus, the slip
plane of dislocation G was the (010) plane. When g � [1‾11]

and g � [020], the contrast of dislocation H disappeared,
and thus, bH � [‾101]. Because the trace direction of dislo-
cation H was parallel to g � [‾220], bH × μH � (111), and
thus, the slip plane of dislocation H was the (111) plane.
When g � [1‾11], the contrast of dislocation I disappeared,

and thus, bI � [011]. Because the trace direction of dislo-
cation I was parallel to g � [020], bI × μI � (100), and thus,
the slip plane of dislocation I was the (100) plane. Terefore,
dislocations G and I were K-W locks formed by the cross slip
from the {111} plane to the {100} plane, similar to dislo-
cations E and F, but the fringe characteristics of dislocations
G and I were not evident, indicating that the decomposition
width was small.

4. Discussion

4.1. Dislocation Movement and Creep Behavior of Alloys.
Te creep of nickel-based single-crystal superalloys starts
from formation, movement, and evolution of dislocations in
the matrix channel. In the high-temperature creep process of
nickel-based single-crystal superalloys, dislocation move-
ment runs through the whole creep process. Te high-
temperature creep behavior of the alloy can be explained by
the dislocation movement mechanism during the creep
process. At the frst stage of creep at 1040°C/137MPa,
primary dislocations were frst generated in the c phase. Te
primary dislocations included misft, slip, and extended
dislocations. Of these, misft dislocation existed before creep
occurred, and the dislocation slip was the most basic de-
formation mechanism in the initial stage of creep. At the
beginning of creep, the dislocation movement was confned
within the c phase. Te dislocation accumulation in the c

phase led to deformation hardening, and the creep rate
decreased. Under the action of external stress and misft
stress, dislocations in diferent slip systems were activated,
dislocations in diferent directions met, and dislocation
reactions occurred to form an interfacial dislocation net-
work. Te elastic coherent interface between the two phases
transformed into a semicoherent interface, and the misft
stress was released.Te interfacial dislocation network could
prevent the c phase dislocations from shearing into the c′
phase, promote the climbing of the dislocations over the c′
phase, and reduce stress concentration [23]. When defor-
mation hardening caused by dislocation plugging and re-
covery softening caused by climbing reached the dynamic
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Figure 7: Dislocation confguration after creep fracture at 1040°C/137MPa: (a) g � [‾220], (b) g � [1‾11], (c) g � [020], and (d) g � [00‾2].
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equilibrium, the creep of the alloy entered the steady-state
stage. Te longer the dynamic equilibrium was maintained,
the longer the creep life of the alloy was.

As creep progressed, when c/c′ phase interfaces plugged
too many dislocations and stress concentration could not be
relieved by dislocation climbing, dislocation tangles formed
at the interface and stress concentration occurred again.
When the stress value at stress concentration was greater
than the strength of the c′ phase, the interface dislocation
network could be destroyed, the dislocations in the c phase
would be sheared into the c′ phase along the damage of the
dislocation network, the dynamic equilibrium would be
broken, and the alloy would enter the accelerated creep stage
[23]. Under diferent strain rates or diferent temperatures,
dislocation networks were reorganized and destroyed to
varying degrees. When the strain rate was small, the dis-
location network was partially destroyed, and only one
dislocation around the dislocation node was destroyed. Te
deformation mechanism mainly manifested as a 1/2<110>-
type dislocation cutting into the c′ phase. Te cutting of the
1/2<110>-type dislocation destroyed the ordered structure
of the c′ phase and caused energy changes. At this time, the
1/2<110>-type dislocation with the same Burgers vector
restored the destroyed ordered structure, and there was a
layer of APBs between front and rear dislocations. When the
strain rate was large, most of the dislocation networks were
destroyed, and dislocations around dislocation nodes were
destroyed. Dislocations did not directly shear into the c′
phase, and voids formed at the interface. Dislocations piled
up at the interface and sheared into the c′ phase in pairs to
form superdislocations, such as superdislocations G, H, and
I in Figure 7.

4.2. Teoretical Analysis of the Creep Resistance and Defor-
mation Mechanism of Alloys. Te microstructure of the
nickel-based single-crystal alloy was such that the cubic c′
phase with a high volume fraction was embedded in the
matrix in a coherent manner. Te c′ phase was an inter-
metallic compound with an L12-type ordered structure,
which could hinder the movement of dislocations during
high-temperature creep, and it is an important strength-
ening phase of the alloy [24]. During the creep process, the
dislocation motion was frst confned to the matrix, the
dislocation density in the matrix increased continuously,
and stress concentration occurred at the c/c′ phase interface.
When the stress concentration value was greater than the
yield strength of the c′ phase, the dislocation could be
sheared into the c′ phase. Since the c′ phase was an im-
portant strengthening phase in the alloy, the dislocation of
cutting could reduce the strength of the c′ phase and reduce
the creep resistance of the alloy until creep rupture [25].
Terefore, the strength of the c′ phase was closely related to
the creep resistance of the alloy [26]. According to the
analysis, the strengthening methods of c′ phases mainly
included solid solution strengthening, order strengthening,
and c/c′ phase coherent interface strengthening. At the frst
stage of creep, c/c′ phases in the cubic state of the alloy
maintained a coherent interface, and the lattice strain feld

could hinder dislocation shearing into the c′ phase. Te
resistance of the lattice strain feld to delay the dislocation
from cutting into the c′ phase can be expressed as follows:

Δτ1
→

� β.μ.ε3/2
r.f

b
 

1/2

, (1)

where β is a constant related to the type of dislocation (β� 3
for edge dislocations and β� 1 for screw dislocations), μ is
the shear modulus, ε is the lattice strain of the coherent
interface, r is the radial dimension of the c′ phase, f is the
volume fraction of the c′ phase, and b is the Burgers vector.

As creep progressed, c′ phases underwent rafting
transformations, and there were a large number of dislo-
cation networks at the interface. Te sliding dislocation in
the matrix could react with the dislocation network to
change its original movement direction and climb to another
sliding plane along the cutting step of the dislocation net-
work under the action of thermal activation, which would
slow stress concentration caused by dislocation stacking.Te
critical tensile stress σ required for the dislocation to climb
over the c′ phase during the steady-state creep of the alloy at
high temperatures/low stresses can be expressed as follows:

σ �
μ.b

8π(1 − ])h
, (2)

where ] is Poisson’s ratio, and h is the height of dislocation
climbing over the rafted c′ phase.

After the rafting transition, the c/c′ phase interface
changed from a coherent interface to a semicoherent in-
terface, and the strengthening efect of the c/c′ phase co-
herent interface was weakened. Terefore, in the later stage
of creep, when high-density deformation dislocations in the
c phase caused stress concentration, the creep dislocations in
the c phase could shear into the phase due to the damage of
the interface dislocation network. Since the c′ phase was an
ordered structure, the perfect dislocation of the shear into
the c′ phase was the <110> type. Compared with the 1/
2<110>-type perfect dislocation in the c phase, the dis-
placement distance was doubled, so the dislocation shear
into the c′ phase could cause large deformation.

For the nickel-based single-crystal alloy with the [111]
orientation, the microstructure was still a cubic c′ phase
embedded in the matrix in a coherent way and arranged
regularly along the <100> orientation. If there was no
orientation deviation in the [111]-oriented single-crystal
alloy, when the tensile stress was applied along the [111]
orientation of the single-crystal alloy, each crystal plane of
the cubic c′ phase was symmetrically stressed, shear stress
values were equal, and the strain energy density of each
matrix channel and phase interface was symmetric and
equal. Tus, the cubic c′ phase did not undergo raft
transformation during creep. However, the alloy used in the
experiment had an orientation deviation of 10.4°. Owing to
the efect of the orientation deviation, the cubic c/c′ phases
of the alloy underwent asymmetric strain during high-
temperature tensile creep, and the lattice of the cubic c′
phase of each crystal plane could undergo expansion or
compression strain. Te change in the strain energy density
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generated by diferent interfaces of the cubic c′ phase
hexahedra acted as the driving force, which could promote
the directional difusion of elements and the directional
growth of the c′ phase [27]. Te crystal plane with a larger
lattice expansion could trap Al, Ti, and other atoms with
larger radii, which could promote the cubic c′ phase di-
rectional growth along the normal direction of the crystal
plane and form raft structure morphology.

During the steady-state creep of the alloy at 1040°C/
137MPa, the c′ phase evolved into a two-dimensional la-
mellar-rafted structure parallel to the (100) plane. Of the
three matrix channels parallel to the (100), (010), and (001)
planes, the matrix channels parallel to the (010) and (001)
planes were blocked, and only the matrix channel parallel to
the (100) plane could be retained, as shown in Figure 8(a).
Terefore, only the motion characteristics of dislocations in
the matrix channel parallel to the (100) plane are analyzed
here. Six slip systems could be activated during the high-
temperature creep of the [111]-oriented alloy, which were
(‾111) [101], (‾111) [110], (1‾11) [110], (1‾11) [011], (11‾1)
[101], and (11‾1) [011]. Te motion characteristics of dis-
locations in the matrix channel parallel to the (100) plane
during steady-state creep are shown in Figures 8(b) and 8(c).

Te motion characteristics of dislocations in the (1‾11)
[011] and (11‾1) [011] slip systems are shown in Figure 8(b).
Te edge dislocations with a trace direction Ve could
smoothly slip along the [011] direction in the matrix channel
parallel to the (100) plane, as shown by arrows 1 and 3 in the
fgure. When the slip dislocation was hindered by the c′
phase and the shear stress component acting on the dislo-
cation was large enough, the dislocation crossed the c′ phase
by climbing, as shown by arrow 2 in the fgure. Te screw
dislocation with a trace direction Vs could slip on the (11‾1)
plane, as shown by arrow 4. When the dislocation moved to
the c′ phase and was blocked by the c′ phase, it could cross
slip to the (1‾11) plane, as shown by arrow 5. Tis process
was equivalent to the screw dislocation sliding on the (100)
plane, as shown by arrow 6, which could cause the screw
dislocation to pass through the narrow matrix channel [28].
Since the dislocations in the (1‾11) [011] and (11‾1) [011]

slip systems had the same Burgers vectors, it only resulted in
a weaker strain hardening efect.

In addition, themotion characteristics of the dislocations
in the other four mobile slip systems in the [111]-oriented
alloy are shown in Figure 8(c).Temovement of dislocations
in the matrix was hindered by the lamellar c′ phase, as
shown by arrows 1 and 2 in the fgure. Terefore, compared
with the slip and cross slip of dislocations in the matrix
channel (Figure 8(b)), the resistance of dislocation move-
ment in these four slip systems was larger. So, during the
steady-state creep of the [111]-oriented alloy at 1040°C/
137MPa, the dislocation slip and cross slip in the matrix
channel parallel to the (100) plane were the main defor-
mation mechanisms of the alloy.

5. Conclusion

(1) During creep at 1040°C/137MPa, the orientation
deviation of the alloy led to the asymmetry of the
stress and unequal values of the shear stress in each
crystal plane of the c′ phase, which promoted the
directional difusion of elements and the directional
growth of the c′ phase. Te c′ phase transformed
into a two-dimensional lamellar raft structure par-
allel to the (100) plane, blocking the matrix channel
parallel to the (010) and (001) planes.

(2) During steady-state creep, the interfacial dislocation
network and the strengthening efect of the c′ phase
itself efectively hindered the matrix dislocations
from shearing into the c′ phase. So the alloy had
good deformation resistance. Te slip and cross slip
of dislocations in the matrix channel parallel to the
(100) plane were the main deformation mechanisms
during steady-state creep

(3) In the accelerated creep stage, the dislocation network
was destroyed. Te dislocations sheared into the c′
phase via dislocation pairs, which could react to form
superdislocation nodes and decompose to form APBs
on the <111> surface or cross slip from the <111>
plane to the <100> plane to form K-W locks.
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Figure 8: A schematic diagram of dislocation movement of the alloy during steady-state creep at 1040°C/137MPa: (a) schematic diagram of
c′ phase lamellar rafting, (b) slip, cross slip, and climbing of dislocations, and (c) obstruction of the c′ phase for the dislocation slip.
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