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Multigroup large-scalenanocutting models of monocrystalline Cu were established by molecular dynamics simulations to in-
vestigate the infuence of cutting parameters on the material removal mechanism. Te formation and distribution of subsurface
defect structures were revealed, and the evolution behavior of the complete prismatic dislocation loop was analyzed in depth. It
was demonstrated that the chips and machined surface of monocrystalline Cu were mainly formed under the coupling efect of
shearing and extrusion forces. A diamond tool with a larger edge radius or a negative rake angle could produce a noticeable
suppression on the chip formation. Te corresponding relationship between the location of defect atoms and the distribution of
von Mises stress was studied, which indicated that the shear stress would become larger at the subgrain boundaries, dislocation
lines, and the amorphous atoms than that in their nearby regions. Te complete prismatic dislocation loop was formed by cross-
slip between two sets of stacking faults; meanwhile, the generated multiple Lomer–Cottrell locks hindered its movement and
promoted the work-hardening phenomenon. Tese research results are of great theoretical value to enrich the nanocutting
mechanism and technology of plastic materials.

1. Introduction

Monocrystalline Cu not only has better toughness and lower
resistivity but also has almost lossless signal transmission
properties due to the lack of grain boundaries that hinder
and attenuate the signal. Terefore, it is widely applied in
various felds such as laser optics, linear accelerators, mi-
croelectronics, and semiconductor technology. In recent
years, many researchers had investigated the material re-
moval mechanism of monocrystalline Cu during nano-
machining through various methods, including experiments
and molecular dynamics simulation (MDs). When the
characteristic size reaches the nanoscale, there exist certain
material deformation behaviors which are diferent from
those at the macroscopic scale due to the size efect [1–3].
Results reveal that in addition to cutting parameters (e.g.,
cutting speed [4] and cutting depth [5]), tool geometry [6, 7],
loading modes [8, 9], and anisotropy [10, 11] also have
considerable efects on the material removal mechanism and

subsurface defects of monocrystalline Cu. Zhang et al. [12]
studied the efect of cutting depth and cutting speed on the
dislocation nucleation within the subsurface by MDs, and it
was found that the increase in cutting speed and cutting
depth contributed to the formation of the stair-rod dislo-
cation and Hirth dislocation. Zhu et al. [13] adopted the
fnite element method to simulate a nanoscratching process
of monocrystalline Cu. Although monocrystalline Cu shows
good machinability by ultraprecision machining, the ma-
chined component is commonly accompanied by surface
defects such as burrs and steps, which seriously afect the
shape accuracy and surface quality of the workpiece. Te
reasons for this phenomenon are as follows. For one thing,
a large number of dislocation nucleation, multiplication, and
motion (slip and climb) have arisen within the workpiece
under the extrusion and shear of the tool during machining.
Some dislocations, such as half dislocation loops, are an-
nihilated after moving to the free surface so that a certain
degree of atomic-level steps appears on themachined surface
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[14]. For another, the monocrystalline Cu atoms are bonded
bymetallic bonds which are tough and less prone to fracture,
so that the chips commonly exist in a band form and there
appear burrs on both sides of the tool.

Furthermore, due to the interaction among dislocations
which occurs by means of dislocation jog, dislocation kink,
and cross-slip, various subsurface defects can be generated,
thus causing permanent plastic deformation and severely
afecting its working life [15], for instance, atomic cluster [16],
prismatic dislocation [17], Lomer–Cottrell lock [18], pris-
matic dislocation loop [19], and stacking fault tetrahedron
(SFT) [20]. Li et al. [21] carried out nanocutting simulations of
c-TiAl alloy under fuid media and analyzed the evolution of
the prismatic dislocation loop, subsequently indicating that
the formation of subsurface defects led to the work-hardening
phenomenon adopting nanoindentation as the character-
ization method, with the indentation load, surface hardness,
and Young’s modulus as the evaluation indicators. Liu et al.
[22] conducted real-time observation of SFT formation and
annihilation processes in terms of dislocation reactions. Tey
found that SFT evolution underwent multiple stress fuctu-
ations and also pointed out that the formation of SFTwas one
of the reasons for the work-hardening efect.

As mentioned above, it can be seen that few scholars
established large-scale models to simulate the nanocutting
process of monocrystalline Cu. Terefore, in this paper, four
parts of contents were studied and discussed in Section 3.
First, the chip formation and machined surface were ana-
lyzed (Section 3.1), and the relationship between the sub-
surface defects in the cutting process and the von Mises
stress was revealed by the atomic stress analysis (Section 3.2).
On this basis, to further clarify the machining-induced
internal defects of monocrystalline Cu, the 3D nano-
cutting models were developed to reveal the evolution of the
prismatic dislocation loop during the nanocutting process
(Sections 3.3 and 3.4), which was analyzed with the dislo-
cation extraction algorithm (DXA) [23].

2. MD Modeling

Seven groups of 2.5D nanocutting simulations of mono-
crystalline Cu were conducted by LAMMPS. According to
the cutting variables, the original simulations were divided
into three modules: A, B, and C. Te cutting variables and
assigned parameters are listed in Table 1. Note that the group
no. 4 in Module B and the group no. 6 in Module C were the
same. Figure 1 displays a 2.5D nanocutting model of
monocrystalline Cu, corresponding to the values of the tool
rake angle r in the Module A simulation. Te mono-
crystalline Cu workpiece was composed of 3512294 atoms
with dimensions of 177.1 nm× 91.4 nm× 2.5305 nm along
the x, y, and z directions, which corresponded to the crystal
directions [1 0 0], [0 1 0], and [0 0 1], respectively. To avoid
the infuence of anisotropy on the research results, all the
nanocutting simulations were performed on the (0 1 0)
crystal plane along the [1 0 0] crystal orientation, with the
same cutting depth of 20 nm. Te workpiece atoms were

divided into three layers, whose actions were the same as
those in the authors’ previous study [1].

To make the lattice structure close to the actual working
conditions, the energy minimization was frst carried out
with the conjugate gradient method to eliminate the un-
reasonable factors in the initial model. Te 2.5D mono-
crystalline Cu model was then relaxed successively using the
NPT and NVT ensemble to reach an initial temperature of
293K and a stable initial pressure of around 0 bar. Te
velocity calibration method was used to precisely regulate
the temperature of the thermostatic layer throughout the
cutting process. Te Morse [17] and EAM [24] potential
functions were adopted to describe the interactions between
both Cu-Cu and C-Cu, respectively. Te diamond tool was
set as a rigid body, and therefore, the movement of its in-
ternal atoms was negligible. Additionally, Figure 2 presents
one of the 3D nanocutting models of monocrystalline Cu,
with the cutting parameters as shown in Table 2. Te rest of
the simulation parameters are kept consistent with those in
the 2.5D simulation models.

Te EAM potential function is defned by the following
equations:

E � 
N

i

F ρi(  + 
N

j>i
u rij ⎡⎢⎢⎣ ⎤⎥⎥⎦,

ρi � 
j

f rij ,

(1)

where ρi is the electron cloud density at atom i, u(rij) is the
pair potential between atoms i and j, and rij is the in-
teratomic distance.

Te Morse potential is used to describe the atomic in-
teractions in the system by the following equation:

u rij  � D exp −2∝ rij − r0   − 2 exp −∝ rij − r0   ,

(2)

where u(rij) is the pair potential between atoms i and j, and
D, α, and r0 represent the interatomic binding energy, elastic
modulus, and interatomic equilibrium distance, respectively.

In this study, the transient response data during the
nanocutting process were analyzed and rendered by the
OVITO [25] software. Te common neighbor analysis
(CNA) [26] and DXA were applied to analyze the distri-
bution of both crystal structures and subsurface defects.

Table 1: Te cutting variables and assigned parameters corre-
sponding to 2.5D simulations of monocrystalline Cu.

Module Simulation group R (nm) c (°) v (m/s) Tool atoms

A No. 1 30 0 200 68966
No. 2 30 −15 200 96362

B
No. 3 10 0 150 55697
No. 4 20 0 150 70663
No. 5 30 0 150 68966

C
No. 6 20 0 150 70663
No. 7 20 0 200 70663
No. 8 20 0 250 70663
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3. Results and Discussion

3.1. Chip Formation and Machined Surface. Figure 3 shows
the statistics of chip atomic numbers for diferent cutting
parameters. From Figure 3(a), the number of chip atoms
decreased as the tool edge radius increased. As a result of the
edge efect, the contact surface between the tool and the
workpiece changed as the tool edge radius increased, so that
the tool edge gradually became the main part of the contact

surface. At this point, the extrusion force provided by the
tool started to play a critical role. A growing tool edge radius
can increase the efective negative rake angle of the tool, thus
subjecting the material in front of the tool to a greater
squeezing efect, which in turn suppresses the chip forma-
tion [27]. Te variation of the chip atomic number with the
cutting speed is illustrated in Figure 3(b). It can be observed
that the efect of cutting speed on the chip atomic number
was unstable. Specifcally, when the cutting speed increased
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Figure 1: 2.5D nanocutting model of monocrystalline Cu.
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from v1 to v2, the chip atomic number remained essentially
unchanged, but when the cutting speed increased from v2 to
v3, the chip atomic number decreased signifcantly. Te
distribution of the chip atoms increments between v1 and v2
at the same cutting distance is presented in Figure 3(c),
which corresponds to diferent tool edge radii. Te average
value in the box plot indicated that the chip atom increments
between the two cutting speeds were negligible compared to
the total chip atomic number. Terefore, when the nano-
cutting was performed at v1 or v2 with each tool edge radius,
the numbers of chip atoms were basically identical. Te chip
atoms were evidently reduced when the rake angle rwas −15°
using a tool with an edge radius of 30 nm, as shown in
Figure 3(a). Te reason was that the existence of the negative
rake angle further contributed to the efective negative rake
angle of the tool, which resulted in a reduction of the chip
atomic number. Consequently, the chip formation was re-
markably suppressed under the coupling efect of the in-
creasing edge radius and the negative rake angle of the tool.

Te distribution of atomic displacements along the x-
and y-directions at a cutting distance of 72.9 nm is visualized
in Figure 4 (Simulation No. 3), which refers to the atomic
displacements at a cutting distance of 16.2 nm. Te un-
annotated black arrows in the snapshot represented the
direction of the displacement vectors in the local region, and
the unclosed dashed box corresponded to the workpiece
surface. First, the workpiece atoms near the tool rake face
moved forward along the x-direction accompanied by the
displacement in the y-direction being zero, while the atoms
near the cutting edge started to move downwards and to the
right due to the extrusion and shearing. Ten, as the
nanocutting proceeded, the chips which initially formed on
the rake face began to move upwards to the right under the
friction action, while the atoms under the fank face moved
passively downwards to the right under the extrusion and
frictional forces. At the same time, a small bulge was formed
beneath the fank face under the tensile stress and dis-
appeared with the release of pressure. It can also be observed
that the atoms of the machined surface moved downwards to
the right under the tool extrusion, causing the height of the
machined surface to be obviously lower than the fank face.
No obvious surface recovery was detected, which had a great
diference with the ductile region machining of semi-
conductor materials [28]. Te main explanation for this
diference was that the Cu atoms were bonded by the long-
range metallic bonds, where the interatomic forces were not

prone to disappear, i.e., the Cu-Cu bonds were not easy to
break, which well explained the reason why the side fow
phenomenon and signifcant surface recovery did not occur
on the surface of monocrystalline Cu. Besides, the atoms
within the shear-slip zone ahead of the chip were subjected
to dislocation extensions along [1 1 0] and [11 0], resulting in
a slight slip, which was consistent with the characteristics of
plastic deformation.

3.2. Stress Analysis. Figure 5 shows the distributions of von
Mises stress and the crystal structures in the workpiece using
a tool with an edge radius of 10 nm, which refected the
internal relationship between the atomic stress state and the
crystal structure. Under the shearing and extrusion actions,
there appeared many blocky crystals in front of the tool,
which generated their respective subgrain boundary with
continuous amorphous atoms, further constituting the
subgrains.Te vonMises stress value was maximum (at least
15GPa) at the subgrain boundary (Figure 5(a)). In addition,
many stacking faults along the diferent slip systems
appeared in the subsurface and the shear-slip zone, and their
respective boundaries (i.e., dislocations) were formed with
discontinuous amorphous atoms. Tis result revealed that
the stress value at the dislocations in the subsurface was
obviously larger than that in the nearby region (approxi-
mately 11GPa), while the stress value at the foremost
Shockley partial dislocations was only 8-9GPa. Te reason
was that massive dislocation block networks were generated
at the bottom of the subsurface, which prevented the
movement of the dislocations and accordingly increased the
stress value, as seen in the subgraphs A and B in Figure 5(b).
Meanwhile, under the extrusion action by the tool, many
interstitial atoms were formed and distributed in the three
major deformation zones with a stress range of 12-13GPa,
whereas the stress value at the point defects below the
subsurface deformation zone was about 8.5GPa. As the tool
moved forward, the atoms in the fank friction zone
transformed into the amorphous structure under the ex-
trusion and friction of the fank face, with a stress value of
about 17–19GPa. Notably, the atomic stress distribution
could refect the location of subsurface defects with stress
values of around 10-11GPa. Subsurface defects in Figure 5
were mainly stair-rod dislocations and prismatic dislocation
loops. In contrast to the subsurface defects mentioned above,
there were no signifcant stress distribution characteristics
with a stress value lower than 8GPa because of the more
uniform stress distribution at the stacking faults. Terefore,
the formation of stacking faults could not be determined
only from the perspective of von Mises stress. Te initially
nucleated dislocations moved forward fast in the form of
dislocation extensions. Some dislocations underwent anni-
hilation under the interactions, and the rest eventually
continued to slip in the form of dislocation emission until
they approached the boundary layer, as depicted in
Figures 5(c) and 5(d). Accordingly, from the distribution of
the crystal structures and von Mises stress, it revealed that
a greater shear stress would distribute at the subgrain
boundaries, dislocation lines, interstitial atoms, and

Table 2: 3D nanocutting parameters of monocrystalline Cu.

Parameters Values
Tool crystal structure Cubic diamond
Tool thickness (y-direction) 3.0 nm
Take angle 15°
Flank angle 8°
Cutting direction (0 1 0) [1 0 0]
Cutting distance 25 nm
Cutting depth 4.0 nm
Timestep 2 fs
Relaxation time (NVT) 50 ps
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subsurface defects during nanocutting. In the stable cutting
stage, along with the movement of numerous dislocations,
the plastic deformation of the workpiece occurred mainly
along the horizontal direction, and the depth of the de-
formation layer in the y-direction tended to be stable, with
a maximum depth of about 25-26 nm, as shown in Fig-
ure 5(d). Te reasons for the phenomenon will be explained
in detail in the next section.

3.3. Subsurface Defect Structure. Figure 6 shows the crystal
structure distribution inside the workpiece from simulation
no. 7, where the cutting distance was located at 72 nm. Te
atoms with both diamond and FCC lattice structures were
hidden in order to clearly observe the subsurface defects
distribution. Te HCP, BCC, and other crystal structures
were colored in accordance with that in Figure 5. It was
apparent that the original lattice structures underwent the
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atomic misalignment under the action of accumulated strain
energy, which in turn formed numerous stacking faults and
dislocations, followed by moving along the {1 1 0} <1 1 0>
slip systems. Stacking faults formed by diferent stacking
ways were separated by dislocation lines (i.e., the boundaries
of stacking faults) so that there coexisted multiple crystal
structures inside the workpiece. However, based on the x-
ycross-section view of the crystal structures, only slip di-
rections of the stacking faults could be indicated, but no
close-packed faces and 3D defect structures inside the
subsurface could be detected. Tus, the slip planes and
subsurface defect structures were prominently marked in
Figure 6.

Te dislocation annihilation induced by the interaction
of dislocations below the tool edge was responsible for the
partial recovery of the stacking faults to the original FCC
lattice structure, which further verifed the result that dis-
location annihilation was one of the inducements of dis-
location emission. Many subsurface defect structures,
including prismatic dislocation loops, SFT, V-shaped dis-
locations, interstitial atoms, vacancy defects, and atomic
clusters, were formed inside the workpiece under the in-
teraction of various oriented stacking faults, which seriously
afected the service life of the workpiece and the dimensional
accuracy of the machined surface. Several typical subsurface
defects during nanocutting of 2.5Dmonocrystalline Cu were
depicted in Figure 7 to present their formation principles.

To clearly present the distribution of various dislocations
and their interactions, the DXA method was employed to
display the distribution of the dislocations and subsurface
defect structures, as shown in Figure 8. Te blue defect
meshes represented the defect surfaces and subgrain
boundaries. During the movement of the dislocations,
a perfect dislocation had to be decomposed into two
Shockley partial dislocations, enabling the consumed energy
to be lower, which was called dislocation extension. Te
extended dislocation was made up of two Shockley partial
dislocations, and the stacking faults sandwiched between
them. Te dislocation reactions followed the rule from
equation (3). From Figures 7 and 8, it was evident that SFT
was composed of six stair-rod dislocations. Lomer–Cottrell

(L-C) dislocation and Hirth obstruction consisted of two
extended dislocations and one stair-rod dislocation or Hirth
dislocation, respectively. Te diference between these two
forms of sessile dislocation confguration was that the angle
between the two stacking faults connected to the stair-rod
dislocation was distinct from that connected to the Hirth
dislocation (acute and obtuse angle, respectively) [21]. In
this study, the Tompson tetrahedron was adopted to de-
scribe the dislocation reactions for the FCC lattice structure
[29]. Te formation of the two dislocation confgurations
mentioned above followed the reaction laws of equations (4)
and (5).Te prismatic dislocation loop contained at least one
L-C dislocation. Te V-shaped dislocation comprised two
extended dislocations and one sessile or perfect dislocation,
where the two stacking faults generally extended towards the
free surface and formed atomic-level steps. Although the
vacancy defects can cause distortion of the lattice structure,
the crystal free energy would be reduced accordingly with
their consecutive formation, enabling the crystal structure to
reach a stable state again.

1
2

[1 1 0]⟶
1
6

[1 2 1] +
1
6

[2 1 1], (3)

δA + Ac⟶ δcBδ + cB⟶ δy, (4)

Ac + δB⟶
cδ

ABcB
+ Aδ⟶

cδ
AB

, (5)

where A and B are the two vertices on the Tompson tet-
rahedron; c and δ are the face centers on the Tompson
tetrahedron, which are used to represent the Burgers vectors
of Shockley partial dislocations and the sessile dislocations.

Note that there were many dislocation networks at the
boundaries of the subsurface deformation zone, which re-
strained the expansion of the subsurface deformation zone
into the interior of the workpiece, thus greatly suppressing
the plastic deformation. Tis was also the reason why the
depth of the subsurface deformation zone in Figure 5 was
stable at 25-26 nm. In contrast, the dislocation extension
along the x-direction was very fast. Te reasons were as
follows: frst, monocrystalline Cu had extremely high duc-
tility and was sensitive to plastic deformation due to its
deformation mechanism of shear slip. Second, the tool only
moved linearly along the x-direction, and the tangential
force was apparently dominant. Tird, the motion of the
dislocations and their interaction became more complex due
to the large cutting parameters used in this study. Te pe-
riodic boundary conditions allowed the stacking faults,
which should move along the z-direction, to accumulate in
front of the chip, so as to inevitably accelerate the rate of
dislocation extension.

3.4. Evolution of the Prismatic Dislocation Loop. Because the
complete 3D morphology of the subsurface defect structures
cannot be detected from the aforementioned results, 3D
simulations were conducted to explore the evolution of
complete subsurface defects inside the workpiece. Figure 9
shows the atomic structure and dislocation composition of

y

zx

Point defects

Prismatic
dislocation loop

Vacancy defects
and atomic clusters

SFT

Figure 6: Te crystal structure distribution at a cutting distance of
72 nm inside the workpiece by the CNA method.
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the prismatic dislocation loop. Te prismatic dislocation
loop was a plane defect that generated by the cross-slip of
four stacking faults A, B, C, and D along their respective slip
systems. Meanwhile, the sessile dislocations in the dislo-
cation loop and the extended dislocations on each side
constituted two dislocation confgurations, that is, L-C
dislocation and Hirth obstruction.

Te formation of the prismatic dislocation loop inside
the subsurface during nanocutting was analyzed by DXA
as shown in Figure 10. Te diferent types of dislocations
were distinguished by their corresponding colors, as listed
in Table 3. It can be seen that when the cutting distance
reached 4.4 nm (Figure 10(a)), diverse stacking faults in
the shear-slip zone exhibited signifcant slip and move-
ment along the {1 1 1} <1 1 0> systems due to the shearing
and extrusion action from the tool. During the dislocation
extension process, the two stacking faults (1 1 1) and (1
1 1) merged together at node M, and the faces A and B
were formed at this time. A set of stair-rod dislocations

with opposite directions but the same Berger vector di-
rection appeared, and then, two sets of L-C locks were
formed combined with the extended dislocations con-
nected to them. Numerous bulges were produced as the
dislocations extended to the free surface, accompanied by
a certain degree of surface recovery on the machined
surface. When the cutting distance reached 6.6 nm
(Figure 10(b)), the two Shockley partial dislocations on
face B were combined with the newly generated extended
dislocation (1 1 1) to form a node G. At the cutting
distance of 7 nm (Figure 10(c)), these two intersecting
stacking faults led to a Hirth dislocation at node G
according to equation (6), and face C began to form. Until
the cutting distance reached 8.6 nm (Figure 10(d)), the
three intersecting stacking faults presented no signifcant
variation. Besides, four nodes, H, M, G, and I, were
generated at both ends of the extended dislocations on the
faces A, B, and C. Note that the reappearance of the node
G may be caused by the dislocation reaction between the
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Shockley partial dislocation and the Hirth dislocation
under the stress action. As seen in Figure 10(e), a 1/3 [0
0 1] Hirth dislocation was reformed at node G by equation
(7). Under the interaction between dislocations, an L-C
lock appeared around this sessile dislocation, where the
1/6 [1 1 0] stair-rod dislocation was formed by the in-
teraction between two Shockley partial dislocations whose
Burgers vectors were 1/6[2 1 1] and 1/6 [121], respectively.
It was also found that the stair-rod dislocation connected
to node J was transformed into a Shockley partial dislo-
cation under the shear stress, leading to a merging of four
Shockley partial dislocations (Figure 10(f )). Te two
sessile dislocations together with the intermediate ex-
tended dislocations constituted face D. At this time, face D
had not been completely detached from the dislocation
group until the cutting distance reached 9.2 nm

(Figure 10(g)). In addition, at the cutting distance of
9.0 nm, a new stair-rod dislocation was formed at node I
on face C with a Berger vector of 1/6 [1 1 0]. Simulta-
neously, a certain Shockey partial dislocation on the L-C
lock connected to face D was merged with another one to
face C at node K. Subsequently, as shown in Figure 10(g),
the two Shockley partial dislocations separated from
node K and combined into a new dislocation after the
dislocation reaction. Because the Berger vectors were
opposite in pairs, the remaining dislocations at node K
merged into another Shockley dislocation on face C with
the Burgers vector of 1/6 [121]. Similarly, as the tool
moved to 9.4 nm (Figure 10(h)), the two Shockley partial
dislocations with 1/6 [2 1 1] and 1/6 [21 1] on both L-C
lock in the face D and the incomplete face C also detached
from their original nodes and then merged into a new

(g) (h)

(i) (j)

Figure 10: Te evolution of prismatic dislocation loop at the cutting distances of (a) 4.4 nm, (b) 6.6 nm, (c) 7 nm, (d) 8.6 nm, (e) 8.8 nm,
(f ) 9.0 nm, (g) 9.2 nm, (h) 9.4 nm, (i) 10 nm, and (j) 12 nm.

Table 3: Dislocation types and their Berger vectors inside the subsurface of Cu.

Dislocation types Berger vector Color

Perfect dislocation 1/2 <1 1 0>
Shockley partial dislocation 1/6 <1 1 2>
Frank partial dislocation 1/3 <1 1 1>
Stair-rod dislocation 1/6 <1 1 0>
Hirth dislocation 1/3 <1 0 0>
Other —
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Shockley partial dislocation with the Burgers vector of 1/6
[211]. So far, the face C with a closed-packed face of (1 1 1)
was completely formed, which interacted with the
stacking faults on the {1 1 1} slip planes to form the
prismatic dislocation loop. As the cutting proceeded to
10 nm (Figure 10(i)), it was evident that the dislocation
group showed a shrinking trend on the whole, indicating
that the formation of the dislocation loop hindered the
dislocation multiplication and movement. Finally, this
kind of surface defect migrated to the workpiece bottom
along the slip direction [11 0] under the mutual repulsion
of the dislocation group, by observing the morphology
and position of the prismatic dislocation loop
(Figure 10(j)).

1
6

[1 2 1] +
1
6

[1 2 1]⟶
1
3

[0 0 1], (6)

1
6

[2 1 1] +
1
6

[2 2 1]⟶
1
3

[0 0 1], (7)

1
6

[001] +
1
6

[2 1 1]⟶
1
6

[2 1 1]. (8)

To further study the evolution of the prismatic dislo-
cation loop, its annihilation process during nanocutting
was analyzed as shown in Figure 11. When the cutting
distance reached 15 nm (Figure 11(k)), compared to the
result in Figure 10(j), it started to move towards the

(k) (l)

(m) (n)

(o) (p)

Figure 11: Te annihilation process of the prismatic dislocation loop at the cutting distance of (k) 15 nm, (l) 15.2 nm, (m) 15.4 nm,
(n) 15.8 nm, (o) 16 nm, and (p) 18 nm (the order number of a subgraph is continuous with that in Figure 10).
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dislocation group along the [1 1 0] direction. Under the
shear stress, as the prismatic dislocation loop moved up-
wards and interacted with the dislocation group, the
suppression efect of sessile dislocations on the dislocation
slip was greatly weakened. From Figures 11(l) and 11(m),
the 1/6 [1 2 1] Shockley partial dislocation, which con-
nected to the 1/3 [0 0 1] Hirth dislocation, closest to the
dislocation group on the dislocation loop encountered the
extended dislocation in the dislocation group at node N
and was disconnected at node N by the action of the
dislocation forest. Subsequently, the length of the 1/3 [0
0 1] Hirth dislocation line was reduced from 29 to 9 Å
because it was transformed into two Shockley partial
dislocations under the shear stress, according to the dis-
location reaction in equation (8). As the dislocation loop
moved upwards, a part of the original Shockley partial
dislocations at the annihilated node O (Figure 11(l))
merged into a new Shockley partial dislocation with the
Burgers vector of 1/6 [21 1], which would become a part of
the next newly generated face E.Te rest part annihilated in
the dislocation group so that a part of the stacking faults
was recovered to the FCC structure (Figure 11(m)). From
Figures 11(n) and 11(o), under the interaction between
dislocations, a new stacking fault, namely, face E (1 1 1), was
inserted on the preexisting dislocation loop, which was the
same as the crystal face where face A located on, with node
P as the demarcation. Later, the dislocation loop eventually
annihilated into the dislocation group and moved with it
(Figure 11(p)).

4. Conclusions

Multiple nanocutting simulations of monocrystalline Cu
were conducted by MDs in this paper. Not only the efect of
simulation parameters, such as the tool edge radius, rake
angle, and cutting speed, on the formation of chips and the
machined surface was investigated but also the structural
composition of various typical subsurface defects was
revealed. Also, the evolution of the prismatic dislocation
loop was studied in depth. Te main conclusions are
summarized as follows.

(1) Te chips and machined surface of monocrystalline
Cu are mainly formed under the coupling efect of
shearing and extrusion forces. In nanocutting, a di-
amond tool with a larger edge radius or a larger
negative rake angle can produce a noticeable sup-
pression of the chip formation.

(2) Te surface recovery of plastic material is caused by
the motion of partial dislocations towards the free
surface, while, for the brittle material, it is induced by
the motion of amorphous atoms towards the ma-
chined surface. Tis distinction is determined by the
bonging form among atoms inside the two materials.

(3) In nanocutting of monocrystalline Cu, there exist
many defective structures inside the subsurface,
which has a serious impact on the surface mor-
phology and subsurface quality, which is the internal
factor of the work-hardening efect.

(4) Te corresponding relationship between the location
of defect atoms and the distribution of von Mises
stress indicates that the shear stress would be larger
at the subgrain boundaries, dislocation lines, and the
amorphous atoms than that in their nearby regions.
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