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and Wolfgang Maus-Friedrichs
Volume 2006, Article ID 63154, 6 pages



Ferromagnetic Nanostructures Incorporated in Quasi-One-Dimensional Porous Silicon Channels
Suitable for Magnetic Sensor Applications, P. Granitzer, K. Rumpf, and H. Krenn
Volume 2006, Article ID 18125, 7 pages

Gas Sensors Based on Tin Oxide Nanoparticles Synthesized from a Mini-Arc Plasma Source, Ganhua Lu,
Kyle L. Huebner, Leonidas E. Ocola, Marija Gajdardziska-Josifovska, and Junhong Chen
Volume 2006, Article ID 60828, 7 pages

Effect of Pressure on Synthesis of Pr-Doped Zirconia Powders Produced by Microwave-Driven
Hydrothermal Reaction, A. Opalinska, C. Leonelli, W. Lojkowski, R. Pielaszek, E. Grzanka, T. Chudoba,
H. Matysiak, T. Wejrzanowski, and K. J. Kurzydlowski
Volume 2006, Article ID 98769, 8 pages

Epoxy-Carbazole Polymeric Network Nanolayers for Organic Light-Emitting Devices, Jin-Woo Park,
Eung-Kyoo Lee, Myon Cheon Choi, Hwajeong Kim, Jihwan Keum, Chang-Sik Ha, and Youngkyoo Kim
Volume 2006, Article ID 46787, 8 pages

Incorporation of Vanadium Oxide in Silica Nanofiber Mats via Electrospinning and Sol-Gel Synthesis,
Jeanne E. Panels and Yong Lak Joo
Volume 2006, Article ID 41327, 10 pages



Hindawi Publishing Corporation
Journal of Nanomaterials
Volume 2006, Article ID 48548, Pages 1–2
DOI 10.1155/JNM/2006/48548

Editorial
Nanoporous and Nanostructured Materials for Catalysis,
Sensor, and Gas Separation Applications

Songwei Lu

Glass Technology Center, PPG Industries, Inc., Pittsburgh, PA 15238-0472, USA

Received 31 December 2006; Accepted 31 December 2006

Copyright © 2006 Songwei Lu. This is an open access article distributed under the Creative Commons Attribution License, which
permits unrestricted use, distribution, and reproduction in any medium, provided the original work is properly cited.

Nanostructures in the form of thin films, nanoparticles, na-
noporous materials, nanocomposites, and bulk nanocrys-
talline materials are of interest both for basic scientific re-
search and technological applications as their properties are
dominated by the extremely large specific surface areas. Such
surfaces have generally unique properties which greatly dif-
fer from those of bulk materials, and which may even ac-
quire characteristic size dependence at the nanometer scale.
Because of the high surface-to-volume ratio, local phenom-
ena, such as adsorption or changes in the surface electronic
state, may contribute significantly to the overall properties
of the materials. The detailed understanding of nanoporous
materials and nanostructured materials defines challenges
in basic science, not only in synthesis but also with respect
to characterization and modeling, for instance, of surface-
related properties. In addition, these nanomaterials have an
immense potential for technological applications in chemical
production, environmental control, photovoltaic and energy
systems.

This special issue of Journal of Nanomaterials titled
“Nanoporous and nanostructured materials for catalysis,
sensor, and gas separation applications” is based in part on
papers submitted to the Materials Research Society (MRS)
2005 Spring Meeting, Symposium R “Nanoporous and nano-
structured materials for catalysis, sensor, and gas separa-
tion applications,” organized by Songwei Lu of PPG Indus-
tries, Inc., Horst Hahn of Technical University of Darm-
stadt, James Gole of Georgia Institute of Technology, and
Jörg Weissmüller of Research Center Karlsruhe. The sympo-
sium was financially supported by the donors of the Ameri-
can Chemical Society Petroleum Research Fund and PPG In-
dustries, Inc.

This special issue with a total of fifteen papers covers a
wide range of topics related to nanoporous and nanostruc-
tured materials for catalysis and sensor applications, ranging

from basic to applied materials research and focusing on syn-
thesis, functionalization, processing, characterization, and
applications. Among fifteen papers, nine papers were pre-
sented in the Symposium R during the MRS 2005 Spring
Meeting, and six papers are from open call for papers for
the special issue. It divides into four sessions: nanostruc-
tured materials for catalysis and photocatalysis applications;
nanoporous materials; nanostructured materials for sensor
applications; and nanomaterials synthesis and other applica-
tions.

The first session includes five papers focusing on nanos-
tructured materials for catalysis and photocatalysis applica-
tions. The first paper “Ni hollow nanospheres: preparation
and catalytic activity” by Kaifu Zhong et al. demonstrates
a method to prepare monodispersed silica nanospheres as
templates for fabrication of nickel-silica composite hollow
spheres, which display relative high activity and selectivity
in acetone hydrogenation, showing potential applications as
nanocatalysts. In “Fractal dimension of active-site models
of zeolite catalysts,” F. Torrens and G. Castellano. calculated
the active-site of zeolite catalysts and compared other calcu-
lation methods. While most of research focused on photo-
catalysis in UV region, Sesha S. Srinivasan et al. in their two
papers explored the visible-light photocatalytic activities of
TiO2−ZnFe2O4 nanoparticles and CdS-TiO2 nanocomposite
materials. Huifang Xu et al. described synthesis and photo-
catalytic property of titania nanotubes in their paper “Photo-
catalytic oxidation of acetaldehyde using titanium oxide nan-
otubes.”

The second session with a topic of “nanoporous mate-
rials” includes four papers. Helmut Föll et al. in their pa-
per “Porous and nanoporous semiconductors and emerg-
ing applications” briefly review pore formation, properties
of porous semiconductors and emerging applications. The
paper “Atomic layer deposition for the conformal coating of
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nanoporous materials” by Jeffrey W. Elam et al. used atomic
layer deposition (ALD) to apply precise, conformal coat-
ings over nanoporous anodic aluminum oxide (AAO) mem-
branes and silica aerogels, which may have a great promise
as hydrogen sensors. In “Size-dependent specific surface area
of nanoporous film assembled by core-shell iron nanoclus-
ters,” Jiji Antony et al. presented synthesis and character-
ization of stable monodispersed iron-iron oxide core-shell
nanoporous films, which may have applications in remedi-
ation and environmental treatments using their large surface
area. In addition, T. T. Zhuang et al. described the capability
of capturing volatile nitrosamines in airstreams using various
modified zeolite in their paper titled “New development in
nanoporous composites: novel functional materials for cap-
turing nitrosamines in airstreams.”

The third session including three papers is “nanostruc-
tured materials for sensor applications.” Florian Voigts et
al. reported a potential high-temperature oxygen sensor ma-
terial using undoped and 1 at % Nb-doped strontium ti-
tanate nanoparticle films in their paper titled “Synthesis and
characterization of strontium titanate nanoparticles as po-
tential high-temperature oxygen sensor material.” The pa-
per titled “Ferromagnetic nanostructures incorporated in
quasi-one-dimensional porous silicon channels suitable for
magnetic sensor applications” by Petra Granitzer et al. de-
scribes a novel fabrication method for porous silicon/Ni-
nanocomposite system which exhibits a twofold switching
behavior of the magnetization curve at two different field
ranges, indicating a possible application as a high magnetic
field sensor based on a silicon technology. In “Gas sensors
based on tin oxide nanoparticles synthesized from a mini-arc
plasma source,” Ganhua Lu et al. reported on the fabrication
and characterization of a functional tin oxide nanoparticle
gas sensor, exhibiting a fast response and a good sensitivity.

The last session “nanomaterials synthesis and other ap-
plications” includes three papers: “Effect of pressure on syn-
thesis of Pr-doped zirconia powders produced by microwave-
driven hydrothermal reaction” by Agnieszka Opalinska et
al. describing a microwave hydrothermal synthesis of Pr-
doped zirconia nanocrystals; “Epoxy-carbazole polymeric
network nanolayers for organic light-emitting devices” by
Jin-Woo Park et al. regarding organic light-emitting devices;
and “Incorporation of vanadium oxide in silica nanofiber
mats via electrospinning and sol-gel synthesis” by J. E. Panels
and Y. L. Joo outlining a unique synthesis method for vana-
dium oxide-silica nanofibers.

Songwei Lu
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Ni Hollow Nanospheres: Preparation and Catalytic Activity
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A method to prepare monodispersed silica nanospheres as templates for fabrication of nickel-silica composite hollow spheres
is presented. The structures for both silica nanospheres and nickel-silica composite hollow spheres were characterized by X-ray
diffraction (XRD), transmission electron microscopy (TEM), and scanning electron microscopy (SEM). The catalytic activity
for acetone hydrogenation on nickel-silica composite hollow spheres was evaluated, and high conversion efficiency of 70% with
good selectivity of 82.7% to 2-propanol was observed. The mechanism of high catalytic activity and good selectivity in acetone
hydrogenation reaction was discussed.

Copyright © 2006 Kaifu Zhong et al. This is an open access article distributed under the Creative Commons Attribution License,
which permits unrestricted use, distribution, and reproduction in any medium, provided the original work is properly cited.

1. INTRODUCTION

It is well known that properties of materials inherently as-
sociate with their morphologies and sizes. Shape and size of
tunable materials are desirable for many applications, such as
catalysis, medicine, electronics, ceramics, pigments, and cos-
metics [1–6].

Recently, monodispersed nanospheres with the unique
chemical and physical properties have attracted much at-
tention. Specifically, silica nanospheres have been extensively
studied, as they can be easily prepared and simply modified
to dope selectively or attach functional groups. Recent re-
searches on monodispersed silica nanospheres are expanding
rapidly to assemble nanospheres in two-dimensional (2D)
and three-dimensional (3D) ordered superstructures, such
as preparation of photonic crystals [7]. A key requirement
to successfully produce such spatially ordered structure is
the preparation of highly monodispersed silica nanospheres.
In addition, silica nanospheres have wide practical applica-
tions in labeling technology, [8] separation technologies [9],
and biomedicine. For the purpose of achieving specific phys-
ical, chemical, or biological performance, monodispersed
nanospheres are often used as templates to prepare core-shell
nanostructures or hollow nanospheres. The common way to
prepare hollow spheres is to encapsulate nanospheres such
as silica or polystyrene spheres with nanocrystals, followed
by removal of the templates by utilizing acid or base etching
[10, 11].

In the previous work, we have reported a coating pro-
cess to prepare nickel-silica composite hollow nanospheres

(650 nm in outer diameter) with controllable shell thickness
in large-scale. The shell with porous structure consists of
needle-like nickel nanoparticles with an average size of 15 nm
[12]. It has been reported that particle dimension of metal
catalyst strongly influences catalytic activity and selectivity
[13]. In order to investigate the activity and selectivity of
nickel-silica composite hollow nanospheres in heterogeneous
catalysis reaction, we have performed acetone hydrogenation
reaction using the as-prepared catalyst at temperatures rang-
ing from 180 to 220◦C, which exhibits good catalysis and
high selectivity. In this paper, we further discuss the im-
provement of preparing monodispersed silica nanospheres
and silica-nickel nanocomposite hollow spheres, the results
of acetone hydrogenation, and its reaction and our explana-
tion of the reaction mechanism.

2. EXPERIMENTAL

2.1. Preparation of monodispersed silica nanospheres

We have synthesized monodispersed silica nanospheres by
tetraethyl orthosilicate (TEOS) hydrolysis as reported else-
where [12]. The method to prepare silica nanospheres is not
exactly the same as reported by Stobber et al. [14]. They
used the gaseous ammonia saturated ethanol as solvent to
control concentration of ammonia, while H2O was added
later. In our experiment, we chose aqueous ammonia solu-
tion as the source for ammonia and added TEOS solution
dropwise into the aqueous ammonia. The main advantage
of this method is to simplify the preparation of base reagent
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Figure 1: (a), (b) TEM images of bare silica nanospheres with a diameter of approximately 500 nm, (c) SEM image of monodispersed silica
nanospheres, which is in good agreement with the observation of TEM.

(ammonia solution) and keep the same concentration of
aqueous ammonia. The adverse factor is the extra addition
of water, which has a great influence on the nucleation and
growth of silica nanospheres. During the experiment, we also
have investigated the influence of main reagents on prepara-
tion of monodispersed silica nanospheres by changing con-
centrations of ammonia and TEOS.

2.2. Preparation of SiO2/Ni3Si2O5(OH)4 core-shell
structures and nickel-silica hollow spheres

The simple description of preparation of nickel-silica hol-
low spheres, the characterization of samples such as X-ray
fluorescence analysis, dimethyl glyoxime gravimetric anal-
ysis, X-ray diffraction (XRD), transmission electron mi-
croscopy (TEM), scan electron microscopy (SEM), N2 ad-
sorption/desorption isotherm data, and pressure compo-
sition measurement (PCT) have been reported elsewhere
[12]. Samples were analyzed by Shimadzu XRF-1800 (40 kv
95 mA) X-ray fluorescence spectrometer. XRD patterns were
recorded using a Rigaku (Japan) D/max-γA X-ray diffrac-
tometer equipped with graphite monochromatized Cu K-
alpha radiation (λ = 1.54178 Å). SEM, TEM images, and
electron diffraction (ED) were taken on Hitachi X-650 SEM
and Hitachi H-800 TEM. Nitrogen adsorption isotherms of
samples were measured by an ASAP 2010 volumetric sorp-
tion analyzer with an additional option for micropore analy-
sis.

In this section, in order to find out the optimal way to
prepare nickel-silica hollow spheres, we have investigated
the influences of reaction order, morphology, and perfor-
mance of samples through a series of controlled experiments.
The process of coating nickel shells on silica templates was
achieved by using homogeneous precipitation of slowly de-
composing urea in nickel nitrate solution [12]. In order to
better understand the reaction, we carried out the same re-
action in the solution system without any silica nanosphere,
at the same time we kept concentration of reagents, time,
and temperature of reaction unchanged. The composition
and phase of samples were analyzed by XRD. In addition,

we used commercial silica nanospheres on micron scale as
templates to prepare core-shell nanostructures, characterized
morphology, and relevant properties of final samples com-
pared to that of using the as-prepared silica nanospheres.

2.3. Acetone hydrogenation on nickel-silica
hollow nanospheres

Acetone hydrogenation at 100, 150, and 200◦C with silica-
supported Pd, nickel-silica composite hollow spheres, and
Pd-precipitated composite hollow spheres was carried out
[12]. Emphasis has been placed on selectivity of catalysts
at 200◦C and mechanism of acetone hydrogenation using
nickel-silica hollow spheres.

3. RESULTS AND DISCUSSION

3.1. Synthesis of monodispersed silica nanospheres

As shown in Figures 1(a) and 1(b), silica nanospheres having
uniform size and spherical morphology have been synthe-
sized. Preferably monodispersed nanospheres with diameter
of approximately 500 nm can be obtained through hydroly-
sis and polycondensation of TEOS. The direct SEM observa-
tion of the surface of silica nanosphere samples is shown in
Figure 1(c), which is in good agreement with TEM images in
Figures 1(a) and 1(b).

It has been suggested that ammonia as catalyst has an
ability of controlling the morphology of silica nanospheres
[14]. It is very important to keep constant concentration
of ammonia in the overall process in order to synthesize
monodispersed silica nanospheres. We studied the differ-
ent sequences of adding reagents: adding ammonia dropwise
into TEOS system or adding TEOS dropwise into ammonia
system. Figure 2 shows SEM images of silica nanospheres ob-
tained from choosing different sequences of adding reagents.
The results showed that the first method was not as good
as the second method to prepare monodispersed silica
nanospheres. Two possible reasons might explain the phe-
nomenon: one is that the first step of synthesizing silica
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(a)

6 μm

(b)

Figure 2: SEM images of silica nanospheres obtained from different
sequences of adding reagents: (a) from adding ammonia dropwise
into TEOS system; (b) from adding TEOS dropwise into ammonia
system.

spheres is hydrolysis of TEOS. Adding ammonia into TEOS
system inevitably brings some amount of water, which
greatly affects the rate of TEOS hydrolysis, and finally results
in the multidispersion of final particles. The other possible
interpretation is ammonia’s ability of controlling morphol-
ogy of nanoparticles. In the first method, concentration of
ammonia in the system ranges greatly at different stages of
the reaction, resulting in different abilities of controlling the
shape of silica nanoparticles. This leads to the appearance of
the elliptical and other irregular shapes of silica nanoparti-
cles. We also found that it is not easy to control the ratio of
reagents, adjust the parameters to the optimal condition, and
control the size and uniformity of particles when we choose
the first method. At the same time, it is easy to gelate by form-
ing silica network structure, and finally unable to obtain the
regular shape of nanoparticles. In the second method, the
variation of ammonia concentration is relatively low when
adding TEOS into the system. Therefore, the second method
is more preferable for synthesizing the monodispersed silica
nanospheres.

In order to investigate the influence of reagent ratio, we
used different concentrations of ammonia and TEOS. First,
ammonia with a concentration of 1 mol/L was introduced to
the TEOS system, which resulted in a very slow hydrolysis of
TEOS. The solution system finally became an azury silica sol
with irregular particles. When using high ammonia concen-
tration of 25% and 28%, spherical silica particles were ob-
tained. This indicated the critical catalytic effect of ammonia
on hydrolysis of TEOS and controlling morphology of silica
nanospheres. Second, we altered the concentration of TEOS
while remaining other conditions unchanged. Figure 3 shows
SEM images of silica nanospheres obtained from using differ-
ent concentrations of TEOS in the reaction system of 20 ml.
We observed that the size of silica nanospheres increase with
increasing TEOS concentration. In addition, nonspherical
particles became more and more with increasing TEOS con-
centration. The appearance of irregular silica particles could
be explained by different growth rates of particles during the
reaction.

3.8 μm

(a)

3.8 μm

(b)

Figure 3: SEM images of silica nanospheres obtained from us-
ing different concentrations of TEOS, (a) 1.5 mL TEOS, (b) 3.0 mL
TEOS.

3.2. Preparation of SiO2/Ni3Si2O5(OH)4 core-shell
structures and nickel-silica hollow nanospheres

In the control experiment, XRD profile of samples obtained
from decomposing urea in nickel nitrate solution without
any silica nanosphere at a constant temperature of 95◦C is
given in Figure 4(a). XRD analysis indicates that the pre-
cipitate is poor crystalline hexagonal α-3Ni(OH)2 · xH2O
(JCPDS no. 22-0444), with a growth orientation at (001).
Figure 4(b) shows thermal decomposition result of the pre-
cipitates from 0 to 1000◦C under ambient atmosphere. The
weight loss (4%) at about 66◦C may be attributed to the
evaporation of adsorbed water. There is a weight loss of 24%
at approximately 344◦C which may be connected with de-
composition of nickel hydroxide. XRD pattern of the heat-
treated sample is given in Figure 5(a). All of detectable
peaks are consisted with those of NiO phase. TEM results
in Figure 5(b) indicated NiO nanocrystals with a length of
50 nm and a width of 10–25 nm. The appearance of par-
tial diffraction spots in selected electron diffraction image
(Figure 5(c)) indicated the improvement of NiO crystallinity.
In order to further compare our experiment, we performed
the reduction of NiO powders in H2 atmosphere at high tem-
perature. XRD analysis of the final samples confirmed cubic
nickel particles, whose sharp peaks indicated further growth
of NiO after high temperature treatment.

When we choose monodispersed silica nanospheres or
commercial silica nanospheres as templates to synthesize
nickel-silica hollow spheres, the process of reaction and
properties of samples will alter greatly, which probably at-
tributes to the mutual interaction between catalyst and silica
templates [15]. Prokes et al. [16] pointed out that the concen-
tration of SiOH groups on surface of silica particles can influ-
ence bonding of metal complexes to the surface, and the sub-
sequent morphology of a created, decorated metal ion sur-
face. Hereon, we mainly discuss the as-prepared silica tem-
plates’ function in surface deposition and prosperities of final
samples.
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Figure 4: XRD profile (a) and thermogravimetric curve (b) of precipitates obtained from decomposing urea in nickel nitrate solution
without any silica nanospheres.
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Figure 5: XRD pattern (a), TEM image (b), and selected electron diffraction pattern (c) of heat-treated samples prepared from Ni(OH)2.

We used the homogeneous precipitation [15] of slowly
decomposing urea at above 70◦C in nickel nitrate solution to
coat sediments on the surface of silica. With the presence of
silica spheres in the solution system, hydrosilicate will form
through reaction between Ni(OH)2 and SiO2. The merit of
selecting homogeneous precipitation is that nickel particles
have an excellent colloidal dispersion which may influence
the activity and selectivity of acetone hydrogenation. This
preparation method also considerably affects the thermal sta-
bility of crystal particles, because sintering growth of crystal
particles mainly depends on the initial-dimensional disper-
sion of crystals.

The as-prepared silica nanospheres in our experiment
on nano-scale can easily react with nickel ion or Ni(OH)2

by precipitating on the surface of silica particles compared
to commercial silica nanospheres on micron scale, due to
the better solubility and higher concentration of hydroxyl
groups on the surface of silica nanospheres. In the experi-
ment, nucleation and deposition only occur on the surface

of silica nanospheres rather than in solution system based
on the actual reaction phenomenon. First, if deposition takes
place in solution system, final samples inevitably consist of
the separate Ni(OH)2 sediments and the shells of Ni(OH)2

on surface of silica. However, under observation of electronic
microscope, except the abundant core-shell particles, it does
not contain any separate Ni(OH)2 particle with size of 25–
50 nm, which appeared in the control experiment, the solo
preparation of Ni(OH)2 without any silica nanosphere as dis-
cussed above. The possible explanation is that the continuous
dissolved silica or hydroxyl groups on surface of nanospheres
react with nickel ion eventually form indissoluble nickel hy-
drosilicate to adhere to the spherical particles. From TEM
image (Figure 6), we can obviously observe the shell struc-
ture, which is accumulated by nanoparticles, totally differ-
ent from the smooth surface of silica before coating. We also
found that the shell with some thickness gradually separates
from the sphere as a result of fuzz on the shell. The thickness
of shell and the length of fuzz increase correspondingly with
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Figure 6: TEM photograph of silica/nickel hydrosilicate core-shell
structure.
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Figure 7: Thermogravimetric curve of silica/hydrosilicate core-
shell particles.

the times of coating. In addition, the chemical composition
of the shell structure is not a simple Ni(OH)2 but nickel hy-
drosilicate, XRD analysis of the heated composite core-shell
spheres indicates no obvious physical structure alteration of
the shell.

Figure 7 shows the thermal decomposition result of sil-
ica/hydrosilicate core-shell particles under ambient atmo-
sphere. The weight loss of 9% at about 58◦C and 5% at ap-
proximately 135◦C may be associated to water desorption
on silica. However, the decomposition of nickel hydroxide
at 343◦C is not obvious in Figure 8, probably because of the
thermal stability of nickel hydrosilicate at this temperature.

Besides, the more important influence is that core-shell
nanostructures using, the as-prepared silica nanospheres
are less reducible, compared with simplex nickel hydroxide
or commercial silica supported samples. We have carried
out the deoxidization of silica/nickel hydrosilicate compos-
ite spheres through pure H2, which could not be completely
reduced even at 550◦C. However, after removing silica cores,
the shells are easier to be reduced even at 450◦C. The expla-

200 nm

(a)

200 nm

(b)

Figure 8: TEM images of nickel-silica hollow nanospheres (a) re-
duction after removing silica cores, (b) removing silica cores after
reduction [12].

nation is that the low interaction between silica and nickel or
nickel ion [12]. In order to weaken the interaction between
shell and silica sphere, reduce the shell more completely and
keep the porous surface, we prepared nickel-silica hollow
spheres by removing cores before the process of deoxidiza-
tion.

Our previous work [12] showed the distinctive mor-
phology of nickel-silica hollow nanospheres through differ-
ent sequences of reduction and etching (Figure 8). From
Figure 8(a), we observe that preparing nickel-silica hollow
nanospheres by reduction after removing silica cores reserves
the fuzz structure of the shell and produces large specific sur-
face area, which implies the potential application in gas het-
erogeneous catalysis. Compared to the former samples, the
fuzz structure (Figure 8(b)) on the surface of nickel-silica
hollow nanospheres prepared by removing silica cores after
reduction has been destroyed, the shell also becomes denser.
No matter the sequence of etching and reduction, both in-
volved the process of etching silica cores. In order to keep the
morphology of hollow spheres, we should control the con-
centration of base solution as shown in Figure 9(b), other-
wise the shape of hollow sphere is distorted or broken up,
even collapse as shown in Figure 9(a).

Consequently, considering the efficiency of reduction,
the morphology, and property of samples, we should choose
the way of preparing nickel-silica composite hollow spheres
by removing silica cores before reduction.

3.3. Acetone hydrogenation using nickel-silica hollow
nanospheres as catalyst

Recent works have been carried out on activity and selectiv-
ity of nickel-silica hollow nanospheres in acetone hydrogena-
tion reaction with resultant samples typically 2-propanol,
methyl isobutyl ketone (MBIK), methyl isobutyl carbinol
(MIBC), and disopropyl ether (DIPE). Unnikrishnan and
Narayanan [17] have reported superior Ni/Al2O3, Co/Al2O3,
and layered double hydroxides or hydrotalcite-like com-
pounds such as NiMgAl, CoMgAl to prepare 2-propanol,
and MBIK with high selectivity and conversion at a relatively
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Figure 9: TEM images of samples from choosing different concen-
trations of NaOH to remove silica cores: (a) NaOH 5 mol/L; (b)
NaOH 0.5 mol/L.

low temperature of 100◦C. Even though Ir(0)n nanoclusters
plus HCl from Saim Özkar’s recent work [18] can achieve
selectivity of 95% to 2-propanol with nearly 100% acetone
conversion at low temperature of 22◦C, the main drawback
is the limited catalytic lifetime due to nanocluster precipi-
tation. While in our work, nickel-silica hollow nanospheres
show relative high conversion of 70% and selectivity of 82.7%
to 2-propanol and 13.8% to MBIK. Compared to the Gan-
dia et al. [13] work using silica-supported nickel as catalyst
at 200◦C and atmosphere pressure, the major difference is
higher acetone conversion, less selectivity to 2-propanol, and
with some amount of MBIK samples in our catalyst system.
The nickel-silica hollow nanospheres show lower selectivity
to 2-propanol, mainly due to relatively high activity of this
catalyst for the formation of MBIK associated with the spe-
cial structure of catalyst.

4. EXPLANATION OF THE MECHANISM OF
ACETONE HYDROGENATION REACTION
IN OUR CATALYST SYSTEM

It has been reported that using pure nickel particles or bare
silica spheres as catalyst to perform acetone hydrogenation
cannot produce MBIK. Consequently, the synthesis of MBIK
in nickel-silica hollow sphere catalyst system is likely per-
formed on the layer between nickel and silica. Narayanan
and Unnikrishnan [19] have pointed out that acetone con-
version takes place both on metal sites and on acidic or basic
sites of catalyst, but hydrogenation of acetone to 2-propanol
over a metal site is more favorable than condensation of ace-
tone over an acid-base site. In their researches on metal con-
taining layered double hydroxides efficient catalyst, Unnikr-
ishnan and Narayanan [17] indicated that the formation of
MIBK or MIBC is attributed to the cooperative effect of both
hydrogenating and acid-base properties of catalyst. Through
detailed examination of Unnikrishnan’s research, we found
out that nickel-silica hollow sphere catalytic mechanism is
very similar to what Unnikrishnan has pointed out. On the
one hand, the relative high activity and conversion of hollow
nanospheres in acetone hydrogenation can be explained by

the following factors. (1) Nickel-silica hollow nanospheres
with high BET surface areas (288 m2/g) can absorb larger
amount of H2 than normal nickel particles [12]. In addition,
the porous structure would be favorable for transportation of
H2 and make it likely stay in the inner part of hollow spheres
to prolong the reaction time. (2) The shells are composed of
acicular nanoparticles with an average size of 15 nm. For the
structure-sensitive reaction, size of particles can greatly in-
fluence the selectivity and activity. Furthermore much larger
amount of acetone can be absorbed on surface of nickel par-
ticles. There are two mechanisms to describe acetone absorp-
tion which both involve charge transfer, one is that π elec-
trons are transferred from carbonyl group to free d orbital
of the metal, and the other involves d electrons of nickel fill-
ing in the antibonding orbital of carbonyl group. As Rao et
al. [20] pointed out, either way of charge transfer can weaken
or break the bond of carbonyl group and make the reaction
easier. Consequently, the unique porous structure with high
capacities of H2 and acetone absorption and low energy for
acetone hydrogenation contributes to the high activation and
conversion. On the other hand, nickel-silica hollow spheres
contain a nickel-silica interface where electron deficient sites
such as nickel ion resulting from the unreduced Ni(OH)2 or
nickel hydrosilicate [12]. At meantime, silica can act as base
site to attract a methyl proton and Nin+ can activate carbonyl
group of acetone when O-atom of carbonyl coordinates to
the Nin+ site. As a result, absorbed methyl reacts with the
neighboring coordinated carbonyl and neighboring H atoms
absorbed on the metal sites to form MIBK and water.

Based on the fact that the main composition of nickel-
silica hollow spheres is nickel metal, and hydrogenation of
acetone to 2-propanol over a metal site is more favorable
than condensation of acetone over an acid-base site as we
discussed above, the acetone hydrogenation reaction shows
the higher selectivity to 2-propanol and lower selectivity to
MBIK and MBIC.

5. CONCLUSIONS

The above researches illustrate that monodispersed silica
nanospheres can be used as templates for large-scale prepara-
tion of nickel-silica composite hollow spheres with an outer
diameter of 650 nm and a thickness of 40 nm through encap-
sulating and etching. The nickel-silica hollow spheres display
relative high activity and selectivity in acetone hydrogena-
tion, showing potential applications as nanocatalysts. It is
suggested that the unique porous structures with high capac-
ities of H2 and acetone absorption and lower energy for ace-
tone hydrogenation contribute to the high activity and con-
version. The synthesis process might be extended to prepare
hollow nanospheres of other materials for catalytic applica-
tion.
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1. INTRODUCTION

Anatase TiO2 is the most widely used semiconductor pho-
tocatalyst for an effective decomposition of organic com-
pounds in air and water under UV light irradiation, with
wavelength shorter than 387 nm [1, 2]. The major problem
is that only about 4% of the solar spectrum falls in this UV
range. The efficient use of sunlight becomes an appealing
challenge for developing photocatalysts [3–5]. One approach
for achieving this objective is to sensitize TiO2 by using a nar-
row band gap semiconductor with a higher conduction band
than that of TiO2. CdS with band gap energy of 2.5 eV is con-
sidered to be one of the many sensitizers used for large band
gap semiconductors because of the ideal position of its con-
duction and valence band edges. CdS alone, however, shows
negligible photocatalytic activity because of its instability and
rapid electron-hole pair (EHP) recombination rates. Studies
have proven that with the appropriate particle interaction,
CdS-TiO2 nanocomposites can efficiently decompose organ-
ics such as phenol and methylene blue under visible light ir-
radiation less than 495 nm [6–8].

The reaction as shown in Figure 1 occurs when a CdS
particle is excited by a photon with a wavelength less than
495 nm. An EHP is formed, and subsequently the photo-
generated electron is quickly transferred to the conduction
band of a coupled TiO2 particle that has a conduction band
edge more positive than the CdS particle (∼ 0.5 eV). The
photogenerated hole in the quantum-sized CdS particle can
theoretically migrate to the surface and participate in the

oxidation of adsorbed organics. The electrons that are trans-
ferred to the conduction band of TiO2 have no holes to re-
combine with and therefore participate in reduction reac-
tions according to the conduction band energy level of TiO2.
In order to establish a quantum size effect, one must have to
synthesize extremely small particles of the order of the exci-
tonic diameter and to stabilize them against further growth.
Reverse micelle process provides a controlled environment to
achieve this goal.

Reverse micelles are thermodynamically stable structures
which consist of a nanometer-sized spherical water core
that is encapsulated by surfactant molecules in a nonpolar
medium. They have been used to synthesize semiconductors,
metals, and other inorganic crystallites [9–11]. Interparticle
electron transfer between size quantized CdS and TiO2 semi-
conductor nanoclusters for the photocatalysis and hydrogen
production applications is reported in recent years [12–19].

In the present study, we have carried out the successful
formulation of CdS-TiO2 nanocomposite via reverse micelle
process and studied their structural, microstructural, UV-Vis
spectral characteristics and visible light photocatalytic be-
havior.

2. EXPERIMENTAL DETAILS

2.1. Materials and method

The chemicals used for the synthesis of CdS-TiO2 nanocom-
posite are of the purest quality and are used as received:
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Figure 1: CdS-TiO2 nanocomposite with band edge energy levels.

cadmium perchlorate hydrate (Cd(ClO4)2.×H2O), titanium
(IV) isopropoxide (Ti(OCH2CH2CH3)4), sodium sulfide
(Na2S), Aerosol-OT, solvents such as isooctane, 2-proponal,
n-heptane are obtained from Sigma-Aldrich. Initially the
reverse micelles are prepared by optimizing the surfactant to
water mole ratio (w0) in nonpolar medium (say, isooctane);

w0 = [AOT]/
[
H2O

]
. (1)

In the next step, adding 1 M Cd(ClO4)2.×H2O to this
reverse micelle to form microemulsion “A.” Similarly, the
microemulsion “B” is formed by adding 0.1 M Na2S to a
separate reverse micelle solution. Mixing the microemul-
sions A and B with vigorous stirring at room temperature
thus produces CdS yellowish microemulsion “C.” Another
microemulsion “D” is formed by adding 1 M Ti(OPr)4/2-
propanol in separate reverse micelle and stirred continuously
for 1 hour. The water to alkoxide ratio (h) have been varied
and optimized for the TiO2 precipitation,

h = [H2O
]
/
[
Ti(OPr)4

]
. (2)

The microemulsions of “C” and “D” are finally mixed and
vigorously stirred to form CdS-Xwt.% TiO2 (x= 5, 10, 50).
The CdS-TiO2 precipitate obtained is then washed couple of
times with DI water, ethanol, and acetone to remove the sur-
factant. The amorphous nanocomposite of CdS-TiO2 is cal-
cined at 500◦C under the flow of N2 for 3 hours.

2.2. Structural and microstructural characterization

The structural characterization for the phase identification
and particle size analysis has been carried out using Philips
X’pert pro powder X-ray diffractometer with CuKα radiation
(λ = 1.54060 Å). The incident and diffraction slit width used
for all the experiments are 1◦ and 2◦, respectively, and the
incident beam mask used corresponds to 10 mm. The XRD
profile analysis and particle sizes have been calculated using
PANalytical X’pert Highscore software version 1.0 e.

The microstructural characterizations such as surface
morphology and chemical composition were performed us-
ing scanning electron microscope SEM (Hitachi S-800) both
in imaging and EDS modes. Genesis software has been used
to analyze the microstructures and elemental composition of
the CdS-TiO2 nanocomposites.

2.3. BET surface area measurements

Catalysts and photocatalysts are often characterized by their
interaction with gases. At low temperatures, nonreactive
gases (nitrogen, argon, krypton, etc.) are physisorbed by the
surface. Through gas physisorption the total surface area of
the sample can be calculated by the BET method. The Chem-
BET 3000 from Quantachrome Instruments has been em-
ployed to determine the surface area and a pore size distri-
bution of the pure TiO2, pure CdS, and CdS-TiO2 nanocom-
posites. A known amount of sample (∼ 100 mg) was placed
in a glass tube and the sample was outgassed at 300◦C for 5
hours. Multipoint BET method using nitrogen as the adsor-
bate gas, the isotherm has been measured at 77 K.

2.4. UV-Vis transmittance spectroscopy

The transmittance measurement is performed by UV-Vis
spectrometer. The powder samples of pure TiO2 and CdS-
TiO2 nanocomposite are made into slurry by dissolving it
in (Acetylacetone + H2O + Triton X-100) solution. Thus ob-
tained slurry was spin coated at 4000 rpm on to the glass slide
for UV-Vis spectrum studies. The homogeneous films ob-
tained from spin coating samples were then subjected to UV-
Vis spectroscopy measurements in transmittance and ab-
sorption modes using an Ocean Optics USB2000 fiber optic
spectrometer.

2.5. Photocatalytic reactor testing

Photocatalytic experiments using visible light and a combi-
nation of UV-A and visible light were performed using a sin-
gle lamp and an annular reflector to provide irradiation to
all sides of the reaction vessel as shown in Figure 2. The im-
mersion well was used as a means of concentrating the aque-
ous solution to the perimeter of the reaction vessel to opti-
cally optimize the system. A 1000 W metal halide lamp was
experimentally chosen, since it adequately replicated both
the pattern and intensity peaks of the solar spectrum more
accurately than other visible sources such as high-pressure
sodium and fluorescent lamps.

The metal halide spectrum, as shown in Figures 3(a) and
3(b), was found to contain sufficient UV-A radiation in the
range of 350 nm–400 nm to serve as both a UV-A and visi-
ble light source. For photocatalytic experiments using visible
light region, a longpass UV filter provided by Edmund Optics
was used to cut off the wavelengths shorter than 400 nm, at a
cost of approximately 8% attenuation at wavelengths greater
than 400 nm. The system was cooled from 110◦C to 70◦C us-
ing ventilation provided by three fans inputting and remov-
ing air from the surface of the lamp and inside the reactor.

2.6. Phenol degradation by UV-Vis spectroscopy
measurement

Photocatalytic phenol degradation experiments were con-
ducted using the following procedure. A solution of deion-
ized water, phenol, and the catalyst under test were mixed
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Figure 2: UV-Vis/visible light photocatalytic reactor used for phe-
nol degradation studies.

using magnetic stirring, and air was injected to scavenge pho-
togenerated electrons and also to help suspend the catalyst.
The phenol concentration in all experiments was 40 ppm
which was selected as a value large enough to accurately mea-
sure using absorption measurements and small enough to
degrade within hours when exposed to an efficient photocat-
alyst. Air was dispersed in the aqueous solution through a 12-
inch rod sparger and was used in place of pure O2 to simulate
real-world experimental conditions. Periodic 1.5 mL sam-
ples were retrieved from the reaction vessel in desired time
increments and placed in Eppendorf microcentrifuge tubes
for analysis of the photocatalytic degradation of phenol.
The nanoparticle catalysts were separated from the phenol
and water mixtures by centrifuging the Eppendorf tubes
for 10 minutes at 4000 rpm and 3220 rcf using an Eppen-
dorf 5810 R centrifuge. UV-Vis spectroscopy using an Ocean
Optics USB2000 fiber optic spectrometer was used to analyze
the degradation of phenol with respect to time by monitor-
ing the intensity of the absorption peak of phenol located at
268.63 nm. Phenol degradation was determined with respect
to its initial concentration, and therefore all degradation
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Figure 3: (a) UV-Vis metal halide spectrum compared to solar irra-
diation and (b) effects of UV-cutoff filter on metal halide irradiation
pattern.

plots are normalized based on C/C0 values which are inter-
preted as the concentration at the measured time divided by
the initial concentration.

3. RESULTS AND DISCUSSION

3.1. Structural characterization

Figure 4 represents the X-ray diffraction patterns of (a)
pure CdS nanoparticle (b) pure TiO2 anatase and (c) CdS-
50 wt.% TiO2 nanocomposite prepared via reverse micelle
process. No impurity peaks from the precursor ingredients
such as cadmium perchlorate hydrate and sodium sulfide are
observed for the pure TiO2 and CdS as shown in Figures 4(a)
and 4(b). However, for the CdS-50 wt.% TiO2 nanocom-
posite, impurity peaks due to sodium perchlorate (NaClO4)
(see Figure 4(c)) are observed at the angle of orientations
22.4098◦ and 30.21111◦. This may be due to the starting pre-
cursor reactions, which needs further filtration and purifi-
cation. Also from these X-ray patterns, it is easily discernable
that there exist two different grain sizes of the nanocomposite
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Figure 4: X-ray diffraction patterns of pure CdS, pure TiO2 anatase,
and CdS-50 wt.% TiO2 nanocomposite prepared via reverse micelle
process.

mixture due to CdS nanoparticle and TiO2 anatase. We have
calculated the average crystallite sizes from the X-ray diffrac-
tion patterns (Figure 4) according to Scherrer’s equation and
given in Table 1. The nanocomposite CdS-50 wt.% TiO2 ex-
hibits the larger crystallites when compared to either pure
TiO2 or pure CdS. This is due to high temperature (500◦C)
calcination involved after the composite formation in reverse
micelle process.

3.2. Microstructural and chemical characterization

The microstructural characterization of the CdS-50 wt.%
TiO2 nanocomposite is carried out via scanning electron
microscopy. Figures 5(a) and 5(b) show the SEM image
and EDS spectrum of the CdS coupled TiO2 nanocompos-
ite structure. Reverse micelle process of preparing semicon-
ductor nanocomposite yields homogeneous particles, thus
improves the interparticle electron transfer from high-lying
conduction band semiconductor with a small band gap (e.g.,
CdS ∼ 2.5 eV) to low-lying conduction band semiconduc-
tor with a large band gap (e.g., TiO2 ∼ 3.2 eV). The EDS
profile shows correct stoichiometry of CdS to TiO2 in the
nanocomposite structure. The atomic ratio of Cd and Ti in
the nanocomposite structure was 3 at.% : 9 at.%. obtained
from the SEM-EDS spectrum as shown in Figure 5(b).

The growth of intergrain boundaries between the CdS
and TiO2 nanostructures and the particle size varies with
the experimental parameters such as water-to-surfactant ra-
tio (w0), water-to-alkoxide ratio (h), pH concentration of ob-
tained solution, ratio of CdS to TiO2 precursors, and calci-
nation temperatures. The optimized parameters for the re-
verse micelle nanocomposite CdS-50 wt.% TiO2 structure
are given in Table 2. The standards for determining the opti-
mizing conditions given in Table 2 are explained below.

The molar ratio of H2O to surfactant AOT (w0) was var-
ied as 2, 4, 6, 8, and 10. The reverse micelle and gelation
formation rates are highly controlled by varying this ratio.
Rapid gelation with larger crystallites occurred during the
higher molar ratio of water to surfactant, (e.g., w0 = 8, 10)
whereas slow gelations are due to the lower value of w0 (e.g.,
2, 4). An optimum value of [AOT]/[H2O] = 6 was found
and used for the further experiments. Similarly, the ratio
of [H2O]/[Ti-alkoxide] was optimized to obtain appropri-
ate concentration of TiO2. The acidic/basic nature of the re-
verse micelle CdS-TiO2 is easily controlled by decreasing or
increasing the pH value. The rapid precipitation effect was
monitored and controlled by suitably adjusting the pH to 9.
Thus obtained CdS-TiO2 nanocomposite was then calcined
at different temperatures under flowing N2 atmosphere. In-
creasing the calcination temperature above 500◦C, the ap-
pearance of rutile TiO2 structure is inevitable and thus low-
ers the photocatalytic effect of CdS-TiO2 nanocomposites.
Calcination temperature below 500◦C yields poor crystalline
structure of CdS and TiO2. Hence the optimum calcination
temperature was found to be 500◦C for rest of the experi-
ments.

3.3. UV-Vis spectral response

The UV-Vis transmittance spectral response for the pure
TiO2 and CdS-50 wt.% TiO2 nanocomposite is shown in
Figure 6. The onset of transmittance starts below 350 nm and
a sharp transition occurred at around 380 nm for the pure
TiO2 anatase structure. Whereas for the case of CdS-50 wt.%
TiO2 nanocomposite prepared by reverse micelle process, the
spectral curve extends to the visible light region with the on-
set value corresponding to 490 nm. The absorption edge of
TiO2 in CdS-TiO2 nanocomposites observed above 400 nm
indicates a significant “blue shift” of the bandgap energy
compared to pristine TiO2. The quantum-sized effect of CdS
in the nanocomposite structure seems plausible explanation
for this “blue shift” effect [20]. However, in the present study,
the quantum CdS is not observed due to the coalescent or
agglomeration of nanoparticles in the reverse micelle pro-
cess. This may suggest that the nanocomposite coupled semi-
conductor (CdS-50 wt.% TiO2) is expected to increase pho-
togenerated charge carriers under the irradiation of visible
light. It is noteworthy to mention that the absorption spec-
trum due to TiO2 is not present in the CdS-TiO2 nanocom-
posite films due to the different film thickness between TiO2

and CdS nanoparticles. Besides, the concentration of TiO2

also affects the optical absorption of CdS-TiO2 nanocompos-
ites in the UV range.

3.4. Photodegradation of phenol in water suspension

Photoactivity of the as-prepared CdS-Xwt.% TiO2 nan-
ocomposite materials is determined by the degradation of
phenol in water suspension under visible light irradiation.
Photocatalytic experiments using purely visible light, a long-
pass UV filter provided by Edmund Optics was used to cut
off the wavelengths below 400 nm. Phenol is chosen as a
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Table 1: Average crystallite sizes of CdS, TiO2 anatase, and CdS-50 wt.% TiO2 nanocomposite.

No. Photocatalyst material Average crystallite size Surface area, BET

(1) Pure CdS (Figure 4(a)) 11.9 nm 36 m2/g

(2) Pure TiO2 anatase (Figure 4(b)) 37.9 nm 50 m2/g

(3) CdS-TiO2 nanocomposite (Figure 4(c))
CdS ∼ 18.1 nm

24 m2/g
TiO2 ∼ 59.9 nm

USF-TiO2-1 25 kV �96 100 μm
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Figure 5: (a) SEM microstructure image of CdS-50 wt.% TiO2 nanocomposite prepared via reverse micelle and (b) SEM-EDS spectrum of
CdS-50 wt.% TiO2 nanocomposite prepared via reverse micelle.

Table 2: Experimental parameters for the optimized CdS-50 wt.%
TiO2 nanocomposite material.

No. Experimental parameter Optimized value

(1) Water-to-surfactant ratio, w0 6

(2) Water-to-alkoxide precursor ratio, h 4

(3) pH 9

(4) Calcination temperature (N2 atmosphere) 500◦C

test degradant for its photoactivity behavior. The primary
reason is that phenol is an ideal degradant for visible light
photocatalysis measurements because it absorbs only UV-
C radiation with an absorption peak between 265 nm and
270 nm. This implies that it will not be susceptible to pho-
tolysis when irradiated by UV-A and visible light. Phenol is
also a test degradant that exhibits application, since it is a
common contaminant of industrial effluents. Photocatalytic
oxidation of phenolic compounds in industry has been sug-
gested to replace other processes such as activated carbon ab-
sorption, chemical oxidation, biological treatment, wet oxi-
dation, and ozonolysis [21]. A third reason phenol is used is
that the photooxidation of phenolic compounds illuminated
TiO2 surfaces has been widely studied and the reaction kinet-
ics are found to be first order following the well established
Langmuir-Hinshelwood equation [22, 23].

The normalized phenolic concentrations (C/C0) at reg-
ular intervals for the CdS-Xwt.% TiO2 nanocomposite have
been plotted in Figure 7.
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Figure 6: UV-Vis spectral responses for pure TiO2 and CdS-TiO2

nanocomposite.

There is no direct correlation of rate of degradation and
the CdS content was observed in the CdS-TiO2 nanocompos-
ite structure. However, the photodegradation of phenol con-
centration up to 40% is achieved in the CdS-50 wt.% TiO2

nanocomposite material. Great efforts are presently being
carried out to tailor the nanocomposite system by optimizing
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Figure 7: Phenol degradation of CdS-Xwt.% TiO2.

the experimental conditions and solve the corrosion behavior
of CdS for the effective photoactivity under visible light irra-
diations. We will also attempt to synthesize these systems by
mechanochemical process employing high energy planetary
milling and the results will be forthcoming.

4. CONCLUSIONS

We have systematically carried out the synthesis of pure TiO2,
pure CdS and CdS coupled TiO2 nanocomposite by em-
ploying reverse micelle process. The X-ray phase analysis
of these systems shows evidence for the formation of het-
erojunction CdS-Xwt.% TiO2 nanocomposite structure with
average crystallite sizes ranging from 18 nm to 60 nm. The
microstructural investigation of the nanocomposite envis-
ages the correct stoichiometry of CdS to TiO2 and homo-
geneous surface morphology. The surface-coated CdS and
TiO2 anatase nanocomposite extends the absorption band
edge in the visible region as observed from the UV-Vis mea-
surements. The as-synthesized nanocomposite materials ex-
hibit better photoactivity under visible light irradiation than
that of pure TiO2.
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1. INTRODUCTION

Zeolites provided an example of the fruitful symbiosis be-
tween mineralogists, structural crystallographers, inorganic
chemists, and materials scientists. Joint professorships of
chemistry and mineralogy were typical in the US during the
early 19th century, and mineralogists were listed as one of the
six subcategories of chemists in 1870. Many zeolites were first
described as minerals, as well as the chemical substitutions in
the frameworks of synthetic zeolites, and the new related mi-
croporous aluminophosphate-based materials were known
earlier in the feldspar and feldspathoid groups of miner-
als. The mathematical concepts used to describe the topol-
ogy of frameworks in zeolites developed from ones known
to Greek philosophers, as well as ones used to such stun-
ning effect in Romanesque and Islamic decorations. In the
20th century, development of crystallographic and spectro-
scopic techniques led to spectacular discoveries about the
topochemistry of zeolites. Deliberate control of crystalliza-
tion processes produced many materials not known in na-
ture. Controlled chemical and physical treatments were used
to tailor valuable new products for industry, for example,
shape-selective molecular-sieve catalysts. Aluminosilicate ze-
olites play an increasingly important technological role in
the petroleum and petrochemical industries. The proper-
ties of zeolites that are exploited in their use as catalysts,
sorbents, or ionexchangers reflect particular structural char-

acteristics. A detailed knowledge of structure is a prereq-
uisite for understanding zeolite performance. Zeolite struc-
tural characterization is hampered by the complexity of ze-
olite structures, their relatively unfavourable X-ray scatter-
ing characteristics, and general unavailability as suitably large
single crystals. Problems of phase purity, homogeneity, in-
tergrowths, or stacking disorder are relatively common, pre-
venting the application of traditional methods for structure
elucidation; for example, zeolite beta is a near extreme of
such stacking disorder.

The catalytic properties of zeolites were determined by
the framework composition of the zeolite [1]. Alteration of
the Si/Al ratio led to dramatic variations in the catalytic
activity and stability of the zeolite framework [2]. It was
possible to isomorphously substitute certain elements into
the framework tetrahedral positions of zeolites [3]. Isomor-
phously substituted zeolites showed large variations in the
polarity and acidity of the framework, and they became also
important means by which to tailor zeolites to suit partic-
ular catalytic needs. Ab initio molecular-orbital calculations
were used to predict structural and acidic properties of ze-
olites [4, 5]. By using model-cluster units to represent a
portion of the framework surrounding a particular active
site, the fundamental difference in acidity between a bridged
Al hydroxyl (−OH) and a free or terminal −OH was pre-
dicted. B [6], Ga, and Ge isomorphously substituted forms
were included, with the B and Ga forms corresponding to
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isomorphous substitution of Al, as well as the Ge form rep-
resenting substitution of Si [7]. The calculated acidic char-
acteristics were in good agreement with experiment. The use
of zeolites as acidic catalysts raised interest in the structure
and properties of their active sites [8, 9]. The sources of
Brønsted acidity in zeolites are bridged −OHs, which arise
from the presence of Al or TIII atoms replacing Si in their
structure [10]. The use of nanomaterials with defined struc-
ture and properties allows building solid architectures with a
precise control at several scales. Zeolites are ideal precursors
for building multifunctional hierarchical solids, due to their
(1) crystal structure, (2) chemical and thermal stabilities, (3)
acidic, interchange, and molecular-sieve properties, (4) low
cost, as well as (5) structural and chemical varieties. Some
applications are the preparations of (1) advanced zeolites and
zeotypes from conventional zeolites via hydrothermal treat-
ment, (2) mesoporous crystal structures of zeolitic walls and
their molecular sieve and catalytic properties in the crack-
ing of voluminous hydrocarbons, as well as (3) hierarchical
mesoporous silicas from cell-membrane phospholipids and
resolutions of these new nanostructures.

In earlier publications, the fractal dimension of differ-
ent structural-type zeolites was calculated [11]. Correlation
models were obtained between the fractal dimension and
some topological indices. Some Brønsted-acid models were
proposed [12]. The smallest unit SiH3−OH−AlH3 repre-
sented a bridged −OH, and the remaining models closed
rings consisting of SiH2−OH−AlH2− units. An analysis of
the geometric and topological indices for the active-site
models was performed [13]. The aim of the present report
is to perform a comparative study of the properties of a set
of Brønsted-acid models representative of Si−Al zeolites and
to distinguish a particular ring that suggests the greatest re-
activity. The smallest investigated unit SiH3−OH−AlH3 is
taken to represent a bridged −OH. The remaining active-
site models are built by closing rings consisting of 2–12
−SiH2−OH−AlH2− units. In the next section, the geomet-
ric descriptors and topological indices are described. Follow-
ing that, the results for the descriptors and indices of differ-
ent active-site models of zeolites are presented and discussed.
The last section summarizes the conclusions.

2. GEOMETRIC DESCRIPTORS AND
TOPOLOGICAL INDICES

In our program TOPO for the theoretical simulation of the
shape of crystal fragments [14], their surface is represented
by the external surface of a set of overlapping spheres with
appropriate radii, centred on the atomic nuclei [15]. The
fragment is treated as a solid in space, defined by tracing
spheres around the atomic nuclei. It is computationally
enclosed in a graduated rectangular box, and the geometric
descriptors evaluated by counting points within the solid or
close to chosen surfaces. The fragment volume V , surface
area S, and two topological indices of fragment shape can
be calculated. Consider Se as the surface area of a sphere
whose volume is equal to the fragment volume V [16]. The
ratio G = Se/S is interpreted as a descriptor of fragment

globularity. The ratio G′ = S/V is interpreted as a descriptor
of fragment rugosity.

The properties of the systems solvated in water are
strongly related to the contact surface between solute and wa-
ter molecules. Starting from this fact, another molecular ge-
ometric descriptor was proposed: the solvent-accessible sur-
face area AS [17]. The AS is defined by means of a probe
sphere, which is allowed to roll on the outside while main-
taining contact with the bare molecular surface [18]. The
AS can be calculated in the same way as the bare molecu-
lar surface area by means of pseudoatoms, whose van der
Waals radii [19] have been increased by the probe radius
R [20]. The accessibility is a dimensionless quantity vary-
ing between 0 and 1, and it also represents the ratio of the
solvent-accessible surface area in a particular structure to
the solvent-accessible surface area of the same atom when
isolated from the molecule. The fractal dimension D of the
molecules may be obtained as D = 2 − d(log AS)/d(logR)
[21]. The fractal dimension D provides a quantitative indi-
cation of the degree-of-surface accessibility towards different
solvents [22]. TOPO allows an atom-to-atom analysis of D
on each atom i, to obtain an atomic dimension index Di from
the atomic contributions to the accessible surface area ASi.
The Di can be weight-averaged to obtain a new molecular di-
mension index D′ = (ΣiASiDi)/AS, where the ASi are used
as weights for the Di. Note that if an ASi = 0 for any probe,
Di cannot be calculated for atom i, and so, this atom does
not contribute to D′. Thus, D′ represents a D averaged for
atoms nonburied (accessible) to any of the solvent-accessible
surfaces in the range of probe spheres. In particular, D′ = D
for systems without buried atoms, for example, inert gases,
C60, and so forth.

A version of TOPO has been implemented in our ver-
sions of programs AMYR [23], GEPOL [24], and SURMO2
[25]. AMYR carries out the theoretical simulation of molec-
ular associations and chemical reactions. GEPOL performs
an accurate triangular tessellation of the molecular sur-
face and is used for reference calculations. Both TOPO and
GEPOL recognize the cavities in inclusion molecules and are
adequate to study intercalation compounds. On the other
hand, SURMO2 does not recognize cavities. Furthermore,
the combination of SURMO2 and GEPOL results allows the
characterization of the molecular surface of internal cavities.
Our version of SURMO2 has been corrected for the devia-
tion from the spherical shape, by dividing each point contri-
bution by the cosine of the angle formed by the semiaxis and
the corresponding normal vector to the surface at this point.
The volume and surfaces of crystal fragments with cavities
have been corrected by maximizing, in each angular orienta-
tion, the distance of the most distant atom in each semiaxis.

3. CALCULATION RESULTS AND DISCUSSION

The following zeolites of different structural types have
been studied, namely faujasite, ZSM-11, ZSM-5, mordenite,
sodalite, and beta-A. The topological indices calculated for
the zeolite crystals are reported (cf. Table 1), including two
fragments of faujasite (I and II) with different number of
atoms. The faujasite, ZSM-11, ZSM-5, and beta-A structures
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Table 1: Topological indices for zeolites.

Zeolite Da D′b Framework density Fc
d Type of rings: Rmax Type of access Gd G′e

Faujasite-I 1.866 2.317 12.7 12 3 0.326 0.838

Faujasite-II 1.912 2.193 12.7 12 3 0.295 0.864

ZSM-11 1.962 2.315 17.7 10 3 0.300 0.851

ZSM-5 2.026 2.174 17.9 10 3 0.295 0.867

Mordenite 1.961 2.058 17.2 12 2 0.317 0.882

Sodalite 2.149 2.311 17.2 6 3 0.225 0.934

Beta-A 1.981 2.215 15.1 12 3 0.276 0.825

aFractal dimension of the solvent-accessible surface.
bFractal dimension of the solvent-accessible surface averaged for nonburied atoms.
cThe framework density is expressed as the number of T sites per 1000 Å3.
dFragment globularity.
eFragment rugosity (Å−1).

Table 2: Geometric descriptors and topological indices for zeolite fragments.

Zeolite V a Sb ASc HBASd HLASe AS′f Gg G′h

Faujasite-I 5536 4639 4163 1258 2905 4742 0.326 0.838

Faujasite-II 6844 5910 5954 3986 1968 6513 0.295 0.864

ZSM-11 6781 5773 4433 2631 1802 4660 0.300 0.851

ZSM-5 6729 5835 4789 2988 1801 4752 0.295 0.867

Mordenite 5186 4576 3759 2343 1416 3943 0.317 0.882

Sodalite 12157 11355 7874 5429 2445 6805 0.225 0.934

Beta-A 9022 7602 6295 4314 1981 6389 0.276 0.825

aFragment volume (Å3).
bFragment surface area (Å2).
cWater-accessible surface area (Å2).
dHydrophobic-accessible surface area (Å2).
eHydrophilic-accessible surface area (Å2).
fSide-chain-accessible surface area (Å2).
gFragment globularity.
hFragment rugosity (Å−1).

show three-dimensional channels, while mordenite shows
two-dimensional channels. Each type of zeolite possesses a
well-defined crystalline structure, with pores of certain dis-
tinct sizes. The studied zeolites cover different pore sizes: fau-
jasite, mordenite, and beta-A are large-pore zeolites (show-
ing channels with access limited by 12-ring windows), while
ZSM-11 and ZSM-5 (10-ring) as well as sodalite (6-ring)
show smaller windows.

The geometric descriptors and topological indices for
the zeolite fragments (cf. Table 2) show a relative error for
the fagment volumes V of 0.8%. However, for the fragment
surface areas, the errors are larger, for example, 6% for the
bare fragment surface area S. Furthermore, the error drops
for the water-surface-accessible surface area AS (3%) and
even for the side-chain-accessible surface area AS′ (2%) due
to the internal cavities. The atom-to-atom analysis of the
water-accessible surface area AS shows that in general, its hy-
drophobic term HBAS is almost double than its hydrophilic
component part HLAS. In particular, on going from mor-
denite to sodalite, the geometric descriptors are doubled. On

going from sodalite to mordenite, the fragment globularity G
increases by 42%. The fragment rugosity G′ shows the oppo-
site trend. On going from beta-A to sodalite, G′ increases by
13%. The structural class of sodalite is quantitatively distin-
guished from other classes with respect to all the indices.

Table 3 lists the accessibility of the solvent-accessible sur-
face for different solvents, as well as fractal dimensions D
and D′ for some zeolite fragments. The accessibility of the
solvent-accessible surface is calculated for solvents with dif-
ferent molecular sizes. The radius of the solvent molecule
varies from Rs = 1.250 Å (representing a water molecule) to
Rs = 3.500 Å (protein side chain). On going from water to
the side chain, the accessibility of the solvent-accessible sur-
face monotonically decreases by 66% on average. In partic-
ular, for faujasite, the relative decrease in accessibility is the
lowest and, for ZSM-5, the diminution in this property is the
greatest. The fractal dimension D of the solvent-accessible
surface lies in the range 1.9–2.1, and its relative error is 1%.
On going from faujasite to sodalite (Table 1), D increases
by 14%. In particular, for faujasite, ZSM-11, mordenite, and
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Table 3: Topological indices for zeolite fragments: accessibility and fractal dimension.

Zeolite Acc.a1 Acc.2 Acc.3 Acc.4 Acc.5 Rel. decline Acc5−1 (%) Db D′c

Faujasite-I 7.42 5.93 4.66 3.63 2.67 64.0 1.866 2.317

Faujasite-II 9.64 7.74 6.07 4.58 3.37 65.0 1.912 2.193

ZSM-11 7.18 5.67 4.33 3.20 2.41 66.4 1.962 2.315

ZSM-5 7.75 6.07 4.56 3.26 2.46 68.3 2.026 2.174

Mordenite 8.11 6.35 4.80 3.61 2.72 66.5 1.961 2.058

Beta-A 7.64 6.16 4.83 3.55 2.48 67.5 1.981 2.215

aAccessibility (%) of the solvent-accessible surface for different solvents with radii Rs: (1) water, Rs = 1.250 Å; (2) Rs = 1.617 Å; (3) Rs = 2.092 Å;
(4) Rs = 2.706 Å; and (5) side chain, Rs = 3.500 Å.
bFractal dimension of the solvent-accessible surface.
cFractal dimension of the solvent-accessible surface averaged for nonburied atoms.

beta-A, the D are intermediate between that for a completely
smooth line (D = 1) and that for a completely smooth sur-
face (D = 2). However, for ZSM-5 and sodalite, the D are in-
termediate between that for a completely smooth surface and
that for a completely porous material (D = 3). D increases,
in general, with the relative decline of the accessibility (col-
umn 7 of Table 3). On the other hand, the atomic analysis of
TOPO allows averaging D only for nonburied atoms. The D′

fractal dimension increases by 11% and lies in the range 2.1–
2.3. Thus, for all the zeolite fragments, the D′ are interme-
diate between that for a completely smooth surface and that
for a completely porous material. In particular, the pictures
of faujasite, ZSM-11, mordenite, and beta-A change from a
chanelled to a porous material. For mordenite, the D′–D in-
crement is the smallest (5%), and for ZSM-11, is the greatest
(18%). Thus, the structural class of mordenite is quantita-
tively distinguished from the other classes with respect to the
D′–D increment.

Linear and quadratic correlation models of the fractal di-
mension D have been carried out versus the structural prop-
erties of the zeolite crystals, as well as the geometric de-
scriptors and topological indices of the fragments, via least-
squares regression. Faujasite-I is omitted in all the fits in or-
der not to overweight this particular structure. The best lin-
ear regression for D results are as follows:

D = 1.69 + 0.0216Fd + 0.00958Rmax − 2.30G + 0.590G′,
PESS = 0.0248, MAPE = 0.42%,

AEV = 0.0237, r2 = 0.9763,
(1)

where the prediction error sum of squares (PESS), mean ab-
solute percentage error (MAPE), approximation error vari-
ance (AEV), and coefficient of determination (r2) are re-
ported. The zeolites (Table 1) are arbitrarily sorted. The lin-
ear model (cf. Figure 1(a)) incorrectly predicts the fractal
dimensions of ZSM-11 and ZSM-5. Furthermore, the best
quadratic model for D results are as follows:

D = 2.00− 0.00337z31 + 0.0776z32 + 0.000519z31z32,

z31 = 6.15− 10.1G− 0.317Rmax,

z32 = 0.898z22 − 0.135z2
21 + 0.158z21z22 + 0.0341z2

22,

z21 = −8.81 + 0.541Fd ,

z22 = 3.62z11 + 1.56z12 + 30.2z2
11 − 69.7z11z12 + 37.5z2

12,

z11 = −11.2 + 1.48Fd + 81.7G2 − 4.21G · Fd,

z12 = 6.15− 10.1G− 0.317Rmax,

PESS < 0.00005, MAPE = 0.01%,

AEV < 0.00005, r2 > 0.99995,

(2)

and AEV decreases virtually by 100%. The model results are
superposed to the original data (Figure 1(b)), and the agree-
ment is faultless.

A set of Brønsted-acid model units representative of
Si−Al zeolites is studied. The smallest unit investigated
SiH3−OH−AlH3 is taken to represent a bridged hydroxyl
group; the remaining active-site models are built by clos-
ing rings consisting of 2–12 −SiH2−OH−AlH2− units (cf.
Figure 2).

The internal cavities of these rings contribute to both
total volume and fragment surface area. On the one hand,
the total volume Vt of the zeolite active-site models is the
sum of both fragment Vf and cavity Vc volumes: Vt =
Vf + Vc. On the other, the fragment surface area S f is
the sum of both external Se and cavity Sc surface areas:
S f = Se + Sc. Table 4 lists the geometric descriptors for the
active-site models. The calculations labelled fragment + cav-
ity have been carried out with SURMO2. SURMO2 is un-
able to recognize the internal cavities of the active-site mod-
els. Hence, the calculated volume V is a measure of the total
volume Vt ; for example, for the 6-membered ring, Vt equals
567.3 Å3. Furthermore, GEPOL does recognize the cavities,
and the value of the fragment volume Vf is available; for
example, Vf (6-ring) = 490.9 Å3. The external surface area
Se(6-ring) = 360.7 Å2 is estimated by SURMO2. Besides, the
actual (external plus internal) fragment surface area S f (6-
ring) = 656.6 Å2 (GEPOL).

Table 5 reports the topological indices for the zeo-
lite active-site models. The fragment globularity G is the
topological index that better differentiates the active-site
models. Not surprisingly, G is rather greater as calculated
by SURMO2 (closer to unity for the largest ring in the
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Figure 1: Comparison of data with models (fractal dimension): (a) linear and (b) quadratic models.

Table 4: Geometric descriptors for zeolite active-site models.

Type of ring
V a fragment

V b fragment
Sc fragment

Sb fragment
ASd fragment

ASb fragment AS′b,e fragment
+ cavity + cavity + cavity

2 176.3 160.0 186.7 210.2 422.6 371.6 746.1

4 433.5 328.8 346.0 439.6 652.4 659.7 1106.0

6 567.3 490.9 360.7 656.6 854.9 992.2 1509.2

8 813.4 660.9 414.6 907.9 959.4 1363.3 2052.6

10 742.4 825.3 447.2 1135.5 910.9 1731.9 2631.2

12 888.2 989.2 460.7 1360.7 1062.9 2091.8 3203.6

aFragment volume (Å3).
bCalculations carried out with the GEPOL program.
cFragment surface area (Å2).
dWater-accessible surface area (Å2).
eSide-chain-accessible surface area (Å2).

Gfragment+cavity column) compared with GEPOL (Gfragment).
Moreover, the fragment rugosity G′ is smaller. Note that the
internal cavity effect is difficult to appreciate in the context of
the fragment volume, globularity, and rugosity (10–12-ring),
water-accessible surface (2-ring), and side-chain-accessible
surface area (2–6-ring), because of their small or null calcu-
lated cavity contributions.

From the calculation results referring to the total
(SURMO2) and cavity-sensitive (GEPOL) fragment shape,
the geometric descriptors and topological indices for the cav-
ities of the zeolite active-site models have been estimated.
The results (cf. Table 6) show that the cavity volume and sur-

face areas are smaller for the 6-ring than for the 8-ring. How-
ever, for the 6-ring, the globularity, rugosity, and fractal di-
mension are greater. Note that for the 2–8-ring cavities, S >
AS ≥ AS′, because a water molecule with an effective radius
of 1.41 Å and a volume ca. 12 Å3 can hardly be contained
inside the smallest cavities. Moreover, a probe sphere rep-
resenting a protein side chain, with a radius of 3.5 Å and
a volume ca. 180 Å3, cannot be contained inside any of the
cavities. For the 2–4- and 10–12-ring cavities, the fractal di-
mension D is ca. 2, indicating that the solvent-accessible sur-
face of these rings is hardly sensitive to solvent size. Notwith-
standing, for the 6–8-ring cavities, D lies in the range 4.0–4.3.
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(a) (b)

(c) (d)

(e) (f)

Figure 2: Molecular images of −(SiH2−OH−AlH2−OH−)n rings: (a)–(f) n = 2, 4, 6, 8, 10, and 12.

In particular, the 6-ring cavity shows the greatest value of D,
indicating the greatest sensitivity of the cavity accessible sur-
face to solvent size. Therefore, it is suggested that the 6-ring
cavity can have the greatest Brønsted-acid catalytic activity.

Figure 3 shows the variation of the side-chain-accessible
surface area (AS′) with the water-accessible surface area (AS)
of the zeolite active-site models for the 1–12-ring. Three
points (1-, 2-, and 4-ring) appear superposed.
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Table 5: Topological indices for active-site models of zeolites.

Type of ring
Ga fragment

Gb fragment
G′c fragment

G′b fragment
Dd fragment

Db fragment
+ cavity + cavity + cavity

2 0.814 0.678 1.059 1.313 1.262 1.324

4 0.800 0.524 0.798 1.337 1.372 1.501

6 0.919 0.458 0.636 1.337 1.372 1.598

8 1.016 0.404 0.510 1.374 1.261 1.603

10 0.887 0.375 0.602 1.376 1.305 1.595

12 0.970 0.353 0.519 1.376 1.268 1.587

aFragment globularity.
bCalculations carried out with the GEPOL program.
cFragment rugosity (Å−1).
dFractal dimension of the solvent-accessible surface.

Table 6: Descriptors/indices for active-site model cavities.

Type of ring V a Sb ASc AS′d Ge G′f Dg

2 16.3 23.46 0.0 0.0 1.325 1.439 2.000

4 104.7 93.56 7.3 0.0 1.148 0.894 2.000

6 76.4 295.92 137.3 0.0 0.294 3.873 4.271

8 152.5 493.34 403.9 45.3 0.280 3.235 3.951

10 0.0 688.28 821.0 819.7 0.000 ∞ 1.985

12 0.0 899.99 1028.9 1103.3 0.000 ∞ 1.943

aCavity volume (Å3).
bCavity surface area (Å2).
cWater-accessible surface area (Å2).
dSide-chain-accessible surface area (Å2).
eCavity globularity.
fCavity rugosity (Å−1).
gFractal dimension of the solvent-accessible surface.
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Figure 3: Side-chain versus water-accessible surface areas of active-site models of zeolites.
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Table 7: Geometric and topological indices for zeolite 6-ring active-site model: atomic analysis.

Atom V a Sb Gc G′d ASe Accessibilityf AS′g Dh

Si 26.1 26.59 1.602 1.017 29.0 20.3 10.3 3.022

O 6.5 6.49 2.591 1.001 3.2 3.6 0.1 5.749

H(O) 7.7 9.09 2.076 1.179 3.2 3.5 8.9 2.963

Al 9.8 11.41 1.941 1.164 2.9 3.2 0.1 5.594

Cavity 76.4 295.92 0.294 3.873 137.3 — 0.0 4.271

All rings 487.9 624.64 0.480 1.280 965.7 18.4 1490.6 1.584

aRing volume (Å3).
bRing surface area (Å2).
cRing globularity.
dRing rugosity (Å−1).
eWater-accessible surface area (Å2).
fAccessibility (%) of the water-accessible surface.
gSide-chain-accessible surface area (Å2).
hFractal dimension of the solvent-accessible surface area.

The linear fit corresponds to

AS′ = −80.0 + 1.05 AS, r = 0.953. (3)

The slope indicates that an increase of 1.00 Å2 in AS corre-
sponds to an increase of 1.05 Å2 in AS′. The abscissa (or the
intersection with the interpolation line) at AS = 76.2 Å2 is
closer to the 6-ring, indicating the greatest sensitivity of its
solvent-accessible surface to solvent size.

The atom-to-atom analysis of the geometric descrip-
tors and topological indices for the zeolite 6-ring active-
site model, carried out with TOPO, considers (Table 7)
four atoms, namely Si, O, H(O), and Al in each −SiH2−
OH−AlH2− unit. The greatest contribution to the ring
volume V comes from each Si atom (52% of that for
Si/O/H/Al). The same trend has been observed for the
surface area SSi (50%), as well as solvent-accessible surface
areas ASSi (76%) and AS′Si (53%), due to the greatest acces-
sibility of each Si atom (AccSi = 20.3%). The Si-atom term
in the ring globularity GSi is the lowest. Moreover, each Si-
atom component part in the ring rugosity G′Si is small. Each
Si-atom input to the ring fractal dimension DSi is low; how-
ever, for the O atoms, DO is the greatest, and for the Al
atoms, DAl is large. The ring cavity contributes to the total
volume and surface area, as explained above (Table 5). Again,
Scavity > AScavity ≥ AS′cavity, as expected for a small cavity. The
fractal dimension Dcavity is large, indicating the sensibility of
the solvent-accessible surface of the cavity to solvent size and
suggesting that this cavity can have large Brønsted-acid cat-
alytic activity. The ring rugosityG′ and accessibility are small.
The ring fractal dimension D is large.

Our results, indicating the maximal sensibility of the
solvent-accessible surface of the 6-ring cavity to solvent size,
are in agreement with Hammonds et al.’s rigid-unit crys-
tal vibrational mode (RUM) model for the binding site of
cations [26]. In faujasite, the 6-ring was calculated to be
opening and closing under the influence of a local RUM, in
agreement with experiments.

4. CONCLUSIONS

From the present results, the following conclusions can be
drawn.

(1) The fragment globularity G is the topological de-
scriptor that better differentiates the zeolite active-site
models.

(2) The 6-membered-ring cavity model of the zeolite ac-
tive site shows the greatest fractal dimension, indicat-
ing the greatest sensitivity of its solvent-accessible sur-
face to solvent size. Therefore, it is suggested that the
6-ring can have the greatest activity as acidic catalyst.
Work is in progress to check the validity of this result.
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1. INTRODUCTION

The wide-bandgap semiconductor TiO2 has become the
dominant UV-activated photocatalyst in the field of air and
water detoxification because of its high stability, low cost,
high oxidation potential, and chemically favorable proper-
ties. The demand for visible-light-activated photocatalytic
systems is increasing rapidly; however, currently, the effi-
ciency and availability of photocatalysts that can be acti-
vated effectively by the solar spectrum and particularly in-
door lighting are severely limited. Environmental pollution
on a global scale is proposed to be the greatest problem that
chemical scientists will face in the 21st century, and an in-
creasing number of these scientists are looking for new pho-
tocatalytic systems for the solution. The vast majorities of
current photocatalytic system use pure or modified TiO2

with a metastable anatase crystal structure (3.2 eV bandgap),
although two key shortcomings exist. The first shortcoming
is low photocatalytic efficiencies that plague current photo-
catalysts due to undesired electron-hole pair (EHP) recom-
bination, and the second is that TiO2 utilizes only 3–5%
of the solar spectrum and virtually none of the light com-
monly used for indoor illumination. Both of these spectral
regions have applications needing active photocatalysts [1].
The push towards extending the photoresponse of TiO2 to
visible wavelengths is increasing exponentially every year, for
both solar (λ > UV-A, 320 nm) and visible light applications

(> 400 nm). The most successful techniques used thus far for
the development of modified TiO2 for visible-light photocat-
alysts are ion implantation methods using Cr or V ions [2],
various synthesis techniques [3], and substitutional doping
of nonmetals such as N (TiO2�xNx) [4, 5].

Recent efforts have also been sought to extend the pho-
toresponse of TiO2 through charge-transfer interactions with
narrow-bandgap metal oxides such as the n-type ZnFe2O4

with a 1.9 eV bandgap. ZnFe2O4, most prominently known
for its magnetic properties, is a photocatalyst active for irra-
diation wavelengths shorter than 652 nm, although its pho-
toactive lifetime is short due to the tendency of absorb-
ing intermediate oxidation byproducts, thereby inhibiting
it from oxidizing target organics [6]. Numerous publica-
tions in the past year have used sol-gel techniques [7, 8]
to dope TiO2 with ZnFe2O4 or Zn2+ and Fe3+ ions [9] for
solar-light-irradiated photocatalytic studies. TiO2�ZnFe2O4

alloys, on the other hand, are difficult to prepare because
of the differences in preparation procedures (ZnFe2O4 is
typically prepared through coprecipitation in alkaline solu-
tions) and also the enhancement of TiO2’s anatase to ru-
tile transformation by the substitutional presence of Fe3+

ions. However, a complex colloidal chemistry method using
surfactant capping has been reported for creating photoac-
tive TiO2�ZnFe2O4 nanocomposites that exhibit increased
photocatalytic response to solar irradiation [10]. In this re-
port, a simple coprecipitation/hydrolysis synthesis method is
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used to create TiO2�ZnFe2O4 alloys for the purpose of cre-
ating an inexpensive and nontoxic photocatalyst that is pho-
toactive in response to wavelengths greater than 400 nm.

2. EXPERIMENTAL METHOD

A coprecipitation/hydrolysis synthesis method was used for
the formation of TiO2�(X) ZnFe2O4 nanocomposites with
X (mole fraction) values of 0.01, 0.05, 0.1, 0.15, and 0.2.
All chemicals used were purchased from Sigma Aldrich and
were of 99.9% purity or higher. ZnFe2O4 was first precipi-
tated using the respective quantity of Fe(NO3)3 � 9H2O and
Zn(NO3)2 � 6H2O precursors in a solution of C3H7OH (iso-
propyl alcohol) heated at 65ÆC and stirred for 30 minutes.
To coprecipitate the nitrate precursor, the pH of the aqueous
solution was raised to 6.5 by slowly adding a 3.5 M NH4OH
solution using C3H7OH as the solvent. Approximately 10 g
of deionized H2O was next added dropwise to the solu-
tion in addition to the H2O already existing from the added
NH4OH and the solution was left stirring for 45 minutes.
A separately prepared solution of Ti(OBu)4 and C3H7OH
was mixed in a ratio of 1 : 2 by weight and added drop-
wise to the coprecipitated ZnFe2O4 solution for a controlled
hydrolysis with H2O : Ti(OBu)4 ratios of 50, 25, 15, 5 : 1.
The final solution was kept stirring at 65ÆC for 90 min-
utes, filtered, dried at 100ÆC and 220ÆC, respectively. Thus
prepared TiO2�ZnFe2O4 nonoparticles have been calcined
in a flowing air atmosphere at various temperatures for 3
hours.

The UV-Vis and visible-light photoactivity of the nano-
composites were determined using photoreactor consisting
of a 1000 W (340 < λ < 680 nm) metal halide lamp, reflec-
tor, and borosilicate reaction vessel. For visible-light pho-
toactivity experiments, a thin-film UV cutoff filter provided
by Edmund Optics was inserted on the glass lens of the metal
halide lamp to completely remove irradiation with wave-
lengths shorter than 400 nm. Phenol was used as the organic
test degradant since it absorbs wavelengths around 265 nm
and therefore will not be susceptible to photolysis. Experi-
mental reaction conditions for all studies consisted of 40 ppm
phenol, 1100 g of deionized H2O, 1 g/L catalyst loading, mag-
netic stirring, and 1.5 L/min of air injected through a sparger
to perform the role of electron scavenging. The degradation
of phenol was evaluated by centrifuging the retrieved sam-
ples and measuring the intensity of phenol’s absorption peak
(268 nm) relative to its initial intensity (C/Co) by UV-Vis
spectroscopy with an Ocean Optics fiber optic spectrometer.

3. RESULTS AND DISCUSSION

3.1. X-ray diffraction

To confirm the multiphase synthesis of TiO2�(X) ZnFe2O4

nanocomposites, alloys were formed using a high concentra-
tion (X = 0.2) of ZnFe2O4. XRD measurements revealed the
formations of anatase and rutile TiO2, as well as ZnFe2O4

and traces of ZnTiO3 and ZnO. Although a low calcination

20 25 30 35 40 45 50 55 60 65
h = 15

h = 25

h = 35

h = 50

A

R

� �

�
R

R
R �R A �

R

� �R

In
te

n
si

ty
(a

.u
.)

2 theta (degrees)

A = anatase
R = rutile

�= spinel ZnFe2O4

� = ZnTiO3

Figure 1: XRD spectra of TiO2�(0.2) ZnFe2O4 calcined at 400ÆC
for various h values.

temperature of 400ÆC was used, the anatase-to-rutile trans-
formation was nearly complete due to the inherent substi-
tution of Fe3+ for Ti4+ ions, thereby creating oxygen vacan-
cies that promote the formation of rutile throughout the bulk
of the nanoparticles [11]. The considerable amount of Fe3+

ions needed to realize such a low temperature anatase-rutile
transformation may also explain the formation of ZnTiO3

and ZnO as an incomplete formation of ZnFe2O4 due to
the absence of available Fe. Figure 1 shows the XRD spec-
tra of the TiO2�(0.2) ZnFe2O4 nanocomposites using var-
ious h values (h = H2O/Ti[OBu]4), since this ratio effects
the hydrolysis of TiO2 and therefore the photoactivity of the
nanocomposite.

Based on the previous experiment, as well as others con-
ducted on pure hydrolyzed TiO2 [12], it was decided to use
h values of 25 for the remainder of the nanocomposites.
This ratio provides the optimal tradeoff between hydroly-
sis homogeneity, anatase content, and photocatalytic activ-
ity. TiO2�(X) ZnFe2O4 nanocomposites were next synthe-
sized using X values of 0.01, 0.05, 0.1, and 0.15 to determine
the maximum concentration of ZnFe2O4 that can be coupled
with TiO2 while still maintaining an anatase crystal structure
which is predicted to be needed for the redox reactions de-
rived from a charge-transfer phenomenon. The XRD spec-
tra of the TiO2�X% ZnFe2O4 nanocomposites are shown in
Figure 2.

Figure 2 shows the effect of ZnFe2O4 alloying concentra-
tion on the anatase-to-rutile transformation. For a calcina-
tion temperature of 450ÆC, X values of 0.01, 0.05, 0.1, 0.15,
and 0.2 correspond to respective anatase mass fractions of
100, 100, 72.7, 54.1, and 47.2%, as calculated by the equation

XA = 1
1 + 1.26 �

(
IA/IR

)
� 100, (1)

XA is the mass fraction of anatase, IA and IR are the X-ray
integrated intensities of the (101) reflection of anatase and
rutile phases, respectively. It should be noted that this equa-
tion only takes into consideration the percent of anatase and
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Figure 2: XRD spectra of TiO2�(X) ZnFe2O4 calcined at 450ÆC.

rutile in the formed TiO2 and not of the entire nanocompos-
ite.

3.2. UV-visible spectroscopy

An Oriel Instruments spectrometer with an integrating
sphere has been used for UV-Vis spectrometry measure-
ments used to analyze the redshifts in the absorption re-
gions as a function of ZnFe2O4 alloying concentration. The
nanoparticles have been deposited on the glass slides by spin-
coating technique at 3000 rpm. The UV-Vis transmittance
measurements were taken and converted into absorption
readings. Figure 3 represents the UV-Vis absorption spec-
tra for TiO2�(X) ZnFe2O4 nanocomposites with X = 0.01,
0.05, 0.1, 0.15, and 0.2. It can be seen that the redshift of
the absorption edge is roughly proportional to the ZnFe2O4

alloying concentration. The absorption bands were smooth
for low alloying concentrations (X < 0.15), however small
shoulders appeared for higher ZnFe2O4 concentrations as of-
ten seen in the absorption bands of doped photocatalysts.

3.3. Photocatalytic studies

The photocatalytic activity of the samples in response to
UV-Vis and visible-light irradiation was determined using
phenol degradation over a 105-minute time period, with
samples withdrawn every 15 minutes. The UV photoactiv-
ity of the TiO2�(X) ZnFe2O4 nanocomposites was found
to decrease in rough proportion to the increasing concen-
tration of ZnFe2O4. The visible-light photoactivity (shown
in Figure 4), however, was characterized by a bell curve,
with the maximum degradation being achieved with X equal
to 0.10. For comparison with the nanocomposite materials,
pure ZnFe2O4 prepared by the hydrolysis and coprecipita-
tion method has been plotted in this figure. Figure 5 shows
a breakdown of the photocatalytic activity of TiO2�(X)
ZnFe2O4 nanoparticles from various degradation experi-
ments.
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Figure 4: Visible-light-activated photocatalytic degradation rates
for TiO2(X) ZnFe2O4 nanocomposites.

The decreasing photoactivity for the catalysts for X val-
ues more than 0.1 when irradiated by UV light is attributed
to the increasing formation of the rutile phase with ZnFe2O4

concentrations as well as possible defects in the TiO2 lat-
tice, in addition to enhanced electron-hole pair (EHP) re-
combination. The increased photoactivity for X values of
0.01 to 0.10 may be associated with the role ZnFe2O4 substi-
tuted or surface-stabilized anatase TiO2 serves in extending
the photoresponse of the catalyst to short-wavelength visible
irradiation and effectively transferring charge carriers to par-
ticles capable of the appropriate redox reactions.
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Figure 5: Breakdown of the degradation characteristics for
TiO2�(X) ZnFe2O4 nanocomposites irradiated by UV, and UV-Vis,
and visible light.

The photoactivity that characterizes the nanocomposite
photocatalysts using visible-light irradiation is not directly
(or at least completely) linked to ZnFe2O4. The reason for
this conclusion is that the consistent degradation rates char-
acteristic of the TiO2�(X) ZnFe2O4 nanocomposites are dis-
similar to the degradation rates for ZnFe2O4 which were
found in prior experiments to cease after short durations us-
ing both UV and visible-light irradiations. It can also be con-
cluded from the poor visible-light photocatalytic activity of
nanocomposites with X equal to 0.15 and 0.20 that anatase
TiO2 plays a critical role in the visible-light photocatalysis of
TiO2�ZnFe2O4 alloys. Although the ZnFe2O4 concentration
increases, thereby allowing more charge carriers in response
to enhanced visible-light absorption, it is thought that the
high rutile concentrations impede the overall reaction.

4. CONCLUSION

TiO2ZnFe2O4 nanocomposites were synthesized, and their
photocatalytic activity in response to UV, UV-Vis (solar),
and visible light was determined. It was concluded that the
narrow-bandgap semiconductor ZnFe2O4 can be effectively
coupled with TiO2 for visible-light (> 400 nm)-activated
photocatalysis. This study shows the potential of inexpensive
and nontoxic photocatalysts for indoor visible-light applica-
tions.
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1. INTRODUCTION

Interest in photocatalysis continues to grow [1–4], reflecting
the demonstrated success of these catalysts for decontami-
nation and purification of water and air polluted by volatile
organic compounds [5–7]. In particular, illuminated semi-
conductors have been used to oxidize compounds typically
found in low concentrations in industrial effluent streams
including alkanes, alkenes, phenols, aromatic acids, and sur-
factants [8–13]. Heterogeneous photocatalytic systems have
also been used to recover metals, for example, from reduc-
tive deposition of heavy metals from wastewater streams, and
to produce novel well-dispersed metal-loaded semiconduc-
tor catalysts by photodeposition of metallic ions [14].

Among photocatalytic materials, titanium oxide is be-
lieved to be the most promising, due to its great capacity for
oxidation, wide band gap, nontoxicity, low cost, widespread
availability, and long term stability [15]. Photocatalytic re-
actions involving titanium dioxide have been studied since

the 1920s when Kiedel studied the roles of titania (called “ti-
tanium white pigment” for fading in paints [16]. Interest in
titania photocatalysis increased dramatically after Fujishima
and Honda [1], in 1972, discovered that a rutile titanium
dioxide electrode could split water illuminated by near UV
light.

For the present work, we tested the photocatalytic effi-
ciency of a new form of titanium oxide, metal-doped and
metal-coated Ti-oxide nanotubes, for the oxidation of ac-
etaldehyde [17–19] and demonstrated that these novel cat-
alysts are better than the industrial standard P25 in long-
term run. Also, following the positive results of recent litera-
ture [20–22], we tested the impact of metal addition by stan-
dard wet impregnation and found that platinum increased
the maximum activity significantly, whereas gold had lesser
impact. Earlier studies that showed a benefit with metal ad-
dition required the use of ion implantation or plasma pro-
cesses. The present process for metal addition is clearly sim-
pler and less costly.
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2. SAMPLES AND EXPERIMENTAL METHODS

To test the impact of various treatments on the photoreac-
tive performance of titanium oxides, we studied batches of
four samples: (1) P25 (Degussa), (2) Titanium oxide nan-
otube, (3) Au nanoparticle-coated nanotube (Au/nanotube),
and (4) Pt-treated nanotube (Pt/nanotube). Titanium ox-
ide nanotubes are prepared by adding 1 g of P25 powder to
60 ml 10 M NaOH solution and annealing at 150◦C in diges-
tion bomb for 20 hours [23]. The products were washed us-
ing distilled water until water became neutral. Au/nanotube
samples were prepared by mixing 0.5 g of wet nanotube sam-
ple and 20 ml HAuCl4 solution (10 wt% Au), stirring for
30 minutes at ambient temperature. The mixture was then
centrifuged to separate liquid and powder components. The
powder product was washed using distilled water 5 times,
dried at 110◦C for 10 hours and finally, ground into fine pow-
der. Pt/nanotube samples were prepared in a similar fashion
only substituting H2PtCl6 solution (10 wt% Pt), for the gold
compound.

The specific surface area and pore size characterization
are done using a NOVA 2200 surface area and pore size ana-
lyzer (quantachrome instruments) using nitrogen gas as the
adsorbate. The samples were degassed at 230◦C for 20 hours
before analysis. X-ray powder diffraction analyses were car-
ried out by using a powder X-ray diffraction unit (Scintag
Pad V with a Ge solid-state detector; Cu Kα radiation) with
the solid specimens mounted on a low background quartz
holder.

Both TEM and STEM analyses were carried out by us-
ing a Tecnai F30 field emission gun scanning transmis-
sion electron microscope equipped with an X-ray energy-
dispersive spectroscopy (EDS) system (EM Vision 4.0), and
a JEOL FEG-2010F field emission gun scanning transmis-
sion electron microscope (STEM) with attached Oxford in-
struments’ X-ray energy-dispersive spectroscopy (EDS) sys-
tem and Gatan imaging filtering (GIF) system. Both high-
resolution TEM images and high-angle annular dark-field
(HAAD) images were recorded for the specimens. HAAD
imaging is a chemical sensitive technique. The local inten-
sity of a HAAD image is approximately proportional to the
square of local average atomic number (Z) [24, 25]. There-
fore, it is very sensitive to detect “bright” clusters and nano-
particles of heavy metals (like Au and Pt).

The photocatalytic oxidation of acetaldehyde was done
using a continuous flow reactor [26] with same flow rates for
all the experiments. As shown in Figure 1, helium is passed
through a sparger that was kept at 0 degree using ice and wa-
ter mixture in order to carry the saturated acetaldehyde to
the annular photoreactor. Oxygen was set to 20% of the to-
tal flow for all the experiments. In all cases, 25 mg of catalyst
was evenly dispersed on the inner surface of the outer tube
of the 12 cm long, 3 cm outer diameter, annular reactor. We
placed suspensions of the photocatalysts and acetone on in-
ner surfaces of the reactor tubes and rolled the tubes until the
suspensions dry. The reactor (see Figure 2) has a total volume
of nearly 13.3 cm3. The inner tube is the source of the light,
a TL 8 W “black light” (Philips, Made in Holland). The space

O2 He

Flow
meters

Acetaldehyde

Sparger

Reactor

GC

TCD

Figure 1: Experimental setup for the continuous photocatalysis of
oxidation of acetaldehyde.

Reactants inlet Products outlet

Annulus

UV tube (light source)

Source of light: 8 W black light

Figure 2: Schematic of the annular reactor.

from the lamp to the catalyst film is approximately 1 mm,
which will ensure that gas phase mass transfer effects are
minimized. Temperature measurement with a thermocouple
showed that during operation the catalyst was at about 50◦C.

Both product and reactant (sequentially in all cases) anal-
ysis was performed using the thermal conductivity detector
function of an HP 5890 series II gas chromatography (GC)
equipped with a 10-port valve. A Haysep D column (8 feet
× 1/8 inch SS) was employed to separate acetaldehyde, acetic
acid, carbon dioxide, carbon monoxide, and water at ambi-
ent temperature. All the experiments were carried at simi-
lar conditions. The purpose of the experiments is to obtain
relative reactivity of the nanotube-based photocatalysts with
respect to P25 titania.

3. RESULTS

Figure 3 shows the TEM image of the pure titanium oxide
nanotubes (top) and a reference photocatalyst of Degussa
P25 titania (bottom). It can be seen that the nanotube sam-
ple consists of low-defect density nanotubes virtually all of
which have an inner diameter of ∼4–6 nm. This nanotube
is basically Na-titanate nanotube with chemical formula of
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Figure 3: (a) High-resolution TEM image and bright-field TEM
image (insert at the low-left corner) of the pure titanium oxide nan-
otube; (b) bright-field TEM image of the P25 titania with size range
of about 20–60 nm.

(Na, H)2Ti3O7 [27, 28]. P25 titania is a mixture of anatase
(84%) and rutile (16%) nanocrystals based on our quanti-
tative X-ray analysis using Rietveld method with a software
GSAS (see Figure 4). X-ray diffraction pattern from the nan-
otube sample displays very broad peaks due to curved (001)
lattice planes and thin tube walls (see Figure 5). The mea-
sured surface areas using multipoint BET method for the P25
titania and nanotube samples are 61 m2/g, and 149 m2/g, re-
spectively.

Figure 6(a) shows the HAAD image of Au/nanotube
sample. It clearly shows Au nanoparticles (bright spots)
with diameter of ∼1 nm attached to the nanotube surfaces.
Figure 6(b) shows the HAAD image of Pt/nanotube sample.
The HAAD image does not show visible Pt clusters on the
nanotube surfaces. However, X-ray EDS spectra clearly show
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Figure 4: X-ray powder diffraction pattern from the P25 titania
photocatalyst. Quantitative analysis using Rietveld method shows
that photocatalyst contains 84% of anatase and 16% of rutile.
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Figure 5: X-ray powder diffraction pattern of the Ti-oxide nan-
otube (bottom), and Au-treated nanotube sample with large gold
nanocrystals (upper) showing broad diffraction peaks due to curv-
ing of (001) lattice planes and thin crystal sheets from the nanotubes
and relatively sharp peaks from gold.

the Pt in the nanotubes. It is suggested that Pt (that may be
sorbed on nanotube surface in forms of cation and/or metal
complex) are distributed evenly on both outer and inner sur-
faces of the nanotubes. In order to test the effect of nanopar-
ticle size on the photo reactivity, we prepared the nanotubes
coated with large Au and Pt particles by heating the Au and
Pt treated nanotubes at 150◦C for over night). HAAD images
show relatively large Au and Pt nanocrystals (see Figure 7).
An XRD pattern from the Au-coated nanotube sample clearly
displays strong peaks from gold nanocrystals (see Figure 5).

Reactivity testing showed that all the novel catalysts stud-
ied are better (per gram) than the standard titania catalysts,
P25 from Degussa, for the oxidation reaction studied. Ac-
etaldehyde was readily oxidized to carbon dioxide at room
temperature on all titania samples when the UV lights were
turned on, as shown in Figure 8. In all the cases, the rate of
photocatalytic oxidation (per gram) was plotted as a function
of time. Except for the pure nanotube sample, all other pho-
tocatalysts decrease in their reactivity. Indeed, deactivation
during hydrocarbon oxidation processes has been noted and
studied repeatedly for high concentration experiments in
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Figure 6: HAAD images of the Au-treated nanotube sample (a) and Pt-treated nanotube sample (b).
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Figure 7: HAAD scanning transmission electron microscopic (STEM) images of the nanotube samples with large Au particles (a) and the
sample with large Pt particles (b).

recent years [29, 30] and there are several proposals for the
mechanism of this deactivation [31].

As noted above, all the catalysts were more active than
the standard material, P25. In the case of nanotube with-
out metal addition, the activity is similar based on same
weight and less reactive based on per unit surface area, ini-
tially. However, P25 rapidly deactivates and the nanotube
photocatalytic activity actually increases slightly. Pt contain-
ing nanotube is a dramatically better catalyst than P25. The

highest activity of this catalyst is more than 10 times the
maximum rate of P25, and more than 6 times maximum
rate of the pure nanotube sample. It must be noted that the
reported relative rates closely reflect relative intrinsic rates
with respect to P25 titania. After the reaction, the white
Pt/nanotube specimen became grayish. Our TEM results
show some Pt nanodots (<1 nm) formed on the nanotube
surfaces (see Figure 9). It is suggested that the nanotubes
with uniformly distributed Pt (ions and metal complex) are
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Pt

Figure 9: TEM image showing Pt dots without crystalline feature
on the nanotube after photocatalytic reaction of the Pt/nanotube
sample. The nanotubes become less regular in shape after treatment
in acidic solutions.

more photo reactive than those with large Pt nanoparticles.
The maximum activity of Au containing nanotube was not
as high as that of the platinum-bearing sample, but still it
reached an activity more than twice the maximum rate of
the pure nanotube sample. It is also found that the reac-
tivity decreased with larger particles. The nanotube samples
coated with about 2 ∼ 4 nm Au and Pt nanoparticles (see
Figure 7) showed lower photo-reactive rates compared to the
Au/nanotube and Pt/nanotube samples (see Figure 8).

4. DISCUSSIONS

Initial activity studies of the photocatalytic activity of tita-
nium oxide nanotubes showed that these materials have the
potential for widespread application. Indeed, the measured
activity for “neat” nanotubes for photocatalytic oxidation
(PCO) of low concentrations of acetaldehyde at room tem-
perature showed them to be more active than the standard
material, P25. Metal addition, by a standard wet impregna-
tion process, particularly platinum addition, increased the

activity to the point that it is more than an order of mag-
nitude better than the standard. Many more studies are re-
quired to understand the characteristic of these materials that
increases the activity so dramatically.

It is generally believed that the photocatalytic process oc-
curs because light of sufficient energy (e.g., greater than the
optical band gap of Ti-oxides, 3–3.2 eV, i.e., 388–413 nm) ex-
cites electrons in semiconductors from the valence band to
the conduction band that can either recombine and release
great amounts of energy, or migrate to the surface where they
are available for reduction and oxidation reactions by charge
transfer to species adsorbed onto the semiconductor surface.

The mechanism of TiO2 photocatalyzed reactions is that
superoxide, O2

−, and specifically, hydroxyl radicals, •OH, act
as active reagents for the mineralization of the organic com-
pounds [15, 17]. The radicals are formed by the scavenging
of the electron-hole pair by molecular oxygen and water fol-
lowing equation (1):

O2 + e−cb −→ O2
•−,

OH− + h+ −→ •OH.
(1)

Insertion of •OH radicals into C−H bonds leads ulti-
mately to the complete oxidation of the organic substrate.
Indeed, complete mineralization of a variety of organic com-
pounds, such as phenols, hydrocarbons, carboxylic acids, and
chlorinated aliphatic and olefinic compounds, has been real-
ized. Thus, as mentioned above, one feature of photocata-
lysts that impacts activity is the structure of the absorption
band edge and separation of the electron-hole pairs. Small
modifications in the impurity concentration or structure of
titania are known to effect the structure of the absorption
band edge. As the nanotubes are neither rutile nor anatase
[27, 28], the two phases of pure titania and the structures
are generally believed to be the best photocatalysts, the ad-
sorption band edge of the nanotubes could be different, and
that could account for its high observed reactivity. Our re-
cent study shows that the band gap of the nanotube (3.1 eV)
is very close to that of anatase (3.2 eV). It is also proposed
that the surface of curved octahedral sheets of the nanotubes
may be more reactive than normal titania crystal surface due
to electrical polarity developed between the inner and outer
surfaces.

The deprotonation/prototation reaction on oxide surface
in aqueous solution can be simplified as

> SOH+0.5 = > SO−0.5 + H+, (2)

where > SOH+0.5 is protonated (positively charged) surface
site, and > SO−0.5 is deprotonated (negatively charged) sur-
face site [32–35]. Its equilibrium constantK will be expressed
as

K = [SO−0.5][H+]/[> SOH+0.5], (3)

where K can be related to pK by a relationship of

pK = − logK. (4)
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Figure 10: Models illustrate oxygen ions on inner surface (right) and outer surface (left) of the nanotube. The degree of electron clouds over-
lap between neighboring oxygen directly affect electric charge shielding from Ti4+, and therefore determines the bonding strength between
H+ and surface oxygen.“> S” represents surface of the nanotube.

When the octahedral sheets (or nanoplates) are rolled into
nanotubes, the inner surface oxygen atoms will be closer
than those on flat surface, which will result in more elec-
tron clouds overlaps, and shielding from Ti4+ in the center
of octahedra. This will result in strong bonding between H+

and surface oxygen, or more protonated surface sites (see
Figure 10). The effect will be opposite on the outer surface
(with positive curvature). This will result in difference in sur-
face protonation or surface acidity, that is, pK value of the
inner surface will be higher than that of flat surface; and the
pK value of outer surface will be lower than that of flat sur-
faces. Based on the proposed mechanism in Figure 10, it can
be inferred that the inner surface of the nanotube has high
acidity, and the outer surface has lower acidity.

The different surface acidities will result in different
charges on inner and outer surfaces, or electrical polarity. In
a solution at certain pH conditions, outer surface will display
net negative charge and inner surface will display net positive
charge (see Figure 11). The electrical polarity will enhance
electron-hole separation, and therefore leading positive holes
in the valence band to the outer surface for photo-catalytic
oxidation, and electrons in the conduction band to the inner
surface for photo-catalytic reduction and even reduction of
water to hydrogen (see Figure 11).

Our data from photo-catalytic oxidation of acetaldehyde
(a VOC) shows that reactivity of the nanotube and Degussa
P25 titania is very similar at the beginning (relatively dry)
based on same weight (see Figure 8). After 30 minutes of re-
action, the reactivity of P25 decreases dramatically. However,
the reactivity of nanotube increases (see Figure 8). We pro-
pose that the development of electrical polarity on the nan-
otube surface in aqueous system enhances the charge sepa-
ration and photocatalytic oxidation (see Figures 10 and 11).
The oxidation of acetaldehyde will produce water and carbon
dioxide through the net reaction of

CH3CHO + 2O2 = 2CO2 + 2H2O. (5)
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Figure 11: A diagram showing Ti-oxide nanotube with positive
charges on inner surface and negative charges on outer surface in
aqueous solution, which will enhance charge separation of electron-
hole pairs (i.e., migration of negatively charged electrons to the in-
ner surface and positively charged holes to the outer surface). See
reactions (1) for generation of radicals by incorporating electrons
and holes, CB = conduction band, VB = valence band.

Water and CO2 will result in weak acidic solution sorbed on
the nanotube surfaces, which enhances surface polarity and
drives the oxidation further.

The testing of the impact of metal additives in the present
work reflects recent findings by others. For example, Anpo
et al. [17] showed that metal ion implantation can dramat-
ically change the photo-activity of titania for NO reduc-
tion. Other works [20, 21] indicate that “plasma treated”
doped titania shows improved performance for some photo-
activated processes. Yet, more recent works [21, 22] suggest



Huifang Xu et al. 7

that N-doped titania is a more effective catalyst for some fre-
quency ranges than undoped titania. Notably, all earlier stud-
ies used high-energy processes to add metal “dopants” to the
lattice in order to modify the photoadsorption edge, per the
theory discussed above. In several of these earlier studies, it
was found that the high energy doping processes modified
other characteristics of the material, notably the phase. Thus,
simple correlations of changed activity with band-gap and
surface reactivity are suspect. The results of the present paper
show that simple, standard methods of metal addition (such
as the Pt/nantotube sample), without the need for “ion im-
plantation” or other complex and expensive processes, can
dramatically improve the performance of titanium oxide for
some (i.e., hydrocarbon oxidation) photocatalytic reactions,
although the influence of “band edge” changes on photocat-
alytic activity is not clear.

5. CONCLUSIONS

The titanium oxide nanotube is a potential catalyst for pho-
tocatalytic oxidation of low concentrations of acetaldehyde at
room temperature. The commercial P25 deactivates quickly
in the photo-oxidation of acetaldehyde. The pure nanotube is
more reactive than P25 titania in long run. The bending and
curving of the Ti−O octahedral sheets results in electrical po-
larity being developed on outer and inner surfaces, which en-
hances the electron-hole separation and the observed photo
oxidation by the nanotubes. Both Au- and Pt-treated nan-
otube samples increase the photo reactivity. However, size of
the Au and Pt nanoparticles on the nanotube surfaces likely
affected the photo reactivity. Large size of the Au and Pt par-
ticles will decrease the photo reactivity. Specifically, the ad-
dition of platinum without formation of obvious nanoparti-
cles on the nanotube surfaces increased the maximum activ-
ity significantly, and increased the total yield. The thin films
of the titanium oxide nanotube could be further tested in a
scaled-up photocatalytic reactor.
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1. INTRODUCTION

The dominant role of silicon in microelectronics along with
the discovery of light-emitting nanoporous Si [1, 2] has fo-
cused electrochemical investigations on this semiconductor
even before 1991, and a large range of possible applications
has emerged (for a recent review see [3]). While porous sili-
con was already discovered in 1957 by Uhlir [4] (but not rec-
ognized for what it was), it took until 2000 to find conditions
for pore production in Ge [5–7]. Investigations of porous
III–V semiconductors (mainly GaP, GaAs, InP) were also
done more recently; see [8]. Pores in GaN [9], SiC [10, 11],
and ZnSe [12] have also been reported in the meantime, and
the exploration of the available parameter space is an ongo-
ing activity in many laboratories (cf. [13]).

2. POROSIFICATION OF SEMICONDUCTORS

It is helpful to first define a few terms to classify the tremen-
dous variety of pores (cf. Figure 1). Pore geometry refers to
(average) diameters of pores and distances between pores,
that is, to the pore dimensions, while pore morphology ad-
dresses the pore shape (e.g., cylindrical, branched, facetted,
fractal, . . . ).

According to IUPAC standards, micro-, meso-, or macro-
pores refer to pores with typical dimensions of < 2 nm,
2 nm–50 nm, or> 50 nm, respectively. The term “nanopores”
thus is open to interpretation; here we use it somewhat
loosely for pore dimensions well below 1 μm.

Generally, porosification can be obtained by anodiz-
ing the semiconductor in a suitable electrolyte, under suit-
able conditions. The necessary chemical reaction at the
semiconductor-electrolyte interface is generally a mixture of
direct dissolution, oxide formation, and oxide dissolution,
with details sensitive to many parameters, for example, elec-
trolyte chemistry, applied potential or current density, tem-
perature, flow conditions of the electrolyte, doping type and
level of the semiconductor, illumination state of the semicon-
ductor (front or backside), and surface conditions (polished,
rough, masked). The overall reaction may occur uniformly
as electropolishing (often observed at high current densities)
nonuniformly but everywhere on the surface, or highly local-
ized including some self-organization—this is then the pore-
producing mode.

While many details of the pore formation mechanism are
still unclear, a few general statements can be made here. Dur-
ing pore formation, direct dissolution of the semiconduc-
tor almost always competes with oxidation plus subsequent
dissolution of the oxide. The electrolyte therefore has to be
able to dissolve the oxide. In the case of silicon, fluoride-
containing electrolytes are thus mandatory, while for other
semiconductors the choice is more relaxed (GeO2, e.g., even
dissolves in water). A second prerequisite for the dissolu-
tion reaction and thereby pore formation in a semiconduc-
tor is electronic holes. In general, at least one hole is needed
to initiate the reaction chain at the interface that ultimately
leads to the “loss” of one atom (or molecule in the case of
compound semiconductors). One of the major “tricks” for
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Figure 1: Variety of pores in semiconductors: (a) mesopores in Si, (b) macropores in Si with lithographic prestructuring, (c) “Curro”-“Crys-
to” transition in InP.

successful porosification experiments is to supply holes only
locally. This trick obviously works only in n-doped mate-
rial, where holes are the minority carriers. Holes then may
be supplied by illumination [14], or via electrical tunnel-
ing or avalanche breakdown of the material due to high field
strengths, as it is the case for the pores in III–V compounds
[8]. However, while so far no pores could be obtained in most
p-doped semiconductors, Si, SiC [15], and very recently Ge
[7, 16] provide the exceptions.

In the case of p-type materials it is necessary to drive the
system in a state where holes can only be consumed at certain
places. Generally, one operates in a regime with insufficient
oxidation, either by a low current density (p-type macro-
pores in aqueous electrolytes [17]) or by using electrolytes
that inherently produce worse and less oxide [3]. Alterna-
tively, the use of a highly doped semiconductor, where most
of the voltage is dropped on the electrolyte side of the junc-
tion, leads to a “fast” chemistry favoring direct dissolution in
comparison to anodic oxidation (p-type mesopores), again
enhancing passivation relative to oxidation aspects during
dissolution. Micropores in p-type Si are yet a different case;
at least parts of their formation are due to quantum wire ef-
fects [2]. However, while a “quantum-wire model” can ac-
count for micropores in Si, it is not specific to Si and thus
fails to account for the absence of micropores in most other
semiconductors up to now.

Pore formation in semiconductors is a highly interdisci-
plinary enterprise. There are even reasons to believe that the
dissolution of the semiconductor electrode and all aspects of
pore formation can only be sufficiently described by invok-
ing in addition to all that was mentioned before, a stochastic
component including self-organization in time and space, as
championed in the “current burst” model [18].

3. ETCHING AND ETCHING EQUIPMENT

In order to obtain reproducible results, it is almost in-
evitable to use a potentiostat or a galvanostat with one or
two reference electrodes instead of a simple power supply.
While early experiments with illumination employed halo-
gen lamps (with cold filters), high-intensity IR-LED arrays
offer more flexibility and higher intensity for this kind of

Figure 2: First electrochemically etched 200 mm p-type wafers (in-
set: macropores in organic electrolyte; the most demanding etching
process).

experiments (for detailed information on all used hardware,
see [19]). All chemical processes are strongly influenced
by temperature, making it unavoidable to use computer-
controlled cooling/heating systems with temperature stabil-
ity in the 0.1ÆC region. To ensure constant electrolyte con-
ditions at the interface, a rapid movement of the electrolyte
is also unavoidable. Simple magneto-stirrers (or no stirring
at all) will quickly lead to an insufficient uniformity in space
and time. Considering that many electrolytes are highly dan-
gerous and/or corrosive, these are demanding conditions
even for small samples with areas in the 1 cm2 region, while
the uniform etching of whole wafers becomes rather complex
from a technical point of view.

To produce homogeneous porous layers over whole
wafers a few setups have been proposed [3, 20], which, how-
ever, address only parts of the parameter space. Our group
has developed and commercialized [19] a large-area etcher
meeting all requirements (including safety issues). The wafer
is put on a vacuum chuck and hung head-over into the
electrolyte. The electrolyte convection is ensured via a rock-
ing table, on which the whole setup is mounted. Because
the wafer and etching cell form an almost seamless surface,
the rocking motion is enough to ensure sufficient and—on
time average—a uniform electrolyte flow. This avoids po-
tentially dangerous pumping equipment and allows an all-
Teflon design, which can accommodate even ultra-aggressive
electrolytes, for example, HF/organic solvent mixtures which
dissolve practically everything except Teflon. Wafers up to
200 mm diameter have been processed with superb unifor-
mity (cf. Figure 2), and a scale-up to 300 mm is possible.
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Figure 3: Fast pore etching in Si. (a) Plain view of pores on a (111) surface with hexagonal self-ordering. (b) On (100), a geometrically
frustrated ordering of pores is evident. (c) Cross-section ((111) sample). (d) Homogeneous pore distribution of 100 nm pores in the cross-
section of (111)-Si. (e) “Pulsed” fast macropore growth to a depth of 100 μm.

4. MACRO-, MESO-, AND MICROPORES IN SILICON

Macropores in Si were first discovered in 1990 [14], they are
slowly growing (ca. 1 μm/min) cylindrical pores with diame-
ters between 350 nm and 10 μm which are normally proceed-
ing in �100� and �113� directions [3]. It is nearly impossible
with other techniques to obtain such extreme aspect ratios.
An inherent disadvantage of the standard macropore process
(n-Si under intense backside illumination) is the slow growth
rate coupled to the necessarily low HF concentrations in this
mode, which is a severe problem for any mass-production.
However, our group has made some recent progress to boost
the etching speed exploring two routes:

(i) coupling high HF-concentrations with a pulsed etch-
ing voltage while still employing backside illumina-
tion;

(ii) employing a less oxidizing organic electrolyte at high
HF concentrations run in the breakdown mode with-
out illumination [21].

In the first case the standard backside illumination setup
is used, where a HF concentration higher than 6 wt.% nor-
mally would lead to unacceptable bad pore morphologies
(heavy branching, rough walls, etc.). This effect can be sup-
pressed if the etching bias is periodically pulsed. While the
pore diameter responds somewhat to the pulsing, the genera-
tion of side pores is largely suppressed with a drastic increase
of etching speed (up to 4 μm/min, cf. Figure 3(e)).

In the second case it was attempted to mimic pore growth
conditions as encountered in InP, where it is possible to gen-
erate beautiful pore arrays [22] with high etching rates. The
hole generation in this case is confined to electrical break-
down, in contrast to standard macropore etching configura-
tion, where breakdown is avoided because it generates small
side pores which can perforate the whole pore walls (cf. .Fig-
ures 3, 5, and 6). The second ingredient predicted from an
analysis of the InP pores was the suppression of oxide for-
mation by using an organic solvent (acetonitrile (MeCN) or
dimethylformamide (DMF)) instead of water, supplemented
by suitable salts because of the low conductivity of organic
solvents. The growth speed in this case is then directly cou-
pled to the oxide dissolution rate, as this process is by far
the slowest process [18]. Therefore the HF concentration
was pushed to 15–20 wt%, under conditions which normal
macropore growth does not proceed properly anymore.

First results were encouraging. Figure 3 shows some ex-
amples. As in InP, some self-organization was observed: on a
(111) surface, where close packing induced ordering of pores
and the natural threefold crystallographic symmetry harmo-
nize, a high degree of hexagonal self-ordering was found, al-
beit not as pronounced as in the InP case. While on (100)
InP, pores are still forming hexagonal arrays [22]; on (100)
Si a completely new self-organization feature was found: the
formation of a so-called “frustrated crystal.” Since the four-
fold symmetry of the crystal is competing with the hexag-
onal symmetry of close-packing, a geometrically frustrated
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Figure 4: (a) Diameter and (b) depth of mesopores on n-Si (100, ρ = 5–20Ωcm), j = 30 mA/cm2, tetch = 100 seconds. The “optical
thickness” (ellipsometer) differs form the geometric thickness, because the pore density decreases, while the refractive index increases with
increasing HF concentration.

distribution of pores results, with no angular correlation
of nearest neighbor positions, but a strong correlation for
second-nearest neighbors. This is a very appealing configura-
tion for fundamental optic and magnetic investigations since
it has a well-defined structure but without translational sym-
metry, which could, for example, cause unwanted Moirée
patterns. It has to be stressed that these “macro” pores are
not subject to the standard restrictions for macropores (i.e.,
growth speed 1 μm/min, and diameter > 200 nm) as can be
seen from Figure 3, where several examples are shown with
100 nm pores; hence the regime of mesopores (following the
strict IUPAC convention) is within reach.

Standard mesopores in Si are always grown on heav-
ily doped samples and at relatively high HF concentrations,
which necessitates only a few volts to drive large etching cur-
rents. The growth rates can reach several 10 μm/min, which
indicates that direct dissolution of silicon is the major pro-
cess. The resulting morphology is a network of needle-like
and heavily branched pores (cf. Figure 1(a)). Figure 4 shows
the dependence of pore diameter and pore depth on fluoride
concentration for n-type Si (cf. also [23] for a detailed anal-
ysis of parameters and resulting morphology).

To reach a narrow distribution of pore sizes, it is neces-
sary to induce uniform nucleation and to suppress branch-
ing. This either necessitates prepatterning by < 100 nm
lithography, “luck,” or some degree of self-organization as
shown for the (macro)pores in Figure 3.

This brings us to the smallest pores, the micropores (fol-
lowing IUPAC). Generally, micropores grow on low-doped
p-type material with ca. 1 μm/min; crack-free growth be-
yond a thickness of some μm may pose a serious problem.
The resulting morphology is a chaotic network of nm sized
Si—branches with porosities up to 80 % (meaning that al-
most any atom left is a surface atom), but we skip further
details of this by far most investigated pore type and refer to
two recent books [24, 25].

While microporous Si triggered the immense research
dedicated to light-emitting Si, real devices will most likely
be based on quantum structures realized with different tech-
nologies. Nevertheless, microporous layers still provide am-
ple ground for research and may be seen as test vehicles for
structures produced with more advanced technologies which
are unaffordable in most laboratories. As a somewhat unwel-
come feature it must be added that so far attempts to pro-
duce micropores in semiconductors other then Si by anodic
etching were not successful, with the exception of 6H�SiC
[11]. This is not only frustrating, but also surprising, because
the generally accepted formation mechanism for micropores
(resting heavily on quantum wire effects) is not Si specific
but should occur in any semiconductor.

5. PORES IN OTHER SEMICONDUCTORS

The variety of pores in III–V compounds (and to a smaller
extend in SiC [10]) has been discussed elsewhere [8], here
only some results from InP will be highlighted. InP most
prominently features two different types of pores: crystal-
lographically oriented (“crysto”) and current-line-oriented
(“curro”) pores; which by now also have been found in GaP
and Si. The former are growing at low current densities
along that set of crystallographically defined �111� directions
where one “looks” from the group V to the group III atom
(the so-called �111� B direction) and usually has a triangular
cross section. High current densities applied to a fresh sur-
face also first yield crysto pores, which then heavily branch
(including upwards) during their growth into depth. As soon
as the pore density becomes so large that further branching
is impeded, the pore morphology switches synchronized into
the curro mode, that is, pores are now growing along the cur-
rent path (same as along electrical field lines). These pores are
round and try to self-organize in a hexagonal close-packing.
Several self-organizational features are encountered, most
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Figure 5: Pores in Ge. (a) Good sub-μm macropores, (b) mix of several pore types, (c) macropores in p-type Ge, (d) Ge membrane, and (e)
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Figure 6: (a) Meso-macro membrane; for example, for fuel cells applications, (b) flow rate through a porous Ge membrane as a function of
applied potential.

prominent the formation of hexagonal single pore crystal on
(111) and—amazingly—(100) substrates (cf. [22]). Induced
switching between crysto and curro pores may have novel
uses, as will be pointed out below.

Investigations of porous Ge began more recently [7].
While first it appeared that it was difficult to obtain pores
at all [5], however by now a bewildering variety of pores has
been found and some results will be reported here for the
first time. Figure 5 gives a flavor of what is possible. A list of
“firsts” in Ge includes (i) only other material besides Si where
backside illumination can be used, however with new effects;
(ii) only semiconductor besides Si where “good” pores can
be produced in p-type material; (iii) first example for pore
growth in �111� direction for nonpolar cubic semiconductor;
(iv) the only material so far with {110} “stopping” planes.
While there are many more unusual features which move Ge
in the focus of efforts to arrive at a better understanding of
pore formation mechanisms in general. There is one feature

of porous Ge that is of considerable interest for potential
uses: Ge exhibits the effect electrocapillarity or electrowet-
ting, that is, its surface can be switched from hydrophobic to
hydrophilic by just changing the applied potential; a feature
that has been demonstrated in [7] and illustrated for our Ge
membranes in Figure 6(b).

6. MEMBRANE FABRICATION

For many applications (especially chemical, but also opti-
cal), a porous membrane would be preferable to a layer,
or is even necessary. Membrane fabrication, however, is not
trivial after the electrochemical porosification step has been
done. Grinding off the solid backside would be the first ap-
proach, but this process only works for rather thick and stable
pore walls, that is, “big” pores. For small pores the grinding
process tends to destroy the porous layer and to clog the
pores with debris.
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A better method uses a wet etch-back procedure from the
backside. The pore surface in this case must first be protected
by an oxide and/or a nitride coating, after that the backside
is exposed to a chemical etching solution (in the case of Si:
KOH or HF/HNO3 mixtures). Without any protection, the
pore walls would be quickly destroyed as soon as the etch-
ing front reaches them. Especially the coating with nitride,
which is for reliable protection almost unavoidable, makes
this process expensive, in particular when pores with a very
large aspect ratio call for very low pressure CVD.

Alternatively, a membrane can be “blasted off” the sub-
strate by simply employing a current pulse, driving the sys-
tem into the electropolishing, regime after the electrochemi-
cal pore etching is concluded. Especially for mesopore mem-
branes, this process works pretty well and has been demon-
strated for 100 μm thick layers on whole 100 mm wafers for
an industrial application.

Another possibility is a changing in the electrolyte af-
ter the pore etching to a nonfluoride containing electrolyte
that only anodically oxidizes the pore tips. Under favorable
circumstances the anodic oxide grows laterally until the ox-
ide layer around pore tips connects. Afterwards the wafer is
placed in a HF solution, which dissolves the oxide and dis-
attaches the porous region. Unlike the lift-off process, this
can be done outside the electrochemical cell in an optimized
process to ensure that the fragile membrane remains un-
damaged. Both processes mentioned produce a free-standing
membrane without a solid rim which is only desirable in
some cases. A certain advantage is that the wafer can be
reused for further membrane production.

The growth of pores from both sides of the wafer can
also be used to produce membranes. Most pores do not eas-
ily intersect (i.e., Si macro + macro, micro in any combina-
tion), because they have a carrier depleted space charge re-
gion around themselves, but mesopores in Si and macrop-
ores in Ge, for example, can overcome this obstacle (cf. Fig-
ures 5(d) and 6(a)). First a deep macroporous layer is grown.
Afterwards the wafer is turned around and with a second
porous layer, for example, mesopores are driven in from the
backside.

Depending on the planned application, the mesoporous
layer can then be chemically etched-off, as mesopores are
much more prone to chemical etches than macropores, or—
alternatively—a dual pore size membrane results. In the lat-
ter case, the mesoporous layer defines the critical dimensions
for filtering applications, while the macropores help to stabi-
lize the membrane and to controllably support the filter with
the to-be-filtered solution.

7. SOME PROPERTIES AND APPLICATIONS
OF POROUS SEMICONDUCTORS

Properties

The properties of porous semiconductor can be radically
different from those of the bulk material, in particular
if nanoporous materials are considered. Not only prime
semiconductor parameters like conductivity, band gap, and

absorption/emission of light might be quite different, but
also internal symmetries/anisotropies, high-order effects and
even basic chemistry. Of course, the large surface to volume
ratio also plays a major role. A few examples of new proper-
ties form a long (and not yet fully established) list.

(a) More than 100-fold increase of second harmonic gen-
eration in porous GaP, if the pore cross-section is tri-
angular [26].

(b) Strongly increased or decreased cathodoluminescence
in porous GaP or InP, respectively [27].

(c) Optical anisotropy (e.g., birefringence) [28] and new
types of anisotropy not encountered in natural mate-
rials, if two or more sets of pores are present simulta-
neously [29].

(d) Novel absorption characteristic (e.g., transparent for
UV while blocking larger wavelength [25, 30]).

(e) Fast chemical reactions practically not observed with
bulk materials; including violent explosions due to
large surface to volume ratio and optimal diffusion
conditions [31].

(f) Strongly decreased thermal conductivity (and con-
comitantly changed phonon spectra) [32].

(g) Strongly changed modes of plasmon, exciton, polari-
ton, and so forth [25].

(h) Extreme aspect ratios (up to 10 000 for InP [8]).
(i) Strongly changed conductivity, sensitive to the pres-

ence of gases or humidity [33].

Applications

The spectrum of possible applications, which exploit the spe-
cial properties given above, is large; it will be grouped into
several subgroups here. From each topic, one or two exam-
ples indicated in bold letters are discussed more extensively.

Optics

(i) Novel optical elements with already demonstrated ca-
pabilities are photonic crystals [34], optical short-pass
filters [25, 30], as well as Bragg and Rugate mirrors ob-
tained by modulating porosity with depth [35].

(ii) Emerging applications only partially demonstrated in-
clude nonlinear elements (e.g., strong frequency dou-
bling in porous GaP [26] and Si [36]) including
phase matching, integrated waveguides [37], and novel
anisotropic (e.g., birefringent) materials [29].

Structures with the potential of being used as integrated
waveguides in InP rely on the possibility to abruptly switch
from crysto to curro pores; Figure 7 shows an example. The
easily induced porosity changes are coupled to a change in
the refractive index suitable for waveguiding. These struc-
tures are easy to make (in contrast to conventional tech-
niques), if all their properties (including, e.g., damping) are
suitable for optoelectronic devices remains to be seen, but
their usefulness for optical gas sensing is obvious. Optical gas
and fluid sensing rely on sending light through a space filled
with the gas or fluid and detecting changes of the spectrum at
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Figure 7: SEM cross-section of porous InP waveguides suitable for,
for example, optical gas analysis: the wafer was coated with stripes of
photo resist prior to electrochemical etching leading to semicylin-
drical pore structures. First crysto pores (low porosity) form a high
index core surrounded by a low index curro cladding [37].

the end. One major problem is to confine the light on small
cross section so that small quantities of substances can be an-
alyzed. Also the signal-to-noise rises if the light is focused.
Normal light waveguides are solid, that is, the analyzed sub-
stance cannot enter. A porous waveguide circumvents this
problem without abandoning the waveguide properties.

A cubic crystal full of pores extending in several equiva-
lent crystallographic directions no longer has a cubic symme-
try from the viewpoint of light with a wavelength larger than
the pore geometry. Indeed, (110)-oriented Si, with two sets
of mesopores extending along the �100� directions, shows
a pronounced birefringence [28] that can be much stronger
than in natural crystals. Recently, this effect has been recalcu-
lated with considerable accuracy; in addition the theory has
been extended to cover other pore geometries. Completely
new anisotropic behavior was predicted for certain pore ge-
ometries that might be producible in GaAs or InP [29] (cf.
Figure 8). Filling of the pores with a metal exhibiting strong
plasmonic resonances (e.g., for Ag) is expected to further en-
hance these optical anisotropies [38].

Mechanics

(i) Porous layers are generally useful for MEMS appli-
cations, most simply as sacrificial layers, but also as
a kind of dielectric layer or as thermal insulation. A
large-scale effort intends to use macroporous Si elec-
trodes as well as microporous Si electrodes for micro-
fuel cells [39–41].

(ii) The extremely low thermal conductivity has been em-
ployed for ultrasonic generation [42].

(iii) In one of the so far very few large-scale applica-
tion, canon uses porous layers as a kind of “zipper”
during the fabrication of silicon on insulator (SOI)
wafers [43].

(iv) Porous layers are as buffer layers for demanding epi-
taxial processes, for example, GaN on SiC [44].

(v) Porous layers serve as templates for nanorods or nan-
otubes of many different kinds [45].

(vi) Microporous Si is a key ingredient for a high-power
explosive [31].

If the pores of microporous Si are filled with an oxidizer,
owing to the huge surface area, an amazingly potent explo-
sive results. Research is under way to explore this (acciden-
tally discovered) property for applications like an airbag fir-
ing device. Exotic as it appears, this application might be
closer to a product than many sensor developments.

Chemical sensing

Generally, several basic effects can be used for chemical sens-
ing (i) functionalized pore surfaces are sensitive to certain
substances only, binding the analyte changes directly measur-
able properties like photo luminescence, (spectral) reflectiv-
ity, or conductivity/impedance. (ii) Special optical elements
made from porous materials, most notably Bragg reflectors
and resonators, change their key property (e.g., the wave-
length of reflections/diffraction under a certain angle) in eas-
ily measurable ways. (iii) Specific properties of a photonic
crystal made from porous materials can be used, for example,
a very small effective light propagation speed which allows to
miniaturize conventional optical gas spectrometers [46].

Smart dust from the Sailor group in San Diego [47] car-
ries the Bragg reflector principle to the extreme. Several sets
of mesoporous silicon rugate filters are functionalized for dif-
ferent protein groups (i.e., one mirror color equals one spe-
cific protein) and then ground to dust which can be blown
into the atmosphere or buildings. The dust particles, if ex-
posed to the test substance or gas, will bind the protein to be
detected and then change their reflective behavior to some-
thing that can be remotely detected with a LASER.

Biotech uses

(i) Filters for proteins and other particles. Due to the low
dispersion in pore size, electrochemically etched meso-
and macropores represent optimal candidates for fil-
tering application with a high-size selectivity, for ex-
ample, filtering of protein mixtures. As discussed in
the “Membrane fabrication” section of this article, a
combination of large macropores and smaller meso-
pores (cf. Figure 6(a)) offers a unique combination of
mechanical stability, production ease, and filtering ca-
pabilities.

(ii) Very regular arrays of macropores in Si are already
used for biochip applications (DNA); and the technol-
ogy is easily scaled to much smaller sizes if needed [25].

(iii) Bio MEMS applications are emerging, for example,
utilizing porous structures as templates for living cells
on porous substrates [48].

(iv) Microrefinery and reactors. While some work has been
done along this direction [49], this is still more a vision
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Figure 8: (a) Two �111� sets of pores in (100) GaAs. (b) Numerically calculated dielectric tensor elements of the porous GaAs layer shown
in (a) as a function of the relative filling fraction of one of the pore lattices; the overall porosity of the sample is 30%. Dashed lines: pores
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pores are changed, novel properties result.
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Figure 9: Sequential combination of different pore directions and densities. (a) Si pores switching between �111� directions and �113�
directions. (b) Combination of meso- and macropores.

than a fact. With certain techniques it is possible to in-
terconnect straight pores, while still exercising some
control over the pore geometry; Figure 9 shows ex-
amples. In Figure 9(a) the pores grow along �111�,
but change to �113� (with three equivalent directions)
and back if the voltages are cycled in a suitable way.
The “fast etching” modes for Si (cf. Figure 3) and also
for InP (cf. Figure 1(c)) offer similar morphologies
superimposing crysto and curro pores. Figure 9(b)
shows macropores interconnected by mesopores (usu-
ally considered a nuisance). All these structures resem-
ble biological tissue optimized for processing of com-
plex liquids, and it is tempting to speculate about ap-
plications as indicated above.
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1. INTRODUCTION

Atomic layer deposition (ALD) is a thin film growth tech-
nique that uses alternating and saturating reactions between
gaseous precursor molecules and a substrate to deposit films
in a layer-by-layer fashion [1, 2]. By repeating this reac-
tion sequence in an ABAB. . . fashion, films of virtually any
thickness (atomic monolayers to microns) can be deposited
with atomic layer precision. This alternating reaction strategy
eliminates the “line of site” or “constant exposure” require-
ments that limit conventional methods such as physical- or
chemical-vapor deposition, and offers the unique capability
to coat complex, 3-dimensional objects with precise, confor-
mal layers. These attributes make ALD an ideal method for
applying precise and conformal coatings over nanoporous
materials [3, 4].

As an example of the ALD process, consider the follow-
ing binary reaction sequence for Al2O3 in which the surface
species are designated by asterisks [5]:

(A) OH∗ + Al(CH3)3 −→ O−Al(CH3)2
∗ + CH4,

(B) O−Al−CH∗
3 + H2O −→ O−Al−OH∗ + CH4.

In reaction (A), the substrate surface is initially covered
with hydroxyl (OH) groups. The hydroxyl groups react with

trimethyl aluminum (Al(CH3)3, TMA) to deposit a mono-
layer of aluminum-methyl groups and give off methane
(CH4) as a byproduct. Because TMA is inert to the methyl-
terminated surface, further exposure to TMA yields no ad-
ditional growth beyond one monolayer. In reaction (B),
this new surface is exposed to water regenerating the initial
hydroxyl-terminated surface and again releasing methane.
The net effect of one (A)-(B) cycle is to deposit one mono-
layer of Al2O3 on the surface. ALD can deposit a wide vari-
ety of materials including oxides, nitrides, sulfides, and met-
als.

In this manuscript, we describe recent work exploring the
ALD coating of two nanoporous solids: anodic aluminum
oxide (AAO) and silica aerogels. AAO membranes are syn-
thesized by the anodization of aluminum metal [6], and con-
sist of well-ordered hexagonal arrays of open pores with di-
ameters d ∼ 40 nm and pore length L ∼ 70 microns. Sil-
ica aerogels are fabricated by the supercritical drying of a
silica sol-gel [7] and consist of a randomly interconnected
network of fine filaments and particles. The AAO and sil-
ica aerogels have been successfully coated using ALD meth-
ods with a variety of oxide films including Al2O3, TiO2,
V2O5, and ZnO as well as metallic Pd films. The ALD coated
AAO and aerogel materials were characterized by scanning
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Table 1: Precursors and deposition temperatures for ALD film growth.

ALD film Metal source Oxidant/reductant Deposition temperature (◦C) Reference

Al2O3 Trimethyl aluminum (TMA) H2O 177 [8]

TiO2 Titanium tetrachloride (TiCl4) H2O 100 [9]

V2O5 Vanadyl oxytriisopropoxide (VOTP) H2O2 100 [10]

ZnO Diethyl zinc (DEZ) H2O 177 [11]

Pd Pd hexafluoroacetylacetonate (Pd(hfac)2) HCOH 200 [12]

200 nm

(a)

200 nm

(b)

500 nm

(c)

Figure 1: Plan view SEM images of AAO membrane before (a) and after (b) 15 nm ALD Al2O3 coating. (c) Cross-sectional SEM image after
coating recorded from middle of membrane. Conformal Al2O3 coating extends to midle of AAO.

electron microscopy (SEM), energy dispersive analysis of x-
rays (EDAX), transmission electron microscopy (TEM), x-
ray diffraction (XRD), optical absorption, and four-point
probe conductivity measurements.

The ALD/AAO materials are being employed as meso-
porous catalytic membranes [13] and gas sensors. The cat-
alytic membranes were fabricated by applying successive
coatings of Al2O3, TiO2, and V2O5 onto AAO membrane
supports. Additional AAO membranes coated with ALD Pd
exhibit fast response and high sensitivity for hydrogen de-
tection. Silica aerogels have the lowest density and highest
surface area of any solid material. Therefore, these materials
are excellent templates for preparing novel catalytic materi-
als and sensors by ALD [4]. In these initial studies, mono-
lithic (bulk) and thin film silica aerogels were coated by ZnO
ALD, and the physical properties of the resulting ZnO/SiO2

materials were investigated as a function of the ZnO coating
thickness.

2. EXPERIMENTAL

Anodic aluminum oxide (AAO) membranes consisting of
hexagonally ordered arrays of nanopores with diameter d =
40 nm and pore length L = 70 micron were prepared by a
two-step anodization procedure [6]. Aluminum sheets were
electropolished in a solution of perchloric acid and ethanol
and anodized in 0.3 M oxalic acid at 3◦C for 24 h. Freestand-
ing AAO membranes were obtained by selectively etching
away the unreacted Al in saturated HgCl2 solution and then
immersing in 5.00 wt% phosphoric acid at 30.0◦C for 65 min
to remove the barrier layer. Bulk aerogels with a density of
10 mg/cm3 and a surface area of 350 m2/g were prepared by

supercritical drying of a silica sol-gel using the procedure de-
scribed in reference [7]. Thin film aerogels were prepared us-
ing the same procedure by first applying the sol-gel between
two flat SiO2 surfaces.

The ALD was performed in a viscous flow reactor [14]
using the reactants and temperatures given in Table 1. The
reactant pressures, exposure times, and purge times were in-
creased relative to the values necessary to coat flat surfaces
to allow diffusion of the gaseous reactants into the high as-
pect ratio pores of the AAO and aerogel materials [3]. Fol-
lowing the ALD coating, AAO membranes and aerogel ma-
terials were analyzed using SEM, TEM, EDAX, XRD, optical
absorption, and four-point probe resistivity.

3. RESULTS AND DISCUSSION

AAO membranes were modified by ALD to fabricate nano-
porous catalytic membranes for the selective oxidation of hy-
drocarbons. First, the AAO pore diameter was reduced to
enhance the catalytic activity using Al2O3 ALD. AAO mem-
branes having an initial pore diameter d = 40 nm and pore
length L = 70 micron were coated by 15 nm ALD Al2O3

to achieve a final pore diameter of d = 10 nm. By tuning
the AAO pore diameter, we can control the contact time be-
tween the reactants and the catalyst. An additional function
of the Al2O3 coating is to cover up the aluminum oxalate
and other impurities in the AAO that are introduced dur-
ing the anodization step [15]. These impurities may cause
a different initial reactivity of the AAO surface towards the
Al2O3 ALD precursors. Plan view and cross sectional SEM
images (Figure 1) demonstrate that the very high aspect ratio
(L/d ∼ 104) pores are conformally coated using ALD. TEM
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100 nm

(a)

100 nm

(b)

Figure 2: TEM images of AAO membrane before (a) and after (b)
18 nm ALD Al2O3 coating. Conformal ALD coating maintains ini-
tial AAO pore asymmetry.

images of the AAO samples before and after coating with an
18 nm ALD Al2O3 layer (Figure 2) illustrate how the confor-
mal ALD coatings preserve the initial asymmetry present in
some of the AAO pores. Oval-shaped openings in some of
the pores become more exaggerated as the pores become nar-
rower.

After depositing the ALD Al2O3 coating on the AAO
membrane, ALD TiO2 and V2O5 coatings were deposited to
serve as the catalytic support layer and active catalyst layer,
respectively. The TiO2 layer has a thickness of ∼ 1 nm and
serves to enhance the activity of the V2O5 catalyst. It is pos-
sible that Cl residue from the TiCl4 used to deposit this ALD
TiO2 layer may influence the subsequent catalytic activity of
the AAO membranes. The catalyst layer is a submonolayer
coating of V2O5 with a thickness of ∼ 0.1 nm. In situ quartz
crystal microbalance (QCM) measurements demonstrated
that the ALD TiO2 and V2O5 layers nucleate readily on the
ALD Al2O3 layer as expected for hydroxyl-based growth [1].
It was necessary to coat the AAO membranes with ALD TiO2

at 100◦C to obtain uniform and amorphous TiO2 coatings.
At higher deposition temperatures of 250◦C, the TiO2 de-
posited nonuniformly as 10–50 nm anatase crystals inside of
the AAO pores. Cross sectional SEM and EDAX measure-
ments reveal that the ALD TiO2 and V2O5 coatings deposited
at 100◦C are uniform throughout the AAO nanopores. Cat-
alytic testing showed that the ALD/AAO membranes were
highly selective in the oxidation of cyclohexane to cyclohex-
ene. When compared with conventional powder catalysts, the

ALD/AAO membranes formed much less of the higher oxi-
dation products benzene, CO and CO2. We believe that the
reduced contact time in the flow-though-pore structure ac-
counts for the enhanced selectivity [13].

AAO membranes were also coated with metal films to
form prototype gas sensors. Conformal Pd coatings with
a thickness of 2 nm were deposited onto AAO membranes
using alternating exposures to Pd(hfac)2 and formaldehyde
(HCOH). Prior to the ALD Pd coating, a 1 nm coating of
ALD Al2O3 was applied to the AAO to promote rapid nucle-
ation of the Pd. Cross-sectional EDAX measurements con-
firmed that the Pd films extended to the middle of the high
aspect ratio pores, and plan view SEM revealed a nanocrys-
talline Pd morphology as shown in Figure 3. The Pd/AAO
samples exhibited rapid and reversible conductivity changes
upon hydrogen exposure and showed great promise as hy-
drogen gas sensors with fast response and high sensitivity.

The ability to coat ultralow density silica aerogels with
conformal layers of different metal and metal oxide materi-
als using ALD will enable the fabrication of novel gas sen-
sors and catalysts. In this study, monolithic and thin film sil-
ica aerogels were coated by ZnO ALD [4]. Prior to the ZnO
coatings, a 3Å ALD Al2O3 coating was applied as a nucle-
ation layer. SEM images of the silica aerogel versus number
of ZnO ALD cycles (successive exposures to DEZ and H2O)
are shown in Figure 4. The silica aerogels have an open fila-
mentous structure and the conformal ZnO coating increases
the filament diameter with increasing ZnO cycles. After 80
ALD cycles, ZnO nanocrystals are visible on the surface of
the coated aerogel. XRD measurements of this sample reveal
hexagonal zincite. The weight change of the monolithic sil-
ica aerogels versus number of ALD ZnO cycles is shown in
Figure 5. Also shown is the Zn EDAX signal obtained from
thin film aerogels versus number of ZnO cycles. The weight
gain and Zn content vary quadratically with the number
of cycles. This finding is surprising given the highly linear
growth observed on flat substrates for ALD ZnO films. This
discrepancy is explained by the increase in filament diame-
ter demonstrated in Figure 3. The amount of ZnO deposited
per cycle varies with the square of the filament radius. Be-
cause the filament radius increases linearly with the number
of ZnO cycles, the sample weight and Zn content increase
quadratically.

The optical absorption and four-point probe electrical
conductivity of the thin film silica aerogels were monitored
versus number of ALD ZnO cycles. ALD ZnO is electrically
conducting and absorbs blue light, while SiO2 is electrically
insulating and optically transparent. As the aerogel becomes
progressively coated by the ZnO, both the electrical conduc-
tivity and optical absorption increase.

4. CONCLUSIONS

We have used atomic layer deposition (ALD) to apply precise
and conformal coatings over nanoporous anodic aluminum
oxide (AAO) membranes and silica aerogels. The ALD lay-
ers uniformly coat all exposed surfaces of the substrates in-
cluding the inner walls of the extremely high aspect ratio
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Figure 3: (a) SEM image of AAO membrane following 2 nm ALD Pd coating. (b) EDAX elemental analysis from middle of cleaved portion of
AAO membrane demonstrating that Pd coating extends to the middle of pores. (c) Resistance changes of Pd/AAO membrane to alternating
H2 and N2 gas streams demonstrating high H2 sensitivity and rapid time response.
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Figure 4: SEM images of silica aerogel verus ZnO ALD cycles illustrating progressive thickening of aerogel filaments.
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Figure 5: Mass gain and Zn EDAX signal versus ZnO ALD cycles
on silica aerogel. Quadratic behavior results from linear increase in
aerogel filament diameter with number of ZnO cycles.

(L/d ∼ 104) AAO pores. We have deposited successive lay-
ers of Al2O3, TiO2, and V2O5 onto AAO to fabricate catalytic
membranes for the selective oxidation of hydrocarbons. AAO
membranes coated with ALD Pd show great promise as hy-
drogen sensors. Very low-density silica aerogels can be coated
with ALD ZnO layers to alter the aerogel properties.
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1. INTRODUCTION

Iron nanoparticles are interesting due to their smaller size
and higher reaction efficiency. Nanoporous structures are
a branch of nanomaterials that have significant importance
due to their ability to absorb and react, as they possess large
surface area. Nanoporous materials have applications as cat-
alysts, sensors, electrodes for batteries and fuel cells [1, 2].
Zero-valent iron [Fe(0)] nanoparticles react more quickly
than their oxides and are of great importance due to their
high oxidation capability and rapid kinetics in addition to
their ability to reach the deep sites of contamination [3].
The iron-iron oxide core-shell nanoparticles can dechlori-
nate chlorinated hydrocarbons, a major source of environ-
mental contaminant. The oxide shell provides a passivating
layer that imparts stability to the particles in aqueous suspen-
sion [3] by preventing further oxidation, so that the particles
react slowly for extended period. The iron nanoparticles can
react with contaminants in the environment up to 8 weeks
and can flow along with groundwater for a distance of 20 m
[4]. Rapid in situ reduction of trichloroethelyne is observed
using nano-iron. Up to 99% of the trichloroethelyne is re-
duced within a few days [4]. Potentially important aspect of
nanoparticle structure, including protective shell or impu-
rities, is to alter the final products formed during the oxi-
dation of chlorinated hydrocarbons to form environmental
friendly products [5]. Understanding the chemical properties
of nanoparticles can be achieved by controlling the cluster

structure and their shells. Control over the iron nanoparticles
by conventional methods is difficult. The knowledge of the
cluster components and their interaction mechanisms with
gaseous or solution environments is an important require-
ment to understand the cluster.

Here we report the synthesis and characterization of
nanoporous, nanostructured cluster film of iron along with
the study of size-dependent enhancement of specific surface
area (SSA).

2. EXPERIMENTAL DETAILS

Core-shell iron nanoclusters were synthesized from a 75 mm
diameter iron target [6–8] of 3 mm thickness. Target acts as
the cathode of the sputtering gun inside the third generation
nanocluster source. The schematic representation is given in
Figure 1.

Aggregation tube cooled by chilly water promotes the
cluster synthesis at low temperatures ranging from 3ÆC to
room temperature. In this experiment, the clusters were pre-
pared at 7ÆC. Inert gases are present inside the aggregation
chamber, which acts as carrier gases, and Ar causes the sput-
tering. DC power when applied to the sputtering gun causes
the gaseous Ar near the target to ionize and this generates
Ar+ ions. Ar+ ions sputter the iron atoms from the surface
of the target into the aggregation chamber where they ag-
gregate due to low temperature and form clusters. Clusters
move from one chamber to the other due to the gas flow and
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Figure 1: Schematic representation of the third generation nanocluster source.

pressure differences between the chambers and reach depo-
sition chamber. Here the nanoclusters are deposited on sub-
strates like TEM grids or Si wafers placed on the substrate
holder. Size of the iron-iron oxide core-shell nanoclusters is
varied using inert gas ratio, pressure, growth distance, and
power supplied to the gun. Detailed information about the
preparation technique can be found in [6–12]. To confirm
our understanding of the properties of these particles, a com-
parison is made between the microscopic measurements of
particle structures using transmission electron microscopy
(TEM) and atomic force microscopy (AFM) and the sur-
face area (SA) analysis using BET. Formation of well-defined
particles provides useful materials for the study of chemical
properties of nanoparticles.

3. RESULTS AND DISCUSSION

Low-resolution TEM image of monodispersed iron-iron ox-
ide core-shell nanoclusters of ∼ 21 nm size exposed to at-
mosphere is shown in Figure 2(a). Figure 2(b) is a high-
resolution TEM image of a core-shell nanocluster. Thickness
of the pure Fe(0) core and the iron oxide shell of this core-
shell structure can be clearly seen from the high-resolution
TEM image. The oxide shell measured with high-resolution
TEM shows a thickness of 2-3 nm, and is very stable. The
characterizations of Fe(0) core and oxide shells are reported
elsewhere [7]. TEM images show core-shell structure for par-
ticles exposed to the air for several months, which reveals the
stability of iron-iron oxide core-shell nanoclusters.

The porous nature of the cluster film, observed from the
tapping mode AFM data is given in Figure 3. Here we see the
cluster film deposited on Si substrate. The image below is in
2 µm range along x-y direction and 20 nm in z-direction. The
image RMS value is 1.98 nm. As the deposition takes place
in low energy range, the clusters retain their original shapes.
The randomly deposited nanoclusters give porous nature to
the film.

SSA is the SA per mass. Mathematically, SSA can be cal-
culated using the formula: SSA = SApart /(Vpart � density).
Here Vpart is particle volume and SApart is particle SA.

The calculated SSA uses the concept of maximally ran-
dom jammed (MRJ) state [13], which is the most disordered
state among all strictly jammed packing [14]. If the particles
are in an MRJ state, then they cannot move or rattle around.
The packing fraction for MRJ states ranges from 0.52 to

(a)

Iron oxide

Fe (0)

(b)

Figure 2: (a) Low-resolution TEM image of iron-iron oxide core-
shell nanoclusters. (b) High-resolution TEM image of an iron-iron
oxide core-shell nanocluster.

0.5

1

1.5

µm

Figure 3: AFM image of iron-iron oxide core-shell nanoclusters (x–
y: 2 µm scale, z = 20 nm, RMS = 1.98 nm).
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Figure 4: (a) Specific surface area (calculated) versus diameter curves for an iron and iron oxide particle film. (b) Density (bulk) versus
oxide shell thickness of 9 nm and 24 nm core-shell iron-iron oxide samples.

0.74, but a packing fraction (PF) around 0.63 is much more
common than others. PF increases with increasing order of
configuration and lowers with the decrease in order [13].

Figure 4(a) shows the calculated SSA versus cluster diam-
eter curves for iron and iron oxide porous cluster films. The
particles are assumed spherical with bulk densities. Contact
areas between particles are considered negligible. It is seen
from Figure 4(a) that the SSA increases with the decrease in
cluster diameter, and the increase is prominent below 10 nm.
From Figure 4(a), it is seen that iron and iron oxide nan-
oclusters show only a small change in SSA above 10 nm sizes.
Below 5 nm diameter, the discrepancy between SSA of metal-
lic iron and iron oxide increases.

Clusters < 7 nm in size, when observed under TEM, are
found to be fully oxidized, while the clusters > 7 nm have an
oxide shell of thickness range 2 nm to 3 nm [7]. For a cluster
of size 21 nm, the shell thickness can range from 2 nm to
3.5 nm. If we consider a nanocluster to have the density of
bulk Fe or/and iron oxide, then as the thickness of the shell
of a nanocluster increases, its density tends towards the iron
oxide density from the iron density. Figure 4(b) gives a plot
of density versus shell thickness for 9 nm and 24 nm iron-
iron oxide nanoclusters. Density decreases faster in the case
of 24 nm core-shell clusters with the increase in shell thick-
ness, whereas the density decrease takes place at a slower pace
for 9 nm core-shell clusters.

BET measures adsorption of nitrogen on the surface of
a sample to determine the SSA of the particles. Here, BET is
used to determine the SSA of core-shell iron-iron oxide nan-
oclusters of different sizes between 7 nm and 21 nm deposited
on Si wafer substrates. Figure 5 shows BET results from
the nanocluster film composed of spherical nanoclusters de-
posited on Si wafers, results calculated using the density of
24 nm clusters with 3 nm thick oxide shell as solid curve, and
the BET results from plane Si wafers. Experimental results
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Figure 5: SSA (calculated) versus diameter curves for iron-iron ox-
ide core-shell structured nanocluster with 3 nm shell thicknesses is
denoted by the solid curve, SSA of nanoclusters deposited on Si
wafers are given by spheres, and the SSA of plane Si wafers mea-
sured by BET is represented by plus sign.

have significantly large SSA than that expected from calcula-
tion, which can be due to lower nanocluster density and high
porosity of the cluster film. Additionally, in the case of MRJ
packing, particles are considered to be tightly packed, which
is not strictly true for the soft landed nanoclusters deposited
on Si wafer to form a thin film of clusters. This is because the
nanoclusters that are deposited randomly leave lots of space
in between each other and hence increases the amount of ni-
trogen absorbed into the sample.
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4. CONCLUSIONS

In conclusion, stable monodispersed iron-iron oxide core-
shell nanoporous films are synthesized using nanoclusters
as building blocks. TEM, AFM, and BET measurements are
done to characterize this nanoporous sample. TEM image
shows the monodispersed nanocluster sample. BET mea-
surements show that the surface areas of cluster films are sig-
nificantly enhanced with decrease in particle size.
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1. INTRODUCTION

Developing new processes for chemical production and con-
trolling the environment pollution are two main challenges
faced by the chemists of the 21st century, and these are also
the new applications of nanoporous functional materials.
Apart from a number of novel catalysts and adsorbents de-
signed and synthesized for chemical industry, many efforts
have been done for the protection of environment that con-
nects the life of people much closer. Among these extensive
efforts to be undertaken, one of the new developing areas
of study is the application of nanoporous functional materi-
als such as zeolites, because zeolite has excellent thermal and
chemical stability along with the unique shape selectivity and
sieving effect. These inherent features enable the nanoporous
materials to recognize, discriminate, and organize molecules
with precisions that can be less than 0.1 nm [1], and a note-
worthy example is the zeolite additive in cigarette to remove
carcinogenic agents like nitrosamines because smoking is a
global problem causing health hazard [2–5]. Nitrosamines
are known to be toxicant chemical not only to cause poi-
soning some times, but also to induce cancer and tumor
in almost all organs of experimental animals [6]. They are
important contributors to the total burden of carcinogens
resulting from tobacco, especially the tobacco smoke, since

the nitrosamines in tobacco products and tobacco smoke
can be directly deposited into the blood following inhalation
through smoking. Moreover, environmental tobacco smoke
is one of the major contaminants of indoor air leading to
considerable exposure for the nonsmoker through passive
smoking. Thus, removal of carcinogenic compounds from
environment is important for environment protection. Zeo-
lites are the potential trapper of nitrosamines owing to their
unique function of selective adsorption, and about 50–70%
of nitrosamines in smoke can be eliminated [2, 4]. In early
literature this function of zeolite was attributed to its catal-
ysis, but detailed researches reveal the crucial role played by
the selective adsorption of zeolite [7–12]. The extraordinary
interaction for the N−NO functional group of nitrosamines
enables zeolite to capture the carcinogenic compounds in the
smoke that contains more than 4000 components; even the
zeolite A is able to adsorb the volatile nitrosamines through
an especial inserting model of adsorption [13, 14], in which
the carcinogens adsorb in zeolite by inserting the N−NO
functional group into the narrow channel.

To meet the requirement of reducing the nitrosamines
level in the aeration system of tower where the flow rate of
airstreams is very large and the concentration of nitrosam-
ines relatively lower [15], however, new functional nanopo-
rous materials with higher efficiency are sought. These novel
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candidates should have stronger capability to selectively ad-
sorb nitrosamines and, if possible, other carcinogenic com-
pounds in airstreams. Recently our group tried to incor-
porate copper oxide on NaY zeolite through impregnation
method, and successfully enhanced its ability of trapping
volatile nitrosamines, say, about one time higher, in the
smoke of Chinese Virginia-type cigarette [16–19]. Nonethe-
less, suspicions still exist on the modified zeolites con-
cerning whether they can adsorb the bulky polycyclic aro-
matic hydrocarbons (PAHs), that is, another carcinogens, in
airstreams. Besides, further study is required to explore the
possibility of replacing copper oxide by other metal oxides
for lower cost and higher environmental benignity of the
nanoporous functional materials.

In most cases, the degradation of nitrosamines, cat-
alyzed by the modified zeolites or mesoporous silica, releases
gaseous nitrogen oxides NOx due to the rupture of N−NO
band in the carcinogenic molecule, which, however, is not
environmental benign anyway. Therefore, seeking another
modifier to replace copper oxide for these porous adsor-
bents is another aim of the present paper, and the candidate
should be able to obviously reduce the release of NOx during
the catalytic decomposition of nitrosamines. Based on our
foregoing investigation [20, 21], zirconia is chosen because
of its weak acidity and weak basicity. Nitrosamines possess
both weak acidity and weak basicity, too; therefore estab-
lishing a suitable chemical environment in the nanoporous
adsorbent should be beneficial to promote the decomposi-
tion of the worst carcinogenic compounds. Nonetheless the
reason why the zirconia-coated zeolites can reduce the re-
lease of NOx in the catalytic degradation of nitrosamines
is still not understood, which spurs us to critically exam-
ine the property-function relations of zirconia embedded
in zeolite, not only for deep understanding of the selec-
tive removal of nitrosamines, but also for seeking the new
concept for creating novel functional nanoporous materi-
als.

2. EXPERIMENTAL

Three volatile nitrosamines, the N-nitrosodimethylamine
(NDMA), the N-nitrosopyrrolidine (NPYR), and the N-
nitrosohexamethyleneimine (NHMI), were purchased from
Sigma and dissolved in dichloromethane with volume ratio
of 1 : 19, and stored at 273 K. Anthracene (Ant) was also ob-
tained from Sigma and dissolved in cyclohexane with weight
ratio of 0.18. Zeolite NaY, with Si/Al of 2.86 and a surface
area of 766 m2·g−1, was purchased from Wenzhou catalyst
factory (China). NaZSM-5 zeolite, with Si/Al ratio of 23,
was provided by the catalysts factory of Nankai University
(China). It possesses the surface area of 354 m2·g−1 and the
mean crystal size of 7 μm.

Copper was incorporated in the porous support us-
ing “drying impregnation”: 0.456 g Cu(NO3)2 · 3H2O was
dissolved in 40 ml H2O and 5 g NaY added; the mixture
was stirred strongly and heated up to half dryness; then
dried at 373 K overnight; finally the product was ground to

100 mesh and calcined at 773 K for 6 h in order to convert
Cu(NO3)2 to copper oxide. The resulting sample contained
3% (w/w) CuO and to be denoted as 3%CuO/NaY. Other
samples were prepared in the same way and the concen-
tration of aqueous solution was controlled to get differ-
ent loadings of copper cations. Through similar process
ZnO or Fe2O3 was loaded on zeolites. The purity of car-
rier gases N2 and H2 was 99.99%, and all agents used were
of AR grade. For the preparation of zirconia-modified ze-
olite, the guest oxide ZrO2 (Toray Ltd., SA = 120 m2·g−1)
was first ground along with NaY zeolite at a given weight ra-
tio, then radiated in a microwave oven (2450 MHz, 850 W)
for 20 minutes. The resulting materials were character-
ized by XRD, that carried out on an ARL XTRA diffrac-
tometer with Cu Kα radiation, and the XRD peak inten-
sity ratio of ZrO2 (111) to that of NaY (111) represented
the proportion of the residual bulk zirconia in the sam-
ple. The static adsorption of n-hexane at 303 K was em-
ployed to characterize the pore volume of the nanoporous
samples, in which the sample was evacuated at 673 K for
2 h then cooled to 303 K to contact with the adsorbate at
the given pressure. XPS measurements on the VG ESCALab
MK II instrument were performed using a 1253.6 eV Kα
magnesium X-ray source, the energy scale of spectrome-
ter was calibrated by setting the measured C1S binding en-
ergy to 284.6 eV. The concentration of each element was
then calculated from the area of the corresponding peak,
calibrated by using the relative sensitivity factor of Wag-
ner.

Instantaneous adsorption of volatile nitrosamines is per-
formed in a stainless steel microreactor whose one end in-
serts deeply into the injector port of Varian 3380 gas chro-
matograph (GC), while another end connects with the sepa-
ration column in the GC. five mg samples, in 20–40 meshes,
were filled in the reactor and sealed by glass wool to fix
the position where the temperature could be accurately con-
trolled by the injector port of GC. The sample was directly
heated to the given temperature, without activation, in the
flow of H2 with a rate of 30 ml·min−1, and the nitrosamine
solution was pulse injected with amounts of 2 μl each time.
After being gasified in the injector, the nitrosamines were
pushed by the carrier gas with a speed of 25 cm·s−1 to pass
through the zeolite bed layer then to the packed column,
and the response at the column outlet was recorded by the
GC with thermal conductivity detector. The rejection was
repeated for several times over several hours to examine
the capability of zeolite to capture the nitrosamines in gas
stream. To avoid environment contamination, exhaust gas
was treated by acid solution to destroy nitrosamines.

In the experiment of temperature-programmed surface
reaction (TPSR), 20 mg sample was activated in N2 at 773 K
for 2 h. NPYR solution was injected in the sample at 423 K
followed by purge of N2 for 0.2 h, then the temperature of
the sample was increased from 423 K to 773 K at the rate of
8 K·min−1 and kept at 773 K for 0.5 h; the cracking products
of nitrosamines were detected every 20 K by spectrophoto-
metric method [5].
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Figure 1: XRD patterns of transitional metal oxide-modified NaY
samples.

3. RESULTS AND DISCUSSION

3.1. Characterization of the zeolite modified
with metal oxide

Figure 1(a) depicts the dispersion of metal oxides on zeolite
NaY, and all of three samples incorporated copper oxide or
ferric oxide show the identical XRD patterns to that of parent
zeolite NaY. No extra phase is observed in the case of loading
3 wt.-% of copper oxide or ferric oxide on NaY, and increas-
ing the loading amount of copper oxide to 5 wt.-% cannot
create the crystal phase of the guest on the patterns of the
composite, either. It appears that the impregnation process
can well disperse the metal oxide-like copper oxide or ferric
oxide in zeolite NaY provided the loading amount is about
3 wt.-%.

Well-dispersion of zirconia in zeolite NaY was also ob-
served. Microwave radiation did not damage the pore struc-
ture of NaY zeolite under the experimental conditions we
used here [22, 23]. After the mixture of NaY and zirco-
nia was microwave-radiated, no characteristic XRD peak
of zirconia emerged in the patterns with the 2θ value of
28.1◦, and the composite exhibited the same XRD pat-
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Figure 2: The isotherm of n-hexane adsorbed in zirconia-modified
zeolite NaY at 303 K.

Table 1: Impact of loading zirconia on the adsorption of n-hexane
in zeolite NaY (P/Ps = 0.7, at 303 K).

Loading amount (wt.-%) 0 5 10 20 30 40

Adsorption (mmol/g) 2.3 2.1 2.0 1.9 1.7 1.3

Decrease (%) — 8.9 13.0 17.4 26.1 43.5

terns as that of zeolite NaY, even the loading amount
reached 15 wt.-% (Figure 1(b)), since the spontaneous dis-
persion threshold of zirconia in the zeolite was 15 wt.-%
[21]. However, adsorptive isotherm of n-hexane revealed
the variation of the pore volume of the resulting com-
posites. As is evident from Figure 2 and Table 1, the pore
volume of zeolite NaY host, represented by the adsorp-
tion amount of n-hexane at 303 K, is gradually lowered
owing to the occupation of the channel of zeolite by the
guest oxide. Besides, the isotherm of 20%ZrO2/NaY sam-
ple became turnuped as the P/Ps exceeded 0.4, and such
trend was observed on the sample of 30%ZrO2/NaY and
40%ZrO2/NaY. Nonetheless, the adsorption isotherm of n-
hexane on ZrO2/NaY sample still kept its original Lang-
muir type as that on zeolite NaY (Figure 2). This phe-
nomenon demonstrates the existence of the uniform chan-
nel in the ZrO2/NaY composites, that is, the characteris-
tic of zeolite and very important for selective adsorption
or catalysis. In general the reduced pore volume of ze-
olites goes against their adsorption of nitrosamines [12,
14], consequently the sample loaded with the zirconia of
more than 20 wt.-% will not be used for further experi-
ments.
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3.2. The promoted adsorption capacity of zeolite for
trapping nitrosamines in stream

Figure 3 illustrates the impact of loading 3 wt.-% transitional
metal oxide on the capacity of zeolite NaY for instanta-
neous adsorbing NPYR at 453 K. It should be pointed out
that the contact time between the adsorbent and the ni-
trosamines is very short in these tests, say, less than 0.1 sec-
ond, which is similar to that in actual application of zeo-
lites in aeration system. Both copper oxide and ferric oxide
show an obvious promotion on zeolite NaY while a faint
effect is found in the modification with zinc oxide. When
the accumulated amount of NPYR reached 1.00 mmol·g−1,
CuO/NaY or Fe2O3/NaY could adsorb 99.2% of the car-
cinogenic compound while ZnO/NaY or NaY adsorbed
93.8%. As the accumulated amount of NPYR increased to
1.70 mmol·g−1, ZnO/NaY exhibited a little larger adsorption
capacity (81.0%) than the parent zeolite (78.5%). Promoted
adsorption of nitrosamines in stream by zeolite is also ob-
served on the samples of 3%ZrO2/NaY and 5%ZrO2/NaY,
and they exhibit an enhanced adsorptive capacity slightly
higher than both parent zeolite and zinc-modified NaY as
demonstrated in Figure 3. Nitrosamines adsorbed in zeolite
through the manner of inserting the N−NO group into the
channel [9, 10, 12], which is accelerated by the strong inter-
action with the metal ions in the zeolite. Among the metal
oxides used here, CuO appears to be the best one, how-
ever ferric oxide-modified sample possesses an excellent pro-
motion function on the adsorptive ability of zeolite NaY,
much close to that of copper-modified sample (Figure 3),
which implies the possibility of replacing copper modifier
by ferric oxide to promote the adsorptive capability of zeo-
lite.

Figure 4 shows the promotion of CuO on the adsorption
of NPYR in different zeolites. As the accumulated amount
of NPYR rose from 0.5 to 1.5 mmol·g−1, CuO/NaY ad-
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Figure 4: Amount of NPYR adsorbed on zeolites Y and ZSM-5 be-
fore and after loading copper oxide at 453 K.

sorbed more NPYR than NaY (1.24 mmol·g−1), and the
highest capacity was observed on 3%CuO/NaY sample
(1.48 mmol·g−1). Promotion of CuO became more obvi-
ous on NaZSM-5 zeolite, and the 3%CuO/NaZSM-5 ad-
sorbed more NPYR (0.33 mmol·g−1) than the parent zeo-
lite (0.27 mmol·g−1) even at the low accumulated amount of
NPYR (0.5 mmol·g−1). This difference became larger when
the accumulated amount of NPYR reached 1.5 mmol·g−1:
the former adsorbed 0.55 mmol·g−1 while the latter ad-
sorbed 0.34 mmol·g−1. The adsorptive capability of NaZSM-
5 is elevated about 60%.

Figure 5 depicts the impact of the molecular size on the
adsorption of nitrosamines in the copper modification NaY
zeolite. NDMA, NPYR, and NHMI have the molecular di-
ameter of 0.45, 0.56, and 0.59 nm, respectively [12, 24], so
that the adsorbed amount of three nitrosamines is diverse.
For NaY when the accumulated amount of nitrosamines ar-
rived 1.25 mmol·g−1, 70.5% of NHMI, 94.6% of NDMA,
or NPYR could be adsorbed. In case 2.40 mmol·g−1 of ni-
trosamines passed through the adsorbents, about 85.7% of
NDMA and 72.0% of NPYR were adsorbed. No doubt the
NDMA with the smallest molecular volume can be adsorbed
in zeolite much more easily due to its fast diffusion inside
the channel of adsorbent [7]. Same tendency was found
on 3%CuO/NaY. When the accumulated amount reached
1.25 mmol·g−1, 64.1% of NHMI, 97.9% of NDMA, or NPYR
could be adsorbed; while the amount rose to 2.40 mmol·g−1,
95.1% of NDMA and 82.9% of NPYR were adsorbed. It
is conclusive that the difference between the adsorption
of three volatile nitrosamines is magnified on the copper-
modified zeolite: more NDMA or NPYR but less NHMI ad-
sorbed on the sample of 3%CuO/NaY. That is to say, in-
corporation of copper oxide delicately modifies the chan-
nel of zeolite and made the shape selectivity increased which
may be beneficial for the separation in environment protec-
tion.
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Figure 5: Different nitrosamines adsorbed on (a) NaY and (b)
3%CuO/NaY at 453 K.

Figure 6 shows the adsorption of anthracene (Ant), one
of polycyclic aromatic hydrocarbons that exists widely in en-
vironment such as smoke [25], on zeolite NaY. In case that
the accumulated amount of Ant was 30.0 mg·g−1, 70.4% of
the adsorbate could be trapped by NaY. For 3%CuO/NaY,
the corresponding value was 94%, one third higher than that
of the parent zeolite. As is evidenced from Figure 6, the sam-
ple of 3%CuO/NaY can capture more anthracene molecules
than NaY zeolite in the instantaneous adsorption in which
the contact time is less than 0.1 second. This result replies a
new application of the copper-modified nanoporous adsor-
bent in protection of environment, and this functional ma-
terial may be used to trap the polycyclic aromatic hydrocar-
bons (PAH) in aeration system of tower. It is the first time
to find the promotion of CuO modification on the instan-
taneous adsorption of both nitrosamines and PAH in zeolite
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Figure 6: Anthracene (Ant) adsorbed on NaY and 3%CuO/NaY at
503 K.

NaY, but the mechanisms of the promotion may be different.
Copper oxide attracts the N−NO group, through the inter-
action similar to that with NOx [26], to accelerate adsorp-
tion of nitrosamines in NaY. Anthracene consists of only C
and H without N and O as well as N−NO group, so the cop-
per nanoparticles embedded in NaY cannot induce it into the
channel as that happens in the case of nitrosamines. Deco-
ration of channel of the adsorbent may result in this pro-
motion, since the copper oxide dispersed into the channel
of NaY should reduce the actual pore size, even a little. An-
thracene has a molecular size of 0.49 nm, smaller than the
pore size of NaY (0.76 nm), so the delicately reducing of
the pore size and/or the curvature of channel in the adsor-
bent will be helpful for anthracene because the confinement
of channel is elevated and thus forms a stronger adsorbate-
adsorbent interaction with the adsorbate. Judged on these
results, it seems feasible to promote adsorption of both ni-
trosamines and PAH in airstreams by nanoporous materials
like zeolite, through tailoring the pore structure and surface
state by coating metal oxide on the porous host.

3.3. Suppressing the release of nitric oxygen in
decomposition of nitrosamines on zeolite NaY

Figure 7 depicts the degradation of NPYR on zeolite NaY
in the temperature-programmed surface reaction (TPSR)
process. NPYR is a volatile nitrosamines consisting of five-
membered ring and its degradation starts from the rupture
of N−NO bond to release nitric oxygen product [27, 28].
Consequently, the detected nitric oxide and other nitrogen
oxides, that result from the further reactions of the primary
nitric oxide, represent the amount of nitrosamines to be
degrated [5, 8]. The NPYR adsorbed in ZrO2/NaY began
to degrade and liberate NOx at 473 K when nitrogen was
used as the carrier gas, giving rise to a maximum concen-
tration of NOx near 593 K on the sample of 5%ZrO2/NaY
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Figure 7: Impact of loading zirconia in zeolite NaY on the decom-
position of NPYR.

and 10%ZrO2/NaY with the amount of 78 and 82 μmol·g−1,
respectively. When the reaction temperature was hold at
773 K for 0.5 h, another unconspicuous desorption of ni-
trogen oxides appeared on 5%ZrO2/NaY with a relative low
concentration of about 6.6 μmol·g−1. This phenomenon be-
came obvious in the sample of 10%ZrO2/NaY and the corre-
sponding value increased to 11.8 μmol·g−1. As a comparison,
the maximum value of 53 μmol·g−1 emerged on parent zeo-
lite NaY at 613 K, and no further desorption of NOx was de-
tected during which the sample was hold at 773 K (Figure 7).
The unsupported zirconia itself could adsorb a considerable
amount of nitrosamines and most of them seemed to be de-
composed at around 733 K, giving rise to a maximum con-
centration of 29 μmol·g−1. These nitrogen oxides continu-
ously desorbed when the sample was hold at 773 K, similar
to that observed on those ZrO2/NaY composites. On the ba-
sis of these results, it is very likely that desorption of NOx
from the zirconia-modified zeolite NaY at 773 K in the TPSR
process of NPYR originates from the inherent feature of zir-
conia. The unsupported zirconia is a porous material with
a pore volume of 0.23 ml·g−1 and an average pore size of
6.66 nm [29]. Under the test conditions used here, the de-
tected total amount of NOx in the decomposition of NPYR
over zirconia (0.164 mmol·g−1) is smaller than that over zeo-
lite NaY (0.179 mmol·g−1). However, the surface area of zir-
conia (120 m2·g−1) is one sixth of that of NaY (766 m2·g−1),
so that the oxide probably possesses a comparable capabil-
ity to NaY for trapping the volatile nitrosamine if judged on
the efficiency per square meter surface area of the sample.
Thus, coating zirconia on zeolite NaY through microwave-
radiation considerably enhanced the efficiency for catalytic
degradation of NPYR, and more NPYR were degraded at
lower temperature than that on the parent zeolite. Moreover,
desorption of NOx at high temperature in TPSR process ap-
peared on these nanoporous composites as the characteristic
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of zirconia. Incorporation of more zirconia in NaY did not
cause further promotion on the catalytic activity of the com-
posite, the detected amount of NOx from the sample of
20%ZrO2/NaY dramatically declined, as demonstrated in
Figure 7, at the same time the desorption of NOx at 773 K
was still obvious.

When the carrier gas in TPSR process was changed
from nitrogen to air, however, the maximum concentra-
tion of NOx released from the sample of 10%ZrO2/NaY was
abruptly decreased to below 10 μmol/g under the same con-
ditions (Figure 8). Similar phenomenon was also observed
on 5%ZrO2/NaY sample, and these results were confirmed
by several repeated experiments. In contrary, only slightly
variation was found on the desorption of NOx on NaY zeolite
alone, and the concentration of NOx at 633 K increased from
49.4 to 54.5 μmol·g−1 instead, as demonstrated in Figure 8.
One may argue that these differences result from the different
amounts of NPYR adsorbed on 10%ZrO2/NaY in the differ-
ent carrier gases, this argument however, is not justified by
experiments. Two samples adsorbed NPYR in nitrogen or air
prior to the TG-DTA tests, and the similar weight loss (about
8%) emerged accompanied by the same exothermal peak of
NPYR decomposition that appeared around 473 K and con-
tinued to 873 K [21], indicating the similar amount of NPYR
adsorbed on ZrO2/NaY regardless of the kind of carrier gas.
To check if the most of adsorbed NPYR escaped from the
nanoporous material, the nitrosamine content of the exhaust
gas was analyzed. However, only less than 1% of the ad-
sorbed NPYR was found to desorb from 10%ZrO2/NaY sam-
ple during the TPSR process, which confirms that most of the
nitrosamines are degraded. This is rationalized by propos-
ing that the products distribution of NPYR degradation is
changed in the sample of 10%ZrO2/NaY when the carrier gas
becomes air. That is to say, the release of nitrogen oxides is
suppressed though the reason is not known yet.
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Table 2: XPS analysis of 10%ZrO2/NaY sample.

Sample Before activation After activation in nitrogen
Atom % Binding energy (eV) Atom % Binding energy (eV)

O1s 66.74 531.61 63.0 531.72
Zr3d 3.20 181.65 3.66 181.54
Na1s 7.65 1072.15 8.68 1072.15
Si2p 16.80 102.35 18.68 102.45
Al2p 5.59 73.95 5.97 74.25

Figure 9 shows the degradation of NPYR on the unsup-
ported zirconia in different carrier gases. Unlike the sample
activated and tested in nitrogen on which a lot of nitrogen
oxides formed as aforementioned, only a few the gaseous
NOx products were detected on the bare oxide when the
sample was activated and tested in air, and the total amount
of NOx lowered to 0.009 mmol·g−1, about 5% of that on the
former (0.164 mmol·g−1). If the zirconia was directly used in
the TPSR test in air without activation, the analyzed amount
of nitrogen oxides (0.133 mmol·g−1) was still smaller than
that in nitrogen (0.164 mmol·g−1), however dramatically
higher than that activated in air (0.009 mmol·g−1). Accord-
ingly, activation of zirconia in nitrogen seems to elevate its
ability to catalyze the formation of nitrogen oxides in decom-
position of NPYR. Table 2 lists the XPS analysis results of the
zirconia-modified zeolite NaY before and after activation in
nitrogen, and both samples possess the same value of bind-
ing energy within the experimental error. This excludes the
possibility that activation changes the electrovalent state of
zirconium in the composite. Although the surface composi-
tion of the sample is slightly changed, say, the concentration
of sodium cation increases from 7.65% to 8.68%, which can-
not be used to account for the different catalytic properties
of the composite activated in different carrier gases.

Figure 10 illustrates the XRD patterns of bare zirconia ac-
tivated in air or nitrogen. Two crystal phases monoclinic bad-
deleyite and tetragonal form exist in the zirconia, and the for-
mer has intensity weaker than the latter. The peaks at 2θ of
30.2◦, 50.2◦, and 60.2◦ in the XRD patterns are the character-
istic of tetragonal form [30]. After the sample was activated at
773 K in air, the XRD peak of monoclinic baddeleyite with 2θ
value of 28.3◦ [29] became stronger but the tetragonal form
was still the main phase. By contrary, activation at 773 K in
nitrogen made the monoclinic baddeleyite to be the primary
phase while the peak with 2θ value of 31.3◦ grew dramatically
along with that of 28.3◦. Drawing on these results, the impact
of carrier gas in activation is further proposed. Tetragonal
crystal in zirconia is metastable phase [29, 31], and activa-
tion in nitrogen seems to promote its conversion. Nonethe-
less, the available data do not allow a discussion of the possi-
ble mechanism involved, and further study is thus required to
explore the relationship between the phase conversion extent
of zirconia and the suppression of nitrogen oxides in TPSR
test.

Although the reason why the zirconia-modified zeolite
NaY can strangely suppress the release of NOx during the
decomposition of nitrosamines is still enigmatic; discovery
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of this unwonted feature of the nanoporous adsorbent gives
a clue for design and synthesis of novel functional materials
that can act as killer traps for the carcinogenic pollutants in
environment, for which choosing suitable guest components
and incorporating them inside the pore of nanoporous host
will be crucial.
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4. CONCLUSION

Incorporation of transitional metal oxide such as copper
oxide in zeolite can efficiently elevate the capability of the
host to selectivly trap the volatile nitrosamines in airstreams,
opening the new application of the nanoporous materials
into the aeration system of tower.

Ferric oxide-modified zeolite NaY exhibits a high abil-
ity of adsorbing volatile nitrosamines in stream, too, proving
the possibility to replace copper oxide for modification of ze-
olites.

Coating zirconia on NaY through microwave-radiation
can enhance the capability of the zeolite to capture ni-
trosamines in stream, too, and more importantly it dramati-
cally suppress the release of nitrogen oxides when the decom-
position of nitrosamine is performed in air, which may relate
with the crystal phase of the guest but further investigation is
needed.
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1. INTRODUCTION

Donor doped SrTiO3 (STO) is well known for its capability
as resistive high temperature oxygen sensor [1–4]. STO is sta-
ble without recrystallization over a wide temperature range
between 104 K and about 2300 K [5]. Furthermore, STO ac-
cepts very high donor dopant concentrations up to 30%
without any phase transition thus allowing to vary the sen-
sor capacity over a wide range [6, 7]. Especially very porous
donor doped STO was found to be of interest, because it
provides quick response times in contrast to STO crystals.
0.5 at.-% Nb-doped STO layers, for example, show response
times around 30–40 ms at 1130 K [1]. These response times
can be improved even further if the particle size is decreased.
Meyer and Waser found, that STO crystalline material with
grain sizes of about 1 μm provides response times of about
10 ms [2].

Response times in the range of ms are necessary for most
applications, for example, for oxygen sensors in car exhaust
management. Therefore, the donor doped STO nanocrys-
talline particles may be of relevance in future high temper-
ature oxygen sensor applications.

Sol-gel is a powerful method for preparation of nano-
scaled oxide powders and nanoscale thin films for a vari-
ety of applications. It enables processing of refractory oxide
layers at temperatures as low as 370 K in some special cases
[8]. Materials with different compositions can be easily ob-
tained in the form of glasses, fibers, ceramic powders, and
thin films [9]. Multilayers are also easily made by means of
sol-gel methods [10].

In this study we report a sol-gel route for the production
of undoped and donor doped STO nanostructured thin films
for sensor applications. We characterized these films by mi-
croscopic and electron spectroscopic methods.

2. EXPERIMENTAL

2.1. STO-sol and STO coatings preparations

STO sols were synthesized by means of a sol-gel method
starting from alkoxides of the corresponding metals. The
reagent grade chemicals used were Sr(C2H3O2)2(99.995%
Sr—Sigma-Aldrich) and Ti(OC4H9)4 (97% Ti—Sigma-
Aldrich). First, Sr-acetate was dissolved in concentrated
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acetic acid under addition of small amounts of acetyl ace-
tone which acts as a complexing agent. The dissolution of Sr-
acetate was performed on a magnetic stirrer under continu-
ous heating. After a clear solution of Sr-acetate was obtained
Ti-butoxide was added dropwise to the solution.

For the preparation of Nb-doped STO, sol Nb(C2H3O2)5

(99.9% Nb—Strem Chemicals) was weighed and added with
a syringe to an aliquot of the aforementioned undoped STO
sol. In order to achieve the optimal viscosity of the final sol to
be spin coated, we continued heating of the Nb-doped STO
sol under stirring. The final sol was clear and stable on stor-
age.

STO layers were applied on Si-wafers by means of spin
coating upon addition of 20, 50, and 60 μl of the STO sol,
followed by spinning at 12000 s−1 for 15 seconds. After de-
position, the layers were left in ambient air for 1 hour and
then thermally treated in air according to the following pro-
gram: 2 K/min up to 570 K with a dwell of 30 minutes, and
further with 3 K/min up to 1000 K with a 1-hour dwell. The
samples were cooled down to room temperature at a cooling
rate of 3 K/min.

2.2. STO particle characterization

The spectroscopic measurements were carried out using an
ultrahigh vacuum (UHV) apparatus with a base pressure of
5 × 10−9 Pa, which has been described in detail previously
[11].

Electron spectroscopy is performed with a hemispheri-
cal analyzer (VSW HA100) in combination with a source for
metastable helium atoms (He∗) and ultraviolet photons (HeI
line) for metastable induced electron spectroscopy (MIES)
and ultraviolet photoelectron spectroscopy (UPS) as well as
with a commercial non-monochromatic X-ray source (Specs
RQ20/38C) for X-ray photoelectron spectroscopy (XPS).

During XPS, X-ray photons hit the surface under an an-
gle of 80◦ to the surface normal, illuminating a spot with a
diameter of a few millimeters. For the measurements shown
here we used the Mg Kα and Al Kα lines with photon ener-
gies of 1253.7 eV and 1486.7 eV. Emitted electrons were an-
alyzed by the hemispherical analyzer under 10◦ to the sur-
face normal with a resolution of 1.1 eV. All XPS spectra are
displayed as a function of the electron binding energy with
respect to the Fermi level. Therefore, an apparent shift of all
Auger lines by 233.0 eV occurs when switching between exci-
tation sources.

For quantitative XPS analysis, the photoelectron peak
area is calculated by mathematical fitting with Gauss-type
profiles using OriginPro 7 G including the PFM fitting mod-
ule. Photoelectric cross sections as calculated by Scofield [12]
and inelastic mean free paths from the NIST database [13]
are taken into account when calculating stoichiometry. Fur-
thermore, the transmission function of our hemispherical
analyzer is included into the calculation.

MIES and UPS are performed applying a cold cath-
ode gas discharge via a two-stage pumping system. Here,
metastable He∗ atoms and HeI photons are produced. The

ratio between He∗23S and He∗21S amounts to 7 : 1 [14]
at least. Therefore, no contribution of the He∗21S-surface
interaction can be detected. A time-of-flight technique is
used to separate electrons emitted by He∗ (MIES) and HeI
(UPS) interaction with the surface. The mixed He∗/HeI
beam strikes the surface under an angle of 45◦ and illumi-
nates an area of about 2 mm diameter on the sample surface.
MIES and UPS spectra are simultaneously recorded by the
hemispherical analyzer with a resolution of 220 meV under
normal emission within 130 second.

Metastable He∗ atoms may interact with the sample via
different mechanisms depending on surface electronic struc-
ture and work function [15, 16]. In this work, we will only
discuss the relevant processes.

During Auger deexcitation (AD), an electron from the
sample surface fills the 1s orbital of the impinging He∗. Si-
multaneously, the He 2s electron is emitted carrying the ex-
cess energy. The resulting spectra directly display the surface
density of states (SDOS). The excitation potential of the He∗

amounts to 19.8 eV [15–18]. Because the He∗ atoms interact
with the surface in distances typically between 0.3 and 0.5 nm
in front of it, MIES is extremely surface sensitive and displays
the SDOS of the uppermost layer of the sample only. To dis-
tinguish surface from bulk effects, AD-MIES and UPS can be
compared directly.

For STO, a different interaction takes place: the 2s elec-
tron of the impinging He∗ is resonantly transferred into the
surface of the sample and localizes at near surface Ti 3d states.
Subsequently, a Ti 3d electron fills the hole in He+ 1s in an
interatomic Auger neutralization (AN) process, followed by
the emission of an O(2p) surface electron carrying the excess
energy. The energy of the resulting MIES peak is shifted by
1.2 eV toward higher binding energies compared to AD due
to a diminished local ionization potential. A detailed discus-
sion of this process is given in [19].

Oxygen incorporation into STO most strongly depends
on the dissociation probability in the vicinity of the surfaces.
This probability depends on the very outermost surface wave
functions which are most sensitively probed by MIES.

All MIES and UPS spectra are displayed as a function of
the electron binding energy with respect to the Fermi level.
The surface work function can be determined from the left
onset of the MIES or the UPS spectra with an accuracy of
0.1 eV.

The silicon samples bearing the STO nanoparticles are
mounted in a molybdenum sample holder and transferred
into the UHV via a transfer system. Afterwards, the sample
is cleaned from surface contamination by heating to about
850 K before measuring.

Atomic force microscopy (AFM) measurements are per-
formed with a digital instruments dimension 3100 AFM in
tapping mode using a silicon cantilever. The AFM is oper-
ated under ambient conditions. AFM images are analyzed
concerning particle size distribution and surface roughness
with SPIP 3.2 from image metrology.

Auger depth profiles were used to measure the thick-
ness of the STO layers on the silicon by sputtering with ar-
gon under control of a PHI Auger microprobe system. These
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Figure 1: AFM images (2× 2 μm2) of an (a) undoped and (b) Nb-
doped SrTiO3 nanoparticle film on a Si(100) substrate.

measurements were carried out in a separate vacuum cham-
ber.

3. RESULTS

Figure 1 shows the AFM images of a STO undoped (Figure
1(a)) and Nb-doped (Figure 1(b)) nanoparticle film, which
was produced via the sol-gel route described in Section 2.
After deposition the samples were transferred to the micro-
scope immediately. We evaluate an average size of 25 nm with
a full width at half maximum (FHWM) of 20 nm for the un-
doped particles and an average size of 50 nm with a FHWM
of 30 nm for the donor doped particles. The films are thin-
ner than 100 nm in both cases, which was evaluated by Auger
depth profile analysis. The particle sizes and their distribu-
tions can be reproduced with high accuracy applying the syn-
thesis parameters described in Section 2. The surfaces pos-
sess roughnesses of about 3.8 nm for the undoped and 6.3 nm
for the doped films (root mean square corresponding to ISO
4287/1). Heating to temperatures substantially higher than
described in Section 2.1 does not change neither the size nor
the distribution of the nanoparticles.
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Figure 2: (a) XPS spectrum using Mg Kα excitation of an undoped
SrTiO3 nanoparticle film on a Si(100) substrate, (b) XPS spectrum
using Al Kα excitation of a Nb-doped SrTiO3 nanoparticle film on
a Si(100) substrate. O(KLL), Ti(LMM), and C(KLL) are shifted by
233.0 eV towards higher binding energies compared to Figure 2(a).

Figure 2 shows the XPS spectra of the undoped (Figure
2(a)) and Nb-doped (Figure 2(b)) STO nanoparticle films
shown in Figure 1. The samples were immediately inserted
into the UHV after the microscopy. The peak areas are an-
alyzed as described in Section 2 and are compared with the
corresponding ones for stoichiometric STO. For the undoped
particles we find a composition near to STO but with a Sr
concentration about 5% lower than the Ti concentration.
Comparable values are found for the doped particles with a
Nb concentration of about 1 at.-%. This corresponds well to
the value expected from preparation.

Besides the peaks corresponding to STO we observe Mo,
C, and Na signals. Mo is due to the sample holder and is not
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Figure 3: (a) MIES and (b) UPS spectra of an SrTiO3 nanoparticle film on an Si(100) substrate (solid line) compared to the corresponding
spectra of SrTiO3(100) single crystals (dotted line).

found on the sample surface. C is typically due to a surface
contamination with carbon containing species like CO2 or
CO2−

3 . The Na contamination is mostly due to NaCl residues
from the deposition process.

It is well known from literature that donor doped STO
crystals heated under ambient conditions loose Sr [20, 21].
We assume that the annealing during the synthetisation
process induces similar processes on the nanoparticle sur-
faces, thus reducing the Sr concentration.

Figure 3 shows MIES (Figure 3(a)) and UPS spectra
(Figure 3(b)) of the undoped nanoparticle film discussed
above compared with corresponding spectra for SrTiO3(100)
single crystals [19, 22, 23]. Nb-doped nanoparticles show
similar spectra which are therefore not shown here. The spec-
tra are displayed as a function of the binding energy EB with
the Fermi level at EB = 0 eV. The contributions beyond
EB ≈ 10 eV are induced by secondary electrons and will
not be discussed here. The MIES spectra show one peak at
EB = 6.5 eV being induced by the localized AN process de-
scribed in Section 2 [19]. This peak is well known and cor-
responds to the ionization of non-hybridized O(2p) of the
SrTiO3(100) surface, which is terminated by a TiO2 layer
[24]. The valence band maximum (VBM) of SrTiO3(100)
single crystals is found around EB = 3.2 eV while the VBM
on the STO particle film reaches to EB ≈ 1.9 eV.

UPS shows a double peak structure at EB = 7.0 eV and
EB = 4.9 eV. The peak at higher binding energy corresponds
to the ionization of O(2p) orbitals being hybridized with Ti
3d, while the peak at lower binding energy is due to non-
hybridized O(2p). The VBM is found around EB ≈ 3.2 eV
for the single crystal and the film.

4. DISCUSSION

Applying the simple synthesis procedure described in Section
2, films containing nanoscale particles are produced easily.
These particles consist of Sr, Ti, and O with near STO sto-
ichiometry. The reduced Sr concentration is most probably
due to the applied heating procedure described in Section 2.
It is well known that an Sr loss occurs during heating STO
single crystals in oxygen containing atmospheres. UPS and
MIES show a quite good similarity between the particle
film and well-defined SrTiO3(100) surfaces. The latter one
is known to show good high temperature oxygen sensor ca-
pabilities. The (110) and (111) surfaces are known to show
the same electronic structures.

The similarity between the UPS spectra proves that the
surface density of states of the nanoparticles is very similar
to the one for STO single crystals. It is known that the elec-
tronic and geometric structure of STO does not change even
for large amount of Sr vacancies inside the crystal [6, 7].

The interaction of the impinging He∗ atoms approaching
the surface with thermal velocity probes only the very outer-
most surface wave functions. These wave functions are also
responsible for the interaction of sensor surfaces with im-
pinging oxygen or ambient atmospheres molecules. In this
sense MIES is a very reasonable and powerful tool to in-
vestigate the heterogenous reactivity of the sensor surface.
The observed similarity between the MIES spectra for sin-
gle crystal and the film is of great relevance for future sensor
applications. It suggests that the nanocrystalline film can be
expected to behave similarly to STO single crystals. Further-
more, in MIES contributions within the STO band gap are
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observed. These are likely due to surface defects, which will
enhance the surface reactivity further.

It was shown previously that typical oxygen diffusion
lengths in STO amount to several 10 nm in a diffusion time
of 10 ms [25]. The oxygen diffusion on the nanoparticles
surfaces may be expected to be much faster than inside the
crystals. For ZrO2 it was found that the surface diffusion is
about 104 times faster than the diffusion into the bulk [26].
This means that nanoparticles with a diameter of several
10 nm can be expected to provide a very high signal, because
all particles contribute to the oxygen sensor signal with their
complete volume.

5. SUMMARY

Undoped and 1 at.-% Nb-doped nanoparticle containing
films with near STO stoichiometry were produced apply-
ing a simple sol-gel procedure. The undoped particles show
a mean diameter of 25 nm with a FHWM of 20 nm while
the doped particles show a mean diameter of 50 nm with a
FHWM of 30 nm. The films are electronically very similar to
STO single crystals. Their surface provides a reactivity which
is expected to be even higher than the ones for single crystal
surfaces. On the one hand, the particle size of several 10 nm is
sufficiently high to provide stable electronic conditions of the
particles. On the other hand, the size is low enough to allow
complete oxygen diffusion into the particles within 10 ms. It
can be expected that oxygen diffusion on the particles surface
is very fast. Therefore, the produced nanocrystalline STO is a
highly promising candidate for a very fast and very sensitive
high temperature oxygen sensor.
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1. INTRODUCTION

There is a great demand of nanostructures, especially nanow-
ires in a nonmagnetic matrix [1] for a lot of promising ap-
plications in today’s data storage technology, spintronic as
well as sensor applications. The most popular are porous
alumina templates, growing in a hexagonal honeycomb-like
structure which is intensively investigated [2, 3]. These struc-
tures are filled with a ferromagnetic material like Ni and
the achieved magnetic properties are examined [4–6] up to
now in the low-field regime below 1 T only. The introduced
nanocomposite system, consisting of Ni-structures embed-
ded in a porous silicon skeleton with high-aspect ratio chan-
nels (> 300), exhibits a feature at high-magnetic fields be-
tween 3 T and 6 T, which leads to a possible application of
a high-magnetic field sensor of high sensitivity. This mag-
netic high-field behavior depends on the temperature as well
as the electrochemical loading conditions. Furthermore this
deposition technique of metallic Ni in silicon is inexpen-
sive and requires only two electrochemical steps in compar-
ison to the multistep process of anodic oxidation of alu-
minium with subsequent metallization. The structure of this
nanocomposite system is visualized by SEM. The verification
of nickel within the pores is carried out by AES [7] and EDX

spectroscopy. Magnetic measurements are performed by a
SQUID magnetometer in the field range �7 T.

2. EXPERIMENTAL DETAILS

Porous silicon (PS) generally shows an irregular growth of
a sponge-like structure with interconnected channels in the
diameter regime between 2 nm and 4 nm. Mesopores with
pores between 5 nm and 50 nm grow in a dendritic manner
with a star-like cross-section of the pores. In this work we
present a mesoporous silicon structure with highly oriented
pores and dendrites smaller than the porediameter, indicat-
ing that the channels are really separated from each other. A
further remarkable feature is the sharp termination between
porous layer and bulk silicon (see Figure 1) which is sufficient
for light reflection in the mid-infrared range and gives rise to
optical and magneto-optical applications after the channels
are filled with a ferromagnetic material. Despite a whole pore
length of about 30 μm, the corrugation of the pore tips at this
border lies in the range of about 10 nm.

The mesoporous silicon layer is fabricated during anodi-
zation in a hydrofluoric acid solution. The essential param-
eters to achieve oriented channels with a diameter of a few
tens of nanometers are the current density (100 mA/cm2),
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Figure 1: Scanning electron micrograph—with a magnification of
30000—of a cleaved edge of a sample show the pores in full length
as well as the sharp termination between porous layer and bulk sil-
icon. The pores are oriented strictly perpendicular to the surface.
The small image below indicates that the roughness of the porous
silicon/bulk silicon interface lies in the range of 10 nm.

electrolyte concentration (10 wt% HF), as well as the doping
concentration of the used wafer (1018 cm�3). These param-
eters have to match accurately to obtain straight mesopores
oriented perpendicular to the surface. Furthermore the bath
temperature is kept at 20ÆC and the etching time is varied
within the range of a few minutes to achieve a porous layer
between 10 μm and 50 μm since the etching rate is about
5 μm/min. To obtain a flat surface without cracks, a post
treatment of the sample is necessary, like supercritical drying
[8] or replacing of water by a liquid of lower surface tension.

The filling procedure of the channels with Ni is carried
out in a galvanic process using nickel chlorine (NiCl2) and
boric acid (H3BO3) as electrolyte. The deposition is per-
formed in a pulsed way to get a homogeneous exchange
of the electrolyte along the entire pore length (after [9]
with modified electrolyte and deposition conditions). Other-
wise, if there is a gradient of electrolyte concentration along
the pores, they are blocked and not completely filled with
nickel. However, the parameters of the electrochemical filling
procedure can be varied to achieve different Ni-distributions
within the samples. Typical used electrolyte concentrations
are 150–160 g/l NiCl2 and 50–55 g/l H3BO3. The current den-
sity (j) is varied between 20 and 50 mA/cm2, the pulse du-
ration (tP) ranges within a few tens of seconds. Ni is either
concentrated near the surface region of the sample or at the
pore tips or it is homogeneously spread over the whole pore
length, as demonstrated in the EDX images in Figure 2. The
EDX images are performed at 3 keV showing qualitative el-
emental maps to get a rough survey of the Ni-distribution
at the cleaved edge of the specimens. In these pictures the
brightness of each pixel is controlled by the intensity of the
chosen X-ray line at the spot, and higher brightness corre-
sponds to a higher element concentration.

3. STRUCTURAL AND MAGNETIC
CHARACTERIZATIONS

Considering the top view of the surface of the fabricated
mesoporous template, the pores show a self-organization in
a quadratic-like way with a quite homogeneous distribution
of the pore diameter (Figure 4) which is mainly influenced
by the (100) crystal orientation of the used silicon wafer.
Scanning electron microscopy (SEM) with subsequent image

processing demonstrates the square-like arrangement of the
etched channels in Figure 3.

The electrodeposited Ni-structures within the pores con-
sist of high-aspect ratio Ni-wires as well as Ni-particles,
indicated by structural as well as magnetic characteriza-
tions. Magnetic measurements are performed by a SQUID
magnetometer (MPMS XL, Quantum Design) in the field
range between �7 T and a temperature range from 4.2 K
up to 300 K. The magnetization curve shows two switching
fields at different magnetic field ranges: one at low-magnetic
fields around 500 Oe (HSW1) and the other at higher fields
(HSW2) in the range of a few tesla. Ferromagnetic particles
contributing to the magnetization signals which are below
200 nm in size are single domain [10]. An example of two
Ni-particles of about 150 nm and 50 nm is shown in Figure 5
by EDX images.

The hystereses loops in this low-field regime correlate
with the size and amount of ferromagnetic particles. The
coercivity for a magnetic field perpendicular to the sample
surface ranges between 200 Oe and 600 Oe, depending on
the Ni-loading of the sample. If the magnetic field is ap-
plied in-plane, the coercivity decreases and shows values be-
tween 90 Oe and 150 Oe. The squareness MR/Ms varies be-
tween 20% and 70%, depending on the magnetic field if ap-
plied out-of-plane or in-plane, respectively. Note that the co-
ercivity shows a 30-fold increase with respect to bulk Ni, hav-
ing a coercivity of 20 Oe, mainly caused by domain wall mo-
tion. With increasing temperature, the coercivity decreases as
listed in Table 1. The presented system shows an analogous
magnetic behavior in this low-field region as porous anodic
alumina templates are filled with a ferromagnetic metal [11–
13].

In using the following relation [14]:

rc = 36 �
√
AK1

μ0M2
s

, (1)

the critical radius of Ni single-domain particles results in
rc � 50 nm. Most of the particles found in the sample are
below 50 nm in diameter and can therefore be assumed as
single domain. Due to the spheroidal-like shape, the easy axis
is isotropic without any preferential direction, except for the
small crystalline anisotropy of Ni which is negligible due to
the polycrystalline structure of the wires. In this low-field
range, the saturation magnetization is nearly equal for mag-
netic field direction parallel or perpendicular to the surface,
respectively. For particles with a radius greater than the co-
herence radius Rcoh (∼20 nm for Ni [15]), magnetization re-
versal occurs favourably in the curling mode [16–18]. Calcu-
lating the coercive field of a particle with a diameter of 60 nm
by using the following relation, [17, equation (2)], for the
curling mode, we achieve a coercivity of about 450 Oe for a
sphere, which is in good agreement with the measurements

HC = 2K1

μ0Ms
+

c(N)A
μ0Msr2

(2)

K1 magnetocrystalline anisotropy, Ms saturation magnetiza-
tion, N demagnetizing factor, A exchange stiffness constant,
c geometrical factor depending on the aspect ratio.
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Figure 2: EDX scans at 3 keV show different Ni-distributions controlled by changed loading conditions. Areas of higher brightness mean
higher Ni-concentration. (a) Shows an accumulation of Ni near the surface (j = 10 mA/cm2, tP = 20 seconds), (b) indicates that the
nucleation of Ni starts at the pore bottom (j = 50 mA/cm2, tP = 10 seconds) and (c) shows a nearly homogeneous Ni-distribution (j =
20 mA/cm2, tP = 20 seconds) within the porous layer.

Figure 3: Scanning electron micrograph (SEM) of the top view of
the surface of a porous silicon sample demonstrates the quadratic-
like arrangement of the pore growth. In the inset, a corresponding
2D-Fourier transformed reciprocal image demonstrating the pat-
tern of a square grid with a certain degree of disorder can be seen.

The nanocomposite system consists also of nanowires
with a maximum diameter corresponding to the porediam-
eter of the porous silicon template. The magnetization re-
versal of Ni-nanowires depends strongly on the wirediam-
eter and magnetostatic interaction between the wires also
influences the reversal mechanism [19–21]. Considering di-
ameters greater than the coherence radius, the curling mode
is dominant. Therefore the coercivity of such wires can be
estimated by using (2) and is in the range of about 300 Oe,
which is also in agreement with experimental data of the low-
field hysteresis loop.

This bimodal nanocomposite system shows a further
characteristic switching field at higher magnetic fields of a
few tesla presented in Figure 6. The mechanisms leading
to this depression in the magnetization curve are not fully
understood yet, but there are some remarkable points in con-
sidering the magnetization curve of Figure 6. First it can be
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Figure 4: Histogram of a typical rather homogeneous distribution
of the pore diameter within one porous silicon sample. The main
pore diameter ranges between 56 nm and 70 nm, considering a sam-
ple area of about 3μm� 3 μm.

seen that the negative magnetization peak occurs at rather
high fields between 4 T and 6 T (Figures 6 and 7) which is
much higher than interwire dipolar coupling fields. A second
point is the slight increase of the magnetization signal for
fields greater than HSW1 up to field strengths at the begin-
ning negative slope of the magnetization curve. Furthermore
no hysteresis can be observed in the high-field range above
HSW1. At last it can be seen that the described magnetic
behavior at high fields can only be observed in an external
magnetic field perpendicular to the sample surface (parallel
to the nanowires) but does not occur if the magnetic field is
applied parallel to the sample surface. Taking into account all
these facts, we suggest the following as a first starting point
for further investigations of the mentioned magnetic behav-
ior. In order to comply all these experimental results, it is
justified to assume transitions between antiparallel and par-
allel alignments of Ni-nanowires. The strong depression,
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Figure 5: EDX scans showing a zoomed sample area containing two Ni-particles indicated by ellipses in picture (a) which is obtained from
the backscattered electrons. (b) shows the Ni-distribution being confined to this two regions and (c) demonstrates the absence of chlorine
in these two areas.

Table 1: Coercivity of a Ni-nanowire sample (pitch: ∼ 120 nm) in
dependence on the temperature when the magnetic field is applied
parallel to the long wire axis. The coercive field decreases with in-
creasing temperature.

T 4.2 25 50 100 250

HC 330 320 260 200 140

which can be observed as descending magnetization in the
hysteresis loop for an increasing magnetic field (H > 4 T),
could be understood by this increase of antiparallel align-
ment of single-domain wires (Hex = HSW2). If the exter-
nal field is further increased (Hex > HSW2), finally all the
wires order into the same direction and are aligned with the
magnetic field. Hence, the system gets saturated above 6.5 T
(Figure 6).

The main problem of this explanation is the interaction
between the Ni-wires leading to an antiparallel alignment at
rather high fields of a few tesla which is still under investiga-
tion and not completely understood yet. As mentioned be-
fore, the interaction mechanism cannot be of dipolar char-
acter because it is too weak to obtain switching fields at high
fields of a few tesla. In order to elucidate the behavior with
respect to all experimental results, an assumed exchange in-
teraction has to fulfill some requirements. First, it has to take
place at high-magnetic fields and as a second point it has to
act across the distance between the wires. The latter point is
critical due to the pitch of the porous silicon template in the
range of tens of nanometers. This can be eased taking into
account that the pores are not ideal cylindrical, exhibiting
not completely smooth pore walls but dendritic growth. This
affects an effective distance between the wires which is con-
siderably smaller in the real system than in an array of ideal
cylindrical wires. On behalf of this consideration, the effec-
tive distance is in the range of only a few nanometers and this
is not too large for an exchange interaction to take place.

A further interesting behavior is the temperature depen-
dence of the second switching field. HSW2 decreases with
increasing temperature (Figure 7). Beneath 30 K, the avail-
able magnetic field of �7 T in our SQUID magnetometer
does not suffice to monitor a measurable depression of the
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Figure 6: Magnetization curve showing the first switching field
HSW1 at 500 Oe (inset) as well as the second switching field HSW2
at 5.1 T which is suggested to be due to the mutual antiferromag-
netic alignment of the Ni-wires. The diamagnetic contribution of
the substrate is subtracted. If the applied magnetic field is parallel
to the sample surface, no negative magnetization peak is observed.

magnetization signal. The temperature dependence of the
second switching field is assumed to be due to the strong
temperature dependence of the anisotropy constant K1 of
nickel, which generally decreases with increasing tempera-
ture [22].

The shape anisotropy constant is independent of the tem-
perature and thus the uniaxial anisotropy constant K1 re-
mains as the only temperature-dependent entity. These ob-
servations correspond to experiments reported in the litera-
ture [20] where the nucleation fields also increase with de-
creasing temperature. Note, however, the one order of mag-
nitude has smaller nucleation field than in our Ni/porous
silicon samples. Usually the magnetocrystalline contribu-
tions tend to average out due to random distributions of
the Ni-structures incorporated into the pores [23]. A fur-
ther contribution is the magnetoelastic anisotropy caused
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Figure 7: Temperature variation between 300 K and 4.2 K shifts the
second switching field HSW2 from 3.9 T up to 5.7 T.

by stress due to the lattice mismatch between the incorpo-
rated metallic Ni and PS. These effects are mainly caused
by the deposition conditions due to the bridging of the Ni-
PS [24]. Furthermore the temperature-dependent behavior
is also caused by the strain, due to the mismatch of the ther-
mal expansion coefficients between nickel (αth,Ni = 13.4 �
10�6 K�1) and porous silicon (αth,PS = 1.2 � 10�6 K�1). The
magnetoelastic anisotropy Kel [25] decreases with increasing
temperature from Kel = �0.5 � 106 Jm�3 to Kel = �3.39 �
106 Jm�3 taking into account that the strain of Ni has a value
of ε ∼ �3.5 � 10�3 at 4.2 K and ε ∼ �5.246 � 10�4 at 250 K.
A further correlation is found between the second switch-
ing field and the loading condition of the Ni-filling process
of the channels. Varying the electrochemical parameters like
current density and pulse duration leads to a different dis-
tribution of particles and wires and therefore to various co-
ercivities as well as negative magnetization peaks. The Ni-
content varies with the loading conditions. For HC = 350 Oe,
a Ni-content of 3.813 �10�6 cm3 is estimated and it decreases
with decrescent HC = 220 Oe, Ni-content = 1.9 � 10�6 cm3.
Figure 8 demonstrates that also the depression in the high-
field region can be influenced by different deposition condi-
tions.

The switching in the range of a few tesla works in a broad
temperature range even up to room temperature, which is
of great interest for technical applications. A shift of the de-
pression of the magnetization curve to higher magnetic fields
is observable if the temperature decreases (see Figure 7).
The steep decrease of the M(H) curves around the second
switching field followed by a steep increase gives rise to ap-
plications in magnetic sensor technology. Furthermore, the
high-field switching feature can be controlled by different
Ni-loading conditions. Changing the parameters of the elec-
trochemical deposition alters the distribution of Ni-particles
and Ni-wires, leading to different slopes of the declining
and inclining branches of the magnetization curve (see Fig-
ure 8). Higher steepness of the magnetization curve around
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Figure 8: Onset of a negative magnetization at the second switch-
ing field for different Ni-loading conditions, of a (Ni/porous
silicon)-nanocomposite. The corresponding EDX images of the Ni-
distributions are shown in Figure 2.

the second switching field means higher sensitivity for a mag-
netic field sensor. The width of the switching peak is respon-
sible for the field range within the sensor working. How-
ever, the strong correlation of the incorporated nanostruc-
tures and of the temperature with the switching field has been
demonstrated in this work.

Because of the temperature-dependent shift of the
switching field, a magnetic field, sensor is possible to be
realized with both, high sensitivity as well as a wide work-
ing range between 3 T and 6 T. For applications at fixed tem-
peratures (i.e., room temperature), the sensor specification
can only be influenced by the amount of electrochemical Ni-
deposition. In this case, the sensitivity and the working range
are competing features. In consideration of this fact, special
nanocomposite systems can be tailored, to customize a fa-
vored magnetization curve. For example, a sharp and nar-
row peak of the M(H) curve is realizable. A specimen of such
a behavior is a very promising candidate for a high-magnetic
field sensor with a small working range but with a rather high
sensitivity, and can be used to stabilize a magnetic field at a
fixed temperature.

4. CONCLUSIONS

The proposed method to fabricate Ni-nanowires embedded
in a porous silicon matrix is a two-step electrochemical pro-
cess. This procedure, managed by less steps, is inexpensive
and opens a lot of opportunities for technical applications in
silicon technology. In the first step, the porous silicon tem-
plate is fabricated during an anodization process, using aque-
ous hydrofluoric acid as solution. The achieved porous struc-
ture consists of highly oriented channels with an extremely
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high-aspect ratio up to 1 : 1000. In a second step, this tem-
plate is filled with Ni during pulsed electrodeposition. The
obtained nanocomposite system consists of a distribution of
particles and wires dependent on the electrochemical param-
eters of the deposition process like current density and pulse
duration. The electrolyte concentration is also an important
Ni-loading parameter. The structural characterization of this
nanoscopic arrangement is carried out by scanning electron
microscopy (SEM) and energy dispersive X-ray spectroscopy
(EDXS). SEM investigations demonstrate that the pores are
highly oriented perpendicular to the sample surface and that
the pores are arranged in a square-like manner, shown by im-
age processing of top view SEM images. EDXS indicates that
the pores are filled with Ni down to the pore tips. With EDXS
the distribution of different elements within one sample is
shown as well as the Ni-distribution of differently processed
samples.

The bimodal ferromagnetic nanocomposite consisting of
Ni-particles and Ni-wires shows an interesting twofold mag-
netic switching behavior at different external magnetic fields.
The first switching in the low-field regime shows a clear
anisotropic behavior of the hysteresis loops between in-plane
and out-of-plane magnetizations. This behavior is similar to
that one known from other nanowire arrays like in porous
anodic alumina templates. Due to the geometry of the sys-
tem, the magnetization reversal process occurs mainly by
curling. The mechanisms of the second switching at high
fields cannot be explained completely up to now but are still
under investigation.

This (porous silicon/Ni)-nanocomposite exhibiting the
described novel bimodal magnetic behavior is a promising
candidate for applications in magnetic high-field sensor de-
vices. An advantage of this system is the use of silicon as basic
material which can be integrated in today’s semiconductor
microtechnology.

ACKNOWLEDGMENTS
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Miniaturized gas sensors or electronic noses to rapidly detect and differentiate trace amount of chemical agents are extremely at-
tractive. In this paper, we report on the fabrication and characterization of a functional tin oxide nanoparticle gas sensor. Tin oxide
nanoparticles are first synthesized using a convenient and low-cost mini-arc plasma source. The nanoparticle size distribution is
measured online using a scanning electrical mobility spectrometer (SEMS). The product nanoparticles are analyzed ex-situ by high
resolution transmission electron microscopy (HRTEM) for morphology and defects, energy dispersive X-ray (EDX) spectroscopy
for elemental composition, electron diffraction for crystal structure, and X-ray photoelectron spectroscopy (XPS) for surface com-
position. Nonagglomerated rutile tin oxide (SnO2) nanoparticles as small as a few nm have been produced. Larger particles bear
a core-shell structure with a metallic core and an oxide shell. The nanoparticles are then assembled onto an e-beam lithographi-
cally patterned interdigitated electrode using electrostatic force to fabricate the gas sensor. The nanoparticle sensor exhibits a fast
response and a good sensitivity when exposed to 100 ppm ethanol vapor in air.
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1. INTRODUCTION

Rutile tin oxide (SnO2), a wide band gap (3.6 eV at 300 K [1])
n-type semiconductor material, is widely used as sensing el-
ements in gas sensors [2]. The sensing mechanism is based
on the fact that the adsorption of oxygen on the semicon-
ductor surface can cause a significant change in the electri-
cal resistance of the material [3]. The formation of oxygen
adsorbates (O−

2 or O−) results in an electron-depletion sur-
face layer due to electron transfer from the oxide surface to
oxygen [4]. Recent studies [5, 6] have shown that the use of
tin oxide nanocrystals as sensing elements significantly im-
proves the response and the sensitivity of sensors since the
space charge region may develop in the whole crystallite.

Tin oxide nanoparticles have been produced by both col-
loidal and aerosol routes. The colloidal synthesis route af-
fords considerable control over particle size and structure
since the surface chemistry can be manipulated through ad-
justment of the solution properties [7–9]. Nanoparticles pro-
duced in the gas phase can be subsequently deposited onto
solid substrates for immediate device applications. Aerosol
routes hence provide more flexibility in process control

[10, 11] and improve the compatibility of the nanoparticle
sensor fabrication process with existing microelectronics fab-
rication facilities. In addition, the higher processing temper-
ature employed in aerosol synthesis facilitates production of
stable phases that are difficult to achieve in colloidal synthesis
[12].

This paper introduces a simple, convenient, and low-cost
mini-arc plasma source to synthesize tin oxide nanoparti-
cles at atmospheric pressure. Because of the small crystal-
lite size, high resolution transmission electron microscopy
(HRTEM) becomes a powerful technique to analyze the
product nanoparticles. The new source shows great poten-
tial in producing high-quality tin oxide nanoparticles for gas
sensing applications. A miniaturized gas sensor has been fab-
ricated using the as-produced tin oxide nanoparticles. The
microfabricated nanoparticle sensor exhibits good sensitiv-
ity and dynamic response to low concentration ethanol gas.

2. EXPERIMENTAL DETAILS

A schematic diagram of the nanoparticle synthesis sys-
tem, including the mini-arc plasma reactor and devices for
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Figure 1: Schematic diagram of the experimental setup for nanoparticle synthesis using a mini-arc plasma source. The inset shows the
magnified cathode and anode loaded with tin powders.

collection and characterization of nanoparticles, is shown
in Figure 1. The atmospheric mini-arc reactor consists of a
1/16′′ tungsten rod cathode and a 1/4′′ graphite rod anode
housed in a chamber constructed with Swagelok fittings and
quartz tube. The cathode tip was sharpened to facilitate the
arc initiation. The anode was designed to maximize the uti-
lization of thermal energy from the arc discharge. To facili-
tate the arc stability, the anode surface was machined to form
an annulus groove so that the dc arc only burns between the
cathode tip and the central island on the anode surface. The
typical discharge gap was on the order of 0.1 mm, and it may
be adjusted using a translation stage on which the anode was
mounted. Coarse tin powders or small pieces (∼ 1 mm) of
solid tin cut from commercially available pure tin wires were
placed in the groove between the central island and the out-
side wall of the graphite anode. A commercial tungsten inert
gas (TIG) arc welder (Miller Maxstar 150 STL) was used to
drive the dc arc. Purified argon was used as the plasma and
carrier gas. The high temperature in the arc discharge melts
and vaporizes the solid tin from the graphite crucible. A pure
and cold nitrogen flow was injected to quench the tin vapor
and nucleate tin nanoparticles, which were then oxidized to
form tin oxide nanoparticles by introducing purified air im-
mediately at the exit of the mini-arc reactor.

The product tin oxide nanoparticles were monitored on-
line to obtain the particle size distribution using a scanning
electrical mobility spectrometer (SEMS) [13]. The SEMS
consists of an aerosol neutralizer (Kr85 charger) to impart
a known charge distribution to nanoparticles, a differential
mobility analyzer (DMA, TSI 3081) to size charged nanopar-
ticles, and a very sensitive electrometer (Keithley 6514A) to
count nanoparticles size-selected by the DMA. Nanoparticles

exiting the neutralizer, if charged, typically carry a single ele-
mentary charge due to their small sizes [14]. The DMA sizes
charged particles according to their electrical mobilities [15].
For a given flow residence time, only particles having mo-
bilities within a narrow range are transmitted through the
DMA. The voltage applied to the DMA was scanned to probe
the expected range of the particle size. A Faraday cage based
on the design of Yun et al. [16] continuously collected all the
singly charged particles selected by the DMA on a filter and
the resulting current was measured by the Keithley electrom-
eter. The particle concentration is then calculated by the ra-
tio of the charge flow rate to the gas flow rate, taking into
account the known charge distribution from the neutralizer
and the transfer function of the DMA [13]. All devices and
instruments were continuously monitored and controlled by
a dedicated data acquisition (DAQ) computer running Lab-
View, which displays the nanoparticle size distribution in a
three-minute time interval.

A fraction of nanoparticles exiting the mini-arc plasma
reactor was electrically charged by the plasma or thermionic
emission of electrons from the nanoparticle surface. The
charged nanoparticles were periodically collected for ex-
situ analyses by electrostatic precipitation [17, 18] onto
carbon-coated TEM grids installed immediately downstream
of the reactor. The TEM sample collection was initiated
using a three-way valve. The collected particles were an-
alyzed using a Hitachi H 9000 NAR TEM, which has a
point resolution of 0.18 nm at 300 kV in the phase contrast
HRTEM imaging mode and is equipped with an energy-
dispersive X-ray (EDX) spectrometer. Selected area diffrac-
tion (SAD) and amplitude contrast bright field (BF) imaging
were also employed. The surface composition of as-produced
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Figure 2: (a) SEM image of Au interdigitated electrodes used for
sensor fabrication. The width and the separation of the electrodes
are both 1 μm. (b) High resolution SEM image of a gas sensor fabri-
cated by electrostatic assembly of tin oxide nanoparticles. The inset
shows a larger area of the interdigitated electrode.

nanoparticles was analyzed using an HP5950 ESCA spec-
trometer with monochromatic Al Kα radiation as X-ray
source.

The charged tin oxide nanoparticles from the mini-
arc nanoparticle generation system were assembled onto
a prefabricated substrate with electrostatic force to build
gas sensors. An interdigitated electrode based on the de-
sign of Kennedy et al. [5] was used to enable the elec-
trostatic assembly of nanoparticles as well as the subse-
quent sensor characterization. The mechanism for function-
ing is simple; nanoparticles deposited between any two fin-
gers close the electrical circuit to form a sensor, with the
impedance of which changing in response to the exposed an-
alyte molecules. For this purpose, an embedded gold inter-
digitated electrode in silicon substrate has been fabricated
using e-beam lithography (30 KV Raith 150 e-beam tool)
at Argonne National Laboratory (ANL). A scanning elec-
tron microscopy (SEM) image of the embedded electrode is
shown in Figure 2(a). The line width of the gold electrode
is 1 μm and the spacing between the interdigitated fingers is
also 1 μm. Figure 2(b) shows a high resolution SEM image of
the final tin oxide nanoparticle sensor acquired on a Hitachi
S4700 SEM at ANL. The inset shows a larger area of the in-
terdigitated electrode bridged by tin oxide nanoparticles. The
sensing performance of the nanoparticle sensor was evalu-
ated at an operating temperature of 250◦C with 100 ppm
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Figure 3: Bright field (BF) TEM images of tin oxide nanoparticles
as produced from the mini-arc reactor. (a) Typical nonagglomer-
ated nanoparticles are approximately spherical with diameter in the
20 to 40 nm range. (b) Agglomerated nanoparticles and nonspher-
ical particles are seldom observed; the inset shows the selected area
diffraction (SAD) pattern of the particles.

ethanol vapor diluted in air. Resistance measurements were
performed by applying a constant dc voltage (10 V) to the in-
terdigitated circuit and monitoring the variation of the cur-
rent passing through tin oxide nanoparticles when the sensor
was exposed to either air or 100 ppm ethanol.

3. RESULTS AND DISCUSSION

Figure 3 shows two low-magnification bright field (BF) TEM
images of the as-produced nanoparticles. Figure 3(a) is rep-
resentative of the prevalent images with uniformly dis-
tributed and nonagglomerated nanoparticles that are pre-
ferred for gas sensor applications. The nonagglomerated en-
tity of nanoparticles may be attributed to the fast coales-
cence of these particles in the high temperature environment.
The larger particles shown in Figure 3(a) are approximately
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Figure 4: HRTEM images of (a) small nanoparticles showing lat-
tice fringes corresponding to rutile SnO2 and (b) SnO2 agglomerate
composed of two primary nanoparticles with denoted {110} lattice
fringes and {110} and {200} facet planes; the inset is the diffrac-
togram of the agglomerate in the [001] projection and defect is ob-
served at the joining neck where fringes misfit by 1/2 (110).

spherical with diameters in the 20 to 40 nm range and slight
ellipticity and/or small flat facets observed in some pro-
jections. This is a unique advantage of the mini-arc pro-
cess since the high temperature in the arc reactor induces
particle melting which leads to relatively large and at the
same time quasi-spherical particles. Nanoparticles produced
by many other vapor-phase processes, such as the flame
spray synthesis [19], most often exhibit agglomerated struc-
ture if no special care is taken [20]. The smaller particles
shown in Figure 3(a) can also be discerned, and are clearly
shown in the HRTEM images of Figure 4. Although nonag-
glomerated nanoparticles are dominant, some agglomerated

nanoparticles or agglomerates are also observed as shown
in Figure 3(b). These agglomerates are likely formed due to
the nonuniform residence time in the reactor. Although ag-
glomerates are not preferred, their selected area diffraction
(SAD) pattern shows that they are crystalline. With further
examination, the unique reflections of (110) and (200) lat-
tice planes of rutile SnO2 (a = 4.74 Å and c = 3.19 Å) are
identified.

HRTEM images of smaller SnO2 nanoparticles with sizes
below 5 nm are shown in Figure 4(a). Lattice spacing anal-
ysis by numerical diffractograms gives recurrent values of
0.33 and 0.26 nm, which correspond to the lattice spacings
of rutile SnO2 from (110) and (101) reflections, respectively.
Some agglomerates are also observed for these smaller par-
ticles. Figure 4(b) shows an agglomerate composed of two
rutile SnO2 nanoparticles. The diffractogram shows that the
zone axis of the diffraction pattern is [001]. Based on the
indices of the diffraction pattern, three termination surfaces
of the agglomerate are identified as (110), (020), and (200),
with the (110) surface being reported as the lowest energy
surface of rutile SnO2 [21]. This faceting may also explain
the small flat regions seen at some of the edges of the larger
round nanocrystals in Figure 3. Although both of the pri-
mary particles in Figure 4(b) are free of defects, fringes misfit
by about 0.16 nm at the neck where the two particles join as
a result of agglomeration. The defects present in the semi-
conductor SnO2 may adversely affect the density and trans-
port of charge carriers, and consequently degrade the sen-
sor performance [22]. As a result, agglomerated nanoparti-
cles should be minimized to achieve the best sensor perfor-
mance.

Elemental analysis from EDX (Figure 5(a)) clearly shows
the presence of both Sn and O in the as-produced nanoparti-
cle sample. However, the atomic ratio O : Sn is below 2, which
implies that not all as-produced nanoparticles are completely
oxidized to stoichiometric SnO2. HRTEM images of smaller
particles with a diameter of a few nm shown in Figure 4 al-
ready indicate that they are fully oxidized to SnO2. It is in-
ferred that larger particles are not fully oxidized. The surface
composition of the as-produced nanoparticles determined
by XPS is shown in Figure 5(b). The binding energy for Sn
3d5/2 peak at 486.9 eV indicates the presence of SnO or SnO2

[23, 24]. No metallic Sn peak (around 484.6 eV [25]) was
observed from the surface, which implies that the surface
of larger nanoparticles is covered with an oxidation layer.
Therefore, larger particles bear a core-shell structure, with
a metallic core and an oxide shell. Since the binding energy
peak Sn 3d5/2 of SnO2 is very close to that of SnO [23, 24],
it is difficult to know the exact valence state of Sn in the sur-
face oxidation layer. However, the binding energy of 486.9 eV
is relatively high compared to that of Sn, suggesting a larger
fraction of higher valence state of Sn (IV) at the nanopar-
ticle surface. The O 1 s peak shown in the XPS spectrum
consists of two components, one at 530.5 eV correspond-
ing to oxygen bound to tin and the other at 532.1 eV cor-
responding to adsorbed oxygen. The strong peak from ad-
sorbed oxygen is attributed to the larger surface to volume
ratio of smaller particles and suggests the enhanced sensing
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Figure 5: (a) EDX spectrum. (b) XPS spectrum of as-produced
nanoparticles.
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SEMS for an arc current of 37.5 A.

performance of these nanoparticles. After being heated in air
for several hours before the sensor test, the particles are fur-
ther oxidized. The sensing experiment presented later clearly
shows that the surface SnOx layer on larger nanoparticles and
the smaller SnO2 nanoparticles contribute to the rapid sens-
ing reactions.

SEMS measurement of the size distribution of tin ox-
ide nanoparticles used for gas sensor fabrication is shown
in Figure 6 for an arc current of 37.5 A, an argon flow rate
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Figure 7: Dynamic response of tin oxide nanoparticle sensor to
100 ppm ethanol at an operating temperature of 250◦C.

(QArgon) of 5 lpm, a nitrogen flow rate (QNitrogen) of 1.5 lpm,
and an air flow rate (QAir) of 3 lpm. The mode diameter
(Dp,mode) of as-produced tin oxide nanoparticles is 16.6 nm
and the geometrical standard deviation (σg) is 1.86. The
size distribution of nanoparticles from the mini-arc plasma
source may be adjusted by varying the quenching flow rate
and other operating conditions. The quenching flow sup-
presses the coagulation of nanoparticles and slows down
the particle growth. As a result, both Dp,mode and σg of as-
produced nanoparticle size distribution become smaller with
the increase of quenching flow rate. Based on the SEMS mea-
surements, the mass production rate of nanoparticles from
the reactor was on the order of a few mg/hr. The evaporation
rate of precursor tin was found to be on the same order of
magnitude as the production rate by comparing the weight
of precursor tin before and after the experiment. The reactor
can potentially be scaled up by enabling a continuous supply
of solid precursors and running many mini-arc sources in
parallel. For fabrication of the gas sensor shown in Figure 2,
the nanoparticle deposition time was about 30 minutes with
a single reactor.

The small size and well-defined crystalline structure of
as-produced tin oxide nanoparticles are expected to lead to
improved gas sensing performance. Both the sensitivity and
the dynamic response of the tin oxide nanoparticle sensor
have been evaluated. The sensor sensitivity (S = Ra/Rg) is de-
fined as the ratio of the resistance of the sensor in air (Ra) to
the resistance in the sensing environment (Rg). The dynamic
response of the nanoparticle sensor is measured by recording
the change in the resistance of the tin oxide nanoparticle sen-
sor as a function of time when switching on or off the sensing
gas. The time constant (τ) of the sensor is then determined by
the time it takes for the sensor to attain 63.2% of the initial
difference in electrical resistance before and after changing
the gas environment.

Figure 7 shows the dynamic behavior of the tin oxide
nanoparticle-based gas sensor at an operating temperature
of 250◦C. The “ethanol on” represents the introduction of
100 ppm ethanol and the “ethanol off” represents the intro-
duction of clean air. Upon the introduction of ethanol, the
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resistance of the nanoparticle sensor decreases and a sensitiv-
ity greater than 1 is observed. Upon the introduction of clean
air, the resistance of the nanoparticle sensor returns to a base
value and a sensitivity around 1 is registered. The increased
electrical conductivity of the tin oxide nanoparticle sensor is
attributed to the reactions between ethanol and oxygen ad-
sorbates on the surface of tin oxide nanoparticles that lead to
the backflow of free electrons to tin oxide nanoparticles [26].
The sensor response is quite reproducible with an average
sensitivity of about 6. The fluctuation in sensitivity is most
likely due to slight variations in the operating temperature
and the gas flow rates during the experiment. The sensing
time constant of the nanoparticle sensor is about 8 seconds
while the recovery time constant is about 15 seconds. This
sensing performance represents a significant improvement
over that published in the literature. For example, Kennedy et
al. [27] reported a tin oxide nanoparticle sensor with a sen-
sitivity of 1.3, a sensing time constant of 110 seconds, and a
recovery time constant of 403 seconds for the same operating
conditions (100 ppm ethanol and 250◦C). The higher sensi-
tivity and faster response of the new sensor may be attributed
to the smaller nonagglomerated tin oxide nanoparticles and
smaller spacing between interdigitated fingers.

4. CONCLUSION

Tin oxide nanoparticles with sizes as small as a few nm
have been successfully produced using a mini-arc plasma
source to fabricate a functional gas sensor. Most of the
larger nanoparticles greater than 20 nm are approximately
spherical, while smaller nanoparticles below 5 nm are mostly
faceted. Although some agglomerated nanoparticles are ob-
served, nonagglomerated nanoparticles are dominant in the
product. Based on the SAD and HRTEM analyses, both
nonagglomerated and agglomerated nanoparticles bear a
crystalline structure. However, agglomerated nanoparticles
should be minimized for gas sensor applications since defects
are induced at the joining neck as a result of agglomeration.
Good response and sensitivity of the gas sensor fabricated
from the as-produced tin oxide nanoparticles suggest that the
mini-arc plasma source is capable of producing high-quality
nanoparticles for gas sensing applications.
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1. INTRODUCTION

Several papers report microwave- (MW- ) driven hydrother-
mal synthesis of nano-sized powders at elevated pressure [1–
5] stimulated by some reports on acceleration of chemical
reaction rates when microwaves are used to heat the reac-
tants [4], which however can be rationalized in terms of local
superheating of the fluids during microwave heating [6–8].
Most commercial microwave hydrothermal apparatuses used
for the production of nanocrystalline powders work at max-
imum pressure/temperature in range of 2-3 MPa/200◦C [9–
11]. Very few commercial apparatuses have been built in or-
der to reach extreme reaction conditions: 260◦C and 10 MPa
[12], in practice pressure exceeding 5 MPa has been applied
rarely.

In the present paper, we report the results of the effect of
pressure on the synthesis of nanosized ZrO2 powders doped
with 1 mol% of Pr, in a microwave-driven hydrothermal re-
action in a range of pressures 2–8 MPa. The investigation of
the evolution of grain phase distribution and phase compo-
sition of zirconia nanopowders aroused from its widespread
applications [13–16]. In particular, Pr-doped zirconia is used

as pigment [17, 18], and as luminescent material [19, 20].
Both the tetragonal and monoclinic phases or their mixtures
are usually present in the powders synthesized hydrother-
maly [21–24] and it is also well known that a decrease in
grain size leads to an increase in the content of tetrago-
nal phase, which for larger than 10 nm grained material is
metastable at room temperature [25, 26]. Since for a range of
applications, like ceramics with superior mechanical proper-
ties or luminescent material, the phase composition of the
powders plays an important role, the stability of the tetrag-
onal phase in nano-sized powders and methods to control it
were extensively discussed.

Garvie et al. [26] explained the stability of tetragonal 1–
9 nm diameter nanopowders assuming a lower surface en-
ergy of the tetragonal phase compared to the monoclinic one,
so that at low grain sizes, where the surface energy is a con-
siderable fraction of the total energy of the system, it is fa-
vorable to form the tetragonal phase. The threshold value
for the stability of the tetragonal phase was also explained in
terms of internal strain energy [27] or internal pressures re-
sulting from surface stress terms [27, 28]. The above thresh-
old value is close to that calculated by Simeone et al. [23] who
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obtained a value of 13.7 nm. However, some authors report
observations of 6 nm diameter monoclinic zirconia nanopar-
ticles [29].

The mechanisms of crystallization of the tetragonal and
monoclinic phases and their mutual transformation under
hydrothermal conditions were extensively investigated by
Yoshimura et al. [30–32]. Their experimental results can be
explained in terms of dissolution/precipitation, structural re-
arrangement of the tetragonal phase, or simultaneous nu-
cleation of the two phases of ZrO2. Mineralogical, morpho-
logical, and physical characterizations were combined to get
additional insight in the nucleation and growth mechanism
which are then discussed in the context of the above pre-
sented concepts on the synthesis and grain-growth process.
The kinetics and conditions for zirconia precipitation were
recently reviewed by Piticescu et al. [33].

It should be noted that the presence of 1% of Pr in the
zirconia ceramics does not influence significantly phase equi-
librium, as it is seen from phase diagrams of zirconia doped
with rare earth ions [34, 35]. The effect on the synthesis con-
ditions on luminescence properties of Pr in nanosized ZrO2

is the subject of separate papers [19]. The high-pressure mi-
crowave reactor used for this investigation provided shorter
reaction times than those reported in literature, so that the
properties of the product depended solely on the process pa-
rameters, and the kind of powder produced can be rapidly
changed by changing the teflon vessel [1, 19, 20, 36–38]. Par-
ticularly interesting is the possibility of doping nanopowders
with rare earth ions in very high purity conditions ensured in
the reactor heated by means of microwaves, in a pure teflon
vessel, without any contamination sources. The present study
is one of the first in a series of planned works on application
of microwave-driven hydrothermal reactors for the synthesis
of doped nanopowders.

2. EXPERIMENTAL METHODS

2.1. Sample preparation

ZrO2 powders containing 1 mol% praseodymium were ob-
tained through the addition of praseodymium (III) nitrate
Pr(NO3)3 · 6H2O to 0.5 M ZrOCl2 aqueous solutions. The
solutions were neutralized with 1 M NaOH to pH = 10 and
were poured in a PTFE reaction vessel of the MW reactor.
The MW reactor (produced by “ERTEC,” Wroclaw, Poland)
working at 2.45 GHz delivers a maximum unpulsed power
of 270 W to a fluid volume of 70 mL, hence the delivered
power density reaches 4 W/mL. The system can be operated
at a maximum autogenous pressure of 12 MPa closed vessel.
The design of the reactor is schematically shown in Figure 1.
The time, pressure, and power, are computer-controlled and
a typical run is given in Figure 2. In the present experiments,
the feedback signal was delivered to the control system by the
pressure gauge. A thermocouple is situated outside the reac-
tion vessel and displays the temperature change with a delay
of about 100 seconds, and for this reason is of limited use as
a feedback signal for short processes. The reaction tempera-
ture was calculated from p/T diagram of water so only pres-
sure was controlled during the process and kept constant at
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Figure 1: Scheme of the MW reactor.
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Figure 2: The chart of typical reaction with pressure kept as the
control parameter. Curves are for (a) temperature, (b) power, (c)
pressure.

seven different pressures from 2 to 8 MPa with an accuracy
of 0.5 MPa, which corresponds to temperature range 215–
305 ◦C. The overall reaction time was 40 minutes, heating
for 30 minutes and cooling time was 10 minutes. The repro-
ducibility of the process was tested by repeating the synthesis
at 5 MPa six times and simultaneous measurements of grain
size and phase composition of the powders by XRD method.

After syntheses, the powders were centrifuged, washed,
and dried prior to their characterization.

2.2. Characterization of samples

For all the powders, thermogravimetric analysis (TGA) was
preformed (using a Netzsch STA 402, Selbs, Germany). The
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sample weight was approximately 100 mg and the sample was
dried in the air at room temperature before analyses. The
density of the powders was measured using helium picnom-
etry (Model AccuPyc 1330, Micromeritics Instruments, Nor-
cross, Ga, USA). The density measurement procedure was as
follows: the powders were flushed in a helium atmosphere for
120 minutes at a temperature of 200◦C, weighted, and trans-
ferred to the helium picnometer. The results of density mea-
surements could be influenced by air absorbed at the surface
of the nanopowders. Therefore, the measurements were re-
peated up to 100 times, and the density as a function of num-
ber of cycles was determined. The process was interrupted
when the results reached an asymptotic value which was con-
sidered as the result of the measurement.

The X-ray diffraction (XRD) patterns were collected in
2Θ range of 20◦–90◦ at room temperature, with a step of
0.05◦ using an X-ray (CuKα) diffractometer (Model D5000,
Siemens, Germany). The grain-size distributions (GSDs)
were determined using a newly developed method of XRD
peak fine structure analysis of polidispersed powders (XRD-
GSD) [39, 40]. This method permits to fit the peaks using
an analytical function with fitting parameters: average parti-
cle diameter 〈R〉 and dispersion of particle sizes σ as fitting
parameters. The ratio of the volume fraction of the mono-
clinic and tetragonal phases was determined by measuring
the peaks area belonging to the respective phases. In order
to compare phase-specific (T/M) GSD measurements to the
grain-size readings from other methods (e.g., BET), joint
T and M grain size was calculated as weighted average of
T and M phases. For comparison, the well-known Scherrer
method for average crystallite diameter evaluation was ap-
plied [41].

The specific surface area analysis was conducted by
means of the multipoint BET method (Gemini 2360, Mi-
cromeritics Instruments, Norcross, Ga, USA), using nitrogen
as an adsorbate. Based on BET data, the particle size was cal-
culated, assuming that the particles are spherical, using the
equation

φ = 6
Sρ

, (1)

where φ (m) is the average diameter of a spherical particle,
S( m2/ g) is specific surface area of powder, and ρ (g/m3) the
density value of crystalline zirconia (5.6× 106 g/m3).

In addition to the grain size calculated assuming spheri-
cal particles, (2) permits to calculate the average chord cross-
ing the particles without any assumption on their shape [42]:

〈l〉 = 2
Sv

, (2)

where 〈l〉 is the average chord and Sv is the relative sur-
face [1]. Finally, for comparison, the well-known Scherrer
method for average crystallite diameter evaluation was ap-
plied [41].

3. RESULTS

The weight-loss curve can be divided into two stages. (1)
From room temperature up to 200◦C, the weight loss is at-
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Figure 3: Weight loss of the powders in the temperature range 200–
700◦C as a function of synthesis pressure.
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tributed to evaporation of water absorbed on the powders
surface. (2) In the range 200–700◦C, the loss is attributed
to transformation of hydroxide that remained after synthe-
sis into oxide [43]. It is important to notice how the over-
all weight loss in the range 200–700◦C decreases when the
synthesis pressure increases (Figure 3). The weight loss in the
range 2.3–3.0% above 200◦C for powders synthesized under
pressure up to 5 MPa indicated a high content of hydroxides.
The decrease in weight loss correlates well with the increase
of density of the nanopowders as the synthesis pressure is in-
creased (Figure 4), and again a threshold pressure of 5 MPa is
observed above which the density reaches 95% of the density
of a single crystal.

Figure 5(a) shows X-ray diffraction patterns of ZrO2

doped with 1% of Pr synthesized at seven different pressures.
No peaks belonging to phases other than ZrO2 phases have
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Figure 5: (a) X-ray diffraction patterns of Pr-doped ZrO2 powders synthesized at pressures in the range 2–8 MPa. The diffraction peak from
the tetragonal phase is indicated by “T” and from the monoclinic phase by “M,” respectively. (b) Example of simultaneous evaluation of
phase composition and grain-size distribution (GSD) by analysis of the peak profiles.

been recognized. Figure 5(b) shows an example of evaluation
of the GSD by analysis of the fine structure of the X-ray peak
profile.

The average grain size 〈R〉, dispersions of sizes σ , and
contents of monoclinic/tetragonal phases derived by analysis
of the peak profile are given in Tables 1 and 2. In particular,
Figure 6(a) shows the average grain size as a function of syn-
thesis pressure obtained by means of Scherrer’s method, spe-
cific surface measurements, and XRD-GSD data. Figure 6(b)
shows the average size estimated from XRD line profile anal-
ysis, for monoclinic and tetragonal crystalline phases sepa-
rately.

The error in grain size measured based on XRD in-
vestigations has been estimated as a result of 6 subse-
quent synthesis at 5 MPa. The standard deviations were
1.0 nm for monoclinic and 0.3 nm, respectively, for tetrag-
onal phase. The volume fraction of the tetragonal phase
decreases from 89% for 2 MPa to 77% for 8 MPa (Figure 6(d)
and Table 2).

Table 3 shows specific surface areas and derived particle-
size parameters as well as the density of the powders.

4. DISCUSSION

The present results confirmed the advantages of microwave
heating during hydrothermal synthesis of nanocrystalline
powders. Microwaves transmit the energy directly to the re-
action media, thus shortening both the heating and cool-
ing times, which saves energy on heating the thick walls
used usually for a pressurized reaction vessel. For such re-
actors, thermal inertia forces to carry out the reaction for
much longer time than it is needed for the reaction to be
completed. In addition, the temperature control is more dif-
ficult than in low thermal inertia systems. Application of
microwaves to heat the reagents during hydrothermal reac-

Table 1: Grain-size distribution parameters for ZrO2 1 mol% Pr
nanopowders synthesized at pressures ranging from 2 to 8 MPa as
measured by means of XRD. The values provided are the average
ones fro the given fraction of tetragonal and monoclinic phases,
where the XRD-GSD parameters were obtained for each phase sep-
arately.

Synthesis pressure/
temperature (MPa/◦C)

XRD (both phases)

〈R〉 (nm) σ (nm)

2/215 13.7 ± 1.2 2.5 ± 0.6

3/235 14.2 ± 1.0 1.9 ± 0.3

4/250 14.2 ± 1.0 1.4 ± 0.3

5/265 13.6 ± 1.0 1.1 ± 0.3

6/280 16.6 ± 1.3 3.0 ± 0.6

7/295 16.2 ± 1.2 2.2 ± 0.4

8/305 16.7 ± 1.2 3.2 ± 0.6

tion permitted to precisely control the process parameters:
time and pressure, and ensure high purity of reaction condi-
tions, since the substrates of the reaction were enclosed in a
teflon vessel and had no contact with heating elements. The
precise control of the synthesis pressure and time enabled
to study the effects of the synthesis pressure on the phase
composition and grains-size distribution of the nanopow-
ders. In particular, it can be shown that there is a thresh-
old pressure above which the quality of the powders (mea-
sured indirectly, by assessing their density and weight loss
during thermogravimetric tests) may be significantly im-
proved.

The TGA results indicate a low content of volatile phases
for samples obtained at pressure above 5 MPa (Figure 3).
The first stage of heating, from room temperature up to
200◦C, is connected most likely with evaporation of wa-
ter absorbed at the surface of the powders. Further weight
loss in the temperature range 200–700◦C (Figure 3) is most
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Table 2: Grain-size distribution parameters for ZrO2 1 mol% Pr nanopowders synthesized at pressures ranging from 2 to 8 MPa as measured
by means of XRD-GSD method applied separately to the monoclinic phase and tetragonal phase. Column “%” shows the volume fraction
of the tetragonal or monoclinic phases.

Synthesis pressure/temperature Monoclinic Tetragonal

(MPa/◦C) 〈R〉 (nm) σ (nm) σ/〈R〉 % 〈R〉 (nm) σ (nm) σ/〈R〉 %

2/215 19 ± 5 9 ± 4 0.49 11 13.1 ± 0.6 1.8 ± 0.2 0.14 89

3/235 22 ± 5 4 ± 1 0.16 8 13.5 ± 0.6 1.8 ± 0.2 0.13 92

4/250 21 ± 5 4 ± 1 0.17 10 13.4 ± 0.6 1.2 ± 0.1 0.09 90

5/265 16 ± 3 6 ± 2 0.40 15 13.2 ± 0.6 0.2 ± 0.02 0.01 85

6/280 25 ± 3 7 ± 2 0.29 21 14.3 ± 0.7 1.8 ± 0.2 0.13 79

7/295 24 ± 3 6 ± 1 0.24 19 14.4 ± 0.7 1.4 ± 0.2 0.10 81

8/305 24 ± 3 7 ± 1 0.27 23 14.5 ± 0.7 2.3 ± 0.3 0.16 77

likely connected with decomposition of hydroxides that
remained bound to the particles after the synthesis process
[43]. The pressure of 5 MPa is a threshold, above which
there are no much changes in weight loss of the pow-
ders. Therefore above this pressure of synthesis, a mini-
mum of hydroxides content in the reaction product was
achieved.

Also the powder density increases with synthesis pressure
from 5.28 g/cm3 for powder produced at pressure of 2 MPa
to 5.37 g/cm3 for powder produced at a pressure of 8 MPa
(Figure 4), that is, 95.3% of that of microcrystalline ZrO2,
which is 5.6 g/cm3. An additional result of the present study
is that measurements of density of nanopowders using he-
lium pycnometry are a simple tool for characterizing their
quality, provided that proper measurement procedures are
applied.

The average grain size increases when synthesis pressure
is increased (Figure 6(a)). For sake of comparison, the re-
sults of particle-size evaluation using three different methods
(BET, Scherrer’s, and XRD-GSD) are reported in a single plot
(Figure 6(a)). Using Scherrer’s formula or specific surface
measurements give values on the average 5 and 3 nm smaller
for the average grain size than the XRD-GSD method. This
result indicates that application of Scherrer’s formula or BET
method to powders with a wide or bimodal gain size distri-
bution may lead to considerable errors.

The XRD-GSD analysis permitted us to get insight in
the grain growth of the tetragonal and monoclinic phases
separately (Figure 6(b)). The average grain size of the mon-
oclinic phase drops from about 20 nm to 16 nm at 5 MPa,
and then increases to 24–26 nm for synthesis pressures above
6 MPa. The average grain size of the tetragonal phase re-
mains below 14 nm for all the pressures of synthesis ap-
plied.

The volume fraction of the monoclinic phase increases
with synthesis pressure from 11% for 2 MPa to 23% for
8 MPa (Figure 6(d)).

The GSD of the tetragonal phase is relatively indepen-
dent of the time and pressure of synthesis. On the other hand,
the GSD for the monoclinic phase and its coefficient of vari-
ation Cv (sigma/R) are very sensitive for the conditions of
synthesis. In our previous work [40, 44], we have found that
the coefficient of variation is a fingerprint of the synthesis
mechanism. Therefore the synthesis or growth mechanism
of the two phases must be different, and for the monoclinic
phase it depends on synthesis pressure. Figure 6 shows an ap-
parent drop of grain size of zirconia grain with the mono-
clinic phase, but this drop is within the experimental error
(see error bars).

The average grain size and grain-size dispersion of the
tetragonal phase are relatively independent of synthesis pres-
sure (the variations are in the range of 2 nm), while that
of the monoclinic phase is affected by the synthesis pres-
sure (variations in the range 10 nm). The observed behav-
ior of the GSD functions of the two phases can be inter-
preted as follows (Figure 7). The two phases nucleate in par-
allel at pressures about 2 MPa (temperature about 215◦C).
With further increase of pressure of synthesis, the average
grain size of the monoclinic phase as well as its disper-
sion increase more rapidly, while there is an upper limit
for the grain size of the tetragonal phase at about 20 nm.
This evolution of GSD leads to a bimodal grain-size distri-
bution.

The synthesis pressure range 5-6 MPa is crucial for the
quality of the powders. Above 6 GPa, the density of the pow-
ders reaches 95% of the density if ZrO2 and stabilizes. At the
same time, the results of the the thermogravimetric studies
show a low weight loss of powders produced above 5 MPa
pressure, that is, above 265◦C. These results indicate that for
hydrothermal synthesis of zirconia nanopowders below these
pressures or temperatures, a high fraction of hydroxide phase
is expected to be present. Such a third phase may influence
phase equilibria, stabilizes the monoclinic phase below grain
sizes of 10 nm, and leads to deviations between experimental
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Figure 6: (a) Average size of nanopowders (both phases) as a function of pressure as measured using three methods indicated in the figure.
(b) Average size of monoclinic (M) and tetragonal (T) phases evaluated from XRD line profile analysis. (c) Dispersion of the GSD as a
function of synthesis pressure for M and T phases. (d) Phase content of the powders synthesized.

results and theoretical predictions on the stability of the two
phases.

5. CONCLUSIONS

Microwave-driven hydrothermal synthesis permits to pre-
cisely control the time, pressure, and temperature during the

synthesis of zirconia nanopowders and to perform the re-
actions in high purity conditions. The high power density
achieved during synthesis, which reaches 4 W/mL, permits
to shorten synthesis time to 15 minutes.

The pressure/temperature of 5 MPa/265◦C is a threshold
where the zirconia powders reached a high density indicating
a fairly perfect crystalline structure.



A. Opalinska et al. 7

Table 3: Density and specific surface area measured by BET method and evaluation of the average particle diameter 〈φ〉 and chord 〈l〉.

Synthesis pressure/
temperature (MPa/◦C)

Density (g/cm3)
Specific surface area by
BET method (m2/g)

Grain size calculated from specific surface area

Average diameter 〈φ〉 (nm) Average chord 〈l〉 (nm)

2/215 5.284 101 11 1.9

3/235 5.309 102 10 1.9

4/250 5.315 101 11 2.0

5/265 5.360 103 10 1.9

6/280 5.366 83 13 2.4

7/295 5.369 85 13 2.3

8/305 5.367 78 14 2.5
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Figure 7: Model of the grain-size distribution changes for the mon-
oclinic and tetragonal phases with increasing pressure.

Measurements of density of nanopowders using helium
picnometry is a convenient method for determination of the
quality of the powders.

The XRD-GSD analysis permitted us to get insight into
the grain growth of the tetragonal and monoclinic phases
separately. The two phases are nucleated in parallel at less
than 2 MPa synthesis pressure. Presence of hydroxides should
be taken into account when discussing phase equilibria,
grain-growth mechanisms, and properties of zirconia pro-
duced hydrothermally at pressures below 5 MPa.

ACKNOWLEDGMENTS

This work was supported by COST Action D30 “High Pres-
sure Synthesis and Processing of Nano-Powders” and D32
“Chemistry in High-Energy Microenvironments (CHEM),”
as well as Polish Ministry for Science and Information tech-
nology Grant 3T08A 029 27.

REFERENCES

[1] F. Bondioli, A. M. Ferrari, S. Braccini, et al., “Microwave-
hydrothermal synthesis of nanocrystalline Pr-doped zirconia
powders at pressures up to 8 MPa,” Diffusion and Defect Data.
Part B: Solid State Phenomena, vol. 94, pp. 193–196, 2003.

[2] S. Somiya and T. Akiba, “Hydrothermal zirconia powders: a
bibliography,” Journal of the European Ceramic Society, vol. 19,
no. 1, pp. 81–87, 1999.

[3] F. Bondioli, C. Leonelli, C. Siligardi, G. C. Pellacani, and S.
Komarneni, “Microwave and conventional hydrothermal syn-
thesis of zirconia doped powders,” in Report from the 8th In-
ternational Symposium on Microwave and High Frequency Pro-
cessing, Springer, New York, NY, USA, 2002.

[4] S. Komarneni, R. Pidugu, Q. H. Li, and R. Roy, “Microwave-
hydrothermal processing of metal powders,” Journal of Mate-
rials Research, vol. 10, no. 7, pp. 1687–1692, 1995.

[5] J. R. Huang, Z. X. Xiong, C. Fang, and B. L. Feng, “Hydrother-
mal synthesis of Ba2Ti9O20 nano-powder for microwave ce-
ramics,” Materials Science and Engineering B, vol. 99, no. 1–3,
pp. 226–229, 2003.

[6] D. M. P. Mingos and D. R. Baghurst, “Applications of mi-
crowave dielectirc heating effects to synthetic problems in
chemistry,” Chemical Society Reviews, vol. 20, no. 1, pp. 1–47,
1991.

[7] D. M. P. Mingos, “The applications of microwaves in chemical
syntheses,” Research on Chemical Intermediates, vol. 20, no. 1,
pp. 85–91, 1994.

[8] A. G. Whittaker and D. M. P. Mingos, “Application of mi-
crowave heating to chemical syntheses,” Journal of Microwave
Power and Electromagnetic Energy, vol. 29, no. 4, pp. 195–219,
1994.

[9] F. Bondioli, A. M. Ferrari, C. Leonelli, C. Siligardi, and G. C.
Pellacani, “Microwave-hydrothermal synthesis of nanocrys-
talline zirconia powders,” Journal of the American Ceramic So-
ciety, vol. 84, no. 11, pp. 2728–2730, 2001.

[10] S. Verma, P. A. Joy, Y. B. Khollam, H. S. Potdar, and S. B.
Deshpande, “Synthesis of nanosized MgFe2O4 powders by



8 Journal of Nanomaterials

microwave-hydrothermal method,” Materials Letters, vol. 58,
no. 6, pp. 1092–1095, 2004.

[11] D. Stuerga and M. Delmotte, “Wave-materials interactions,
microwave technology and equipment,” in Microwaves in Or-
ganic Chemistry, A. Loupy, Ed., Wiley-VCH, Weinheim, Ger-
many, 2002.

[12] K. D. Raner, C. R. Strauss, R. W. Trainor, and J. S. Thorn, “A
new microwave reactor for batchwise organic synthesis,” Jour-
nal of Organic Chemistry, vol. 60, no. 8, pp. 2456–2460, 1995.

[13] M. E. S. Hegarty, A. M. O’Connor, and J. R. H. Ross, “Syngas
production from natural gas using ZrO2-supported metals,”
Catalysis Today, vol. 42, no. 3, pp. 225–232, 1998.

[14] S. P. S. Badwal and K. Foger, “Solid oxide electrolyte fuel cell
review,” Ceramics International, vol. 22, no. 3, pp. 257–265,
1996.

[15] G. Xin and Y. Run-Zhang, “On the grain boundaries of ZrO2-
based solid electrolyte,” Solid State Ionics, vol. 80, no. 1-2, pp.
159–166, 1995.

[16] M. H. Tavakkoli and H. Wilke, “Numerical study of induction
heating and heat transfer in a real Czochralski system,” Journal
of Crystal Growth, vol. 275, no. 1-2, pp. e85–e89, 2005.

[17] Y. Masahiro and S. Shiegeyuki, “Hydrothermal synthesis of
crystallized nano-particles of rare earth-doped zirconia and
hafnia,” Materials Chemistry and Physics, vol. 61, no. 1, pp. 1–
8, 1999.

[18] J. Karch, R. Birringer, and H. Gleiter, “Ceramics ductile at low
temperature,” Nature, vol. 330, no. 6148, pp. 556–558, 1987.
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1. INTRODUCTION

Organic light-emitting devices (OLED) have attracted great
attention for flat-panel-display (FPD) applications due to
their sophisticated device structure that is simpler than liq-
uid crystal displays (LCDs) as well as their fast response time
and wide viewing angle which are similar to typical cathode
ray tube (CRT) [1]. These features still lure FPD manufac-
tures to consider OLED as one of the next generation’s digital
television candidates, even though some obstacles including
unsatisfied lifetime and lower device efficiency have been re-
cently issued by the concentrated research and development
for a couple of decades [2]. Of these obstacles the short device
lifetime can be mainly attributed to the inherent instability of
organic nanolayers in devices, which is much prominent for
small molecule-based OLEDs. Although one of the factors
leading to the instability could be sorted out by applying the
accelerated preoxidation method [2], all the factors could not
be overcome at the moment when it comes to the fundamen-
tal aspect of organic nanolayers, particularly based on small
molecules.

This problem has motivated the development of molec-
ularly doped polymer films based on thermally stable poly-
mers as well as functional polymer films for hole injec-
tion and/or transport layer, since each monomer in poly-
mers, whether they are linked via covalent bonds or strongly
bound in stable polymer host, could be more stabilized
in polymers than in individual small molecules [3–11].
For instance, we have introduced a semiconducting poly-
imide (SPI) nanolayer as a hole injection/transport layer for
OLEDs, which resulted in a remarkably extended device life-
time [12]. This improved reliability is undoubtedly ascribed
to the excellent thermal stability of SPI nanolayers due to
the high glass transition temperature (Tg = 220◦C) of SPI
[13, 14].

With similar concept, we made a chemically cross-linked
epoxy network nanolayer doped with hole-transporting
molecules as a hole injection/transport layer for durable
OLEDs [15]. This pioneering work shed a light on a possi-
bility of using epoxy network nanolayers for OLEDs, because
cross-linked epoxy networks are insoluble in common or-
ganic solvents and show very excellent thermal stability due
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to their three-dimensional network structure [15]. Because
in the previous work the hole-transporting molecules were
dispersed in the chemically cross-linked epoxy network made
of epoxidized cresol novolak (ECN) and phenolic novolak
in which both are electronically/electrically insulating, how-
ever, heavy loading of hole-transporting molecules to ob-
tain a good hole-transporting property resulted in large-scale
phase segregation.

In this work, we have attempted to make chemically
cross-linked epoxy networks using ECN and functionalized
carbazole moiety, without any inclusion of hole-transporting
components, because the carbazole moiety is electronically
active so that it is expected to play a hole-transporting role,
considering previous uses of several carbazole moieties in or-
ganic photorefractive devices, OLEDs, and solar cells [16–
18]. The result showed that controlling the monomer ratio
between ECN and carbazole moiety led to a uniform epoxy-
carbazole polymer network (ECzPN) nanolayer that exhibits
no phase segregation at all. At this monomer ratio, the im-
proved device performance has been achieved, which is sim-
ilar to the performance of well-known standard OLED based
on N ,N ′-diphenyl-N ,N ′-bis(3-methylphenyl)-1,1-biphenyl-
4,4′-diamine (TPD).

2. EXPERIMENTAL

2.1. Materials

Epoxidized cresol novolak (ECN, molecular weight=17 523)
was supplied from Kukdo Chemical Co. and was fur-
ther purified by recrystallization from n-hexane/ethanol
[90 : 10 (v/v)] followed by drying in a vacuum at 80◦C
for 24 hours. 3,6-diaminocarbazole (DACz), tris(8-hydrox-
yquinolinato)aluminum (Alq3), and TPD were purchased
from Tokyo Kasei Kogyo Co., Ltd. and used without fur-
ther purification. Triphenyl phosphine (TPP), a catalyst for
epoxy cross-linking reaction, was used as received from Jun-
sei Chemical Co., Ltd.N ,N ′-dimethylacetamide (DMAc) was
purchased from Aldrich Chemical Co. Figure 1 shows the
chemical structure of ECN, DACz, and TPP.

2.2. Preparation of epoxy-carbazole polymeric
network nanolayers and devices

For preparing epoxy-carbazole polymeric network (ECzPN),
a mixture solution of ECN, DACz, and TPP was made using
DMAc (solvent) at the solid concentration of 10 wt% and was
vigorously stirred to well mixing. Three different weight ra-
tios (1.5 : 1, 2 : 1, and 3 : 1) of ECN to DACz were employed
to investigate the influence of composition. Then these solu-
tions were refluxed at 170◦C for 1 hour to make a partially
reacted (precured) ECzPN for securing a viscous solution
suitable for spin-coating. These viscous solutions were spin
coated onto various substrates for further characterization,
and then finally postcured at the same condition in a vacuum
oven.

For the fabrication of OLEDs, indium-tin oxide (ITO)
coated glass substrates were patterned in a strip (ITO) size
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Figure 1: Chemical structure of materials used for the prepara-
tion of epoxy-carbazole polymeric networks (ECzPN): (a) ECN, (b)
DACz, and (c) TPP.

of 2 mm× 30 mm and then were precleaned ultrasonically in
deionized water using a nonphosphorus detergent followed
by washing in ethanol before drying. The viscous ECzPN so-
lution was spin-coated onto the precleaned ITO coated glass
at 4000 rpm for 60 seconds and then soft-baked at 100◦C for
5 hours in a vacuum oven. Finally, the ECzPN nanolayers
(thickness = 60 nm) were made by further thermal curing
at 170◦C for 1 hour in a vacuum oven, which were insolu-
ble in DMAc. On top of these ECzPN nanolayers, a 60 nm
thick Alq3 layer was deposited as an emission layer (EML)
followed by evaporating the aluminum (Al) cathode in a vac-
uum of ∼5×10−6 Torr, defining the active emission area of
4 mm2. The control device was also prepared by replacing
the ECzPN nanolayer with the 60 nm thick TPD layer (see
Figure 2) which was directly deposited onto the ITO sub-
strate as a deposition rate of 0.5 ∼ 1 nm/s.

2.3. Measurements of films and devices

The chemical cross-linking reaction of nanolayers (films)
was monitored using an attenuated total reflection (ZnSe
crystal) Fourier transform infrared spectrophotometer (ATR
FT-IR 460 plus, JASCO Inc.), whilst the thermal degrada-
tion was examined using a thermogravimetric analyzer (TGA
Q50, TA Instruments Inc.) under a nitrogen environment
at a heating rate of 10◦C/min. The optical absorption spec-
tra of ECzPN nanolayers were measured using a UV-visible
spectrophotometer (UV 2010, HITACH), while correspond-
ing photoluminescence (PL) spectra were measured using
a fluorescence spectrophotometer (F4500, HITACH). Cyclic
voltammetry (CV) measurements were performed using an
electrochemical instrument (WPG100, WonATech Co.): Pt
and Ag/Ag+ were used as counter and reference electrodes,
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Figure 2: Schematic cross-sectional structure of OLED used in this study and chemical structure of Alq3 and TPD.

respectively, whilst 0.1 M TBAP(Tetra-n-buthylammonium
perchlorate)/CH3CN was employed as a supporting elec-
trolyte solution. The highest occupied molecular orbital
(HOMO) of films was calculated using the oxidation on-
set potential and the work function (4.8 eV) of Ag elec-
trode (calibrated to the standard Fc/Fc+ redox system) [19].
The surface nanomorphology of TPD and ECzPN nanolay-
ers was measured in air using an atomic force microscope
(Nanoscope IIIa, Digital Instrument Co.). The scan area was
5µm × 5 µm and a tapping mode (scan rate = 1.969 Hz; set
point = 1.447–1.46 V) was applied to avoid any damage of
nanolayer surface upon scanning. We note that the surface
images could be slightly deformed because of the possible ex-
posure to moist air during measurements.

The current density-voltage-luminance (J-V-L) charac-
teristics of OLEDs were measured using a customized de-
vice measurement system equipped with a photomultiplier
tube (PMT, Hamamatsu Photonics Co.) and an electrometer
(Keithley 6517). All devices were mounted in a dark sample
chamber for the J-V-L measurements in order to get rid of
any influence of ambient light.

3. RESULTS AND DISCUSSION

3.1. Characterization for curing reaction
and thermal stability

The curing reaction between ECN and DACz (e.g., weight
ratio = 3 : 1) was characterized with FT-IR spectroscopy.
As shown in Figure 3, ECN shows no characteristic peaks
in the high wavenumber region over 3000 cm−1 (see
Figure 3(a)), whereas DACz exhibits strong secondary amine
(NH, 3390 cm−1) and primary amine (NH2, 3280 cm−1 and
3180 cm−1) peaks at this range (see Figure 3(b)). In addition,
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Figure 3: FT-IR spectra of (a) ECN, (b) DACz, and (c) ECzPN
(3 : 1). The dotted circles point out the remaining monomer ma-
terials.

the epoxide peak of ECN is found at 1015 cm−1 which is
not observed for DACz. After curing reaction, the broad and
huge shoulder at around 3700–3430 cm−1 was measured for
ECzPN (see Figure 3(c)), which is attributed to the forma-
tion of hydroxyl groups by the ring opening reaction of epox-
ide ring in ECN (see Figure 4(a) for the reaction mecha-
nism). In the same sense, the peak intensity of epoxide rings
at 1015 cm−1 was remarkably reduced for the ECzPN film.
Therefore, this basically evidences the occurrence of reaction
between ECN and DACz to make a three dimensional poly-
meric network, namely ECzPN here. In addition, the C-N
single covalent bond formation between the aliphatic carbon
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Figure 4: (a) Reaction steps between ECN and DACz to make the epoxy-carbazole polymeric networks: R1 denotes the epoxy ring opening
reaction step, whilst R2 and R3 represent the successive curing steps; (b) expected three-dimensional cross-linking structure for ECzPN
made in this work.

(CH2) of ECN and the secondary amine (NH2) of DACz
is identified from the increased intensity of C-N stretching
and secondary (out-of-plane) NH peaks at 1220 cm−1 and
1503 cm−1, respectively.

However, considering still existence of NH2 (3280 cm−1

and 3180 cm−1) and epoxide (1015 cm−1) peaks (see dotted
circles in Figure 3(c)), the reaction is considered to be incom-
plete due to the saturation of three-dimensional geometry
which hinders moving of two chemicals (ECN and DACz) for
further physical contact leading to chemical reaction between

two functional groups (epoxide and NH2). In addition, be-
cause no clear clues were found for the further reactions (R2
and R3 steps in Figure 4(a)), we assume that the dominant
reaction here is limited to the R1 step in Figure 4(a). Based on
this stage of reaction, the three-dimensional polymeric net-
work (ECzPN) is considered to be made like the schematic
drawing as shown in Figure 4(b).

Figure 5 shows the weight loss (thermal degradation) as
a function of temperature for ECzPN and starting materi-
als (ECN and DACz). Obviously, DACz exhibits very quick
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weight loss between 250◦C and 330◦C and at last only 5 wt%
remain above this temperature. This indicates the thermally
unstable nature of functional (hole-transporting) materials
like DACz. In contrast, ECN shows relatively quite stable
trend. In particular, further improvement in thermal sta-
bility is observed for the ECzPN film (3 : 1 weight ratio),
which is mainly ascribed to the formation of covalent bond to
bind the thermally unstable component (DACz) in the three-
dimensional network structure. In this context of improved
thermal stability against degradation and three-dimensional
network formation, we expect the ECzPN film to have a high
glass transition temperature though this still needs to be ver-
ified by actual measurements.

3.2. Optical properties

As shown in Figure 6, the unreacted mixture of ECN and
DACz (3 : 1) shows an onset absorption wavelength of
∼430 nm (2.9 eV), which is mainly assigned to the lowest
unoccupied molecular orbital (LUMO) of DACz in the mix-
ture film. Surprisingly, new absorption peaks are observed
in the wavelengths of 430–600 nm for the reacted (cured)
ECzPN nanolayers (films) (also note the increased intensity
at around 350 nm and 400–425 nm). This is considered as a
ground-state complex made by the specific interaction (hy-
drogen bonding) between the lone pair electrons of nitro-
gen atoms in DACz and the hydroxyl groups of ring-opened
epoxide unit of ECN upon the curing reaction (see inset
to Figure 6). Here two different resonance states of nitro-
gen atoms in DACz could result in different complexes (a
and b) peaking at 470 nm (a) and 520 nm (b). As a con-
sequence, the ECzPN nanolayers have two LUMO bands:
major LUMO band from original DACz singlet (onset =
430 nm, 2.9 eV), sub-LUMO band from these complexes
(onset = 600 nm, 2.1 eV). In particular, it is noted that
these complexes are pronounced as the ECN content in-
creases. This indicates that the hydroxyl group concentra-
tion plays a critical role in forming the ground-state com-
plexes.

Due to these ground-state complexes made in the ECzPN
nanolayers, the photoluminescence spectra also show two
major emission peaks at around 450 nm and 610 nm: the for-
mer is assigned to the singlet transition of DACz, the lat-
ter is considered to be a transition for the two complexes
(see Figure 7). The intensity of complex peaks increases with
the ECN contents, which is in consistent with the absorp-
tion spectral trend. Here we note that the very small peak at
around 600 nm was also measured for the unreacted mixture
film, which is considered as the marginal formation of com-
plexes even in the unreacted mixture film though it is un-
clear at the moment whether owing to the hydrogen bonding
or not. In particular, the width of major peak at 450 nm is
wider for the ECzPN nanolayers than the unreacted mixture
film (also note additional peaks below 400 nm and shoulders
at around 500 nm). This result may infer the increased delo-
calization of electrons in the carbazole ring of DACz owing to
the specific interaction leading to the ground-state complex
formation.
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3.3. Characteristics of OLEDs and nanomorphology

As shown in Figure 8(a), the device made with the ECzPN
(2 : 1) nanolayer exhibits almost similar J-V shape to the
TPD device below the current density of 100 mA/cm2. How-
ever, the devices made with the ECzPN nanolayers at the
(1.5 : 1) and (3 : 1) weight ratios of ECN to DACz showed
much higher charge injection/transport voltages. The result
for the (3 : 1) ratio is acceptable because of the low hole-
transporting DACz contents, but that for the (1.5 : 1) ratio is
not a normal case because the hole-transporting characteris-
tics should be improved by increasing the content of hole-
transporting moiety (DACz). To understand this, we have
measured the HOMO level (or ionization potential) of films
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using a cyclic voltammetry (see Figure 9(a)–9(d)), which re-
sulted in 6.0 eV, 5.3 eV, and 4.6 eV for (1.5 : 1), (2 : 1), and
(3 : 1) weight ratios, respectively (see Figure 9(e)–9(h) for
the flat-energy-band diagrams built by taking into account
the complex states as well). This very huge change in HOMO
level might be attributed to the role of the specific interac-
tion leading to the formation of complexes. In other words,
the measured HOMO level is not solely originated from the
pristine DACz or ECN components but is significantly af-
fected by the lone pair electrons in the complexes which are
expected to be more easily extracted as we have previously
proposed the similar activation effect between lone pair elec-
trons in nitrogen atoms and carbonyl dipoles in imide groups
[12]. In more detail, although for the ECN film with TPP
(1 wt%) without DACz the oxidation onset is observed at
1.3 V leading to the HOMO level of 6.1 eV (see Figure 9(d)),
the (3 : 1) ECzPN film shows a very different oxidation onset
at −0.2 V in the presence of the onset peak at around 1.1 V
which might be related to the oxidation of ECN components
(see Figure 9(c)). This evidences the presence of specific in-
teraction leading to making the ground-state complexes as
discussed in Figures 6 and 7. Therefore, this HOMO level
trend clearly indicates that the hole injection from ITO to
the ECzPN layer limits the performance of the (1.5 : 1) de-
vice owing to the large barrier height, even though the high
loading (content) of DACz could just help to improve the
hole transport inside the ECzPN nanolayer.

In particular, the (1.5 : 1) device shows much slower in-
crease in the luminance than the current density as the ap-
plied voltage increases, whereas other devices show similar
increasing trend for luminance and current density (see Fig-
ures 8(b) and 8(c)). This huge imbalance (high current but
low luminance) of the (1.5 : 1) device is attributed to the
large electron leakage through the sub-LUMO level (gap) of
complexes (3.9 eV) as seen in Figure 9(f). It is worthy to note
that the band structure of the ECzPN (2 : 1) nanolayer, which
resulted in the best device performance amongst the devices
with ECzPN nanolayers, is very similar to that of TPD.
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Figure 8: Current density—voltage ((a) full scale; (b) enlarged scale
adjusted for the comparison with luminance) and luminance—
voltage (c) characteristics of OLEDs made with the ECzPN nanolay-
ers or TPD as a hole injection/transport layer.

Finally, we have tried to correlate the device character-
istics with the nanomorphology of ECzPN nanolayers. As
shown in Figure 10, the TPD film shows very coarse mor-
phology that features large TPD crystals aggregated each
other, indicating a poor film quality which might be respon-
sible for the early degradation of corresponding device at rel-
atively lower current density though the low Tg (63◦C) of
TPD is normally understood as the cause for the poor device
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is against Ag/Ag+. Flat energy band diagrams of OLEDs fabricated in Figure 8, where the hole injection/transport layer is (e) TPD, (f) ECzPN
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Figure 10: AFM images (scan size = 5µm× 5 µm) of (a) TPD, (b) ECzPN (1.5 : 1), (c) ECzPN (2 : 1), and (d) ECzPN (3 : 1). “Rq” denotes
the root-mean-squared roughness of nanolayer surfaces. Note that the enlarged image of (b) shows two kinds of nanoparticles in a size of
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stability [3]. In contrast, the ECzPN (1.5 : 1) nanolayer
shows a phase-segregated coarse nanomorphology in which
two kinds of nanoparticles (70 nm and 30 nm) are evenly dis-
persed over the entire surface of nanolayers: these nanopar-
ticles are considered as the unreacted DACz molecules re-
mained after the curing reaction and contributed the worst
surface roughness (11.1 nm) amongst all films investigated
here. This coarse nanomophology might be more or less re-

sponsible for the poor device performance (poor correla-
tion between luminance and current density), even though
the major reason is ascribed to the large hole-injection bar-
rier and electron-leakage pathways (sub-LUMO band) due to
the ground-state complex formation as discussed in Figure 9.
However, no detectable phase segregation was observed for
the (2 : 1) and (3 : 1) nanolayers, indicating almost perfect
participation of DACz molecules in the curing reaction.
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4. CONCLUSION

The epoxy-carbazole polymeric network (ECzPN) nanolay-
ers were prepared and applied as a hole injection/transport
layer for OLEDs. These nanolayers showed fairly good sta-
bility against thermal degradation. In particular, a ground-
state complex was observed for the cross-linked (reacted)
ECzPN nanolayers by optical measurements, which is con-
sidered to affect the significant shift in the HOMO levels
of corresponding films. The OLED with the ECzPN (2 : 1)
nanolayer exhibited almost the similar performance to the
TPD device, which is attributed to the shifted HOMO
level by the specific interaction (hydrogen bonding) be-
tween carbazole and ring-opened epoxy moieties. How-
ever, the nanoparticle-contained nanomorphology in the
ECzPN (1.5 : 1) nanolayer needs further studies to confirm
whether it contributes to the device performance badly or
not.
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Submicron scale vanadia/silica hybrid nanofiber mats have been produced by electrospinning silica sol-gel precursor containing
vanadium oxytriisopropoxide (VOTIP), followed by calcinations at high temperature. The properties of the resulting inorganic
hybrid nanofiber mats are compared to those of electrospun pure silica nanofibers. SEM images show fibers are submicron in
diameter and their morphology is maintained after calcination. Physisorption experiments reveal that silica nanofiber mats have
a high specific surface area of 63 m2/g. FT-IR spectra exhibit Si�O vibrations and indicate the presence of V2O5 in the fibers. XPS
studies reveal that the ratio of Si to O is close to 0.5 on the surface of fibers and the amount of vanadium on the surface of fibers
increases with calcination. XRD diffraction patterns show that silica nanofibers are amorphous and orthorhombic V2O5 crystals
have formed after calcination. EFTEM images demonstrate the growth of crystals on the surface of fibers containing vanadium
after calcination. SEM images of fibers with high-vanadium content (50 mol% V : Si) show that vanadia crystals are mostly aligned
along the fiber axis. XPS shows an increase in vanadium contents at the surface, and XRD patterns exhibit an increase in the degree
of crystallinity. A coaxial electrospinning scheme has successfully been employed to selectively place V2O5 in the skin layer.

Copyright © 2006 J. E. Panels and Y. L. Joo. This is an open access article distributed under the Creative Commons Attribution
License, which permits unrestricted use, distribution, and reproduction in any medium, provided the original work is properly
cited.

1. INTRODUCTION

Electrospinning is a fiber formation process typically used to
produce nonwoven polymer fiber mats with diameters one
or two orders of magnitude smaller than conventional textile
fibers. Electrospinning produces mats with large surface area
to mass ratios, typical surface areas can be 10 m2/g for fiber
diameters of 500 nm and 1000 m2/g for diameters around
50 nm [1]. During electrospinning a strong electric field is
used to draw a solution from the tip of a capillary to the col-
lector. The electrostatic field causes a pendant droplet of the
solution at the capillary tip to deform into a conical shape
or a Taylor cone. When the electrical force at the surface of
the solution overcomes the surface tension a fine, charged
jet is ejected. The jet moves toward a ground plate acting as
a counter electrode. The solvent begins to evaporate imme-
diately after the jet is formed causing the deposit of a thin
fiber on the collector plate [1]. We refer the reader to recent
reviews that elaborate on the versatility and promise of elec-
trospinning processes [1–3].

One dimensional, inorganic, nanosized fibers and fi-
brous mats are of interest for their high thermal stability and
large surface to mass ratios. Recently, silica nanofiber mats

have been produced using a sol-gel synthesis/electrospinning
technique without using any polymer binder [4]. Silica
nanofiber mats provide an ideal platform for the incorpo-
ration of transition metals and their oxide particles [5]. Pre-
viously, the incorporation of metal oxides into electrospun
fibers has been achieved using polymer as a binder or a ma-
trix due to its better processabilities. However, calcination
at high temperature is needed to grow transition metal ox-
ide crystals and high temperature treatment in turn weak-
ens fibers due to the disintegration of the polymer matrix in
fibers [6]. If silica is used as a matrix, however, metal precur-
sors can be included by directly adding them to the sol-gel
precursor [7], and the growth of crystalline metal oxides on
silica fibers can be achieved, while the fiber morphology is
preserved during calcination.

In the present study, we incorporate V2O5 into silica
nanofibers, and the effect of the inclusion of V2O5 on the
properties of silica nanofibers is investigated. More specif-
ically, we developed submicron scale vanadia/silica hybrid
fiber mats by electrospinning a silica sol-gel precursor con-
taining vanadium oxytriisopropoxide (VOTIP), followed by
calcinations at high temperatures. Resulting silica nanofibers
containing vanadium pentoxide crystal particles can be used



2 Journal of Nanomaterials

to detect trace amounts of toxic or flammable gases such
as ammonia and hydrocarbons. If vanadium oxide comes
into contact with trace amounts of toxic or flammable gases
the surface conductance changes, indicating the presence of
small amounts of gases [6]. It is important to note that the
sensitivity in sensing depends on grain size and smaller grain
sizes lead to an increase in the sensitivity [8]. We anticipate
that this simple and versatile electrospinning/sol-gel directed
approach to conducting layers that combine a large surface
area as well as electrical interactions will lead to more sensi-
tive detection in sensing gases. Dispersing V2O5 nanoparti-
cles onto the surface of silica nanofibers may allow outstand-
ing specificity and selectivity in gas sensing to be gained. Cur-
rently, thin films containing V2O5 are used for sensing toxic
or flammable gases, but this method only utilizes the limited
surface layer of the film because the gas flows over the film
[9, 10]. Nanofiber mats can provide a highly porous network
which the gas can flow through, and thus the entire active
sites on fibers are effectively utilized.

Coaxial electrospinning is a technique that uses a dual
syringe system during electrospinning [11]. It allows the cre-
ation of hollow nanofibers, with the outer syringe contain-
ing an inorganic substance and the inner syringe containing
an organic substance, such as mineral oil. Fibers can then be
calcined at the appropriate temperature to eliminate organ-
ics inside the fiber, while the inorganic part of the fiber will
remain and therefore create a hollow, tubular nanostructure.
Using a coaxial spinning scheme, hollow silica fibers contain-
ing V2O5 particles have been produced. Coaxial electrospin-
ning can provide a useful means to produce vanadia-silica
nanofiber mats for gas sensing, because V2O5 crystals can be
placed selectively in the skin layer of fibers such that the load-
ing of transition metal oxides can be greatly reduced.

2. EXPERIMENTAL PROCEDURE

Tetra(ethyl) ortho silicate (TEOS) and VOTIP were supplied
by Aldrich. To produce silica nanofibers, a solution that un-
dergoes a sol-gel synthesis reaction was prepared with the
molar ratio of TEOS : EtOH : H2O : HCl being 1 : 2 : 2 :
0.01. After vigorous mixing to produce a homogeneous solu-
tion, the solution was placed in a 50ÆC oven to accelerate the
sol-gel transition. When vanadia/silica fibers were desired, a
VOTIP/EtOH solution containing half of the overall EtOH
contents was added after vigorous mixing of the TEOS/EtOH
and H2O/HCl solutions. The spinning solution contained a
23 mol% V : Si ratio, while a 50 mol% V : Si ratio was also
used to obtain a higher vanadium content in silica fibers. Af-
ter ripening for 3–5 h, the solution was electrospun with an
applied voltage of 20 kV, a flow rate of 0.03 mL/min, and a tip
to collector distance of 4.5 inches. These spinning conditions
were carefully chosen to obtain a continuous production of
submicron scale fibers. A sample of electrospun fibers was
then heated to 150ÆC for 1 h to remove residual solvents fol-
lowed by calcination at 600 ∼ 800ÆC in a tube furnace heated
at a rate of 5ÆC/min for 1 ∼ 6 h.

A 23 mol% V : Si sol-gel precursor containing TEOS and
VOTIP was prepared in the same manner as mentioned pre-
viously for coaxial electrospinning. The coaxial electrospin-

Outer jet

TEOS/EtOH/H2O/HCl
+

VOTlP

Inner jet
Mineral oil

Figure 1: Coaxial electrospinning set-up.

ning set up used in the current study is shown in Figure 1.
The sol-gel solution was used for the outer syringe with
an inner nozzle diameter of 0.84 mm and mineral oil was
used for the inner syringe with an inner nozzle diameter
of 0.15 mm. The mineral oil had a constant flow rate of
0.01 mL/min, while the flow rate of the TEOS/VOTIP solu-
tion was controlled by gravity. The applied voltage was 20 kV
and the tip-to-collector distance was 4.5 inches. The col-
lected fibers were heated to 150ÆC for 1 h to remove residual
solvents. The coaxially spun fibers were heated at a rate of
5ÆC/min and calcined at 1000ÆC for 6 h to grow vanadium
oxide crystals and remove the mineral oil to create hollow
fibers.

Scanning electron microscopy (SEM) was conducted us-
ing the LEICA 440 and the samples were coated using an Au-
Pd sputterer. Specific surface area and pore size distribution
of electrospun fiber mats were measured using a micromet-
rics physi/chemi sorption analyzer and gases used for mea-
surements were either N2 or Kr. X-ray diffraction (XRD) was
done on the Scintag, Inc. Theta-Theta Diffractometer, using
a Cu target and a step size of 0.02Æ. Energy filtering transmis-
sion electron microscopy (EFTEM) was conducted using the
FEI Tecnai G20. Thermogravimetric analysis (TGA), Fourier
transform infrared spectroscopy (FT-IR), and X-ray pho-
toelectron spectroscopy (XPS) experiments were also con-
ducted to characterize electrospun silica-vanadia fibers be-
fore and after calcination.

3. RESULTS AND DISCUSSION

3.1. Effect of Inclusion of VOTIP on the properties
of sol-gel precursor

Since the conductivity and viscosity of the solution affects
both initial thinning behavior and whipping motion of the
jet during electrospinning, one can easily surmise that the
final fiber diameter can be influenced by the inclusion of
vanadium oxide precursor in the silica-sol precursor. The ef-
fect of inclusion of vanadium particles on both conductiv-
ity and viscosity of the sol-gel precursor is presented in this
section.



J. E. Panels and Y. L. Joo 3

0

50

100

150

200

250

300

350

C
on

du
ct

iv
it

y
(μ

S/
cm

)

0 200 400 600 800 1000 1200 1400

Time (min)

0 mol% V : Si

10 mol% V : Si

17 mol% V : Si

23 mol% V : Si

Figure 2: Evolution of conductivity of electrospinning solutions
containing various amounts of vanadium.

First, conductivity measurements were carried out us-
ing a digital conductivity meter (VWR scientific products).
The solutions used for conductivity measurements had the
same composition as solutions used in electrospinning ex-
periments and they contained various amounts of VOTIP
ranging from 0 ∼ 23 mol% V to Si ratio. The change in
conductivity during the sol-gel transition was measured over
time. Figure 2 indicates that the presence of vanadium parti-
cles in the sol-gel solution substantially decreases its conduc-
tivity from 300 μS/cm to 100 μS/cm. Since the conductivity
of VOTIP solution is very low (∼ 0.001 μS/cm), the addi-
tion of VOTIP to the silica precursor resulted in a decrease
in conductivity. However, there is no simple trend observed
between the conductivity and the amount of vanadium in
the solution. We note that a decrease in the solution conduc-
tivity, in general, leads to larger fiber diameters [12]. SEM
images confirm that the vanadia/silica fibers have a larger av-
erage diameter than pure silica fibers under similar spinning
conditions possibly due to the change in conductivity and
viscosity.

Viscosity measurements of sol-gel precursor solutions
containing various concentrations of vanadium have also
been carried out on electrospinning solutions during the sol-
gel transition. As shown in Figure 3, it is observed that the
rate of gelation increases with increasing vanadium concen-
tration. This suggests that as the vanadium concentration in-
creases, solutions will be spinnable at an earlier time and the
time period in which they remain spinnable will be shorter.
It should be noted that for conventional spinning, silica pre-
cursors are spinnable in the range of 10–1000 Poise [7], while
silica nanofibers were able to be obtained even at a lower ini-
tial solution viscosity (0.5 to 10 Poise) possibly due to the
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Figure 3: Evolution of viscosity of electrospinning solutions with
various concentrations of vanadium.

faster evaporation of solvent and thus rapid sol-gel transition
during electrospinning.

3.2. Fiber morphology of electrospun nanofibers

Silica sol-gel precursors with and without VOTIP were elec-
trospun and the morphology of the electrospun fibers are
presented in this section. First, the SEM images of silica fibers
before and after calcination are shown in Figures 4(a) and
4(b), respectively. It is observed that pure silica fibers are sub-
micron in diameter and they exhibit a relatively uniform size
distribution. For an inner needle diameter of 0.18 mm, as-
spun fibers and fibers after calcination range mostly from 100
to 400 nm. As shown in Table 1, the average diameter of sil-
ica fibers before and after calcination is 270 � 100 nm and
260 � 70 nm, respectively. It should be noted that even af-
ter heating at 600ÆC for 2 h, the morphology of fibers is pre-
served. However, fibers after calcinations at 600ÆC for 2 h ap-
pear to exhibit a slightly rougher surface, which is most likely
due to the evaporation of solvents and water upon heating.

The SEM images of electrospun silica fibers containing
23 mol% V : Si before and after calcination are shown in Fig-
ures 4(c) and 4(d). The image after calcination again shows
slightly rougher fiber surfaces. In addition, calcined fibers
clearly show some crystal growth on the fiber surface. As
listed in Table 1, the average diameter of silica fibers con-
taining vanadium is 510�220 nm after calcination at 800ÆC,
when using a nozzle with an inner diameter of 0.29 mm,
while the average diameter before calcination is 540�230 nm.
Although it appears that the average diameter decreases af-
ter calcination, the very large standard deviations put the
average diameters within the range of one another. Table 1
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Figure 4: SEM images of (a) as-spun silica fibers (b) silica fibers after calcination at 600ÆC for 2 h (c) as-spun 23 mol% V : Si fibers (d)
23 mol% V : Si fibers after calcination at 800ÆC for 6 h. The inner diameter of the needle used during electrospinning was 0.29 mm.

Table 1: Average diameters of pure silica and vanadia-silica fibers at various nozzle sizes.

Needle size (ID) Silica fiber, as-spun Silica fiber, 800ÆC 23 mol% V : Si fiber, as-spun 23 mol% V : Si fiber, 800ÆC

0.18 mm 270� 100 260� 70 — —

0.29 mm 400� 200 370� 160 540� 230 510� 220

0.58 mm — — 800� 420 770� 430

demonstrates that as the inner diameter of the nozzle de-
creases, the diameter of fibers also decreases. In addition,
larger nozzle sizes lead to an increased variation in fiber di-
ameters. Table 1 also shows that the addition of vanadium in-
creases fiber diameter when compared with pure silica fibers.
This may be due to the effect that the inclusion of VOTIP has
on the conductivity and viscosity of the sol-gel precursor, as
discussed in the previous section.

3.3. Thermal and physical properties of
electrospun nanofibers

Thermogravimetric analysis (TGA) was applied to as-
spun fibers with and without VOTIP. The TGA curve in
Figure 5(a) shows a weight loss of about 10 wt% at 200ÆC
in electrospun silica fibers due to evaporation of residual
solvents, while at 800ÆC the weight loss is about 17 wt%.
The extra weight loss at high temperature is a result of the
self-condensation reactions of the silanol groups [4]. This re-
sult is in agreement with the FT-IR study (Figure 7) which in-
dicates that intra- and inter-molecular hydrogen bonds of the

silanol groups disappear after calcination at 800ÆC. The TGA
peak shown in Figure 5(b) was obtained for a silica fiber con-
taining 23 mol% V : Si up to 1200ÆC to verify the removal of
residual solvents and the completion of self-condensation of
silanol groups in fibers. The first steep decrease in weight loss
up to 400ÆC shows the removal of residual solvents. A small
weight loss continues to 900ÆC, which points to a change in
the composition of fibers. This most likely indicates the com-
pletion of self-condensation of silanol group as well as the
formation and sublimation of V2O5 in the fibers at high tem-
perature.

Physisorption analysis was carried out on pure silica
fibers before and after calcination to obtain the BET sur-
face area and information on pore size. The average diam-
eter of electrospun silica fibers before calcination was 520 �
220 nm. The BET surface area of as-spun fibers was reported
as 15.6 m2/g. After calcination at 600ÆC for 2 h the BET sur-
face area increased to 65.3 m2/g. The pore area distribution
of electrospun silica nanofibers before and after calcination
is also shown in Figure 6. It is observed that the pore area for
small internal pores (1 nm ∼ 10 nm) is increased, while that
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Figure 5: TGA curve of pure silica fibers and 23 mol% V : Si fibers.

of large pores (10 nm ∼ 100 nm) is decreased after calcina-
tion at 600ÆC for 2 h. Hence, the observed increase in surface
area is most likely due to the creation of small pores caused
by the removal of residual solvents that occurs during calci-
nation.

Physisorption analysis was also carried out on vana-
dia/silica fibers after calcination at 800ÆC for 6 h. The BET
surface area of the fibers after calcination was 1.9 m2/g. This
value is comparable to that for nanoparticles obtained from
high-energy milling (1 ∼ 10 m2/g), but is much lower than
those for nanoparticles obtained by gas phase condensation
(100 m2/g) [8]. We note that the surface area of vanadia/silica
fibers is much lower than that of silica fibers possibly due to
the higher calcination temperature and larger deviation in
vanadia/silica fiber diameter. As shown in Figure 6, not only
the area of small pores but also the area of large pores in the
vanadia/silica fibers calcined at 800ÆC are considerably lower
than those of as-spun silica fibers and silica fibers calcined at
600ÆC.

To identify the specific molecular components and struc-
tures in the electrospun silica fibers before and after calcina-
tion, FT-IR spectroscopy was carried out. Figure 7(a) shows
that the FT-IR spectrum of the as-spun silica fibers has peaks
at 1038, 918, and 776 cm�1, which are assigned to the Si�O
vibration [4]. In particular, the band near 918 cm�1 indicates
the Si�OH group and this peak disappears after calcina-
tion at 800ÆC (Figure 7(b)). Bands located between 750 and
1300 cm�1 can be attributed to asymmetric stretching modes
of Si�O�Si [13]. There is a broad band around 3300 cm�1

that is representative of an O�H vibration. This band re-
sults from intra- and inter-molecular hydrogen bonds of the
silanol groups (Si�OH), and residual water and ethanol [4].
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after calcination at 800ÆC for 6 h (c) as-spun 23 mol% V : Si fibers
(d) 23 mol% V : Si fibers calcined at 800ÆC for 6 h.

After calcination at 800ÆC the broad band peak disappears
due to evaporation of water and ethanol from the fibers while
peaks are still observed representing Si�O vibrations.

FT-IR was conducted on silica fibers containing 23 mol%
V : Si before calcination and after calcination at 800ÆC, and
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Figure 8: XPS of silica fibers after calcination at 400ÆC.
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Figure 9: XPS spectra of (a) as-spun 23 mol% V : Si fiber (b) 23 mol% V : Si fiber after calcination at 800ÆC for 6 h.

the spectra are shown in Figures 7(c) and 7(d). The spec-
tra for 23 mol% V : Si fibers before calcination bear a re-
semblance to those of the silica fibers before calcination
(Figure 7(a)) and match. On the other hand, the spectrum
for the 23 mol% V : Si fiber after calcination has one addi-
tional peak at 670 cm�1 when compared with the spectrum
for the silica fibers after calcination. The band at 670 cm�1

can be attributed to the presence of V2O5 [14]. The other
bands observed may indicate the presence of V2O5, but they
overlap with the Si�O vibrations that are also present in
the fibers. For example, the V=O band is observed around
1000 cm�1 and at 750 cm�1 the V�O�V asymmetric stretch
is observed. Bands are observed near these locations for the
23 mol% V : Si fiber after calcination, but Si�O vibrations
are also observed at those points as shown in Figure 7(b)
[15].

3.4. Surface characteristics of silica and
vanadia/silica nanofibers

An X-ray photoelectron spectroscopy (XPS) study was car-
ried out on pure silica fibers calcined for 6 h at 400ÆC and
800ÆC. The spectrum, shown in Figure 8, indicates the pres-
ence of silicon and oxygen on the surface of fibers. Using (1)

the atomic ratio, NA/NB of Si : O may be found [16],

NA

NB
= IA/SA

IB/SB
, (1)

where N represents the concentration of a relevant element,
i (atomic density), and Ii and Si are the intensity of the pho-
toelectron signal and atomic sensitivity factor of element, i,
respectively. S for O and Si are 2.494 and 0.903, respectively
[17]. The number of groups was 8 and the number of scans
was 20. After calcination at 400ÆC and after calcination at
800ÆC the Si : O ratio is around 0.60, which is within error of
0.5, the Si : O ratio to be expected for SiO2.

XPS analysis was also done on silica fibers containing
vanadium. As shown in Figure 9 a small vanadium peak is
observed for both as-spun fibers and fibers after calcination
[10, 18]. Using (1), where S for vanadium is 5.496, it was
found that the amount of vanadium at the surface of the
fibers increased after calcination [16]. The highest V : Si ra-
tio achieved to date using 23 mol% V : Si fibers is 10 mol%,
which indicates that a little less than one half of the total
vanadium reside on the surface of the fiber as V2O5.
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Figure 10: XRD patterns of (a) as-spun silica fibers (b) silica fibers
calcined at 800ÆC for 6 h (c) as-spun 23 mol% V : Si fibers, and (d)
23 mol% V : Si fibers after calcination at 800ÆC for 6 h.

3.5. Vanadia crystals in silica nanofibers

XRD patterns shown in Figures 10(a) and 10(b) for both as-
spun silica fibers and silica fibers heated at 800ÆC for 6 h have
a broad peak at 2θ = 23–27Æ, which represents amorphous
SiO [4]. The silica fibers do not exhibit crystalline character-
istics upon calcination at 800ÆC.

XRD patterns were obtained for silica fibers containing
23 mol% V : Si; both as-spun and calcined fibers are shown
in Figures 10(c) and 10(d). Before calcination, no V2O5 crys-
tal peaks are observed. The peaks that are observed after cal-
cination indicate the formation of V2O5 crystals [6]. Using
the Scherrer equation (2) the average crystallite domain size
in each direction may be obtained [19],

Lhkl = 0.9λ
Bhkl cos θ0

, (2)

where Bhkl is the width at half height, in radians, for a par-
ticular hkl reflection, λ is the wavelength, and θ0 is the Bragg
angle of the reflection. As shown in Table 2, the crystallite do-
main dimensions are in tens of nanometers, which are similar
to the crystalite sizes observed in EFTEM images.

We note that a peak at 2θ = 50.5Æ is observed in each
pattern for pure silica fibers and silica fibers containing vana-
dium which may be attributed to the formation of hydrates
and xerogels [14, 20, 21]. This peak only appears when the
average diameter of as-spun fibers is below 1 μm, and thus
the surface area of the fibers is possibly large. This peak at
2θ = 50.5Æ decreases after calcination.

A phase diagram obtained from XRD of silica fibers con-
taining various amounts of vanadium is shown in Figure 11.
In each case the time of calcination remained the same at 6 h,
while the calcination temperature was changed. The lower
limit temperature line at a given vanadium concentration
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Figure 11: Phase diagram for silica fibers containing various con-
centrations of vanadium oxide.

Table 2: Average crystallite domain size of V2O5 on silica
nanofibers obtained from XRD patterns and the Scherrer equation.

Direction Average crystallite domain dimension (nm)

200 10.1
001 13.2
110 14.0

represents the first sign of nucleation of V2O5 crystals, while
the upper-limit temperature line represents the onset of the
formation of well-defined V2O5 crystal peaks. Therefore, cal-
cination at or above the lower limit temperature should result
in the formation of V2O5 crystals in the fibers, and the crystal
size and degree of crystallization depends on both calcination
time and temperature. It is observed that the onset tempera-
ture for the phase transition from amorphous to V2O5 crys-
tals decreases with increasing vanadium content.

The vanadium crystal phases of 23 mol% V : Si fibers can
also be identified with EFTEM images in Figure 12. Although
EFTEM only provides the spatial distribution of elements
such as V or Si (not V2O5 or SiO2) and O is present in both
V2O5 and SiO2 phases, such elemental mappings can also of-
fer a rough assessment on the size and distribution of V2O5

crystals in the fibers. Figure 12(b) shows an EFTEM image of
a calcined, vanadia/silica fiber where V was filtered out, and
thus distinct bright spots that are tens of nanometers in size
correspond to the domains of V (and thus V2O5) on silica
fibers. In Figure 12(c) an EFTEM image of the same fiber af-
ter Si was filtered out, and thus the dark spots represent V
rich regions which are in agreement with bright spots in the
V filtered image in Figure 12(b).

3.6. Higher vanadium content fibers

Vanadia/silica fibers with a higher vanadium content (50
mol% V : Si) have been electrospun to increase the amount
of V2O5 crystals on the surface and to achieve a higher degree
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Figure 12: EFTEM images of 23 mol% V : Si fiber after calcination at 800ÆC (a) with Efilter = 0 eV, (b) with Efilter = 38 eV, (c) with Efilter =
99 eV. Fiber diameter is about 250 nm.

of crystallinity in the fibers. The SEM image in Figure 13(b)
shows 50 mol% V : Si fibers after calcination at 650ÆC. A
more evident crystal growth on the fiber surface is observed
when compared with 23 mol% V : Si fibers after calcination
(Figure 4(d)) due to the higher vanadium content in the
fibers. In addition, the vanadia crystals appear to be aligned
along the fiber axis.

XPS was conducted on the 50 mol% V : Si fibers after
calcination at 650ÆC. As shown in Figure 14 the amount of
vanadium on the surface increased drastically when com-
pared with the 23 mol% V : Si fibers, which is consistent
with observations made from SEM images. The V : Si ratio
achieved was 27 mol%, which means that a little more than
one half of the vanadium is at or near the fiber surface.

XRD patterns for 50 mol% V : Si fibers after calcination
at 650ÆC and 800ÆC are shown in Figure 15. The fibers ex-
hibit the growth of V2O5 crystals and they have a much
higher degree of crystallinity than the 23 mol% V : Si fibers
after calcination. From the Scherrer equation it was deter-
mined that the average crystal domain size after calcination
at 650ÆC and 800ÆC ranges from 31 to 33 nm and from 17 to
25 nm, respectively. The observed decrease in crystal domain
size is most likely due to a possible melting and sublimation
of V2O5 above 690ÆC.

3.7. Hollow vanadia/silica nanofibers via coaxial
electrospinning

Silica fibers containing vanadium have been made using
coaxial electrospinning in order to selectively place V2O5

crystals on the surface of the fibers. Mineral oil and silica pre-
cursor containing VOTIP were placed as the core and skin,
respectively, and thus hollow silica fibers containing V2O5

were produced after calcination at high temperature. Calci-
nation at 1000ÆC created some hollow fibers as indicated in

1μm

(a)

3μm

(b)

Figure 13: SEM images of (a) as-spun 50 mol% V : Si fibers, and
(b) 50 mol% V : Si fibers after calcination at 650ÆC for 6 h.
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Figure 14: XPS spectrum of 50 mol% V : Si fibers after calcination
at 650ÆC for 6 h.
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Figure 15: XRD patterns for (a) 50 mol% V : Si fibers after calcina-
tion at 650ÆC for 6 h, and (b) 50 mol% V : Si fibers after calcination
at 800ÆC for 6 h.

the SEM image shown in Figure 16(a). The inner diameter of
the fibers ranges from about 500 nm to 1 μm and the thick-
ness of the core shell is about 300 nm. Hollow fibers are ad-
vantageous because the coaxial scheme can greatly reduce the
loading required of metal oxides by placing the metal oxide
particles exclusively in the skin layer.

TEM images of two fibers cut open in Figure 16(b) also
show the hollow nature of the fibers after calcination at
1000ÆC. The images demonstrate the domains of crystals
(bright spots) on the surface of both the inner and outer side
of the fiber, which suggests that hollow fibers can possibly in-
crease the number of active sites of the fiber, when compared
with monoaxial fibers.

1μm

(a)

100 nm

(b)

Figure 16: Coaxially spun silica fibers containing 23 mol% V : Si af-
ter calcination at 1000ÆC for 6 h (a) SEM image and (b) TEM image.

4. CONCLUSION

Silica nanofiber mats have been produced by combining sol-
gel synthesis and electrospinning without using any polymer
binder. SEM images show silica fibers range in diameter from
100 to 400 nm and the morphology of the silica fibers was
preserved after calcination at 600ÆC. TGA showed an overall
weight loss of 17 wt% at 800ÆC. The BET surface area of the
fibers increased dramatically after calcination at 600ÆC, while
the fibers contain a very large number of micropores. FT-
IR showed Si�O vibrations and the removal of residual sol-
vents after calcination. XPS data after calcination indicated
the presence of the correct ratio of Si to O. XRD showed the
fibers remained amorphous after calcination and TEM indi-
cates a change in morphology and the collapse of pores in the
fibers after calcination at 800ÆC.
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This new scheme to produce inorganic nanofibers has
been extended to the development of silica nanofiber mats
containing vanadium pentoxide crystals by directly incorpo-
rating the vanadium oxide precursor into a sol-gel synthesis
reaction. SEM images showed vanadia/silica fibers are also
submicron in diameter. TGA demonstrated the composition
of the fibers continued to change up to 900ÆC. FT-IR data
confirms the formation of V2O5 after calcination at 800ÆC.
XPS analysis showed an increase in vanadium contents at the
fiber surface after calcination. XRD indicates V2O5 crystals
form after calcination and the crystal sizes match those ob-
served from TEM. EFTEM images demonstrate vanadia crys-
tal growth on the surface of the fibers. SEM images of high
vanadium content (50 mol% V : Si) fibers show more crys-
tal growth on the fiber surface and the crystals are mostly
aligned along the fiber axis. XPS shows an increase in vana-
dium contents at the fiber surface, while XRD shows an in-
crease in the degree of crystallinity when compared with
23 mol% V : Si fibers. Hollow silica fibers containing vana-
dium oxide crystals on the surface have also been produced
using coaxial electrospinning in order to selectively place
V2O5 at the surface of the fiber.
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