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Dry-jet-wet-electrospinning (DJWE) was carried out to study the formational mechanism of poly(hydroxybutyrate-co-
hydroxyvalerate) electrospun fibers. Morphological comparison between normal electrospinning (NE) and DJWE was
investigated. The results showed that jet could solidify quickly in DJWE to avoid bead collapse or fiber coherence. Jet structures
could be maintained at very low collection distance. Beanpod-like beads, which were named as primary beads, could be seen at
the boundary of stability and instability section and divided into spindle-like beads with longer collection distance. Bead-free
electrospun fibers from DJWE had few bonding points among each other, and fast solidification and double-diffusion led to rough
and shriveled fiber surface. DJWE mats were higher hydrophobic than that from NE due to more loose structure and higher surface
porosity. Higher bead ratio on the surface and rounder bead structure resulted in higher hydrophobicity.

1. Introduction

Electrospinning was regarded as a very convenient and
effective method for preparing nanofibers and ultrafine
fibers, which could be used for filtration [1, 2], tissue
engineering scaffolds [3–5], protective clothes [6, 7], carriers
for enzymes [8, 9], sensors [10–12], and so forth. Many
researchers focused on the theories and the phenomena
of the electrospinning process [13–16]. However, there
were some difficulties in studying the morphology at very
low collection distance. For example, the transformation
process of instability section, especially the deformation of
beads, which was of great importance for understanding the
formation of ultrafine fibers, could not be observed clearly
by high-speed photography. Besides, as the solidification
mechanism of the normal electrospun fibers was solvent
volatilization, the jet near the needle contained a large
amount of solvent and could not maintain the structures
when collected on glass slides or aluminum foils. So the fiber
collected at low distance always deformed or even collapsed

on solid substrates and the exact morphology could not be
observed.

Dry-jet-wet-electrospinning (DJWE) was one electro-
spinning method for producing fibers from nonvolatile
solvent, such as room temperature ionic liquids [17, 18]. It
was also used for preparing aligned nanofiber yarns [19].
This method, though usually called wet electrospinning,
actually had the similar fiber solidification mechanism with
dry-jet-wet-spinning, only differed in driving force. Fibers
were electrospun into the coagulation bath, with precipitant
for polymers in it. In another word, the polymer could not
be dissolved in the bath, whereas the solvent could. The fiber
solidified by double-diffusion of the solvent and the bath
liquid, which was much faster than volatilization mechanism
in normal electrospinning (NE). So the morphology of the
fiber could be kept even at a low collection distance.

Moreover, electrospun mat usually had higher hydropho-
bicity than solution cast film, due to higher surface
roughness. And some works found that mats with beaded
structures were higher hydrophobic, even superhydrophobic
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[20–23], though beaded structures were usually considered
as defects in electrospinning. However, it was difficult to
prepare mats with high bead density, for beads collapsed as a
result of residue solvent.

In this work, poly(hydroxybutyrate-co-hydroxyvalerate)
(PHBV)/chloroform electrospinning solution was used as
a model [23, 24]. PHBV was biosynthesized aliphatic co-
polyester, which varied with different morphologies. Its
electrospun products were also used to study the mor-
phologies and surface wettability [25, 26]. Chloroform is
volatile solvent but could not be removed completely at low
collection distance. Ethanol was used as coagulation bath,
because chloroform was soluble and PHBV was precipitated
in it. The morphologies of beaded and bead-free electrospun
mats produced by NE and DJWE were compared. Some new
structures and phenomena could be seen in DJWE method,
and theories on bead deformation process at very low
collection distance were introduced. Finally, the wettability
of all the electrospun mats prepared by NE and DJWE was
compared using water contact angle.

2. Experimental

2.1. Materials. PHBV was kindly supplied by Ningbo Tianan
Biomaterial Co. Ltd., Mw = 3.0 × 105 g/mol (measured
by GPC), HV mol% = 2% (measured by 1H NMR).
Chloroform was purchased from Boer Chemical Reagent Co.
Ltd. Anhydrous ethanol and ethyl acetate were purchased
from Shanghai Chemical Reagent Co. Ltd. PHBV was Soxhlet
extracted by chloroform at 80◦C and then deposited with
ethyl acetate. The deposition was filtrated and vacuum dried
at 40◦C for 12 h, and pure PHBV was acquired.

2.2. Electrospinning Apparatus. The apparatus used in this
research was shown in Figure 1. A PHD 22/2000 syringe
pump (Harvard Apparatus, Inc.) was used to feed the
solution. The PTFE tube connected the syringe with the
stainless needle. The inner diameter of needle was about
0.8 mm. The positive pole of the high voltage supply was
connected to the needle, and the negative pole was connected
to the iron plate under the coagulation bath and grounded.
The liquid in the coagulation bath was anhydrous ethanol.
And aluminum foil was used to collect fibers in NE.

2.3. Electrospinning. The PHBV/chloroform electrospinning
solution was prepared as in Table 1. The solution viscosity,
conductivity, and surface tension were measured by R/S
Plus Rheometer (Brookfield, Inc.), EL30 conductivity meter
(Mettler Toledo), and OCA40 video based contact angle
measurement device (Dataphysics), respectively.

Electrospinng was carried out at room temperature
(20◦C) and humidity of 60–70%. The applied voltage
between the needle and ground was 10 kV, and the feeding
rate was 3 mL/h. The mats were collected on aluminum foil
or in ethanol bath at various distances. All the mats were
dried in the air at room temperature for 24 h, and then
vacuum dried for 12 h. The morphology was observed by
scanning electronic microscopy (SEM, JSM-5600LV, JEOL

Ltd.). The water contact angles were measured by OCA40
video based contact angle measurement instrument (Data-
physics).

3. Results and Discussion

3.1. Morphological Comparison of Beaded Electrospun Fibers
by DJWE and NE. Fibers electrospun from 6 wt% PHBV
solution by NE and DJWE at various distances varied
considerably in morphology (Figure 2). The solution of that
concentration had a jet of 3–5 cm stability section. If the
jet was collected by NE, it could be observed that the jets
did not solidify when they were collected on Al foil. And
lower collection distance was used, more collapsed jets could
be observed. So the detailed structure of the jet could be
obtained if the jet was collected by NE. If the jet was collected
by DJWE, it could be seen that all the fibers, no matter how
long in distance the jet was collected, had original shape and
clear boundary with each other. No collapsed or adhered
fibers could be seen. When collected at 3 cm, the jet was in
the stability section, and thinned slowly and continuously.
So the fiber diameter was large, and no beads or thin fibers
could be seen. If the collection distance was 6 cm, the jet
had just entered the instability section, so the jet started to
swing. Fibers having much lower diameters than the jet and
beaded structures between two adjacent fibers appeared at
this collection distance. It was interesting that the beads were
beanpod-like, which had not reported yet. And compared to
the spindle-like beads at longer distance, the beanpod-like
beads were 2 times in volume, and had tendency to split into
two spindle-like beads. It could be inferred that the spindle-
like beads came from the splitting of beanpod-like beads. To
distinguish the two different beads, the beanpod-like beads
were named as primary beads, and spindle-like beans were
named as secondary beans. Because of large residual solvent,
the primary beads were easily collapsed in NE. Normally
they could not be observed. When increasing the collection
distance, the shape of the beads did not change again, and the
fibers became longer but the diameter changed little, which
was consistent with our previous work [27].

3.2. Bead Formation Mechanism at the Boundary of Sta-
bility and Instability Section. The beanpod-like beads were
seldom reported in previous works, but they were a
key to understand the deformation process of the jet
during electrospinning at the boundary of stability and
instability sections. When at the stability section, the jet
diameter decreased slowly and continuously, containing
a large amount of solvent. After entering the instability
section, the jet whipped and swung. The defects of the
jet were firstly stretched by the electrical field into thinner
fibers, whereas the unstretched parts remained cylindrical
because of viscosity. These cylindrical parts, with the central
region shrinking slightly due to surface tension, became the
primary beads. The fibers had faster solvent evaporation
and solidified quickly as the result of large specific surface
area than the beaded structures. Fast solidification and
tensile strengthening made the fiber stronger. So when the
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Table 1: The components and parameters of electrospinning solutions.

No.
PHBV

(g)
Concentration

(wt%)
Chloroform

(g)
Ethanol

(g)
Viscosity∗

(Pa·s)
Conductivity

(μS/cm)
Surface tension

(mN/m)

1 0.8 4 19.2 0 0.151 Not detected∗∗ 27.29

2 1.2 6 18.8 0 0.546 Not detected∗∗ 27.51

3 1.6 8 16.4 2 1.097 0.89 29.17
∗

The viscosity was measured at shearing rate of 100/s.
∗∗The conductivity was lower than 0.001 μS/cm and could not be detected.

High voltage supply (DC)

PTFE tubeSyringe

Stainless
needle

Pump Coagulation
bath

Collection
distance

Iron plate

+−

Figure 1: Illustration of the apparatus for dry-jet-wet-electrospinning.

thinner fibers had better strength than the primary beads,
the beads would be deformed by the electric field force
instead of fibers. Due to the effect of the electrical force
and surface tension, the primary beads were stretched into
two or more spindle-like beads. All the deformation process
was illustrated in Figure 3. When further increasing the
collection distance, the length of fibers between adjacent
beads increased and beaded structures changed little except
for the decreasing volume, which transformed into new
fibers. But if the fiber strength was weaker than the primary
beads strength, the fiber might be broken down, or secondary
beads would not turn up. Then the primary beads contracted
into spindle-like or spherical beads as a result of surface
tension.

In further proof of this theory, the 4 wt% PHBV solution
was electrospun into ethanol bath and collected at 4 cm and
6 cm. The jet collected at 4 cm obtained primary beads and
very short fibers between adjacent beads (Figure 4(a)). Other
than cylinder-like beads, the primary beads were spherical
with diameter of 20 μm. The viscosity of 4 wt% solution was
much lower than that of 6 wt %. So the primary beads could
not keep their structures when the surface tension acted
on them. When collected at 6 cm, the beads were slightly
stretched but had similar diameters as that obtained at 4 cm
(Figure 4(b)). Broken ends of fibers could be seen in the mat.
The most likely reason was that the jet had such low polymer
concentration. So the obtained fibers had poor mechanical
properties. When the jet was stretched, the fiber was easily
broken down, and the primary beads could not be stretched
into secondary beads.

3.3. Morphological Comparison of Bead-Free Electrospun
Fibers. 8 wt% PHBV solution with 10 wt% of ethanol could
be electrospun into ultrafine PHBV fibers without beads,
due to higher conductivity and viscosity than 6 wt% PHBV
solution (Table 1). The PHBV fiber prepared by NE did not
solidify when collected and heavily cohered with each other
because chloroform evaporated incompletely (Figure 5(a)).
If the collection distance was increased to 12 cm, chloroform
further evaporated and the coherence alleviated, but there
were still many bonds among fibers (Figure 5(b)). Due to
slow evaporation of solvent, the fiber surface was smooth
without pores. However, if the PHBV fiber was prepared
by DJWE, the surface of fiber was rough and shriveled
(Figure 5(c)). But the fibers were cylindrical with slightly
rough surface if they were collected in the bath at 12 cm
(Figure 5(d)). Both of the samples from DJWE showed
few bond points and clear boundary for each fiber. The
roughness and shrinkage of the fiber surface collected at 6 cm
was a result of the fast solidification and double-diffusion
of solvent and nonsolvent. When the jet was immersed
into the bath, the surface was firstly solidified into shell
structure to restrict the fiber external diameter. Then the
solvent transferred towards the bath, while the nonsolvent
had the opposite transference direction during the double-
diffusion process. The core part of the fiber solidified at a
relatively low rate and formed a compact structure, which
led to the shrinkage of the surface during the process. If the
collection distance increased, a large part of the solvent was
removed by evaporation before fibers were immersed into
bath. It was a relatively tempered solidification process, so
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Figure 2: Electrospun PHBV fiber prepared by NE (a) and DJWE (b). 1: 3 cm; 2: 6 cm; 3: 9 cm; 4: 12 cm.

the fiber kept cylindrical and the diameter decreased with
the evaporation of chloroform. After immersed into the bath,
though undergoing the similar process as collected at 6 cm,
the fiber’s core part shrank little because of less residual
solvent.

3.4. Wettability. The water contact angles of electrospun
mats collected at different distances and substrates varied a
lot due to the morphology (Figure 6). It could be concluded
that beaded fiber mats prepared by DJWE from 6 wt% PHBV
solution had higher water contact angle than that prepared
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Undeformed jet

Primary
beads

Division of
primary beads

Secondary
beads

Instability
section

Stability
section

Figure 3: Mechanism of the PHBV beaded fiber formation at the boundary of stability and instability sections.

10 μm

(a)

10 μm

(b)

Figure 4: Beaded fibers prepared by DJWE of 4 wt% PHBV solution with collection distance of 4 cm (a) and 6 cm (b).

by normal electrospinning. Besides, mats with rounder beads
and higher bead ratio had higher contact angle. According
to the Cassie and Baxter’s work [28], the apparent contact
angle (θ′) associated with the surface composition has the
following relationship:

cos θ′ = f1 cos θ1 + f2 cos θ2, (1)

where f1 and f2 are the fractions of the surface with contact
angle of θ1 and θ2. If one component is air, whose contact
angle was 180◦, the equation can be written as follows:

cos θ′ = f1 cos θ1 − f2. (2)

It could be inferred from this equation that the compos-
ite surface containing larger air fraction ( f2) had higher
apparent contact angle (θ′). Beaded fiber mats could create
rougher surface which held more air and therefore, higher
contact angle.

The wettability differed even widely for the 4 wt% PHBV
solution prepared by DJWE and normal electrospinning with
a collection distance of 4 cm. During normal electrospinning,
all the beads collapsed into flat sheets (Figure 7). Though
with rather rough surface, the mat had even lower contact
angle than solution cast film (77◦). This might be due to the
shallow surface pores which helped the water spreading. On
the other hand, the mats prepared by DJWE had the highest
contact angle (142◦) (Figure 3(a)), as a result of high beads
density and round beads with rough surface, which was 67◦

higher than that of the solution cast film, and 72◦ higher
than that prepared by normal electrospinning. However, the
mat was rather weak and brittle, because the beads, which
were considered as defects of electrospun fibers, had bad
mechanical properties.

For the beaded nanofiber mats from 6 wt% PHBV
solution, there were similar trends (Figure 2). Because the
beads and fibers did not cohere heavily, the mats could
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10 μm

(a)

10 μm

(b)

500 nm

10 μm

(c)

10 μm

(d)

Figure 5: Morphologies of PHBV ultrafine fibers prepared by normal electrospinning (NE) (a, b) and dry-jet-wet-electrospinning (DJWE)
(c, d). Collection distances were 6 cm for (a) and (c), 12 cm for (b) and (d).
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Figure 6: Water contact angle for electrospun mats prepared
by normal electrospinning (NE) and dry-jet-wet-electrospinning
(DJWE) at various distances.

held more air, and therefore were more hydrophobic than
that from 4 wt% solution. And the beads from DJWE mats
were beanpod-like or spindle-like, so the hydrophobicity was
lower than that from 4 wt% solution. Both mats from NE

10 μm

Figure 7: Electrospun mats from 4 wt% solution by normal
electrospinning with collection distance of 4 cm.

and DJWE had the highest hydrophobicity at the collection
distance of 9 cm. At this collection distance, the shape of
beads was the nearest to sphere, and the bead ratio was
the highest. The results implied that electrospun mats with
higher bead density and rounder beads had higher porosity,
which meant higher hydrophobicity.

The bead-free fibers prepared by the two methods also
had similar tendency in wettability. The water contact angles
of fiber mat prepared by DJWE were 130◦, about 20◦ higher
than that prepared by normal electrospinning (both collected
at 12 cm). The increasing of contact angle might be the
result of less coherence among fibers and consequently loose
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deposited structure. DJWE fiber mats collected at 6 cm were
a little more hydrophobic than that collected at 12 cm, which
was because of the rough fiber surface.

4. Conclusions

Dry-jet-wet-electrospinning was carried out in this work
to collect the electrospun jet at low distance to study
the bead deformation mechanism of the PHBV fiber and
the relationship between morphology and wettability. A
beanpod-like bead which we named as primary bead was
discovered and the formation of beaded PHBV fiber could be
explained as follows: the jet was firstly stretched at the defects
and formed the primary beads and fibers between adjacent
beads. Then, if the fibers solidified and were stronger than
the beads, the primary beads were further stretched and
secondary beads which were common in electrospun fiber
appeared. Otherwise, the fiber might be broken down by
the electric field force. The bead-free fibers from DJWE had
larger diameter but rougher surface than that from NE, due
to the quick double-diffusion process.

The mats prepared by DJWE had obviously higher water
contact angle than those by normal electrospinning, due
to less adhesion and higher porosity. PHBV bead fiber
mats with rounder beads and higher bead density were
more hydrophobic. Therefore, the mat wettability was closely
related to its surface morphology, and the hydrophobicity
could be adjusted by the electrospun fiber morphology and
the accumulation structures.
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Our measurements of surface enhanced Raman scattering (SERS) on Ga2O3 dielectric nanowires (NWs) core/silver composites
indicate that the SERS enhancement is highly dependent on the polarization direction of the incident laser light. The polarization
dependence of the SERS signal with respect to the direction of a single NW was studied by changing the incident light angle.
Further investigations demonstrate that the SERS intensity is not only dependent on the direction and wavelength of the incident
light, but also on the species of the SERS active molecule. The largest signals were observed on an NW when the incident 514.5 nm
light was polarized perpendicular to the length of the NW, while the opposite phenomenon was observed at the wavelength of
785 nm. Our theoretical simulations of the polarization dependence at 514.5 nm and 785 nm are in good agreement with the
experimental results.

1. Introduction

Surface enhanced Raman scattering (SERS) has been
regarded as a unique technique to detect trace levels of
chemical compounds, since the vibrational information is
very specific to the bonds in the molecules. In recent
years, there has been significant interest in exploring various
nanostructures as SERS substrates to optimize the elec-
tromagnetic field enhancement and significantly improve
sensitivity. In the case of nonspherical nanoparticles it
has been shown that the SERS enhancement is strongly
dependent on the direction of polarization of the exciting
incident light [1–12]. Of particular interest are cylindrical
geometries because the enhancement is a function of the
aspect ratio. In addition, in the case of very long Ag
nanowires it has been shown that surface plasmons can be
launched at one end of the nanowires and travel to the
other end. Recently there has been interest in metal coated
dielectric core nanowires because they form plasmonic
shells [13, 14]. These geometries can form the basis of
plasmonically modulated photonic devices. It is well known
that the local electric field in plasmonic coupling of closely
spaced particles, usually called “hot spots,” can be orders of
magnitude stronger than those on individual particles. The

importance of “hot spots” in SERS process has been widely
discussed [15–21].

In this work, a highly effective SERS composite of
dielectric Ga2O3 NWs core/silver was employed to investigate
the SERS intensity dependence on the laser polarization.
Experimental results show that both variable wavelength
and angle of the incident light play very important roles
on the resulting SERS intensity. Our theoretical simulations
indicated that the maximum SERS enhancement could be
obtained when the polarization is perpendicular to the NW
length at 514.5 nm excitation, while the opposite phenomena
should be expected at a laser wavelength of 785 nm. All
of these expectations are in good agreement with our
experimental observations. In addition, further experiment
shows that the orientation of self-assembled monolayer of
active SERS molecules on the NWs may affect the SERS
enhancement as well.

2. Experimental Details

Random Ga2O3 NWs were grown via the vapor-liquid-solid
(VLS) growth mechanism [22]. The gallium metal (99.995%
pure) used as a source was placed 6 inches upstream from
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the Si (100) substrate, which had a 20 nm gold film. The
furnace was heated to 900◦C while flowing simultaneously a
mixture of argon and oxygen gases in a ratio of 6 : 1 through
the tube. To study the SERS behavior of a single NW, the
Ga2O3 NWs as grown on a Si substrate were sonicated off
in methanol, dropped and dried on a bare silicon surface for
further SERS study.

The discrete single NWs were covered with a layer of
silver produced by an electroless (EL) plating approach for
the SERS behavior study, which has been described in our
previous report [13, 14]. Briefly, the silver ion in Tollen
reagent was reduced to neutral Ag and then homogenously
deposited on the NWs surface. The morphology of the
silver on the NW surface is directly related to the chemical
concentration and reaction time. Usually, short reaction time
of the silver electroless plating process results in closely
spaced but separate nanoparticles, while longer times lead to
linking up of the islands into a rough layer.

The SERS line maps were carried out using a confocal
μ-Raman system which consisted of a Mitutoyo Microscope
and an Ocean Optics QE65000 spectrometer equipped with a
thermoelectrically cooled CCD. The 514.5 nm line of an Ar+

ion laser was used as the excitation source. The microscope
utilized a 100x 0.7 NA objective for focusing the laser light
and was coupled to the spectrometer through a fiber optic
cable. The maps were collected with low laser power of
0.75 mW at the sample. This was done to prevent desorption
and damage to the benzenethiol and to prevent alterations
to the Ag layer. The SERS intensity dependence on variable
polarization angles was performed using a Delta Nu system
which consists of an Olympus Microscope and a Raman
spectrometer equipped with a thermoelectrically cooled
CCD. The 785 nm line of Ti: Sapphire laser was used as the
excitation source to detect the SERS strength dependence on
a single NW/silver composite. The microscope utilized a 50x
0.75 NA objective for focusing the laser light. The spectra
were collected with a laser power of 3 mW at the sample.

The full Maxwell’s equations are solved numerically using
the finite elements method (FEM) through the RF module of
the COMSOL Multiphysics finite-elements package [23]. We
used FEM simulations because they are more appropriate for
the complex geometries of nanowires placed on a substrate
[24]. FEM approaches have been shown to agree well
with finite difference time domain simulations [24, 25]. In
addition, the FEM technique implemented via COMSOL
has been shown to be capable of accurate simulation
for nanoshell structures on substrates if sufficiently accu-
rate meshing is used and appropriate absorbing perfectly
matched layers PML are used on the boundaries [26–28].
This approach allows us to treat the scattering problem
by bringing in planes waves of a specific polarization and
then calculating the scattered fields. As another test of the
numerical simulations, we find excellent agreement between
the COMSOL results with the analytical Mie solutions for
scattering from an Ag sphere [24, 27]. The modeling of
the nanowires in air above an Si substrate requires the
construction of separate PML boundaries for both the Si and
air regions. The dielectric constants of each PML match its
adjoining region, either Si or air. To avoid artifacts due to

scattering at the boundaries between the Si and air regions of
the PML’s, the scattering at the air-Si interface is incorporated
into the incident-polarized plane wave by means of analytical
functions for the Fresnel coefficients. The resulting incident
field is thus an exact solution in the absence of the nanowire.
The numerical finite element solution for the scattered field is
then calculated in the presence of the nanowire. This requires
sufficient meshing to adequately resolve both the nanowires
with shells and the PML boundaries [27, 28].

3. Results and Discussion

To demonstrate the surface enhanced Raman scattering
(SERS) polarization dependence on the direction of the
nanowires (NWs), we carried out the mapping investigations
on NW/Ag composite on the same NW using a 514.5 nm
excitation with parallel and perpendicular laser polarization,
respectively. The Ga2O3 NWs, used in all experiments,
were grown via the vapor-liquid-solid (VLS) growth mech-
anism. Empirically, the length and diameter of Ga2O3 NWs
depended on the growth time and gas flow rate, as well as
the catalyst size. In our growth, the diameters varied from
50 nm to 300 nm, and the length was usually greater than 10
microns. Energy dispersive X-ray (EDX) analysis showed that
the chemical composition of the NWs was stoichiometric
Ga2O3. Benzenethiol (BT) was used as the SERS active
molecules.

The intensity dependence maps of the 1576 cm−1 BT
SERS band on incident laser polarization are shown in
Figures 1(a) and 1(b), by which the polarization dependence
can be easily visualized. Both of the images were mapped
at the same region of the sample by rotating the sample.
Figure 1(c) shows the corresponding microscope image of
the SERS mapping area. From the maps, it is obvious that the
signal strength is maximized when the laser is perpendicular
to the NW.

To verify our experimental observation, we performed
the simulations using the RF module of COMSOL Mul-
tiphysics, which provides a finite-element solution of
Maxwell’s equations. Figures 2(a) and 2(b) show the simu-
lated SERS maps of the NW with length of 500 nm at a laser
wavelength of 514.5 nm, indicating that the strongest SERS
signal occurs when the polarization is perpendicular to the
NW longitude, which clearly confirmed the incident laser
polarization effects on the SERS strength, as we obtained
in experiments shown in Figure 1. It is noted in the maps
that the plasmon oscillations are clearly observed along the
NW when the polarization is parallel to the NW, while the
transverse modes have excitations along the radial direction
and hence much shorter period and uniform in NW’s
longitudinal direction.

Furthermore, more comprehensive simulations were car-
ried out in the range of wavelength from 400 nm to 900 nm,
as shown in Figure 3, which includes the wavelength of
514.5 nm used in the mapping experiments and simulations
above. By comparison of Figures 3(a) and 3(b), it is
obvious that, in the case of parallel, the SERS enhancement
factor is 106 ∼ 107, while the perpendicular case shows
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Figure 1: Experimental maps of the 1576 cm−1 BT SERS band of
NW/Ag composite using a laser with 514.5 nm wavelength at the
same NW, and the sample was rotated for parallel/perpendicular
polarization mapping; the polarization is parallel (a) and perpen-
dicular (b) to the NW. (c) Corresponding microscope image of the
SERS mapping region of (a) and (b).

an enhancement factor of 108 ∼ 109, clearly indicating that
the NW/Ag composites show stronger SERS enhancement
when the laser polarization is perpendicular to the NW
direction at 514.5 nm, which is in good agreement with the
experimental mapping images of Figure 1 and the theoretical
simulation mapping results of Figure 2.

From Figures 3(a) and 3(b), it is expected, at the wave-
length of 785 nm (red laser), that the strongest SERS signals
should be observed when the laser polarization parallelized
to the NW longitude direction, which is completely opposite
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Figure 2: Log plots of SERS enhancement simulated at a wavelength
of 514.5 nm when the NW direction is parallel (a) and perpendicu-
lar (b) to the polarization.

to the observations at the excitation of 514.5 nm. Hence,
we performed further investigations of SERS enhancements
dependence on the incident angles using incident laser of
785 nm and 514.5 nm. In the process of measurements,
data were collected at three different angles, including 0◦,
45◦, and 90◦, respectively. The representative BT SERS line
of 1576 cm−1 at different angles and laser wavelengths are
shown in Figure 4. The red and green lines are roughly linear
fitting of the experimental data obtained at three angles,
which clearly indicates the trends of SERS enhancement
dependence on the incident laser angles and the different
wavelengths. It is noted that the data were normalized to the
maximum intensity.

More detailed simulations of the SERS polarization
dependence of the NW core/Ag composites for the incident
wavelength of 785 nm and 514.5 nm are shown in Figures
5(a) and 5(b), respectively, which provide a continuous SERS
enhancement trend from 0◦ to 90◦. As can be seen in the cal-
culation, the largest SERS enhancement is completely flipped
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Figure 3: Simulations of SERS enhancements in the range of
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(red) and perpendicular (blue) to the polarization.
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enhanced Raman scattering (SERS) on nanowire at the wavelength
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at the excitation wavelength of 785 nm and 514.5 nm, which
matches very well with our experimental observations as
shown in Figure 4. For SERS, the Raman intensity generally
increases by a factor of E4, where the first two powers of
the enhancement are due to the local electromagnetic field
which in the present case is predominantly due to the contact
between the nanowire and the Si substrate. The second two
powers of the enhancement factor are the Raman emission
enhancement. As a result of these two contributions to
the SERS enhancement, it has been argued [9] that this
should lead to a simple sin2(θ) polarization dependence for
a nanowire. If θ is the polarization angle of the incident

light with respect to the direction along the length of the
nanowire, then the local electric field is |Eloc(ω, θ)| =
|Emax(ω)| sin(θ) where Emax is the maximum of the local
electric field. However, the direction of the induced electric
field between the nanowire and the substrate is always in the
direction across the nanowire-substrate contact (θ = π/2)
and independent of the incident polarization. Thus the total
SERS enhancement is expected to be proportional to

G =
∣∣∣∣Emax(ωL)

E0(ωL)

∣∣∣∣2∣∣∣∣Emax(ωR)
E0(ωR)

∣∣∣∣2

sin2
(
θ + ϕphase

)

=
∣∣∣∣Emax

E0

∣∣∣∣4

sin2
(
θ + ϕphase

)
,

(1)

where generally a phase shift phase is also expected due to the
fact that metallic nanowires on substrates which are tens of
microns in length can function as Fabry-Perot cavities result-
ing in geometry specific standing plasmon waves [26, 29, 30].
Polarization dependences as in (1) have been previously
observed [9, 30]. This is also consistent with the simulation
results in Figure 5 where the difference between (a) and (b)
can be described in terms of a different phase shift occurring
at each excitation wavelength. This can be expected due to the
observations that in the Fabry-Perot behavior of nanowires
on substrates [26, 29], the surface plasmon wavelength has
been found to differ from the excitation wavelength (e.g.,
between 400–600 nm for excitation at 785 nm [26, 29]) and
is geometry dependent. As a result, the plasmon standing
waves will generally occur with different relative phase shifts
and the maximum enhancement may occur at a different
polarization angle depending on the excitation wavelength.
This has been observed for the first time in the present work
and the result is consistent with previous observations of
metallic nanowires on substrates [26, 29, 30].

From the comprehensive simulation results of Figure 3,
we can see that the polarization angle dependence of the wire
at 633 nm would exhibit similar behavior to that shown for
the 514 nm in Figure 5(b), but the SERS enhancement in the
90◦ case shows stronger enhancements and more extended
fields compared to the 514 nm case shown in Figure 2(a). For
the 0◦ case, the SERS enhancement would be predicted to
be weaker at 633 nm compared to the 514 nm case. This is
shown in Figure 6.

In addition, the NW/Ag composites SERS dependence on
the polarization was experimentally investigated using a laser
excitation of 785 nm to investigate the incident angle effects
on the SERS enhancement in detail. Figures 7(a) and 7(b)
show the high resolution SEM image of an isolated bare NW
and NW/Ag composites. As shown in Figure 7(b), a rough
layer of silver was clearly plated on the NW surface, which is
produced by an electroless (EL) approach [13, 14]. From the
SEM image, the silver nanoparticles display 3D islands with
a diameter range of 20 nm. The space between the particles
is less than 10–20 nm, which leads to the strong plasmonic
oscillation due to coupling of individual nanoparticles/island
formed on NWs, as we reported previously [13]. The
SERS spectra were carried out by changing the angle θ in
15◦ increments between the electric field of the incident
light and the axis parallel to the NW length, as shown in
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Figure 5: Simulation of polarization angle dependence of surface
enhanced Raman scattering (SERS) averaged over nanowire surface
excluding the wire ends for (a) λ = 785 nm and (b) λ = 514.5 nm.

the sketch of Figure 7(b). To minimize the time-dependence
degradation influence of the SERS signal intensity during the
measurements, two cycles of SERS measurements, from 0◦ to
90◦, then back to 0◦, were performed on a single NW. The
data obtained from those two cycles were averaged for the
spectra plots of each angle.

Figure 7(c) shows a series of SERS spectra as a function
of the incident light polarization angles from 0◦ to 90◦.
Here benzenethiol (BT) molecules were used as SERS active
molecules. The major Raman peaks at 1001, 1023, 1073, and
1574 cm−1 can be assigned to symmetric ring breathing, in-
plane phenyl ring bending, in plane C–H bending, and in
plane C–C stretching of the phenyl ring from BT, respectively,
which is in good agreement with those reported previously
[31–36]. It is clear that the SERS signal displayed strong
dependence on the polarization direction of the incident

633 nm

0◦

(a)

1

4

7

−2
90◦

(b)

Figure 6: Log plots of SERS enhancement simulated at a wavelength
of 633 nm when the NW direction is parallel (a) and perpendicular
(b) to the polarization.

laser on a single NW, and the strongest SERS intensity was
observed when the polarization is parallel to the NW length
at an angle of 0◦.

A plot of the normalized intensity data of the represen-
tative BT SERS band as a function of polarization angle is
shown in Figure 7(d) (red curve), by which the polarization
dependence can be easily visualized. It is obvious that the
strength of SERS signals is maximized at 0◦, which is different
from the SERS strength dependence on laser polarization
reported previously on pure silver or gold NWs with sparse
noble metal particles [8, 9]. The latter reported that the
maximum of the SERS enhancement was observed when
the polarization was perpendicular to the metal NWs. The
difference may be attributed to the fact that the dielectric
Ga2O3 NWs SERS substrate and the uniform coverage of
silver particles layer play important roles in this polarization
dependence process. That is to say the NWs SERS behavior
is also related to the structure and composites of the SERS
substrate.
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Figure 7: SEM image of a bare (a) and an electroless silver plated (b) NW. Inset of (b): the sketch indicates the laser polarization direction. (c)
SERS dependence of a single NW/Ag composite on the laser polarization angles for Benzenethiol (BT) molecules at a wavelength of 785 nm.
(d) Plot of intensity of SERS representative lines of BT (red) and rhodamine 6G (R6G) (blue) versus angles and the data were normalized
to the maximum intensity. (e) SERS dependence of a single NW/Ag composite on the laser polarization angles for R6G molecules at a
wavelength of 785 nm.

Additionally, a bump was observed at the angle of around
30◦ for BT molecules as shown in Figure 7(d) (red curve).
A possible explanation to this observed bump around 30◦

is that the orientation of the attached active molecules may
have effect on this polarization dependence behavior. It is
well known that the benzene rings of BT could easily form
a self-assembled monolayer on a silver surface. In our study,
the dielectric core was wrapped with a layer of silver, which
provides a favorable condition for the formation of the
ordered self-assembled monolayer (SAM). However, numer-
ous reports in the literatures indicate that the orientation of
the phenyl ring plane vary from perpendicular to flat from
the substrate surface [37–45]. The SAM orientation of BT
may affect the SERS enhancement factor when the incident
light angle is variable. Here, as shown in the Figure 8(a),

we assumed that the BT SAM was deduced to be tilted
about 60◦ from the substrate surface, which is similar to
the research results obtained by Szafranski et al. [37]. Hence
the abrupt increase of SERS signals at the angle of around
30◦ could be attributed to the perpendicularity between the
laser polarization direction and the phenyl ring plane. This
is consistent with the electrostatic model interpretation of
Gunnarsson et al. [46] for the relative SERS intensities of
rhodamine 6G and thiophenol in terms of the orientation
of the phenol ring out from the surface. This observation
implies that the SERS signal strength highly depends on the
molecules packing structure on the active substrate, which
may provide a useful way to investigate the orientation
of self-assembly molecular monolayer on surface via SERS
technique.
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Figure 8: (a) A scheme of BT molecules orientation on the substrate
and their interaction with polarized laser. (b) The structure of R6G.

To eliminate the effect of the SAM on the polarization
behavior, and to investigate the pure polarization depen-
dence on the NW direction, a random physically adsorbed
layer of rhodamine 6G (R6G) was employed to study the
SERS dependence on a single Ga2O3 NW. Figure 7(e) shows
a series of SERS spectra of R6G with variable angles. Since
R6G was attached randomly on an NW surface, this could
effectively remove the polarization effect caused by the
ordered molecular orientation. Hence the SERS polarization
dependence behavior would completely come from the
NW/Ag composite. Representative SERS line of R6G versus
angle was plotted in Figure 7(d), which clearly show that
the signal intensity of R6G increases with a decrease of
the incident light angle. The signal is maximized when the
polarization direction of the light is parallel to the NW
direction (θ = 0◦), which is in good agreement with the
observation of BT molecule at the same incident wavelength
of 785 nm.

It is observed that R6G random molecules layer shows
a stronger polarization effect than BT ordered layer, which
is opposite to what one would expect. However if the size
of the molecules and the roughness of the silver particles
on NWs are taken into account, the fact should be easier to
understand. As shown in Figure 8, it is clear to see that the
area of R6G is much larger than BT. This means that, per
unit, the number of R6G molecules is much smaller than BT,
which results in the ordered fact of benzene rings in the case
of R6G, somehow. Additionally the silver particles on NWs
are separated island, not perfectly smooth surface, which may
cause the disorder pack of the BT molecules, and reduce
the enhancement dependence on the polarization. Based on
these facts, it is possible and reasonable that R6G layer shows
a stronger polarization effect.

It has been reported that the bare single-crystalline
silver NW showed SERS enhancement only when the laser
polarization direction was perpendicular to the long axis
of the NW [47]. In the case of the dielectric Ga2O3 NW
core/silver layer composites, we observed SERS enhance-
ments for both perpendicular and parallel polarization
directions. This can also be attributed to the structure
difference of the SERS active substrate. Some calculations
indicated that the maximum enhancement of the plasmon
resonances in noble metal spheroids arises from the region
of the highest curvature [48–50]. Recently Hill et al. reported
the high efficacy of gold-nanoparticle- (NP-) gold film
system in generating large field enhancements due to the
extremely close distance between the NP and the film, clearly
demonstrating the importance of the substrate gap for SERS
enhancement [51]. We have also demonstrated that there is
a significant interaction between the spherical silver NPs on
the ZnO NW due the closely spaced NPs, and the islands also
interact with the dielectric NW substrate, further increasing
the enhancement [13]. In addition, the SERS enhancement
dependence on the polarization direction was observed for
all bands at the excitation source of 785 nm and 514.5 nm. In
recent years, a significant amount of work has been published
on SERS, some of which has been on nanostructures, such
as 1D nanowires [52, 53]. However, there are no reports of
results such as those that we are presenting in this work.
Thus all of these studies deepen the understanding of the
strong SERS enhancement using dielectric NW core/silver
layer composites and the underlying plasmonic behavior,
which is critical to the development of sensor technology
that can eventually be used for trace chemical, biological, and
explosive sensing.

4. Conclusions

We have demonstrated the strong SERS dependence on the
polarization direction of the incident light by investigating
dielectric Ga2O3 NW core/silver composites, which showed
that the SERS enhancement not only relies on the polariza-
tion direction of light with respect to the NW, but also on
the wavelength of the incident laser and the orientation of
SERS active molecules. Specifically, the strongest intensity of
the SERS enhancement is obtained when the polarization
of the incident light is parallel to the NW length at the
incident wavelength of 785 nm, while the signal is maximized
when the polarization is perpendicular to the NW length
at 514.5 nm, which were confirmed by both experimental
and theoretical simulation results. Therefore the SERS
enhancement can be maximized by optimizing the direction
of the NW, the incident angle of the laser polarization, the
orientation of the molecules, and the wavelength of the laser.
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Different types of titanate and titania nanostructured materials have been successfully synthesised and characterized using
field emission scanning electron microscopy (FESEM), transmission electron microscopy (TEM), X-ray diffraction (XRD)
and raman spectroscopy. Elemental analysis was determined by energy dispersive X-ray spectroscopy (EDX) analyzer while
thermogravimetric-differential scanning calorimetry (TG-DSC) was used to determine thermal stability. In this study, we found
that nanotubes were formed during the washing treatment stage with HCl and distilled water. When the pH of the washing
solution was 12, sodium titanate nanotubes were obtained, while when the pH of the washing solution was 7, hydrogen titanate
nanotubes were obtained. Sodium titanate nanotubes were thermally stable up to 500◦C; however, at 700◦C, the nanotubes
structure transform to solid nanorods. Meanwhile, hydrogen titanate nanotubes decomposed to produce titania nanotubes after
heat treatment at 300◦C for 2 hours. At 500◦C, the tubular structure broke to small segments due to destruction of the nanotube.
Further heat treatment at 700◦C, led to the destruction and collapse of the nanotubes structure produce titania nanoparticles.

1. Introduction

After years of evolutionary research on titanate and titania
nanostructured material production, many technologies
based on “bottom up” processes such as the sol-gel method
[1–3], chemical vapour deposition [4], template method [5],
anodic anodization method [6], and hydrothermal method
[7] have been developed. However, from the viewpoint of
their environmental impact and cost operation for large-
scale production, the hydrothermal method offers the best
option since this method is simple, inexpensive, and efficient
for obtaining products with high purity in both phases and
morphology.

The hydrothermal method, based on wet chemistry
method, is a versatile heterogeneous chemical reaction in the
presence of a solvent, aqueous or nonaqueous, conducted
in steel pressure vessels called autoclaves with or without
Teflon liners under controlled temperature and pressure
[8]. The temperature and the amount of solution added
to the autoclave largely determine the internal pressure
produced. Under the hydrothermal condition, it is possible
to grow nanostructured metal oxides by dissolution and
crystallization, thereby creating a distinctive difference in
their characteristics at the nanoscale level [8].

Even though the hydrothermal method has caught the
interest of researchers to synthesize nanostructured titanate
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and titania materials, particularly the nanotubes, somehow
the formation mechanism of the nanotubes hydrothermally
is still debatable. Furthermore, different crystal structures
and compositions have been presented to describe the
nanotubes structure. Therefore, it is very important to
study the actual mechanism of nanotube formation and
to determine at which stage the nanotubes structure was
formed. This in turn will determine the composition and
phase structure.

Based on previous studies, researchers claimed that the
nanotubes are form either during the hydrothermal process
or during washing treatment with HCl and distilled water.
In 2005, Lim et al. [9] reported that the nanotubes of
TiO2 are formed during the hydrothermal process. Dur-
ing the hydrothermal process at high temperature, the
sodium cations (Na+) residing between the edge-shared
(TiO6) octahedral layers can be replaced gradually by H2O
molecules. The size of intercalated H2O molecules is larger
than that of Na+ ions, hence the interlayer distance becomes
enlarged, and the static interaction between neighboring
(TiO6) octahedral sheets is weakened. Subsequently, the
layered titanate particles exfoliate to form nanosheets. To
release strain energy, the nanosheets curl up from the edges
to form TiO2 nanotubes.

Later, Peng et al. [10] proposed in their study that during
alkaline treatment, anatase titania nanoparticles undergo
delamination in the alkali solution to produce single-layer
TiO2 sheets. The TiO2 sheet is an unstable structure due to
its high surface-to-volume ratio or high system energy. At
low treatment temperature (lower than 170◦C), TiO2 sheets
might fold up by epitaxial growth to form titania nanotubes.
During further treatment at higher temperature (higher than
190◦C), titania nanotubes can self-assemble into a bundle-
like superstructure of titania nanotubes.

Other researchers like Wang et al. [11] also found that
tubes structure was formed during the hydrothermal process.
They reported that during the reaction process, titanium
dioxide reacts with NaOH forming layered alkali titanate.
These layered crystals are very thin and easily exfoliate
into individual nanosheets that are highly anisotropic in
two dimensions. At a high pressure of 2 bars and a high
temperature of about 150◦C, the layered structure would roll
up into nanotubes due to surface tension.

Nakahira et al. [12] reported that in the primary stages
of hydrothermal treatment, the nanosheet-like products
(layered sodium titanate) were preferentially formed and,
subsequently, their nanosheets were exfoliated from layered
sodium titanate, curled, and scrolled to nanotubes. Thus,
the sodium titanate nanotubes were formed during these
hydrothermal treatments.

Kasuga et al. [13] found out that titania nanotubes were
formed after washing with distilled water and HCl aqueous
solution. Kasuga proposed that the NaOH treatment broke
some surface Ti–O–Ti bonds of the raw material, forming
Ti–O–Na and Ti–OH bonds in their place. The subsequent
acid washing destroyed the surface activation leading to
dehydration of the Ti-OH bonds allowing the formation of
Ti–O–Ti bond and (Ti–O· · ·H–O–Ti). The Ti–OH bonds
formed through this procedure were believed to form from

the decreasing Ti bond distance on the sheet’s surface during
the dehydration process. A residual electrostatic repulsion
from the Ti–O–Na bonds was believed to induce the ends
of the formed sheet to connect, hence forming the tube
structure of TiO2.

Besides TiO2 nanotubes, researchers also reported that
the obtained nanotubes materials were in different crystal
structures and compositions such as hydrogen trititanate
(H2Ti3O7) [14], tetratitanate (H2Ti4O9·H2O) [15], lepi-
docrocite titanate NaxH2−xTi3O7 [16], and H2Ti2O4(OH)2

[17]. Therefore, this study was embarked to evaluate the
crystal structure and morphology of the products obtained
after heat treatment of the as-synthesized samples at different
pH values of washing solution. It can provide strong evidence
about its original crystal structure and allow us to know when
the nanotube structures were formed.

2. Methodology

2.1. Preparation. 2 grams of TiO2 precursor powder (Merck)
was dispersed in 10 M NaOH (100 mL) and was subjected to
hydrothermal treatment at 150◦C for 24 hours in autoclave.
When the reaction was completed, the white solid was
collected and divided to two parts. The first portion was
washed with 0.1 M HCl (200 mL) followed by distilled water
until a pH 12 of washing solution was obtained. Meanwhile,
a second portion was washed with 0.1 M HCl (200 ml)
followed by distilled water until a pH 7 of washing solution
was obtained. Then, the white solid was separated and
collected from both solutions and subsequently dried at 80◦C
for 24 hours. After drying, the obtained powder from pH
12 and pH 7 washing solution was named as-synthesized
samples A and B, respectively. Subsequently, both samples
were heated at 300◦C, 500◦C, and 700◦C for 2 hours in the
air.

2.2. Characterization. Energy-dispersive X-ray spectroscopy
(EDX) analyzer was used for elemental analysis in the
sample, while the morphology was studied using scanning
electron microscope with GEMINI field emission (FESEM)
and JOEL transmission electron microscope (TEM). X-ray
powder diffraction (XRD) analysis was performed using
a diffractometer D5000 Siemens kristalloflex with Cu Kα

radiation (λ = 1.54060 Å). Scans were performed in the step
of 0.2◦/second over the range of 2θ from 20 up to 80◦. Raman
spectra were analysed using RENISHAW Invia Raman
microscope and recorded in the range 100–1000 cm−1.
Thermal stability study of the sample was done using ther-
mogravimetry and differential scanning calorimetry (TG-
DSC) SDT Q600.

3. Results and Discussion

Figure S1 of the supplementary matrial avalible online at doi:
10.1155/2012/962073 shows the FESEM micrograph of the
TiO2 precursor, revealing agglomerated irregularly shaped
particles containing Ti and O as indicated by EDX (Figure
S3). On the other hand, spherical particles of the TiO2
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Figure 1: FESEM micrograph of Na2Ti3O7.

Table 1: Sodium content in the sample.

Samples Na (wt%)

Without washing 45.93

As-synthesised sample A 10.46

As-synthesised sample B 0.00

precursor can be seen clearly in the TEM micrograph with
the particle size being about 160 nm (Figure S2). During
the hydrothermal treatment, the titanium dioxide precursor
(TiO2) reacts with NaOH forming a highly disordered phase
of Na2Ti3O7 which is present in the layered structure form
[18]. TiO2 is an amphoteric oxide it can react as an acid
or base depending on the pH of the solution. Since the
reaction was carried out in 10 M NaOH (high pH∼14 and
high basicity), TiO2 acted as an acid to react with NaOH
(alkaline) to produce layered titanate of Na2Ti3O7 salt and
water, H2O, according to the following equation [18]:

3TiO2 + 2NaOH −→ Na2Ti3O7 + H2O (1)

The layered-like structure of Na2Ti3O7 was shown in the
FESEM micrograph (Figure 1) containing Na, Ti, and O as
indicated by EDX (Figure S5).

After the hydrothermal treatment, the obtained product
(layered titanate, Na2Ti3O7) was washed with HCl (0.1 M)
and distilled water. Washing plays an important role in
controlling the amount of Na+ ions remaining in the sample
solution, thus influencing the bending of the layered titanate.
Zhang et al. [19] stated that due to the imbalance of H+

and Na+ ion concentrations on the two different sides of the
layered-like structure, excess surface energy and the layered-
like structure bends to form nanotubes.

In this study, washing was carried out until the pHs
of the washing solutions was 7 and 12, respectively, and
this will influence the amount of sodium remaining in the
samples. Hence, EDX analysis was carried out to investigate
the presence of sodium in the samples because it is vital in
determining the thermal stability, phase structure, and mor-
phology of the synthesized nanostructured materials. For
comparison, elemental analysis for the sample obtained after
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Figure 2: TG-DSC spectrum for the as-synthesised sample A.
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Figure 3: TG-DSC spectrum for the as-synthesised sample B.

hydrothermal process (without washing) was performed
and that sample was found to consist of 45.93 wt% of
sodium (Table 1) (Figure S4). After washing till the pH 12,
sodium content was found to be reduced to 10.46 wt% (as-
synthesised sample A) (Table 1) (Figure S5). It was shown
that about 35 wt% of sodium ions has been exchanged with
hydrogen ions. Meanwhile, when the sample was completely
washed, with the pH of washing solution equal to 7 (as-
synthesised sample B), no more sodium was detected, which
indicated that sodium ions were completely removed and
exchanged with hydrogen ions during washing with HCl and
distilled water (Table 1) (Figure S6).

Hydrogen cannot be detected by EDX, but nevertheless,
theoretically, H+ is extremely reactive chemically due to its
very small size of only about 1/64,000th of the radius of a
hydrogen atom and the fact that it exists as a free proton
which makes it react immediately by exchange with Na+.
Based on the density functional theory, the sodium ion can
be replaced by hydrogen ion although the Na2Ti3O7 structure
is very stable [19]. This is possible since the sodium ions are
only weakly bonded to the negatively charged Ti3O7

2− layers.
While the Na–O bond length in Na2Ti3O7 is above 2Å, the
bond length of H–O in H2Ti3O7 is about 1Å. Therefore, the
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Figure 4: XRD patterns of (a) TiO2 precursors, (b) as-synthesised
sample A and after heat treatments at (c) 300◦C, (d) 500◦C, and (e)
700◦C for 2 hours.

hydrogen ion exchange process is irreversible. Furthermore
elution strength of H+ is larger than Na+; therefore, the ion
exchange between H+ and Na+ is possible to occur according
to the following equation.

Dissolution-crystallisation layered structure:

Na2Ti3O7 −→ 2Na+ + Ti3O7
2− (2)

Ion exchanged during washing occurs as follows:

2Na+ + Ti3O7
2− + H+ + Cl−

−→ H+ + Ti3O7
2− + 2Na+ + Cl−

(3)

Crystallisation for salt formation is as follows:

Na+ + Cl− −→ NaCl
(
dissolved in an aqueous solution

)
(4)

Crystallisation for titanate formation is as follows:

2H+ + Ti3O7
2− −→ H2Ti3O7

(
white precipitate in an aqueous solution

) (5)
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Figure 5: XRD patterns of (a) TiO2 precursor, (b) as-synthesised
sample B and after heat treatments at (c) 300◦C, (d) 500◦C, and (e)
700◦C for 2 hours.

The ion exchange reaction occurred very fast as no
electron pair was needed to be broken and the rate of the
process is limited only by the rate at which ions can be
diffused in and out of the exchanger structure. Thus, it was
expected that the titanate product obtained in this study
can be used as an ion exchanger due to the rapidity and
efficiency of their actions. Furthermore, the ion exchange
and structural properties of titanate allows for efficient
ion mobility in the interstices and an open mesoporous
structure for electrolyte diffusion. These features give rise to
a high discharge/charge capability, high rate capability, and
excellent stability, and this is one key requirement for lithium
batteries.

In order to study the thermal stability of the titanate
products, thermogravimetric and differential scanning
calorimetry (TG-DSC) was performed in nitrogen atmo-
sphere from room temperature to 1000◦C, with heating rate
of 5◦C/min.

Both samples show almost similar TG curves (Figures 2
and 3), showing decrease in mass starting at room temper-
ature until 700◦C, with total mass loss of about 22%. In
general, the weight loss between room temperature till 100◦C
is due to the removal of adsorbed water from the surface.
When the temperature is further increased up to 200◦C, the
intercalated water molecules such as dissociated molecular
H2O, physisorbed molecular H2O and chemisorbed molec-
ular H2O are removed. This also includes Ti–OH bonds
within tubular structure [20]. Subsequently, a small weight
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loss in the region of 200–700◦C was due to the dehydration
of titanate nanotubes and transformation of phase structure.

On the other hand, the DSC graphs in Figures 2 and 3
show larger two endothermic peaks at 70◦C and 150◦C
which are characteristics for the evaporation of different
states of adsorbed water molecules. Few smaller endothermic
and exothermic peaks at 600–700◦C are attributed to the
transformation of morphology and phase crystal structures.

X-ray diffraction was carried out to study the crystal
structure of the samples and effect of heat treatment on the
crystal structure. The X-ray diffractogram patterns of the as-
synthesized sample A is shown in Figure 4. The TiO2 pre-
cursor shows a series of sharp and narrow peaks, the highest
being 101 at 25.27◦, which is characteristic of the anatase
TiO2 phase structure (Figure 4(a)). Meanwhile, XRD pattern
of as-synthesised sample A and after heat treatment at 300◦C
and 500◦C shows the presence of similar peaks which are
identical to sodium titanate [21] (Figures 4(b), 4(c), and
4(d)). Similar diffraction peaks suggesting the maintenance
of the crystallographic and morphological structure up to
500◦C and this could be ascribed to the interlayer spacing
typical for one-dimensional titanate structure [22].
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Figure 7: Raman spectra of (a) TiO2 precursors, (b) as-synthesised
sample B and after heat treatments at (c) 300◦C, (d) 500◦C, and (e)
700◦C for 2 hours.

After 700◦C heat treatment, emergence of new sharp and
narrow peaks took place indicating that the crystallinity of
the sample is increased. These new peaks can be assigned
to sodium hexatitanate and titania anatase (Figure 4(e)).
The presence of sodium hexatitanate phase in the thermal
products is a crucial phenomenon in understanding the
structural properties of titanate nanostructures. It seems
that at higher temperatures sodium titanates undergo a
dimerization-like process leading to the formation of sodium
hexatitanates. The basic difference in the structures of
sodium trititanates and sodium hexatitanates is that the
former presents a lamellar structure with Ti3O7

2− corrugated
layers and two interlamellar Na+ ions [23]. Previously, Sauvet
et al. [24] proposed that at higher temperatures sodium
trititanates tend to fuse and the formation of Na2Ti6O13 is
the result of the “dimerization-like” process of Na2Ti3O7.
The presence of Na2Ti6O13 in the thermal products can
be considered as strong evidence that the structure and
composition of as-synthesised sample A are very similar
to Na2Ti3O7 and a general formula may be assigned as
Na2−xHxTi3O7 due to some of the Na+ being exchanged with
H+ during washing treatment.



6 Journal of Nanomaterials

(a) (b)

(c) (d)

Figure 8: FESEM micrographs of (a) as-synthesized sample A and after heat treatments at (b) 300◦C, (c) 500◦C, and (d) 700◦C for 2 hours.

Figure 5 presents the XRD patterns of as-synthesized
sample B and its derivatives obtained at different temper-
atures as well-TiO2 precursor for comparison. The TiO2

precursor shows the existence of a series of sharp and
narrow peaks which is characteristic of the anatase TiO2

phase structure (Figure 5(a)). Meanwhile, XRD pattern of
as-synthesized sample B (Figure 5(b)) is identical to hydro-
gen titanate, (H2Ti3O7) [25]. For the samples after heat
treatment at 300◦C, 500◦C, and 700◦C (Figures 5(c), 5(d),
and 5(e)), they show similar peaks which are assigned to TiO2

anatase, but an increase in degree of crystallinity.
From the XRD analysis, it may be inferred that the

composition and structure of the as-synthesised sample B is
very similar to layered protonic titanate with a general for-
mula that may be assigned as H2Ti3O7. After heat treatment
at 300◦C or at higher temperature (≤700◦C) for 2 hours,
H2Ti3O7 decomposes to produce TiO2 with anatase phase
according to the following equation [25]:

H2Ti3O7 −→ 3TiO2 + H2O (6)

It has been recognized that anatase TiO2 is preferred
because of its high photocatalytic activity, since it has a more

negative conduction band edge potential (higher potential
energy of photogenerated electrons). Anatase TiO2 also has
strong photoinduced redox power, thus it could be a superior
photocatalytic material for purification and disinfection of
water and air, as well as remediation of hazardous waste [26].
Furthermore, the with high surface area of nanostructured
TiO2 anatase increases the rate of a photocatalytic reaction,
due to the presence of more active sites. The hollow
structure of nanotubes can also potentially enhance electron
percolation and light conversion, as well as the improved
ion diffusion at the semiconductor photocatalyst-electrolyte
interface [27, 28]. Therefore, synthesized nanostructured
TiO2 nanotubes in this study could potentially contribute to
a high performance photocatalyst.

Further characterization was employed using raman
spectroscopy. According to the factor group analysis, anatase
TiO2 has six raman active modes (A1g + 2B1g + 3Eg) [29].
Previously, Ohsaka et al. [30] studied the raman spectrum of
an anatase TiO2 single crystal and they identified six peaks
which appeared at 144 cm−1 (Eg), 197 cm−1 (Eg), 399 cm−1

(B1g), 513 cm−1 (A1g), 519 cm−1 (B1g), and 639 cm−1 (Eg).
In this study, fives peaks at 143 cm−1 (Eg), 197 cm−1 (Eg),
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Figure 9: TEM micrographs of (a) as-synthesized sample A and after heat treatments at (b) 300◦C, (c) 500◦C, and (d) 700◦C for 2 hours.

396 cm−1 (B1g), 516 cm−1 (A1g/B1g), and 639 cm−1 (Eg)
were traced for the TiO2 precursor (Figure 6(a)). According
to Bergeret al. [31], the strongest peak at 143 cm−1 was
attributed to the external vibration of the anatase structure,
therefore it could be concluded that TiO2 precursor is an
anatase phase. This finding is in agreement with the XRD
result, which showed that TiO2 precursor is in anatase phase.
In contrast, for as-synthesized sample A (Figure 6(b)) and
after heat treatment at 300◦C and 500◦C for 2 hours (Figures
6(c) and 6(d)) peaks at only about 280 cm−1 and 446 cm−1

were observed. The broad peak at 280 cm−1 is assigned to
the characteristic phonon mode of titanate structure [32],
while the peak at 446 cm−1 is assigned to the Ti–O bending
vibration involving six coordinated titanium atoms and three
coordinated oxygen atoms in the layered titanate structure
[29]. After heat treatment at 700◦C, peaks at 280 cm−1 and
446 cm−1 can still be observed and a few new peaks appeared
at about 135 cm−1, 222 cm−1, 405 cm−1, 449 cm−1, 630 cm−1

and 673 cm−1 (Figure 6(e)) suggesting that the presence of
anatase of TiO2 and hexatitanate structures.

On the other hand, the as-synthesized sample B showed
the presence of three peaks at about 280 cm−1, 446 cm−1,
and 664 cm−1 (Figure 7(b)). As reported previously, the

broad peak at 280 cm−1 is assigned to the characteristic
phonon mode of titanate nanotube structures [29] and
the peak at 446 cm−1 is belongs to the Ti–O bending
vibration involving six coordinated titanium atoms and
three coordinated oxygen atom in layered titanate [31].
Meanwhile, the peak at 664 cm−1 is due to the Ti–O–H
vibration [32]. Therefore, it could be concluded that as-
synthesized sample B is H2Ti3O7, which confirms the XRD
result. After heat treatment at 300◦C, 500◦C, and 700◦C for
2 hours, similar raman spectra (Figures 7(c), 7(d), and 7(e))
with TiO2 precursor (Figure 7(a)) were observed, indicating
that they are also TiO2 in anatase phase.

The results obtained in this study clearly indicate that the
structure of as-synthesised samples A (solid powder obtained
after drying at 80◦C for 24 h of white solid collected from pH
12 of washing solution) and as-synthesised sample B (solid
powder obtained after drying at 80◦C for 24 h of white solid
collected from pH 7 of washing solution) are Na2−xHxTi3O7

and H2Ti3O7, respectively.
Surface morphology of the samples was observed

using FESEM and TEM. The FESEM micrographs of as-
synthesized sample A revealed the formation of a hair-
like structure with ±10 nm in diameter (Figure 8(a)).
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Figure 10: FESEM micrographs of (a) as-synthesised sample B and after heat treatments at (b) 300◦C, (c) 500◦C, and (d) 700◦C for 2 hours.

Further observation with TEM showed the existence of
a hollow structure inside the TiO2 tubule indicating that
nanotubes structures were obtained (Figure 9(a)). The inner
and outer diameters of nanotubes are about 4 nm and 10 nm,
respectively. After heat treatment at 300 and 500◦C for 2
hours (Figures 8(b), 9(b), 8(c), and 9(c)), the samples still
showed similar surface morphology with the as-synthesized
sample, and thus revealing that there were no great influ-
ences on surface morphology of the nanotube structure
at low annealing temperature (≤500◦C). This indicated
that the nanotube structure of as-synthesised sample A
was thermally stable up to 500◦C. However, when the
annealing temperature was increased to 700◦C, the nanotube
structure had completely transformed to nanorods. The
nanorod (nonhollow structure) with ±65 nm diameter were
formed due to the mobilizations of dissolved Na+ into the
nanotubes inner channel (as well as the boundary pores
among nanotubes) and then recrystallized to form nanorods
(Figures 8(d) and 9(d)). The existence of sodium in the as-
synthesised sample A was shown previously by EDX analysis.

As-synthesised sample B also shows the presence
of a hair-like tubular structure (±10 nm in diameter)
(Figure 10(a)) with the existence of a hollow space inside
the tubular structure (±4 nm in diameter) (Figure 11(a)).

Thus, the nanotubes with about ±4 nm inner and ±10 nm
outer diameters were obtained. After heat treatment at
300◦C for 2 hours, there was no significant influence on
morphology of the material (Figure 10(b)). The nanotubes
preserve their shape with their inner diameter being almost
similar; however, their outer diameter increases up to 12 nm
(Figure 11(b)), due to the dehydration of intralayered OH
groups [33]. Surprisingly, at 500◦C heat treatment, the
morphology of the material was affected significantly. The
tubular structures were broken to small segments due to
destruction of the nanotubes. However, frames of the tubular
structures were still visible (Figures 10(c) and 11(c)). When
the heating temperature was increased to 700◦C, the nan-
otube structure was completely destroyed and the individual
tubes had formed into nanoparticle structures with particle
size around 20 nm (Figures 10(d) and 11(d)). This was
probably a result of dehydration of interlayered OH groups
which induced the change of the crystalline structure and
destroyed the nanotubes structure to produce nanoparticles,
when the temperature of heat treatment was higher [33, 34].

The absence of the Na+ in the as-synthesised sample B
would cause the tube structure to be easily destroyed even
after heat treatment at 500◦C. Sodium ion was reported
to play an important role in pinning adjacent layers, thus
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Figure 11: TEM micrographs of (a) as-synthesised sample B and after heat treatments at (b) 300◦C, (c) 500◦C, and (d) 700◦C for 2 hours.

stabilizing the layered structure and tubular morphology
[35].

4. Conclusion

Upon hydrothermal treatment of TiO2 in NaOH, a disor-
dered phase with a layered structure was formed. This dis-
ordered layered structured phase transformed into titanate
nanotubes after being washed with HCl and distilled. When
the pH of washing solution was 12, sodium titanate nanotube
was obtained. The obtained nanotubes were thermally stable
up to 500◦C; however, at 700◦C heating treatment nanotubes
transformed to the titanate nanorods; while when the pH
of washing solution was 7, hydrogen titanate nanotubes
were obtained. After heat treatment at 300◦C for 2 hours,
hydrogen titanate nanotubes decomposed to produce titania
nanotubes. After further heat treatment at 500◦C, the tubular
structure broke to small segments due to destruction of
nanotube and, at 700◦C, nanotube structure was totally
destroyed and subsequently transformed to nanoparticle.
Nanoparticles and nanotubes of titania obtained in this
study have an anatase phase which is expected to be a high
performance photocatalyst.
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Sintering of nanoparticles mediated by an Ostwald ripening mechanism is generally assessed examining the final particle size
distributions. Based on this methodology, a general approach for depositing platinum nanoparticles onto carbon nanotubes in
solution has been employed in order to evaluate the sintering process of these metallic nanoparticles at increasing temperatures in
a carbon nanotube/silica-templated confined space.

1. Introduction

Nanoparticles (NPs) are inherently unstable due to their
high surface area and therefore tend to grow and increase
their average size [1, 2]. Sintering refers to the increase in
mean particle size that occurs as a system of NPs evolves to
attain a lower-energy state [3]. The driving force in a process
of sintering of NPs corresponds to their increased surface
free energy, if compared with bulk, by which NPs present a
metastable solid state and inevitably tend to aggregate into
larger nanostructures [2].

Sintering is an acute drawback in catalysis, especially if
working at elevated temperatures. In the case of supported
catalysts, sintering is typically attributed to mass-transport
mechanisms involving atomic migration to subsequent coa-
lescence with neighboring NPs. The kinetic models proposed
have been established considering an Ostwald ripening, by
which the migration mechanism refers to diffusion of atoms
between immobile NPs either on the surface of the support
or through the gas phase [4]. In these conditions, the
concentration of atomic species is higher in the vicinity of
small particles than of large particles. There is, consequently,
a concentration gradient that leads to a net flux of atomic

species from the smaller particles toward the larger ones, so
the larger particles eventually grow at the expense of the
smaller ones. Accordingly, Yang et al. studied the sintering
of Au NPs on TiO2 and were able to explain the observed
evolution of particle sizes using a ripening model [5], and
Simonsen et al. confirmed that Ostwald ripening is responsi-
ble for the sintering of Pt under oxidative atmospheres [6].
Since Pt is known to form a volatile oxide, they claimed
as plausible that this Pt oxide constitutes the mobile phase
responsible for Pt sintering.

In the Ostwald ripening process, the atomic species are
exchanged among immobile NPs driven by a difference
in their chemical potential, as described by the Gibbs-
Thomson equation. In addition to NP size, parameters such
as morphology of the NPs and NP-support interactions will
also play a role in the sintering process [2]. Additionally,
given the increasing importance of reactions in restricted
dimensions such as Pt catalyst-bearing nanoreactors (e.g.,
nanocapsules) [7], the influence of confined spaces on
the Ostwald ripening should be carefully assessed given
its critical influence on the catalytic efficiency of metallic
nanoparticles.
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Herein, we engineer the deposition of small Pt nanopar-
ticles on one-dimensional CNT templates and their later
encapsulation with an inorganic silica shell. Such a system
was developed to study the sintering of Pt NPs in specific
conditions given by elevated temperatures and the confined
cylindrical nanospace given to the Pt NPs to grow. The
direct observation of sintering in these extreme conditions
is demonstrated in terms of an evolution of the average size
distribution from Gaussian to log-normal.

2. Experimental Section

2.1. Polymer-Wrapping Functionalization of CNTs [8]. CNTs
(MWNTs from Nanolab, 5–15 μm length and 10–15 nm
diameter, 95% purity) were redispersed in ultrapure water
(18 MΩ-cm) according to the following procedure. Briefly,
CNTs were dispersed in a 1 wt.% aqueous solution of pollyal-
lylamine hydrochloride (PAH, 0.5 M NaCl, pH = 10) up
to a concentration of 150 mg/L. A combination of rapid
stirring and sonication was used to ensure the presence of
individually well-dispersed CNTs (this is demonstrated by
the fact that CNTs appear individually coated with Pt NPs
and subsequently with the outer silica shell (vide infra)).
Excess of PAH was removed by three centrifugation cycles at
9000 rpm, at 25◦C during 12 h to be later redispersed in
aqueous solution.

2.2. Synthesis of Platinum NPs [7]. Pt NPs were synthesized
as follows: to a solution containing 43 mL of ultrapure water,
2.5 mL of sodium citrate (0.1 M) and 2.5 mL of 0.05 M
H2PtCl6, and 2.45 mL of sodium borohydride (0.015 M)
were added as reducing agent (citrate/H2PtCl6/NaBH4 in a
molar ratio of 2 : 1 : 0.3). The solution was stirred for 10 min.

2.3. NPs Deposition onto CNTs [7]. CNTs@PAH (12 mL,
0.016 mg/mL) were added to 50 mL of Pt NPs (0.5 mM).
After 1 h, the solution was centrifuged three times (3500 rpm,
RT, 20 min) and redispersed in 20 mL of ultrapure water
removing the nonadsorbed Pt NPs after centrifuging.

2.4. Silica Coating of CNTs@Pt. Silicon oxide was deposited
on the CNTs@Pt nanocomposites using two different steps
[9]. In the first silica-deposition step, the hydrolysis and
condensation of 3-aminopropyltrimethoxysilane (APS) and
tetraethoxysilane (TEOS) were carried out under acidic
conditions. Ethanol (20 mL) containing APS and TEOS
(typically 2.88 μL APS and 33.8 μL TEOS) was added
dropwise to 10 mL of an aqueous dispersion of CNTs@Pt
(0.03 mg/mL) containing citric acid (10 mM, pH∼3) under
magnetic stirring. In the second step and after stirring for 2 h
30 min, the pH value of the solution was rapidly increased
so that the silane condensation was carried out under basic
conditions. Therefore, a solution of NH4OH (0.01 M) was
added dropwise until a pH value of 8–10 was reached.
Subsequently, the solution was aged for 3 h and a compact,
uniform, 15 nm thick silica shell was obtained. Subsequently,
the solution was centrifuged (950 rpm, 10 min, RT) and
redispersed three times in EtOH.

2.5. Sintering of CNTs@Pt@SiO2. Thermogravimetric Anal-
ysis (TGA) of CNTs coated with Pt NPs and silica shell
was carried out heating up to 830◦C. The sintering process
was studied heating up the composite nanostructures at two
temperatures (550 and 800◦C) in order to tune the NP
agglomeration.

3. Results and Discussion

CNTs are some of the most intensively explored nanos-
tructured materials. Their unique properties render these
structures as ideal templates for the design of nanosized
architectures [10]. In this case, their uniform curvature
allows the deposition of Pt NPs to be further coated with sil-
ica, in an effort to isolate them in a cylindrical and therefore
curved confined space. Accordingly, a general approach for
depositing NPs onto CNTs in solution has been employed
[8]. This approach, with an initial step based on the polymer
wrapping technique, allows the manipulation of CNTs in
solution. The polymer wrapping method, developed by
O’Connell et al. [11], stems from a functionalization of CNTs
through noncovalent attachment. This technique is based on
the thermodynamic preference of CNT-polymer interactions
over CNT-water interactions, which favors the hiding of the
hydrophobic surface of CNTs in aqueous solution, giving
rise to a better dispersion [12, 13]. In this way, CNTs can
be wrapped either with a negatively or positively charged
polyelectrolyte (PE) depending on the surface charge of
the metallic nanoparticles to be deposited. The polymer
layer allows a homogenous high-density coverage of charges
on the tips and walls of CNTs and, as result, an efficient
deposition of the metallic nanoparticles through electrostatic
interactions. A further synthetic approach consists of the use
of this initial polymer layer as a primer for adsorption of
successive oppositely charged PE layers. Thus, an ordered
polymer multilayer around the carbon nanotube is obtained.
Through this method, better known as layer-by-layer assem-
bly technique (LbL) [14], an easy and exact modulation of
the polymer shell thickness can be attained by controlling the
number of deposition steps. This technique has indeed been
demonstrated to be very efficient not only for the coating of
CNTs with different types of NPs [12] but also for tuning the
distance in between [15].

In our case, Pt NPs were driven to the surface of
the CNTs taking advantage of the PE (PAH) previously
deposited on the surface of these supports. Because of
the positively charged surface provided by this polymer,
these NPs were easily attached becoming fixed in the final
composite nanostructure. It must be noted that the Pt NPs
employed were previously synthesized in aqueous solution,
reducing H2PtCl6 salt with sodium borohydride and stabiliz-
ing them with citrate ions, which confers them a negatively
charged surface. Figure 1 shows TEM images at different
magnification of the CNTs coated with the Pt NPs, very
homogeneously distributed all over the surface of the carbon
nanostructures. It is also worthy to mention the pretty
narrow size distribution of such small metallic nanoparticles,
centered at 2.62 ± 0.60 nm (95% of NPs). Without a doubt,
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PAH

Pt

Figure 1: TEM image of a representative CNT coated with Pt
nanoparticles homogeneously distributed on their surface (inset:
scheme of the process employed to drive first the PAH and later the
Pt NPs to the surface of CNTs).

it is also important to draw attention to the aggregates of
Pt nanoparticles, assembled during the process and located
or distributed all along every CNT. These aggregates of NPs
were likely formed once the positively charged CNT solution
was added, considering the fact that it may carry different
ions necessary for the assembly of the PE layer and may
consequently increase the ionic strength. These conditions
can therefore explain some previous aggregation of the
NPs, which, however, does not prevent their homogeneous
deposition onto the CNTs.

As next step, these composite nanostructures were coated
with silica. Figure 2 shows the TEM images at different
magnification of the CNT@Pt@SiO2 nanocomposites, offer-
ing a 15 nm thick silica shell. The high homogeneity of the
coating allows the silica shell to maintain its thickness even
around the aggregates of Pt NPs previously mentioned. The
silica coating was carried out in two different deposition
steps; considering first the hydrolysis and condensation of 3-
aminopropyltrimethoxy-silane (APS) and tetraethoxysilane
(TEOS), carried out under acidic conditions and conse-
quently under basic conditions. Subsequently, the solution
was aged for 10 h and a compact, uniform, 15 nm thick silica
shell was obtained.

The as-prepared composite nanostructures based on
CNTs and Pt NPs and coated with silica were heated up
to 550 and 800◦C in air atmosphere, in two independent
experiments. In order to follow the carbonization processes
of the composite nanostructures that take place under
these conditions, a thermogravimetric analysis (TGA) was
performed. Figure 3 includes the TGA as a function of
temperature that indicates ∼97.7 wt.% left in the sample
tested, in this case after heating up to 830◦C in air. The TGA
analysis offers different steps in the carbonization that can
be attributed to the citrate ions surrounding the Pt NPs, the
PAH wrapping the CNTs, and the CNTs themselves, which

(a)

(b)

Figure 2: TEM images of CNTs coated with a 15 nm thick silica
shell.
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Figure 3: TGA analysis while heating the composite nanostructures
up to 830◦C.

in air, have been reported to completely decompose after
the temperature reached 500◦C [16], justifying therefore the
wt.% losses. In order to understand this rather low weight-
reduction, it should be taken into account the extraordinary
lightness of CNTs and the branched nature of PAH (that
renders possible the wrapping around the CNTs). Both the
carbon support and the polyelectrolyte exhibit notably low
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(a)
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(d)

Figure 4: TEM images of the as-prepared composite nanostructures based on CNTs and Pt NPs and coated with silica, heated up to 550◦C
((a) and (b)) and to 800◦C ((c) and (d)).

densities, which results in the considerably low wt.% losses
mentioned.

After heating up to 550 and 800◦C in two independent
experiments, TEM analysis of the two samples tested was
also performed. Figures 4(a) and 4(b) include TEM images of
the nanocomposites after heated up to 550◦C, while Figures
4(c) and 4(d) show those heated up to 800◦C, reflecting clear
changes in the composite nanostructures morphology and in
the size of the Pt NPs initially employed.

Clearly, the inner structure of the composites has
changed, with a heterogeneous and broader distribution of
bigger Pt NPs, not anymore supported onto the CNTs. At
550◦C the carbonization processes of likely all the organic
compounds has already taken place (according to the TGA
included in Figure 3) and consequently, no organic frame
maintains the NPs in the cylinder-like morphology as when
surrounding the CNTs. In this regard, the temperature
has started two processes: the carbonization of the organic
material and the diffusion [17] of the Pt atoms that
initially formed part of the 2.62 nm NPs. Considering the
increased surface-to-volume ratio of such small Pt NPs,
a nonequilibrium process is likely to start as temperature

increases, in such a way that the system tries to restore
the equilibrium by forming bigger aggregates. Pt atoms
initiate therefore a migration to meet again allowing the
growth of the bigger NPs. In this sense, the previously
formed aggregates of NPs may act as nuclei where to
start a growth process. Nevertheless, at T < 550◦C the
migration process may be slow enough (small migration
distances), so that Pt atoms deposit shortly after starting their
migration. This situation favors the formation of a broader
size distribution (8.58 ± 2.45 nm (95% of NPs)) of bigger
particles, as shown in Figures 4(a) and 4(b). Hence, we can
consider the simultaneous dissolution and reaggregation of
the NPs, known as Ostwald ripening or coarsening [18].
Since the 2.62 nm particles are no more stabilized by the
citrate ions, already carbonized due to the important increase
in temperature and reflected by the TGA analysis (Figure 3),
larger nanoparticles are formed at the expense of dissolving
smaller ones [19]. These considerations agree with a slow
growth rate, which also yields broad size distributions [20].

Figures 4(c) and 4(d) show TEM images of the com-
posites after heated up to 800◦C. The interior of the now
formed silica cylinders appears completely clean (compared,
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Figure 5: Average size distributions of the Pt NPs based on TEM images of the samples heated up to 550 and 800◦C.

for example, with the turbid nature of the material appearing
in Figures 4(a) and 4(b)), without any organic remains (from
the CNTs, citrate ions and PEs) that likely have sublimed.
Simultaneously, the silica has compacted leaving an empty
inner space in the composite nanostructures. The Pt NPs
have now grown until reaching an average size distribution
of 15.89± 5.23 nm (95% of NPs).

According to the migration of atoms proposed with an
outcome determined by the diffusion and the deposition
flux, this process would then end when atoms have hit NPs
of size larger than the critical, that is, stable, in order to
condense on them. With increasing sizes, the NPs become
more and more stable and impinging atoms condense
solely at the bigger ones. In the present case, temperature
triggers the migration of the atoms. At low temperatures,
migration average distances are small, so that a high density
of stable bigger NPs can grow. With increasing temperature,
the migration distance also increases and larger and far

apart nanoparticles can grow, as shown in the TEM images
of Figures 4(c) and 4(d). The TEM images also reveal the
increase in the mean particle size due to disappearance of the
smaller ones.

The evolution in the particle size distribution reflected by
the TEM images is related to the sintering process, described
statistically in the light of a simple kinetic model for ripening.
Indeed, the heat treatment resulted in a general increase in
size and an improvement in the spherical shape, consistent
with surface energy minimization. Figure 5 includes the
size distribution of the Pt NPs: initially (a), after heating
the composites up to 550◦C (b) and up to 800◦C (c). The
initial Gaussian shape of the average size distribution, that
also works for the NPs after heating up to 550◦C (though
broader), varies in the third case (after heating up to 800◦C)
to a log-normal fit, as a tail of larger NPs emerges on the right
side of the mean value, consequently broadening the average
size distribution.
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TEM images and resulting average size distributions,
indicating that smaller NPs have eventually disappeared
and larger ones have been obtained, are consistent with
a sintering process of Pt NPs governed by an Ostwald
ripening mechanism. The corresponding mass-transport can
be justified if mediated by Pt atoms, or more likely by Pt-
oxygen species (the sintering rate of Pt NPs in oxidative
environments was reported to be accelerated due to the
formation of volatile Pt-oxygen species)[21]. Besides the
oxygen-rich environment, we have to take into account the
increased temperatures reached and the fact that Pt NPs are
neither free nor supported on planar substrates but confined
in the cylindrical empty spaces given once the carbonization
of CNTs and the compaction of silica are accomplished.
Consequently, a local effect favoring the exchange rate of
diffusing species between NPs is very much favored.

4. Conclusions

Transmission electron microscopy has been employed in
order to monitor the evolution of Pt NPs deposited onto the
surface of carbon nanotubes while heating independently up
to 550 and 800◦C. These experiments reveal unequivocally a
favored Ostwald-ripening-operated sintering process taking
place in the CNT/silica-templated confined space formed as
temperature is raised.
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Salgueiriño, and M. A. Correa-Duarte, “Highly active nanore-
actors: nanomaterial encapsulation based on confined catal-
ysis,” Angewandte Chemie International Edition, vol. 51, pp.
3877–3882, 2012.

[8] M. de Dios, V. Salgueirino, M. Pérez-Lorenzo, and M.
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[17] H. Rôder, E. Hahn, H. Brune, J. P. Bucher, and K. Kern, “Build-
ing one- and two-dimensional nanostructures by diffusion-
controlled aggregation at surfaces,” Nature, vol. 366, no. 6451,
pp. 141–143, 1993.

[18] M. Bowker, “Surface science: the going rate for catalysts,”
Nature Materials, vol. 1, no. 4, pp. 205–206, 2002.

[19] F. Huang, H. Zhang, and J. F. Banfieldt, “Two-stage crystal-
growth kinetics observed during hydrothermal coarsening of
nanocrystalline ZnS,” Nano Letters, vol. 3, no. 3, pp. 373–378,
2003.

[20] Y. Yin and A. P. Alivisatos, “Colloidal nanocrystal synthesis
and the organic-inorganic interface,” Nature, vol. 437, no.
7059, pp. 664–670, 2005.

[21] P. Loof, B. Stenbom, H. Norden, and B. Kasemo, “Rapid
sintering in NO of nanometer-sized Pt particles on γ-Al2O3

observed by CO temperature-programmed desorption and
transmission electron microscopy,” Journal of Catalysis, vol.
144, no. 1, pp. 60–76, 1993.



Hindawi Publishing Corporation
Journal of Nanomaterials
Volume 2012, Article ID 389248, 8 pages
doi:10.1155/2012/389248

Research Article

Effect of Si and SiO2 Substrates on the Geometries of
As-Grown Carbon Coils

Semi Park,1 Sung-Hoon Kim,1 and Tae-Gyu Kim2

1 Department of Engineering in Energy and Applied Chemistry, Silla University, Busan 617-736, Republic of Korea
2 Department of Nanomechatronics Engineering, Pusan National University, Kyungnam 627-706, Republic of Korea

Correspondence should be addressed to Sung-Hoon Kim, shkim@silla.ac.kr

Received 1 July 2012; Accepted 20 September 2012

Academic Editor: Raymond L. D. Whitby

Copyright © 2012 Semi Park et al. This is an open access article distributed under the Creative Commons Attribution License,
which permits unrestricted use, distribution, and reproduction in any medium, provided the original work is properly cited.

Carbon coils could be synthesized using C2H2/H2 as source gases and SF6 as an incorporated additive gas under thermal chemical
vapor deposition system. Si substrate, SiO2 thin film deposited Si substrate (SiO2 substrate), and quartz substrate were employed
to elucidate the effect of substrate on the formation of carbon coils. The characteristics (formation densities, morphologies, and
geometries) of the deposited carbon coils on the substrate were investigated. In case of Si substrate, the microsized carbon coils were
dominant on the substrate surface. While, in case of SiO2 substrate, the nanosized carbon coils were prevailing on the substrate
surface. The surface morphologies of samples were investigated step by step during the reaction process. The cause for the different
geometry formation of carbon coils according to the different substrates was discussed in association with the different thermal
expansion coefficient values of Si and SiO2 substrates and the different etched characteristics of Si and SiO2 substrates by SF6 + H2

flow.

1. Introduction

Recently, carbon nano/microcoils were noticed for the
promising materials to be used in electromagnetic absorbers,
high sensitive nano/microsized detectors, effective reinforc-
ing fillers for composites, essential building blocks for the
fabrication of nanodevices, and so forth [1–5]. For the
synthesis of carbon coils, chemical vapor deposition (CVD)
method using metal catalyst is regarded as an effective
technology due to its applicable feature. Up to the present,
significant parameters in catalytic CVD system for the
formation of carbon coils, such as the diverse combination
of source gases and the various characteristics (shapes
and compositions) for the used catalyst, have been deeply
investigated [6–9].

Among the parameters, the characteristics of the used
metal catalyst was known to be a decisive factor to determine
the final growth geometry of as-grown carbon coils [10–16].
Supporting substrates seemed to be one of the significant
parameters for the formation of carbon coils because the
characteristics of the metal catalyst would be affected by the

nature of supporting substrate. Consequently, the substrate-
influenced metal catalyst could affect the geometry of the as-
grown carbon coils.

In this respect, the research for the substrate effect on
the characteristics of as-grown carbon coils is considered as
a primary step for the carbon coils synthesis reaction. Bai
obtained a more or less controlled morphology of carbon
coils through the careful choice of alumina substrate pore
size [17]. Huang et al. reported that the changed morpholo-
gies of Si substrate by corrosion would play an important
role in the formation of carbon nanocoils [18]. Veziri et al.
demonstrated that the morphology of carbon nanostructures
grown by CVD on porous supports is strongly affected by the
porosity and chemical composition of the supporting sub-
strate [19]. They suggested that tuning of carbon morphol-
ogy cannot only take place by changing the CVD conditions
(carbon precursor, reaction temperature and time, gas flow
rates, etc.) but also by appropriately modifying the support-
ing substrate, the catalyst, and the interaction between them.
Despite these efforts, further investigation for the effect of the
substrate on the formation of carbon coils is still required.
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Figure 1: Step by step situations for the processes during the overall reaction.

In this work, different substrates, namely, Si substrate,
SiO2 thin film deposited Si substrate (SiO2 substrate), and
quartz substrate were employed to elucidate the effect of
substrate on the formation of carbon coils. During the
reaction process, the reaction was terminated step by step
and the morphologies of as-grown sample surfaces were
investigated according to the terminated step. Specifically
silicon and its oxide substrates were chosen with keeping
experimental conditions unchanged. Based on these results,
the cause for this different geometry formation of carbon
coils according to the different substrates was discussed.

2. Experimental Details

For silicon substrate, p-type Si (100) substrates were used.
For its oxide substrate, SiO2 layered Si substrates and quartz
substrates were employed. SiO2 layered Si substrates in this
work were prepared by the thermal oxidation of 2.0×2.0 cm2

p-type Si (100) substrates. The thickness of silicon oxide
(SiO2) layer on Si substrate was estimated about 300 nm.

A 0.1 mg Ni powder (99.7%) was evaporated for 1 min
to form Ni catalyst layer on the substrate using thermal
evaporator. The estimated Ni catalyst layer on the substrate
was about 100 nm.

For carbon coils deposition, thermal CVD system was
employed. C2H2 and H2 were used as source gases. SF6, as
an incorporated additive gas, was injected into the reactor
during the initial reaction stage. The flow rate for C2H2,

H2, and SF6was fixed at 15, 35, and 35 standard cm3

per minute (sccm), respectively. According to the different
reaction processes, the reaction processes were terminated
by five steps. Figure 1 shows the step by step situations
for the reaction processes during the overall reaction. The
reaction conditions according to different processes were
shown in Table 1. Detailed morphologies of carbon-coil-
deposited substrates were investigated using field emission
scanning electron microscopy (FESEM, Hitach 4500).

3. Results and Discussion

Ten samples (samples A–J) having the different substrates
(Si and SiO2 substrates) and the different reaction process
steps (see Figure 1) were prepared. FESEM images showing
the surface morphologies of the samples were measured after
finishing the different reaction process steps. Indeed, the
different substrates (Si and SiO2 substrates) were simulta-
neously mounted into the reaction chamber. So, the carbon
coils formation reaction on the different substrates could
have a constant experimental condition.

After step (1), namely, finishing the substrate temper-
ature set to 750◦C, the Ni catalyst layer was converted
to a lot of nanosized Ni grains and these grains were
uniformly dispersed on the substrate as shown in Figure 2.
The shapes and the densities of these grains for Si and SiO2

substrates were almost similar (compare Figures 2(a) with
2(b)). Diameters of these grains were around a few hundred
nanometers.

After step (2), namely, finishing the total pressure set to
100 Torr, both the nanosized (less than 100 nm in diameter)
carbon nanofilaments (CNFs) and a few number of the
microsized (more than 300 nm in diameter) CNFs were
sparsely observed on Si substrate surface (sample C) as
shown in Figures 3(a) and 3(b). The microsized CNFs were
more frequently observed at the edge area of the substrate
(see the inside of the oval in Figure 3(b)). The nanosized
CNFs were usually gathered around the tip area of the
microsized CNFs as shown in Figures 3(c) and 3(d). For
SiO2 substrate, the developed CNFs seemed to be more
uniformly dispersed, compared with those of Si substrate
(compare Figures 3(e) with 3(a)). Instead of the microsized
CNFs, the nanosized CNFs were mostly observed as shown in
Figure 3(f). In some position on the substrate the microsized
CNFs could be observed as shown in Figure 3(g). Indeed,
most of the microsized CNFs were observed as a form
of linear-type sticking two similar-shaped carbon nanofila-
ments as shown in the inside of oval area in Figure 3(h).
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Figure 2: FESEM images for (a) sample A and (b) sample B after process step (1).
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Figure 3: FESEM images for sample C under the magnification of (a) 500, (b) 1,000, (c) 5,000, and (d) 15,000 and for sample D under the
magnification of (e) 150, (f) 1,000, (g) 5,000, and (h) 20,000.

Step (3): after 2.0 minutes reaction, the length of CNFs
on the Si substrate seems to be much longer than those on
SiO2 substrate (compare Figures 4(b) with 4(f)). As shown
in Figures 4(d) and 4(h), two individual CNFs seemed to
independently come out from Ni grains (see white dots in the
circle of Figures 4(d) and 4(h)) and then grow to the opposite
direction with each other, irrespectively of the substrate.

After 5.0 minutes deposition reaction, in case of Si
substrate, the initiation of carbon coils geometry formation
could be observed on sample G as shown in Figures 5(a)–
5(c). In this case not only the microsized carbon coils but
also the nanosized carbon coils could be observed on the
substrate. Around the tip area of the microsized carbon coils,
the nanosized CNFs were mainly gathered (see Figure 5(c)).
In SiO2 substrate case, however, the nanosized carbon coils

were mostly formed on the surface of the substrate as shown
in Figures 5(d)–5(f). The formation of the microsized carbon
coils is rare, and they are usually buried among a lot of the
nanosized carbon coils as shown in Figure 5(f). Indeed, the
initial reaction stage with SF6 would be responsible for the
geometries of as-grown carbon coils. After initial reaction,
the proceeded reaction times, such as 10, 30, and 60, did not
seem to give any distinctive variation for the geometries of
carbon coils [6]. So we investigated the morphologies of the
samples after finishing the deposition reaction.

After finishing the deposition reaction (90 min), in case
of Si substrate the well-developed microsized carbon coils
were mostly observed on the surface of the substrate as
shown in Figure 6(a). The length of the microsized carbon
coils is more than ten micrometers (see Figure 6(b)). The
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Figure 4: FESEM images for sample E under the magnification of (a) 300, (b) 1,000, (c) 5,000, and (d) 20,000 and for sample F under the
magnification of (e) 300, (f) 1,000, (g) 5,000, and (h) 20,000.

30 μm

(a)

10 μm

(b)

2 μm

(c)

30 μm

(d)

10 μm

(e)

3 μm

Microsized
carbon coil

(f)

Figure 5: FESEM images for sample G under the magnification of (a) 300, (b) 1,000, and (c) 5,000 and for sample H under the magnification
of (d) 300, (e) 1,000, and (f) 3,000.
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Figure 6: FESEM images for sample I under the magnification of (a) 300, (b) 1,000, and (c) 5,000 and for sample J under the magnification
of (d) 300, (e) 2,000, and (f) 10,000.

diameters of the microsized carbon coils are in the range
of a few tens nanometers to a few micrometers as shown in
Figure 6(c). In case of SiO2 substrate, however, the nanosized
carbon coils were dominant on the surface of the substrate
as shown in Figure 6(d). Occasionally, the microsized carbon
coils were protruded among a lot of the nanosized carbon
coils (see Figure 6(e)). As shown in Figure 6(f), several
nanosized carbon coils were attached along the side of the
microsized carbon coils.

The combined results of Figures 2–6 confirm that Si
substrate favors the microsized type for the main geometry
of as-grown carbon coils. In SiO2 substrate case, however, the
nanosized carbon coils were mostly developed on the sub-
strate surface even under the same experimental condition.
It may indicate the occurrence for the geometry change of
carbon coils from the microsized type to the nanosized one
simply by using the oxygen incorporated Si substrate. This
result was also confirmed by the dominant formation of the
microsized carbon coils on quartz substrate under the same
experimental condition as shown in Figure 7.

The different thermal expansion coefficient between the
Ni catalyst layer and the different substrates was proposed
as the main cause for the geometry change of carbon
coils according to the different substrates (Si or SiO2). The
difference of thermal expansion coefficient value between
Ni catalyst layer and the different substrates was known
to be higher in case of SiO2 substrate compared with that

in case of Si substrate [20, 21]. The higher difference of
thermal expansion coefficient between the metal layer and
the substrate may induce the higher stress between them.
Consequently, the metal layer will be more easily peeled off
and eventually will be broken into very tiny nanosized pieces
and scattered in surrounding area. Basically, the mechanism
of carbon coils growth was based on the metal size and shape
[10, 22]. So, the peeled-off tiny nanosized Ni pieces could be
the seed of the nanosized carbon coils. Consequently, the as-
grown nanosized carbon coils from the nanosized Ni pieces
would deposit on the whole surface of the substrate. This is
the reason why the density of the nanosized carbon coils from
SiO2 substrate is higher than that from Si substrate. Figure 8
shows FESEM images indicating the different situation of
the peeled-off Ni layers from Si substrate (Figure 8(a)) and
from SiO2 substrate (Figure 8(b)) after cooling down the
substrate from 750◦C under vacuum. As shown in these
images, SiO2 substrate gives rise to the more readily peeled-
off Ni layer, which may form the nanosized geometry for as-
grown carbon coils.

In addition, the different etched characteristics of Si or
SiO2 substrate by SF6 + H2 flow was believed to be another
cause for the geometry change of carbon coils according
to the different substrates (Si or SiO2). Figure 9 shows
FESEM images indicating the different etched situation for
Si substrate (Figure 9(a)) and SiO2 substrate (Figure 9(b))
by SF6 + H2 flow for 1 minute under the condition of 100
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Figure 7: FESEM images for as-grown carbon coils on quartz substrate under the magnification of (a) 300, (b) 1,000, and (c) 5,000.
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Figure 8: FESEM images for the peeled-Ni layers from (a) Si substrate and (b) SiO2 substrate after cooling down the substrate from 750◦C
under vacuum.
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Figure 9: FESEM images for the etched surface of (a) Si substrate and (b) SiO2 substrate by SF6 + H2 flow.
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Torr and room temperature. As shown in these images, Si
substrate would be more effectively etched by SF6 flow, and
the porous morphology would be formed on Si substrate.
The porosity of the substrate was known to foster the coils
geometry [19]. Previously, the microsized carbon coils were
known to be come out by the joining of several nanosized
coils [23]. Therefore, the well developing atmosphere of
carbon coils by the porous morphology of Si substrate may
eventually lead to the microsized geometry for as-grown
carbon coils.

4. Conclusions

By exchanging the substrate from Si to SiO2, the geometry
of carbon coils was changed from the microsized type
to the nanosized one even under the same experimental
condition. The difference of thermal expansion coefficient
values between Ni catalyst layer and the substrates was
believed to be a main cause for this geometry change. In
addition, the different etched characteristics for Si and SiO2

substrates by SF6 + H2 flow during the reaction was suggested
as another cause for the geometry change of as-grown carbon
coils.

References

[1] L. Pan, T. Hayashida, M. Zhang, and Y. Nakayama, “Field
emission properties of carbon tubule nanocoils,” Japanese
Journal of Applied Physics B, vol. 40, no. 3, pp. L235–L237,
2001.

[2] S. Amelinckx, X. B. Zhang, D. Bernaerts, X. F. Zhang,
V. Ivanov, and J. B. Nagy, “A formation mechanism for
catalytically grown helix-shaped graphite nanotubes,” Science,
vol. 265, no. 5172, pp. 635–637, 1994.

[3] S. Hokushin, L. Pan, Y. Konishi, H. Tanaka, and Y. Nakayama,
“Field emission properties and structural changes of a stand-
alone carbon nanocoil,” Japanese Journal of Applied Physics,
vol. 46, no. 20–24, pp. L565–L567, 2007.

[4] K. Hernadi, L. Thiên-Nga, and L. Forró, “Growth and
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Raman spectroscopy investigations on nanocomposites obtained by dispersing halloysite within isotactic polypropylene are
reported. A detailed analysis of the modifications of the regularity band associated to the polymeric matrix is presented. The
Raman lines assigned to the polymeric matrix are broadened and weakened as the loading with halloysite is increased. The analysis
of Raman lines indicates that the polymeric matrix becomes less crystalline upon the loading with halloysite and that the nanofiller
is experiencing a weak dehydration upon dispersion within the polymeric matrix, probably due to the related thermal processing
used to achieve the dispersion of halloysite.

1. Introduction

The dispersion of carbon nanotubes within polymeric matri-
ces resulted in important improvements of the mechanical
properties (reflected in most cases by increases of the
Young modulus [1–4]) and of the thermal stability [4] of
polymeric matrices. Nevertheless, the electrical and thermal
conductivity of one-dimensional carbon nanostructures [5,
6] added thermal and electrical conductivity to the typically
insulating polymeric matrices (especially if the concentration
of the nanofiller is at or above the percolation threshold
[7, 8]). For some applications, such as electrical insulators
or thermal barrier materials, such modifications are adverse.
Detailed investigations on isotactic polypropylene filled with
other one-dimensional materials (such as single-walled car-
bon nanotubes, multiwalled carbon nanotubes, and carbon
nanofibers) have been reported elsewhere [9–13].

Halloysite (H) is an unique nanoclay [14], with a tubular
morphology and low electrical and thermal conductivity.
These features incited several investigations on the physical
properties of polymer-halloysite nanocomposites [14–17].

Taking into account the above-mentioned characteristics, a
detailed investigation on the physical properties of isotactic
polypropylene-halloysite nanocomposite has been ignited.

There are several types of halloysites, corresponding
to the degree of hydration. The extremes are represented
by the so-called halloysite 10 A, and by halloysite 7 A.
Halloysite 10 A is characterized by a monoclinic crystalline
structure (with the cell parameters a = 5.1 A, b = 8.9 A,
c = 10.25 A, and β = 100◦), with the chemical formula
Al2Si2O5(OH)4 2H2O and the unit cell volume of about
458 A3. Halloysite 10 A is a nanotube with diameters ranging
typically between 30 to 200 nm, a wall thickness of 20 nm,
and lengths ranging between 500 nm to 10,000 nm obtained
by rolling together kaolinite like sheets. It is known also as
endelite, hydrated halloysite, or hydrohalloysite. It is typically
unstable having a strong tendency to loose water. Halloysite
7 A (with amonoclinic crystal structure and cell parameters
a = 5.14 A, b = 8.9 A, c = 14.9 A, and β = 101.9◦)
has an unit volume of about 667 A3 and it is known as the
dehydrated halloysite. During the dehydration process, the
distance between layers decreases from about 1 nm to 0.7 nm.
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Figure 1: Raman spectra of iPPH nanocomposites for different
loadings with H. From bottom to top: 0% H, 1.0% H, 2.5% H, 5.0%
H, 7.5% H, 10.0% H, 15% H, 20% H, 30% H, and 100% H.

In halloysite, strong hydrogen interactions are responsible for
the enhanced stability of hole water compared to associated
water. Typically, the associated water is released at about
200◦C, while the hole water survives up to about 300◦C.
The dehydrated halloysite is also known as metahalloysite.
Several aluminosilicates (clays) have the same elemental
composition Al2Si2O5(OH)4 as the dehydrated halloysite.
Among them, the most important are (in alphabetical order)
dickite, kaolinite, and nacrite. These compounds differ
solely by the spatial distribution of atoms and consequently
the discrimination between halloysite and any of these
compounds is frequently difficult.

2. Experimental Methods

The structure and composition of naturally occurring H is
expected to be intermediate between 7 A and 10 A, reflecting
an Al2Si2O5(OH)4· xH2O chemical formula where x is close
to zero but not precisely zero due to some crystallization
water eventually retained. This derives from the fact that
most dehydrated halloysite (7 A) result from the dehydra-
tion of halloysite (10 A). Isotactic polypropylene-halloysite
(iPPH) nanocomposites were obtained by high-shear mixing
of isotactic polypropylene (iPP; Sigma Aldrich) with various
amounts of halloysite (Al2Si2O5(OH)4·xH2O; from Sigma
Aldrich). Kaolinite, with a close chemical structure (missing,
however, the two water molecules, i.e., Al2Si2O5(OH)4), is
sometimes also referred to as a halloysite (see, e.g., the web-
site of Sigma Aldrich http://www.sigmaaldrich.com/catalog/
product/aldrich/685445?lang=en&region=US) or as meta-
halloysite. The cylindrical symmetry of halloysite (H) is
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Figure 2: The effect of the loading with H on the position of Raman
lines in the range from 100 to 300 cm−1. iPP (or open symbols)
identifies the Raman lines assigned to the matrix, and H the Raman
lines due to the filler. Half-filled symbols represent overlapping lines
due to iPP and H.
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Figure 3: Raman spectra of iPPH nanocomposites for different
loadings with H. From bottom to top: 0% H, 1.0% H, 2.5% H, 5.0%
H, 7.5% H, 10.0% H, 15% H, 20% H, 30% H, and 100% H.

a consequence of a packing disorder. According to Sigma
Aldrich, the external diameter of halloysite nanotubes is
ranging between 30 and 70 nm (with an average of 50 nm),
the average internal diameter is about 15 nm, and the length
of halloysite is typically ranging between 1 to 3 μm. Hence,
halloysite nanotubes are comparable to short-multiwalled
carbon nanotubes. However, the Young modulus, the electri-
cal conductivity, the thermal conductivity, and the thermal
stability of halloysite are significantly lower than those
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Figure 5: Raman spectra of iPPH nanocomposites for different
loadings with H. From bottom to top: 0% H, 1.0% H, 2.5% H, 5.0%
H, 7.5% H, 10.0% H, 15% H, 20% H, 30% H, and 100% H.

of multiwalled carbon nanotubes. The estimated Young
modulus of halloysite is in the range from 150 to 300 GPa
compared to 1000 GPa for a carbon nanotube [18]. The
energy gap for halloysite is of about 9.7 eV compared to few
eV (or zero) in semiconducting or metallic carbon nanotubes
[18]. This classifies halloysite as an electric insulator.

The blending has been performed by utilizing a HAAKE
Rheomix at 65 rpm and 180◦C for 9 min followed by an
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Figure 6: The effect of the loading with H on the position of Raman
lines in the range 500 to 800 cm−1. iPP (or open symbols) identifies
the Raman lines assigned to the matrix, and H the Raman lines due
to the filler. Half-filled symbols represent overlapping lines due to
iPP, H, and A.
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Figure 7: Raman spectra of iPPH nanocomposites for different
loadings with H. From bottom to top: 0% H, 1.0% H, 2.5% H, 5.0%
H, 7.5% H, 10.0% H, 15% H, 20% H, 30% H, and 100% H.

additional mixing of 5 min at the same temperature and
at 90 rpm. Composites loaded with various amounts of H
ranging from 0% up to 30% wt. have been prepared. Raman
investigations have been performed by using a Bruker Sen-
terra dispersive confocal microscope spectrometer equipped
with a 785 nm laser diode. Thermogravimetric analysis has
been performed in nitrogen atmosphere by using a TA
Instrument Equipment.
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Figure 8: The effect of the loading with H on the position of Raman
lines in the range from 800 to 1000 cm−1. iPP (or open symbols)
identifies the Raman lines assigned to the matrix, and H the Raman
lines due to the filler.
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Figure 9: Raman spectra of iPPH nanocomposites for different
loadings on the position of Raman lines in the range from 800
to 1000 cm−1. iPP (or open symbols) identifies the Raman lines
assigned to the matrix, and H the Raman lines due to the filler. Half-
filled symbols represent overlapping lines due to iPP and H.

3. Experimental Results and Discussions

The Raman lines of pristine H are rather broad and weak,
being superimposed on a very strong and wideband noticed
at low Raman shifts (centered at about 125–150 cm−1 and
reported as a shoulder assigned to O–Si–O bending [19]).
The Raman lines of iPP are typically narrow lines. As in
the case of iPP-Vapor Grown Carbon Nanofiber (VGCNF)
nanocomposites [11], the addition of the filler broadens the

Raman lines of the polymeric matrices up to their collapse
in a very broad line. This behavior reflects the formation of
an interface between the nanofiller and the polymeric chains
and the final trapping of most macromolecular chains within
these interfaces at loading concentrations above 20% wt.

All Raman lines have been fitted by a superposition
of modified Wigner-Breit-Fano lineshapes [20]; the general
expression utilized for each line was

I(x) =
N∑
i=1

Ai
[1 + Di(x − Pi)/Wi]

2

1 + [(x − Pi)/Wi]
2 + B + Sx + Qx2, (1)

where I is the amplitude of the Raman spectral domain at
a given Raman shift x (in cm−1), N is the total number of
lines for the spectral domain (including eventually both iPP
and H lines), B is the base line correction, S is the slope
correction, and Q is a quadratic correction. For each line,
labeled by i, Di is the shape deviation from a pure Lorentzian
line, Pi is the corresponding Raman peak position, and
Wi is the width of the line. For each spectral domain, an
excellent agreement between fitted and recorded spectra was
achieved, with correlation coefficients typically above 0.99.
Each spectral domain involved at least 250 experimental
points. The fit has been performed by using Origin Pro 8.6.

At low wavenumbers (spectral domain 100 to 300 cm−1),
the Raman spectrum shows the typical lines reported
elsewhere (see Figure 1). The broad shoulder reported in the
range from 110 to 130 cm−1 is easily noticed in Figure 1.
Raman spectra of halloysite confirm the line located at
130.8 cm−1 identified as the line noticed at 134.7 cm−1 and
assigned to the symmetric (out of the plane) bending mode
of Si2O5 [21, 22]. Tentatively, this can be associated to the
line reported at 127 cm−1 in the New Zeeland halloysite [23].
An intense line was noticed at 142.4 cm−1 and identified
as the line reported at 143 cm−1 [23]. The origin of this
line is under debate. Some authors are assigning this line
to anatase impurities [19] while others are assigning this
line to AlO6 octahedron vibrations [22]. The Raman lines
at 156 and 168 cm−1 connected to inner surface hydroxyls
are absent, suggesting a low degree of hydration [21].
However, the weak lines observed at 246 (O–H–O symmetric
stretch in hydrated halloysite [24]) and 276 cm−1 (O–H–
O antisymmetric stretch in hydrated halloysite [24]) are
connected to water’s molecule vibrations [22].

For isotactic polypropylene, the lines located at 108 cm−1,
173 cm−1, and 248 cm−1 are easily noticed. The Raman line
located at 248 cm−1 has been identified as the line located
at 252 cm−1 and assigned to wagging CH2 and bending CH
groups [25, 26]. An overlap between the iPP line located at
250 cm−1 and the H line at 246 cm−1 is possible in iPPH
nanocomposites.

The dependence of the Raman lines position on the
loading with halloysite is shown in Figure 2. Empty symbols
are connected to the polymeric matrix and solid symbols to
the filler. Half-solid symbol is assigned to the overlapping
signals. It is noticed that the peak located at 275 cm−1 is
shifted towards larger Raman shift. The experimental data
indicates a dehydration of the halloysite, expected during the
thermal processing of the nanocomposite. It is important
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to mention that in the case of halloysite, the Raman peaks
were rather weak. At low concentration of halloysite, the
water diffused within the polymer as moisture may hydrate
weakly the filler. However, for samples containing 2.5% wt.
H or a smaller amount of H, the intensity of this line is
fairly low. From Figure 2 it is noticed that the position of
the Raman lines of H are displaced towards smaller Raman
shifts suggesting a weak dehydration of the nanofiller. This is
consistent with the thermal blending and suggests a partial
loss of water during the processing of the nanocomposites.

The second spectral domain, ranging between 300 and
500 cm−1, includes both iPP and H lines, as shown in
Figure 3. The line noticed at 335 cm−1 can be assigned
to uncomplexed kaolinite [19] or to water in nanoclays
(responsible for another Raman line typically located at
332 cm−1 [24]) while the weak and broad line at 389 cm−1

confirms the presence of anatase impurities [19]. The line at
469 cm−1 is tentatively assigned to Al–O/Si–O vibrations [19]
and labeled as the N line.

There are three main Raman lines, which are typically
assigned to iPP in this spectral domain located at about
320 cm−1 [26, 27], 400 cm−1 [26, 27], and 455 cm−1 [28].
The line located at about 400 cm−1, assigned to the umbrella
bending mode about the tertiary carbon atom [29], is the
most intense one. The last line was assigned to wagging
CH2 and bending CH [28]. As noticed in Figure 4, the
Raman lines of H are shifted towards lower Raman shifts
as the H content is increased above 10% wt. halloysite. The
position of the iPP line located at 399 cm−1 shows a weak
shift towards larger values as the concentration of halloysite
is increased. In the case of the line located at 400 cm−1, it
was reported that the melting is shifting this line to 402 cm−1

[28]. This suggests a drop of the degree of crystallinity of iPP
upon loading with H. The position of the iPP line located
at 455 cm−1 is shifted to lower values as the H content is
increased. The position of the other line assigned to iPP has
a complex dependence of H content showing above 10% wt.
halloysite a weak shift of the line to smaller Raman shifts as
the H content is increased.

Figure 5 collects the line recorded in the spectral domain
from 500 cm−1 to 800 cm−1. In this range, several Raman
lines are expected. Water (in H) can contribute with a weak
line located at 789 cm−1 [21, 22]. The line at 712 cm−1 is
a rather weak resonance that confirms the presence of OH
groups [24]. The line noticed at 754 cm−1 is labeled as the
K line [19]. A single strong line due to iPP, located at
525 cm−1 and assigned to wagging CH2, stretching C–CH3,
and rocking CH2 [28]. The effect of the loading of iPP
with H on the most important Raman lines observed in
this spectral domain is shown in Figure 6. The position of
the line located at 525 cm−1 is almost not modified by the
loading with H. The position of the Raman lines assigned
to H shows a complex dependence on the content of H
(at low concentration of H) continuing by a weak shift
towards larger values (versus H concentration) for samples
containing between 10 and 30% wt. H.

Figure 7 collects the Raman lines in the spectral domain
from 800 to 1000 cm−1. This spectral domain is dominated
by the Raman lines due to iPP. The weak Al–OH libration

line [19, 24] located at 910–912 cm−1 and labeled as the
I line is within the noise. The Raman lines originating
from iPP have been observed at 808 cm−1 (regularity band
associated with crystalline domains reflecting C–C stretching
along backbone and rocking CH3 [27, 28, 30]), 840 cm−1

(another regularity band due to CH3 rocking and originating
from amorphous regions [28]), 895 cm−1 (rocking CH2,
stretching CH3, and bending CH [28]), and 940 cm−1. The
line located at 895 cm−1 is typically observed in melts of
iPP. This confirms that the loading of iPP with halloysite
drops the degree of crystallinity of the polymeric matrix and
agrees with experimental data on iPP filled with VGCNFs
[11, 12]. Figure 8 shows the effect of the loading with H on
the position of various Raman lines. The figure includes a
single line assigned to H, which is weakly shifted towards
larger values. The shift is stronger for H concentrations larger
than 10% wt. (At low H concentrations the shift towards
larger values is slightly above the experimental errors). The
iPP lines included in Figure 8 are almost independent on the
concentration of H.

The Raman spectra in the range from 1000 cm−1 to
1100 cm−1 are shown in Figure 9. This spectral domain is
dominated by the strong lines originating from iPP and
located at 972 cm−1 (regularity band due to CH3 rocking
[27, 28]), 997 cm−1 (another regularity band that does not
disappear on melting [28]), 1033 cm−1 (which was reported
as a structural defect [28]), 1041 cm−1, and 1100 cm−1.
Halloysite is responsible for two weak lines located at
1172 cm−1 and 1180 cm−1 assigned to Si–O units [22]. The
effect of loading with H on the position of the Raman lines is
shown in Figure 10. The spectra assigned to iPP are shifted
towards larger Raman shifts as the content of halloysite is
increased. Nevertheless, these shifts are rather weak. The
dependence of the position of the halloysite limes on the
content of halloysite is complex and weak. The line located
at 1033 cm−1 indicates the enhancement of structural defects
in H-doped nanocomposites. Nevertheless, the broadening
of this line makes difficult an accurate estimation of the
dependence of disorder degree versus the concentration of
halloysite.

The isotacticity was calculated as the ratio between the
area of the peak located at 809 cm−1 and the area of the peak
located at 974 cm−1 [27]. Figure 11 demonstrates the drop
of the isotacticity index as the polymeric matrix is loaded
with H, indicating a decrease of the degree of crystallinity,
consistent with other features noticed within this study.

The thermal stability of halloysite is rather poor. As
can be inferred from Figure 12, the TGA data of pristine
halloysite are consistent with stepwise thermal degradations
centered at 250◦C, 480◦C, and 680◦C. The first maxim is
assigned to the loss of crystallization water and the second
one is assigned to dehydroxilation towards kaolinite (actually
metakaolin, Al2Si2O7). Assuming that all crystallization data
is lost at 300◦C, the corrected structure of the pristine
halloysite is Al2Si2O5(OH)4· x H2O, where x = 0.5.

Raman spectra of pristine and annealed halloysite shown
in Figure 13 exibit small differences, probably because the
main component is the dehydrated halloysite and the
recorded spectra are actually convolutions over slightly
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Figure 10: The effect of the loading with H on the position of
Raman lines in the range from 1000 to 1100 cm−1. iPP (or open
symbols) identifies the Raman lines assigned to the matrix, and H
the Raman lines due to the filler.
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different structures. Figure 14 collects the Raman spectra of
iPPH nanocomposites annealed at 250◦C for 30 minutes. It
is noticed that the annealing at 250◦C (i.e., the dehydration
of the halloysite) has a weak effect on the Raman spectra of
iPPH nanocomposites.

4. Conclusions

Raman spectroscopy investigations on nanocomposites
obtained by dispersing halloysite within iPP are reported.
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Figure 13: The Raman spectrum of pristine halloysite (narrow line)
and of the halloysite annealed for 30 minutes at 250◦C.

The Raman lines of halloysite are broad, as the experimental
spectra are a convolution of spectra corresponding to
molecules with various degrees of hydration. TGA data
suggested that in average each two molecules of halloysite
contain one molecule of water (or in other words there
is one molecule of halloysite 10 A to every 4 molecules of
halloysite 7 A). The existing literature suggests that the Young
modulus of halloysite is three times smaller than the Young
modulus of carbon nanotubes. For the same applied stress,
the estimated strain should be three times larger than in
carbon nanotubes. Hence, larger Raman shifts were expected
in iPPH nanocomposites than in iPP-VGCNF composites.
By comparing the Raman shifts reported here to the Raman
shifts noticed in our previous study of iPP-VGCNF [11], it is
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Figure 14: The Raman spectra of iPPH nanocomposites annealed at 250◦ for 30 minutes.

concluded that the shifts of the Raman peaks as a function
of filler’s concentration are weaker for halloysite (compared
to VGCNF), and consequently the stress transfer between
the polymeric matrix (same iPP) and the nanofiller is less
efficient in the case of halloysite.

The experimental data are qualitatively analogous with
the iPP-VGCNF nanocomposites; the nanofiller broadens
and decreases the intensity of the Raman lines assigned
to the polymeric matrix (iPP). However, due to the fact
the nanofiller does not exhibit narrow and strong Raman
lines, the analysis was also focused on the polymeric matrix.
A detailed analysis of the modifications of the regularity
band associated to the polymeric matrix is presented. The
analysis of Raman lines indicates that the polymeric matrix
becomes less crystalline upon the loading with halloysite
and that the nanofiller is experiencing a weak dehydration
upon dispersion within the polymeric matrix, probably due
to the thermal processing. Raman spectroscopy failed to
substantiate the growth of a gamma iPP phase due to the

loading of isotactic polypropylene with halloysite as reported
in [14]. In conclusion, in iPP the loading with halloysite
drops the isotacticity and decreases the degree of crystallinity,
in contrast with the data reported in [14]. The drop of the
isotacticity of iPP as the concentration of H is increased
demonstrates interactions between the polymeric matrix
and the halloysite nanotubes. As discussed previously, these
interactions are weaker than in iPP-VGCNF nanocomposite.
Further Differential Scanning Calorimetry and Wide Angle
X-Ray Scattering experiments are in course to address the
crystallinity and the crystallization of these nanocomposites.
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We have fabricated metal-semiconductor-metal- (MSM-) type ultraviolet (UV) photoconductive sensors using aluminium- (Al-)
doped zinc oxide (ZnO) nanorod arrays that were annealed in different environments: air, oxygen, or a vacuum. The Al-doped
ZnO nanorods had an average diameter of 60 nm with a thickness of approximately 600 nm that included the seed layer (with
thickness∼200 nm). Our results show that the vacuum-annealed nanorod-array-based UV photoconductive sensor has the highest
photocurrent value of 2.43 × 10−4 A. The high photocurrent is due to the high concentration of zinc (Zn) interstitials in the
vacuum-annealed nanorod arrays. In contrast, the oxygen-annealing process applied to the Al-doped ZnO nanorod arrays
produced highly sensitive UV photoconductive sensors, in which the sensitivity reached 55.6, due to the surface properties of the
oxygen-annealed nanorods, which have a higher affinity for oxygen adsorption than the other samples and were thereby capable of
reducing the sensor’s dark current. In addition, the sensor fabricated using the oxygen-annealed nanorod arrays had the lowest rise
and decay time constants. Our result shows that the annealing environment greatly affects the surface condition and properties of
the Al-doped ZnO nanorod arrays, which influences the performance of the UV photoconductive sensors.

1. Introduction

Recently, zinc oxide (ZnO) nanostructures have been widely
studied because of their potential for various applications,
including solar cells [1–3], light emitting devices [4], electron
emitters [5, 6], photocatalysts [7], and sensors [8, 9].
The performance of devices containing one-dimensional
(1D) ZnO nanostructures, such as nanobelts and nanorod
arrays, has significantly improved because of the unique
properties of these nanostructures, such as high mobility
and a high surface-to-volume ratio [10, 11]. ZnO nanorod
arrays are very promising materials for use as sensing
elements in ultraviolet (UV) photoconductive sensor appli-
cations because these arrays exhibit a fast response and high

photocurrent and are highly sensitive to UV light [10, 12].
The use of ZnO nanorod arrays in UV photoconductive
sensors is attractive for practical applications because of the
diversity of fabrication methods for these nanorods, their
large surface availability, and excellent physical and chemical
properties. In addition, the high surface-to-volume ratio
of ZnO nanorod arrays produces better sensitivity to UV
light compared to conventional ZnO thin films because the
photoconductivity mechanism in ZnO is strongly related to
the surface reaction activities [13]. ZnO nanorod arrays can
be successfully grown on substrates using various methods,
such as chemical vapour deposition (CVD) [14], metal-
organic chemical vapour deposition (MOCVD) [15], pulsed
laser deposition (PLD) [16], and solution-based techniques
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[17–20]. However, solution-based techniques offer many
advantages over other synthesis methods capable of growing
ZnO nanorod arrays at low temperature with low cost.

Generally, fabricated ZnO nanorod arrays, especially
those prepared using solution-based techniques, contain a
considerable number of defects, resulting in a low response to
UV light. Because the UV photoconductivity is governed by
the surface conditions of the nanorod arrays, effective fabri-
cation methods should be developed to reduce the number of
defects and improve the surface quality of the prepared ZnO
nanorod arrays. A few approaches have been proposed that
can enhance the performance of the ZnO-based UV photo-
conductive sensor by improving the ZnO surface condition
and reducing the defects. These approaches include the use of
polymer and metal surface coatings [13, 21–23] and plasma
and chemical surface treatments [24–28]. These techniques
facilitate efficient photogeneration processes in the ZnO
under UV illumination, thereby contributing to improved
performance of the device, such as a high and stable pho-
tocurrent, high sensitivity, and a fast photoresponse. How-
ever, annealing is also a ZnO surface treatment process that
could remove surface defects and contamination, thereby
improving the surface condition of ZnO [29–31]. Although
the annealing temperature is widely reported to influence the
performance of the UV photoconductive sensor [32–35], the
effects of annealing under different environments have rarely
been reported in terms of the performance of ZnO nanorod-
array-based UV photoconductive sensors.

Herein, we reported on the performance of a UV pho-
toconductive sensor developed using thin Al-doped ZnO
nanorod arrays prepared using the sonicated sol-gel immer-
sion method and annealed in different environments. The
nanorod arrays were prepared in a very short immersion
time, within 50 min, using sonicated sol-gel immersion
method, which yield small and thin nanorod arrays with an
average diameter of 60 nm and thickness of approximately
600 nm. We observed that annealing under different environ-
ments significantly influenced the surface conditions of the
nanorod arrays, thereby affecting the performance of the UV
photoconductive sensor.

2. Experimental Procedure

Al-doped ZnO nanorod arrays were grown on a glass sub-
strate that was coated with an Al-doped ZnO seed layer using
sonicated sol-gel immersion. The Al-doped ZnO thin film,
which was used as a seeded catalyst, was prepared on the glass
substrate using sol-gel spin-coating [36]. The solution for the
seed layer was prepared using 0.4 M zinc acetate dihydrate
(Zn(CH3COO)2·2H2O, 99.5% purity, Merck) as a precursor,
0.4 M monoethanolamine (MEA, H2NCH2CH2OH, 99.5%
purity, Aldrich) as a stabiliser, 0.004 M aluminium nitrate
nonahydrate (Al(NO3)3·9H2O, 98% purity, Analar) as a
doping source (to achieve approximately 1 at.% Al-doped
ZnO), and 2-methoxyethanol as a solvent. The solution was
then heated at 80◦C and stirred using a hot plate magnetic
stirrer for 3 h to yield a clear, homogeneous solution. The
solution was further stirred at room temperature for 24 h
for the ageing process. The seed layer was deposited onto

glass substrate using spin-coating technique. The prepared
solution was dropped onto glass substrates while the sub-
strates were spun at 3,000 rpm for 60 s. After the spin-coating
process, the substrates were heated at 150◦C for 10 min to
evaporate the solvent and remove the organic component
from the film. The coating was repeated five times to increase
the film thickness to approximately 200 nm. The prepared
films then were annealed in air using a furnace at 500◦C for
1 h.

The solution for preparing the aligned Al-doped ZnO
nanorod arrays contained 0.1 M zinc nitrate hexahydrate
(Zn(NO3)2·6H2O, 98%, Systerm) as a precursor, 0.1 M
hexamethylenetetramine (HMT, C6H12N4, 99%, Aldrich) as
a stabiliser, and 0.001 M aluminium nitrate nonahydrate
(Al(NO3)3·9H2O, 98%, Analar) as a dopant, which were
dissolved in deionised (DI) water. The solution was then
sonicated at 50◦C for 30 min using an ultrasonic water bath
(Hwashin Technology Powersonic 405, 40 kHz) before being
aged and stirred for 3 h at room temperature.

To deposit the aligned Al-doped ZnO nanorods, approx-
imately 100 mL of the prepared solution was poured into
a vessel that contained the horizontal glass substrates that
were coated with the seeded catalyst at the bottom. The
sealed vessel was immersed into a water bath deposition
system at 95◦C for 50 min. After the deposition process, the
samples were removed from the vessel and cleaned with DI
water. The resulting Al-doped ZnO nanorod arrays were
heated at 150◦C for 10 min to evaporate the water. Next,
the samples were annealed at 500◦C in an oxygen, air, or
vacuum environment for 1 h using a furnace. Undoped ZnO
nanorod arrays were also prepared using the same procedure
and were annealed in air at 500◦C for 1 h. In addition, the
Al-doped ZnO nanorod arrays were prepared at different
lengths of immersion time (i.e., 50, 100, and 150 min) and
were annealed in air at 500◦C for 1 h. To complete the metal-
semiconductor-metal- (MSM-) type sensor structure, 60 nm
thick Al-metal contacts were deposited onto the prepared
nanorod arrays using a thermal evaporator at a deposition
pressure of 4 × 10−4 Pa. The distance between the two metal
contacts was 2 mm.

The prepared nanorod arrays were characterised using
field-emission scanning electron microscopy (FESEM, JEOL
JSM-7600F), which was used to observe their surface mor-
phology and the cross-section images. The crystallinity of
the samples was characterised using X-ray diffraction (XRD,
Panalytical X′pert PRO). The structural and selected area
electron diffraction (SAED) of the air-annealed undoped
and Al-doped ZnO nanorod arrays was investigated using
transmission electron microscopy (TEM; JEOL JEM 3010).
The transmittance and absorbance properties of the nanorod
arrays were characterised using ultraviolet-visible-near-
infrared (UV-vis-NIR) spectrophotometry (Perkin Elmer
Lambda 750). The photoluminescence properties of the pre-
pared samples were characterised using a photoluminescence
(PL) spectrometer (Horiba Jobin Yvon 79 DU420A-OE-325)
equipped with a helium-cadmium (He-Cd) laser excitation
source at 325 nm. The current-voltage (I-V) characteristics
of the UV photoconductive sensors were investigated using
a two-probe I-V measurement system (Keithley 2400). The
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UV photoresponse measurements of the fabricated sensor
were conducted using a UV photocurrent measurement
system (Keithley 2400) operating at 365 nm with a power
density of 750 μW/cm2 at a bias voltage of 10 V.

3. Results and Discussion

Figures 1(a)–1(d) present the FESEM images of the
as-grown, oxygen-annealed, air-annealed, and vacuum-
annealed Al-doped ZnO nanorod arrays prepared using the
sonicated sol-gel immersion method. These images reveal
that the nanorods were uniformly deposited on the glass sub-
strate coated with the seed layer after immersion for 50 min.
The FESEM images also reveal that the morphology of the
Al-doped ZnO nanorod arrays did not exhibit a significant
change after annealing in different environments. Based on
the FESEM images, the average diameter of the Al-doped
ZnO nanorod is approximately 60 nm. According to the EDS
spectrum of as-grown Al-doped ZnO nanorod arrays shown
in Figure 1(e), the peaks of Zn, Al, and O correspond to an
atomic ratio of 49.21 : 0.64 : 50.16. Figures 2(a)–2(d) show
the cross-sectional images of the Al-doped ZnO nanorod
arrays that were annealed under different environments.
These images indicated that the Al-doped ZnO nanorods
were deposited perpendicular to the substrate with good
alignment. The thicknesses of these films were estimated
from the FESEM images to be approximately 600 nm.

Figure 3 presents the XRD patterns of the as-grown,
oxygen-annealed, air-annealed, and vacuum-annealed Al-
doped ZnO nanorod arrays. The nanorod arrays present
diffraction peaks that can be indexed to the ZnO hexagonal
phase with a wurtzite structure (Joint Committee on Powder
Diffraction Standards (JCPDS) PDF number 36-1451). The
XRD patterns reveal that the (002) peak of the nanorod is the
most prevalent, which indicates that the nanorod preferen-
tially grows along the c-axis (perpendicular to the substrate).
The other weak diffraction peaks in the XRD patterns may
be a result of imperfect nanorod alignment on the substrate
[37]. According to this result, the relative intensities of the
XRD peak from the (002) plane are oxygen-annealed > air-
annealed > vacuum-annealed > as-grown. This ordering
indicates that oxygen is a better annealing environment than
the other annealing environments (i.e., air and vacuum) for
improving the crystallinity of the Al-doped ZnO nanorod
arrays. Annealing in oxygen promotes the reaction between
oxygen and the Zn interstitials to form crystalline ZnO.
Similarly, this process also occurred during annealing in
air. However, due to the higher concentration of oxygen
molecules in the oxygen-annealing process relative to air
annealing, the oxidation rate in oxygen annealing is much
faster due to the greater reduction in the free-surface energy.
Therefore, the crystallinity of the oxygen-annealed nanorod
arrays is better than that of the air-annealed nanorod arrays.
The as-grown sample presented low-intensity XRD peaks,
which were attributed to the high density of defects in the
nanorod arrays, particularly the presence of hydroxyl (OH)
groups on the nanorod surface. The presence of OH groups
on the surface of the nanorod is commonly reported for low-
temperature solution-based syntheses [29, 38, 39]. However,

the XRD pattern of the vacuum-annealed ZnO nanorod
array presents the weakest peak intensity compared to the
other annealed samples. In addition, the XRD pattern of
the vacuum-annealed nanorod arrays shows the emergence
of Zn metal peaks. This condition could be attributed to
the desorption of OH groups from the ZnO nanorod array
during annealing, which leaves a large amount of Zn or Zn
interstitials in the nanorod. Because of the unavailability
of oxygen molecules, the oxidation of Zn could not occur
during the annealing process in the vacuum. As a result,
the growth of ZnO was inhibited while maintaining a high
concentration of Zn or Zn interstitials, thereby degrading the
crystallinity of the Al-doped ZnO nanorod arrays.

Figure 4(a) shows the transmittance spectra of the Al-
doped ZnO nanorod arrays prepared at different annealing
environments in the wavelength ranges from 300 to 1500 nm.
These spectra demonstrate that the nanorod arrays have
good optical transmittance in the visible (400–800 nm) and
near-infrared ranges (800–1500 nm). The spectra also reveal
that upon the annealing process in the oxygen environment,
the transmittance of the nanorod arrays improves relative to
the as-grown sample. Note that the average transmittance of
the as-grown Al-doped ZnO nanorod arrays in the visible
region is approximately 72%. The average transmittance
of the oxygen-annealed Al-doped ZnO nanorod arrays in
the visible region was estimated to be 78%. However, the
transmittance slightly decreased after annealing in air and
vacuum, with average transmittances of 77 and 76%, respec-
tively. We also observed that interference fringes appeared
in the spectra, which indicated that the nanorod arrays
are uniformly deposited on the substrate [40]. Figure 4(b)
shows the absorbance spectra of the Al-doped ZnO nanorod
arrays prepared using different annealing environments. The
absorbance spectra reveal that all of the samples exhibit good
UV absorption properties below 400 nm with an absorption
edge of 380 nm. The sharp absorption edge observed at
approximately 380 nm corresponds to the direct transition
of electrons between the edges of the valence band and the
conduction band. The high absorption properties in the UV
region indicate that the prepared samples are suitable for UV
photoconductive sensor applications.

Figure 5 shows the PL spectra of the as-grown, oxygen-
annealed, air-annealed, and vacuum-annealed Al-doped
ZnO nanorod arrays. Two emission peaks were detected in
the PL measurement, located in the UV region and the visible
region. The UV emission is due to the recombination of
excitons, whereas the visible emission is caused by the emis-
sion of defects [41–43]. The as-grown nanorod arrays have a
broad and low-intensity UV emission peak centred at 383 nm
and a high-intensity visible emission peak centred at 573 nm.
This visible peak is due to the high concentration of OH-
groups on the nanorod surface [44]. For the oxygen-annealed
nanorod arrays, the intensity of the UV emission peak that
is centred at 379 nm increased relative to that of the as-
grown nanorod arrays. However, the visible region exhibits
a reduced intensity and shift to a higher wavelength. This
visible emission peak was shifted to 630 nm and attributed
to interstitial oxygen or excess oxygen at the nanorod surface
[39, 45]. The oxygen adsorption in the nanorod arrays
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Figure 1: Surface morphology of (a) as-grown, (b) oxygen-annealed, (c) air-annealed, and (d) vacuum-annealed Al-doped ZnO nanorod
arrays. (e) EDS spectrum of as-grown Al-doped ZnO nanorod arrays.

also decreases the excitonic recombination, as reported
by other groups [39, 46]. However, the air-annealed and
vacuum-annealed nanorod arrays show almost identical UV
emission peak intensity of the peaks that are centred at 379
and 380 nm, respectively, but slightly different intensities
in the visible emission peak. The visible emission peak
intensity for the air-annealed nanorod arrays was slightly
higher than that of the vacuum-annealed nanorod arrays. In
addition, these visible emission peak centres for the air-
annealed and vacuum-annealed Al-doped ZnO nanorod
arrays are located at different wavelengths of 600 nm and

588 nm, respectively. We suspected that this condition is
due to different defect conditions, which affected the visible
emission of the nanorod arrays. For the air-annealed sample,
the defect state may be dominated by oxygen adsorption,
but with lower concentration compared to the oxygen-
annealed nanorod arrays, whereas for the vacuum-annealed
sample, the zinc interstitials and oxygen vacancies may be the
prominent defects in the nanorod arrays.

Figure 6 presents the I-V measurement spectra of the
Al-doped ZnO nanorod arrays annealed in different envi-
ronments. The I-V curves indicate that all of the prepared
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Figure 2: Cross-sectional images of (a) as-grown, (b) oxygen-annealed, (c) air-annealed, and (d) vacuum-annealed Al-doped ZnO nanorod
arrays.
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Figure 3: XRD patterns of the as-grown, oxygen-annealed, air-
annealed, and vacuum-annealed Al-doped ZnO nanorod arrays.

Al-doped ZnO nanorod arrays formed ohmic contacts with
the Al contacts. However, the current with respect to the
supplied voltage shows different values for the as-grown,

oxygen-annealed, air-annealed, and vacuum-annealed Al-
doped ZnO nanorod arrays. According to this spectra,
the highest current value is exhibited by the vacuum-
annealed sample, followed by the air-annealed sample, then
by the as-grown sample, and finally, by the oxygen-annealed
sample. From these results, the resistance of the samples
were calculated to be 0.80, 1.59, 0.16, and 0.10 MΩ for
the as-grown, oxygen-annealed, air-annealed, and vacuum-
annealed Al-doped ZnO nanorod arrays, respectively. The
lowest resistance of the vacuum-annealed nanorod arrays
might be a result of the excess of free carriers due to the
Zn interstitials and Al-doping. In addition, annealing in
vacuum also removed the adsorbed oxygen on the nanorod
surface, which decreased the resistance of the nanorod arrays
[47]. However, annealing in oxygen significantly increased
the resistance of the nanorod arrays, which is likely due
to the large amount of oxygen adsorbed on the surface
of the nanorod arrays. During the annealing process in
oxygen, oxygen could also diffuse into the nanorod arrays,
which induces a high density of acceptor-like defects (i.e., Zn
vacancies, oxygen antisites) [48]. This condition results in
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Figure 4: (a) Transmittance and (b) absorbance spectra of the as-grown and annealed Al-doped ZnO nanorod arrays.
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Figure 5: Room temperature PL spectra of the as-grown, oxygen-
annealed, air-annealed, and vacuum-annealed Al-doped ZnO
nanorod arrays.

the compensation of donor-like defects (i.e., oxygen vacan-
cies, Zn interstitials) and depletion of the carrier density.
Meanwhile, annealing the nanorod arrays in air produced
the nanorod arrays with a moderate resistance, in which the
resistance value was between that of the vacuum-annealed
and oxygen-annealed nanorod arrays. This phenomenon is
due to the decreased concentration of oxygen molecules
in air compared to the concentration of oxygen molecules
available during the oxygen annealing process, which reduces
the amount of adsorbed oxygen. The as-grown sample
presented the highest resistance due to its high defect
concentrations and poor crystallinity properties, as shown in
the XRD patterns.

Figure 7 depicts the time-resolved photoresponse of the
UV photoconductive sensor prepared using the Al-doped
ZnO nanorod arrays that were annealed in different envi-
ronments. The measurements were performed using 365 nm
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Figure 6: Current-voltage (I-V) plots of the as-grown, oxygen-
annealed, air-annealed, and vacuum-annealed Al-doped ZnO
nanorod arrays.

UV light with an optical power density of 750 μW/cm2

at a bias voltage of 10 V. Under UV illumination, the
Al-doped ZnO nanorod-array-based UV photoconductive
sensor showed good photoresponses; the current rapidly
increased and then gradually became saturated. The current
suddenly decreased when the UV illumination was turned
off, eventually returning to its initial value.

The spectra indicate that the photocurrent properties of
the sensors provide different responses with the use of Al-
doped ZnO nanorod arrays that were annealed in different
environments. The spectra reveal that the UV photocon-
ductive sensor with the vacuum-annealed Al-doped ZnO
nanorod arrays has the highest photocurrent value of
2.43 × 10−4 A. The UV photoconductive sensor that uses
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Figure 7: Photoresponse spectra of the UV photoconductive sen-
sor using as-grown, oxygen-annealed, air-annealed, and vacuum-
annealed Al-doped ZnO nanorod arrays under UV illumination
(365 nm, 750 μW/cm2) and a 10 V bias.

the air-annealed nanorod arrays also has a high photocurrent
value (2.39 × 10−4 A) but it is slightly lower than that of the
vacuum-annealed nanorod-arrays. However, the photocur-
rent value of the oxygen-annealed Al-doped ZnO nanorod-
array-based UV photoconductive sensor was significantly
reduced to 1.69 × 10−4 A. Furthermore, the as-grown Al-
doped ZnO nanorod array-based UV photoconductive sen-
sor shows the lowest photocurrent value of 3.91 × 10−5 A.
The highest photocurrent value of the vacuum-annealed
Al-doped ZnO nanorod-array-based UV photoconductive
sensor could be attributed to the high concentration of Zn
interstitials. According to Bera et al., when ZnO nanowires
with a high concentration of Zn interstitials are irradiated
with UV light, the photogenerated excitons could interact
with the Zn interstitials, which results in ionisation of Zn
interstitials [13]. When Zn interstitials are ionised, more
free electrons are generated in the conduction band, which
increases the photocurrent of the sensor. We also proposed
that the photogenerated excitons also interact with Al-
doping level to contribute more free electrons to the conduc-
tion band. However, annealing in air and oxygen results in an
improvement of the ZnO stoichiometry, thereby decreasing
the concentration of defects, including Zn interstitials.
During the annealing process, vacant sites in the ZnO lattice,
which resulted from the evaporation of OH groups from
the nanorod surface, were immediately replaced by oxygen
from the environment. Because of the excessive oxygen flow
during the oxygen annealing process, oxygen molecules are
easily adsorbed onto the nanorod surface, which results
in the increase of the nanorod resistance. As a result, the
photocurrents of the Al-doped ZnO nanorod array-based
UV photoconductive sensors were reduced after annealing in
air and oxygen. For the as-grown Al-doped ZnO nanorod-
array-based UV photoconductive sensor, the photocurrent

is low because of the low concentration of photogenerated
electrons in the conduction band. This condition is a result
of the large concentration of OH-groups on the nanorod
surface, which hinders efficient photogeneration during UV
illumination. In addition, the as-grown nanorod arrays
have a large number of structural defects, which is evident
by the less intense XRD peaks compared to the annealed
samples. This condition reduces the mobility of the nanorod
arrays and induced the recombination of the photogenerated
electrons with the defects, which decreased the number of
photogenerated electrons in the conduction band.

Generally, the adsorption of oxygen on the nanorod
surface causes the existence of a non-conductive barrier or a
surface depletion region and thus, an upward band bending.
However, the width of this barrier in nanorod arrays may
differ after annealing in oxygen, air, and vacuum. According
to our results, the band bending of the as-grown Al-doped
ZnO nanorod arrays and the Al-doped ZnO nanorod arrays
that were annealed in oxygen, air, and vacuum can be illus-
trated in Figure 8. In this case, among the annealed samples,
the oxygen-annealed Al-doped ZnO nanorod arrays have
the most depleted surface region due to the large amount
of adsorbed oxygen, followed by the air-annealed sample
and the vacuum-annealed sample. For this reason, the
oxygen-annealed Al-doped ZnO nanorod arrays have lower
photocurrent properties compared to the other annealed
samples. This theory was also supported by our PL measure-
ment result, in which the UV emission was suppressed and
has lower intensity compared to the other annealed samples
despite the oxygen-annealed nanorod arrays having the
highest crystallinity. Meanwhile, for the as-grown nanorod
arrays, the depletion region is primarily attributed to the
OH-groups and other native defects of ZnO, such as oxygen
vacancies and Zn interstitials.

From the photocurrent spectra, the responsivity of the
sensors was estimated using the following equation [49]:

R = Iph − Idark

Pop
, (1)

where Iph is the photocurrent, Idark is the dark current, and
Pop is the optical power of the UV source. In this study,
the Idark values of the sensors fabricated using the as-grown,
oxygen-annealed, air-annealed, and vacuum-annealed Al-
doped ZnO nanorods are 6.29 × 10−6, 3.03 × 10−6, 2.26 ×
10−5, and 5.44 × 10−5 A, respectively. From this calcula-
tion, the responsivity values of the sensors composed of
the as-grown, oxygen-annealed, air-annealed, and vacuum-
annealed Al-doped ZnO nanorods are 0.73, 3.69, 4.81,
and 4.19 A/W, respectively. This result indicates that the
sensor composed of air-annealed ZnO nanorod arrays had
a higher responsivity than the other samples. Although the
photocurrent value of the vacuum-annealed Al-doped ZnO
nanorod-array-based UV sensor is the highest, the sensor
exhibits a lower responsivity value than the air-annealed
nanorod-based UV photoconductive sensor due to its high
dark current value. We believed that this large dark current
value of vacuum-annealed Al-doped ZnO nanorod-array-
based UV photoconductive sensor is primarily contributed
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Figure 8: Schematic band diagram of the as-grown, oxygen-annealed, air-annealed, and vacuum-annealed Al-doped ZnO nanorod arrays
illustrating the band bending due to oxygen adsorption and defects.

to high concentration of Zn interstitials and Al-doping. This
condition improves the conductivity of the sensor, which
results in significant enhancement of the dark current than
that of the other samples.

The sensitivity of the sensors, which is defined as the
photocurrent-to-dark-current ratio, was calculated for all of
the devices. The sensitivity values of the sensors composed of
the as-grown, oxygen-annealed, air-annealed, and vacuum-
annealed Al-doped ZnO nanorod arrays are 6.2, 55.6, 10.6,
and 4.6, respectively. The results indicate that the oxygen-
annealed Al-doped ZnO nanorod array-based UV photocon-
ductive sensors had the highest sensitivity. The improvement
of the sensor sensitivity by oxygen annealing is due to the
significant reduction of the dark current value as compared
with the other samples. We suspect that the significant
reduction in the dark current value is correlated with more
adsorbed oxygen on the oxygen-annealed nanorod arrays,
which increases the resistance of the film, as shown by
the I-V measurement results. In addition, annealing in
oxygen improves the surface condition of the nanorod arrays,
which increases their affinity for the oxygen molecules. The
sensitivity of the sensor has been reported to be correlated
with the oxygen adsorption and desorption processes [12, 33,
50]. In the dark, oxygen molecules tend to adsorb onto the
nanorod surfaces by capturing free electrons and producing
adsorbed oxygen ions, as shown by the following equation:

O2 + e− −→ O2
−, (2)

where O2 is the oxygen molecule, e− is the free electron,
and O2

− is the adsorbed oxygen ion on the nanorod surface.
The adsorbed oxygen ions create a barrier near the surface,
which generates a low current before UV illumination. When
UV light is irradiated onto the nanorods, photogenerated
electron-hole pairs are generated at the surface according to
the following equation:

hv −→ h+ + e−, (3)

where hv is the photon energy of UV light, h+ is the photo-
generated hole in the valence band, and e− is the photogen-
erated electron in the conduction band. The photogenerated

holes recombine with the adsorbed oxygen ions on the
surface, producing oxygen molecules; this reaction also
eliminates the barrier near the nanorod surface. This process
is described by the following equation:

O2
− + h+ −→ O2. (4)

At the same time, the desorption of adsorbed oxygen ions on
the nanorod surface leaves photogenerated electrons in the
conduction band, thereby increasing the film conductivity
and contributing to the photocurrent. When the UV light is
switched off, oxygen once again begins to adsorb onto the
nanorod surface, thereby decreasing the conductivity of the
sensor.

Using the photocurrent spectra, the rise and decay time
constants of the fabricated sensors were calculated using the
following equations:

I =

I0

[
1−exp

(
− t

τr

)]
: rise process with UV illumination on,

I = I0 exp
(
− t

τd

)
: decay process with UV illumination off ,

(5)

where I is the magnitude of the current, I0 is the saturated
photocurrent, t is the time τr is the rise time constant,
and τd is the decay time constant. The calculation results
indicate that the sensors constructed using the as-grown,
oxygen-annealed, air-annealed, and vacuum-annealed Al-
doped ZnO nanorod arrays have rise (decay) time constants
of 38 (109), 3 (13), 10 (26), and 15 (52) s, respectively.
Based on these results, it can be concluded that the
oxygen-annealed Al-doped ZnO nanorod array-based UV
photoconductive sensor exhibits the fastest response. This
behaviour may be attributed to the surface condition of the
oxygen-annealed Al-doped ZnO nanorod arrays, which can
promptly adsorb and desorb oxygen during the switching
on and off of the UV illumination, thereby resulting in
sudden changes in the nanorod resistance. In addition,
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Figure 9: Surface morphology and cross-sectional images of Al-doped ZnO nanorod arrays as a function of immerse time: ((a)-(b)) 100 min
and ((c)-(d)) 150 min.

Table 1: The characteristics of the as-grown, oxygen-annealed, air-annealed, and vacuum-annealed Al-doped ZnO nanorod-array-based
UV photoconductive sensors.

Sample
Resistance

(MΩ)
Dark current

(A)
Photocurrent

(A)
Rise time

constant (s)
Decay time
constant (s)

Responsivity
(A/W)

Sensitivity

As-grown 0.80 6.29 × 10−6 3.91 × 10−5 38 109 0.73 6.2

Oxygen-annealed 1.59 3.03 × 10−6 1.69 × 10−4 3 13 3.69 55.6

Air-annealed 0.16 2.26 × 10−5 2.39 × 10−4 10 26 4.81 10.6

Vacuum-annealed 0.10 5.44 × 10−5 2.43 × 10−4 15 52 4.19 4.6

the oxygen-annealed Al-doped ZnO nanorod arrays possess
better crystallinity than the other samples, which enhances
the mobility of the photogenerated carriers in the nanorod
arrays. In comparison, the vacuum-annealed nanorod arrays
show a higher rise and decay time constant due to the
prominent electron trapping at the positively charged Zn
interstitial defect state, which has a large lifetime [51].
The characteristics of the as-grown, oxygen-annealed, air-
annealed, and vacuum-annealed Al-doped ZnO nanorod-
array-based UV photoconductive sensors are presented in
Table 1.

We also investigate the UV photoconductive sensors
performance using air-annealed Al-doped ZnO nanorod
arrays that were prepared for longer immersion times of
100 and 150 min. Figures 9(a) and 9(c) show the surface
morphologies of air-annealed Al-doped ZnO nanorod arrays

immersed for 100 and 150 min, respectively. In these FESEM
images, dense nanorod arrays can be observed with high
uniformity across all samples. However, the diameter of the
nanorods is almost constant at 60 nm with further increase
of immersion time up to 150 min. Figures 9(b) and 9(d)
show the cross-sectional images of air-annealed Al-doped
ZnO nanorod arrays prepared at immersion time of 100 and
150 nm, respectively. Based on the cross-sectional images,
the thickness of the film increase, with the increase of
immersion time. On the basis of the FESEM measurements,
the thicknesses of the films prepared by immersion for 100
and 150 min are approximately 650 and 700 nm, respectively.
Figure 10 depicts I-V curves of Al-doped ZnO nanorod
arrays prepared at different immersion times. The graphs
reveal that the current intensity with respect to the voltage
decrease when the immersion time was increased up to
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Figure 10: The I-V characteristic of air-annealed Al-doped ZnO
nanorod arrays prepared for different immersion times.
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Figure 11: Photoresponse spectra of the UV photoconductive
sensor using air-annealed Al-doped ZnO nanorod arrays prepared
for different immersion times under UV illumination (365 nm,
750 μW/cm2) and a 10 V bias.

150 min. The resistance of the samples was calculated to be
0.72 and 2.41 MΩ for the nanorod prepared at immersion
time of 100 and 150 min, respectively.

Figure 11 shows the time-resolved photoresponse of the
UV photoconductive sensor prepared using the air-annealed
Al-doped ZnO nanorod arrays that were prepared at longer
immersion times of 100 and 150 min. The results show
that both photocurrent and dark current of the sensors
were decreased with the increase of immersion time. The
photocurrent/dark current values of the sensors are 8.41
× 10−5/5.43 × 10−6 and 6.50 × 10−5/4.07 × 10−6 A for
the nanorod arrays prepared for immersion times of 100

and 150 min, respectively. The reduction in photocurrent
value for sensors using nanorod arrays prepared for longer
time influenced the responsivity of the devices; devices
using nanorod arrays prepared for longer immersion time
exhibited lower responsivity values. The responsivity values
of the sensors are 1.75 and 1.36 A/W for the nanorod
arrays prepared for immersion times of 100 and 150 min,
respectively. In this case, we believed that the decrease of
the photocurrent and responsivity values of the devices was
affected by the increase of the resistance of the nanorod
arrays after being immersed for longer times. However,
the sensitivity of the devices is slightly increased using Al-
doped ZnO nanorod arrays immersed for longer times. The
sensitivity values of the devices are 15.5 and 16.0 using Al-
doped ZnO nanorod arrays prepared for 100 and 150 min,
respectively. This sensitivity increment may be attributed
to decrease of the dark current and increase of the surface
area for the devices using Al-doped ZnO nanorod arrays
immersed for longer times.

In order to understand the effects of Al doping on
ZnO nanorod array-based UV photoconductive sensor
performance, air-annealed undoped and Al-doped ZnO
nanorod-array-based UV photoconductive sensor were stud-
ied. Figure 12(a) shows FESEM image of air-annealed
undoped ZnO nanorod arrays at magnification of 30,000x.
The image reveals that undoped ZnO nanorods have been
uniformly deposited on the seed-layer-coated glass substrate.
The diameter of the undoped ZnO nanorod is estimated
to be 100 nm, in which the size is larger than that of the
air-annealed Al-doped ZnO nanorod and other samples. A
cross-sectional image as shown in Figure 12(b) confirms that
the nanorods grew perpendicular to the substrate with the
thickness estimated to be approximately 600 nm. Figures
13(a)–13(d) show TEM images and SAED patterns of air-
annealed undoped and Al-doped ZnO nanorods. These
results indicate that both undoped and Al-doped ZnO
nanorods are single crystals with wurtzite ZnO structure.
The TEM images also reveal that the size of the Al-
doped ZnO nanorod is smaller than the undoped ZnO,
which attributed to the effect of the doped Al. The Al3+

ions (0.054 nm) have smaller ionic radius than Zn2+ ions
(0.074 nm) and it is expected that this ionic radius difference
may influence the diameter of ZnO nanorods when doped
with Al [52, 53].

Figure 14 shows the I-V properties of the undoped and
Al-doped ZnO nanorod arrays, which clearly show that
the undoped ZnO nanorod arrays exhibit lower current
value than that of Al-doped ZnO nanorod arrays with
respect to the supplied voltage. From this I-V characteristic,
the resistance of the undoped arrays was calculated to be
1.15 MΩ. It is understood that this resistance value is higher
than resistance value of air-annealed, vacuum-annealed, and
as-grown Al-doped ZnO nanorod arrays but show lower
values than that of oxygen-annealed Al-doped ZnO nanorod
arrays.

Figure 15 shows the photoresponse spectra of the air-
annealed undoped and Al-doped ZnO nanorod-array-based
UV photoconductive sensors. The spectra reveal that both
photocurrent and dark current of the undoped ZnO
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Figure 12: (a) Surface morphology and (b) cross-sectional images of undoped ZnO nanorod arrays.

(a) (b)

(c) (d)

Figure 13: (a) TEM image and (b) SAED pattern of the undoped ZnO nanorod. (c) TEM image and (d) SAED pattern of the Al-doped ZnO
nanorod.
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Figure 14: The I-V characteristic of air-annealed undoped and Al-
doped ZnO nanorod arrays.
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Figure 15: Photoresponse of undoped and Al-doped ZnO nanorod
array-based UV photoconductive sensors under UV illumination
(365 nm, 750 μW/cm2) and a 10 V bias.

nanorod-array-based UV photoconductive sensor show
lower values than that of the Al-doped ZnO nanorod-array-
based UV photoconductive sensor. The photocurrent/ dark
current of the device is 2.98 × 10−5/2.97 × 10−6 A, while
the responsivity and sensitivity values were calculated to be
0.60 A/W and 10.0, respectively. When comparing the perfor-
mance of the undoped and Al-doped ZnO nanorod-array-
based UV photoconductive sensors (i.e., as-grown, oxygen-
annealed, air-annealed, and vacuum-annealed Al-doped
ZnO nanorod arrays), the undoped ZnO nanorod-array-
based device shows the lowest photocurrent and responsivity
values. From this result, it can be shown that the doped Al
improved the photocurrent and responsivity of the devices
by increasing the carrier concentration of the nanorod arrays.
When ZnO is doped with Al, the Al3+ ions substitute the

Zn2+ ions in their sites in ZnO lattice to generate free
electron in the process [8, 54, 55]. This condition increases
the carrier concentration of the nanorod arrays and thus,
improves the photocurrent and responsivity values of the
Al-doped ZnO nanorod-array-based UV photoconductive
sensors. Moreover, this phenomenon could also attributed
to the higher surface to volume ratio of Al-doped ZnO
nanorod-arrays compared to the undoped ZnO, which is
contributed by smaller size of the Al-doped ZnO nanorod
as can be observed in the FESEM and TEM images in
Figures 12 and 13, respectively. Besides that, the doped Al
was also reported to increase the stability and performance
of the UV photoconductive sensor by decreasing the defect
incident in ZnO such as Zn interstitials and oxygen vacancies
[8, 56]. On the other hand, the sensitivity value of the
undoped ZnO nanorod array-based UV photoconductive
sensor was greater than that of the as-grown and vacuum-
annealed Al-doped ZnO nanorod array-based devices but
lower than that of air-annealed and oxygen-annealed Al-
doped ZnO nanorod array-based UV photoconductive sen-
sor. We believed that this condition is mainly attributed to
the low dark current value of the undoped ZnO nanorod
array-based UV photoconductive sensor, which increases
the sensitivity value compared to that of the as-grown
and vacuum-annealed Al-doped ZnO nanorod array-based
devices. However, the undoped ZnO nanorod arrays lack free
electron, which lower the photocurrent value of the device.
As a result, the sensitivity of the undoped ZnO nanorod
array-based UV photoconductive sensor is lower than that
of the air-annealed and oxygen-annealed Al-doped ZnO
nanorod array-based UV photoconductive sensors.

In comparison with our previous study, the Al-doped
ZnO nanorod arrays show better UV sensing than that
of the ZnO nanoparticle thin film especially in term of
photocurrent and responsivity. The ZnO nanoparticles used
in UV photoconductive sensors tend to exhibit sluggish
photoresponses; this is likely the result of grain boundary
effects and the presence of surface defects, which reduce the
carrier mobility and increase carrier scattering within the
thin film [49, 55, 57, 58]. The use of the nanorod arrays
enhanced the UV photoconductive sensor performance due
to their high mobility and high surface-to-volume ratio. Bera
et al. emphasised that the UV photoconductivity of ZnO
is strongly related to the surface reaction processes; thus,
the high surface-to-volume ratios in the one-dimensional
(1D) nanostructure (i.e., nanorod) enhance the sensitivity of
the sensor beyond that of the ZnO nanoparticle thin film
[13]. According to Soci et al., 1D structures have several
advantages over bulk or thin films in UV sensor applications,
including light scattering enhancements that reduce optical
losses, improved light absorption, high photosensitivity
due to the high gain, and the possibility to integrate
functionalities within single 1D devices [59]. The prolonged
photocarrier lifetime, which is due to charge separation
promoted by surface states, and the reduction in carrier
transit time, which can be achieved in high-quality, low-
defect ZnO nanorods together with small gaps in the metal
contacts, both contribute to the high gain in nanorod-based
devices [59, 60].
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4. Conclusions

UV photoconductive sensors were successfully fabricated
using Al-doped ZnO nanorod arrays that were annealed
at 500◦C in different environments. The nanorod arrays
were prepared on seed-layer-coated glass substrates using
sonicated sol-gel immersion. FESEM images reveal that the
deposited nanorods have an average diameter of 60 nm with
a thickness of approximately 600 nm including the seed layer.
Interestingly, after annealing in different environments (i.e.,
oxygen, air, and vacuum), the morphology and thickness
of the nanorod arrays remain almost unchanged. The XRD
patterns indicate that the as-grown and annealed nanorod
arrays have a prominent peak for the (002) orientation,
with the oxygen-annealed nanorod arrays presenting the
highest peak intensity, followed by the air-annealed, vacuum-
annealed and as-grown nanorod arrays. For the vacuum-
annealed nanorod arrays, the XRD measurement detected
the appearance of Zn peaks, which indicates that the nanorod
arrays are rich in Zn interstitial defects. The prepared
nanorod arrays also show high transmittance properties in
the visible region with an average transmittance of over
72%. According to the PL measurement spectra, the vacuum-
annealed nanorod arrays have the highest UV emission peak
intensity compared to the other samples. However, the air-
annealed nanorod arrays show slightly lower UV emission
peak intensity than those of the vacuum-annealed nanorod
arrays, whereas for the oxygen-annealed nanorod arrays,
the UV emission peak intensity is lower than that of the
air-annealed arrays but higher than that of the as-grown
nanorod arrays. Notably, we also observed that the oxygen-
annealed nanorod arrays have visible emission that is centred
at 630 nm, at which the intensity was almost similar with the
UV emission. This visible emission was correlated with oxy-
gen interstitials or adsorbed oxygen on the nanorod surface.
The I-V measurement spectra show that oxygen-annealed
nanorod arrays have higher resistance values than the other
samples, which was due to oxygen adsorption on the
nanorod surface. In contrast, the vacuum-annealed nanorod
arrays have low resistance values, which is due to the high
concentration of Zn interstitials. The photocurrent measure-
ment spectra indicate that the vacuum-annealed nanorod
arrays exhibit the highest photocurrent, followed by the air-
annealed, oxygen-annealed, and as-grown nanorod arrays.
However, the oxygen-annealed nanorod-array-based UV
photoconductive sensor shows the highest sensitivity value
of 55.6. This result was due to the significant reduction
of the dark current and suitable surface conditions of the
nanorod arrays, which facilitates fast oxygen adsorption
and desorption processes. In addition, the oxygen-annealed
nanorod arrays also show lower rise and decay time constants
compared to the other samples.
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The synthesis, identification, and H2 storage of multiwalled carbon nanotubes (MWCNTs) have been investigated in the present
work. MWCNTs were produced from the catalytic-assembly solvent (benzene)-thermal (solvothermal) route. Reduction of C6Cl6

with metallic potassium was carried out in the presence of Co/Ni catalyst precursors at 503–623 K for 12 h. XRD patterns indicated
that the abstraction of Cl from hexachlorobenzene and the formation of KCl precipitates were involved in the early stage of the
synthesis process of MWCNTs. This result offers further explanation for the formation of MWCNT structure and yield using the
solvothermal route depending on the Co/Ni catalyst precursors. The diameter of MWCNTs ranged between 30 and 100 nm and the
H2 storage capacity of MWCNTs improved when 2.7–3.8 wt% Pd or NaAlH4 were doped. The XANES/EXAFS spectra revealed that
the Co/Ni catalyst precursors of the MWCNT synthesis were in metallic form and Pd atoms possessed a Pd–Pd bond distance of
2.78 Å with a coordination number of 9.08. Ti-NaAlH4 or Pd nanoparticles were dispersed on MWCNTs and facilitated to improve
the H2 storage capacity significantly with the surface modification process.

1. Introduction

Carbon nanotubes (CNTs) have been predicted to possess
novel mechanical and unique electrical properties due to
their regular, periodic structure and quantum size [1–4].
The applications for CNTs have enormous potentials such as
novel nanoscale electronic devices, tips for scanning probe
microscopy, hydrogen storage media, reinforcing materials
for carbon matrix composites, and catalyst supports [3–
5]. MWCNTs have earned intensive interest in the past
decade because of their role in the emerging environmental
and energy-related applications. The synthesis of metal-
catalyzed CNTs has been pursued by a variety of methods
that included chemical vapor deposition (CVD), laser, or arc
process [6–12]. However, these methods are associated with
the formation of many undesired by products and low yields,
and many other separation challenges [13–17]. In addition,
neither method is readily scalable for bulk commercial pro-
duction [18–20]. Conversely, a low-cost, mass-producible,
effective, and novel benzene-solvothermal route that involves
the reduction of hexachlorobenzene (C6Cl6) by metallic
potassium (K) in the presence of Co/Ni catalyst precursors

has been conducted in the present work [7, 9]. However,
the valency and fine structure of Co and Ni atoms also
have not been well studied for the formation of CNTs. The
concurrence of Co/Ni metal nanoparticles nucleation leads
to create a complex transient chemical environment and thus
makes it difficult to study the inception and growth process
of CNTs [7, 9]. The CoCl2

• and NiCl2
• mixtures are reduced

to Co/Ni catalyzed particles by metallic potassium (K), while
C6Cl6 is also reduced by K through deleting chloride to form
carbon clusters and KCl salts. Once the nucleation of CNTs
from freshly reduced Co/Ni metal particles has finished, the
hexagonal carbon clusters diffuse to the growth sites through
constant surface diffusion, then assemble into CNTs and
cause the axial growth [7, 9]. In addition, CNTs are known
to possess significant catalytic activity via the π and σ bonds
with sp2 hybridization state and that affects the potential
ability for hydrogen adsorption [21, 22].

Complex metal hydrides, with the form ABH4 (where
A is one of the alkali metals and B is a group III atom),
have been widely studied in solution as proton acceptors for
their ability to enhance H2 adsorption [23–30]. From some
literature and reports, the increasing interest in NaAlH4 as
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Table 1: Comparison of literatures and the present work on the hydrogen adsorption capacity of Ti-doped NaAlH4 or Ti-NaAlH4-doped
CNTs composites.

Samples Adsorption conditions H2 adsorption capacity (wt%)

NaAlH4 + 3 mol% Ti + 1 mol% Fe [29] 473 K and 1 atm 4.3

NaAlH4 + 4 mol% Ti [25] 423 K and 1 atm 3.5

NaAlH4 + 2 mol% Ti + 5 wt% Al + 10 wt% MWCNTs (SWCNTs) [54] 473 K and 1 atm 3.9 (4.2)

NaAlH4 + 8 mol% MWCNTs [31] 433 K and 1 atm 4.2

TiO2-doped MWCNTs [51] 298 K and 18 atm 0.4

Ti-coated SWCNTs [55] (first-principle total-energy calculations) 200–900 K and 1 atm 5.0–8.0

4 wt% Ti-NaAlH4 + 5 wt% MWCNTs (this work) 425 K and 30 atm 3.8

a potential hydrogen storage material is arisen, particularly
for being admixed with nonmetallic, lightweight, and high-
surface-area CNTs [31–33]. Similarly, an alternative way of
increasing the hydrogen adsorption capacities of MWCNTs is
loading them with transition metals. Enormous progress has
been made towards the development of metal-doped CNTs
(Li, Ni, Pd, Fe, Pb, Pt, Al, Ti, V, or La) as a hydrogen gas
storage material [34–51]. Nanoporous MWCNTs consisting
of small transition metallic nanoparticles are exposed to the
vicinity of pore volume and surface area and that can be a
major concern for hydrogen storage abilities [19, 20, 23, 35,
41, 45, 46, 52, 53]. Additionally, Pd, Pt, or V nanoparticle
dispersions onto MWCNTs lead to hydrogen loadings up
to 0.5 wt% [34, 36, 38–45, 47, 53, 54]. Rather et al. [46]
reported that the hydrogen adsorption of Pd-embedded
CNTs possesses a maximum reversible hydrogen storage
capacity of 0.18 wt% at 298 K and 1.6 MPa, which is nearly
twice the storage capacity of pristine CNTs. According to
Gundiah et al. [37] Pd-loaded MWCNTs showed enhanced
hydrogen absorption kinetics on the storage system even
though maximum adsorption was obtained of only 3.7 wt%
at 300 K. Yildirim and Ciraci [55] have reported that a single
Ti atom adsorbed on single-walled CNTs can strongly bind
to up to four hydrogen molecules using a computational
study. In other words, single-walled CNTs decorated with
Ti can strongly adsorb up to 8 wt% hydrogen. In addition,
such available metals are recognized to play a role in the
dissociation of hydrogen, followed by atomic hydrogen
spillover, and finally adsorption onto MWCNTs. Using
MWCNTs decorated by nanophase metal particles seems to
be a promising method to improve hydrogen adsorption
abilities. Based on the above principles, comparison of
literature or reports on Pd or Ti-loaded MWCNTs and
NaAlH4 composites is summarized in Table 1.

The XANES/EXAFS spectroscopy can be used to investi-
gate the valency and fine structures of the complex metals
(e.g., Ni, Co, Ti, or Pd) in as-synthesized MWCNTs. The
XANES/EXAFS spectra offer a basic understanding of the
oxidation states and fine structure of the metal-loaded
MWCNTs for the characteristic nature of hydrogen adsorp-
tion. The XANES/EXAFS spectroscopy is also an excellent
technique for characterizing the valency and local structure
of Pd/Co/Ni metals in catalysts with short-range order [37,
56–58]. Thus, the main objective of the present study is
to investigate the fine structure, oxidation states, or surface

chemical modification of MWCNTs and Pd/Co/Ni atoms
dispersed in the catalyst using HR-TEM, XRD, FE-SEM/EDS,
and XANES/EXAFS spectroscopy. In addition, the adsorptive
H2 storage capacity of as-synthesized MWCNTs, improved
by adding Pd or Ti-NaAlH4, was also studied using a high-
pressure microgravimetric balance.

2. Experimental

2.1. Starting Materials for MWCNTs Synthesis. The MWC-
NTs synthesis was conducted in a batch system. Benzene
(100 mL) was placed into a 250 mL PTFE-lined 316 austenitic
stainless steel autoclave. Then 15.0 g C6Cl6 and 20.0 g metal-
lic potassium (K) were added under an argon-flowing glove
box in order to prevent the metallic potassium species
from oxidation. Subsequently, 70–80% of the volume of the
autoclave was filled with 15 mL of benzene and 700 mg of
catalyst precursors. The catalyst precursor was prepared by
dissolving 1.0 g of CoCl2·6H2O and NiCl2·6H2O mixture
(mole ratio Co/Ni = 1) in 100 mL of absolute ethanol,
followed by drying at 353 K and calcining at 423 K in flowing
air. All the chemicals used were high-purity (ACS grade).
The sealed autoclave was heated in the furnace at 503–
623 K for 8–12 h, and then cooled to room temperature. The
obtained samples were repeatedly and sequentially washed
and filtrated with absolute ethanol, dilute acid, and deionized
double-distilled water to remove the residual impurities,
such as chlorides and the remaining catalyst, by using the
ultrasonic method. The liquid residues were also further
dried overnight to form KCl salt powders. Finally, the
samples were vacuum-dried at 343–353 K for 6–10 h.

2.2. Surface Modification/Functionalization and Metals Dop-
ing. The surface modification process of as-synthesized
MWCNTs was conducted by using a concentrated solution
of H2SO4/HNO3 (ratio = 3) reflux for 1 h at 393 K. The
MWCNTs with a surface modification have lots of COOH,
OH, or NO2 functional groups that possibly enhance the
hydrogen adsorption abilities. Moreover, the well-dispersed
surface-modified 5 wt% Pd-doped MWCNTs were prepared
by adding MWCNTs into PdCl2(aq) for well dispersion
or impregnation and dried in alcohol solution at 323 K.
Finally, the PdO/MWCNTs were reduced to form the active
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Pd/MWCNTs with flowing hydrogen gases at 393–433 K for
6 h for the further measurement of hydrogen adsorption.

The two samples of 95 wt% Ti-NaAlH4 (4 wt% Ti) +
5 wt% MWCNTs and 95 wt% NaAlH4 + 5 wt% MWCNTs
were mechanically admixed for the period of 30 min at mill-
ing speeds of 5,500 rpm under argon atmosphere by using a
SPEX 8000 ball mill, respectively. A hardened steel crucible
and six steel balls 12 mm in diameter were used for the
milling. The ball to powder weight ratio was 12.5 : 1. The
samples were then used for hydrogen adsorption capacity test
and the microstructure characterization.

2.3. Hydrogen Adsorption Capacity Measurement. Dihydro-
gen isotherms were measured gravimetrically at different
temperatures using a method previously described by Li
et al. [59]. A Cahn Thermax 500 microgravimetric balance
with a sensitivity of 1 g was used to measure the changes in
mass of MWCNT samples suspended within a glass enclosure
under a certain atmosphere. A pressure sensor, with a range
of 0 to 68 atm and sensitivity of 0.011 atm (at 1,000◦C),
was used to measure the hydrogen pressure in the chamber.
MWCNT samples were outgassed overnight until a constant
mass was attained; these varied from 0.2 to 2.0 g. Prior
to admittance of the analyte gas, the entire chamber and
manifold were evacuated overnight. The system was purged
at room temperature three times with the analyte gas and
gases were passed through a molecular sieve trap immersed
in liquid nitrogen to remove any condensable impurities and
a two-step liquid nitrogen trap system was also conducted
for the complete removal of moisture content in the
flowing hydrogen gas (>99.999%, of high purity) before
being exposed to the samples. Pressures were measured
with the range covering 1 to 30 atm. Hydrogen was added
incrementally, and data points were recorded when no
further change in mass was observed. The dynamic and
equilibrium hydrogen adsorption data were also taken at
room temperature (298 K) to 425 K and different pressures.
The adsorbed amount of hydrogen was calculated after the
buoyancy correction. For the buoyancy correction [60, 61],
the volume of the sample container and the samples were
determined using a helium measurement assuming that
helium adsorption at room temperature can be neglected.

2.4. Characterization and Identification. The average Co/Ni
metal contents in the catalyst precursor were evaluated by
atomic absorption spectroscopy (AAS, GBC model 908) and
induced coupled plasma/mass spectroscopy (ICP/MS, ELAN
model 5000). Each calibration curve was generated with
its corresponding standard metal solution at ten different
concentrations and that generated the expected Co/Ni metal
concentrations in the catalyst. Then the concentration of
Co/Ni in the catalyst precursor was calculated. The mor-
phologies of the samples were observed with Zeiss 10C
transmission electron microscope (TEM) at 200 kV, and the
microstructures of MWCNTs were measured with a JEOL
2010 high-resolution transmission electron microscope (HR-
TEM) also at 200 kV. Samples for the electron microscope
were prepared by 1 h ultrasonic dispersion of 0.2 g of product
with 50 mL of absolute ethanol in a 100 mL conical flask.

Then a drop of the solution was placed on a copper microgrid
or carbon film and dried in air before observation. Further
elemental microstructures of the MWCNTs were determined
by FE-SEM/EDS (Hitachi, S-4700 Type II) with a resolution
of 0.1 nm. Structures of the MWCNTs or Co/Ni precursors
samples were measured by X-ray powder diffraction (XRD)
scanned from 10 to 90◦(2θ) with a scan rate of 4◦(2θ)
min−1 with monochromatic CuKα radiation (MAC Science,
MXP18) at 30 kV and 20 mA. The specific peak intensities
and 2θ values recorded can be further identified by a
computer database system (JCPDS). The surface area of
the MWCNTs was measured by BET (Brunauer-Emmett-
Teller) nitrogen adsorption (Micromeritics ASAP 2010
Instrument). For the BET surface area measurements, the
catalyst was scraped from the tube substrate and powdered
so as to avoid any influence from the steel tube. Prior to
measurement, all samples were degassed at 423 K for 1 h.
For the calculation of the BET surface areas, the relative
pressure range P/P0 of 0.05 to 0.2 was used. The pore radius
distribution was determined by the Barrett, Joyner, and
Halenda (BJH) method.

2.5. XANES/EXAFS Measurement. The XANES/EXAFS
spectra were collected at 01C1 and the Wiggler 17C1
beamlines at the National Synchrotron Radiation Research
Center (NSRRC) of Taiwan. The electron storage ring
was operated with energy of 1.5 GeV and a current of
100–200 mA. A Si(111) DCM was used for providing highly
monochromatized photon beams with energies of 1 to
15 keV and resolving power (E/ΔE) of up to 7,000. Data were
collected in fluorescence or transmission mode with a Lytle
ionization detector [62] for Pd (26,711 eV), Co (7,709 eV),
and Ni (8,333 eV) K-edge experiments at room temperature.
The photon energy was calibrated by characteristic preedge
peaks in the absorption spectra of Pd, Co, and Ni foil
standards. The raw absorption data in the region of 50 to
200 eV below the edge position were fit to a straight line
using the least-square algorithms [37, 46, 62]. The XANES
extends to energy of the order of 50 eV above the edge. The
EXAFS function was derived from the raw absorption data
through the pre- and post-edge background subtraction and
then normalized with respect to the edge jump by using the
program package AUTOBK. The k2- or k3-weighted and
EXAFS spectra were Fourier transformed to R space over the

range between 2.5 and 12.5 Å
−1

. Local structural parameters
such as the bond distance R, coordination number N , and
Debye-Waller factor σ , for different coordination shells
surrounding the absorbing atoms, were obtained through
nonlinear least-square fitting routine. The EXAFS data
were analyzed using the UWXAFS 3.0 program and FEFF
8.20 codes based on the crystallographic data of individual
species [37, 56–58].

3. Results and Discussion

The MWCNTs were synthesized by Co/Ni catalyst precursors
with metallic K and then doping of palladium on the
surface was investigated to understand the morphological
behaviors. The HR-TEM micrographs shown in Figure 1
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Figure 1: HR-TEM images of (a, b) well-dispersed Pd nanoparticles on the MWCNTs surfaces and (c, d) irregular-shaped of MWCNTs
synthesized by Co/Ni catalyst precursors with metallic K at T = 503–623 K for 12 h.

were used to investigate the crystallinity and microstructures
of the as-synthesized MWCNTs. As shown in Figure 1,
the MWCNTs have an irregularly shaped structure with an
average length of 1–500 nm. Additionally, the inner and outer
average diameters of the MWCNTs are around 20–40 and 45–
100 nm, respectively, and clearly visible in Figures 1(b)–1(d).
The inner tube is subdivided by a single or multigraphite
layer, which is formed by the surface diffusion of carbon
cluster on the larger Co/Ni catalytic nanoparticles [17, 46].
In addition, palladium metals are uniformly distributed
throughout the surface of MWCNTs (Figures 1(a)-1(b)),
thus leading to the formation of the metallic particles
consisting of 5 to 10 nm and representing the porous cavities
[17, 52]. The MWCNTs were attained with irregular shapes
and shown in Figures 1(b)–1(d).

Pretreatment of MWCNTs was carried out with acid or
ultrasonic purification and led to forming typically open
ended nonamorphous carbon coating [52]. According to the
energy dispersive spectrometer (EDS) analysis (Figure 2(a)),
the K species are present in microcrystalline MWCNTs syn-
thesized by Co/Ni catalyst precursors. Figure 2(b) revealed

that KCl solid residues were formed in the MWCNTs washing
liquids after drying overnight. Therefore, the postulated
equation and reaction mechanism of the MWCNTs synthesis
may be described as follow:

nC6Cl6 + nK −→ 6nKCl + polyaromatic hydrocarbons

(+ benzene at 503–623 K)

−→ MWCNTs (+ Co/Ni for 8–12 h).

(1)

The structure of the MWCNTs compound was confirmed
by structural refinement of X-ray diffraction patterns shown
in Figure 3. The intensive peaks appearing at small 2θ
angles are characteristics of porous materials which possess
numerous pores or cavities. In Figure 3, the XRD patterns
indicate that the abstraction of Cl from hexachlorobenzene
and the formation of KCl precipitates were involved in the
early stage of the synthesis process of MWCNTs. Most of the
KCl from the MWCNTs sample can be removed by washing
with D.I. water (Figures 3(b) and 3(c)). KCl was the main
component and over 95% of K+ cations were transformed
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Figure 2: FE-SEM/EDS measurement of (a) the surface of MWCNTs synthesized using Co/Ni catalyst precursors with metallic K at T =
503–623 K for 12 h and (b) KCl solid residues formed after drying overnight in the washing liquids of MWCNTs purification process.
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Figure 3: XRD patterns of (a) KCl standard, (b) unwashed
MWCNTs with KCl crystals, and (c) washed MWCNTs with KCl
contaminants synthesized by Co/Ni catalyst precursors at T = 503–
623 K for 12 h.

into KCl in the synthesis process of the MWCNTs using
Co/Ni catalyst precursors at T = 503–623 K for 8–12 h.

Furthermore, the XRD patterns of Pd and Ti-NaAlH4-
doped MWCNTs indicate that the metallic particles have a
crystalline structure (Figure 4) and therefore could enhance
the surface area with their higher roughness as well as
hydrogen-adsorption ability of the MWCNTs. According to
FE-SEM, the dispersion of metallic Pd on the surface of
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Figure 4: XRD patterns of (a) 5 wt% Pd-doped and (b) 4 wt% Ti-
NaAlH4-doped MWCNTs synthesized by Co/Ni catalyst precursors
at T = 503–623 K for 12 h.

MWCNTs apparently facilitated similar consequences. The
XRD patterns of Pd (Figure 4(a)) exhibit characteristic sharp
peaks at 2θ = 40.12 and 46.77◦, which are consistent with
5–10 nm particle size. As shown in Figure 4(b), the peak
at 2θ = 26.3◦ of Ti-NaAlH4-doped sample also indicates
that the largely crystalline structure attributes the particle
size as 80–120 nm [28, 51, 55, 63]. This particle size was
roughly calculated using Scherrer’s equation (with Warren’s
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Table 2: Fine structural parameters of Ni, Co, Pd or PdCl2 powder standard, catalyst precursor residues, and non-surface- or surface-
modified 5 wt% MWCNTs with hydrogen reduction analyzed using EXAFS technique.

Samples Shell CNa (±0.05) Rb (±0.05 Å) σ2 (Å2)c

Nickel powder standard Ni–Ni 3.01 2.43 0.0087

Catalyst precursor residue (Ni) Ni–Ni 2.92 2.48 0.0058

Cobalt powder standard Co–Co 6.02 2.45 0.0046

Catalyst precursor residue (Co) Co–Co 5.96 2.49 0.0067

Pd powder standard Pd–Pd 9.21 2.76 0.0058

PdCl2 powder standard Pd–Cl 2.13 2.25 0.0042

NHR 5 wt% Pd-doped MWCNTsd Pd–Pd 8.98 2.80 0.0112

HR 5 wt% Pd-doped MWCNTse Pd–Pd 9.08 2.78 0.0093
a
CN denotes “coordination number”;

bR denotes “bond distance”;
cσ denotes “Debye-Waller factor”;
dNHR 5 wt% Pd-doped MWCNTs denotes “as-synthesized non-surface-modified 5 wt% multiwalled carbon nanotubes reduced at 453 K under flowing
hydrogen gas for 6 h”;
eHR 5 wt% Pd-doped MWCNTs denotes “as-synthesized surface-modified 5 wt% multiwalled carbon nanotubes reduced at 453 K under flowing hydrogen
gas for 6 h”.

correction for instrumental broadening) applied at half the
height of the maximum intensity diffraction peak.

Generally, the XANES/EXAFS spectroscopy can provide
the information on the atomic arrangement of sorbents in
terms of bond distance, coordination number, and kind of
neighbors. Since the valency and fine structures of Co and
Ni atoms used as the catalyzer precursor of the MWCNTs
formation have not been well studied, XANES and EXAFS
spectra may determine the catalytic redox mechanisms for
the growth of MWCNTs. By using XANES spectra, all
metallic Co or Ni species of the solid residues were found
in the MWCNTs as shown in Figure 5(a). XANES or EXAFS
data indicate that in the presence of metallic potassium the
chlorides of Co and Ni were reduced to Co/Ni catalyst par-
ticles. Simultaneously, hexachlorobenzene was also reduced
by potassium through releasing chlorides to form carbon
clusters and KCl.

A high reliability of the EXAFS data fitting for Pd species
in MWCNTs was obtained. The data were collected several
times and standard deviation also calculated from the aver-
age spectra. Fourier transformation (FT) was performed on

k2- or k3-weighted oscillations over the range of 2.2–10 Å
−1

.
The radial structure function derived from the FT is shown in
Figure 5(b) and Table 2. The EXAFS data of Co/Ni precursor
residues revealed that the nanophase metallic Co or Ni
particles had a central Co (or Ni) atom with a coordination
number of 2.92±0.05 (or 5.96±0.05) and a primarily Co–Co
bond distance of 2.49 ± 0.05 Å (or 2.48 ± 0.05 Å). The coor-
dination number for Pd powder is 9.21 ± 0.05 with a Pd–Cl
bond distance of 2.13± 0.05 Å. Moreover, Pd-doped surface-
modified and nonmodified MWCNTs have the coordination
numbers of 9.08 and 8.98± 0.05, respectively.

Hydrogen reduction occurs with the palladium par-
ticles on the central atom. These results obtained from
XANES/EXAFS may offer further explanation of the yield
and structure of MWCNTs formed using catalytic-assembly
benzene-solvothermal route. However, the results combined
with HR-TEM images (Figures 1(a) and 1(b)) may indi-
cate that the Co/Ni metal particles are responsible for

the nucleation of the MWCNTs growth and belongs with
some bending structures at close ends of the tubes. The
concurrence of nucleation of the Co/Ni metal nanoparticles
and MWCNTs growth within a reactive hydrocarbon atmo-
sphere (e.g., benzene) create a complex transient chemical
environment, making it difficult to study the inception and
growth processes in MWCNTs synthesis.

Nonspecific physical adsorption of the nonmodified and
5 wt% Pd-doped MWCNTs was carried out to measure
the total surface area and pore size distribution as shown
in Figure 6. The surface area and total pore volume were
calculated according to the adsorption data summarized
in Table 3. A large surface area was generally observed
for Pd-doped MWCNTs with the surface-modified pro-
cesses. Most of the microcrystalline structures of Pd on
the MWCNTs were confirmed from the HR-TEM analysis
(Figure 1) and that was helpful to increase the surface
area and hydrogen adsorption capacity. The adsorption-
desorption isotherms exhibit a hysteresis behavior, indicating
that the specimens were mainly mesoporous. Also, the type
IV hysteresis isotherm was obtained and is represented in
Figure 6. The adsorption hysteresis was observed in the
region of a relative pressure P/P0 above 0.8. A comparison
between the shapes of the two isotherms in the pressure
range of P/P0 0–0.9 (Figures 6(a) and 6(b)) reveals a
more pronounced hysteresis in the Pd-doped MWCNTs
belonging with the surface modification. In addition, BET
N2 adsorption for MWCNTs and Pd-doped MWCNTs were
79.4 and 114.2 m2 g−1 and pore volumes were 0.18 and
0.32 cm3 g−1, respectively. It also indicated that the resulting
factor of surface enhancement depended on the surface
modification of the Pd on the MWCNTs.

These results caused by the dispersion of the Pd on
the MWCNTs surface were due to the surface modification
using a concentrated solution of H2SO4/HNO3 (ratio = 3)
reflux for 1 h at 393 K. In general, microporosity of the
MWCNTs exposed with the increase of hydrogen reduction
at 453 K under flowing hydrogen gas for 6 h. According to
Table 3, the BET surface area was increased notably with
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Figure 5: (a) XANES of Co/Ni precursor residue samples (solid lines) compared with Co(0, II), Ni(0, II), or Pd(0, II) standards and (b)
Fourier transform (FT) of the metallic Co, Ni, or Pd K-edge EXAFS of the MWCNTs synthesized using Co/Ni catalyst precursors at T =
603 K for 8–12 h. The best fitting of EXAFS spectra are expressed by the dotted and circled lines.

hydrogen reduction on the nonmodified and 5 wt% Pd-
doped MWCNTs and was observed as 89.4 and 128.6 m2 g−1,
where as the pore volumes were 0.24 and 0.84 cm3 g−1,
respectively. Specific BET surface area of Pd-doped MWCNT

sample started to increase due to the exposure of the
nanophase Pd particles loaded on the surface of MWCNTs to
hydrogen reduction, which might induce the microporosity
and perfections in the carbon structures.
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Figure 6: (a) Nitrogen adsorption/desorption isotherms of non-surface-modified 5 wt% Pd-doped MWCNTs and (b) surface-modified
5 wt% Pd-doped MWCNTs, and (c) pore size distributions of non- and surface-modified 5 wt% Pd-doped MWCNTs samples.

Table 3: Specific BET surface area and total pore volumes of nonsurface- or surface-modified MWCNTs and 5 wt% Pd-doped MWCNTs
using H2SO4/HNO3 (ratio = 3) reflux for 1 h at 393 K.

Samples BET surface area (m2 g−1) Total pore volume (cm3 g−1)

Non-surface-modified MWCNTs 79.4 0.18

Surface-modified MWCNTs 114.2 0.32

NHR 5 wt% Pd-doped MWCNTsa 89.4 0.24

HR 5 wt% Pd-doped MWCNTsb 128.6 0.38
a
NHR 5 wt% Pd-doped MWCNTs denotes “as-synthesized non-surface-modified 5 wt% multiwalled carbon nanotubes reduced at 453 K under flowing

hydrogen gas for 6 h”.
bHR 5 wt% Pd-doped MWCNTs denotes “as-synthesized surface-modified 5 wt% multiwalled carbon nanotubes reduced at 453 K under flowing hydrogen
gas for 6 h”.
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The intensive peak of the Pd(0) K-edge region around
24,368 eV and the stronger 24,392 eV quantify the transition
metals of Pd on the surface of MWCNTs and occurred due to
the orbital 3d→ 5s or 4p hybridization caused by unoccupied
d bands as shown in Figures 7(a)–7(e) [53, 56, 64]. Therefore,
the absorption was intensive at 3d→ 5s or 4p hybridization.
The p-like density of states was notably enhanced and the
absorption could increase like the second absorption peak
in the XANES spectra of the Pd standards (Figure 7(a)). In
addition, compared with the absorption cross section of the
Pd standard, it might be extensively increased because of
the 3d→ 4p hybridization of Pd(II) [8, 53, 56]. By using the
EXAFS spectra shown in Figure 8, the Pd clusters possessed
a Pd–Pd bond distance of 2.76 ± 0.05 Å with a coordination
number around 9 and the PdCl2 species had a Pd–Cl bond
distance of 2.25 ± 0.05 Å with a coordination number of
2 [53, 64]. In the EXAFS data analyzed, the Debye-Waller

factors (Δσ2) were less than 0.015 (Å
2
) indicating that the

center Pd atoms were the coordinated by Pd–Pd bonding
confirmatively. The apparent shortening of the bond distance
with coordination number probably was caused by the
random motion of surface atoms on the small Pd particles
and that posed to increase the surface area of the Pd-doped
MWCNT samples. Furthermore, this result also revealed that
the Pd nanoparticles were well dispersed on the surface of the
MWCNTs, which improved the amount of hydrogen storage
efficiency significantly.

The unique adsorptive properties of carbon nanotubes
suggest enormous potential applications for the fuel cell
power generation systems. Laboratory-scale experiments
were carried out to provide information concerning the
feasibility for H2 storage ability of MWCNTs, and to deter-
mine if further developments would be warranted. The
chemical modification of MWCNTs surfaces was done for
the hydrogen adsorption capacity enhancement using a
concentrated solution of H2SO4/HNO3 method. In order to
know more detail about the hydrogen adsorption behavior
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Figure 8: Fourier transform (FT) spectra of (a) Pd powder
standard, (b) non-surface-modified 5 wt% Pd-doped MWCNTs
after H2 reduction at 433 K for 6 h, (c) fresh non-surface-modified
5 wt% Pd-doped MWCNTs, (d) surface-modified 5 wt% Pd-doped
MWCNTs after H2 reduction at 433 K for 6 h, and (e) fresh surface-
modified 5 wt% Pd-doped MWCNTs. The best fitting of the EXAFS
spectra are expressed by the circle lines.
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Figure 9: Hydrogen adsorption curves of (a) 4 wt% Ti-NaAlH4 +
5 wt% MWCNTs (at 425 K), (b) NaAlH4 + 5 wt% MWCNTs
(at 425 K), (c) 5 wt% Pd-doped MWCNTs (at 298 K), and (d)
MWCNTs (at 298 K). The adsorption pressures of as-synthesized
hydrogen storage materials of MWCNTs were ranged of 1–30 atm.

and the efficiency of Pd-doped MWCNTs, the hydrogen
adsorption was carried out and represented in Figure 9. The
fine particle size and the crystalline structure of the Pd-doped
MWCNTs are responsible for higher sorption of H2 as shown
in Figure 9(c), compared with the as-synthesized MWCNTs
without metal doping shown in Figure 9(d). In addition,
antidispersive force and the expected specific interaction
with Pd sites also played an important role in case of the Pd-
doped MWCNTs [46, 53]. The addition of Pd or Ti-NaAlH4

nanoparticles increased the amount of hydrogen adsorption
on the surface of MWCNTs.



10 Journal of Nanomaterials

The hydrogen storage capacity of MWCNTs improved by
doping of Pd or Ti-NaAlH4 of about 2.7–3.8 wt% measured
at 30 atm and 298 to 425 K which makes it more feasible
to apply into the fuel cell power generation system [46,
53]. Experimentally, the hydrogen adsorption selectivity
of Pd or Ti-NaAlH4-doped MWCNTs was increased due
to the dispersion of the Pd or Ti-NaAlH4 nanomaterial,
respectively. The surface roughness and abundance of metal-
lic dispersion on the MWCNTs surface helped to increase
the hydrogen adsorption performance. This result was also
followed through the EXAFS analysis that surface atoms of
the Pd nanoparticles exhibited random motion and posed to
enhance the hydrogen adsorption behavior.

4. Conclusions

The potential synthesis route of MWCNTs with catalytic
hexachlorobenzene in the presence of Co/Ni catalyst precur-
sors at 503–623 K for 12 h was investigated. The identified
characteristics of as-synthesized or metallic doped MWCNTs
as well as H2 storage capacity for the fuel cell application
were also studied. TEM micrographs show that the MWCNTs
have a bamboo-like structure with an average length of 1–
500 nm. The inner and outer diameters of MWCNTs were
20 and 45 nm in average, respectively. The XRD patterns
indicated that the abstraction of Cl from hexachlorobenzene
and the formation of the KCl precipitate were involved in
the early stage of the synthesis process of MWCNTs. XANES
spectra showed that the Co/Ni catalyst precursors of the
MWCNTs were all metallic Co or Ni species. Furthermore,
the EXAFS spectra of Co/Ni precursor residues revealed that
the metallic Co or Ni nanoparticles have a central Co (or
Ni) atom with a coordination number of 2.92 ± 0.05 (or
5.96±0.05) and with a Co–Co bond distance of 2.49±0.05 Å
(or 2.48 ± 0.05 Å). In addition, Pd or PdCl2 possessed a
Pd–Pd or Pd–Cl bond distance as 2.76 or 2.25 Å with a
coordination number of around 9 or 2, respectively. The
capacity of H2 storage of the MWCNTs improved by Pd or
Ti-NaAlH4 was ranged of 2.7–3.8 wt%. This result revealed
that the Ti-NaAlH4-dopant or Pd nanoparticles were well
dispersed on MWCNTs and that improved the H2 storage
capacity significantly. Moreover, surface-modified or Pd-
and Ti-NaAlH4-doped MWCNTs are some of the potential
hydrogen adsorption materials. The safe storage of high
purity hydrogen fed to the proton exchange membrane fuel
cells (PEMFC) stack for power generation makes surface-
modified MWCNTs utilization systems economically and
environmentally attractive.
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Vertically aligned ZnO nanorods were grown at 700◦C for 2 h on sapphire substrates with catalysts in bilayer configurations of
Sn (top)/Ni (bottom) and Sn/In, where the top layer is formed by sputtering and the bottom one is deposited by spin coating.
The effects of bilayer catalysts on growth kinetics of nucleation and growth, growth micromechanism, and vertical alignment of
growing ZnO nanorods have been investigated. The vertical alignment of the Sn/Ni-catalyzing ZnO nanorods is determined at
the initial nucleation stage, where the nuclei are formed as regular candlestick-like platforms. The reason for the formation of the
candlestick-like nuclei is due to the contribution of strain energy built in the underlying catalyst bilayers. The variations of axial
and radial dimensions with growth duration for the growth of ZnO rods were explained and data fitting with the aids of kinetic
growth equations, which are based upon the well-known ledge model for crystal growth from vapor and diffusion kinetics.

1. Introduction

Zinc oxide (ZnO) is a direct bandgap semiconductor with
a wide bandgap of 3.37 eV and large exciton binding energy
(60 meV). This semiconductor has been attractive for opto-
electronic applications in light-emitting diodes and laser
diodes at room temperature. Nanometer scale, one-dimen-
sional (1D) materials, such as nanowires, nanorods, and
nanotubes, have become of great interest due to their poten-
tial applications in nanolaser, field emission devices, photo-
voltaic, piezoelectric transducers, photocatalysts, chemical,
and biosensors, and so forth.

The vapor-phase growth of 1D ZnO has been widely
conducted with Zn and (ZnO + graphite) powders as
reactants. The most uniform and vertically aligned (VA) ZnO
nanorods with a diameter of 50–150 nm have been grown by
using the carbothermal reaction above 850◦C on Au catalyst-
patterned sapphire substrates with the aids of submicrometer
sized polystyrene balls [1] and laser-hardening lithography
technology [2, 3] or by using the Zn source at 750◦C on
sapphire substrates covered with a c axis-oriented ZnO buffer
layer [4]. Because no droplets on the tips of flat-ended
nanorods have been observed, the self-catalytic growth

mechanism or the vapor-solid mechanism is used to explain
the growth behaviors. However, the self-catalytic mechanism
needs to consider the oxidation of catalysts during the growth
period. The vapor-liquid-solid growth mechanism has been
applied for nanowires with dome-shaped droplets on its tips.
The formation of catalyst droplets and its durability through
the growth process without oxidation or nitridation are the
major concerns.

Gold has been the most important and reliable catalyst
for growing 1D ZnO, because it has demonstrated the
capability to grow uniform and aligned nanorods. The
preference of Au catalyst is related to its high-temperature
stability in oxidizing atmosphere. Other catalysts such as
Ni, Sn, Cu, have also been examined, but their uniformity
and size in diameter need to be improved. ZnO rods grown
by thermal evaporation on the Ni-coated silicon had a
large size of 300–350 nm in diameter [5]. By using Sn
catalyst, a liquid Sn droplet was located on the tip of ZnO
nanorods to assist the orientation-aligned growth [6, 7].
Catalyst has been recognized as a requisite to perform the 1D
catalyst-confined growth. In order to understand the growth
micromechanisms, we ever used Au-containing bilayer cata-
lysts of Au/Al, Au/Ni, and Au/In to grow randomly oriented
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ZnO rods on silicon wafer substrates with diameters of
∼100, 400, and 800 nm, respectively [8]. To make a further
progress in order to grow well-aligned ZnO nanorods instead
of micrometer sized and randomly oriented ZnO rods on
the bilayer catalyst-covered substrates without using Au as
a catalyst, we had investigated different unilayer or bilayer
configurations made by mixed-solution coating, sputtering,
polymer dispersant in coating solution, substrate etching
techniques [9–11]. The one with the promising result is
the ZnO rods grown on the Fe-covered [9] and Sn/Ni
bilayer substrates [11]. We have continued efforts on the
growth of ZnO nanorods by using the bilayer configurations.
There were few works to grow ZnO nanorods with a bilayer
catalyst. With our variations in the bilayer configurations, we
demonstrate in this paper with different growth modes and
different micromechanisms.

From our systematic works, I have a better control in
growing the well-aligned ZnO rods. Without the better growth
control, the measurements of rod dimensions in repeated
experiments with different growth durations will be very
difficult and not reliable, which is the reason for the difficulty
and limited reports in kinetic study. After we can provide
reliable and controllable techniques to grow the uniform
and vertically aligned ZnO nanorods with a size of ∼110 nm
in diameter by utilizing the bilayer catalysts of Sn/Ni and
Sn/In, we intend to investigate the ZnO nanorods grown
at different growth periods to explore the growth kinetics
and the relations among the bilayer catalysts, the initial
nucleation stage, and the subsequent growth stage. Kinetic
growth equations are derived, which are based upon the
variations of the axial and radial dimensions with the growth
duration, and they are fitted well to our growth data. Some
of works had measured the length/diameter changes with
growth period, but only the interpretations were mentioned
without rate equations to explain and fit their growth data
individually in the axial and radial directions.

2. Experimental

ZnO nanowires were grown at 700◦C for 2 h on the catalyst-
coated Si wafer or sapphire substrates by thermal evaporation
under a mixture flow of 10-sccm (standard cubic centimeter
per minute) O2 and 200-sccm N2 with a Zn mixture
of Zn and ZnO at a weight ratio of 1.0 g : 1.0 g or 1 : 1.
The Zn mixture together with substrate was loaded on a
graphite support. The preparation of catalyst layers involved
spin coating and direct current (d.c.) sputtering. A similar
experimental approach is listed in [9]. The spin coatings
of Sn, In, and Ni catalysts involved the 0.01 M solutions of
tin chloride, indium nitrate, and nickel nitrate, respectively,
followed by pyrolysis at 650◦C for 30 min and reduction
at 850◦C for 30 min in an (Ar + 7% H2) mixed gas. Each
pyrolyzed oxide had a film thickness of ∼0.1 μm. For d.c.
sputtering, Sn, In, and Ni films were deposited at output
powers of 20 and 70 watts for 1 min for coating Sn and
Ni, respectively, and of 5 watts for 3.5 min for depositing
indium. These metallic catalyst layers had a thickness of 30–
60 nm for each. In addition to the single-layered catalysts,

bilayer catalysts of Sn/Ni and Sn/In were also prepared. The
bilayer catalysts were constituted by spin coating a bottom
layer followed by sputtering a top layer. The symbol of Sn/Ni,
as an example, represented a Sn-sputtered coating on top
of a Ni-spin coated layer. After spin coating and pyrolysis
of the Ni layer, the reduction reaction was executed after
the Sn layer was sputtered on the nickel oxide. The sapphire
substrates for the Sn/Ni system were etched by a 0.1 M NaOH
solution. The substrate for the Sn/In system was not etched.
The etching did not change the vertical alignment but was
beneficial for obtaining slender 1D ZnO. To study the growth
kinetics, ZnO nanorods were grown at 700◦C for different
durations of 1 min, 5 min, 30 min, and 120 min on Sn/Ni
and Sn/In sapphire substrate. Before heating, the growth
chamber was pumped down by mechanical pump. During
the heating stage, the system was under argon and the Zn
vapor generated as temperature approached 700◦C. When
the temperature reached 700◦C, the mixed (O2 + N2) gas
flowed into this system. Therefore, the oxide growth started
at the O2-added stage. Scanning electron microscopes (SEM,
JEOL JSM 6500F, Japan; Cambridge S360, UK) were used to
observe the growth morphology. A field-emission scanning
electron microscope (FESEM, JEOL JSM 6500F, Japan) was
used to observe the growth morphology and to measure the
rod dimensions in length and diameter. Phase identification,
composition analysis, and microstructural characterization
of nanowires were conducted by a transmission electron
microscope (TEM, JEOL 3010, Japan) equipped with energy
dispersive spectroscopy (EDS). Room-temperature photo-
luminescence (PL) measurements were performed using a
325 nm He-Cd laser as the excitation source.

3. Results

3.1. ZnO Growth on Catalytic Unilayers. Figure 1 shows SEM
images of one-dimensional ZnO grown at 700◦C for 2 h on
(a), (b) Sn, (c), (d) In, and (e), (f) Ni (a), (c), (e) sputter
or (b), (d), (f) spin coated silicon wafer substrates by
thermal evaporation with a Zn mixture of Zn and ZnO in
a weight ratio of 1.0 g : 1.0 g. The Sn-catalyzing 1D ZnO was
in the form of nanowires with smaller diameters of 100 nm
(Figure 1(a)) and 200 nm (Figure 1(b)). The In-catalyzing
growth contained nonuniform ZnO crystals including rods
of 200–300 nm in size and larger leaf-like crystals (Figures
1(c) and 1(d)). The Ni-catalyzing 1D ZnO grown on Si
wafer substrates were in the form of inclined and hexagonal-
shaped rods with a larger diameter of 800 nm–1.5 μm for
those spin coated (Figure 1(f)) and in the form of leafs
with a large dimension in 600 nm–1.2 μm for those sputtered
(Figure 1(e)). There is no difference for ZnO from the Sn
catalyst, which can be attributed to its melt state at different
catalyst size. However, the difference in the ZnO shape from
the Ni catalyst can be related to the catalyst size, which in
the solid state has led to different crystallinities. Catalysts
of Sn, In, Ni spin coated with nitrate or chloride solutions
can be reduced to form metallic droplets for Sn and Ni but
it remains as an oxide layer for In catalysts. No matters of
metallic indium or indium oxide, the grown ZnO had no
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Figure 1: SEM images of one-dimensional ZnO grown at 700◦C for 2 h on (a), (b) Sn, (c), (d) In, and (e), (f) Ni (a), (c), (e) sputter- or (b),
(d), (f) spin coated silicon wafer substrates by thermal evaporation with a Zn mixture of Zn and ZnO in a weight ratio of 1.0 g : 1.0 g.

big differences for the sputtered and the spin coated ones.
From these experiments, the Sn catalyst generates the finest
nanowires and the spin coated Ni catalyst favors to form
ZnO nanorods with a hexagonal cross-section. However,
the size of these hexagonal-shaped ZnO was in a sub-
micrometer scale. 1D ZnO rods grown with the Ni catalyst
have constantly suffered the problem of large diameters [5].

3.2. ZnO Growth on Catalytic Bilayers. Two types of bilayer
catalysts used to assist the 1D ZnO growth include Sn/Ni
and Sn/In. Figure 2 displays surface morphologies of ZnO
nanorods grown at 700◦C for (b) 1 min, (c) 5 min, (d)
30 min, and (e) 120 min on Sn sputter/Ni spin coated
sapphire substrates. After growing for 1 min, no 1D formed
and only nuclei were observed. ZnO nanorod arrays with
a hexagonal cross-section had formed with a length of 0.4
± 0.1 μm and a diameter of 100 ± 20 nm in 5 min from
pyramid platforms, which behaved like a candle rod sits

on a candlestick. These pyramid platforms were examined
at higher magnifications, as can be seen in the inset of
Figure 2(c). With increasing growth time, nanorods increase
apparently on its length but not on its diameter. After a 2-
h growth duration, the grown ZnO rods had a length of 30
± 10 μm and a diameter of 110 ± 25 nm. The image of as-
fabricated Sn/Ni bilayer catalyst, after pyrolysis at 650◦C for
30 min and reduction at 850◦C in an Ar-5% H2 mixture gas
for 30 min, is shown in Figure 2(a). Before the ZnO growth,
the Sn/Ni bilayer catalyst had become spheroidal. After the
1-min growth, the spheroidal catalysts disappear and the
substrates were covered with the oxidized Zn-covering layers.
The 2D growth on 1D-ZnO had been observed by metal-
organic chemical vapor deposition [12].

Figure 2(f) shows the PL spectra of the VA-ZnO
nanorods shown in Figure 2(e). From the PL spectra, it can
be seen that the vertically aligned ZnO nanorods only show a
sharp and strong peak at approximately 383.3 nm (3.24 eV),
which corresponds to the near-band-edge peak that is
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Figure 2: Surface morphologies of ZnO nanorods grown at 700◦C for (b) 1 min, (c) 5 min, (d) 30 min, and (e) 120 min on Sn sputter-/Ni
spin coated sapphire substrates by thermal evaporation with a Zn mixture of Zn and ZnO in a weight ratio of 1 : 1. (a) SEM image of Sn
sputter-/Ni spin coated bilayer catalysts after pyrolysis at 650◦C for 30 min and reduction at 850◦C in a Ar-5% H2 mixture gas for 30 min.
(f) Photoluminescence spectra for the vertically aligned ZnO nanorods in (e). The substrates were etched by a 0.1 M NaOH solution for 15 s.
The inset in (c) was enlarged from the white square-selected area.

responsible for the recombination of free excitons through
an exciton-exciton collision process [13–15]. A full width at
half maxima value of 145 meV for this excitonic emission
was obtained [16]. The appearance of a sharp and strong
near-band-edge emission in the UV region without any deep
level emission in the visible region indicates that the as-
grown ZnO nanorods showed good crystallinity with a good
optical property and few structural defects such as oxygen
vacancies and interstitials of zinc. Therefore, based upon
the bilayer catalyst-assisting growth, VA-ZnO nanorods with
a good ultraviolet emission quality can be grown from
pyramidal platforms or nuclei with parallel (0001) planes to
the substrate surface.

Figure 3 displays surface morphologies of ZnO nanorods
grown at 700◦C for (b) 1 min, (c) 5 min, (d) 30 min, and
(e) 120 min on Sn/In bilayer-coated sapphire substrates.
The Sn/In catalysts remained as a layer on substrates
(Figure 3(a)). The sputtered Sn layer inhibited by the
underlying In2O3 layer did not become spheroidal after
850◦C annealing. ZnO nuclei formed after the 1-min growth
duration (Figure 3(b)). The ZnO nanorods directly grown
from the catalytic buffer layer had a length of 0.75 ± 0.25 μm
and a diameter of 250± 30 nm in 5 min without the platform
nuclei available (Figure 3(c)). With the increase in the growth
duration, the length and diameter of nanorods apparently
increased. After a 2-h growth duration, the grown ZnO
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Figure 3: Surface morphologies of ZnO nanorods grown at 700◦C for (b) 1 min, (c) 5 min, (d) 30 min, and (e) 120 min on Sn sputter-/In
spin coated sapphire substrates by thermal evaporation with a Zn mixture of Zn and ZnO in a weight ratio of 1 : 1. (a) SEM image of Sn
sputter-/In spin coated bilayer catalysts after pyrolysis at 650◦C for 30 min and reduction at 850◦C in an Ar-5% H2 mixture gas for 30 min.
(f) Photoluminescence spectra for the vertically aligned ZnO nanorods in (e). The inset in (c) was enlarged from the white square-selected
area.

rods had a length of 25 ± 5 μm and a diameter of 400 ±
55 nm (Figure 3(e)). Although the Sn/In-catalyzing ZnO
rods had a hexagonal shape in cross-section, but these
rods were not aligned. The inset in Figure 3(c) shows an
enlarged image to observe the initial growth stage of ZnO
nanorods. There were no larger, well-defined, and isolated
pyramid platforms spreading on the ZnO-covering substrate
surface. Figure 3(f) shows the PL spectra of the VA0-ZnO
nanorods shown in Figure 3(e). The aligned ZnO nanorods
display a sharp and strong peak at approximately 384.1 nm
(3.23 eV). This nanorod showed a similar result in photolu-
minescence measurement as that shown for ZnO obtained

from the Sn/Ni catalyst (Figure 2(f)). The similar perfor-
mance indicates the different catalyst configurations only
change the growth behaviors but do not introduce growth
defects.

3.3. Dimensional Changes in the Axial and Radial Directions.
The growth kinetic study of 1D ZnO is executed by measur-
ing the changes of the axial and radial dimensions with the
growth duration. Figures 4(a) and 4(b) show the variations
of the diameter and length of ZnO nanorods grown at 700◦C
for different durations of 1, 5, 30, 120 min on (a) Sn/Ni-
and (b) Sn/In-coated sapphire substrates. Both of the systems
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Figure 4: Growth behaviors in terms of the diameter and length of ZnO nanorods grown at 700◦C for different durations of 1, 5, 30, 120 min
on (a) Sn/Ni- and (b) Sn/In-coated sapphire substrates by a thermal evaporation-oxidation method with a Zn mixture of Zn and ZnO in
a weight ratio of 1 : 1. The variations of axial and radial rates, obtained by curve fitting the 5-, 30, and 120-min data followed by retrieving
from the derivatives of the best-fitting equations, with growth duration are shown in (c) and (d), respectively.

display a slight different trend. The Sn/Ni-catalyzing rods
after growing for 5 min and 2 h have diameters of 100 ±
20 and 110 ± 25 nm, respectively, and lengths of 0.4 ± 0.1
and 30 ± 10 um. The stage for the first few minutes belongs
to nucleation. The growth stage began apparent after a 5-
minute growth period. The axial and radial growth rates
can be derived at different periods, excluding the nucleation
stage, as shown in Figures 4(c) and 4(d), by curve fitting
the wire length-growth duration plot, followed by retrieving
from the derivatives of the curve-fitting equations to obtain
growth rates at the durations of 5, 30, and 120 min. This
approach needs to be emphasized, because the growth rate is
not obtained from the measured length divided by our growth
duration. The conventional approach is related to an average
growth rate during a growth period, but our approach is
to obtain an instantaneous rate. For the Sn/Ni system, the
lengthening rate was proportional to the time exponent of

1/2 and the thickening rate is zero. The lengthening and
thickening rates were proportional to the time exponents of
1 and 0 for the Sn/In system.

4. Discussion

4.1. ZnO Growth. From the previous experimental data, two
comparable systems of Sn/Ni and Sn/In have been obtained.
The Sn/Ni system has grown the vertically aligned ZnO
nanorods from the regularly aligned candlestick-like nuclei.
The growth of ZnO rods from this system is a nucleus-
confined growth. It only grows in the axial direction. The
Sn/In system has grown the incompletely aligned rods from
the ZnO-covering buffer layer. It does not show the apparent
nuclei, as the candlestick-like nuclei do. These rods grow in
both the axial and radial directions. By using the apparently
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Figure 5: Schematic growth micromechanisms for (a) vertically aligned ZnO nanorod array grown on the Sn sputter/Ni spin coated sapphire
substrates and for (b) slightly slant ZnO nanorods grown on the Sn/In coated substrates.

different systems for comparative purposes, the reasons for
the growth behavior and dimensional change need to be
explained and embodied by a formulated equation.

4.2. Our Proposed Growth Micromechanisms. From the ob-
servations of Figures 2 and 3, it is observed that the style of
nuclei formed at the early stage of nucleation determines the
vertical alignment of 1D ZnO. Figure 5 shows the schematic
diagrams of the growth micromechanisms of the bilayer-
catalyzing ZnO nanorods with the (a) vertically aligned and
(b) slightly slant modes. The nuclei can be easily distin-
guished in the Sn/Ni system, where the flat-end pyramid-
shaped islands form as candlestick-like platforms to provide
the sites for growing ZnO nanorods with a hexagonal cross-
section. On the other hand, the Sn/In system does not show
the well-defined nuclei or the candlestick-like platforms and
has grown slightly slant ZnO nanorods directly from the
large-grained ZnO buffer layer by aggregating the adsorbed

adatoms through a short-range diffusion to form the nuclei.
Briefly speaking, the Sn/Ni system has the platforms on the
massif-like ZnO-covering layer but the Sn/In system only has
the ZnO rods grown from the massif-like layer. The different
nucleation behaviors can lead to the different inclination in
alignment. The obvious reason for the differences of these
two systems is related to the different components of nickel
in the Sn/Ni system and indium in the Sn/In system. For
the as-fabricated catalyst images in Figures 2(a) and 3(a),
isolated catalyst droplets have formed in the Sn/Ni system,
but it is not the case for the Sn/In system (Figure 5(i)).
The nonreducible In2O3 films inhibit the spheroidization
of metallic Sn in the Sn/In system (Figure 5(b-i)). Before
oxygen enters the reactor at 700◦C, zinc vapor liberates
during the heating cycle. The vaporized Zn will condense and
cover on substrates (Figure 5(ii)), react with the spheroidal
catalysts (Figure 5(a-ii)), and be oxidized once oxygen is
introduced (Figure 5(a-iii)) [17]. For the Sn/Ni system, the
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ZnO buffer layers embedded inside with reacted spheroidal
catalysts are composed of large grains and favor to nucleate
flat-end or (0001) plane-oriented pyramid platforms. The
flat ends of those platforms orient parallel to the (0001)
plane-oriented sapphire substrates in order to establish the
well-aligned nanorods. After a 1-minute growth period
(Figure 2(b)), the nuclei or platforms are not obvious. After
a 5-minute growth period, the pyramidal nuclei have formed
with protruded nanorods of 0.4 μm in length. It can be
induced that the nucleation step is accomplished within the
first five minutes. After a 2-h growth duration, our nucleus
platforms behave as candlesticks regularly sitting on the
massif-like table ready for growing VA-ZnO nanorods with
a diameter of ∼110 nm.

For the Sn/In system, the ZnO buffer layers underlying
with flat Sn/In2O3 catalyst layers (Figures 5(b-ii) and 3(b)).
Nucleation occurs randomly and does not form the flat-
end pyramid platforms. Once the nuclei grow to a critical
size, the ZnO nanorods are directly grown from the massif-
like ZnO layers in an inclined orientation via the reactant
adsorption from vapor, surface diffusion of adatoms, zinc-
oxygen reactions, and the desorption for the surplus reac-
tants (Figure 5(b-iii)). As the ZnO growth continues, the
rods increase its dimensions in length and diameter (Figure
5(b-iv)). However, the formation of isolated catalyst droplets
cannot guarantee the vertical alignment of ZnO nanorods.
To have regularly aligned ZnO nanorods, the formation of
the candlestick-like platforms is the critical factor. Therefore,
the choice of the catalyst combination is very important,
which can lead to different catalyst properties, reactions, and
stress states. Based on the nucleation and growth theory
for crystal growth, the extra built-in strain energy in the
Sn/Ni system assists nucleation by overcoming the formation
energy of pyramidal nuclei. There is no sufficient built-in
strain energy for the Sn/In system due to the softness of
Sn metal in the form of flat layer. Growth mechanisms of
randomly oriented 1D ZnO with nanopen-, nanonail-, or
nanopencil-like structure on pyramids have been proposed
in literatures, however, their pyramids had a comparatively
large dimension to form the pen-like shape [18, 19]. Kim et
al. have been aware that the nanosheets with several facet
planes play a significant role in the evolution of ultraslim
and vertical ZnO nanowire arrays [20]. However, their
nanosheets are similar to the previously proposed self-
catalyzing ZnO buffer layers.

4.3. Kinetics and Kinetic Model. Our candlestick-like nuclei
restrict the thickening of ZnO nanorods. When the axial
dimensions of ZnO rods increase exponentially with the
growth duration, their radial dimensions do not change for
the Sn/Ni system but have a big change for the Sn/In system
(Figure 4(b)). The irrelevance of our radial dimension in the
Sn/Ni system with growth time is similar with the growth
of carbon nanotubes (CNTs) and can be attributed to the
nucleus-confined growth behavior. The reported diameters
of 1D ZnO increased with growth time [21, 22]. Tsao et
al. reported a linear relation. For the axial dimension, it
increases fast but levels off at long durations for CNTs [23]. A

linear relation between the length of nanowires and growth
time for 1D ZnO has been reported [21, 24]. Reports with
experimental growth data in the axial and radial directions
simultaneously changed with growth duration are rare. The
trends of rod length or diameter in the growth kinetics
have been mentioned, but the explanations and data fitting
with kinetic equations are much difficult. What the relevance
is between the changes of rod length and diameter needs
more understanding, regardless to say the data fitting for
the rod length and diameter together with kinetic equations.
However, we will use kinetic equations to fit and explain
the growth rates in radial and axial directions together. The
systematical dimension measurements at different durations
for kinetic understanding are our major approach to probe
the growth kinetic problems. This work is totally different
from our previous work on the developments of aligned and
well-controlled ZnO rods, but they provide the basis for our
progress in kinetics [8–11].

To analytically formulate the vapor-solid growth rates,
the kinetic of the well-known ledge model (Figure 6(a)) and
the surface diffusion (Figure 6(b)) needs to be considered
[25, 26]. Although this mechanism has been well developed,
there are no reported data referring or fitting to the equations
derived from such a ledge mechanism. The reactants from
vapors will gas-phase diffuse through a boundary layer to
surface and become adatoms. The adatoms will propagate
on surface through surface diffusion to execute reactions
and find stable sites to reside. There are two directions on
the step ledge, one is for ledge lengthening and the other is
for thickening (Figure 6(a)). Li et al. proposed the growth
mechanisms of tapered ZnO nanowire arrays with the aids
of step velocity and radial growth rate [27]. They mentioned
only the concept of the ledge velocity and radial velocity
for the tapering angle. Shi et al. proposed the lattice step
ledges as preferred places for nucleation of ZnO by the
oxidation of Zn on step ledges [28]. Both of them did not
present the experimental data in growth rates. Based upon
the conservation of mass transporting from the vapor and
migrating on the surface, the ledge velocity for a multiple-
growth step condition is formulated as [25]

υledge =
√

2(C∞ − Ce)λ
N∗ · τ × tanh

(
d√
2λ

)

=
√

2(S− 1)Zeλ

N∗ × tanh
(

d√
2λ

)
,

(1)

where C∞ is the concentration of reactants in the gas phase
far away from the growing interface, Ce the equilibrium
concentration at vapor-solid interface, Ci the interface
concentration, Cp the concentration of ZnO crystal, d the
distance between steps, Ze the stream of colliding reactants
per unit time in equilibrium on interfaces, λ the mean
diffusion distance between adsorption and evaporation, N∗

the number of sites per unit area on crystal surface, τ
the mean time of stay for adatoms, S the supersaturation
(C∞/Ce), and Ce defined as Ze · τ. In the ledge mechanism,
the adsorbed reactant vapor will evaporate if it resides far
away from steps. Although this equation is derived from a
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Figure 6: (a) Schematic configuration of the vapor-phase growth
of ZnO rods via the combination of the ledge mechanism and
diffusion processes, which involves the surface diffusion-controlled
mechanism nearby the growing steps and the gas phase diffusion-
controlled mechanism nearby the solid-vapor interface. The con-
centration profile for the surface diffusion-controlled growth
mechanism is shown in (b).

well-known model, its utilization together with the growth
data of one-dimensional crystals is rare.

Based upon the two-dimensional nucleation, d is propor-
tional to the critical size of nuclei and inversely proportional
to the formation energy of the nanorods (ΔGf ). ΔGf related
to the free energies of the gas-phase state and the equilibrium
solid state is proportional to the RT · ln(C∞/Ce). Therefore,
the step spacing can be related to supersaturation of (S−1) as
shown in (2) provided (C∞ − Ce) � Ce in a dilute gas phase
[25]:

d ∝ 1
ΔGf

= 1
RT · ln(C∞/Ce)

≈ 1
RT · (C∞ − Ce)/Ce

= 1
RT · (S− 1)

.

(2)

Under a constant reactant flux, the apparent flux at the
growth front of crystal gradually becomes increased because
the crystal becomes longer. Therefore, one assumption is
made here to have supersaturation (S − 1) proportional to
t1/2, that is, (S− 1) = k1t1/2 with k1 a constant.

Our two systems with completely different behaviors in
growth rates are discussed in the following sections with the
viewpoint of kinetic formulation for the growth stage.

4.3.1. ZnO Nanorods Grown on Sn/Ni-Coated Substrates.
These ZnO NRs grow faster at the axial direction but do not
increase its dimension in diameter. The ZnO growth is
confined by the candlestick-like nuclei to grow only in the

axial direction (Figure 4(a)). It is assumed that the axial
growth of smooth growing fronts of ZnO NRs is assisted
by the “ledge mechanism.” These ledges form on nuclei and
on the flat-end top surface under a supersaturation growth
condition in order to initiate the two-dimensional nucleation
and growth processes. With the ledge growth mechanism, the
lengthening rate can be expressed as

d


dtSn/Ni
axial

= a

d
× υledge. (3)

As higher strain energy is embedded in the Zn vapor-
covering Sn/Ni layer, the ledges formed on the nuclei under
supersaturation are a lot and their step spacing of d is quite
smaller than the mean diffusion distance. With the condition
of d� λ, (1) can be simplified as

d


dtSn/Ni
axial

≈ a

d
×
√

2(S− 1)Zeλ

N∗ ×
(

d√
2λ

)

= a · Ze

N∗ (S− 1)

≈ a · Ze

N∗ · k1
√
t.

(4)

With this derivation, the axial rate of the Sn/Ni system is pro-
portional to t1/2, which is consistent with our experimental
data in Figure 4(c).

As for a nil growth rate in diameter, it indicates the
reactant vapor can only form nuclei on the flat-end cones.
The nucleation on the smooth sides of hexagonal cones
is difficult. The accommodation factor of reactant vapors
for this system except on the flat-end top surface is almost
negligible. The inability to build a radial rate can be related
to the taller nuclei with steep edges, which is difficult to
build the desorption-stop steps (Figure 6(a)) on nuclei. The
desorption-stop step is the step in the ledge mechanism
with the emphasis on its function to hold the adatoms. The
adatoms without the desorption-stop steps cannot stick to
that interface and will slip away or desorb from substrates.

Here, we need to clarify that the higher supersaturation
due to larger strain energy can nucleate the growth steps
with a short spacing (2). From the Sn/Ni system with a nil
radial growth rate, we understand that supersaturation in
vapor surrounding NRs is not helpful in building the het-
erogeneous nuclei on the NR sides. This behavior is also
applied to the other system due to the same reactant flux. To
differentiate these systems, the types of the desorption-stop
steps on nuclei is important.

4.3.2. ZnO Nanorods Grown on Sn/In-Coated Substrates.
These ZnO NRs have grown with a linearly increasing
rate in the axial direction (Figure 4(c)) in addition to a
constant thickening rate (Figure 4(d)). Our NR lengthening
is analyzed with the similar equation of (1), but the condition
becomes d� λ and tanh(d/

√
2 · λ) ≈ 1. This hypothesis can
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be supported by the smallest strain energy in the buffer layer.
Therefore, (1) for the axial growth rate becomes

d


dtSn/ ln
axial

≈ a

d
×
√

2(S− 1)Zeλ

N∗ × 1

= k2aRT(S− 1)×
√

2(S− 1)Zeλ

N∗

= k3(S− 1)2

d


dtSn/ In
axial

≈ k3

(
k1 · t1/2

)2 = kt,

(5)

where k, k2, and k3 are the proportional constants. With this
derivation, the axial rate of the Sn/In system is proportional
to t, which is consistent with the growth rate data in Figure
4(c).

Our NRs were thickened at the same time of the axial
growth but with a slower rate. In order to increase the
NR diameter, new absorbing adatoms need to arrive on
the growing-stop steps of nuclei. Due to the smaller strain
energy or the larger step distance, the attachment of reactant
adatoms on the steps of nuclei is more difficult. In this
situation, the ZnO growth on the desorption-stop steps of
nuclei becomes a rate-determining factor, the NR thickening
is controlled by the reactant reactions on the buffer layer-
covering substrates, or the radial growth is an surface
diffusion-controlled process (Figure 6(b)). For the interface-
controlled growth, the growth rate or the thickening rate,
proportional to the difference in chemical potentials (Δμ) of
reactions at interface and at equilibrium or approximately to
the off-balance concentration (Ci − Ce) at moving interfaces
(Figure 6(b)), can be expressed as

υSn/ In
radial = M · (force) =M · Δμ

Vm

= MRT
Vm

· ln
(
Ci

Ce

)

≈ MRT
Vm

· Ci − Ce

Ce
,

(6)

where M is the interface mobility, Ci is the concentration
between steps, and Vm the molar volume of materials.
Therefore, the thickening rate of the Sn/In system is almost
constant, which is consistent with the experimental data in
Figure 4(d).

Our proposed growth formulations are applied only for
1D ZnO grown by a vapor-solid mechanism. For the growth
via a vapor-liquid-solid process, the diffusion in liquid
droplets becomes the rate-determining step for lengthening
as the wire diameter is determined by the catalyst size [29].

Growth behaviors of one-dimensional ZnO nanorods
grown with a vapor-solid process are determined by the
nucleus states of the buffer layer on substrates. With different
surface modifications to generate different residual stress
states in the buffer layers, the nucleation and growth
behaviors for the rod growth become different, which reveal

in the different growth behaviors in the axial and radial direc-
tions. With the successful equation formulations applied to
different growth modes by using the basic kinetic model
for crystals growing from vapor, the ZnO growth behaviors
can be better elucidated and understood. Although some
assumptions have been made and some considerations may
not be complete, this work is trying to curve fit the exper-
imental data with rate equations and to find the relevance
between the axial and radial growth behaviors. In the Sn/Ni
system, the ZnO growth occurs with the aid of the ledges on
the flat-end top surface of the candlestick-like nuclei. No rod
thickening is caused by the difficulty in the attachment of
reactants on the side surface of camdlestick-like nuclei. For
the Sn/In system, growths in the axial and radial directions
simultaneously occur. Their lengthening provided by a ledge
mechanism is determined by the step configuration. Their
thickening is attributed to the attachment of reactant vapors
to steps on nuclei through a surface diffusion-controlled
process.

5. Conclusions

Vertically aligned ZnO nanorods were successfully grown on
the bilayer catalyst-covered sapphire substrates with a length
of 30 ± 10 μm and a diameter of 110 ± 25 nm by thermal
evaporation at 700◦C for 2h in the atmospheres of oxygen
and nitrogen. The bilayer catalysts included Sn/Ni and Sn/In
with the top and bottom layers prepared by sputtering and
spin coating, respectively. Sn/Ni system shows a promising
potential to grow vertically aligned ZnO nanorod arrays with
a good ultraviolet emission from the regular and candlestick-
like pyramid nuclei, which is aided by the strain energy
built in the underlining catalyst layer. Without the pyramidal
nuclei, slightly inclined nanorods in the Sn/In sytem were
grown. The kinetic data of the growth rates in axial and radial
directions for the Sn/Ni and Sn/In systems can be successfully
curve fitted, correlated, and interpreted by kinetic equations,
based upon the ledge mechanism for the vapor-solid crystal
growth and diffusion kinetics.
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Homogeneous, highly conductive, and transparent silver nanowire thin films were fabricated using a simple dip-coating technique
and a subsequent annealing step. Silver nanowires with two different average lengths (11 μm and 19 μm) were used in the sample
preparation to analyze the dependence of the sheet resistance on the length of the one-dimensional nanostructures. The best
sample had a sheet resistance of 10.2Ω/� with optical transmittance of 89.9%. Two figures of merit, the electrical to optical
conductivity ratio (σDC/σOP) and φTC, were obtained for all the samples in order to measure their performance as transparent
conductive materials.

1. Introduction

Transparent conductive electrodes (TCE) are unique materi-
als that manifest both high electrical conductivity and high
optical transmittance. Such materials are an essential com-
ponent in optoelectronic devices which require to extract
electrons from the active layer while allowing the light to pass
through. Some applications of TCE are organic solar cells,
thin film solar cells, light-emitting diodes (LEDs), liquid
crystal displays (LCDs), touch screens, antistatic coatings,
and electromagnetic shielding, among others [1]. Transpar-
ent conductive thin films are of special interest in the solar
energy industry [2], mainly for their application in the new
generation of low-cost photovoltaic devices.

The performance of TCE films can be assessed through
two crucial parameters, namely, the sheet resistance (Rsh) and
the optical transmittance (T). It is always desirable to have
a low Rsh with a high value of T . Nevertheless, there is an
inherit relation between these variables. Lower values of Rsh

leads to a decrease in the optical transmittance and vice versa.
Metal oxides are currently the most widely used material

for TCE. Aluminum-doped Zinc Oxide is used in amorphous
silicon solar cells, fluorine doped tin oxide (FTO), and indi-
um-doped tin oxide (ITO) are used in organic solar cells and

LEDs [3]. During the last five decades, ITO has dominated
the market as the most commonly used TCE in optoelec-
tronic applications owing to its high optical transparency at
very low sheet resistance (typical values are T = 80% and
Rsh = 10Ω/� in glass substrate [4]).

Although ITO has demonstrated to work very well in
optoelectronic applications in the last years, it also has
some drawbacks which are leading to search for alternative
materials. First, the fabrication of ITO is costly and complex
because of the high vacuum required in the sputtering pro-
cess. Second, indium is becoming scarcer with the pass of
time, which in turn produces an increment in the price of
ITO. Finally, ITO is completely unsuitable for flexible devices
owing to its brittle nature [5].

Recently, emerging candidates have been proposed as
replacement for metal oxides, specially for applications in
flexible devices. Random carbon nanotubes (CNTs) net-
works [6–8] and graphene [9] have been characterized as
TCE thin films. In fact, organic solar cells have been suc-
cessfully implemented and tested using CNTs [10, 11] and
graphene [12, 13] as the front transparent contact. In general,
CNTs and graphene have shown stable flexibility but still
with inferior performance than that of ITO with regard to
Rsh and T .
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A new paradigm to achieve both high conductivity and
high transparency is to use a mesh of highly conductive metal
nanowires covering only a small fraction of a surface. Copper
[14] and silver [3, 4, 15–20] nanowire networks have been
reported to behave as TCE with comparable performance to
ITO and also with bending and stretching stability.

Other approaches include the preparation of TCE thin
films using hybrid composite materials such as silver nano-
wires with metal oxides [21, 22], a mixture of silver and gold
nanowires [23], and silver nanowires with polymer [24–26].

Silver nanowire networks stand out among all the other
candidates to replace ITO in optoelectronic devices due
not only to their electrical and optical characteristics (com-
parable and in some cases better than ITO [19]) but also
because of the constant Rsh while the film is being bended
or stretched [3, 15, 16, 18, 20]. Furthermore, silver nanowire
meshes have been proven to effectively replace ITO in organic
solar cells [4, 22, 24, 27, 28], sound emitting devices [29],
touch screens [17], organic LEDs [25, 26], and electrical
conductive adhesives [30] applications.

While different deposition techniques of silver nanowires
on rigid and flexible substrates have been already demon-
strated [3, 15–17, 19, 20], most of them showed an inferior
performance than that of ITO on rigid substrates. In this
paper, we report the fabrication of uniform silver nanowire
thin films using a straightforward dip-coating technique and
a subsequent annealing step. In our best sample, we obtained
a very low sheet resistance (Rsh = 10.2Ω/�) with an out-
standing optical transmittance (89.9%). We fabricated and
characterized silver nanowire networks with two different
average lengths leading to analyse the influence of nanowire
morphology in the overall performance of the film as a trans-
parent conductive electrode. Two figures of merit defined in
the literature were used to determine the quality of the films.

2. Experimental

Silver nanowires in ethanol solution were purchased from
two different companies, namely, Blue nano (product no.
SLV-NW-90) and Nanogap (product number NF Ag-3101-
E). The first one with a concentration of 10 mg/mL and
the second one with 0.87 mg/mL. Further SEM analysis of
the morphology showed an average diameter of 103 nm and
average length of 19 μm for the Blue nano sample; the average
diameter and length for the Nanogap nanowires were 108 nm
and 11 μm, respectively.

2.1. Sample Preparation. Microscope slides with dimensions
25 × 75 × 1.0 mm were obtained from Fisher Scientific and
used as glass substrate. Each slide was carefully divided into
two halves with a glass cutter yielding a glass substrate of
dimensions 25 × 37.5 × 1.0 mm.

The glass slides were thoroughly cleaned with detergent
and washed out with deionized water. All of the glass sub-
strate was then treated with acetone and isopropanol baths
in the sonicator during 15 min each.

Silver nanowires in ethanol solutions from both sources
were prepared with concentrations of 5 mg/mL, 10 mg/mL,

and 20 mg/mL. Uniform 25 × 25 mm thin films of silver
nanowires were fabricated by dip coating the glass slide on
the aforementioned solutions. Sticker paper was attached to
the rear side of the substrate to prevent the formation of a
silver nanowire mesh on the backside of the sample. Different
coverage densities were achieved by dip coating several layers
of the same solution, allowing a 2 min waiting time between
layers to let the ethanol evaporate. After the last layer, the
sticker paper was peeled off the glass and the rear side of
the sample was carefully cleaned up with ethanol to remove
any remaining residues. Then the sample was cut again to
form a 25 × 25 mm square thin film of silver nanowires on
glass substrate as shown in Figure 1(a). The dip coater (Dip
Master 50 from Chemat inc.) was set up at a with draw speed
of 200 mm/min and a still time of 1 s for all the samples made
in this study.

The use of extra material has to be considered when using
the dip-coating technique since an undesired layer will be
formed in the rear side of the substrate. A lower withdraw
speed yields a thinner layer and therefore less wasted mate-
rial.

After the dip-coating step, the samples were annealed
at 250◦C during 30 min in a tube furnace to improve the
contact between nanowires. A mechanical pump was used
to extract the air of the tube furnace in order to prevent
oxidation of the samples.

Commercially available ITO and FTO were purchased
and characterized for comparison purposes. ITO on glass
with dimensions of 25 × 25 × 0.7 mm was acquired from
Delta Technologies (product number CG-61IN) with a sheet
resistance range of 15–30Ω/�.

2.2. Characterization. An e-beam evaporator was utilised to
place two circular electrode pads of silver on opposite corners
of each sample (see Figure 1(a)). The evaporator was set up
to deposit the pads with a thickness of 100 nm, and the masks
were custom designed to set the diameter of the pads in
3 mm. Then the sheet resistance of the silver nanowire films
was determined using a Keithley 236 source measure unit.

The transmittance was measured with a light source
coupled through an optical fiber to a silicon-biased detector
with a wavelength range of 350–1100 nm. A tungsten halogen
lamp (LS-1) from Ocean Optics was employed as the light
source. The samples were placed orthogonal to the incident
light. Transmittance was calculated as the ratio of the light
intensity detected after the sample and the light intensity
detected after a glass slide which was used as reference.

The morphology of the silver nanowires was character-
ized with a scanning electron microscope (SEM) JEOL JSM
7400F.

Coverage density was calculated from imaging the sam-
ples with an optical microscope at 100x magnification. First,
10 images were taken from each sample. Then, the color
depth of the images was decreased to 1 bit per pixel. The
modified image was read bit by bit, and the coverage density
was defined as the ratio of the number of fewer pixels to the
total number of pixels contained in the image. The coverage
density data presented in Figure 4 is the average of the 10
images.
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(a) (b)

Figure 1: (a) Photograph of a typical sample with Rsh = 24Ω/� and T = 90% (Nanogap 〈L〉 = 11μm) on top of the University of Delaware
logo. (b) SEM image of the same sample showing the random distribution of silver nanowires throughout the surface of the glass substrate.
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Figure 2: I-V curves of different samples for (a) long nanowires (Blue nano) and (b) short nanowires (Nanogap).

The adhesion properties were measured by using a well-
known test. The AgNW samples did not pass the scotch tape
test, and hence encapsulation is required to guarantee a high
adhesion of the nanowires to the substrate.

The stability of the samples in ambient conditions was
tested by repeating the characterization process after a certain
period of time. The samples did not oxidize, and both the
electrical and optical properties remained unchanged after 3
months of fabrication.

3. Results and Discussion

One can see from Figure 1(a) that the dip-coated sam-
ples are highly uniform and transparent, since the logo

underneath is clearly visible. The SEM image displayed
in Figure 1(b) demonstrates the even distribution of the
nanowires throughout the surface of the substrate. Using the
dip-coating technique, the one-dimensional structures are
placed in random directions creating an arbitrary network
where charge carriers have different paths to go through.

The current-voltage characteristics of the samples with
different sheet resistance for the long and the short nanowires
are shown in Figure 2. The straight lines demonstrate the
linear response and the quality of the films as electrodes.

The nanowire-nanowire contact resistance is notably
improved by the annealing process. When the silver nano-
wires mesh undergoes relatively high temperatures, the
junction of the nanowires starts to melt increasing the
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Figure 3: SEM image of a silver nanowire network after annealing
(250◦C ∼30 min).

conductivity of the film, as shown in the inset of Figure 3.
Lee et al. [4] reported a decrease of one order of magnitude
on Rsh after heating treatment. We observed similar results in
our experiments.

Every transparent conductive material presents a funda-
mental tradeoff between electrical conductivity and optical
transmittance. In order to elucidate this phenomenon, we
consider three parameters, the sheet resistance (Rsh), the
optical transmittance (T), and the coverage density (D).
Figure 4 shows how these variables are mutually related. As
Rsh becomes higher, the values of T are increased as well.
Conversely, a higher D produces lower Rsh values.

The plots shown in Figure 4 are the experimental data
(filled dots) and a nonlinear fit (smooth lines) obtained using
the curve fitting tool available in Matlab. The mathematical
model for the long nanowires (Blue nano) is displayed in

T = f (Rsh) = 0.96− 1.03R−1.18
sh , R2 = 0.99, (1)

D = f (Rsh) = 11.78 + 105.7R−1.46
sh , R2 = 0.95. (2)

Equations (3) and (4) model the behavior of T and D as
a function of Rsh for the short nanowires (Nanogap)

T = f (Rsh) = 0.92− 16.06R−2.77
sh , R2 = 0.99, (3)

D = f (Rsh) = 7.75 + 24.65R−0.48
sh , R2 = 0.94. (4)

The values of R-squared in all of the previous equations
are very close to the unity which indicates a good fit of the
model with the experimental data.

Figure 4(a) is a plot of T and D as a function of Rsh for the
long nanowires (Blue nano), while Figure 4(b) is the same
plot for the short nanowires (Nanogap). The sheet resistance
and optical transmittance data for commercial samples of
ITO and FTO on glass substrate are also shown for com-
parison purposes. Both nanowires samples have a superior
performance than that of FTO by far. The long nanowires
(Blue nano) show better results than ITO, while the short
nanowires (Nanogap) have a slight inferior performance in
comparison with ITO. This will be further discussed later
when we explain the figures of merit.
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Figure 4: Optical transmittance and coverage density versus Rsh for
(a) Blue nano AgNWs (〈L〉 = 11μm) and (b) Nanogap AgNWs
(〈L〉 = 19μm).

Different coverage densities are obtained by increasing
the number of dip-coated layers deposited on the glass
substrate. Higher coverage density values are achieved by
increasing the concentration of the silver nanowires in the
ethanol solution. The correlation of the three important
parameters (Rsh, T , and D) is conspicuously depicted in
Figure 5. The microscopy analysis is in good agreement with
the data shown in the Figure 4. A smaller empty space be-
tween the silver nanowires leads to a higher coverage density
and a lower sheet resistance, which in turn results in a lower
transmittance.

In order to determine which combinations of Rsh and T
are the optimal, we need to use some figures of merit defined
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(a) (b)

(c) (d)

Figure 5: SEM images of Blue nano AgNWs (〈L〉 = 19μm) samples with different sheet resistance (Rsh), optical transmittance (T), and
coverage density (D) (a) Rsh = 147Ω/�, T = 94.8%, D = 9.9%. (b) Rsh = 20.5Ω/�, T = 93.2%, D = 13.8%. (c) Rsh = 10.2Ω/�,
T = 89.9%, D = 13.9%. (d) Rsh = 3.5Ω/�, T = 72.7%, D = 21.2%.

in the literature. The first one is the electrical to optical
conductivity ratio used by some authors [19, 20, 31]:

T =
(

1 +
188.5
Rsh

· σOP

σDC

)−2

, (5)

or

σDC

σOP
= 188.5

Rsh · (T−1/2 − 1)
. (6)

From (6), we can easily determine the electrical to optical
conductivity ratio from the Rsh and T parameters. This figure
of merit will help us to judge how well the silver nanowire
network behaves as a transparent conductive electrode. The
higher the σDC/σOP, the better the TCE.

We can deduce a model for the electrical to optical
conductivity by using the nonlinear fits presented before. If
we solve (1) and (3) for Rsh and then replace it on (6), we
will obtain the figure of merit σDC/σOP as a function of the

transmittance T for the long nanowires (7) and for the short
ones (8):

σDC

σOP
= 188.5

T−1/2 − 1
·
(

0.96− T

1.03

)1/1.18

, (7)

σDC

σOP
= 188.5

T−1/2 − 1
·
(

0.92− T

16.06

)1/2.77

. (8)

Figure 6(a) shows a plot of the electrical to optical
conductivity ratio as a function of the optical transmittance
for both the long (Blue nano) and the short (Nanogap) silver
nanowires. The scattered dots represent the experimental
data while the smooth lines depict the plot of (7) and (8).

It turned out that the longer nanowires present a better
performance than the short nanowires. The highest values
of σDC/σOP were 339Ω−1 and 300Ω−1 for the long (Blue
nano) and the short (Nanogap) nanowires, respectively; that
is, an increase of 73% in the length of the silver nanowires
will yield to an increment of 13% in the electrical to optical
conductivity ratio.
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Figure 6: Figures of merit versus optical transmittance (a) σDC/σOP and (b) φTC.

Another figure of merit for transparent conductive
materials was defined by Haacke [32]:

φTC = T10

Rsh
. (9)

Analogously to the procedure we did for the electrical to
optical conductivity ratio, we determined a model for the
figure of merit φTC. This model is described by (10). The
model is displayed in Figure 6(b):

φTC = T10 ·
(

0.96− T

1.03

)1/1.18

,

φTC = T10 ·
(

0.92− T

16.06

)1/2.77

.

(10)

The superior performance of the long nanowires (Blue
nano) is confirmed in Figure 6(b), where φTC is plotted as
a function of the optical transmittance for the short and
the long silver nanowires. The figures of merit for ITO and
FTO are plotted as well. Lee et al. [4] and Hu et al. [3]
reported that longer nanowires will cause a lower Rsh which
is in accordance with our results. The long nanowires can
interconnect to each other with lower coverage density,
allowing a higher transmittance with the same Rsh. The
highest values of φTC for our samples were 0.034Ω−1 and
0.029Ω−1 for the long and the short nanowires, respectively.
These values are better than the ones corresponding to the
commercial samples of metal oxides (FTO and ITO). In the
same way, an increment of 73% in the average length of the
nanowires (from 11 μm to 19 μm) produces a raise in φTC of
17%.

The relative high diameter of the silver nanowires pro-
duces a rough surface. This might be an issue for organic
devices with typical thickness of 100 nm or less. In the other

hand, the rough surface improves the light trapping in
photovoltaic devices, making these electrodes an appealing
material for organic solar cell fabrication.

4. Conclusions

In summary, we fabricated uniform silver nanowire thin
films on glass substrate using a straightforward dip-coating
technique. We used short and long silver nanowires, and
we demonstrated that longer nanowires lead to a higher
performance of transparent conductive electrodes. Our best
sample had a Rsh = 10.2Ω/�, T = 0.899, D = 13.9%,
σDC/σOP = 339Ω−1, and φTC = 0.034Ω−1. We showed the
dependence between sheet resistance, optical transmittance,
and coverage density. We made use of two figures of merit to
determine the performance of our samples and to compare
them with metal oxides. We conclude that random networks
of silver nanowires can immediately replace metal oxides
such as ITO and FTO in any optoelectronic application
owing to their electrical, optical, and mechanical properties
which made them suitable for a great variety of devices.
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Molecular orientations for thin films of one-dimensional silicon polymers grown by vacuum evaporation have been assigned by
near-edge X-ray absorption fine structure (NEXAFS) using linearly polarized synchrotron radiation. The polymer investigated was
polydimethylsilane (PDMS) which is the simplest stable silicon polymer, and one of the candidate materials for one-dimensional
molecular wire. For PDMS films deposited on highly oriented pyrolytic graphite (HOPG), four resonance peaks have been
identified in the Si K-edge NEXAFS spectra. Among these peaks, the intensities of the two peaks lower-energy at 1842.0 eV and
1843.2 eV were found to be strongly polarization dependent. The peaks are assigned to the resonance excitations from the Si
1s to σ∗ pyz and σ∗ px orbitals localized at the Si–C and Si–Si bonds, respectively. Quantitative evaluation of the polarization
dependence of the NEXAFS spectra revealed that the molecules are self-assembled on HOPG surface, and the backbones of the
PDMS are oriented nearly parallel to the surface. The observed orientation is opposite to the previously observed results for PDMS
on the other surfaces such as oxide (indium tin oxide) and metal (polycrystalline copper). The flat-lying feature of PDMS observed
only on HOPG surface is attributed to the interaction between CH bonds in PDMS and π orbitals in HOPG surface.

1. Introduction

Polysilanes composed of silicon-silicon backbone have excel-
lent properties in comparison with carbon-based poly-
mers [1]. Polysilanes are considered to be an ideal one-
dimensional (1D) molecular wire with high electric con-
ductivity since the σ electrons in polysilanes are delocalized
comparable to those of π electrons in the conjugated carbon-
based polymers. It has also been predicted that the polysi-
lanes possess electronic structure similar to direct band-gap
semiconductor [2].

Among polysilanes, polydimethylsilane (PDMS) is the
most fundamental stable silane and considered to be one of
the candidate materials in the future nanotechnology with
high quality. One of the features of PDMS is the high electric
conductivity along the 1D chain due to the smaller HOMO-
LUMO band gaps [3]. Thus PDMS and its derivatives are

expected to be used as extremely thin wires in molecular
electronics. Furthermore, thin films of PDMS possess out-
standing physical properties such as photoconductivity and
ultraviolet electroluminescence [4–6]. It should be noted
that the electric and optical properties in thin films of
1D polymer depend on the configuration of the molecular
skeleton. Especially for ultrathin films around monolayer or
thinner than monolayer, electric conductivity would become
anisotropic depending on the molecular orientation. So it
is much important to precisely determine the molecular
orientation of polymers on solid surfaces.

It has been found that thin films of silicon polymers syn-
thesized by vacuum evaporation are sometimes self-ordered
on solid surfaces. It has been reported that the direction of
the backbone of silicon polymers on silicon becomes per-
pendicular to the surface at high substrate temperature and
low evaporation rate [7, 8]. On the other hand, the direction
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becomes parallel to the surface at low substrate temperature
with high evaporation rate [9–12]. In these works, X-ray
diffraction was mainly used to determine the structures of
the film, so the thickness of the layer is fairly thick in the
order of μm. These works provide bulk crystal structures
rather than molecular orientations in a thin film. Scanning
tunnelling microscopy (STM) study confirmed the forma-
tion of self-assembled PDMS films of which the silicon
backbone chain was perpendicular in respect to the basal
plan of graphite substrate [13]. However, STM images gave
information about the image of the surface morphology, so
the precise titled angle of the PDMS molecules with respect
to the backbone configuration and substrate surface has not
thoroughly been investigated yet.

In the previous paper, we have investigated the molecular
orientation of PDMS films grown on indium tin oxide (ITO)
surface which practically used transparent substrate with
high electric conductivity. We found that the backbone of the
Si–Si bond of PDMS molecules is perpendicularly oriented
on the ITO surface, and the polymer has a helical conforma-
tion rather than zigzag structure with polar angle around 40◦

[14].
In this paper, we present the results for the orientation

of PDMS films grown on highly oriented pyrolytic graphite
(HOPG) substrate which is one of the ideal materials with
completely flat and inert surface. The results are compared
with the previously obtained ones on the different substrates,
and the origin of the difference in the orientation is dis-
cussed.

2. Experimental Method

2.1. Experimental Setup. All the experiments were per-
formed in situ at the end station of beam line 27A (BL-27A)
of the Photon Factory, High Energy Accelerator Research
Organization (KEK-PF). Details of the BL-27A were reported
elsewhere [15]. Briefly, double crystals of In Sb(111) were
used as a monochromator. The total energy resolution of
this monochromator was 0.90 eV at 1.84 keV (Si K-edge).
The synchrotron radiation (SR) beam was generated from
the bending magnet, and it was linearly polarized in
the horizontal direction. The typical photon flux was ∼
1010 photons·cm−2·s−1.

The end station of the BL-27A has two ultrahigh vacuum
chambers: (i) a main chamber for X-ray photoelectron
spectroscopy (XPS) and NEXAFS measurements and (ii)
a preparation chamber for vacuum evaporation. The base
pressure of both the chambers was in the order of 1 ×
10−8 Pa. The main chamber consisted of a five-axis manip-
ulator, a hemispherical electron energy analyzer (VSW
Co. Class-100) for XPS measurements. In the preparation
chamber, a vacuum evaporator and a sample transfer systems
were installed. For XPS measurements, the X-rays were
irradiated at 55 degree from surface normal, and a take-off
direction of photoelectrons was surface normal.

The vacuum evaporator consisted of a quartz crucible
surrounded by spiral-type tungsten filament. The crucible
was floated at +1.5 kV while the filament was grounded.

Therefore, the crucible was heated by the electron bombard-
ment. The distance between the crucible and the substrate
was 15 cm. A shutter electrically isolated from the ground
was equipped with it in order to control the evaporation
rate of the source material. Since some of the evaporated
molecules are ionized due to the surface ionization, a positive
current was observed at the shutter. Thickness of the films
was precisely determined by the product of the shutter
current and the evaporation time which was calibrated by
XPS measurements.

2.2. Film Synthesis. The source powder material pur-
chased from GELEST Inc. was polydimethylsilane (PDMS)
[Si(CH3)2]n. The average molecular weight of the PDMS is
2000 so the number of silicon atoms in a PDMS molecule
was about 28. Fresh surface of the HOPG was obtained by
cleaving in atmosphere, and it was attached on a sample
holder by carbon tape and then immediately transferred into
the preparation chamber.

The PDMS powder was put in the quartz crucible where
the crucible was heated by the bombardment of 1.5 keV
electrons from the backside. It was confirmed that the
evaporation temperature of the crucible measured by a
thermocouple was 250◦C. The evaporation was performed
for 5 min to 15 min at the working pressure of 2.2 × 10−5 Pa.
The filament current was 4.1 A, whereas the shutter current
was 500 pA. The substrate was kept at room temperature
during deposition. We have measured the Si 1s and C 1s
peaks in the XPS spectrum for the deposited samples, and
then the thickness was calculated by the peak intensity ratio
using photoionization cross-section [16] and inelastic mean
free-paths (IMFP’s) [17] (see Section 3.1).

The electronic structure and molecular orientation were
investigated by XPS and NEXAFS measurements. The NEX-
AFS spectra were taken with the total electron yield mode by
recording the sample current. The total electron yields were
normalized by the photon flux that was monitored by the
current of aluminium foil located in front of the sample. The
sample was horizontally located, and it was rotated around
the vertical axis for the measurements of the polarization
dependences.

Irradiation of intense X-rays on organic molecules would
sometimes induce the decomposition. In order to check
the radiation-induced decomposition, we have irradiated the
PDMS films by SR X-rays for one day (total photon fluence
was about 1015 photons·cm−2). However, neither XPS nor
NEXAFS spectra changed probably because of the low
photoabsorption cross-sections of silicon and carbon (in the
order of 104 barn). So we can ignore the radiation-induced
decomposition of molecules in the present experiments.

3. Results and Discussion

3.1. Electronic Structure and Film Thickness by XPS Analysis.
Figure 1 shows XPS wide scan spectra for the PDMS films
with two different deposition times. The XP spectrum for a
clean HOPG surface before the deposition is also shown as a
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Figure 1: XPS wide scan spectra for the PDMS films with different thickness evaporated on HOPG surface at ambient temperature. The
sample surface was irradiated with the SR beam of 2.2 keV photons as an excitation source. The spectra were taken at the step energy of
1.0 eV. The relationship between the film thickness and the intensity ratio of Si 1s/C 1s calculated by (1) is (a).

bottom spectrum. First, the thicknesses of the PDMS films is
determined on the basis of the XPS peak intensities.

The intensities of Si 1s photoelectrons (ISi 1s) and C 1s
photoelectrons (IC 1s) were calculated by using the following
two equations [18] supposing that the film is homogeneous:

ISi 1s = KσSi 1s × λSi 1s in PDMS × nSi 1s in PDMS

×
[

1− exp
( −d
λSi 1s in PDMS

)]
,

(1)

IC 1s = KσC 1s × λC 1s in HOPG × nC in HOPG

× exp
( −d
λC 1s in PDMS

)
+ KσC 1s × λC 1s in PDMS

× nC in PDMS ×
[

1− exp
( −d
λC 1s in PDMS

)]
,

(2)

where K is the constant depending on detection efficiency
of the electron energy analyser, σ (barn) is photoionization
cross-section, λ (nm) is IMFP of the photoelectrons of the
respective elements, n is the atomic concentration of the
element in the material indicated as subscripts, and d (nm)
is the thickness of the PDMS film. The values used for
the calculation of σ for Si 1s and C 1s at 2.2 keV photons
were 1.02 × 105 and 5.0 × 103 barns, respectively [16]. The
Figure 1(a) shows the relationship between the thickness d
(nm) and the peak intensity ratio of Si 1s/C 1s. From the

experimentally obtained Si 1s/C 1s values, the thicknesses
of the PDMS films for two samples are determined to be
1.25 nm (middle spectrum) and 1.80 nm (upper spectrum).

Figure 2 shows the Si 1s XPS narrow scan for the samples
with the different thickness. The sample surface was excited
by the SR beam of 2.2 keV photons, and the spectra were
taken at the step energy of 0.07 eV. Two sharp peaks at the
binding energy of 1842.9 eV and 1840.7 eV are observed for
the thin sample with the thickness of 1.25 nm. The intensity
of the peak observed at 1842.9 eV becomes significantly low
with the thickness (sample with the thickness of 1.80 nm).
The energy of the main peak at 1840.7 eV is the same as the
previously reported values for multilayered PDMS films [14].
Also the binding energies of the C 1s peak for these two layers
are located around 282.8 eV, which is similar to those for the
SiC layer [19–21]. Thus the main peak observed at 1840.7 eV
is surely attributed to the silicon atoms in PDMS molecules.
One of the biggest questions is that why two peaks are found
in the Si 1s spectra. We confirmed that the peak splitting is
not due to the decomposition of PDMS by X-ray irradiation
because the peak structures have never changed even after
long-time irradiation. It was reported that the peaks for the
low-dimensional Si always stay at the higher binding energy
region than that for the bulk-Si [22, 23]. We consider that
low-dimensional feature for thin film might be one of the
reasons for the peak found at 1842.9 eV [23]. So the possible
explanations are that (i) the peak energy at 1842.9 eV is due
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molecular weight is around 2000, and the number of silicon atoms
(n) is about 28. The sample surface was excited by the SR beam of
2.2 keV photons as an excitation source and the spectra were taken
at the step energy of 0.07 eV.

to the formation of monolayer and (ii) the peak energy at
1840.7 eV is due to the formation of multilayer of the PDMS
molecules.

Since XPS could not provide information regarding
molecular orientation of chemical bonds, NEXAFS has been
applied in order to elucidate molecular orientation and
quantitative evaluation of polar angle with respect to the
backbone configuration of PDMS in the subsequent section.

3.2. Quantitative Evaluation of Molecular Orientation by Si
K-Edge NEXAFS Analyses. Figures 3(a) and 3(b) show Si
K-edge NEXAFS spectra for the PDMS films with different
thickness. The spectra were recorded at different incidence
angles θ of the SR beam. In the spectra, polarization
dependence of NEXAFS has been clearly observed for both
samples. At the nearly normal incidence (θ = 80◦) of the
SR, four peaks marked by A, B, C, and D are observed.
The photon energies of the four peaks are located at 1842.0,
1843.2, 1845.2, and 1848.6 eV, all of which are found to be
the same as those observed for the samples deposited on ITO
surface [14].

Among the four peaks, the peaks A and B are strongly
polarization dependent. The intensity of the peak A is
increased while the intensity of peak B is decreased at
the small incidence angle of the SR beam (θ = 10◦). For
comparison, Si K-edge NEXAFS spectra for the PDMS films

on ITO surface with different thickness are shown in Figure 4
[14]. It has been observed that the intensity of peak A
decreased and the intensity of peak B increased when the
incident angle becomes low (θ = 10◦). In the previous paper,
we have concluded that the backbone of the PDMS, that is,
the Si–Si bond is perpendicularly oriented on the ITO surface
[14]. The present result for the polarization dependence of
PDMS on HOPG is really opposite to that of PDMS on
ITO. The result suggests that the Si–Si bond is parallel to the
HOPG surface.

Let us go back to Figure 3. As to the peaks in Si K-
edge NEXAFS spectra for Si polymer, the origin of the
resonance peaks for PDMS or similar compounds has been
experimentally and theoretically assigned [3, 24]. According
to McCrary et al., the low-energy resonance peak A at
1842.0 eV is due to the resonance excitation from the Si 1s to
σ∗pyz orbital localized at the Si–C bond, and the high-energy
resonance peak B at 1843.2 eV is attributed to the resonance
excitation from the Si 1s to σ∗px orbital along the Si–Si bond
[24]. Since higher-energy peaks C and D are not apparently
polarization dependent, we shall hereafter concentrate on the
polarization dependences of the peaks A and B.

To our knowledge, there have been no experimental
works for precise determination of the angle for silicon
polymer films on solid surface. Concerning this fact, it is
very important to elucidate the exact polar angle of the
PDMS molecule. As seen, a remarkable feature observed in
the peaks A and B is the clear polarization dependence of
their intensity. The peak intensity I for the NEXAFS spectra
using SR beam of the electric field E could be expressed by
the following equation [25]:

I ∝ |E ·O|2 ∝ cos2δ, (3)

where O is the direction of the final state orbital, and δ
is the angle between E and O. Therefore, considering the
polarization dependences as found in the Figure 3, we can
suppose that the final state orbitals represented by the peak A
are perpendicular while those represented by the peak B are
parallel to the basal plane of the HOPG. In this viewpoint,
the σ∗ orbitals localized at the Si–C bond (hereafter we
denote σ∗Si−C) are almost perpendicular, and the σ∗ orbitals
localized at the Si-Si bond (hereafter we denote σ∗Si−Si) are
parallel to the HOPG substrate surface.

In order to get more quantitative clarification of the
tilted angles, we estimate the angles of σ∗Si−C and σ∗Si−Si

with respect to the silicon backbone configuration and the
substrate surface. In that case, the resonance intensity in
the NEXAFS spectrum could be simplified by the following
equation:

I(θ) = A
[

P · Ip + (1− P) · Iv

]
, (4)

where Ip and Iv are the transition intensities associated with
the angle-dependent matrix elements parallel and vertical to
the electric field vector, respectively, A is the normalization,
and P is the polarization factor [25]. The polarization factor
of the SR beam under the present experimental condition
was estimated to be about 0.95. The PDMS molecule on
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Figure 3: Si K-edge NEXAFS spectra for the samples deposited on HOPG substrate with different thickness: (a) 1.25 nm and (b) 1.80 nm.
The NEXAFS spectra were recorded by the total electron yield mode at the different incident angles θ of the SR beam. Definition of the
incidence angle θ is shown inside of this figure.

the HOPG surface has symmetry higher than threefold, so
the intensities can be simply expressed by the following four
equations: in the case of vector type orbital, the equation
becomes

I‖v =
(

1
3

)
·
[

1 +
(

1
2

)
· (3cos2θ − 1

) · (3cos2α− 1
)]

, (5)

I⊥v =
(

1
2

)
· sin2α. (6)

In the case of plane type orbital, the equation becomes

I‖p =
(

2
3

)
·
[

1−
(

1
4

)
· (3cos2θ − 1

) · (3cos2γ − 1
)]

, (7)

I⊥p =
(

1
2

)
· [1 + cos2γ

]
, (8)

where α is the polar angle, that is, the angle between the
surface normal and the vector-type σ∗Si−Si orbital (peak B).
It should be noted that α is the same as the angle between
surface and the Si–Si bond. γ is also the polar angle that is, the
angle between the surface normal and the normal direction
of the plane-type σ∗Si−C orbital (peak A). The value of γ is
the same as the angle between surface and Si–C bond. The
definition of the polar angles α and γ is shown in the Figure 5.

Figures 6(a) and 6(b) show the normalized peak intensity
I of the peaks A and B of the NEXAFS spectra as a function
of the incident angle (θ) of the SR beam. The details of the
normalization procedure have been described in the caption
of Figure 6. The spectrum taken at the small incidence angle
(θ = 10◦) shows broad feature. It is seen that the intensity
of the peak A decreased, while the intensity of the peak B
increased when the spectra were taken at the incidence angle
θ = 80◦ (See Figure 3). Therefore, the areas of the peaks A and
B found strongly polarization dependent are calculated by
peak deconvolution using Gaussian-curve fitting technique.
The normalized intensities of the peaks A and B are plotted
as filled circles with solid line which are shown in Figure 6.

It has been observed that the experimental data for both
the samples almost follow the line with the polar angle∼65◦.
We already discussed the standing-up orientation in more
detail on the basis of the zigzag and helical conformation of
the PDMS films grown on ITO surface [14]. We proposed
that the multilayer film composed of helix structure was
perpendicularly oriented on the ITO surface with the polar
angle of around 40◦. Present results confirmed that the
experimental values of the polar angle for both the vector and
plane type orbitals follow the theoretical line around 65◦ (See
Figures 6(a) and 6(b)).
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Figure 4: Si K-edge NEXAFS spectra for the samples deposited on ITO substrate with different thickness: (a) 4.4 nm and (b) 3.5 nm [14].
The NEXAFS spectra were recorded by the total electron yield mode at the different incident angles θ of the SR beam. Definition of the
incidence angle θ is shown inside of this figure.

If the structure is flat-lying helical, α equals 48.5
degree, and γ equals 41.5 degree. These angles are just
complementally angles of those of the standing-up helical
configuration. On the other hand, for the flat-lying zigzag
configuration, there are roughly two cases. One is that the
Si–C plane is perpendicular to the surface. In this case, Si
atoms locate close and far from the surface one by one. For
this configuration, the α equals 54.5◦ and γ equals 0◦. The
second case is that the Si–Si bond is parallel to the surface. In
this case, all of the Si atoms are close to the surface. For this
configuration, α equals 90◦ and γ equals 0◦.

The experimental data show that α equals 65◦, and γ
equals 65◦. It is wonder that the values are not exactly the
same as those of the flat-lying helical structure. But if the
configuration is flat-lying zigzag, then at least γ value should
be nearly 0 for both the cases. So we can suppose that the
configuration is flat-lying helical structure with the polar
angle of around 65◦.

A question might be raised as why the orientations of
the PDMS molecules are opposite between HOPG and ITO
surfaces. At present, we cannot give a definite answer to this
interesting phenomenon. One plausible speculation about
standing-up configuration is as follows.

We have also investigated the orientation of PDMS on
other substrates such as polycrystalline copper, and it was
found that the backbones are perpendicular to the surface.
As to the flatness of the surface, we observed that the ITO
surface is vertically undulated in the order of 10 nm [26].
The surface of copper seems to be also undulated in larger
scale. Therefore, the first layer of PDMS on the ITO and Cu
surfaces cannot lie down due to the stress in the molecular
backbone. This is the reason why the PDMS molecules stand
up on a rough surface. On the other hand, HOPG has
perfectly flat surface without defects and steps, so the first
layer of PDMS can lie flat along the surface. It is considered
that the succeeding over layers follows the orientation of the
first layer.

As to the question why PDMS molecules lie flat only
on HOPG surface, one plausible explanation is the relatively
strong interaction between CH bonds in PDMS and π
orbitals (CH/π interaction) at the HOPG surface. The CH/π
interaction is a kind of hydrogen bond operating between a
soft acid CH and a soft base π-system like not only benzenes
but graphites, fullerenes, and nanotubes. Nishio et al. have
reported that the CH/π interaction exists as ubiquitous force
and stressed the importance of the CH/π interaction in
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Figure 5: Sketch of the PDMS molecule in which only five silicon atoms are considered: (a) zigzag configuration, (b) helical configuration,
(c) definition of the polar angle α in respect to the Si–Si σ vector, and (c) definition of the polar angle γ in respect to the Si–C plane. The
structures (a) and (b) are sketched by the WinMOPAC3.9 version of the computer program.

various fields of chemistry [27–29]. As to the solid surface,
Linares et al. reported the configuration of a porphyrin
derivatives on graphite by scanning tunneling microscopy
and molecular simulation, and they have shown that methyl
groups point toward the surface of graphite, suggesting the
occurrence of CH/π hydrogen bonds [30]. In the present
case, a PDMS molecule has six CH bonds in each silicon
atom, and one of the CH bonds would contribute to bind
with HOPG surface through the CH/π interaction.

In summary, we have investigated the molecular con-
figuration of PDMS films deposited on HOPG surface and
demonstrated that the molecular skeleton of the polymer
is just parallel to the basal plane of HOPG. More detailed
analysis revealed that the PDMS molecules lie flat on the
HOPG surface showing helical structure with the polar
angle of around 65◦. Since polysilanes composed of silicon-
silicon backbone are one of the candidate materials as 1D

molecular wire with high electric conductivity, the present
results will shed light on the future applications of polysilanes
to molecular electronic devices with high quality.

4. Conclusions

We have analysed the self-assembling, electronic structure,
and molecular orientation of 1D PDMS films by XPS and
NEXAFS spectroscopy using linearly polarized synchrotron
radiation as an excitation source. XPS confirmed the forma-
tion of monolayer and multilayer films in the samples. In
the Si K-edge NEXAFS, four resonance peaks are identified
of which two peaks are found to be strongly polarization
dependent. On the basis of the polarization dependence
of NEXAFS, finally, we found that the backbones of the
PDMS molecules are nearly parallel in respect to the HOPG
surface. The results are just opposite to those for our previous
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Figure 6: Normalized peak intensity I of the NEXAFS spectra as a function of the incident angle θ of the SR beam for the samples deposited
on HOPG substrate with different thickness: (a) 1.25 nm and (b) 1.80 nm. The filled circles are the experimental values. The intensities are
normalized such that I = 1 at θ = 54.7◦ corresponding to the magic angle. The intensities of the peaks A and B were normalized by the
total electron yields at 1890 eV for the respective incident angles where no polarization dependences existed. The coloured lines in the upper
section of Figure 6 are theoretically calculated values at various α using (4), (5), and (6), while the coloured lines in the lower section of the
Figure 6 are those obtained at various γ values using (4), (7), and (8) shown in the text.

study which described that the backbones of the PDMS
are perpendicular in respect to the ITO surface. The flat-
lying feature of PDMS observed only on HOPG surface is
attributed to the interaction between CH bonds in PDMS
and π orbitals in HOPG surface.
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[25] J. Stöhr, NEXAFS Spectroscopy, vol. 25 of Springer Series in
Surface Sciences, Springer, Berlin, Germany, 1996.

[26] J. Deng, Y. Baba, T. Sekiguchi, N. Hirao, and M. Honda, “Effect
of substrates on the molecular orientation of silicon phthalo-
cyanine dichloride thin films,” Journal of Physics Condensed
Matter, vol. 19, no. 19, Article ID 196205, 2007.

[27] M. Nishio, “CH/π hydrogen bonds in crystals,” CrystEng-
Comm, vol. 6, pp. 130–158, 2004.

[28] M. Nishio, Y. Umezawa, K. Honda, S. Tsuboyama, and H.
Suezawa, “CH/π hydrogen bonds in organic and organometal-
lic chemistry,” CrystEngComm, vol. 11, no. 9, pp. 1757–1788,
2009.

[29] M. Nishio, “The CH/π hydrogen bond in chemistry. Confor-
mation, supramolecules, optical resolution and interactions
involving carbohydrates,” Physical Chemistry Chemical Physics,
vol. 13, no. 31, pp. 13873–13900, 2011.

[30] M. Linares, P. Iavicoli, K. Psychogyiopoulou et al., “Chiral
expression at the Solid-Liquid interface: a joint experimental
and theoretical study of the self-assembly of chiral porphyrins
on graphite,” Langmuir, vol. 24, no. 17, pp. 9566–9574, 2008.



Hindawi Publishing Corporation
Journal of Nanomaterials
Volume 2012, Article ID 847307, 6 pages
doi:10.1155/2012/847307

Research Article

Transitional Failure of Carbon Nanotube Systems under
a Combination of Tension and Torsion

Byeong-Woo Jeong

Department of Guided Weapon Engineering, Daeduk College, Daejeon 305-715, Republic of Korea

Correspondence should be addressed to Byeong-Woo Jeong, bwoojeong@gmail.com

Received 13 June 2012; Accepted 26 August 2012

Academic Editor: Raymond L. D. Whitby

Copyright © 2012 Byeong-Woo Jeong. This is an open access article distributed under the Creative Commons Attribution License,
which permits unrestricted use, distribution, and reproduction in any medium, provided the original work is properly cited.

Transitional failure envelopes of single- and double-walled carbon nanotubes under combined tension-torsion are predicted using
classical molecular dynamics simulations. The observations reveal that while the tensile failure load decreases with combined
torsion, the torsional buckling moment increases with combined tension. As a result, the failure envelopes under combined
tension-torsion are definitely different from those under pure tension or torsion. In such combined loading, there is a multitude
of failure modes (tensile failure and torsional buckling), and the failure consequently exhibits the feature of transitional failure
envelopes. In addition, the safe region of double-walled carbon nanotubes is significantly larger than that of single-walled carbon
nanotubes due to the differences in the onset of torsional buckling.

1. Introduction

Carbon nanotubes (CNTs) have the unique properties
including high stiffness, high covalent bond strength, large
elastic instability, low density, tubular shape, and large aspect
ratio. They have consequently been proposed for use as key
elements in applications such as nanometer scale devices
[1–5] and composite materials [6]. In these CNT-based
applications, combined tensile and torsional loads on the
CNTs are widely expected to occur. For instance, CNTs may
be used as drive shafts [2], torsion springs [4], and torsional
oscillators [7] that can experience torsion as well as tension.
Thus, characterizing and understanding the mechanical
responses of CNTs undergoing this type of loading are
important to optimize their use in new materials and devices.
While numerous studies have examined some aspects of the
mechanical responses of CNTs, such as their strength [8, 9],
buckling instability [10, 11], and elastic modulus [12, 13],
there is much that is still unknown about other aspects
of the mechanical responses of CNTs in combined tensile
and torsional loading, especially concerning the details of
transitional failure envelopes.

In the most general terms, failure refers to any actions
leading to an inability of a part to function in the intended
manner. It follows that permanent deformation (yielding) or

fracture may be regarded as modes of failure. Another way in
which a part may fail is through instability by undergoing
large displacements when the applied load reaches the
buckling value. Here, while the permanent deformation or
fracture indicates the elastic-plastic yield transition of parts,
buckling instability is an effect of overall geometry rather
than only material instability. Therefore, the beginnings of
failure occur prior to the onset of any high levels of stress
and the buckled systems are totally elastic. While the CNTs
have their highest rigidity along the direction of the nanotube
axis due to the sp2 bonding between the carbon atoms, they
are much more compliant in their radial direction [14, 15].
Therefore, the CNTs are readily collapsed in their radial
direction without breaking any in-plane bonding [10, 16].
This characterizes the buckling instability which occurs in
the CNTs under torsional load [10]. However, the CNTs
under tensile load exhibit the elastic-plastic yield transition
or fracture behavior [8, 14]. When tension or torsion is
applied to CNTs in a uniaxial manner, tensile load and
torsional moment can be compared directly with tensile
failure load and torsional buckling moment, respectively, to
estimate whether or not the CNTs will fail. However, the
problem becomes more complex under combined tension-
torsion. In such cases, there is a multitude of failure modes
(tensile failure and torsional buckling), and the failure
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consequently may exhibit the feature of transitional failure.
Therefore, this requires that the failure under combined
tension-torsion is characterized with transitional failure
envelopes.

The particular focus of this work is the identification
of transitional failure envelope (TFE) for failure of single-
walled carbon nanotubes (SWCNTs) and double-walled car-
bon nanotubes (DWCNTs) under combined tensile-torsional
loads using classical molecular dynamics (MD) simulations.
The efficiency of the design approach relies in great measure
on our ability to predict the circumstances under which
failure is likely to occur. The results are therefore expected
to provide new insights that will enhance the design of
CNT-based devices and materials to better function under
combined tensile-torsional loading.

2. Methods

The classical MD simulations numerically integrate Newton’s
equations of motion with a third-order Nordsieck predictor
corrector using a time-step of 0.2 fs [17]. The forces on
the atoms are calculated using methods that vary with
interatomic distance. In particular, the short-range covalent
interactions are modeled using the many-body, second-
generation reactive empirical bond-order (REBO) hydrocar-
bon potential [18]. It has been previously demonstrated that
the cut-off functions of the REBO potential overestimate
the force needed to break a carbon-carbon covalent bond
[9]. In order to prevent this overestimation, we have used
the modified cut-off function for distances between 1.7 and
2.0 Å in the same way as the literature which was previously
published [9]. In addition, long-range van der Waals interac-
tions are included in the form of a Lennard-Jones potential
[17] that is only active at distances greater than the covalent
bond lengths. The system temperature is maintained at 300 K
using a velocity-rescaling thermostat that has been shown
to have negligible effects on the mechanical behavior of
CNTs [19]. The particular nanotubes that are considered
are (10,10) SWCNTs and (10,10) at (5,5) DWCNTs. An
axial-strain-induced torsion has been shown to be negligible
for these armchair CNTs [20], and thus such effect was not
considered for this work. The nanotubes are about 9.5 nm
long, and only defect-free nanotubes are considered here.

The CNTs were prepared by minimizing the potential
energy of the entire nanotubes. The external loads are then
applied to one end of SWCNTs and the outer wall of
DWCNTs, while the other end is held fixed. In applications
such as nanoelectromechanical paddle oscillators, it has been
shown that only the outermost walls of the multiwalled CNTs
(MWCNTs) carry the applied torques as torsion springs
while the inner walls only slide against them [1, 5, 21, 22].
Therefore, applying torsional moment to the outer wall of
DWCNTs is reasonable to optimize their use in the devices. In
particular, the combined tensile-torsional loads are applied
simultaneously during the simulations, and the various
loading types are shown in Table 1. In the simulations to
obtain the tensile failure envelope, the tensile loading rate is
fixed but the torsional loading rate is varied (Table 1). On
the other hand, in the simulations to obtain the torsional

Table 1: Loading cases considered for the simultaneous tension-
torsion simulations. The tensile load (tension) and torsional
moment (torque) are applied simultaneously in a proportional and
quasistatic manner.

Tensile failure analysis Torsional failure analysis

Loading type Loading ratio
(torque/tension)

Loading type Loading ratio
(tension/torque)

A0a 0.000a B0b 0.000b

A1 0.060 B1 0.500

A2 0.100 B2 1.250

A3 0.160 B3 2.000

A4 0.200 B4 2.750

A5 0.240 B5 3.571

A6 0.280 B6 4.167

A7 0.440 B7 5.000
a
Pure tension (tensile load).

bPure torque (torsional moment).

failure envelope, the torsional loading rate is fixed but
the tensile loading rate is varied (Table 1). It should be
notified that the MD simulations are based on the quasistatic
and load-control method, in which the applied loads are
incremented quasistatically to the CNTs and then their
displacements are obtained during the simulations. There-
fore, this approach is similar to the quasistatic testing of
macroscopic materials and structures that especially adopts
the load control method. The applied tensile and torsional
loading rates during MD simulations correspond to a
deformation rate of 10 m/s and 10 Grad/s, respectively. These
loading rates are low enough to avoid adverse effect on the
failure loads.

3. Results and Discussion

Figure 1 presents tension versus tensile strain curves of a
SWCNT under pure tension and different combinations of
tension-torsion. The flat regime represents a sudden increase
of bond elongation which is interpreted by us as failure
[8, 9]. Thus, failure is not triggered on the boundary where
external loads are applied because the rate of applied loads
used in the simulations is low enough to avoid such adverse
effect on the boundary. The tensile strength of the SWCNT
under pure tension is found to be about 100 GPa, in good
agreement with published theoretical predictions [8, 9],
but this value is higher than the tensile strength of about
50 GPa obtained from experiments [23, 24]. This discrepancy
between experimental measurements and theoretical predic-
tions is thought to be caused mainly by the wall defects and
other imperfections in the experimental CNT samples that
are not present in the CNTs examined computationally [25].

For combined loading types, A1–A3, the failure of a
SWCNT is governed by the tensile failure but not by torsional
buckling (Figure 1 and Table 1). Therefore, the torsional fail-
ure (buckling) does not occur for the loading types. However,
for combined loading types, A4–A7, for which higher torsion
(higher loading ratio) is applied, the torsional buckling
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Figure 1: Tension versus tensile strain curves of a (10, 10)
SWCNT under pure tension and combined tension-torsion. A1∼A3
indicates the combined loading types shown in Table 1.

occurs but not tensile failure as mentioned in the following
(Table 1). From Figure 1, we can see that the tensile failure
loads substantially decrease with the increase of applied
torsion (or the loading ratio of torsion and tension). In the
other word, the tensile strength of SWCNTs under combined
tensile-torsional loading is definitely different from their
tensile strength under pure tension. This is because the
tensile behaviors of SWCNTs under combined tension-
torsion are affected by the combination between tensile
(normal) stress and torsional shear stress acting on them. In
addition, the figure indicates that the tensile stiffness (elastic
modulus) within the linear elastic limit is almost the same for
different loading types. This means that applied torsion does
not affect the tensile elastic modulus of the SWCNT.

When the torsional moment is applied, the SWCNTs
are rapidly contracted in the radial direction after the
buckling onset, so that their buckled configuration exhibits
a substantial kink [10, 26] and a constant torque is sufficient
to further deform the tubes. Consequently, the effective tor-
sional stiffness is decreased to nearly zero after the buckling
onset, indicating torsional buckling (Figure 2). This buckling
instability under torsional moment is an effect of overall
geometry rather than only material instability. Therefore, it
should be noted that the beginnings of failure occur prior to
the onset of any high levels of stress [27]. Figure 2 shows the
effects of combined tension on torsional buckling in terms
of a torsional angle which are the results simulated for a
SWCNT. The data of Figure 2 are obtained from simulations
where torsional buckling occurs but not tensile failure. In
other words, the tensile failure does not occur in the system
until the combined loading type, B7 (Table 1). The failure
of SWCNT is therefore governed by torsional buckling but
not by tensile failure until the loading type, B7 (Table 1).
The figure illustrates that the torsional buckling moment
significantly increases in proportion to the loading ratio of
tension and torsion (or the value of combined tension).
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Figure 2: Torsion versus torsional angle curves of a (10, 10)
SWCNT under pure torsion and combined tension-torsion. B2 and
B4∼B7 indicate the combined loading types shown in Table 1.

This result is because the combined tension influences the
progress of torsional shear strain and the opposite of the
trend for tensile failure load, which decreases with combined
torsion, as shown in Figure 1. In addition, the figure also
indicates that the torsional stiffness (or shear modulus)
significantly varies with combined tension relative to what
happens under pure torsion. As shown in the figure, the
torsional stiffness increases in proportion to the loading
ratio of tension and torsion. This result is different from the
trend for tensile stiffness, which does not vary when torsion
is combined (Figure 1). Here, the fact that the torsional
stiffness is changed by combined tension indicates nonlinear
effects due to mechanical coupling between torsional shear
strain and tensile strain. This unusual behavior is thought
to be caused mainly by the ability of the CNTs to endure
relatively large axial elongation.

As mentioned above, the combined tension and torsion
affect the torsional buckling moment and tensile failure load
of a SWCNT, respectively. As a result, the failure envelopes
under the combined tension-torsion would be different from
those under the pure tension or torsion. Figure 3 presents the
failure envelopes of SWCNT under the combined tension-
torsion which are obtained from the results of Figures 1
and 2. From the figure, we can see that while the tensile
failure load decreases with combined torsion, the torsional
buckling moment increases with combined tension. In other
words, the figure shows that the failure envelopes under
the combined tension-torsion are definitely different from
those under the pure tension or torsion. Therefore, when
the SWCNTs are considered for the use under the combined
tension-torsion, the particular failure envelopes obtained
under the combined loading condition should be carefully
utilized. The figure also indicates that the tensile failure
would be transitioned to the torsional buckling for the
loading ratio higher than the loading type, A3. In contrast,
the torsional buckling would be transitioned to the tensile
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types shown in Table 1.

failure for the loading ratio higher than the loading type,
B7. Consequently, the failure envelopes of SWCNT under
combined tension-torsion consist of both tensile and tor-
sional failure envelopes which depend on the loading ratio
(torsion/tension or tension/torsion).

Figure 4 illustrates tension versus tensile strain curves of a
DWCNT under pure tension and combined tension-torsion.
The tensile failure load of the DWCNT under pure tension is
found to be not different from the value for SWCNT. This
is because the tensile load is applied to the outer wall of
DWCNT and the inner CNT does not affect the tensile failure
due to the relatively weak van der Waals shear interactions
between CNT walls [28]. Until combined loading types A7,
the torsional buckling does not occur and thus the failure
of DWCNT is governed by the tensile failure but not by
torsional buckling (Table 1 and Figure 4). This result is due
to the torsional buckling moment of DWCNT which is
significantly higher than that of the SWCNT [10]. However,
for the combined loading ratio that is higher than the value
of A7, the torsional buckling occurs in the system. From
Figure 4, we can see that the tensile failure loads substantially
decrease with the increase of the loading ratio of torsion and
tension (or the increase of combined torsion) in the same
way as Figure 1. In addition, the figure also indicates that
the tensile stiffness (elastic modulus) within the linear elastic
limit is almost the same for different loading types. This
means that applied torsion does not affect the tensile elastic
modulus of DWCNT in the same way as SWCNT.

Figure 5 shows that the torsional buckling moment of
a DWCNT is affected by the combined tension. The data
of Figure 5 are obtained from simulations where torsional
buckling occurs, but not tensile failure which occurs in
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Figure 4: Tension versus tensile strain curves of a (10, 10) at (5,5)
DWCNT under pure tension and combined tension-torsion. A2∼
A7 indicates the combined loading types shown in Table 1.
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Figure 5: Torsion versus torsional angle curves of a (10, 10) at (5,5)
DWCNT under pure torsion and combined tension-torsion. B1∼B3
indicate the combined loading types shown in Table 1.

the loading ratio higher than the value of loading type,
B3. As shown in the figure, the torsional buckling moment
significantly increases in proportion to the loading ratio in
the same way as the case of SWCNT (Figure 2). In addition,
Figure 5 also illustrates that the torsional stiffness (or shear
modulus) significantly varies with combined tension relative
to what happens under pure torsional loading. This is same
as the result for SWCNT (Figure 2). This might be because
mechanical coupling between tensile strain and torsional
shear strain influences torsional responses, which is probably
caused primarily by tensile strain energy that is much larger
than torsional shear strain energy.

As described above on DWCNT, the combined tension
affects the torsional buckling moment, and the combined
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Figure 6: Failure envelopes of SWCNT and DWCNT under
combined tension-torsion. A0 and B0 indicate the pure tension
and torsion, respectively. A1∼A7 and B1∼B7 indicate the combined
loading types shown in Table 1.

torsion affects the tensile failure loads. This implies that the
failure envelopes under the combined tension-torsion would
be different from those under the pure tension or torsion.
Figure 6 presents the failure envelopes of DWCNT under
the combined tension-torsion which are obtained from the
results of Figures 4 and 5. The tensile failure loads are
unaffected by the presence of an inner tube in DWCNT, and
thus the tensile failure envelopes of SWCNT and DWCNT are
nearly identical until combined loading type, A3. However,
when the loading ratio remains above A3, the tensile failure
of SWCNT is transitioned to the torsional buckling, while
the failure of DWCNT is still governed by the tensile failure
until the loading type, A7, without the torsional buckling
phenomena. This is because the value of torsional buckling
moment of DWCNT is significantly larger than that of
SWCNT [10, 27]. Consequently, the tensile failure envelopes
between SWCNT and DWCNT show significant differences
as shown in Figure 6. Here, when the combined loading ratio
remains higher than A7, the tensile failure of DWCNT is
transitioned to the torsional buckling in similar manner with
SWCNT. In contrast, the torsional buckling of SWCNT and
DWCNT is transitioned to the tensile failure for the loading
ratios above the loading type, B7 and B3, respectively. From
Figure 6, we can also see that the safe region between SWCNT
and DWCNT is definitely different, and the safe region of
DWCNT is significantly larger than that of SWCNT. This
result is due to the torsional buckling moment of DWCNT
which is higher than that of SWCNT.

4. Conclusions

This work has predicted the transitional failure envelopes
of SWCNT and DWCNT under combined tension-torsion,

using classical MD simulations. The observations reveal
that while the tensile failure load decreases with com-
bined torsion, the torsional buckling moment increases
with combined tension. As a result, the failure envelopes
under combined tension-torsion are definitely different from
those under pure tension or torsion. In such combined
loading condition, there is a multitude of failure modes
(tensile failure and torsional buckling), and the failure
consequently exhibits the feature of transitional failure
envelopes which consist of both tensile and torsional failure
envelopes and depend on the loading ratio (torsion/tension
or tension/torsion). In addition, the safe region of DWCNT
is significantly larger than that of SWCNT due to the
differences in the onset of torsional buckling. The efficiency
of the design approach relies in great measure on our ability
to predict the circumstances under which failure is likely
to occur. The results are therefore expected to provide new
insights that will enhance the design of CNT-based devices
and materials to better function under combined tensile-
torsional loading.
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The growth of crystalline ruthenium oxide square nanorods was considered on numerous substrate materials. The nanorods were
found to grow easily on insulating substrates, while their growth on electrically conducting and grounded substrates was inhibited.
The transfer of electrons from the plasma discharge to the developing nanorods caused the nanorods to be negatively charged and
obtain a floating potential relative to ground. The electrical charging of the nanorod played a key role in their development.

1. Introduction

The growth of nanomaterial structures in general has
attracted a great deal of interest and excitement over the past
decade and a half with recent attention to the growth of one-
dimensional nanorods [1–4]. Special interest has been given
to RuO2 nanostructures because of their attractive chemical
and physical properties [5]. Ruthenium dioxide is a rutile-
type tetragonal oxide that exhibits low electrical resistivity
(∼40 μΩ-cm) and high catalytic activity [6]. As a result of
these properties, nanostructured RuO2 materials are of great
interest to those working on field emission displays [7] and
catalyst in heterogeneous electrochemical reactors including
fuel cells and electrolyzers [8]. Nanorods (NRs) of RuO2

have been successfully produced by MOCVD [9] as well as
reactive sputtering [5, 10]. The reactive sputtering technique
is attractive as it can be easily incorporated as a single-
step process in the fabrication of integrated circuits. Also
possible is the use of sputtering to deposit large area coatings
on a variety of nonplanar surfaces such as automobile
parts. In previous papers [11, 12], it was proposed that Ru
hyperoxides, formed in the reactive sputtering process, are
the high-vapor-pressure species that permit the synthesis
of RuO2 nanorods, at a low substrate temperature. The
species RuO4 has been proposed as an ideal precursor for
the CVD growth of Ru-containing thin films [13, 14]. This

high-vapor-pressure precursor is credited with having the
surface mobility required to supply chemical reactions that
produce highly faceted nanostructures. In this paper, a high
plasma density, reactive sputtering process was used to grow
RuO2 NRs on a variety of substrate surfaces, with special
attention paid to the electrical conductivity of the substrate
material. The substrate materials used included a Si wafer
substrate piece with various preexisting thin film coatings
and metal sheets such as stainless steel and Ti. The nanorods
have previously been found to be single crystal by X-ray
diffraction analysis but randomly oriented relative to one
another as displayed by the SEM pattern shown in Figure 1.
The main difference in the growth process used by our group,
and that used in other papers involving a sputter process, is
that our process utilized a high plasma density (1010 cm−3

versus 108 cm−3) [13, 15–17] and a lower mole fraction of
oxygen in the reactor ambient gas mixture (5% versus 50%)
[12].

2. Experimental

The RuO2 nanorod materials were formed by self-assembly
through a reactive sputtering process onto a heated substrate
surface. The process used to grow these nanomaterials on a
Si substrate was described in earlier papers [11, 16, 17]. The
RuO2 nanorod samples were prepared by reactive sputtering
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Figure 1: SEM and TEM images showing the single-crystal nature
of the RuO2 nanorods. (a) SEM image displaying smooth planar
sidewalls. (b) TEM image showing atomically sharp nanorod tip.
(c) TEM diffraction pattern, verifying nanorod crystallinity.

from a Ru metal target operated at an RF frequency of
13.56 MHz and a power level of 50 W. In addition to the
RF-driven discharge, an electron cyclotron resonant (ECR)
plasma was generated above the sputter target/substrate
assembly increasing the plasma density to ∼1010 cm−3. The
ambient in the reactor was obtained by flowing 100 sccm
of a 5/95% O2/Ar gas mixture, throttled to a pressure of
15 mTorr. The samples were heated radiatively from behind
with a resistive BN-coated pyrolytic graphite heater to a
temperature of 460◦C. The resulting nanorod samples were
then removed and observed with a JEOL JSM 6060 SEM.

Multiple substrates were used in this paper, including a Si
wafer, an Al evaporation-coated Si wafer, a polished Ti sheet,
and a Si3N4-coated Si wafer. Strongly conducting substrate
materials included a stainless steel sheet, a stainless steel
sheet coated with RuO2, AZO on BSG (aluminum-doped
zinc oxide on borosilicate glass), and ITO on BSG (indium
tin oxide on borosilicate glass).

Electrical characterization was performed while the
nanorod-coated substrates were submerged in an electrolyte
solution (KOH in water) to ensure adequate contact to
the nanorods. All measurements were performed at room
temperature. A more detailed description of the apparatus
and procedure was published earlier [18].

3. Results and Discussion

The deposited RuO2 nanorods were randomly spaced and
oriented with an average length of 1 μm for the growth
conditions used. Characterization of the nanorods films by
XRD suggests that the dominant growth phase is in the (200)
direction, as evident by the peak at 40◦ in Figure 2.

The substrates in all successful NR growth cases were
insulating and amorphous, and no crystalline insulating
substrates were tried. The preference for the growth of the
(200) phase is not obtained from the crystal orientation
of the substrate, but the preferred growth from that phase
is normal to the substrate. As the nanorod grows in the
axial direction, only one crystal orientation can survive as
a consequence of the high aspect ratio of the nanorods.
Previous papers have shown a preferential growth of selected
phases on insulating crystalline substrates over that on
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Figure 2: XRD diffraction pattern of the RuO2 nanorods grown on
a Si substrate.

amorphous insulating substrates [19]. The current paper
considers the growth of RuO2 nanorods on insulating or
conducting substrates.

In an earlier communication, the length was described
to be strongly dependent on substrate temperature used
during the growth process [11]. In that earlier paper, the
RuO2 nanorods were grown on Si substrates that had
previously been coated with Au nanodots, which were
assumed at that time to be required as nucleation sites
for the subsequent growth of the RuO2 NRs. Although no
mechanism describing the involvement of the Au nanodots
was given, the paper left the impression that these were
required for RuO2 nanorod growth. In other papers [5],
and explicitly in the present paper, it has been found that
Au nanodots are not required and will not serve as the
nucleation sites for the growth of RuO2 NRs. In our previous
communication [11] the following was stated:

Once formed the RuO4 molecules migrate across
the wafer surface and nucleate to form RuO2

clusters. The clusters grow very rapidly into square
nanorods with a length of 1.4 μm and width of
30 nm at a substrate temperature of 600◦C. This
process occurs on a very short timescale, and may
be regarded as nearly instantaneous.

We have remained baffled by what appeared to be an
almost instantaneous formation of the RuO2 NRs. In the
earlier communication [11], it was also stated that the
growth proceeds by the following:

Some combination of thermal diffusion of surface
species and an electrostatic trapping mechanism
that collects sputtered Ru ions from the plasma
beam.

Although adatom migration across the substrate surface
is still assumed to contribute to the nutrient feed of Ru
species to the developing NR, the electrostatic trapping or
adatom contribution directly from the discharge was poorly
defined and left as speculation.

Experimental evidence gathered in this paper now per-
mits us to state that electrostatic trapping contributes directly
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Figure 3: SEM image showing a piece of foreign matter decorated
with RuO2 NRs.

to the formation of RuO2 NRs. It has been observed that
dense nanorod formation originates on poorly connected
fragments of foreign matter (FM) that clings onto the
substrate. An SEM image of such an NR-decorated piece
of FM is shown in Figure 3. It is safe to assume that
pieces of FM are weakly bound to the substrate surface
and therefore represent at best poor electrical connection to
that substrate. Furthermore, movement of adatom species
across the substrate surface and onto the object of FM
is unlikely and made difficult by the required movement
from the substrate surface up onto the FM particle. An
electrostatic mediated collection of Ru species from the gas
phase discharge is the only possibility.

Through a trial-and-error process, it was found that
RuO2 NRs grow easily on the following substrates: (a) Si
wafer, (b) Al evaporation-coated Si, (c) polished Ti sheet, and
(d) a Si3N4-coated Si wafer. SEM images of the RuO2 NRs
grown on these substrates are shown in Figure 4.

All of these substrates were highly polished, and it
was initially assumed that this was affecting the surface
mobility of the Ru adatoms that contributed to RuO2

NR formation. The goal was to extend the above process
to the growth of RuO2 NRs on a stainless steel surface.
Stainless steel substrates were tried, with both rough and
smooth surface finishes, without effect [20]. On further
consideration, the difference between the SS substrate and
the group of substrates that gave successful results was the
electrical resistance of the surface. In the case of the Si,
Al, and Ti substrates, each of these elements reacts strongly
with the oxygen contained in the air ambient and creates a
surface of SiO2, Al2O3, and TiO2. The next step was to further
verify that RuO2 NRs could not be grown on conductive
surfaces. A sampling of four different substrate materials
unaffected by the oxygen-containing ambient was tried: (a)
stainless steel, (b) stainless steel coated with RuO2, (c) AZO
on BSG (aluminum-doped zinc oxide on borosilicate glass),
and (d) ITO on BSG (indium tin oxide on borosilicate glass).
During the growth process, the top surface of the substrate
was electrically grounded with a conducting stainless steel
retaining clip. Each of these samples recorded a sheet
resistance of <1 × 10−6 Ω/cm2. SEM images of these four

Table 1: Total resistance values.

Electrode material Rtotal (Ω)

Si 1007

Ti 494

Al 381

substrate surfaces following a similar process sequence used
to grow the RuO2 NRs shown in Figure 4 are shown in
Figure 5. There is a very low density of RuO2 NRs present
on these conductive surfaces. The few RuO2 NRs that are
present could be the result of insulating defects on these
surfaces, perhaps resulting from FM or structural damage in
the substrate surface.

The growth of the RuO2 NRs on the Si, Al, and Ti surfaces
can be explained as a consequence of the native oxide that
exists on these substrate surfaces. Further confirmation that
an insulating layer exists between the conducting RuO2 NRs
and the Si, Al-coated Si, and/or Ti substrates was obtained
from an electrical resistance measurement of these three
systems. Electrical contact to the top of the RuO2 NR film
was made with an electrolyte solution (KOH in water).
The measured V-J curves for the RuO2 NRs on these three
different substrate materials are shown in Figure 6. The full
curve in Figure 6 was used previously in a paper into the use
of RuO2 NR-coated electrodes as cathodes in the electrolysis
of an aqueous solution of KOH [18].

The production of hydrogen at the cathode does not
begin till a voltage less than −0.5 V is applied to the cathode.
The portion of the V-J curve less than this value results from
the electron and ion transport across the electrolyte and is
shown in Figure 7.

The voltage drop measured from the solution to the
substrate electrode is the result of resistive losses: (1) across
the substrate, (2) at the oxide interface between the RuO2

NR and the substrate surface, (3) across the RuO2 NR length,
and (4) at the interface between the RuO2 NR and the liquid
electrolyte. A circuit diagram representing this proposed
model is sketched in Figure 8.

The total resistance for one NR, rtotal, submerged in an
electrolytic solution can be expressed with the following
relationship:

rtotal = rsub + rsub int oxide + rNR + rsol int. (1)

The total resistance Rtotal measured between the electrode
substrate and the solution can be calculated from the slope
of the V-J curves shown in Figure 7. The measured values are
summarized in Table 1.

The resistance measured for the electrode fabricated with
the Si substrate is higher than the other two, and this is a
result of the higher resistivity of the Si substrate relative to Al
and Ti substrates, which are assumed to be negligible. In the
case of the Si electrode, with a resistivity of 50Ω cm, there is
a voltage drop across the substrate portion of the electrode,
calculated to be 700Ω. The nanorods for all samples are
approximately the same size and shape and are assumed
to be of similar consistency. Therefore, the resistances for
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Figure 4: SEM images of RuO2 nanorods grown on insulating substrates, including (a) Si, (b) Al-coated Si, (c) Ti, and (d) Si3N4-coated Si.

Table 2: Measured resistance (corrected for substrate).

Material Rsub int oxide + Rsol int (Ω)

Si 307

Ti 494

Al 381

a nanorod, rNR, should be the same in all cases and should
be small with the resistivity of ∼40 μΩ cm.

The relationship between the resistance measured exper-
imentally Rtotal and rtotal for an individual NR can be
expressed as

1
Rtotal

= N
(

1
rtotal

)
, (2)

where N is the surface density of RuO2 NRs per cm2. Using
the above assumptions, the sum of measured resistances
at the base of the nanorod connecting to the substrate
Rsub int oxide and at the interface with the electrolyte solution
Rsol int for the three samples is estimated to be as shown in
Table 2.

All measured resistance values are reported per cm2 of
substrate or electrode area. It is assumed that an insulating
film on the above substrates, that permitted the growth

Table 3: Native oxide characteristics.

Material Tox (nm) ρ (Ω cm) rsub int oxide (Ω)

SiO2 1 1 × 1015 1 × 108

TiO2 8 1 × 1010 8 × 103

Al2O3 5 1 × 1014 5 × 107

of the RuO2 NRs, is the characteristic native oxide layers
commonly associated with these materials. Much is known
about the native oxide layers on these material substrates,
including thickness (Tox) and resistivity (ρ) [21–23]. These
characteristic values are summarized in Table 3.

Assuming these characteristic thickness and resistivity
values for what was proposed as the nucleation sites for the
RuO2 NRs, the resulting resistance for conduction through
a single nanorod would be the product of Tox and ρ. It
is not possible herein to assign a specific portion of the
total resistance value to either the contact resistance with
the substrate or the electrolyte solution, but it is possible to
assign an upper limit on either of these values. Assuming
that the rsol int = 0Ω, then the values given in Table 2
are equal to the resistance at the interface between the
RuO2 NR and its substrate, Rsub int oxide per cm2 of electrode
area. The equivalent circuit for the NR-coated electrode
is a parallel combination of resistance values assigned to
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Figure 5: SEM images of RuO2 nanorods grown on conducting substrates, including (a) stainless steel, (b) stainless steel coated with RuO2,
(c) AZO, and (d) ITO.

Table 4: Parallel combination of NRs.

Material Rsub int oxide + Rsol int (Ω) rtotal (Ω) NR density (cm−2)

Si 307 1 × 1015 3.2 × 105

Ti 494 1 × 1010 1.6 × 102

Al 381 1 × 1014 1.3 × 105

a single NR, rtotal. The results of this analysis are organized
in Table 4. The calculated surface density of nanorods by
this analysis ia acceptable for the Si and Al/Si electrodes,
but is an underestimation of those observed on the Ti
substrate. The initial assumption that rsol int = 0Ω may
be an oversimplification and may in fact be larger than
rsub int oxide. Further investigation into this discrepancy is
required.

The plasma discharge in the ECR-enhanced sputter
process that is used in the current investigation was the
subject of an earlier study that used a Langmuir probe to
characterize the physical nature of the plasma stream [24].
The electron temperature of the Ar discharge was found
to be less than 2 eV. This value is physically credible and
can be used to calculate other parameters that can describe
the discharge used. It was proposed above that the growth

of the RuO2 NRs occurs as a result of an electrostatic
trapping phenomenon. A more complete description of
this mechanism requires a proposed nucleation site that
is electrically insulated from the grounded substrate. The
nucleation site can consist of an island of insulating material
on what can be a conducting substrate. In the case of the
Si, Al/Si, and Ti substrates, this was accomplished by the
formation of SiO2, Al2O3, and TiO2 nucleation sites. The
RuO2 NR will nucleate at this site and will be assisted by
the fact that the conducting RuO2 mass acts as a body that
will attain the floating potential of the plasma discharge.
A plasma discharge is a collection of an equal number of
electrons and ions. The mass of the electrons is significantly
less than that of the ions, and therefore, they travel at
significantly higher velocities and will escape the plasma
and charge any body in its vicinity. The conducting body
as a result of this high-mobility electron flux will develop
a negative bias with respect to ground, which is known
as the floating potential, Vf . An expression relating the
electron and ion temperatures and masses is shown as follows
[24]:

Vf = −1
2
Te ln

(
MTe

mTi

)
, (3)
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Figure 6: Electrical characterization of RuO2 NRs grown on Si,
Al/Si, and Ti when used as cathode electrode in an electrolysis cell
with an aqueous KOH electrolyte.
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Figure 7: Electrical characterization of electrodes fabricated of
RuO2 NRs grown on Si, Al/Si, and Ti substrates. This is the low-
voltage end of the curve shown in Figure 5 where the voltage is
below the threshold for electrolysis.

where Vf = floating potential (volts), Te = electron tempera-
ture (eV), Ti = ion temperature (eV), M = ion mass (kg), and
m = electron mass (kg).

The Vf for the current system and operating conditions
can be estimated to be equal to 7 to 8Te, or approximately
14 V [23, 24].

This result suggests that the RuO2 NR nucleation site will
be maintained at this floating potential, in the neighborhood
of 14 V relative to ground, and this body will then electrically
attract ions from the discharge to this site. In theory, the
flux of ions will be equivalent to the flux of electrons to this

Substrate

Interfacial oxide

Cu wire

rsub

rNR

rsol int

rsub int oxide

Figure 8: Sketch of the proposed circuit model for a single RuO2

NR on the substrate surface in the electrolyte solution.
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Figure 9: Proposed growth mechanism of conductive nanoparticles
on insulating substrates.

nucleation site, also known as ambipolar diffusion, see the
following [24]:

Γe = Γi = −Diμe + Deμi
μe + μi

, (4)

where Γe, Γi = electron and ion flux, respectively (particles/
cm2 · s), De, Di = electron and ion diffusion coefficient,
respectively (cm2/s), and μe, μi = electron and ion mobilities,
respectively (cm2/V·s).

These ionic species will represent the nutrient flux, which
will feed the growth of the nanorods. It is the crystallographic
orientation of the developing RuO2 NR which will determine
its shape and direction of growth. The electric field and/or
electrical potential in the vicinity of the RuO2 NR acts as
an electrostatic trap for ions in the ECR plasma stream.
This physical process has been represented in the sketch in
Figure 9. The diameter of the RuO2 NR during its initial
stages of growth is very narrow and acts as an effective
electrostatic trap. This can account for the observation
that the RuO2 NRs appear to nucleate instantaneously.
Continued growth is a much slower process that involves
surface migration across the substrate surface and up the NR
surface.



Journal of Nanomaterials 7

4. Conclusions

The nucleation and growth of RuO2 nanorods by the plasma-
enhanced sputtering process require the existence of an elec-
trically insulated substrate surface. The growth of the RuO2

NRs on insulating surfaces was attributed to the collection of
ionic Ru-containing species produced in the sputter process.
The developing RuO2 NR becomes negatively charged as
a result of the escaping higher-mobility electrons from the
gaseous discharge. The negatively charged RuO2 NR then
collects positively charged ionic Ru-containing species from
the sputter discharge. This process has been observed to
occur in less than a minute.
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Raman scattering signals can be enhanced by several orders of magnitude on surface-enhanced Raman scattering (SERS) substrates
made from noble metal nanostructures. Some SERS substrates are even able to detect single-molecule Raman signals. A novel silver
nanobud (AgNB) substrate with superior SERS activity was fabricated with a solid-state ionics method. The AgNB substrate was
formed by tightly collocated unidirectional 100 nm size silver buds, presenting a highly rough surface topography. Distinct SERS
signals of single λ-DNA molecules in water were detected on AgNB substrates. AgNB substrates were compared with disordered
silver nanowire (AgNW) substrates manufactured by the same method through the SERS detection of λ-DNA solutions. This
original AgNB substrate provides a reliable approach towards trace analysis of biomacromolecules and promotes the utilization of
the SERS technique in biomedical research.

1. Introduction

Raman scattering is a characterization technique that pro-
vides fingerprint recognition by molecular vibrational and
rotational energy levels indicated by the Raman peaks.
Raman spectroscopy is especially suitable for biomedical
studies because of its advantages in nondestructive detection,
rich configuration information, easy sample preparation,
and freedom from interference by water. Many applications
of Raman spectroscopy in DNA, RNA, and protein research
have been reported [1–5]. In recent decades, noble metal
nanostructures have been discovered to have good Raman
scattering enhancement ability. According to electromag-
netic theories, external light can polarize free electrons
on noble metal nanostructured surfaces and thereby cause
vibration of the entire free surface electrons. When the
frequency of external light matches that of the surface
electron vibration, local charge distribution will be affected
and the local field will be strongly enhanced due to surface
plasmon resonance (SPR) phenomenon. For molecules
adsorbed on such noble metal nanostructures, their Raman
signals will be markedly intensified by SPR effects [6]. It
was reported that silver nanostructure surfaces exhibited
surface-enhanced Raman spectra of adsorbed molecules by

several orders of magnitude and, in some cases, single-
molecule Raman signals could be detected. Hence, surface-
enhanced Raman scattering (SERS) substrates based on silver
nanostructures have been widely employed in chemical and
biomedical detection [7–14]. A large amount of outstanding
metal nanostructures have been fabricated by our solid-
state ionics method [15–17]. Among them a highly rough
unidirectional silver nanobud (AgNB) structure has excellent
SERS activity. In this work, the SERS activity of AgNBs is
established by detecting the Raman signal of λ-DNA on
AgNB substrate at the single-molecule level.

2. Materials and Methods

2.1. Fabrication of AgNB Structures. Our solid-state ionics
method is based on the ion-conducting ability of superionic
conductor thin films that are comparable to molten salts or
electrolyte solutions. The superionic conductor thin film was
designed as the medium to transport metal ions between
metal electrodes and generate a directional ionic current.
Metal atoms at the anode were ionized by the external direct
current (DC) electric field and transported to the cathode
through the superionic conductor thin film to grow into
various nanostructured materials [15–17].
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The preparation process for highly rough silver nanos-
tructures is shown in Figure 1. Thin silver films of 1 μm
thickness were deposited onto two sides of a clean quartz
substrate to serve as the electrodes. The interelectrode
distance was 8 cm. A piece of RbAg4I5 superionic conductor
thin film, about 400 nm thick with a 0.12Ω−1 cm−1 ionic
conductivity at room temperature, was deposited onto the
whole surface of the quartz substrate as the ion-conducting
medium [17]. All deposition processes were conducted at
room temperature and 10−4 Pa vacuum. The external DC
electric field with a constant electric current was provided
by a SourceMeter (Keithley 2400, USA). Silver atoms at
the anode were ionized and transported to the cathode to
grow into AgNB structures through the RbAg4I5 thin film,
while electrons were transported to the cathode through
external conducting wires. After 3 days, silver nanostructures
of square centimeter size were obtained in the cathode
area. Such silver nanostructures were composed of tightly
collocated 100 nm sized units as revealed by scanning
electron microscopy (SEM) (Figure 2(a)). The 100 nm sized
units were arranged like nanoscale buds growing in the
same direction, leading to a highly rough surface topography,
and these silver nanostructures were termed silver nanobuds
(AgNBs).

The external constant electric current or, rather, the
ionic current density in the RbAg4I5 thin film is the crucial
parameter in the fabrication of silver nanostructures. The
growth of silver nanostructures is maintained by continuous
and stable ionic current as a result of the external constant
electric field. Different nanostructures will be obtained
as the intensity of external electric current changes. The
external electric current was 12 μA in the growth of AgNBs
with unidirectional and dense configuration (Figure 2(a)).
However, when the external electric current was decreased
to 3 μA, disordered and loose silver nanowires (AgNWs)
were obtained (Figure 2(b)). The AgNBs were made of silver
according to energy dispersive spectroscopy (EDS) analysis
(Figure 2(c)).

2.2. Experimental Setup for SERS Analysis. The detection of
λ-DNA on AgNB substrates was carried out on a confocal
Raman spectrometer (Renishaw RM2000, UK). The excita-
tion light was a focused Ar+ laser (excitation wavelength
514 nm, focal area ∼5 μm × 5 μm with a 20× objective).
The exposure time was 20 s and the detection range was
400–2000 cm−1. Figure 3 illustrates the sample preparation.
As-grown AgNBs were fixed on a clean slide as the SERS
substrate, and a 10 μL drop of λ-DNA (Beijing Huamei
Scientific Co., China) water solution was added onto the
AgNBs, followed by placement of a clean 24 mm × 24 mm
coverslip of 0.17 mm thickness on the slide to seal the λ-
DNA solution. Generally there would be a little spillage of the
solution. The incident laser was directed vertically down and
laser power on the sample was 4.7 mW during the analysis.

Six λ-DNA concentrations (50, 20, 10, 1, 0.1, and
0.01 ng/μL) were examined. The average amount of λ-DNA
in the detection area for each solution was estimated from
the λ-DNA concentrations, the solution volume (slightly

(a) (b)

(c)(d)

Quartz
Ag

8 cm

e−

Ag+ RbAg4I5 RbAg4I5

Figure 1: Fabrication of AgNB structures by superionic conductor
thin film. (a) Clean quartz substrate was placed in the deposition
chamber at room temperature and 10−4 Pa vacuum. (b) 1 μm
thick thin silver films were deposited on the quartz substrate as
the electrodes. The distance between two electrodes was 8 cm. (c)
400 nm thick RbAg4I5 superionic conductor thin film was deposited
on the whole substrate as the ion-conducting medium. (d) A
constant electric current was provided as the external electric field
to form a directional ionic current. Silver atoms at the anode
were ionized and transported to the cathode to grow into AgNB
structures through the RbAg4I5 thin film, while electrons were
transported to the cathode through external conducting wires.

smaller than 10 μL due to the spillage), the surface area
of the coverslip (24 mm × 24 mm) and the focal area
of the laser (∼5 μm × 5 μm). For the 0.1 ng/μL solution,
the average number of λ-DNA molecules in the detection
area was less than 0.8. This result indicated that the 0.1,
0.01 ng/μL solutions were capable of revealing whether the
AgNB substrate had single-molecule level SERS activity. The
spectra of the AgNB substrate itself and a 20 ng/μL λ-DNA
solution on clean glass substrate without AgNB were also
analyzed as controls.

3. Results and Discussion

SERS spectra of the six samples and two control groups are
shown in Figure 4. No evident peak was seen in the red
curve of λ-DNA-only control, whereas several distinct peaks
were exhibited by the 20 ng/μL sample, for example, at 979,
1380, and 1594 cm−1. Such a difference provided evidence
of a remarkable enhancement from the AgNB substrate.
The 0.1 and 0.01 ng/μL solutions shared common features,
including the quantity and intensities of characteristic peaks,
distinguishing them from other four samples. According to
the estimation result, these two groups both represented
single-molecule signals, and hence the single-molecule level
SERS activity of AgNB substrates has been demonstrated.

Information on secondary structures, backbone confor-
mations and phosphate group interactions are indicated in
the Raman spectra of DNA molecules. Strong and distinct
characteristic peaks were all labeled in Figure 4 and their
tentative assignments were presented in Table 1. Common
peaks of the six solutions are approximately at 890, 1045,
1161, 1380, 1456, 1596, and 1694 cm−1. The 890, 1161,
and 1456 cm−1 peaks reflect vibrational and deformation
modes of deoxyribose. The 1045 cm−1 peak represents the
phosphate group interaction, and those at 1380, 1596 and
1694 cm−1 correspond to thymine, adenine and guanine (T,
A, G) [18–23]. In addition, there are two more common
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Figure 2: SEM and EDS analyses of AgNB structures. (a) SEM
image of AgNB structures (the external electric current is 12 μA in
the fabrication process). AgNB structures were highly rough, dense,
and unidirectional, composed of tightly collocated 100 nm sized
units like nanoscale buds growing in the same direction. (b) SEM
image of AgNW structures with disordered and loose configuration
obtained by decreasing the external electric current to 3 μA in the
fabrication process. (c) EDS analysis of AgNB structures.

peaks at 1000 and 1260 cm−1 for the 10, 1, 0.1, and
0.01 ng/μL samples. Moreover, the single-molecule samples
(0.1 and 0.01 ng/μL) share another two peaks at 1285 cm−1

and 1486 cm−1. The 20 and 50 ng/μL, samples of higher
concentration have fewer common features with the four
solutions of lower concentration. We conclude that the
differences between these samples are mainly attributed

(a) (b)

(c)(d)

Slide Slide

Slide Slide

AgNB

Laser

Cover slip λ-DNA
solution

Figure 3: Preparation of λ-DNA samples on AgNB substrates. As-
grown AgNBs were fixed on a clean slide as the SERS substrate, and
then a 10 μL drop of λ-DNA water solution was added onto the
AgNBs, thereafter a clean 24 mm × 24 mm coverslip of 0.17 mm
thickness was placed on the slide to seal the λ-DNA solution. The
incident laser was directed vertically down for the analysis.
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Figure 4: SERS spectra of six λ-DNA-AgNB samples (black) and
two control samples (red and blue). The red spectrum was for
20 ng/μL λ-DNA solution on a clean glass substrate without AgNB.
The blue spectrum was for the AgNB substrate itself. The laser
power on the sample was 4.7 mW and the exposure time was 20 s.

to changing spatial configurations of long strand DNA
molecules in water. At low concentration, the interactions
between λ-DNAs are weaker, allowing λ-DNA molecules to
freely extend and therefore the more similar are the Raman
spectra. At higher concentration, the interactions between
λ-DNAs are stronger, λ-DNA molecules are more likely to
condense, markedly affecting the Raman spectra. The low
concentration samples are able to display detection of a freely
extended single λ-DNA molecule.

The disordered AgNW structures in Figure 2(b) are not
comparable to the AgNB structures in respect of SERS
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Table 1: Tentative assignments for SERS spectra of λDNAs on AgNB substrate.

λDNA concentration
Tentative assignmenta,b

50 ng/μL 20 ng/μL 10 ng/μL 1 ng/μL 0.1 ng/μL 0.01 ng/μL

687 662 664 G

834 PO2
−

875 895 943 892, 930 887 887 Deoxyribose

974 979 1000 1000 980, 1001 976, 1000 Deoxyribose

1045 1052 1039 1042 1039 1044 PO2
−

1161 1166 1168 1164 1166 Deoxyribose

1255 1260 1258 1263 T, C, A

1288 1283 C, A

1356 1321 A, G

1380 1380 1380 1377 1377 1378 T, A, G

1447 1454 1461 1448 1456,1486 1458,1486 Deoxyribose, CH2

1534 A

1597 1594 1599 1573,1600 1596 1592 A, G

1690 1689 1686 1684 1681 T
a
Based on [18–23]. bA: adenine; G: guanine; C: cytosine; T: thymine.

(a) AgNB substrate

(b) Disordered AgNW substrate
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Figure 5: SERS spectra of λ-DNA samples (50 ng/μL) on the
AgNB substrate (a) and on the disordered AgNW substrate (b).
Characteristic peaks of λ-DNA on the AgNB substrate were more
distinguishable than those on the disordered AgNW substrate, with
relatively high intensity and low fluorescence background.

activity. Spectra of λ-DNA samples (50 ng/μL) on the
AgNB substrate and on the disordered AgNW substrate are
displayed in Figure 5. The characteristic peaks of λ-DNA on
the AgNB substrate were more distinguishable than those on
the disordered AgNW substrate, with relatively high intensity
and low fluorescence background. In addition, the spectrum
obtained on the AgNB substrate had seven distinct peaks,
while that found with the disordered AgNW substrate only
had four.

SERS activity is strongly dependent on the surface
topography of the substrate. It is demonstrated in hot-
spot theories that the localized field enhancement is more

intense with more hot-spots on the surface of noble metal
materials, and so the amount of hot-spots is related to
SERS activity [24–27]. The AgNB substrate has nanoscale
roughness and a unidirectional dense structure, making it
a perfect environment for hot-spots and the generation
of significant localized field enhancements. The disordered
AgNW substrate only has microscale roughness and a loose
structure, precluding the generation of sufficient hot-spots to
bring about comparable SERS activity. The results demon-
strate that most of the excitation energy was transferred
into Raman scattering of detected molecules on the AgNB
substrate through SPR effects, and the signal-to-noise ratio
was heightened.

4. Conclusions

In this letter, we have reported a highly rough and unidirec-
tional AgNB substrate with excellent SERS activity. We have
shown that AgNB substrates are capable of detecting λ-DNA
at the single-molecule level, and discussed the SERS spectra
of λ-DNA molecules. We have also demonstrated that such
dense and unidirectional AgNB structures are better SERS
substrates than similarly made loose and disordered AgNW
structures. This novel AgNB substrate is associated with a
much lower detection limit than former SERS substrates,
providing an efficient and reliable approach for biomedical
analysis.
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The physical properties of materials on a nanometer scale are known to be different from those of bulk form due to dimensional
confinement effects and high specific surface-to-volume ratio. In this study, the size effects on the diffusion and reaction at the
interface of dissimilar nanowires (NWs) were investigated. Co/Sb-multilayered NWs of 15 ± 1 and 19± 2 nm in radius have been
grown within anodic aluminum oxide templates using a pulsed potentiodynamic electrodeposition method. XRD and TEM results
demonstrated that the multilayered NWs were transformed to a CoSb phase through a solid-state reaction at the temperature in
the range of 653 to 693 K. The kinetics of the solid-state reaction was analyzed and found to be diffusion controlled at the interface
between Co and Sb phases. The reaction was controlled by the dominant diffusion of Sb atoms. The activation energies for the
solid-state reaction were estimated to be 0.9 and 0.7 eV/atom for the multilayered NWs with radii of 15 and 19 nm, respectively.

1. Introduction

Synthesis of one-dimensional nanomaterials is a rapidly
growing research area with applications in energy generating,
energy storage, and environmental sensing [1]. It is well-
known that materials on a nanometer scale have exceptional
physical/chemical properties in comparison with the bulk
form. To date, a number of studies have examined the
size effects on surface energies [2], elastic moduli [3, 4],
melting temperatures [5], superconductivity [6], and lattice
deformation [7, 8] for nanowires (NWs). The size-dependent
properties are due to the dimensional confinement, high
surface-to-volume ratio, and surface relaxation related to
imperfection of coordination number on the surface [9].

In a similar vein, the metallurgical phenomena of phase
transformation, solid-state diffusion, and melting behavior
can be affected by the size effects because the high surface-
to-volume ratio can enhance the atomic mobility at the
surface with certain imperfect coordination number [10, 11].
Recently, it has been reported that phase transformation

and solid-state diffusion on a nanometer scale are greatly
influenced by confined-nanoscale geometry [12–14].

Template-based electrochemical synthesis of NWs is
generally used because this process has several merits of
controlling the diameter of NWs, low cost, and large-area
deposition. Recently, pulsed electrochemical deposition has
been used to control the composition of alloy deposits within
templates [15–18].

We selected Co and Sb in order to investigate the solid-
state reaction in the form of NWs because the reaction
between Co and Sb can result in the formation of several
stoichiometric compounds such as CoSb, CoSb2, and CoSb3;
these compounds have attracted much attention in the fields
of secondary Li-ion batteries and thermoelectric devices
[19, 20], because a vertical configuration of one-dimensional
nanostructure offers distinct benefits over a lateral config-
uration in its utilization of a high specific surface area. As
an anode of secondary Li-ion batteries, the small radius
of NWs allows for better accommodation of large-volume
changes without the initiation of fracture. And the high
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Figure 1: (a) SEM image, (b) bright field TEM image, and (c) HR-TEM image at the interface between Co and Sb segments of Co/Sb-
multilayered nanowires (rNW = 15 nm). The insets denote the FFT images of the marked areas.

specific surface area of NWs can contribute to the lowering
of the lattice thermal conductivity and the enhancement of
thermoelectric figure of merit [19].

In this study, we investigated an alternative growth
method of a Co and Sb NW array using pulsed potentio-
dynamic electrodeposition based on the different reduction
potentials of Co and Sb cations. The diffusion-controlled
solid-state reaction, confined in a cross-sectional area of
several tens of nanometers, was analyzed.

2. Experimental Procedure

Anodic aluminum oxide (AAO) templates were synthesized
on Al foil (99.99%) by a two-step anodization process in
0.3 M oxalic acid (40 V) at 274 K. Then, the remaining
Al foil was removed in an etching solution composed of
0.1 M CuCl2 and 20 wt% HCl. The barrier layer of the AAO
template was removed in 0.5 M H3PO4 solution at 303 K
for the following electrodeposition process. A 150 nm thick
Au layer was deposited on one side of the AAO template
using an RF sputtering system; this layer served as a working
electrode in the electrochemical deposition process. Using a
pore-widening process [5], we fabricated two AAO templates
with a pore radius of 15 ± 1 and 19 ± 2 nm. The detailed
procedures of preparing the AAO templates can be found in
previous reports [5, 8].

Electrodeposition was carried out using a poten-
tio/galvanostat (Solartron 1280z) as a power source with
a three-electrode setup; a saturated Ag/AgCl electrode as a
reference; a Pt wire as a counter electrode; an AAO as a
working electrode. The electrolyte (pH 1.5) for the elec-
trodeposition of Co/Sb-multilayered NWs was composed of
0.1 M CoSO4·7H2O, 0.01 M SbCl3, and 0.14 M tartaric acid.
We consecutively conducted alternative electrodepositions
of Co and Sb for the multilayered Co/Sb NWs in the
pulsed potentiodynamic mode. We used reduction potentials
(VR) of −1.3 and −0.8 V (versus saturated Ag/AgCl) for
the growth of Co and Sb segments, respectively. When
changing the VR to −1.3 and −0.8 V, Co and Sb phases,
respectively, were deposited onto the AAO templates. From

SEM observation, the respective growth rates of Co and
Sb NWs were experimentally determined to be 10 and
2 nm·s−1.

The NWs in the AAO templates were heat treated in
a vacuum of 4 × 10−6 Torr in a temperature range of 653
to 693 K. A field-emission scanning electron microscope
(SEM, Hitachi S4800), X-ray diffractometer (XRD, Rigaku,
D/MAX-RC, 12 kW), and transmission electron microscope
(TEM, Tecnai G2 F30, 300 kV) were used to analyze the
crystal structures and morphologies of the multilayered NWs
before and after the heat treatment. For the purpose of TEM
characterization, the AAO structure was dissolved in a 1 M
NaOH solution. The remaining NWs were rinsed in distilled
water and were dispersed in ethanol. We prepared the TEM
specimen by dropping the NW dispersed ethanol solution on
a TEM grid.

3. Results and Discussion

Figure 1(a) shows a typical cross-sectional SEM image of the
Co/Sb-multilayered NWs with a radius of rNW = 15 nm
within the AAO template. At first, the Co segment (dark
region) was deposited at the bottom of the template, and
then the Sb segment (bright region) was consecutively
deposited at the top of the Co segment along the pore
channels of the template. After three cycles of VR modu-
lation from −1.3 V to −0.8 V, three bilayers of Co/Sb were
repeatedly synthesized, as shown in Figure 1(a). The interface
boundaries are indicated by the dotted yellow lines shown
in Figure 1(a). The lengths of the Co and Sb segments were
300 ± 40 and 600 ± 50 nm, respectively. In Figure 1(b), a
bright-field TEM image shows that each segment of Co and
Sb was densely interconnected at the interfaces. Figure 1(c)
shows a high-resolution (HR) TEM image of the interface
between Co and Sb segments. The insets indicate the fast
Fourier transformation (FFT) images corresponding to the
marked areas in the Co and Sb segments, respectively. The
FFT image from the Sb segment shows a diffuse ring pattern
indicating that the Sb segment is in an amorphous state. The
FFT image from the Co segment shows that the Co segment
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Figure 2: XRD patterns of Co/Sb-multilayered nanowires (rNW =
15 nm) (a) in the as-prepared state and (b) after heat treatment at
673 K for 10 min.

has a hexagonal closed packed crystal structure with a [001]-
zone axis. Although the marked area of the Co segment was
analyzed and found to be of crystalline phase, it should be
mentioned that most of the other parts of the Co segment
have an amorphous structure. From the HR TEM analysis
shown in Figure 1(c), it can be supposed that the Co segment
has a mixed phase of Co nanocrystals (grain size less than
10 nm), in a very limited region, and Co in an amorphous
phase. The TEM results were in a good agreement with
the XRD results shown in Figure 2(a). Figure 2(a) shows
the XRD pattern of the Co/Sb-multilayered NWs (rNW =
15 nm) in the as-prepared state. In Figure 2(a), there are
no reflection peaks from elemental Co and Sb, or Co-Sb
compound phases, indicating that Co and Sb segments in
the as-prepared state were in an amorphous state. Figure 2(b)
shows the XRD pattern of the Co/Sb-multilayered NWs
of rNW = 15 nm after the heat treatment at 673 K for
10 min. The XRD pattern of the Co/Sb-multilayered NWs
of rNW = 19 nm after heat treatment is not shown here
because it was almost the same as that of the NWs of rNW =
15 nm. During the heat treatment, the transformation of
the Co/Sb-multilayered structure into CoSb phase occurred
at the interface between Co and Sb, regardless of the wire
radius, as shown in Figure 2(b).

Figure 3 displays the bright-field and HR TEM images
of Co/Sb-multilayered NWs (rNW = 15 nm) after heat
treatment at 673 K. It was observed that the Co segment was
shortened from the initial length (300 nm) to 130 nm, and
that the CoSb segment (about 230 nm in length) formed after
the heat treatment, as can be seen in Figure 3(a). The HR
TEM image and the corresponding FFT result shown in the
inset of Figure 3(b) show a crystalline segment indexed as a
hexagonal CoSb phase resulting from the solid-state reaction
between Co and Sb segments. The CoSb segment was
disconnected from the Sb segment, as shown in Figures 4 and
5, while the interface between Co and CoSb segments was
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CoSbCo
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Figure 3: (a) Bright field TEM image and (b) HR-TEM image of
Co/Sb-multilayered nanowires (rNW = 15 nm) after heat treatment
at 673 K for 10 min. The inset denotes the FFT image of the marked
area of the CoSb segment.
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Figure 4: SEM images of the multilayered nanowires (rNW =
15 nm) with isothermal heat treatment time of up to 30 min at
673 K.

connected despite the formation of the small notches that
are shown in Figures 3 to 5. This suggests that the diffusion
of Sb atoms toward the Co segment was dominant during
the solid-state reaction. Although the dominant diffusion of
Sb atoms causes a molar volume expansion, it is presumed
that the volume expansion occurs along the longitudinal
direction of the pores due to the confinement within the
nanotemplates. In Figures 4 and 5, it should be noted
that the interface between Sb and CoSb segments started
to disconnect after heat treatment for 4 min. Despite this
disconnection, the CoSb segments grew with heat treatment
time up to 30 min. The Sb atoms needed for the formation
of the CoSb segment are presumed to be supplied by the
sublimation of the Sb segment as well as by surface diffusion
along the wall surface of the AAO template. Previously, it was
reported that Sb can be sublimated in vacuum at 650 K [21]
and that Sb NWs sublimated at 769 K in ambient atmosphere
[22]. Accordingly, the heat treatment was conducted in the
range of 653 to 693 K for proper measurement of the solid-
state reaction rate.

The transformation kinetics from Co/Sb-multilayer to
CoSb phase was investigated by the isothermal heat treat-
ment of the Co/Sb-multilayered NWs. As can be seen in
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Figure 5: SEM images of the multilayered nanowires (rNW =
19 nm) with isothermal heat treatment time of up to 30 min at
673 K.

Figure 4, the Co segment was transformed to a CoSb segment
by the dominant diffusion of Sb atoms in the Co/Sb-
multilayered NWs with rNW of 15 nm. The length of the Co
segment (dark region between the dotted lines) decreased
with the time, while that of the CoSb segment (between
the dotted lines and to the triangle) increased with the
heat treatment time out of the Co segment ends. After heat
treatment for 30 min, a 40 nm length Co segment remained,
while a 270 nm length CoSb segment formed, as shown in
Figure 4. In the case of Co/Sb-multilayered NWs of rNW =
19 nm, very similar reactions were observed, as can be seen in
Figure 5. Interestingly, the Co segment was almost consumed
in forming the CoSb segment after 30 min, as can be seen in
Figure 5. After heat treatment, the lengths of the CoSb NWs
were observed to be about 350 nm.

As can be seen in Figures 4 and 5, the lengths (λ) of
the CoSb segments were measured with the variation of the
heat treatment time. The length of the CoSb segment was
determined as the average value out of ten measurements
of the length of each NW. Figure 6 shows the variations of
CoSb length with the heat treatment time. The variations of
CoSb lengths with the time showed similar behavior for the
two NWs with radii of rNW = 15 and 19 nm. The variations
of CoSb lengths with the time were fitted by the following
relation:

λ = (Dt)n. (1)

Here, D and t denote a diffusion coefficient and diffusion
time; n is a diffusion exponent. When n = 0.5, the variation
of the CoSb lengths was in good agreement with the fitting
line. It is wellknown that n = 1 implies a reaction-
controlled process, while n = 0.5 indicates a diffusion-
controlled process [23]. Therefore, the data and fitting shown
in Figure 6 suggest that the solid-state reaction of the CoSb
formation occurred in a diffusion-controlled mode. The
overall reaction rate was controlled by Sb diffusion through
the CoSb phase, which was evidenced by the formation of
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Figure 6: Variations of CoSb length (λ) with isothermal heat
treatment time at 673 K. The curve (red line) was fitted according
to (1) and n = 0.5.
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inverse heat treatment temperature in the range of 653 to 693 K.

the notches beside the Co segment and the disconnection
between the CoSb and Sb phases.

Using the Arrhenius relation of D = D0 exp(−Q/kT), (1)
is reduced to the following relation:

ln λ = A− Q
(2kT)

. (2)

Here, A, k, T , and Q denote a constant, the Boltzmann
constant, temperature, and the activation enthalpy for solid-
state diffusion, respectively. The lengths of the CoSb segment
were measured by varying the heat treatment temperature
in the range of 653 to 693 K. The variations of ln λ with
the inverse temperature, 1/T , were linearly fitted in Figure 7.
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According to (2), the slopes of the linear fits in the plot
of ln λ with 1/T are equal to the values of Q/(2k). Thus,
the activation enthalpies were estimated to be 0.9 and
0.7 eV/atom for the Co/Sb-multilayered NWs of rNW = 15
and 19 nm, respectively. The estimated activation enthalpies
indicate the barrier energy needed for the diffusion through
the CoSb phase because the reaction was controlled by the
diffusion of Sb atoms, as discussed above. Considering the
overlapped standard deviations of data shown in Figure 7, it
is supposed that the activation enthalpies of the solid-state
reactions for the two NW radii were not very different from
each other. They are lower than the activation enthalpies (2.7
and 1.3 eV/atom) needed for the diffusion of Co in bulk Fe
and Sb in bulk Sn, respectively [24, 25]. This suggests that
the activation energy for atomic diffusion on a nanometer
scale can be slightly lower than that in bulk form, which is in
agreement with previous reports [10, 11].

4. Conclusion

We have produced a Co/Sb-multilayered NW array within
an AAO template using pulsed potentiodynamic electrode-
position. After heat treatment, the amorphous Co/Sb-
multilayered NWs transformed into CoSb crystalline phase
through a solid-state reaction. We analyzed the solid-state
reaction, which was confined in the nanotemplate, in order
to understand the phase transformation kinetics on a
nanometer scale. From the heat treatment experiment, it was
confirmed that the solid-state reaction between Co and Sb
segments is diffusion controlled and that the Sb diffusion
through the CoSb phase is the dominant process. The acti-
vation enthalpies for the solid-state reaction were estimated
to be 0.9 eV/atom for rNW = 15 nm and 0.7 eV/atom for
rNW = 19 nm. It is supposed that the activation enthalpies
for solid-state diffusion in the NWs are lower than those for
the bulk form. Further experimental studies on the effects of
wire radius on the solid-state diffusion kinetics are needed to
quantitatively analyze the size effects.
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One-dimensional cerium phosphate (CePO4) nanowires (NWs) were successfully synthesized by a facile and simple hydrothermal
method at 200◦C for 12 h, using Ce(NO3)3·6H2O and Na3PO4·12H2O as starting materials, and followed by pH adjusting to be
1–3 using HNO3 (conc.). Phase, morphologies, and vibration modes of the as-synthesized CePO4 products, characterized by XRD,
SEM, TEM, and FTIR, were proved to be perfect and uniform monoclinic CePO4 nanowires with aspect ratio of more than 250 for
the product synthesized in the solution with the pH of 1. The UV-visible and photoluminescence (PL) spectrometers were used to
investigate optical properties of the as-synthesized monoclinic CePO4 nanowires.

1. Introduction

Since the discovery of carbon nanotubes by Iijima in 1990,
a number of one-dimensional (1D) nanotubes, nanorods,
and nanowires, have widely attracted interest for world-
wide scientists, due to their novel physical and chemical
properties caused by their low-dimensional and quantum-
sized effects for different applications. In addition, these 1D
nanomaterials can play an important role in functional nan-
odevices for light emitting diodes (LEDs), solar cells, single-
electron transistors, lasers, and fluorescence for biological
labels. Controling the synthesis of anisotropic nanostruc-
tured materials may therefore bring towards some unique
properties and further enhance performances for a variety
of applications [1–3].

Rare earth phosphate materials with unique 4f-5d and
4f-4f electronic transition have been widely used as high-
performance luminescent devices, magnetic materials, cata-
lysts, time-resolved fluorescence labels, and other functional
materials. They are well known for the production of
phosphor, sensor, and heat-resistant materials. Among them,

CePO4 as well as its solid solutions is able to be used
as highly efficient emitters for green light of luminescent
devices. The monoclinic CePO4 monazite, one of the most
stable materials although at a temperature as high as 1200 K,
is appropriate for heat-resistant ceramic applications. It
exists for billions of years by forming solid solutions with
tetravalent actinide ions, such as U4+ and Th4+. Thus it is a
promising material for nuclear waste storage. But for hexag-
onal CePO4, it is able to apply for tribological applications
due to its natural layered structure [2–6].

In this paper, synthesis and formation mechanism of
monoclinic CePO4 nanowires (NWs) with high aspect ratio
by a hydrothermal method without the use of surfactant and
template as morphological controlling agents were reported.
This method is simple, inexpensive, highly effective, and
appropriate for synthesizing of other 1D nanomaterials.

2. Experiment

All reagents, Ce(NO3)3·6H2O, Na3PO4·12H2O, and HNO3,
bought from Sigma-Aldrich Co. LLC., were analytical grade
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and used without further purification. For a typical synthesis
of monoclinic CePO4 NWs, 0.003 mol Ce(NO3)3·6H2O was
dissolved in 10 mL distilled water with the subsequent adding
of 10 mL 0.003 M Na3PO4·12H2O solution. The solution pH
was adjusted to 1, 1.5, 2, and 3 using HNO3 (conc.). Then,
each of these solutions was transferred into Teflon contain-
ers, which were put in home-made stainless steel autoclaves.
The autoclaves were tightly closed, heated at 200◦C for
12 h in an electric oven, and left naturally cool down to
room temperature. Then the as-synthesized precipitates were
separated by filtration, washed with deionized water several
times and ethanol, and dried at 70◦C for 12 h. The final
products appeared as light green solid powder.

The crystalline phases and crystalline degree of the as-
synthesized nanostructured products were analyzed by X-
ray diffractometer (XRD, Philips X’Pert MPD) operating at
45 kV 35 mA and using Cu Kα line in 2θ = 10◦ − −60◦. The
morphology investigation was carried out by field emission
scanning electron microscope (FE-SEM, JEOL JSM-6335F)
operating at 15 kV, transmission electron microscope (TEM,
JEOL JEM-2010), and high resolution transmission electron
microscope (HRTEM) using LaB6 electron gun operated
at 200 kV. The samples for EM analysis were prepared by
sonicating of dry products in absolute ethanol for 15 min.
For SEM analysis, the solutions were dropped on aluminum
stubs, dried in ambient atmosphere, and coated by Au
sputtering to increase electrical conductivity. But for TEM
analysis, 3–5 drops of the suspensions were put on carbon-
coated copper grids which were dried in ambient atmo-
sphere. Fourier transform infrared (FTIR, PerkinElmer RX
1) spectrophotometer was carried out in the range of 4000
to 400 cm−1 with 4 cm−1 resolution. Their optical properties
were studied by a UV-visible (UV-vis) spectrometer (Lambda
25 PerkinElmer) using a UV lamp with the resolution of 1 nm
and a fluorescence spectrophotometer (LS50BPerkinElmer)
using 450 W Xe lamp with 0.2 nm resolution.

3. Results and Discussion

Phase of the product was characterized by X-ray powder
diffraction (XRD) as shown in Figure 1. The XRD pattern
was readily specified as monoclinic CePO4 structure of
the JCPDS database number 32-0199 [7]. There were no
detection of any peaks of impurities of CeO2 and hexagonal
CePO4 in this paper. Its lattice parameters (a, b, and c) and
volume (V) of unit cell were calculated from the equations
for monoclinic structure below

1
d2
= 1

sin2β

[
h2

a2
+
k2sin2β

b2
+
l2

c2
− 2hl cosβ

ac

]
,

V = abc sinβ,

(1)

where h, k, and l are the Miller indices, d is the plane spacing,
and β is the angle between the a and c axes (103.46◦) [8]. The
calculated lattice parameters of monoclinic CePO4 structure
were a = 6.7852 Å, b = 7.0802 Å, and c = 6.4523 Å—in good
accordance with those of the JCPDS database (a = 6.8004 Å,
b = 7.0231 Å, and c = 6.4717 Å). The calculated cell volume
of the as-synthesized CePO4 NWs was 301.45 Å3, higher than
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Figure 1: XRD pattern of CePO4 NWs synthesized by the 200◦C
and 12 h hydrothermal reaction of the solution with the pH of 1,
compared with the JCPDS database.

Table 1: The 1D CePO4 products synthesized by the 200◦C and 12 h
hydrothermal reaction of the solutions with different pH values.

Solution pH Length (μm) Diameter (nm) Aspect ratio

1 5.00–7.00 20 250–350

1.5 2.00–5.00 20 100–250

2 1.00–1.50 15 67–100

3 0.20–0.30 10 20–30

that of its bulk of 300.60 Å3. The increase in the cell volume
indicated that lattice of the NWs was more distorted than
that of their bulk [9, 10].

Figure 2 shows FTIR spectra of CePO4 NWs synthesized
by the hydrothermal reaction at the pH of 1 adjusted by
HNO3 solution. The vibrations of CePO4 NWs were due
to the PO4

3− tetrahedrons, belonging to the A1(R) + E(R)
+ 2F2(IR + R). The ν1(A1) (symmetric stretching mode)
and ν2(E) (symmetric bending mode) are Raman (R) active,
and the ν3(F2) (asymmetric stretching mode) and ν4(F2)
(asymmetric bending mode) are R and IR doubly active
modes. The symmetry of PO4

3− ions in the CePO4 crystals
decreases from Td to C1, and thus the non-IR modes become
IR active [10]. The broad band at 3460 cm−1 was assigned as
the O–H stretching vibration of water molecules, adsorbed
on surface of the product. The bands at 1200–400 cm−1

wavenumbers were assigned as the vibrations of PO4
3−

groups. Those centered at 1052 cm−1 were specified as the
asymmetric stretching vibrations of the PO4

3− groups and
those at 609 cm−1 and 536 cm−1 were as the O–P–O bending
vibrations. Four medium-intensity peaks between 700 and
400 cm−1 were caused by bending of P–O links in PO4

3−

distorted tetrahedrons. The P–O stretching peak was split
bands due to the removal of degeneracy of tetrahedral vibra-
tions, corresponding to the characteristic peaks of phosphate
groups of monoclinic cerium phosphate. In the monazite
monoclinic phase, the tetrahedral phosphate groups are
distorted in the nine fold coordination of lanthanide atoms
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Figure 2: FTIR spectra of CePO4 NWs synthesized by the 200◦C and 12 h hydrothermal reaction of the solution with the pH of 1. (a)
4000–400 cm−1 and (b) 1400–400 cm−1.
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Figure 3: SEM images of CePO4 synthesized by the 200◦C and 12 h hydrothermal reaction of the solution with the pH of (a–d) 3, 2, 1.5, and
1, respectively.

Table 2: Individual component of PL spectrum of CePO4 NWs. Emission intensities were calculated from areas under the corresponding
curves.

Individual component Emission wavelength (nm) Area under curve Intensity (%)

P1 361.36 (ultraviolet) 381.56 6.00

P2 388.24 (ultraviolet) 1505.29 23.65

P3 438.46 (violet) 2449.46 38.49

P4 482.52 (blue) 160.49 2.52

P5 505.94 (green) 1867.22 29.34
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Figure 4: TEM images of CePO4 synthesized by the 200◦C and 12 h hydrothermal reaction of the solution with the pH of (a–d) 3, 2, 1.5,
and 1, respectively. Inserted HRTEM image of (d) shows the growth direction and crystallographic plane of the NW.

and the phosphate absorptions are split accordingly. The
stretching modes appeared as a cluster of very strong peaks
at 954, 993, 1052, and 1092 cm−1. The adsorption of NO3

−

anions (1380 and 878 cm−1) from the precursor was not
detected, indicating that the product was very pure phase
[10–13].

The product morphology (Figure 3) was characterized
by a scanning electron microscope (SEM), and was able
to specify the evolution in the length of one-dimensional
CePO4 product-influenced by pH of the solutions. Only the
monoclinic CePO4 nanorods with 200 to 300 nm long and
10 nm in diameter were synthesized by the 200◦C and 12 h
hydrothermal reaction of the precursor solution with the pH
of 3. Upon adjusting the pH values to 2 and 1.5, some CePO4

nanorods were transformed into CePO4 nanowires (NWs)
with 1 to 5 μm in length and 15 to 20 nm in diameter. At
the precursor solution pH of 1, the whole CePO4 NWs with
aspect ratio > 250 were synthesized. The aspect ratios for
different solution pH were summarized in Table 1, which
showed the influence of pH values on the lengths and
diameters of 1D CePO4. In this paper, uniform CePO4 NWs

with high aspect ratio were successfully synthesized by the
200◦C and 12 h hydrothermal reaction of the solution with
the pH of 1.

To further show the real morphologies of the as-
synthesized monoclinic CePO4 at the pH of 1–3, the products
were characterized by a transmission electron microscope
(TEM) (Figure 4). At the pH of 3, the product was
structurally uniform nanorods. Their average diameter was
10 nm and length was up to 300 nm. Mixed nanowires and
nanorods were detected at the pH of 2 and 1.5. The whole
CePO4 NWs with longer than 5 μm and diameter of 20 nm
were synthesized at the pH of 1. The growth direction of
monoclinic CePO4 NWs was investigated by high resolution
transmission electron microscope (HRTEM) as shown in the
inset of Figure 4(d). It shows that the lattice spacing was
about 4.81 Å, corresponding to the (−110) plane, with the
growth direction of single monoclinic CePO4 crystal along
the [001] direction-parallel to the (−110) plane.

In general, the anisotropic growth of one-dimensional
materials was driven by several factors such as surface energy,
structure, electrostatic force, and surfactant. In this paper,
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Figure 5: UV-visible spectrum of CePO4 NWs synthesized by the
200◦C and 12 h hydrothermal reaction of the solution with the pH
of 1.

the anisotropic CePO4 NWs was controlled by the chemical
potential. The faster ionic migration usually promoted the
reversible pathway between fluid and solid phases, leaving
ions to reside in the right positions of crystal lattice [14]. The
formation mechanism of CePO4 NWs is able to explain as
follows:

PO4
3− + nH+ −→ HnPO4

(3−n)−

Ce3+ + HnPO4
(3−n)− −→ CePO4

(
light green precipitates

)
+ nH+

(2)

Ce(NO3)3·6H2O and Na3PO4·12H2O were mixed in
distilled water, with the following of pH adjusting using
HNO3 (conc.). During the hydrothermal treatment of the
solution with the pH of 1, the clear colorless solution was
heated up under high pressure. Concurrently, the Ce3+ and
HnPO4

(3−n)− chemical potentials were raised up, including
the faster ionic migration in the solution. During cooling,
these ions combined to form light green precipitates of
monoclinic CePO4 NWs—in accordance with the reports of
Zhang and Guan [3].

The optical properties of CePO4 NWs hydrothermally
synthesized in the solution with the pH of 1 were investigated
by UV-visible and photoluminescence (PL) spectroscopy.
The CePO4 NWs for the analyses were ultrasonically dis-
persed in absolute ethanol for 10 min. Their UV-visible
absorption spectrum (Figure 5) is in the range of 220 to
650 nm. The absorption was detected as a strong band in
the ultraviolet range, caused by the f–d electron transition
of Ce3+ atoms in the lattice. It shows the major absorption
peak at 274 nm coupled with a small shoulder at 257 nm.
These bands were overlapping as the excited states were
strongly split by the crystal field. Moreover, these results
are in consistent with the data for transition from the
Ce3+ 2F5/2(4f1) ground state to the five crystal field split levels
of the Ce3+ 2D (5d1) excited states, namely, the 2D5/2 and
2D3/2 [9, 15].
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Figure 6: PL spectrum of CePO4 NWs synthesized by the 200◦C
and 12 h hydrothermal reaction of the solution with the pH of 1.
Centers of the five deconvoluted peaks from left to right are in
sequence as P1, P2, P3, P4, and P5.

Figure 6 shows the PL spectrum at room temperature of
CePO4 NWs using the excitation wavelength of 325 nm. It
displays a broad emission peak of the CePO4 NWs over the
325 to 625 nm range. To estimate the contribution of each, it
was necessary to deconvolute the PL spectrum. By using the
Gaussian analysis, the deconvoluted results shows that the PL
profile was at the best for five deconvoluted peaks. The first,
second, and third were in the ultraviolet spectrum, the fourth
in the blue range, and the fifth in the green wavelength.
Each component represents different types of electronic
transition, linked with the atomic arrangement and surface
defects. The PL spectrum exhibits strong emission peaks
centered at 388.24 nm (ultraviolet) and 438.46 nm (violet)
[13, 16, 17]. Emission wavelength, color, and intensity of
each component of CePO4 NWs are shown in Table 2. The
strongest intensity of the PL spectrum for CePO4 NWs
corresponded to the 438.46 nm violet wavelength with
38.49% of the whole emission.

4. Conclusions

In summary, uniform CePO4 NWs with aspect ratio of more
than 250 were synthesized by the facile hydrothermal
method. Their formation mechanism was also discussed in
this paper. Different lengths and sizes of CePO4 products
were influenced by the pH values. The uniform monoclinic
CePO4 NWs were synthesized in the solution with the pH of
1. These NWs show the strong absorption in the ultraviolet
range due to the f–d electron transition of Ce3+ atoms in
crystal lattice. Their PL emission shows a broad band of 325
to 625 nm range with the strongest emission at 438.46 nm in
the violet region.
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Cr-doped ZnO-diluted magnetic semiconductor (DMS) nanocrystals with various Cr contents were synthesized by hydrothermal
method under high magnetic field. The result indicated that both the amount of Cr contents and high magnetic field significantly
influenced crystal structure, morphology, and magnetic property of Cr-doped ZnO DMSs. When the Cr contents increased from
1 at% to 5 at%, the morphology of grains sequentially changed from flower-like to rod-like and then to the flake-like form. All
the samples remained hexagonal wurtzite structure after Cr ions were doped into the ZnO crystal lattice. The Cr doping led to
the increasing amount of defects and even enhanced the magnetic property of the matrix materials. All the Cr-doped ZnO DMSs
obtained under high magnetic field exhibited obvious ferromagnetic behavior at room temperature. The results have also shown
the successful substitution of the Cr3+ ions for the Zn2+ ions in the crystal lattice.

1. Introduction

Recently the interest in diluted magnetic semiconductors
(DMSs) has significantly increased because of their unique
magnetic property and potential applications in many fields
[1–6]. Ferromagnetic DMSs with Curie temperatures (Tc)
above room temperature are usually obtained by doping
magnetic ions into the host semiconductors. Zinc oxide is
one of representative semiconductor [7, 8], due to its wide
bandgap of 3.37 eV and large exciton energy (60 meV). As
a transition metal ion, Cr3+ is often used as a dopant for
ZnO because of the close ionic radius with Zn2+ and the
ferromagnetic stability of Cr-doped ZnO DMSs [9, 10].

Currently, many methods have been reported to fabricate
ZnO DMSs, such as vapor-phase growth [11], thermal
decomposition [12], seed-mediated [13], and reverse micelle
[14]. Recently, our group has successfully developed a
novel hydrothermal method under high magnetic field to
prepare a series of transition metal ions (Cr3+, Mn2+, Co2+)
doped ZnO DMSs. According to our previous work, it

revealed that high magnetic field played an important role
in introducing ions into ZnO crystal lattice and improving
the magnetic properties [15–17]. In the present work, the
effect of Cr content on the structure, morphology, and
magnetic property of Cr-doped ZnO DMSs prepared by
HPMF method was investigated in detail.

2. Experimental

A hydrothermal method with pulsed magnetic field of 4
Tesla (T) was used to synthesize the Cr-doped ZnO DMS
materials with different Cr nominal contents (1 at%, 2 at%,
3 at%, 5 at%). The typical synthesis process was as follows.
A 12 mL 1.33 M solution of potassium hydroxide was slowly
dropped into a solution of 4 mL of 1.00 M zinc acetate. The
mixture was stirred at 273 K for 0.5 hours. Then, a desired
amount of 0.02 M chromium nitrate solution, which was
calculated according to the nominal Cr content, was slowly
dropped into the former mixture at 273 K in the ice bath,
and followed by stirring for 1 h. The entire mixtures with
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Figure 1: XRD patterns of 1%, 2%, 3%, and 5% Cr-doped ZnO synthesized under 0 T ((a), (b)) and 4 T ((c), (d)) magnetic fields.

a certain concentration of chromium nitrate in zinc acetate
solution were then transferred into autoclave (25 mL) and
maintained at 453 K for 4 h with 4 T pulsed magnetic field
(the obtained sample named as 4T-N%) or without pulsed
magnetic field (named as 0T-N%), respectively, in which N
presents the Cr nominal content. Finally, the precipitated
products were washed with distilled water three times and
dried at 373 K for 10 h.

The crystal structures of the samples were determined
by X-ray diffraction (XRD) equipped with CuKα radiation
(λ = 1.5406 Å). Field emission scanning electron microscope
(FE-SEM, JEOL JSM-6700) was used to observe the mor-
phologies. The Raman scattering spectra of the samples
were recorded by a Renishaw InVia Confocal micro-Raman
system using the 785 nm line as excitation source. Magnetic
property of the samples was measured by vibrating sample
magnetometer (VSM, Lakeshore 7407). The valence state
of the Cr element was analyzed by X-ray photoelectron
spectroscopy (XPS) (Thermo ESCALAB 250).

3. Results and Discussion

Figure 1 shows the XRD patterns of the Cr-doped ZnO DMSs
with various Cr contents synthesized with and without 4 T
magnetic fields. All the diffraction peaks (Figures 1(a) and
1(c)) are sharp and match well with those of hexagonal
wurtzite structure of ZnO (space group: P63mc (186),
JCPDS no. 36-145). No Cr, Cr oxides, or any other impurity-
phase peaks are observed which reveals that Cr-doped ZnO
DMSs maintain a highly pure crystalline wurtzite structure.
Comparing the diffraction peaks (100), (002), and (101) of
Cr-doped ZnO DMSs (Figures 1(b) and 1(d)), the peaks
shift to larger angles with the increase of Cr contents and
the highest shift is for sample with 5% Cr nominal content.
The reason is due to the smaller ion radius of Cr3+ (0.63 Å)
comparing to that of Zn2+ (0.74 Å). The lattice constants of
ZnO decrease slightly after Cr ions doped into the crystal
lattice which cause the main peaks moving to the higher
angles. The higher the content of Cr ions in the ZnO lattice,
the farther the peaks move. Furthermore, the diffraction
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Figure 2: SEM images of Cr-doped ZnO with different Cr nominal content synthesized under 0 T ((a), (c), (e), (g)) and 4 T magnetic fields
((b), (d), (f), (h)).
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Figure 3: Raman spectra of Cr-doped ZnO DMSs with different Cr nominal contents obtained under 0 T ((a), (c)) and 4 T ((b), (d))
magnetic fields, respectively.

peaks (100), (002), and (101) of samples synthesized under
4 T magnetic field move to larger angles comparing with
those of the same Cr content samples synthesized without
magnetic field, which indicates that, under high magnetic
field, larger amount of Cr ions were doped into the ZnO
lattice.

Figure 2 shows the SEM images of Cr-doped ZnO with
various Cr nominal contents synthesized under 0 T and 4 T
magnetic fields. It is observed that with the Cr contents’
increase from 1% to 5%, the morphologies of particles
change from flower shape to rod shape and eventually to flake
shape. For samples with Cr nominal content of 1% (Figures
2(a) and 2(b)), the grains are both flower shape, but the sizes
are different, as sizes of the 4T-1% are much smaller than that
of 0T-1%. However, for the 2% Cr content samples (Figures
2(c) and 2(d)), both crystalline shapes and sizes are different,
the 4T-2% sample appears as fine dense rod shape with rod
diameter of 50–100 nm, whereas the 0T-2% sample appears
as flower shape with rod diameter of 100–250 nm. Both of

the samples with Cr nominal content of 3% (Figures 2(e) and
2(f)) appear with irregular rod shape with a little difference
in particles size. When the Cr nominal content reaches 5%
(Figures 2(g) and 2(h)), both samples appear with irregular
flake shapes, while the 4T-5% sample shows more small
grains than the 0T-5% sample. Clearly, the morphologies
of zinc oxides grains are influenced dramatically as the Cr
content increased. Concurrently high magnetic field also
plays a significant role in the morphologies of Cr-doped
ZnO DMSs. Tanaka et al. [18] reported that c-axis-oriented
ZnO could be fabricated in a rotating sample container
under static magnetic field during the hydrothermal doping
process. The high pulsed magnetic field essentially provided
an external energy and promoted the nucleation and growth
of the grains, which finally caused the differentiation of
crystal morphology.

All the EDS data (Table 1) verify that the actual incor-
porated Cr contents are lower than the corresponding
Cr nominal contents in the doping process, and increase
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Figure 4: Hysteresis loops of Cr-doped ZnO DMSs with different Cr nominal contents synthesized under 0 T (a) and 4 T (b) magnetic fields,
respectively.

nominal Cr contents does increase the actual incorporation
of Cr. Furthermore, the incorporation of Cr into the ZnO
crystal lattice is greater with applying magnetic field than
without, which agrees with the results of XRD.

Raman scattering is a versatile technique to characterize
the incorporation of Cr ions and the defects in the host
lattice. The peak at about 437 cm−1 assigned to the E2

(high) mode of ZnO, which is the characteristic mode of
the wurtzite structure and sensitive to internal stress [19].
The peak at 580 cm−1 assigned to A1 (LO) mode, which is
sensitive to changes in the free carrier concentration [20].
From Figures 3(a) and 3(b), there is no obvious observed
shift at 437 cm−1 for all samples. But compared to the pure
ZnO, there is a blue shift with the increase of the Cr doping
as shown in the magnified Raman shift region as shown in
Figures 3(c) and 3(d). These indicate that with the increase
of Cr doping, a little structure disorder was occurred and
the little blue shift of the peak also illustrates that the
lower amount of Cr doping would not change the crystal
structure significantly although defects was introduced by Cr
doping. Additionally, when Cr ions were doped, the Raman
peaks were slightly changed for the 1%, 2%, 3% samples,
and comparing to the characteristic peaks of pure ZnO
the peak at 580 cm−1 gradually disappeared. The gradually
disappearance of the 580 cm−1 peak is created by the increase
of carrier concentration. When Cr ions increased to 5%,
the peak at 534 cm−1 increased disproportionally and a new
peak appeared at 850 cm−1. This new phenomenon is rather
unique for the 4T-5% sample only. All these spectroscopic
changes probably indicated that the increase of Cr ions
incorporation also increases the defect and structures of the
ZnO nanocrystals.

Figure 4 shows the magnetic hysteresis (M-H) loops
of the Cr-doped ZnO with various Cr nominal contents
synthesized under 0 T and 4 T magnetic fields, respectively. It
can be seen from Figure 4(a) that 0T-1% and 0T-2% samples
show paramagnetic behavior, while 0T-3% and 0T-5%

Table 1: EDS parameters and saturation magnetization of Cr-
doped ZnO DMSs synthesized with or without high magnetic fields.

Cr nominal
content (at%)

Actual Cr content (at%) Ms (emu/g)

0 T 4 T 0 T 4 T

1 0.22 0.35 — 0.0075

2 1.1 1.4 — 0.01

3 2.3 2.4 0.01 0.02

5 3.1 3.7 0.02 0.03

samples show ferromagnetic behavior at room temperature.
It had been discussed in our previous work [15] that the weak
hybridization effect between Cr ions and defects is the reason
which results in paramagnetic behavior of sample 0T-2% at
298 K. From Figure 4(b), all the samples obtained under 4 T
magnetic fields manifest room temperature ferromagnetic
behavior. The saturation magnetizations (Ms, Table 1) of 1%,
2%, 3%, and 5% sample under pulsed high magnetic field
was enhanced compared with 0 T samples, respectively. It is
believed that the occurrence of strong electronic coupling
between bound polarons and Cr ions forms bound magnetic
polarons (BMPs) [3], which is proposed to play an important
role in the ferromagnetic origin of Cr-doped ZnO DMSs [21,
22]. Kittilstved et al. [23] suggested defect-bound carriers
such that point defects hybridization with magnetic dopants
would induce ferromagnetism in transition metal ions doped
ZnO. In this study, we have found that, by applying high
magnetic field, it can increase the incorporation of Cr
ions into the ZnO crystal lattice, and this is shown by
the XRD, SEM, and Raman analysis. Since more defects
are introduced into the crystal lattice under high magnetic
field, the hybridization between defects and Cr dopants
should be more efficient, which is probably the cause of
room temperature ferromagnetism and the enhancement of
saturation magnetization of the Cr-doped ZnO DMSs.
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Figure 5: XPS spectrum of Cr-doped ZnO nanoparticles.

In order to investigate the chemical state of the host
and dopant elements, the XPS studies were undertaken. XPS
analysis shows the presence of Zn, Cr, and O elements in
Cr-doped ZnO. The overlapped bands were resolved into
separated peaks by using XPS PEAK41 software. The Cr
2p3/2, Cr 2p1/2, O 1s, and Zn 2p3/2 XPS spectral regions
of the Cr-doped ZnO nanoparticle are shown in Figure 5
for 1% Cr-4T sample. Based on the Gauss fitting, the Cr
2p3/2 peak position is at 576.6 eV in the Cr-doped ZnO
nanoparticle. It is clearly different from 574.2 eV of Cr metal
and 576.0 eV of Cr2+, but it is quite close to the peak
position of Cr 2p3/2 (576.7 eV) in Cr2O3 [24]. It suggests
that the Cr dopants in the ZnO lattice are actually the Cr3+

ions.

4. Conclusions

The 1%, 2%, 3%, and 5% Cr-doped ZnO DMSs nanocrystals
were synthesized by hydrothermal method under high
magnetic field. Both the Cr content and high magnetic
field significantly impacted the microstructure and magnetic
property of Cr-doped ZnO DMSs. With the increase of Cr
contents from 1% to 5%, the morphologies of particles
changed from flower shape to rod shape and eventually to
flake shape. After the incorporation of Cr, the ZnO DMSs
nanocrystals still retained wurtzite crystal structure. The
Cr doping caused the increased amount of defects and the
enhancement of magnetic property of the materials. All the
Cr-doped ZnO DMSs obtained under high magnetic field
exhibited ferromagnetic behavior at room temperature. The
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Cr ions that incorporated in the ZnO lattice were shown to
be the Cr3+ cations.
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Vertically aligned, high-density ZnO nanowires (NWs) were grown for the first time on c-plane sapphire using binary alloys of
Ni/Au or Cu/Au as the catalyst. The growth was performed under argon gas flow and involved the vapor-liquid-solid (VLS) growth
process. We have investigated various ratios of catalyst components for the NWs growth and results indicate that very thin adhesion
layers of Ni or Cu deposited prior to the Au layer are not deleterious to the ZnO NW array growth. Significant improvement of
the Au adhesion on the substrate was noted, opening the potential for direct catalyst patterning of Au and subsequent NW array
growth. Additionally, we found that an increase of in thickness of the Cu adhesion layer results in the simultaneous growth of NWs
and nanoplates (NPs), indicating that in this case the growth involves both the VLS and vapor-solid (VS) growth mechanisms.
Energy dispersive X-ray spectroscopy (EDX) and surface-enhanced Raman scattering (SERS) studies were also performed to
characterize the resulting ZnO NW arrays, indicating that the NWs grown using a thin adhesion layer of Ni or Cu under the
Au show comparable SERS enhancement to those of the pure Au-catalyzed NWs.

1. Introduction

One-dimensional zinc oxide (ZnO) nanowires (NWs) have
been attracting much attention because they can be used to
design novel nanoscale devices due to their wide band gap,
high mechanical stability, and high isoelectric point [1–13].
Recently, several growth techniques to produce vertically
aligned ZnO NW arrays have been studied, including the
solution-based method [14] and vapor transport growth
[15]. One of the well-established methods to grow nanowires
is the vapor-liquid-solid (VLS) growth process, in which
Au is used as the catalyst [16, 17]. In the VLS process of
ZnO growth, the Au islands on the substrate serve as the
nucleation sites for the condensation of Zn vapor from a
nearby ZnO source, and then the ZnO NWs grow from the
supersaturated liquid eutectic Zn-Au mixture.

Although vertical ZnO nanowire (NWs) arrays have been
grown using pure Au catalyst [7], the use of these ZnO
NW arrays in the design and fabrication of new plasmonic
structures is limited due to the poor adhesion of Au on the
required sapphire or GaN substrates, which is well known.
Since there is very little information available on the metal
catalyst adhesion issues for the growth of vertically aligned

ZnO NWs or the affects of using the bilayered metal catalysts
for such growth, we have initiated such a study. Thus, we have
investigated the use of adhesion layers of different metals,
including Cu, Ni, Cr, Ti and their bi-layers with Au, in order
to grow vertically aligned ZnO NWs on c-sapphire, which
would be amenable to nanopatterning and further device
fabrication. In the standard single metal species catalyst
VLS process, a simple binary eutectic is employed, but it
becomes much more challenging in the case of bilayered
metal catalysts, in which a ternary eutectic may be formed.
In our study, the vertical ZnO NWs were successfully grown
via bilayered metal catalysts and further characterized by
high-resolution SEM/TEM with energy dispersive X-ray
spectroscopy (EDX) capability. Additional characterization
techniques also showed that the NWs grown using certain
thin adhesion layers did not change their optical or structural
properties, a necessary condition for future plasmonic device
designs and fabrication.

2. Experimental Details

The growth of the vertical ZnO NW arrays was carried
out in a horizontal quartz tube. A mixture of ZnO : C
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Figure 1: SEM images of vertical ZnO NWs grown using 1 nm Ni/5 nm Au (a), 1 nm Cu/5 nm Au (b), and 5 nm pure gold catalyst (c).
Sample stage is tilted 45◦ while imaging.

200 nm

Figure 2: A representative SEM image of the particle sizes after the
bi-layer metal thin films were deposited and annealed in a furnace,
prior to the nanowires growth.

2 μm

Figure 3: A typical SEM image of the nanowires growth with some
extremely long nanowires.

(1 : 1 by weight) source powder was placed in one end of an
alumina boat, and the c-sapphire substrate with the metal
catalyst thin films was placed above, facing the source. The
furnace was heated to 900◦C while argon flowed through
the tube. Pure Au, Cu, Ni, and alloys of Cu-Au, Ni-Au, Cr-
Au, and Ti-Au were, respectively, deposited on separate c-
sapphire substrates by an FC-2000 Temescal E-beam metals
evaporation system, at an evaporation rate of 1 Å/s, and used

as the catalyst during the ZnO growth processes. The double-
layer alloys were deposited by a two-step process. Firstly the
sapphire was covered with a layer of Cu or Ni, which plays
the important role of adhesion to the substrate. Secondly, the
gold layer was deposited onto the Cu or Ni layer.

A LEO SUPRA 55 scanning electron microscope (SEM)
with energy dispersive X-ray spectroscopy (EDX) capability
was used to investigate the topographies and the chemical
compositions of the NWs and the alloy tip formed during
the growth process. The resulting NW samples that were
used for the SERS analysis were as-grown samples, without
any electron beam exposure in the SEM or EDX. For the
lithography test process, a wraith 150 e-beam writer system
and a standard procedure were employed to perform the
e-beam lithography, and PMMA was used as the pattern
writing resist.

For the surface-enhanced Raman spectroscopy (SERS)
measurements, 8 nm of silver was deposited on the vertically
aligned ZnO NWs using an FC-2000 Temescal E-beam
metals evaporation system, at an evaporation rate of 0.5 Å/s.
The samples were then immersed in a solution of benzenthiol
(10−3 M) for 6 h and dried for SERS analysis. The SERS of the
vertical NWs array samples was performed utilizing a Delta
Nu system which consists of an Olympus Microscope and
a Raman spectrometer equipped with a thermoelectrically
cooled CCD. The 785 nm line of a Ti: Sapphire laser was used
as the excitation source to detect the SERS. The microscope
utilized a 50X 0.75 NA objective for focusing the laser light.
The spectra were collected with a laser power of 6 mW at the
sample, and the laser spot size was about 2 μm.

3. Results and Discussion

The representative scanning electron microscope (SEM)
images of bi-layers of 1 nm Ni/5 nm Au, 1 nm Cu/5 nm Au,
and pure Au-catalyzed ZnO NWs grown on c-sapphire are
shown in Figures 1(a), 1(b), and 1(c), respectively. As can
be seen, the successful growth of vertical ZnO using Cu/Au
and Ni/Au bi-layers is clear, and these arrays exhibited the
same morphology as the NWs grown by a pure gold catalyst
(Figure 1(c)). The NWs display a highly vertical alignment
on the c-sapphire substrate and an average diameter between
50–150 nm, depending on the thickness of the catalyst [18].
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Figure 4: High-resolution SEM images of Ni/Au-catalyzed (a) and Cu/Au-catalyzed (b) ZnO single NW. EDX analysis patterns (c and d) of
the alloy tip as shown in the red rectangle areas of (a) and (b). Composites analysis reports of tip alloy (e and f).
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Figure 5: Representative energy dispersive X-ray (EDX) spectroscopy of ZnO NWs grown on sapphire with catalysts of 1 nm Ni/5 nm Au
alloy (a), a close-up plot (b) of the red rectangle region, and (c) a corresponding composition analysis of the large area of ZnO NWs.

Actually the catalyst particles are not fairly similar in size
in the case where we deposited thin film bi-layers, which
resulted in the random nanowires growth. We studied the
particle sizes after the bi-layer metal thin films were deposited
and annealed in a furnace, prior to the nanowires growth.
A representative SEM image is shown in Figure 2, clearly
demonstrating the inhomogeneity of the particles size, which
leads to a huge size distribution in diameter. The particle sizes

were much more uniform though if the bi-layer thin films
were first patterned using e-beam lithography. However, our
study was mostly concerned with adhesion as the first step
before e-beam lithography, so most of our samples were
grown using unpatterned bi-layer thin films as the catalysts.
The lengths of these NWs can be varied from several
hundreds of nanometers to longer than ten micrometers by
adjusting the growth and gas flow time. In fact, there is
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Figure 6: Surface-enhanced Raman spectroscopy (SERS) of vertical
ZnO NWs grown using (a) pure gold, (b) Ni/Au alloy, and (c)
Cu/Au alloy.

some relation between alignments with the length of the
nanowire. If the nanowires grow extremely long (longer
than 20 micrometers), the top of the nanowires begins to
bend and cannot keep the vertical alignment, as shown in
Figure 3. We have also found that the growth condition for
the aligned ZnO NW arrays has to be optimized by balancing
the amount of all vapor phases in the system. In addition,
the oxygen content in the system also plays an important
role during the growth process [19]. Since, in our case, the
base vacuum of the system was around 50 mTorr, which
provided sufficient oxygen partial pressure, only argon gas
was introduced to the system at a rate of 45 mL/min during
the whole growth process.

The NWs as grown on sapphire were further analyzed
by energy dispersive X-ray spectroscopy (EDX) to confirm
the successful growth and stoichiometry of the ZnO NWs.
The EDX signal intensities are comparable to the Zn signal
strength obtained from the NWs grown via pure Au,
demonstrating the high density of NWs in these cases. To
investigate the detailed information of the grown NWs with
Ni/Au or Cu/Au bilayered catalysts, we performed high-
resolution SEM and EDX investigations on a single NW and
its alloy tip. As shown in Figures 4(a) and 4(b), the metal
alloy tip was clearly observed at the end of NW, indicating
that the ZnO NW growth involves the vapor-liquid-solid
(VLS) mechanism. Further EDX analyses of these metal tips
(the red rectangle area shown in Figures 4(a) and 4(b))
at high magnification demonstrate that the tips are indeed
ternary composites of Cu/Au/Zn or Ni/Au/Zn and are not
simpley an Au-Zn binary. As shown in Figures 4(c), 4(d),
4(e), and 4(f), the EDX pattern and the data analysis clearly
indicate the presence of the ternary alloy during the ZnO
NWs VLS growth process. In addition, the surface of the NW
is smooth and no segregation was observed, which is in good
agreement with our expectation based on Cu/Au or Ni/Au

phase diagrams. Specifically in the case of the Cu/Au or
Ni/Au system, the phase diagrams indicate a continuous solid
solution exists at the temperatures of interest in our work, so
no segregation was expected. Although the phase diagram of
Cu/Au also indicates a series of solid state transformations at
much lower temperatures, the data indicate that they are only
stable at a very narrow temperature window significantly
below our growth temperature.

It is noted that less amount of Ni is observed in the
tip than those initial catalyst composites as deposited. We
attributed this observation to the loss of Ni by diffusion into
the growing ZnO NW, since kinetics also plays an important
role and it is well established that Ni is a fast diffuser in
many systems. This supposition is further confirmed by
using SEM/EDX to scan a large area of NWs. Figures 5(a)
and 5(b) show the representative EDX curves obtained on a
large area of ZnO NWs grown by 1 nm Ni/5 nm Au catalysts
and a close-up plot of Ni element region. A Ni signal can
be recognized clearly, and NWs composites analysis was
shown in Figure 5(c), demonstrating that the ratio of Ni to
Au is 0.14 to 0.49. This value is very close to the original
layer composites produced by e-beam deposition, clearly
indicating the diffusion of Ni during the ZnO NW growth
process.

Figure 6 shows representative surface-enhanced Raman
spectroscopy (SERS) spectra of benzenthiol measured on the
NWs grown using Au, Cu/Au, and Ni/Au bi-layer catalysts,
respectively. The major Raman peaks at 1000, 1023, 1081,
and 1576 cm−1 can be assigned to symmetric ring breathing,
in-plane C–H bending, wagging of the CH2 groups, and
in-plane C–C stretching modes, respectively, of the phenyl
ring from benzenthiol [20–23]. As can be seen, the Cu/Au
or Ni/Au bi-layer catalyzed NWs result in a comparable
SERS enhancement factor as that of the pure Au-catalyzed
NWs, indicating that the plasmon properties of the bilayered
metal-catalyzed ZnO NW arrays are not affected. In order to
produce arrays with 50 nm diameters and with wire-to-wire
spacing on the order of 10–50 nm for plasmonic applications,
e-beam lithography is necessary, in which the use of an
adhesion layer is critical. In addition, this study also provides
a useful way for any other nanodevice fabrications based
on the patterned ZnO NWs arrays. More characterization
indicated that the optical proeperties as revealed by room-
temperature photoluminescence (PL) property of these
Ni/Au or Cu/Au bi-layer catalyzed NWs are comparable to
those of the Au-catalyzed NWs, further demonstrating the
feasibility of growing high-quality NWs via these bilayered
film catalysts.

Additionally, the NWs can still grow with increasing
Cu or Ni ratio in the Cu-Au and Ni-Au layers as shown
in Figure 7, including the growths using catalysts (a) 3 nm
Cu/3 nm Au, (b) 5 nm Cu/1 nm Au, (c) pure 5 nm Cu,
(d) 3 nm Ni/3 nm Au, (e) 1 nm Ti/5 nm Au, and (f) 1 nm
Cr/5 nm Au. However, the growths exhibit a mixed morphol-
ogy of NWs and nanoplates (NPs), most likely a result of
varying the metal content of the nucleated catalyst islands.
Figure 7(b) is a typical image with clear NWs and NPs
obtained on the growth using 5 nm Cu/1 nm Au catalysts.
Although the NWs grow by the vapor-liquid-solid (VLS)
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Figure 7: SEM images of ZnO nanostructures growth with different alloy or pure metal catalysts on sapphire. (a) Cu/Au = 3 nm/3 nm; (b)
Cu/Au = 5 nm/1 nm; (c) pure Cu = 5 nm; (d) Ni/Au = 3 nm/3 nm; (e) Ti/Au = 1 nm/5 nm; (f) Cr/Au = 1 nm/5 nm.

mechanism, the NPs most likely grow by a combination of
VLS-VS (vapor-solid) mechanism, which has been reported
by Dong et al. and Dai et al. [24, 25], in the CdSe and CdS
system. In our case, during the early stage of the growth, ZnO
NWs grew from the liquid supersaturated eutectic Zn/Au/Cu
mixture by the VLS mechanism. In the process of the ZnO
growth, the metal alloy remains at the tip of the NW, which
is clearly shown in the SEM images. At the same time, excess
Zn vapor is deposited on the sidewalls of some of the already-
grown NWs, resulting in the NPs growth, involving both
VLS and VS growth modes. Moreover, pure Ni, Cu, Ti/Au,
and Cr/Au layers were also investigated. Sparse vertical ZnO
NWs were obtained using Cr 1 nm/Au 5 nm as the bi-layer
catalyst, whereas very few NWs grew using Ti 1 nm/Au 5 nm.
Table 1 presents the detailed information of pure metal or
metal layers component catalysts, the morphology of the
growth, the length, and the diameters of the resulting ZnO
nanostructures as grown.

It should be pointed out that, in the case of the bilayered
metal catalysts, we are dealing with a three-component
system, which is a much more complicated thermodynamic
case than the standard two-component system. In the case of
the two-component system, it is fairly easy to obtain a phase
diagram for the two constituents and from that determine
the potential for the formation of a eutectic, as well as
the expected eutectic temperature. In our case, however, we
are dealing with a metal (Cu, Ni, Ti, or Cr)-Au-Zn that
will form ternary phases. Unfortunately, these ternary phase
diagrams for temperatures of interest are not available in the
literature. Thus, it is impossible to obtain the eutectic point
or temperature information from a phase diagram, and thus
it is necessary to provide experimental data for the viability
of the growth process of these NWs.

It is well known that the Scotch tape is commonly used to
investigate the adhesion of metal film on a substrate [26–28].
In our study, the very thin layer of 1 nm Cu or 1 nm Ni
deposited prior to the Au layer passed this Scotch tape test
successfully, without causing any metal detachment, while a
pure gold layer partially peeled off, confirming the need for
the use of a bilayered metal.

The improvement of adhesive capability of gold on
sapphire was further confirmed by e-beam lithography
experiments, which are shown in Figure 8. It is clear that
part of the metal layer delaminated when pure gold was
used as a lift-off metal in acetone after e-beam pattern
writing. In fact, the e-beam pattern lithography results in
the loss of the designed pattern completely as shown in
Figure 8(a). However we successfully obtained a designed
pattern when a thin layer of 1 nm Ni was introduced
under gold (Figure 8(b)), which clearly demonstrates the
enhancement of the metal adhesion. It is well known that
the formation of a Ni–O bond is much easier than that
of an Au–O bond, which can enhance the adhesion of Ni
on a substrate [29]. Indeed Au is an inert metal in the air,
and this property obviously decreases its stickiness to the
substrate. Furthermore, it has been well established by the
semiconductor device community that the adhesion of Au
can be significantly improved by the addition of a Ni or Cr
layer.

4. Conclusion

High-quality vertically aligned ZnO NW arrays were grown
for the first time using bilayered metal catalysts of Ni/Au
and Cu/Au, respectively. We show that their structural and
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Table 1: Experimental growth conditions and results of ZnO NW samples.

Samples Thickness of metal (nm) Morphology NW length NW diameter (nm)

A Cu : Au = 1 nm : 5 nm Vertically aligned NW >5 μm 20–200

B Cu : Au = 3 nm : 3 nm Vertical NW >2 μm 20–200

C Cu : Au = 5 nm : 1 nm Mixture growth of vertical NW and nano-wall <2 μm 50–400

D Ni : Au = 1 nm : 5 nm Vertically aligned NW >5 μm 20–200

E Ni : Au = 3 nm : 3 nm Vertically NW and nano-wall 500 nm–2 μm 50–300

F Cu = 5 nm Mostly vertical NW >2 μm 50–300

G Ni = 5 nm Few sparse and short NW <200 nm 30–60

H Ti : Au = 1 nm : 5 nm Few vertical NW <3 μm 60–150

I Cr : Au = 1 nm : 5 nm Sparse and vertical NW 400 nm–2 μm 60–200

J Au = 5 nm Vertically aligned NW >5 μm 20–200

200 nm

(a)

200 nm

(b)

Figure 8: E-beam lithography and following lift-off results with (a) pure gold and (b) Ni/Au = 1 nm/5 nm alloy.

optical properties are comparable to those of pure Au-
catalyzed NWs. An advantage in this case is that Ni/Au or
Cu/Au bi-layers display better adhesion properties than a
pure gold catalyst, enabling potential patterning of these
ZnO nanowire arrays prior to growth, which is critical for
potential plasmonic applications. Due to the VLS growth
process, we can also demonstrate high selectivity of the
vertical ZnO NW array growth, which occurs only in the
patterned catalyst region. This work can have a signifi-
cant impact on the ability to form very tightly spaced
ordered nanowire arrays for plasmonic applications, which
are not possible currently due to the adhesion problems
of the Au dots formed by e-beam lithography, providing
a direct route for the growth of vertically aligned ZnO
NWs in any desired pattern for novel nanoscale plasmonic
structures.
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