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In this paper, the effect of Er addition (0.2, 0.5, 0.65, 0.8, 1.0, and 1.5 wt. %) on the microstructure evolution and tensile properties of
as-cast hypereutectic Al-10Si-0.8Fe alloy was investigated. The phases and their morphologies in these alloys were identified by
XRD and SEM equipped with EDX with the help of metallographic analysis techniques; the length of the secondary phase (LSP)
and secondary dendrite arm spacing (SDAS) of α-Al grain were quantified. The results indicated that the second phases
(primary Si, eutectic Si, and iron-rich phases) and α-Al grain were significantly refined when the addition of Er increased from 0
to 0.8 wt. %. The mean LSP and SADS values were decreased to a minimum value when the Er addition reached 0.8 wt. %.
However, the second phases and α-Al grain became coarser when the level of Er increased more than 0.8 wt. %. The analysis of
XRD shows that Er mainly exists in the form of Er2Si compound. The microstructure modification also has a significant effect
on the mechanical properties of the alloy. The yield strength (YS), ultimate tensile strength (UTS), and elongation (EL) increase
from 52.86MPa, 163.84MPa, and 3.45% to 71.01MPa, 163.84MPa, and 5.65%, respectively. From the fracture surface, the
promotions of mechanical properties are due to the dispersion and pinning reinforcement caused by the Er2Si phase.

1. Introduction

Al-Si alloys have low density, high strength, and excellent
mechanical properties, which are widely used in the aero-
space industry, the automotive industry, the construction
industry, etc. [1–3]. With the development of science and
technology, the performance requirements of cast Al alloy
materials in various industries are constantly increasing.
There are many ways to improve the performance of cast
Al alloys, among which grain refinement is an efficient
method [4, 5]. The commonly used refiners are Ce, La, Mn,
and Ti [6–9], although research on refiners has achieved
some results. But unfortunately, no efficient and cheap grain
refiner has appeared. Therefore, better refinement effect and
smaller cost consumption are the topics of continuous
research by domestic.

In the processing of Al-Si alloys, a certain amount of Fe
element is inevitably added. In order to simulate the actual
use situation as much as possible, 0.8wt% 在 element will
be added in the experiment. Before the addition of a refiner,
the second phase in Al-Si alloys is a bulk or plate-like Si
phase, and long needle-like β-Fe phase appears when the Fe
content increased [10–14]. The formation of these phases
has an impact on the mechanical properties of aluminum
alloys and reduces various mechanical properties. According
to Qian et al.’s research [15], Er has a better regulation effect
on the secondary phase in aluminum alloys. And Tantiwai-
tayaphan et al. [16] also reported that the addition of Er
can reduce the degree of subcooling and cause the morphol-
ogy of eutectic silicon to change. These research show that
the rare earth element Er can improve the morphology of
the secondary phase and improve the mechanical properties
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of the aluminum alloys [17–21], but it has not been proposed
which kind of particles the Er element will form with the Al-
Si alloys to affect the morphology of the secondary phase.

In this experiment, Al-10Si-0.8Fe will be taken as an
object. By increasing the content of the Er element, the effect
of Er on the microstructure morphology, mechanical proper-
ties, and fracture behavior of the Al-10Si-0.8Fe alloy will be
explored. The size of grains, the secondary phases, and the
properties between secondary phases and the matrix would
prominently impact the strength of these materials. And the
second phases include primary silicon, eutectic silicon, and
iron-rich phases. Therefore, we analyzed the statistical results
of the secondary dendritic arm spacing (SDAS) and the length
of second phase(LSP). By means of X-ray diffraction (XRD),
scanning electron microscope (SEM)/energy-dispersive X-
ray spectroscopy (EDX), and tensile fracture morphology,
the principle and mechanism of adding the Er element to
Al-Si-Fe alloy to enhance its properties were studied.

2. Experimental Materials and Methods

These hypoeutectic Al-10Si-0.8Fe-XEr (X = 0:0, 0.2, 0.5,
0.65, 0.8, 1.0, and 1.5wt.%) alloys were developed using
commercially pure Al (99.0 wt. %), Al-12Si master alloy,
Al-75Fe master alloy, and Al-3Er master alloy through
gravity casting method. There are also surface coatings
(ZnO : Na2SiO3 : H2O = 2 : 1 : 7), covering agents
(NaCl : KCl = 1 : 1), refining agents C2Cl6, etc. The exper-
iment was performed in a crucible resistance furnace, and
the mass of the alloy smelted in each furnace was 600 g. The
chemical compositions of the experimental alloys are listed
in Table 1 (measured by the direct-reading spectrometer,
SPECTROLAB/M11, Germany). The specific process is that
the alloy Al-12Si and pure aluminum block are melted at
780°C, and the prepared iron agent is added, and the stirring
is continued for 2 minutes to make the crucible composition
more uniform and keep the temperature for 25 minutes. After
raising the temperature to 800 ± 5°C, add an appropriate
amount of Al-3Er intermediate alloy, stir and keep it for
25min. The melt temperature is reduced to 720 ± 5°C, and
the refining agent is added for deaeration after standing for 5
minutes. Finally, the slag pouring is performed, and the pour-
ing temperature is 750 ± 5°C. Samples for metallurgical analy-
sis and tensile testing were machined out from these cast
ingots and cooled down at room temperature.

After the sample is prepared, the test sample is cut to
obtain grinding, polishing, and corrosion treatment with
HF solution (composed of 0.5ml hydrofluoric acid and
100ml H2O) in order to better observe the metallographic
phase. The metallographic analysis was conducted by the
optical microscope (Zeiss/Observer. A1, Germany). The
mean values of LSP and SDAS were evaluated using Nano-
measurement software and statistical methods. At least 50
statistical samples were also randomly determined in each
of the five view fields. Similar with the relevant literatures,
the secondary dendrite arm spacing (SDAS) value and
lengths of the second phases (LSP) were measured for inves-
tigating the effect of the added elements in these five view
fields:

Mean Li =
1
m
〠
m

j=1

1
n
〠
n

i=1
Li

 !
j

, ð1Þ

where Li is the LSP and SDAS of an arbitrary phase in the
microstructure, n is the number of particles measured in a
view field, and m is the number of the fields for quantifica-
tion. In this case, the n value is determined as 50 and m is 5.

Meanwhile, these phases were observed by SEM (Hitachi
TM4000Plus) coupled with EDX (IXRF 5500, USA) in this
experiment, and the phase composition of the bulk sample
was analyzed by XRD. Then, a universal testing machine is
used to perform the tensile test to obtain the yield strength
(YS), ultimate tensile strength (UTS), and elongation (EL)
which were obtained at a strain rate of 1mm/min. According
to the ASTM E8M-04 standard, five tensile testing samples
were machined out for each alloy. The fracture surfaces of
these specimens were further investigated via the SEM.

3. Results

3.1. Evaluation Microstructure of Al-10Si-0.8Fe-XEr Alloys.
The optical micrographs of Al-10Si-0.8Fe-XEr (X = 0:0, 0.2,
0.5, 0.65, 1.0, and 1.5) alloys are shown in Figure 1. In
Figure 1(a), the Al-10Si-0.8Fe alloy contains needle-like sec-
ond phase distributed around the dendritic α-Al, and the sec-
ondary dendrite arm spacing is relatively large. After adding
the rare earth Er, the second phases were significantly refined
from coarse polygonal and star-like shape to a fine block with
smooth edges and corners when the addition of Er increased
from 0 to 0.8%.When Er was added at 0.8wt, the second
phase had the best metamorphic effect and was the densest,
and the second phase was refined into small particles, as
shown in Figure 1(e). However, the second phases became
coarser when the level of rare earth Er is more than 0.8%.

Figure 1(upper right corner) shows higher magnification
metallographic images of these alloys. The Al-10Si-0.8Fe
alloy contains gray, coarse needle-like eutectic silicon phase
which is distributed around the α-Al phase, and the segrega-
tion is relatively serious; there are also a small number of
polygonal bulky primary silicon phases in the structure. Most
of the iron-rich phases are light gray, skeletal, or Chinese
characters. They are entangled with eutectic silicon and
adhere to the periphery of the α-Al phase. When Er is 0.8%,

Table 1: Summary of the experimental alloys with different Er
addition (unit: wt.%).

Sample
no.

Addition
content

Chemical composition of the
experimental alloys

Si Fe Er Al

#1 0 10.00 0.80 0.00 Bal.

#2 0.20 10.12 0.78 0.18 Bal.

#3 0.50 9.96 0.75 0.47 Bal.

#4 0.65 10.31 0.76 0.65 Bal.

#5 0.80 9.86 0.72 0.82 Bal.

#6 1.00 9.77 0.78 1.04 Bal.

#7 1.50 9.98 0.83 1.48 Bal.
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Figure 1: Optical micrographs of Al-10Si-0.8Fe alloys with different Er additions: (a) unmodified, (b) 0.20wt.%, (c) 0.50wt.%, (d) 0.65wt.%,
(e) 0.80wt.%, (f) 1.00wt.%, (g) 1.50wt.%, and (h) statistical curve.
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the α-Al dendrite grain boundaries have almost no edges, the
shape becomes round and regular, and the structure becomes
dense. The eutectic silicon distributed in the α-Al grain
boundary is almost completely refined, and changes from a
coarse needle-like shape to a dispersedly distributed fine par-
ticle or dot network.

The results in Figure 1(h)) indicated the eutectic silicon
modification and the α-Al refinement effect of Er in the Al-
10Si-0.8Fe alloy. When there is no Er element, the mean
LSP and the SDAS values are 24.47μm and 37.47μm, respec-
tively. As the amount of Er added increases, the mean LSP
and SDAS values decrease rapidly. When the Er addition of
Al-10Si-Fe alloy is 0.8%, the effect of refine and modification
is the most obvious. The mean LSP and SDAS values reach
the minimum value of 1.87μm and 12.97μm, respectively.
When the amount of Er added continued to raise, the mean
LSP gradually raised. Meanwhile, the value of SDAS gradu-
ally rose. After that, the SDAS values download again. Gener-
ally speaking, the SDAS value still showed an upward trend.

The XRD patterns of the rare earth element Er with dif-
ferent addition amounts are shown in Figure 2. The Er ele-
ment will react with the silicon in the aluminum alloy to
form an Er2Si phase. At the same time, Al9Si, Al0.7Fe3Si0.3
and other phases also exist in the aluminum alloy.

The SEM with 0.2% and 1.0% Er are shown in Figure 3,
and EDX are shown in Table 2. From Figure 3(a), the eutectic
silicon in these alloys is mainly long and massive. According
to the XRD and EDX, the gray needle phase at point 1 is pre-
sumed to be the Al-Si phase, and the white block at point 2 is
the Al0.7Fe3Si0.3 phase. From Figure 1, the alloy has been
finely refined, and the eutectic silicon mainly appears in the
form of short rods, particles, and thin strips. According to
XRD and EDX, it can be inferred that the white particles in
point 3 are the Er2Si phase, and the white thin strips in point
4 are the AlSiEr phase. This shows that with the increase of Er
content, the Er element starts to react with Al and Si to gen-
erate particles and thin phase. The addition of the Er element
changed the morphology of the silicon phase and prevented
its growth so that the second phase was refined.

3.2. Tensile Properties of the Al-10Si-0.8Fe-XEr Alloy.
Figure 5 is a graph of the YS, UTS, and EL% of the Al-10Si-
0.8Fe-XEr alloys. From Figure 5, the addition of Er improves
the YS of the Al-10Si-0.8Fe alloy. The YS of the Al-10Si-0.8Fe
alloy is 52.86MPa. With the increase of the Er content, the
YS of these alloys continues to increase. When the Er content
increases from 0.5% to 0.65%, the YS of the alloy increases
the most, 13.4%.When the content is 0.8%, the YS of the alloy
is 71.01MPa, which reaches the maximum value, which is
about 34.3% higher than that of the Al-10Si-0.8Fe alloy. Once
Er content is more than 0.8wt.%, the yield strength of the
alloy decreased significantly. The addition of Er element
refines the eutectic silicon into fine particles, and the
structure is uniform and dense. According to the Hall-
Petch formula

σ = σ0 + Kd−1/2, ð2Þ

where σ is the yield strength, MPa; σ0 is the yield strength of
the single crystal, MPa; d is the grain size; and K is a constant.

With the refinement of grains, the interfacial area of the
grains increases per unit volume and the grain boundaries
hinder the movement of dislocations. The deformation
caused by the stress during the stretching process can be dis-
persed into more grains. A great quantity of grain boundaries
effectively hinders the movement of dislocations, and the dis-
locations continue to accumulate. Difficulty increases, and
the yield strength of alloy materials in macroperformance
increases. The experimental results show that when Er con-
tent is 0.8%, the grain size of the alloy structure reaches the
minimum, and the yield strength reaches the maximum.

From Figure 5, the Er element also improves the UTS and
%EL of the Al-10Si-0.8Fe alloy.When Er content is 0.8%, UTS
reaches the maximum value of 213.31MPa, increasing by
30.2%. When the content of Er exceeds 0.8%, UTS decreases,
which may be due to the high content of Er and the large
amount of long-needle iron-rich phase precipitation. Gener-
ally, with the increase of Er, the UTS of these alloys increases
first and then decreases. When the content of Er is 0.8%, the
UTS of these alloys are the highest. The %EL after fracture
of the original alloy sample was 3.43%. When the Er content
was 0.2%, eutectic silicon was refined and the %EL at break
of the alloy increased slightly. When the content of Er
increased to 0.5% and 0.65%, the length of the iron-rich phase
in the tissue became longer, the morphology was mostly acic-
ular, and the elongation rate decreased. The grain refining
effect is best when Er content is 0.8%, the length of the iron-
rich phase becomes shorter, the grain refining improves the
deformation resistance of the alloy, and the elongation of the
alloy reaches the maximum value. The maximum value was
5.49%, increasing by 60%.

The micrographs of the Al-10Si-0.8Fe-XEr alloy are
shown in Figure 4. Figure 4(a)) shows the SEM image with-
out Er, and it is clearly seen that the fracture surfaces are
mainly covered by a cleavage surface without Er. This is
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Figure 2: XRD patterns of alloys with different addition amounts
of Er.
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due to transgranular failure under the action of normal stress.
The tensile fracture of the alloy showed a brittle fracture. It
can be clearly seen from Figure 4(b) that the cleavage plat-
form becomes smaller and a small number of dimples are
formed. A small amount of white phase appears at the same
time. Fractures also appear on the fibrous fracture surface.
In addition, the number of folds and dimples increased with
the increase of Er content. Meanwhile, seen from Figure 4(c),
when the Er content reaches 0.8wt.%, there are plenty of
toughest fracture surface. And the white Er-rich phase is
evenly distributed on the fracture surface, resulting in the
best grain refining effect. Moreover, it can be observed that
there are plenty of dimples present on the fracture surface.
It is confirmed that the fracture mode of the alloy with the
addition of 0.8wt.% Er shows a mixed mode of brittle frac-
ture and ductile fracture. However, when the addition of Er
increased to 1.0wt.%, a lager Er-rich phase appeared at frac-
ture surface. It may reduce the tensile strength of the alloy.

In addition, EDS point analysis based on SEM (Figure 4)
is shown at Table 3. According to Table 3, the gray cleaved
surface (point 1) in Figure 4(b)) is the Al-Si phase. Point 2
is the white massive phase on the fracture. According to
EDX, it can be known that the white phase is the Al-Si-Fe
phase. And some Er elements are aggregated on the white
phase. The fracture morphology corresponding to point 3 is
gray fibrous. According to the results of EDX analysis, it
can be known that the Er element content is higher here,
which indicates that the Er element reacts with the matrix
to form Er2Si, which refines the eutectic silicon, thereby
improving the alloy’s strength. It can be seen from
Figure 4(d)) that a number of white phase increases as the

amount of Er added increases, and they are more uniformly
distributed on the substrate. As can be seen from EDX point
4 in Table 3, there is a great quantity of Er in the white phase,
which means that excessive Er will coarse eutectic silicon,
thereby reducing the tensile strength and increasing the brit-
tleness of these alloys.

4. Discussion

In this study, the rare earth element Er can better refine the
eutectic silicon in the Al-Si-Fe alloy, and the size of the eutec-
tic silicon can be reduced by 38% when added in an appropri-
ate amount. This is because during the nucleation and
growth of α-Al grains during solidification, some Si and Fe
atoms will enter the grains, and at the same time, some other
elements will enrich the surface, making the α-Al grain size
smaller [22]. The Er element added at the same time will gen-
erate the Er2Si phase which can be used as heterogeneous
nuclei to promote grain refinement. The growth surface of
the eutectic silicon is (111), and it is preferentially grown dur-
ing the solidification and crystallization process. When no
refiner is added, the eutectic silicon continuously grows to
the sides by atomic deposition on the inherent step of the
grain boundary, so that the appearance becomes coarse strip
and block phase. After adding the rare earth element Er, it
will be deposited on the grain boundary. This makes the
growth of the silicon phase nonuniform and accumulates
on the twins, resulting in constitutional supercooling. At
the same time, the growth mode of silicon is changed, which
changes the morphology of the Si phase [23]. The thermody-
namic formula is as follows:

ΔGv = −
ΔHΔT
Tm

, ð3Þ

where △Gv is the phase change driving energy; △H is the
latent heat of solidification; Tm is the equilibrium solidifica-
tion temperature; and △T is the degree of subcooling.

According to the formula, when the subcooling degree
becomes larger, the solidification driving force ΔGv also
becomes larger. The enrichment of Er element will hinder
the growth of the Si phase and cause the component to be
too cold, preventing the Si phase from growing. As a result,

+2

+1

(a)

+4

+3

(b)

Figure 3: SEM morphology of alloys with different additions of Er: (a) 0.20wt.% and (b) 0.80wt.%.

Table 2: Elemental contents determined by EDX for the locations
marked in Figure 4 (unit: at.%).

Point
no.

Atomic
(Al)%

Atomic
(Si)%

Atomic
(Fe)%

Atomic
(Er)%

1 65:18 ± 2:10 34:82 ± 1:07 — —

2 38:25 ± 1:12 36:15 ± 1:15 25:60 ± 1:13 —

3 8:82 ± 0:15 51:65 ± 2:20 4:92 ± 0:11 34:61 ± 1:07

4 37:02 ± 1:08 14:17 ± 0:21 — 48:81 ± 2:25
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the morphology of the Si phase has changed from a bar shape
to a short rod shape [24]. At the same time, some literatures
pointed out that when Al and Si in the melt undergo eutectic
transformation, a small amount of Er atoms are still present.
And because Er atom has a smaller atomic radius and a larger

atomic weight, it can be more easily enriched on the surface
of eutectic grains. This greatly hindered the directional
growth of eutectic silicon, resulting in grain refinement [25,
26]. Obviously, according to the experimental results, the
aluminum alloy grains are refined. We believe that maybe
there are some strengthened mechanisms in the composites,
which we have not considered.

5. Conclusions

(1) In Al-10Si-1.5Fe-XEr alloys, Er can significantly
modify the second phases (include primary silicon,
eutectic silicon, and iron-rich phases) of the Al-
10Si-0.8Fe alloy that the morphology transfers from
the coarse needle to fine granular and its size
decreases to 1.87μm when the addition of Er is
0.8%. However, a further increase in the amount of
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Fibrous fracture surface
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Figure 4: Fracture patterns of the Al-10Si-0.8Fe alloy with different amounts of Er: (a) unmodified, (b) 0.50wt.%, (c) 0.80wt.%, and (d)
1.00wt.%.
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Figure 5: The YS, UTS, and %EL of the Al-10Si-0.8Fe alloy as
functions of Er concentration.

Table 3: Elemental contents determined by EDX for the locations
marked in Figure 4.

Point
no.

Atomic
(Al)%

Atomic
(Si)%

Atomic
(Fe)%

Atomic
(Er)%

1 64:94 ± 1:10 35:06 ± 1:07 — —

2 32:75 ± 0:74 33:82 ± 0:60 30:48 ± 1:20 2:95 ± 0:10

3 58:18 ± 1:42 4:77 ± 0:13 3:70 ± 0:07 33:35 ± 2:10

4 13:33 ± 0:10 3:78 ± 0:40 5:05 ± 0:30 77:84 ± 1:10
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addition of Er more than 0.8% leads to coarsening of
the second phases

(2) Adding the Er element can improve the mechanical
properties of the Al-Si-Fe alloy. Compare with the
Al-10Si-1.5Fe alloy, when the Er addition is 0.8wt.
%, the YS, UTS, and %EL increase from 52.86MPa,
163.84MPa, and 3.45% to 71.01MPa, 163.84MPa,
and 5.65%, respectively. However, excess Er can lead
to a decrease in the strength and toughness of these
alloys

(3) Adding an appropriate amount of element Er to the
iron-rich Al-Si alloy can precipitate the Er2Si phase
in the structure and finely refine the eutectic silicon
phase in the alloy structure
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Microstructural evolutions of EK61 superalloy during long-term aging until 1000 h at 700°C and 750°C, respectively, are studied by
combination of Scanning Electron Microscope (SEM) and Transmission Electron Microscope (TEM). Impact fracture
morphologies after aging for different time are observed by the SEM. The microstructure is found to be relatively stable during
aging at 700°C, and the fracture morphologies are characterized by transgranular fracture. At 750°C, the coarsening of γ′ phase
leads the reduction of the quantity of dimples, the chainization of carbides on grain boundaries leads to intergranular fracture,
and the netting of η phases within grains leads to the formation of lamellar cleavage steps. It is obvious that the destabilization
of precipitated phases affects fracture morphology significantly. The relationship between fracture morphology and the
microstructure promotes the evaluation of service reliability of EK61 superalloy.

1. Introduction

Nickel-based superalloy EK61 can maintain good stability
and excellent mechanical properties in the range of -253°C
to 750°C. At present, EK61 superalloy is mainly used in
rocket engine turbine disk [1–6]. As well known, the service
conditions of the engine turbine disk are quite harsh. The
disk often works in the oxygen-enriched gas environment
of high pressure and large flow rate and also needs to bear
high stress cycle load. In order to ensure the reliability of
the engine turbine disk for a long time in such an environ-
ment, the EK61 alloy must have excellent comprehensive
mechanical properties. Impact toughness is one of the impor-
tant properties [7], which can be used to evaluate the tough-
ness and brittleness of the alloy and to reveal the brittle
fracture tendency of the material [8].

Impact fracture morphology can show the fracture mech-
anism intuitively, which is very helpful to the failure analysis
[9]. It is obvious that fracture morphology is related directly
to microstructure [10]. From the point of the growth of η
phase and the coarsening of γ′ phase during aging, Zhao
and Xie [11] analyze the formation process of brittle impact

fracture of a new nickel-based superalloy. Claudio Gennaria
et al. [12] found that the precipitation of a small quantity of
phases with different morphologies in UNS S32205 steel
decreased the impact properties of the alloy.

On the basis of previous studies, the nickel-based super-
alloy EK61 is aged for a long time at different temperatures.
The microstructure and impact fracture morphology during
aging are observed and analyzed. The effect of microstructure
degradation on ductile-brittle transition of EK61 superalloy
during long-term aging is studied, which provides a basis
for failure analysis and safety evaluation.

2. Materials and Methods

The experimental material used in this paper is the forged
EK61 alloy. The chemical composition is shown in Table 1.

The alloy is first heat-treated at 980°C × 1 h/water
quench + 730°C × 15 h/water quench + 650°C × 10 h/water
quench. Then the aging is carried out at 700°C and 750°C for
30 h, 100 h, 200 h, 500 h, and 1000h, respectively. After aging,
the samples are polished and corroded. The erosion regime is
20%H2SO4 + 80%CH3OH, 20-25V voltage, 20-25 s erosion
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time, and 150mlH3PO4 + 10mlH2SO4 + 15 gCrO3, voltage
3-4V, 5-7 s erosion time.

The precipitated phases are observed by Field-Emission
Scanning Electron Microscope (FE-SEM) and identified by
Scanning Electron Microscope-Energy Dispersive Spectrom-
eter (SEM-EDS) and TEM. The impact test is carried out at
room temperature, using a JB-30B Charpy impact machine
with impact energy of 0~300 J, and the pendulum falling
speed is 5.2m·s-1. The dimension of the specimens is 55mm
× 10mm × 10mm. There is a V-groove in the middle of
the specimen with 2mm depth. The fracture surface is pro-
tected and then cut by wire cutting machine. The fracture
samples are cleaned ultrasonically for 15 minutes and then
observed by the SEM after drying.

3. Results and Discussion

3.1. Evolution of Impact Property after Long-Term Aging at
Different Temperature. Table 2 lists the impact property at
room temperature of EK61 superalloy after long-term aging
at 700°C and 750°C. It can be seen that the impact property
gradually decreases with increased aging time.

3.2. Evolution of Microstructure during Long-Term Aging.
Figure 1 shows the microstructure evolution of EK61 super-
alloy during aging at 700°C. The average sizes of γ′ phases
in bulk after aging for different time are obtained and listed
in Table 3, which displays that γ′ phase grows gradually dur-
ing aging for 30-200 h. At the same time, it can be seen that
the morphologies of γ′ phases and carbides at grain bound-
aries keep almost unchanged. In addition, a needle-like phase
starts to appear after aging for 30 h and becomes more obvi-
ous as time extends. During aging from 500h to 1000 h, the
average sizes of γ′ phases in bulk increase still gradually.
The size of carbides at grain boundaries becomes larger,
and the shape changes from short slice to short bar. The
needle-like phase becomes longer and thicker. It is noteworthy
that there are obvious γ′ phase-depleted zones around the
needle-like phases and carbides, as indicated by the arrows
in Figure 2, which proves the precipitating of needle-like
phases to be at the expense of γ′ phases. During long-term
aging, thermodynamically, the γ′ phases became metastable,
and therefore transform to the more stable needle-like phases
[13]. From Figure 1, it can be concluded that the main precip-
itates are γ′ phases, needle-like phases, and carbides. During
aging, the microstructure degenerates gradually.

Figure 3 shows the microstructure evolution of EK61
superalloy during aging at 750°C. The average sizes of γ′
phases in bulk after aging for different time are also obtained
and listed in Table 3, which displays that γ′ phase grows con-
tinuously during aging until 1000 h, and the average size is
larger than that at 700°C for a certain aging time. During

aging, the carbides at grain boundaries change from discon-
tinuous short rod and block to continuous chains. The long
needle-like phases are small, scattered, and short at the begin-
ning. They evolve form the larger dendritic shape gradually
and form a net after 500 h aging that covers the entire grain.
EDS measurements listed in Table 4 show that the long
needle-like phases are Ni6(Al, Ti, Nb) after 500 h aging and
determined to be η phases by TEM lattice calibration (as indi-
cated by the arrows in Figure 4). The orientation relation
between η phase and bulk is also shown in Figure 4. It can
be concluded from Figure 3 that the main precipitates are
γ′ phases, η phases, and carbides either. Besides, the micro-
structure degenerates during aging as well. The higher the
aging temperature is, the more serious the degradation is.

3.3. Impact Fracture Morphology. Figure 5 shows the impact
fracture morphology after aging at 700°C for different time.
When aged for 30-200 h, the fracture surface morphology
shows dimples mainly and broken carbides can be seen at
the bottom of several dimples (as indicated by the arrows).
With the extension of aging time to 500h, dimples become
shallow and small. Moreover, tearing edges appear and
the quantity of dimples on the fracture surface decreases.
When aging for 1000 h, dimples become even shallower
and smaller. At the same time, the amount of tearing edges
increases. It is clear that the main feature of fracture mor-
phology is dimple and tearing edge even after aging of
1000 h, and the fracture is still transgranular ductile mode.

Figure 6 shows the impact fracture morphology after
aging at 750°C for different time. During aging for 30-200 h,
the fracture morphology shows dimples mainly, and the frac-
ture mode is transgranular. The dimples are small and shal-
low. Broken carbides can also be seen at the bottom of
several dimples (as indicated by the arrows). After aging for
500 h, the fracture morphology changes significantly. The
dimples on the fracture surface are seldom observed while
short and bending tearing appears obviously. Furthermore,
the fracture surface begins to show the characteristics of
intergranular fracture (as indicated by the arrows), and
lamellar cleavage steps appear within the grains (as indicated

Table 1: Chemical composition of EK61 superalloy, wt. %.

Element C Cu Al Fe Cr Ti Mo Nb Si Mn S P

Content 0.05 0.5 1 14 16 0.5 4 4.5 ≤0.2 ≤0.1 ≤0.004 ≤0.009

Table 2: Impact property at room temperature of EK61 superalloy
after long-term aging.

Aging time (h)
Aged at 700°C Aged at 750°C

Akv (J) Error Akv (J) Error

30 49.0 ±7.08 47.0 ±7.37
100 37.0 ±3.06 37.5 ±9.09
200 38.5 ±2.75 32.0 ±10.04
500 27.5 ±1.89 30.0 ±8.01
1000 16.5 ±3.21 26.0 ±2.25
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(a) (b)

(c) (d)

(e)

Figure 1: Microstructure after aging at 700°C for different time: (a) 30 h, (b) 100 h, (c) 200 h, (d) 500 h, and (e) 1000 h.

Table 3: Diameter of γ′ phases after long-term aging.

Temperature (°C) 700 750
Time (h) 30 100 200 500 1000 30 100 200 500 1000

Diameter (nm) 21.66 25.93 31.93 36.86 44.12 27.02 38.84 41.95 55.24 72.60

Error (nm) 0.129 0.301 0.082 0.186 0.132 0.047 0.091 0.143 0.218 0.094

3Scanning



Figure 2: γ′ phase depletion zones around needle-like phases aging for 1000 h at 700°C.

(a) (b)

(c) (d)

(e)

Figure 3: Microstructure after aging at 750°C for different time: (a) 30 h, (b) 100 h, (c) 200 h, (d) 500 h, and (e) 1000 h.
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by the stars). After aging for 1000 h, the fracture surface
exhibits evident intergranular fracture characteristics (as
indicated by the arrows) and is full of lamellar cleavage steps
within the grains, which demonstrates the fracture to be sig-
nificantly brittle.

4. Discussion and Analysis

It can be seen that both the aged microstructure and the frac-
ture morphology take significant changes at 750°C while they
are relatively stable at 700°C, indicating that the change
of aged microstructure influences the fracture morphology
directly [14–16].

It is well known that γ′ phase is harder than the matrix.
In the process of deformation, γ′ phase is difficult to deform,
which leads to the formation of a weak zone interface
between γ′ phase and matrix. In this case, microcracks are
easily initiated at the γ/γ′ interface [17]. At the crack tip,
the stress state is basically triaxial. Thus, the microcrack will
form a small plastic pit with γ′ phase in the grain as the core.
Afterwards, it forms dimples representing the morphology of
the ductile fracture. Therefore, the density, depth, and distri-
bution of dimples depend on the number, size, and distribu-
tion of γ′ phases, respectively [15]. During the long-term
aging at 700°C and 750°C, γ′ phases only coarsen and the
morphology keeps granular. Since the size of γ′ phase
increases and the volume fraction decreases, the size and
the quantity of dimples on the fracture surface decrease.

Carbides within the bulk will also induce dimples when
the local stress is over the strength of carbides. Similarly, a
microcrack initiates and thus a small plastic pit will develop
into a dimple after fracture. However, because the amount
of carbides within the bulk is much less than that of γ′
phases, the density, depth, and distribution of the dimples
are seldom affected by carbides within the bulk. As for the
carbides at grain boundaries, they play two roles affecting

mechanical properties of superalloy according to different
morphologies [18]. When the carbides are dispersed in grain
boundaries, they can not only strengthen the grain boundary
by increasing the difficulty of grain boundary slipping but
also pin the grain boundaries to inhibit the grain coarsening
under high temperature. In this case, the effect of carbides is
positive [19]. Whereas when carbides are distributed at grain
boundaries in the form of continuous flakes, dislocations are
blocked at the interface between carbides and matrix γ,
resulting in stress concentration. In addition, the coarsening
of grain boundary carbides will consume strengthening ele-
ments (Ti, Mo, Nb, etc.) and leads to the formation of weak
areas at near grain boundaries. Under this circumstance,
the stress concentration occurs easily at the carbides when
the alloy is impacted and thus causes microcrack initiation.
Subsequently, microcracks connect continuously and bring
out intergranular fracture finally. As a result, the chainiza-
tion of carbides at grain boundaries leads to intergranular
fracture and grain boundary embrittlement during impact.
During the aging process at 700°C (see Figure 2), the car-
bides do not form a chain and thus the impact fracture
mode is always transgranular. From Figure 3, it is seen
that aging at 750°C for 30 h, the carbides precipitate dis-
continuously at grain boundaries. After 500 h aging, car-
bides form a chain nearly and the fracture surface begins
to show intergranular fracture characteristics. After aging
for 1000 h, the carbides at grain boundaries form obvious
chains, and the impact fracture morphology is mainly
intergranular fracture.

It is obvious that η-Ni6(Al, Nb, Ti) phases [20] grow in a
way of needle expansion and present the distribution of array
arrangement during aging. The growth of η phase consumes
elements of Al, Ti, and Nb that form γ′ phases and thus
results in γ′ phase depletion zone around the η phase. The
strength of this depletion zone is thus low due to the lack
of γ′ hardening. During deformation, dislocations are
obstructed by η phases and accumulated in front of η phases.
Since the depletion zone is relatively weak, the microcrack
will emerge. From Figure 3, it is known that short rod η
phases precipitate visibly within grains after aging at 750°C
for 30 h, and the distribution of array arrangement can be
observed. However, the fracture morphology shows obvious
lamellar cleavage only after aging for 500 h (see Figure 6). It
is notable that the thick η phases form a network structure
after aging for 500 h and covering the whole grains with the
aging time up to 1000 h. Therefore,it is the netting of η phases
that leads to the formation of intergranular lamellar cleavage
steps. After aging at 700°C for 1000h, the degree of growth of
η phase is similar to that aged at 750°C for 200 h. There is no
cleavage step on the fracture surface during aging at 700°C,
which further indicates that the netting of η phases induces
the cleavage fracture morphology.

Table 4: EDS results of needle-like phases after aging 1000 h at 750°C.

Element Al Ti Cr Fe Ni Nb Mo

Wt. % 1.70 1.04 11.42 8.66 60.75 12.64 3.80

At. % 3.78 1.30 13.15 9.29 61.97 8.15 2.37

Figure 4: TEM morphology and calibration of SADPs of η phase
aging for 1000 h at 750°C. ½2�1�10�η//½1�10�γ.
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5. Conclusions

Microstructure degenerated clearly during aging at 750°C,
which is indicated by the coarsening of γ′ phases, the

chainization of carbides at grain boundaries, and the
netting of η phases. while the microstructure during
aging at 700°C is relatively stable, which is indicated
by the less size of γ′ phases, the less amount of η

(a) (b)

(c) (d)

(e)

Figure 5: Impact fracture after aging at 700°C for different time: (a) 30 h, (b) 100 h, (c) 200 h, (d) 500 h, and (e) 1000 h.
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phases, and the unchained distribution of carbides at
grain boundaries.

Microstructure degradation is the main reason for the
change of fracture morphology. The coarsening of γ′ phases

leads to the decrease in the quantity of dimples, the chainiza-
tion of carbides at grain boundaries leads to the intergranular
fracture, and the netting of η phases leads to the formation of
lamellar cleavage steps.

(a) (b)

(c) (d)

(e)

Figure 6: Impact fracture after aging at 750°C for different time: (a) 30 h, (b) 100 h, (c) 200 h, (d) 500 h, and (e) 1000 h.
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34CrMo4 steel is widely used for drill stem in oil exploration, because of its excellent properties, such as favorable hardenability,
shock absorption, less tendency of temper brittleness, and eminent wear resistance. In this study, the main works are residual
stress test and microstructure characterization of 34CrMo4 steel upon various shot peening treatments. The residual stress
distribution with effect depth was studied upon the shot peening. Face-to-face paste sample preparation method is required for
continuous observation for microstructure evolution of shot-peened specimen from the treat surface to matrix. Grain
refinement, lath structure, and precipitates are clearly observed in the gradient deformation layer.

1. Introduction

34CrMo4 steel is one of the representative medium-carbon
and low-alloy steels, due to its good balance of strength,
toughness, and wear resistance in an extreme working envi-
ronment. Hence, 34CrMo4 steel is widely used for drill stem
in oil exploration, because of its excellent properties, such as
favorable hardenability, shock absorption, less tendency of
temper brittleness, and good corrosion resistance [1].

Surface treatment is widely used in increasing the perfor-
mance of materials, such as elements coating to protect the
material from severe environments [2]. The effect of hot
deformation parameters such as temperature and strain rate
on dynamic restoration processes of 34CrMo4 steel was stud-
ied in previous research [3].

Severe plastic deformation (SPD), such as shot peening
[4, 5], is a generic term describing a group of metalworking
techniques. It includes very large strains and typically involves
a complex stress state or high shear, resulting in a high defect
density and equiaxed ultrafine grain size (diameter less than
500nm), even nanocrystalline structure (diameter less than
100nm). The inference depth is about 200~600μm after shot

peening surface treatment. The microstructure will deform
to include cracks, laths, lattice distortion, disordered struc-
tures, and deformation grains [6–8]. For the 34CrMo4 steel
tools, after a long period of service, the purpose of this
experiment is try to remove the rust and repair the 34CrMo4
steel tools by shot peening treatment. Shot peening is a well-
known cold surface treatment that consists in bombarding
the surface of the component with a stream of shots. As a
result, the compressive residual stress and microstructure
modification are induced within the near surface, which
can improve the fatigue performance and surface properties
of the material [9–11]. Therefore, the microstructure evolu-
tion analysis of the deformation layer from the top surface to
matrix is very important.

Electron microscopy (EM) comprises a wide range of
different methods that use various signals arising from the
interaction of an electron beam with the sample to obtain
information about the structure, morphology, and composi-
tion. Along with the development of materials science
research on the basis of EM, scanning electron microscopy
(SEM) and transmission electron microscopy (TEM) are
widely used in the characterization of metals, ceramics,
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powder, biology, and composites [12, 13]. With high-
resolution electron microscopy (HREM) analysis technology,
a resolution below 0.2nm can reveal to us the essence of
material at the atomic level. At the same time, ultra-high
resolution microscopic analysis techniques for TEM sample
preparation are becoming increasingly necessary to meet a
higher quality. The traditional metallographic polishing, dou-
ble ion milling, electrolytic polishing, and electrolytic jet are
becoming increasingly unsuitable to meet the standards of sci-
entific research methods [14, 15]. In recent years, because of
the advent and development of focused ion beam (FIB) instru-
ments, it is now possible to directly prepare specimens for the
TEM from powder particles using the lift out method. The FIB
sample preparation technique of thinning and processing is
becoming more mature [16]. However, the excavation depth
was limited to approximately 100μm. The deeper matrix of
100μm to several hundred micrometers cannot be prepared
by FIB upon surface dig and take-off method.

Therefore, surface deformed layers urgently need micro-
structure characterization, especially on the topmost layer
and several hundred micrometers in depth. The sample prep-
aration was the most important part for microstructure
study. Some preparation methods for cross-sectional TEM
specimen are reported earlier [17, 18]. This study introduced
a special sample preparation method—the face-to-face paste
method—for the requirements of EM analysis. The feasibility
was verified by those samples of the face-to-face paste
method for EM observation.

2. Experimental Method

Figures 1(a)–1(d) show the schematic diagram of the top-
most layer TEM sample preparation after shot peening. Dia-
grammatic drawing of the shot-peened specimen with a

gradient deformation layer is shown (Figure 1(a)). Owing
to the fact that the diameter of TEM specimen is limited in
3mm, the face-to-face paste method was implemented to
piece together a circle with 3mm diameter. A face-to-face
paste method (Figure 1(b)) specimen side and (Figure 1(c))
Cu grid side were well required for electron microscope anal-
ysis. Final thinning was used by ion milling; the TEM speci-
men was fixed in the strut (Figure 1(d)), and finally the
center will be thinned out. Corresponding real sample images
are shown in Figures 1(e)–1(h).

The pasted glue was G1 glue bought from Gatan official
website; detail steps of specimen preparation were through
the following:

Peening surface
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Figure 1: Topmost layer TEM sample preparation of (a–d) schematic diagrams and (e–h) corresponding real sample images. (a, e) Shot-
peened specimen, face-to-face pasted sample of (b, f) specimen side and (c, g) Cu grid side, and (d) schematic diagram of TEM specimen
in the ion milling holder and (h) final TEM specimen with a hole in the center.
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(i) Pour the epoxy liquid on the slide glass with the
resin to have a harden ratio of 1 : 10

(ii) Use a toothpick to mix them

(iii) Paste it on a standard Cu TEM grid (Figures 1(c) and
1(g) and cure the resin at about 100°C during pasting

(iv) Fix the specimen on the milling holder as shown in
Figure 1(d)

(v) Proceed with grinding, polishing, dimpling, and ion
milling

(vi) Figure 1(h) shows the specimen after ion milling

At the final ion milling step, the energy was 3 kV and the
milling angle was 4°.

The residual stress was measured by X-ray stress analyzer
(LXRD, Proto, Canada) using sin2ψmethod. The Cr Kα radi-
ation with a wavelength λ = 2:2897Å was used to determine
ferrite (211) diffraction peak. Successive steps of material
removal from the impacted surface to ~400μm depth
through electrochemical polishing were conducted in order
to perform residual stress measurements in depth. The
cross-sectional specimens for the electron back-scattered dif-
fraction (EBSD) analysis were prepared via electrolytic pol-
ishing. The top treated surface specimens were thinned via
polishing to 90μm. EBSD specimens were electropolished
(Struers TenuPol-5) at room temperature with an electrolyte
of 10% perchloric and 90% acetic acid. EBSD measurements
were performed with FESEM, JSM-7800F system installed in
an oxford scan mode, with a beam step size of 400nm.

The 34CrMo4 martensitic stainless steel was commercial,
which is always used as a drill stem in oil exploration. The
chemical composition was consistent with the nominal mate-
rial element and mainly consisted of weight percent of 0.3-
0.37 of C, 0.9-1.2 of Cr, 0.15-0.3 of Mo, 0.6-0.9 of Mn,
≤0.035 of S, ≤0.4 of Si, ≤0.025 of P, and balanced by Fe.
Before the shot peening, the specimens are heat treated by
quenching from 870°C and annealing in 560°C for 2 h. The
description of the shot peening equipment has been reported
elsewhere. Prior to the treatment, the plate surface was
ground to 2000 grit with SiC metallographic paper. The shot
peening processing was carried out for 1, 5, 10, and 15min,
and cast steel shots 0.6mm in diameter. All thickness and
depth in this study are not strictly accurate. It allows for an
error of 5%.

3. Results and Discussion

Figure 2 shows the depth distributions of residual stress after
shot peening. With increasing of shot peening intensities, the
residual stress will increase from 1 to 5min. However, it does
not increase anymore during peening time from 5 to 15min.
They attain a peak value of -600MPa at the depth of around
25μm. The residual stresses return to zero as depth increases
to around 400μm. Therefore, a stronger processing is consid-
ered ineffective because of the residual stress of 34CrMo4
steel was considered saturated at 5min peened.

Microstructure analysis of 1~15min peened specimens
was compared; the details and analysis method will be mainly
exhibited by 5min peened specimen. Figure 3 shows the
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101001
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Figure 3: Microstructure characterization of 34CrMo4 Steel (a) OM, (b) SEM, and (c) EBSD mapping.
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microstructure of 34CrMo4 steel matrix: optical micro-
scope (OM) in a wide range view (Figure 3(a)). SEM image
shows large grain boundaries, and grain size is ~30μm
(Figure 3(b)). EBSD inverse pole figure mapping shows the
lath structures of martensitic steel (Figure 3(c)). The micro-
structure of the specimen was a typically tempered martens-
ite, with a relatively homogeneous ferrite grain structure.

Figure 4 shows SEM images of the 34CrMo4 martensite
steel after shot peening for 5min: cross-sectional view
(Figure 4(a)), high magnification images of the deformed
structure in the top layer (Figure 4(b)), the gradients struc-
ture (Figure 4(c)), and matrix of the steel (Figure 4(d)).
The effect depth of deformed structure was 100μm; grain
refinement and deformation were the main features in
the layer.

Figure 5 shows the EBSD analysis of image quality (IQ)
image (Figure 5(a)), inverse pole figure (IPF) (Figure 5(b)),
and phase mapping (Figure 5(c)). The residual stress was rich
in the deformation layer after shot peening, which has influ-
enced the EBSD recognition rate. The colors in Figure 5(b)
represent different orientations as shown by the standard
triangle (inset in Figure 5(b)). The presence of all colors
at similar frequencies indicates that the shot-peened speci-
mens fail to exhibit a strong texture. Phase mapping shows
that the main phase was α′-martensite in body-centered cube
(BCC) and bits of austenite and Fe3C precipitate. As an addi-
tional strategy, the precipitated phase must be Fe3C from the
study of iron-carbon phase diagram [19].

Figure 6 is TEM characterization of the topmost layer on
the deformed layers. At the topmost layer (Figure 6(a)), the

nanosized grains were obvious by high-density dislocation
entanglement, which corresponds to the SADP showing a ring
pattern taken on this area. At the depth of 50μm (Figure 6(b)),
high-density nanothickness lath structure was obvious. Some
dislocation cell and new grain boundaries are visible in the
100μm depth region, as shown in Figure 6(c). In the 200μm
depth region (Figure 6(d)), the dislocation and subgrains had
sharp boundaries. At the 400μm depth (Figure 6(e)), original
grains are seen the same as in the matrix (Figure 6(f)) typically
tempered martensite. The microstructural evolution from
original grains to nanograins was apparent in the TEM analy-
sis by the decreasing of depth.

Figure 7 shows the TEM analysis of precipitates; the TEM
sample preparation is by carbon extraction replica technol-
ogy [20]. High-magnification TEM images in Figure 7(b),
iFFT image (Figure 7(c)), measurement of the distance of
atom plans (Figures 7(d) and 7(e)), and index of electron dif-
fraction pattern (Figure 7(f)) form the yellow square in
Figure 7(b). Compared to standard PCPDF, card # 030411
[21] was well matched.

Figure 8 shows the TEM and high-resolution TEM
(HRTEM) analysis of the TEM analysis of the martensite
steel after shot peening: TEM image on the topmost layer
(Figure 8(a)) and HRTEM images (Figure 8(b)) taken in
the red dotted box in Figure 8(a). In the software of digital
micrograph, selected squares marked in Figure 8(b) can
get the fast Fourier transformation (FFT) image see in
Figure 8(c). Apply mask and then get inverse FFT image in
Figures 8(d)–8(f) measurement of the distance of atom plans.
Compared to standard PCPDF, card # 882324 [22] was well
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Figure 4: SEM images of the cross-sectional view of martensite steel after shot peening for 5min (a) and high-magnification images of (b–d)
corresponding region marked in (a).
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matched. The lattice of FCC, space group of Fm�3m(225),
a = 0:343 nm, d111 = 0:1980 nm, d200 = 0:1715 nm, and d =
0:3952 nm were twice as the distance of the d111, and zone
axis was [0,1,1] in Figure 8(g). The FCC crystal was discov-
ered in the topmost layer of martensite steel (BCC) after shot
peening. In the phase mapping by EBSD (Figure 5(c)), FCC
crystal was identified in red color near the topmost layer.

Phase transformation from FCC to BCC was reported in
the study of 301 austenite stainless steel upon ultrasonic shot
peening in preliminary [5]. The reverse phase transformation
from BCC to FCC was discovered in this study. However,
the dynamic phase transformation between FCC and BCC
upon severe plastic deformation needs substantial evidence
in further research.
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Figure 5: EBSD images of the cross-sectional view of martensite steel after shot peening for 5min: (a) image quality, (b) inverse pole figure,
and (c) phase mapping.
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Figure 6: TEM analysis of the 34CrMo4 martensite steel after shot peening for 5min: (a) topmost layer, (b) 50μm depth, (c) 100 μm depth,
(d) 200 μm depth, (e) 400 μm depth form top surface, and (f) matrix before shot peening. Corresponding SADPs are inside.
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Figure 7: TEM analysis of the martensite steel: (a) TEM image on precipitates, (b) high-magnification TEM images, (c) iFFT image, (d, e)
measurement of the distance of atom plans, and (f) index of electron diffraction pattern form the yellow square in (b).
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4. Summary and Conclusion

The main works are residual stress test and microstructure
characterization of 34CrMo4 steel upon various shot peening
treatments. Following are the findings:

(1) The residual stress distribution with effect depth was
found increasing upon the shot peening. The residual
stress of 5min shot-peened specimen was saturated.
The maximum compressive stress value is -600MPa
at the depth of 25μm
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Figure 8: TEM analysis of the martensite steel after shot peening: (a) TEM image on the topmost layer, (b) high-magnification TEM images,
(c) FFT and (d) iFFT images, (e) and (f) measurement of the distance of atom plans, and (g) index of electron diffraction pattern in (c).
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(2) Microstructure evolution characterization was ana-
lyzed by various electron microscope technologies.
Nanograins were observed on the top most peening
layer. In nanothickness lath structure and nanosized
grains, precipitates were in gradient deformation
layer. Grain refinement was clearly observed in the
gradient deformation layer

(3) The FCC crystal was discovered in the topmost layer
of BCC after shot peening. The dynamic phase trans-
formation between FCC and BCC upon shot peening
needs substantial evidence in further research
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The stability of retained austenite was improved by the dual-stable C-Mn partitioning process. The phase transformation and
element diffusion of dual-stable C-Mn partitioning process of tested steel were investigated by means of EPMA, SEM, OM,
tensile testing machine, and other analysis methods. The effects of the first and second austenite stabilization time on the
microstructure and mechanical properties of low-C-Si-Mn steel were studied, respectively. The enrichment of C and Mn
elements is obvious after the dual-stable C-Mn partitioning process, and the microstructure of the tested steel is constituted of
martensite, ferrite, and retained austenite. Compared with the conventional Q&P steel, the tensile strength of the steel treated by
the dual-stable C-Mn partitioning process is slightly lower, but the plasticity is improved significantly. The tensile strength is
875-910MPa, the elongation is 20-24%, and the product of strength and elongation can reach 21GPa·%.

1. Introduction

In recent years, with the continuous development of the
automotive industry, resources and environmental issues
have become increasingly prominent, which puts higher
demands on the energy efficiency of automobiles. Automo-
bile lightweight is an inevitable trend in the development of
the automotive industry, and the application of high-
strength steel is an effective technical mean for lightweight
vehicles [1]. In 2003, Speer et al. [2] of the US State School
of Mines proposed the Q&P (Quenching & Partitioning)
process and established a thermodynamic model to study
the problem of the C element partitioning of the experimen-
tal steel between the temperature ofMs andMf. In the follow-
ing ten years, the third generation of high-strength steel
represented by Q&P steel and medium manganese steel were
rapidly developed [3, 4]. The room temperature microstruc-
ture of Q&P steel is martensite and retained austenite [5, 6].
Martensite as matrix ensures high strength, and the TRIP
(Transformation Induced Plasticity) effect of retained aus-
tenite makes Q&P steel have good plasticity [7]. Studies have
shown that the regulation of retained austenite is an

extremely important factor among many factors affecting
the mechanical properties of high-strength steel [5, 8]. The
tested steel is heated to the two-phase zone for heat preserva-
tion, and the coordination of elements such as Mn and Cu
can increase the stability of austenite to a certain extent,
and at the same time, a part of ferrite can be introduced to
further improve the plasticity to obtain the comprehensive
mechanics of the experimental steel [9, 10].

The dual-stable C-Mn partitioning process is to improve
the stability of austenite by two austenite stabilization pro-
cesses. First, annealing in the two-phase region promotes
the partitioning of C andMn elements from ferrite to austen-
ite [11], that is, the high-temperature austenite stabilization
process; the second process is the use of low-temperature car-
bon distribution similar to the traditional “one-step” Q&P
process. During the second process, after annealing in the
two-phase region, the experimental steel is quenched to a
temperature between Ms and Mf to maintain the C element
partitioning from martensite to austenite [12]. In this study,
the low-carbon-silicon-manganese steel was selected as the
raw material. The low-carbon steel distribution effect was
improved by two austenite stabilization processes, and the
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problem of low-residual austenite amount and poor plasticity
after quenching was solved. The effect of different austenite
stabilization time on the microstructure and mechanical
properties of the tested steel was studied.

2. Experimental Materials and Methods

The material used in the test was a cold-rolled low-carbon-
silicon-manganese steel having a thickness of 1.5mm, and a
standard tensile specimen having a gauge length of 25mm
was prepared by wire cutting according to the ASTM E8
standard. The initial structure of the tested steel consists of
ferrite and pearlite. The main chemical composition thereof
is shown in Table 1. The phase transition point of the tested
steel was calculated by the empirical formula and JMatPro
7.0 software: 710°C for the austenite transformation starting
temperature (Ac1), 874

°C for the austenite transformation
end temperature (Ac3), and 410°C for the martensite
transformation starting temperature (Ms). Figure 1 is the
CCT diagram of tested steel. The traditional Q&P process
and dual-stable C-Mn partitioning process are applied to
the experimental steel to study the influence of process
parameters on microstructure and mechanical properties.

Figure 2 illustrates the Q&P process and the dual-stable
C-Mn partitioning process. The heating process was carried
out in the vacuum heat treatment furnace. The dual-stable
C-Mn partitioning process was to rapidly heat the tested steel

at 10°C/min to the two-phase region of ferrite and austenite
at 820°C for 3min, 5min, 7min, and 9min, respectively, for
the first austenite stabilization process. Then, the tested steel
was quenched to 240°C, holding for 10 sec, 20 sec, 30 sec,
40 sec, and 50 sec, respectively, for the second stabilization
process of austenite. Finally, the sample steel was quenched
with water to room temperature. As the control group, the
experimental steel was kept at 930°C for 5min to make sure
the completion of austenitic transformation, then quenched
to 240°C for carbon distribution, and finally quenched to
room temperature with water.

3. Results and Analysis

3.1. Effect of Dual-Stable C-Mn Partitioning Process on
Microstructure of Tested Steel

3.1.1. Effect of Dual-Stable C-Mn Partitioning Process on
Elemental Partitioning Behavior. Electron microprobe analy-
sis (EPMA) was performed on the tested steel after the dual-
stable C-Mn partitioning process and the traditional Q&P
process, respectively. Figure 3 shows the distribution of C
and Mn elements in the tested steel after treatment of the tra-
ditional Q&P process. Figure 4 shows the distribution of C
and Mn elements after the dual-stable C-Mn partitioning
process. Comparing Figures 3 and 4, C and Mn elements
are obviously enriched between the lath of martensite in both
the two processes. However, the enrichment of the elements

Table 1: Main chemical composition of sample steel (wt. %).

Element C Mn Si Al Cr Ti S P B

Content 0.11 1.50 1.16 0.043 0.024 0.01 0.001 0.008 0.003
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Figure 1: The CCT diagram of tested steel.
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in the dual-stable C-Mn partitioning process is more obvi-
ous. It can be seen from Figures 3 and 4 that the distribution
position of C element is basically consistent with that of Mn
element. The reason is that the distribution process of Mn
element causes the originally distributed Mn atoms to
migrate and generate after obtaining sufficient diffusion
activation energy. Because the radius of Mn atom is slightly

larger than that of iron atom and much larger than that of
carbon atom, the migration of Mn causes lattice distortion.
As an interstitial atom, C atom is more easily retained in
the lattice gap caused by the migration of Mn atoms, result-
ing in the accumulation of more C atoms near the Mn
atoms and the phenomenon of the same distribution posi-
tion of Mn and C. In this process, the Mn content of
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Figure 2: Schematic of heat treatment: (a) Q&P process and (b) dual-stable C-Mn partitioning process.
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Figure 3: (a) The microstructure image, the EPMA images of (b) C, and (c) Mn element distribution of tested steel after Q&P process.
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Figure 4: (a) The microstructure image, the EPMA images of (b) C, and (c) Mn element distribution of tested steel at 820°C for 5min and
then at 240°C for 30 s.

3Scanning



austenite also decreased gradually. In this process, the mar-
tensite transformed from austenite after quenching retains
the distribution characteristics of Mn elements in austenite,
i.e., the Mn content in the central region is higher than that
in the surrounding area [13]. The C element partition after
quenching between Ms and Mf can stabilize the retention of
more retained austenite to room temperature [14]. Com-
pared with the traditional Q&P process, the dual-stable C-
Mn partitioning process improves the austenite stability
by the two austenite stabilization processes of C, Mn ele-
mental partitioning at high temperature, and C elemental
partitioning at low temperature. The tested steel has both
sufficient strength and excellent plasticity so that it has
good comprehensive mechanical properties.

3.1.2. Effect of the First Austenite Stabilization Time on
Microstructure. The effect of the first austenite stabilization
time on the microstructure of the tested steel during the
dual-stable C-Mn partitioning process was investigated.
The metallographic structures of the tested steel at 820°C
for different austenite stabilization time (3, 5, 7, and 9min)
then at 240°C for 30 s are shown in Figure 5. The metallo-
graphic structure of the tested steel is a composite structure
of lath martensite and ferrite. With the extension of the first
austenite stabilization time, the ferrite volume fraction first
increases and then decreases, and the morphology also
changes. The volume fraction of ferrite in the tested steel
annealing at 820°C for 3min is low. When the annealing time
increases to 5min, the ferrite is mainly in bulk shape and the
volume fraction of ferrite increases, which may be due to the

partial growth of ferrite grains with the increase of the first
austenite stabilization time [15]. As the austenite stabiliza-
tion time continues to prolong, the austenite interface gradu-
ally grows into the ferrite and the nearby ferrite is annexed,
which results in a decrease in the ferrite volume fraction in
the microstructure at room temperature. Figure 6 is an
SEM image of the dual-stable C-Mn partitioning process
annealed at 820°C for 5min. The microstructure of the tested
steel is austenite, ferrite, and a small amount of retained aus-
tenite. The martensite is lath-like, and the slats of the mar-
tensite group have different beam positions.

3.1.3. Effect of the Second Austenite Stabilization Time on
Microstructure. In order to explore the influence of the
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Figure 5: The OM micrographs of the first austenite stabilization for (a) 3min, (b) 5min, (c) 7min, and (d) 9min.
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Figure 6: The SEMmicrographs of tested steel of dual-stable C-Mn
partitioning process test.
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second austenite stabilization time on the tested steel struc-
ture, the tested steel was quenched to 240°C (between the
temperature of Ms and Mf) and kept in this temperature for
10-60 sec after 5min of first austenite stabilization process.
Figure 7 shows the metallographic structure of the experi-
mental steel for different second austenite stabilization time,
where the red parts represent ferrite. We calculated the frac-
tions of ferrite by the Photoshop CC software, and the results
are shown in Table 2. It was found that the microstructure of
the dual-stable C-Mn partitioning steel consists of martens-

ite, ferrite, and retained austenite from the SEM analysis. It
can be seen from Figure 7 that a granular or flake-like ferrite
structure is uniformly and distributed scatteredly in the lath
martensite gap. When the second austenite stabilization time
is 10 sec, the amount of martensite is relatively high and
decreases gradually with the time prolonging. By analyzing
the SEM photograph of the tested steel, it is known that the
residual austenite is distributed in a film form at the bound-
ary between the interlaced lath martensite and the bulk fer-
rite due to the low carbon content of the sample steel.
When the steel plate is subjected to external force, the strip
martensite of the plate provides high strength to resist the
deformation of the steel plate. The TRIP effect of retained
austenite impacted by external force induces martensite and
retards necking, and the external impact work is absorbed
with the relatively soft ferrite. The uniform distribution of

Table 2: The fractions of ferrite for 10~50 sec.

Time (s) 10 20 30 40 50

Fraction (%) 46 36 49 62 56
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Figure 7: The morphology of martensite and ferrite (red) after partitioning for (a) 10 sec, (b) 20 sec, (c) 30 sec, (d) 40 sec, and (e) 50 sec.
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the three phases makes the steel possess the comprehensive
mechanical property of high strength and high plasticity.

3.2. Analysis of Phase Transition Process of Dual-Stable C-Mn
Partitioning Process. According to the EPMA image of the
microstructure and element distribution of the dual-stable
C-Mn partitioning process, the hypothesis of the phase trans-
formation process is proposed, and the first austenite stabili-
zation process is analyzed in combination with Figure 8. The
solid solubility of C and Mn in ferrite is low. When the first
austenite stabilization process is maintained, the austenite
begins to nucleate after reaching the phase transition point.
The diffusion of C element from ferrite to austenite is com-
pleted first [16]. The diffusion rate of Mn element is higher
in ferrite than in austenite. Mn undergoes short-range diffu-
sion after obtaining activation energy. It migrates from ferrite
to ferrite/austenite boundary and aggregates there. The Mn
element is distributed at the ferrite/austenite interface, and
its diffusion rate in the ferrite is much higher than that in
the austenite, resulting in a difference in the concentration
of Mn elements at the two sides of the interface. With the dif-
fusion of Mn element, Mn-rich region b and Mn-depleted
region a were formed at the grain boundary and central
region of ferrite, respectively. The Mn content in the grain
boundary is relatively high, and the austenite grains are small
right now. Although this process is accompanied by the
migration of austenite grain boundaries to ferrite, the grain
boundary growth is not obvious since Mn has the effect of

stabilizing austenite and inhibiting grain growth. With the
increase of the first austenite stabilization time, the Mn atoms
originally gathered at the boundary gradually migrate into
the austenite, and the grain boundaries migrate to the ferrite
side. As the Mn-poor ferrite area is gradually “engulfed” by
the grain boundaries, the austenite grows gradually, and the
content of Mn element in the transformed austenite gradu-
ally decreases. After quenching, martensite retains the distri-
bution characteristics of Mn in austenite, and the Mn content
in the central region is higher than that in the surrounding
area. As the first austenite stabilization time increases, the
grain size of austenite and ferrite changes, and the C and
Mn elements uniformly diffuse in the austenite. With the
increase of time, Mn element diffuses from the interface to
the austenite grain. At the austenite grain boundary, the con-
tent of Mn is continuously decreasing, and the grain growth
resistance decreases. As the grain grows, the internal average
Mn content is decreased, and the first austenite stabilization
effect is reduced. When the time further increases, the growth
of austenite grain is dominant, the austenite grains become
larger, the residual retained austenite content gradually
decreases after quenching, and the martensite lath spacing
becomes wider, which deteriorates the mechanical properties
of the tested steel. Therefore, the first austenite stabilization
time has an essential influence on the microstructure and
mechanical properties of the tested steel.

A schematic diagram of the dual-stable C-Mn partition-
ing process is analyzed in conjunction with Figure 9. When

Mn
Fe
C
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Ferrite
Grain boundary

a a

a

b b
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Figure 8: The schematic representation of the first austenite stabilization process.
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Figure 9: The schematic representation of the dual-stable C-Mn partitioning process.
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the tested steel is heated to the temperature above the
starting transformation temperature of austenite at a suit-
able heating rate and maintained, C and Mn elements
are enriched in austenite, increasing the high-temperature
stability of austenite [17]. After the first quenching, a com-
posite structure of martensite, ferrite, and retained austen-
ite is obtained [18]. The saturated solid solubility of C and
Mn in ferrite is extremely low, and the first quenching
temperature is 240°C. Therefore, the influence of C and
Mn diffusion in ferrite can be ignored [19]. In the carbon
distribution process, i.e., the second austenite stabilization

process for the tested steel, similar to the traditional one-
step Q&P process, C element diffuses from martensitic lath
to the adjacent thin film austenite or sheet austenite, increas-
ing the stability of austenite at room temperature [20]. At
the same time, part of the ferrite increases the grain bound-
ary density and prolongs the time of the dynamic equilib-
rium of the C element. The optimal second austenite
stabilization time is extended to suppress the precipitation
of carbides in this process. Finally, more retained austenite
is obtained at room temperature, thereby improving the
overall mechanical properties.
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Figure 10: Mechanical properties of these steels after first austenite stabilization for 3min, 5min, 7min, and 9min: (a) strength and
elongation and (b) product of strength and elongation.
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3.3. Influence of Dual-Stable C-Mn Partitioning Process on
Mechanical Properties

3.3.1. Effect of the First Austenite Stabilization Time on
Mechanical Properties. In the first austenite stabilization
process, the stability of austenite is increased by the distri-
bution of C and Mn elements, which has an effect on the
mechanical properties. The tested steel was incubated at
an austempering temperature of 820°C for 3-9min and
then subjected to the same dual-stable C-Mn partitioning
process. The tensile strength and elongation at break of
the tested steel change with the first austenite stabilization
time, as shown in Figure 10(a). The change of the product
of strength and elongation with the first austenite stabiliza-
tion is shown in Figure 10(b). With the increase of the
first austenite stabilization holding time, the tensile
strength gradually decreases, while the elongation after
breaking first decreases and then increases and reaches a
minimum value at 5min. The change rule of the product
of strength and elongation is basically the same as that
of elongation after fracture. The product of strength and
elongation of the tested steel showed a minimum at
5min, and the comprehensive mechanical properties were
relatively poor. After the dual-stable C-Mn partitioning
process, the tensile strength of the tested steel is between
875MPa and 910MPa, and the elongation after fracture
is up to 24%. The product of strength and elongation is
between 18.3-21GPa·%. Under the dual-stable C-Mn parti-
tioning process, the mechanical properties may be chan-
ged. The tested steel is insulated in the two-phase zone,
and the austenite gradually grows. When holding for 3
minutes, the austenite and ferrite grains are fine, which
can be observed from the microstructure observation.
According to the Holpeci formula, the tested steel has a
good match of strength and plasticity due to the effect of
fine-grain strengthening. With the prolonged holding time,
the grain growth has a major influence on the mechanical
properties of the tested steel [21]. In the range of 5-7min,
the nucleation rate of austenite increases, and the volume
fraction of ferrite decreases. The first austenite stabilization
is sufficient, and the C and Mn elements diffuse into the
high-solubility austenite, which increases the high-
temperature stability of austenite. In addition, the Mn ele-
ment has an effect of hindering the growth of crystal
grains, so that the grain boundary growth rate is relatively
reduced after the austenite/ferrite interface is rich in Mn
[22, 23]. More retained austenite is obtained during the
dual-stable C-Mn partitioning process, which increases
the elongation of the tested steel after fracture. However,
the ferrite content continues to increase, resulting in a
slight decrease in the tensile strength of the experimental
steel. At 5-9min, the distribution of C and Mn elements
in the stabilization process of austenite has a major influ-
ence on the mechanical properties.

3.3.2. Effect of Dual-Stable C-Mn Partitioning Process Time
on Mechanical Properties. In order to study the influence of
the dual-stable C-Mn partitioning process time on the
mechanical properties, after the first austenite stabilization

of the tested steel is completed, it is quenched to 240°C and
kept for 10-50 sec. The traditional Q&P process is carried
out, that is, the tested steel is kept at 930°C for 5min, then
quenched to 240°C and kept for 10-50 sec. Figure 11(a) shows
the change of tensile strength and elongation with time in
two processes. The tensile strength of dual-stable C-Mn par-
titioning process steel is lower than that of traditional Q&P
process steel, and the elongation after fracture is obviously
higher than Q&P process steel. The microstructure of the
dual-stable C-Mn partitioning process steel is martensite, fer-
rite, and retained austenite. The ferrite produced by the first
austenite stabilization process is a soft phase, and the volume
fraction of the primary martensite of the tested steel is low
[12, 23]. At the same time, during the first stabilization of
the tested steel, C and Mn elements diffused from ferrite to
austenite, the stability of austenite is increased, and finally,
more retained austenite is obtained. In addition, the martens-
ite formed first occurs self-tempering at the time of partition,
and its plasticity is improved.

The tested steel under the Q&P process is kept at 930°C
for 5min, completely austenitized, and the C and Mn ele-
ments are evenly distributed in the austenite. The stability
of austenite can only be enhanced by the C element at
low temperature. During the partitioning process, carbon
diffuses from martensite to untransformed austenite. Due
to the low partition temperature, the carbon content of
most untransformed austenite is less than the minimum
carbon content required for no phase transition when cool-
ing to room temperature. This is also the reason why the
comprehensive mechanical properties of the double-
stabilized C-Mn partitioning process are better than that
of the traditional Q&P steel. The difference between the
two products of strength and elongation is also less than
3.7GPa·%. The product of strength and elongation changes
with time in the two processes. It can be seen from
Figure 10(b) that after the dual-stable C-Mn partitioning
process time is 30 sec, the product of strength and elonga-
tion of the dual-stable C-Mn partitioning process steel con-
tinues to increase with the increase of the holding time. The
max product of strength and elongation is 20.42GPa·% after
partitioning for 50 s. And the product of strength and elon-
gation of traditional Q&P steel decreased sharply after the
distribution time exceeded 30 s. This is due to the dynamic
competition between the partitioning of C from martensite
to retained austenite and the diffusion of C in austenite [12,
24]. At the same time, if the partitioning time is too long,
some carbides will form, which will deteriorate the proper-
ties of steel. On the other hand, more austenite is retained
in the partitioning of carbon and manganese. More austen-
ite further enhances the product of strength and elongation.
After the partitioning time exceeds 30 s, the product of
strength and elongation begins to decrease. The reason for
the decrease of the product of strength and elongation is
the interface migration from martensite to austenite. The
fine ferrite in the microstructure of the dual-stable C-Mn
process steel increases the grain boundary density, hinders
the diffusion of C element, and prolongs the time of C ele-
ment dynamic balance. Macroscopically, the peak value of
the product of strength and elongation is delayed.
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4. Conclusion

(1) The microstructure of the tested steel after the dual-
stable C-Mn partitioning process is a multiphase
structure of martensite, ferrite, and retained austen-
ite. The martensite is lath-like shape, and the ferrite

is flake-like shape. In this process, the C and Mn ele-
ments are enriched in austenite, and the stability of
austenite is increased

(2) With the increase of the first austenite stabilization
time, the grain size of ferrite increases and the grain
shape gradually changes from granular to flake, and
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Figure 11: Mechanical properties of these steels after the dual-stable C-Mn partitioning process and Q&P process for 10 sec, 20 sec, 30 sec,
40 sec, and 50 sec: (a) strength and elongation and (b) product of strength and elongation.
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the volume fraction increases; the tensile strength
decreases gradually, and the elongation after fracture
decreases first and then increases. The change rule of
the product of strength and elongation is consistent
with that of the elongation after fracture

(3) As the second austenite stabilization time increases,
the martensite volume fraction gradually decreases.
After the second austenite stabilization time of
30 sec, the product of strength and elongation of the
dual-stable C-Mn partitioning process steel contin-
ued to increase, while that of the traditional Q&P
steel decreases, showing a delay of the peak value of
the product of strength and elongation. Compared
with traditional Q&P steel, the tensile strength of
steel under the dual-stable C-Mn partitioning process
is slightly lower, but the plasticity is obviously
improved. The tensile strength is 875-910MPa, the
elongation after fracture is 20-24%, and the product
of strength and elongation can reach 21GPa. %.
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The precipitation behaviors of the topologically close-packed (TCP) phases in the bicrystal DD5 superalloy have been investigated.
The results showed that the [001] crystallographic orientations are consistent with that of adjacent grains; however, the direction of
the needle-like TCP phases is not consistent with that of the γ phase channels. The angle between needle-like TCP phases and γ
phase channels is 45°, but the angle between the needle-like TCP phases of the adjacent grains is equal to the misorientation of
the adjacent grains. Furthermore, during long-term aging, the needle-like TCP phases gradually decompose and transform into
globular and short rod-like phases. The TCP phases precipitate preferentially in the dendrite. It is difficult to precipitate at the
interdendrite/grain boundary, which is caused by the segregation of the constituent elements of the TCP phase to the dendrite.

1. Introduction

Superalloy is a kind of high-alloying iron-based, nickel-
based, or cobalt-based metal material, which can withstand
large complex stress above 600°C and has certain surface sta-
bility [1]. Nickel-based single-crystal superalloys have been
widely used as jet engines and industrial gas turbine blades.
In order to continuously improve its high temperature creep
resistance, more and more refractory elements have been
added to the superalloy. Presently, the known refractory
elements such as Cr, Mo, W, and Re are good creep-
strengthening elements. In particular, Re is recognized as
the alloy element with outstanding strengthening effect.
However, the addition of excessive refractory elements will
significantly reduce the stability of the alloy structure.

The addition of excessive alloy elements such as Cr, Mo,
W, and Re to the superalloy will cause the precipitation of
intermetallic phases which have complex crystal structures
rich in these refractory elements during long-term heat expo-
sure or service. Because of their special dense structures,
these phases are generally referred to as the topologically
close-packed (TCP) phase [2]. The TCP phases of Ni-based
single-crystal superalloys are σ, μ, P, and R [3, 4]. It is gener-

ally accepted that the TCP phase will deteriorate the creep
properties of the alloy. So how to avoid the precipitation of
the TCP phase is an important aspect of alloy design. Only
by knowing more about the precipitation rules and charac-
teristics of the TCP phase, we can avoid the precipitation of
the TCP phase reasonably and effectively, so as to better opti-
mize the design of the alloy.

Frank and Kasper [5, 6] first investigated the crystal
structure characteristics of TCP phases and characterized
the TCP phase by coordination polyhedron. These so-called
Kasper polyhedrons have equilateral triangle surfaces and
four atomic coordination numbers of 12, 14, 15, and 16,
but in practice, polyhedron surfaces often deviate from equi-
lateral triangles [2]. The structure of the TCP phase is com-
posed of pentagonal or hexagonal antiprism arranged side
by side. The antiprism can usually be regarded as some sim-
ple structural units, and using these structural units to char-
acterize the structure of the TCP phase will greatly simplify
the process of analysis [7–9].

In the past few decades, the precipitation behavior of
the μ phase has been extensively studied [10–15]. Many
structural defects have been found in the μ phase in some
superalloys or intermetallic compounds, such as stacking

Hindawi
Scanning
Volume 2020, Article ID 2569837, 6 pages
https://doi.org/10.1155/2020/2569837

https://orcid.org/0000-0001-8116-7651
https://orcid.org/0000-0002-5878-0172
https://orcid.org/0000-0003-3748-1381
https://creativecommons.org/licenses/by/4.0/
https://creativecommons.org/licenses/by/4.0/
https://creativecommons.org/licenses/by/4.0/
https://doi.org/10.1155/2020/2569837


faults, twin bands, microtwins, and second-phase symbiosis
[11–13, 16–18]. However, there is little work on the detailed
precipitation behavior of the P phase and R phase [3, 18–21].

In this paper, the TCP phase in the second-generation
Ni-based superalloy DD5 is studied and the precipitation
and evolution of the TCP phase are found and summarized.
It provides evidence for further understanding the precip-
itation behavior and characteristics of the TCP phase in
Ni-based single-crystal superalloys.

2. Materials and Methods

A second-generation single-crystal DD5 superalloy was used
in this work. The chemical composition of the DD5 superal-
loy is listed in Table 1. The DD5 superalloy was produced by
directional solidification and seeding so as to eliminate the
effects of the grain boundary and crystallographic orientation
on the TCP phase. In order to assure the directions of den-
dritic growth and thermal gradient to be accordant, the
[001] direction of two seeds was aligned to the growth direc-
tion. The misorientation of the [010]/[100] direction of two
seeds was about 20°. Since the [001] direction of the seed is
parallel to the primary dendrites of the seed and the
[010]/[100] direction of the seed is parallel to the secondary
dendrites of the seed, the primary dendrites of two seeds
are parallel to each other and parallel to the sample axis.
The angle between the secondary dendrite arms of two seeds
is about 20°. The dimension of the specimen was in size of
10 × 10 × 300mm.

A Bridgman high-rate solidification (HRS) furnace
[22, 23], modified with two hot zones (upper zone and lower
zone), was used in this study. The ceramic model was
mounted on the water-cooled copper chill plate. The temper-
atures of the upper zone and lower zone were 1480°C and
1580°C, respectively. The master alloy ingot was heated to
1580°C and kept at the temperature for 5min. Subsequently,
the molten alloy was poured into the preheated mold. To
ensure the system to attain a thermal equilibrium, casting
samples were directionally solidified after 10min of the pour-
ing and pulled down in a withdrawal speed of 6mm/min.
When the temperature of the casting samples dropped to
room temperature, the ceramic shell was broken and the
bicrystal DD5 samples were taken out.

To determine the location of the grain boundary of the
bicrystal DD5, all samples were macroetched with a mixture
of HCl and H2O2 (volume ratio 5 : 1). Subsequently, the mis-
orientation of the bicrystal DD5 superalloy was examined by
the Electron Back Scattered Diffraction (EBSD) technique in
a Scanning Electron Microscope (SEM). After microetching
in a mixture of 100ml HCl, 100ml H2O, 5ml H2SO4,
and 2 g CuSO4, the dendrite structure was observed using
an optical microscope (OM). Finally, the TCP phase was
observed by a SEM. The angle of γ (needle-like TCP)

phases between two grains was measured by the analysis
software of Image-Pro Plus.

To study the element segregation of as-cast DD5, the
concentrations of each chemical element in dendrite and
interdendrite were measured three times by the Electron
Probe Micro Analyzer (EPMA). Then, the average value of
the three measurements was taken. The segregation ratio
was the average concentration of every element at dendrite
divided by that at interdendrite.

The vacuum heat treatment of the bicrystal DD5 was as
follows: 1310°C/2 h, air cooling; 1130°C/4 h, air cooling; and
900°C/16 h, air cooling. The long-term aging was 950°C for
100 h, 500 h, 1000 h, and 2000 h.

3. Results and Discussions

The cross-sectional microstructure of as-cast bicrystal DD5 is
shown in Figure 1(a). It is the typical dendritic structure of
the <001> direction in grains 1 and 2, and the “white phase”
of the interdendritic region is γ/γ′ eutectic. The white dotted
line between the two grains is the grain boundary. The angle
between the secondary dendritic arms of both sides against
the grain boundary is about 21°.

The cross-sectional microstructure of as-cast DD5 after
vacuum heat treatment is shown in Figure 1(b). In grains 1
and 2, the white channel is the γ phase and the black cube
phase is the γ′ phase. The γ/γ′ eutectic at the grain boundary
has completely disappeared, and the irregular block-like
black γ′ phases appear. It is worth noting that the direction
of the white γ phase in each grain is consistent with that of
the secondary dendrite arm in Figure 1(a), and the angle
between the two grains is about 21°. In other words, under
the condition that the [001] crystallographic orientation of
the adjacent grains is the same, the angle between the phase
channels of the adjacent grains is consistent with that
between the secondary dendritic arms of the adjacent grains.

The precise misorientation of the two grains in Figure 1 is
shown in Figure 2. The precise misorientation of the two
grains is 21°. This is in good agreement with the conclusion
obtained from Figure 1. When the [001] crystallographic ori-
entation of the adjacent grains is the same, the misorientation
of two adjacent grains is equal to the angle between the γ

Table 1: The chemical compositions of the DD5 superalloy (wt%).

Cr Co Mo W Al Ta Re Hf C Ni

7.15 7.8 1.5 5.05 6.3 6.6 3 0.15 0.022 Bal.

1 mm

Grain 1
Grain 2

(a)

Grain 1

Grain 2

21°

10 𝜇m

(b)

Figure 1: (a) Metallographic micrograph of as-cast bicrystal
specimen and (b) SEM micrograph of the microstructure after
standard heat treatment.
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phase channels of two adjacent grains and the angle between
the secondary dendritic arms of two adjacent grains.

Figure 3 presents the morphologies of the TCP phase that
precipitated in the bicrystal superalloy during long-term
aging at 950°C for 1000 h. As is shown in Figure 3(a), there
was almost no TCP phase at the grain boundary, and a large
number of needle-like TCP phases are parallel or perpendic-
ular to each other precipitate on the dendrite. The needle-like
TCP phases precipitate along the <110> crystal direction on
the {111} crystal plane, and they are parallel or perpendicular
to each other on the {001} crystal plane. In addition, the angle
between the needle-like TCP phases of two adjacent grains is
about 21°. This is consistent with the results in Figure 2.
However, the direction of the needle-like TCP phase is not
consistent with that of the γ phase channel, but at an angle

of 45°, as shown in Figure 3(b). The TCP phase is needle-like,
short rod-like, and granular, as is shown in Figure 3(b). There
are bigger MC carbides and small globular TCP phases at the
grain boundary.

Figure 4 presents the morphologies of the TCP phase that
precipitated near the grain boundaries during long-term
aging at 950°C. After aging for 100 h, there is no any TCP
phase that precipitated at the dendrites and grain boundary,
and there is a large piece of the irregular γ′ phase at the
grain boundary, as shown in Figure 4(a). After aging for
500 h, there is a small amount of needle-like TCP phases
parallel or perpendicular to each other and small granular
TCP at the dendrite, and there is no TCP phase that precip-
itated at the grain boundary, as shown in Figure 4(b). After
aging for 1000 h, a large number of needle-like TCP phases
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Figure 2: Misorientation of the as-cast bicrystal DD5 specimen measured by the line scanning of EBSD.

Grain 1

Grain 2

21°

50 𝜇m

(a)

Needle

Short rod-like

Globular 

2 𝜇m

(b)
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TCP

2 𝜇m

(c)

Figure 3: (a) SEM observation of the needle-like TCP phase in the bicrystal DD5 superalloy annealed at 950°C for 1000 h. (b) SEM
micrograph of three TCP morphologies (needle-like, short rod-like, and globular). (c) SEM micrograph of the globular TCP phase and
MC carbide at the grain boundary.
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perpendicular to each other and big granular TCP appear at
the dendrite and massive carbides begin to precipitate on the
grain boundaries, as shown in Figure 4(c). After aging for
2000 h, the needle-like TCP phase at the dendrite decom-
poses into granular and short rod-like phases, as shown in
Figure 4(d).

Figure 5 shows the morphologies of the TCP phase that
precipitated on the dendrite during long-term aging at
950°C. After aging for 100 h, there is no TCP phase that pre-
cipitated in the dendrite trunk, only the black γ′ phase and
white γ phase, as shown in Figure 5(a), which is consistent
with that of the low magnification of Figure 4(a). After aging
for 500 h, needle-like, granular, and short rod-like TCP
phases precipitate at the dendrite trunk as shown in
Figure 5(b). However, granular and short rod-like TCP
phases are too small to be seen clearly; only the needle-like
TCP phase can be seen in Figure 4(b). After aging for
1000 h, the needle-like TCP phases begin to decompose and
transform into granular and short rod-like ones, as shown
in Figure 5(c). However, at low magnification (Figure 4(c)),
granular and short rod-like TCP phases are too small to be
seen clearly; only the needle-like TCP phase can be seen.
After aging for 2000 h, as shown in Figure 5(d), almost all
needle-like TCP phases decompose into granular and short
rod-like ones, which is consistent with that of the low magni-
fication of Figure 4(d).

It can be derived from Figures 4 and 5 that with increas-
ing aging time, the TCP phase gets coarser. This phenome-
non is similar to the previous investigations [24, 25]. The
needle-like TCP phases first coarsened and then decom-
posed. The granular TCP coarsened first and then branched.

It can be inferred from Figure 4 that TCP phases prefer-
entially precipitate at the dendritic trunk, but it is difficult to
precipitate at the interdendrite/grain boundary. This is
caused by the segregation of the constituent elements of the
TCP phase. The chemical composition of the TCP phase is
made up of Cr, Mo, W, and Re. For superalloy containing
Re, the TCP phase usually has a high content of Re. The
element segregation of the as-cast DD5 superalloy is shown
in Figure 6. The segregation ratio of Re and W is 2.6 and
1.9, respectively. The segregation ratio of Cr and Mo is
0.9 and 0.8, respectively, which is close to 1. The dendritic

10 𝜇m

(a)

10 𝜇m

(b)

10 𝜇m

(c)

10 𝜇m

(d)

Figure 4: SEMmicrographs of TCP phases in the grain boundaries annealed at 950°C for different hours: (a) 100 h, (b) 500 h, (c) 1000 h, and
(d) 2000 h.

2 𝜇m
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Figure 5: SEM micrographs of TCP phases in the dendrite trunks annealed at 950°C for different hours: (a) 100 h, (b) 500 h, (c) 1000 h, and
(d) 2000 h.
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Figure 6: The element segregation of the as-cast DD5 superalloy.
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segregation of W and Re is serious, while the interdendritic
segregation of Cr and Mo is not as intense as that for W and
Re. In addition, the TCP phase contains more Re, so the
TCP phase preferentially precipitates at the dendrite trunk.

4. Conclusions

(1) When the [001] crystallographic orientation of two
adjacent grains is the same, the misorientation of
the adjacent grains is not only the angle between
the γ phase channel of two adjacent grains but also
the angle between the secondary dendrite arms of
two adjacent grains. Although the direction of the
needle-like TCP phase is not consistent with that of
the γ phase channel, but at an angle of 45°, the angle
of the needle-like TCP phase of two adjacent grains is
equal to the misorientation of two adjacent grains

(2) In the process of long-term aging, the needle-like
TCP phase gradually decomposes and transforms
into granular and short rod-like ones

(3) The TCP phases precipitate preferentially at the
dendrite, but it is difficult to precipitate at the
interdendrite/grain boundary, which is caused by
the segregation of the constituent elements of the
TCP phase to the dendrite
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In order to effectively reduce and retard corrosion of the power transmission and transformation equipment in Chengdu power
grid and to improve power supply reliability, Q235 carbon steel material which is the most widely used metal material in power
grid was selected as the targeted research object in this article. Exposure experiments were performed in urban atmospheric
environment of Chengdu city in the southwest region of China. The corrosion behavior of Q235 carbon steel material was
investigated at different seasons. The macro- and micromorphologies after corrosion were observed using a digital camera and
scanning electron microscopy (SEM), respectively. Element distribution of the rust layer and the corrosion products was
characterized by energy-dispersive spectroscopy (EDS), X-ray diffraction (XRD), and Fourier transform infrared spectroscopy
(FTIR); the corrosion mechanism was also briefly analyzed.

1. Introduction

In recent decades, with the construction scale of China’s
power transmission and transformation project becoming
larger and larger, the corrosion problem of power transmis-
sion and transformation equipment is increasingly promi-
nent, which has seriously affected safe operation of the
power grid system [1–7]. With long-term operation outdoor,
the metal components of the power transmission and trans-
formation equipment are subject to erosion and damage due
to various harsh environments and are prone to corrosion
and failure, reducing the reliability of the power transmission
and transformation equipment and generating potential
safety hazards [8–10]. For instance, the transformer radiator
in a 500 kV substation suffered corrosion perforation, result-
ing in oil leakage malfunction, which had to be replaced after

power failure. In another 220 kV substation, corrosion of the
outdoor terminal cabinet caused bad sealing and moisture in
the cabinet, which easily caused component fault and equip-
ment misoperation. Corrosion of the high-voltage discon-
necting switch at the connecting rod and gear plate parts in
a 110 kV substation caused the operating mechanism to be
jammed, and the switch could not reach the designated posi-
tion. In a 220 kV transmission line, corrosion failure of the
electric power fitting led to the conductor disconnecting or
falling, causing power outage accidents.

Chengdu is a megacity in the southwest region of China
with a population of 16.04 million and an area of 14,600
square kilometers. For Chengdu power grid, there are 410
substations above 35 kV with a total substation capacity of
61.76 million kVA, and there are 8808 km of transmission
lines above 35 kV. Chengdu has a humid and rainy climate
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with the annual average temperature of 16.6°C and the annual
average relative humidity of 81%; also, its annual average
rainfall is 966.9mm [11]. In addition, the air environment in
Chengdu has been seriously polluted in recent years; the
major pollutants include SO2, NO2, O3, CO, PM10, and
PM2.5 [12]. Both the climatic and environmental factors will
accelerate the corrosion rate of the metal materials. The inter-
action of various factors influencing corrosion is complex,
reflecting dynamic and evolutive characteristics for the corro-
sion of the metal materials. The diversity of the atmospheric
pollutants also leads to difference in the corrosion layer. How-
ever, corrosion studies concerning themetal materials used in
power grid in the specific atmospheric environment of
Chengdu city are very scarce. Thus, it is essential to investigate
the corrosion behavior of the metal materials in Chengdu
atmospheric environment, which is very important to guaran-
tee safe operation of the power transmission and transforma-
tion equipment in Chengdu power grid.

In this study, on the basis of rainy, high-humidity, and
high-acidic pollution characteristics of the atmospheric cor-
rosion environment in Chengdu, the corrosion behavior
and regularity of Q235 carbon steel material which has been
widely used in power transmission and transformation
projects were evaluated after long-term exposure to ambient
air. In particular, formation and evolution mechanism of the
corrosion layer of Q235 carbon steel at different exposure
stages were researched. The findings obtained in this study
will be helpful to develop targeted corrosion protection strat-
egy for urban atmospheric environment in Chengdu, for the
purpose of effectively controlling corrosion and ensuring safe
and stable operation of Chengdu power grid.

2. Materials and Methods

2.1. Materials and Sample Preparation. Q235 carbon steel
material was selected for corrosion tests in this study. Q235
carbon steel material was one of the most widely used metal-
lic materials in power transmission and transformation pro-
jects. The chemical composition of Q235 carbon steel is
shown in Table 1.

All the Q235 carbon steel samples used in atmospheric
exposure experiments were cut to 100mm × 50mm × 3mm
by wire electrode cutting. Then, they were ground by
machinery grinding to 800-grit smooth surface. The surface
oil was cleaned by an ultrasonic cleaner in anhydrous alco-
hol, and then, the specimens were dried with a blow dryer
and stored in a drying vessel.

2.2. Exposure Experiments. The atmospheric exposure exper-
iments were undertaken at Chengdu atmospheric corrosion
station of China. The prepared Q235 carbon steel specimens
were installed on a test rack with an inclination angle of 45°

and exposed to ambient air, horizontal to the sky and facing
south, where they were exposed for one year (from Nov 2016
to Nov 2017). The environmental parameters such as tem-
perature, relative humidity, rainfall precipitation, pH value
of rainfall, SO2 concentration, and Cl- settling rate during
the atmospheric exposure tests in Chengdu are listed in
Table 2.

Q235 carbon steel specimens were collected each time
after exposure to ambient air for consecutive 15, 30, 90,
180, and 365 days, respectively. They were used to analyze
the corrosion process, corrosion morphology, and rust layer
products.

2.3. Macroscopic Corrosion Morphology Observation. Using a
digital camera (Canon, PowerShot SX700 HS) to take macro-
scopic pictures of the Q235 carbon steel specimens after 15,
30, 90, 180, and 365 days of exposure in Chengdu atmo-
spheric environment, the macroscopic corrosion morphol-
ogies were observed.

2.4. Scanning Electron Microscope and Element Analysis.
The microstructures and the cross-section morphologies
of the Q235 carbon steel specimens were observed by SEM
(Hitachi, SU3500). Energy-dispersive spectroscopy (EDS,
Hitachi) was used to determine the elements of the corrosion
products.

2.5. Corrosion Product Analysis. The crystalline phase of the
rust layer was identified using a powder X-ray diffractometer
(XRD, Empyrean). The rust layer was removed from the
specimen and fully ground in an agate mortar body with
5μm particle size. The 2 theta angle was 10°~90°. The results
of XRD were analyzed by Jade 6.0 software.

2.6. FTIR Analysis. The composition of the rust layer was
analyzed by Fourier transform infrared spectroscopy (FTIR)
on a Nicolet 6700 FTIR spectrophotometer (Nicolet, USA)
between 4000 and 500 cm−1 with a resolution of 2 cm−1.

3. Results and Discussion

3.1. Macroscopic Corrosion Morphology. Q235 carbon steel
specimens were exposed in Chengdu atmospheric environ-
ment for 15, 30, 90, 180, and 365 days, respectively. The cor-
rosion weight loss after 365 days of exposure was 17.42μm/a.
The retrieval samples were photographed with a digital cam-
era. Figure 1 shows the macroscopic corrosion morphologies
of the Q235 carbon steel samples with different exposure
time in Chengdu station. Figures 1(a)–1(e) represent the cor-
rosion morphologies on the front sides of the specimens at
different exposure time, while Figures 1(a′)–1(e′) represent
the corrosion morphologies on the back sides of the speci-
mens at different exposure time. When the Q235 carbon steel
material was exposed for 15 days, most region of the speci-
men on the front side had been overlaid by a rust layer as
shown in Figure 1(a); part of the substrate metal was still
bared; the surface appeared to have uneven brown color.
Figure 1(a′) shows the corrosion morphology of the Q235
carbon steel specimen on the back side; the corrosion degree
of the back side was far lower than that of the front side; there

Table 1: Chemical composition of Q235 carbon steel.

Chemical composition (wt%)

Element C Si Mn S P Fe

wt% 0.16 0.20 0.61 0.023 0.0019 Balance
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were few rust spots; most region of the substrate metal was
still naked. After exposure for 30 days, Figure 1(b) displays
the corrosion morphology on the front side of the specimen;
the area of the rust layer continued to expand; it could be
found that bared substrate metal decreased significantly. At
the same time, on the back side of the specimen shown in
Figure 1(b′), the number of the rust spots increased and the
region of the rust layer was enlarged; however, the corrosion
degree of the back side was still much lower than that of the
front side. When the Q235 carbon steel specimen was
exposed for 90 days, Figure 1(c) exhibits that the front side
of the specimen had been completely covered by the brown
rust layer and the outer rust layer was loose. Figure 1(c′)
shows the back-side morphology of the specimen; the num-
ber of the rust spots was obviously increasing and intensive,
but they had not completely covered the substrate metal. At
the exposure time of 180 days, the front side of the specimen
presented a homogeneous brown rust layer, and compared

with the early exposure periods, the rust layer was becoming
denser (Figure 1(d)). Figure 1(d′) presents that the corrosion
degree of the back side of the specimen continued to grow;
the rust layer had almost completely covered the substrate
metal; only a small amount of substrate metal remained
uncovered. When the Q235 carbon steel specimen was
exposed for 365 days, Figure 1(e) shows that the front side
of the specimen appeared dark brown color and demon-
strated a compact rust layer. In Figure 1(e′), the corrosion
degree of the back side of the specimen had been significantly
increased compared with that of 180 days, the rust layer pre-
sented reddish brown color, and its outer rust layer was more
loose than that of the front side. Through the morphological
observation from the macroscopic angle, in the earlier expo-
sure periods of 15 days~180 days, the corrosion degree of the
Q235 carbon steel specimen on the front side was more seri-
ous than that on the back side. This is because the corrosion
on the front side of the specimen was mainly caused by rain

Table 2: The environmental parameters during the atmospheric exposure test in Chengdu.

Place
Temperature

(°C)
Relative humidity

(%)
Rainfall precipitation

(mm/a)
pH value of
rainfall

SO2 concentration
(μg/m3)

Cl- settling rate
(mg/m2/d)

Chengdu city 16.6 81 966.9 6.4 11.3 0.37

(a) (b) (c) (d) (e)

(a’) (b’) (c’) (d’) (e’)

(a) (b) (c) (d) (e)

Figure 1: Macroscopic corrosion morphologies of the Q235 carbon steel specimens with different exposure time in Chengdu station: (a) 15
days on the front side, (a′) 15 days on the back side, (b) 30 days on the front side, (b′) 30 days on the back side, (c) 90 days on the front side,
(c′) 90 days on the back side, (d) 180 days on the front side, (d′) 180 days on the back side, (e) 365 days on the front side, and (e′) 365 days on
the back side.
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water, condensation, and moist atmosphere. However, on the
back side of the specimen, the rain water and condensation
were difficult to attach, so its corrosion was principally
caused by moist atmosphere. In the later exposure period
of 365 days, the front side of the specimen had formed a
relatively dense rust layer, moisture was not easily to per-
meate, so the corrosion growth slowed down. While the
back side of the specimen was covered by a relatively loose
rust layer, moisture could be easily permeated through the
outer rust layer, so the corrosion continued to grow. In
addition to exposure time, season also affected the corrosion
process. The initial 15 days and 30 days were in winter, with
less rainfall and low humidity, and led to low corrosion
degree. 90 days of exposure was in spring; the corrosion
degree was higher than that in winter. 180~365 days were
in summer and autumn, with the most rain and the highest
corrosion degree.

3.2. Microscopic Corrosion Morphology. SEM was performed
to observe the surface microscopic corrosion morphologies
of the Q235 carbon steel samples with different exposure
time in Chengdu station; the results are shown in Figure 2.
Figures 2(a)–2(f) represent the front-side surface morphol-
ogies of the Q235 carbon steel samples exposed for 15, 30,
90, 180, and 365 days, respectively. The SEM magnifications
were all set as 500 times.

It can be observed from Figure 2(a) that the Q235 carbon
steel specimen before exposure showed a striated surface
after magnification, which was due to the surface polishing
to the substrate metal. When the Q235 carbon steel sample
was exposed for 15 days, several circular areas in Figure 2(b)
were local corrosion points, where the corrosion products
were composed of spherical particles with different sizes,
and the remaining striated region was the uncorroded
substrate metal. After 30 days of exposure as reflected in

(a) (b)

(c) (d)

(e) (f)

Figure 2: Microscopic corrosionmorphologies of the Q235 carbon steel specimens with different exposure time in Chengdu station: (a) 0 day,
(b) 15 days, (c) 30 days, (d) 90 days, (e) 180 days, and (f) 365 days.
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Figure 2(c), the corrosion area continued to increase, and the
surface topography was uneven. The corrosion products
were dominated by spherical and irregular particles. When
the Q235 carbon steel specimen was exposed for 90 days,
Figure 2(d) exhibits that most areas of the substrate metal
were covered by the corrosion products with further expan-
sion of the corrosion area, and the surface topography was
uneven. A number of vesicular structures in different sizes
could be observed; part of them were damaged; spherical,
rod-like, and needle-like corrosion products could be seen
under the damaged surface. At the exposure time of 180 days,
Figure 2(e) reveals that the corrosion products of the Q235
carbon steel were composed of a large number of rod-like
and spherical particles; rod-like and spherical particles aggre-
gated into clusters; clusters of the corrosion products were
loose and porous; also, they were more conducive to water
adsorption, which could accelerate the corrosion rate of the

carbon steel. When the Q235 carbon steel sample was
exposed for 365 days, Figure 2(f) demonstrates that most of
the corrosion product particles had joined together to form
layered corrosion products; few spherical particles remained
closely connected; the surface of the rust layer appeared com-
pact and smooth, but there were still cracks on it.

3.3. Microscopic Corrosion Morphology in the Section View.
Figure 3 shows the microscopic corrosion morphologies of
the Q235 carbon steel samples in the section view, which
were exposed in Chengdu atmospheric environment for 0,
15, 30, 90, 180, and 365 days, respectively. The SEM magni-
fications were all set as 2000 times. For all the figures, the
under part was the carbon steel substrate, and the upper part
was the rust layer. As can be seen from Figure 3, the corro-
sion depth of the Q235 carbon steel specimen increased with
the exposure time growth. As shown in Figure 3(b), at the

(a) (b)

(c) (d)

(e) (f)

Figure 3: Microscopic corrosion morphologies of the Q235 carbon steel specimens in section view with different exposure time in Chengdu
station: (a) 0 day, (b) 15 days, (c) 30 days, (d) 90 days, (e) 180 days, and (f) 365 days.

5Scanning



early exposure period of 15 days, the rust layer thickness of
the Q235 carbon steel specimen was small. Also, the rust
layer was uneven, the largest corrosion depth reached
12.1μm, and the minimum corrosion depth was 7.0μm.
When the Q235 carbon steel material was exposed for 30
days, the rust layer thickness was higher with the exposure
days increasing, the corrosion thickness was between
11.2μm and 26.0μm, and the rust layer thickness was
uneven, as shown in Figure 3(c). There also exist granular
corrosion products of different sizes in the rust layer, which
were consistent with the results of the uneven surface mor-
phology and granular corrosion products with different sizes
observed in Figure 2(c). At the exposure time of 90 days as
reflected in Figure 3(d), the rust layer thickness was between
11.6μm and 14.9μm, which was smaller than that of 30 days.
Also, the fluctuation of the rust layer thickness gradually
became smaller. This is because most parts of the substrate
metal were covered by the corrosion products, and the loose
corrosion products on the surface had gradually fallen off.
When the Q235 carbon steel material was exposed for 180
days, Figure 3(e) shows that the thickness of the rust layer
was further increased, with a range of 13.6~18.1μm; also,
the corrosion products of spherical and rod-like particles
could be observed, which was consistent with the observation
of the surface morphology of the rust layer in Figure 2(e).
Figure 3(f) exhibits the cross-section morphology of the
Q235 carbon steel sample exposed for 365 days. As can be
seen, the rust layer was thickening apparently with the depth
of 28.5~29.4μm, which was fairly even. Besides, the surface
of the rust layer was relatively dense, and the bottom of the
rust layer was relatively loose with granular corrosion
products.

3.4. XRD Analysis. For the samples of Q235 carbon steel
exposed after different stages in Chengdu station, the surface
rust residue was scraped for XRD analysis; the XRD results
can be seen in Figure 4. When the Q235 carbon steel material
was exposed in the atmospheric environment of Chengdu
city for 15 days, the corrosion products mainly contained
γ-FeOOH, α-FeOOH, Fe(OH)3, γ-Fe2O3, and FeSO4·nH2O.

At this time, the diffraction peak of α-FeOOH was not obvi-
ous, which indicated that there was little corrosion product of
α-FeOOH. For the exposure time of 30 days, the corrosion
products were the same as those of 15 days; the peak intensi-
ties of all the products increased, demonstrating that the con-
tent of all the corrosion products increased. In particular, the
increasing strengths of the peaks corresponding to γ-FeOOH
and α-FeOOH were more obvious, showing that the contents
of the corrosion products γ-FeOOH and α-FeOOH increased
considerably. For the corrosion products of 90 days of expo-
sure time and 180 days of exposure time, Fe3O4 was found in
the corrosion products; the peak intensities of α-FeOOH and
γ-Fe2O3 were also enhanced. When the Q235 carbon steel
specimen was exposed for 365 days, the corrosion products
mainly contained γ-FeOOH, α-FeOOH, Fe(OH)3, γ-Fe2O3,
Fe3O4, and FeSO4·nH2O. Compared with the previous corro-
sion periods, the peak strength of the γ-FeOOH decreased,
indicating that the content of the unstable corrosion product
γ-FeOOH was reduced. However, the peak strengths of α-
FeOOH, γ-Fe2O3, and Fe3O4 increased significantly, showing
that the contents of the stable corrosion products α-FeOOH,
γ-Fe2O3, and Fe3O4 became more.

Through analysis on the mechanism of chemical reaction
in the process of atmospheric corrosion of carbon steel, at the
initial stage of exposure, the corrosion reaction process of
carbon steel was as follows:

Anode process : Fe⟶ Fe2+ + 2e‐ ð1Þ

Cathode process : O2 + 2H2O + 4e− ⟶ 4OH− ð2Þ
OH- combined with Fe2+ to form Fe(OH)2:

Fe2+ + 2OH− ⟶ Fe OHð Þ2 ð3Þ

Fe(OH)2 was not stable and was gradually oxidized to
FeOOH by O2 dissolved in the electrolyte solution:

4Fe OHð Þ2 + O2 ⟶ 4FeOOH + 2H2O ð4Þ
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Figure 4: XRD spectra of the corrosion products of the Q235 carbon steel samples exposed at different periods in Chengdu station:
(a) γ-FeOOH, (b) α-FeOOH, (c) Fe(OH)3, (d) Fe3O4, (e) γ-Fe2O3, and (f) FeSO4·nH2O.
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When the complete rust layer was formed on the sur-
face of carbon steel, the corrosion reaction process was as
follows:

Anode process : Fe⟶ Fe2+ + 2e‐ ð5Þ

Cathode process : Fe2+ + 8FeOOH + 2e− ⟶ 3Fe3O4
+ 4H2O

ð6Þ

Among the corrosion products through XRD analysis,
γ-FeOOH was a kind of volatile corrosion product; also, it
was the main component of the rust layer in the early corro-
sion stage of carbon steel material. It could dehydrate to form
γ-Fe2O3. However, after long-term exposure, it could trans-
form into Fe3O4 with more thermodynamic stability. Fe3O4
could be oxidized to α-FeOOH under the function of oxygen,
α-FeOOH was a relatively stable corrosion product, and its
grain was finer than that of γ-FeOOH. With the content of
α-FeOOH increasing, the stability of the rust layer was
enhanced, so the rust layer with longer exposure time was
denser. The colloidal hydroxide Fe(OH)3 contained a certain
amount of crystal water; it could be dehydrated to form
FeOOH or Fe2O3 under certain conditions. The formation
of FeSO4·nH2O came from the adsorption of SO2 in the
atmosphere; it deposited on the surface of the wet rust layer
and then reacted with Fe.

3.5. EDS Analysis. EDS surface scanning and element analysis
were performed on the Q235 carbon steel samples after being
exposed in Chengdu atmospheric environment for 15, 30, 90,

180, and 365 days, respectively. The EDS results are shown in
Table 3; the rust layers with different exposure time had the
main constituent elements of Fe and O. So the principal
corrosion products of Q235 carbon steel material exposed
in Chengdu station were the compounds containing Fe
and O, which was consistent with the XRD analysis results
of the corrosion products: γ-FeOOH, α-FeOOH, Fe3O4, and
Fe2O3. At the same time, the rust layer also contained trace
S, Cl, and N elements. The S element might be derived from
SO2 or sulfate deposited in the atmospheric environment, N
elements might come from NO or NO2 pollution, and Cl
elements might come from chlorine ion pollution in the
atmospheric environment.

3.6. FTIR Analysis. FTIR spectra of the corrosion products of
the Q235 carbon steel samples exposed at different periods in
Chengdu station are shown in Figure 5. From the infrared
spectra of Figure 5, it could be seen that the characteristics
peaks at 1144 cm-1, 1021 cm-1, and 745 cm-1 corresponded
to the characteristic absorption of γ-FeOOH, illustrating that
one kind of the corrosion products was γ-FeOOH. There was
a strong absorption peak in the absorption band near
1630 cm-1, because it was the curved vibration characteristic
peak of -OH, indicating that there was a large amount of
crystal water in the corrosion products. In addition, it
can be seen that the characteristic absorption peak of the
α-FeOOH at 798 cm-1 was gradually reflected with the expo-
sure time increasing, indicating that in the later exposure
time of 180 days and 365 days, γ-FeOOH started to trans-
form to α-FeOOH gradually.

Table 3: EDS component analysis of the element weight percentage (wt%) with different exposure time.

Element (wt%) 15 days 30 days 90 days 180 days 365 days

C 10.01 12.08 10.59 6.43 11.67

N 5.16 5.44 5.57 4.66 5.06

O 37.37 35.1 35 34.96 36.2

S 0.23 0.05 0.12 0.07 0.15

Cl 0.07 0 0.1 0.07 0.1

Fe 47.16 47.33 48.62 53.8 46.83
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Figure 5: FTIR spectra of the corrosion products of the Q235 carbon steel samples exposed at different periods in Chengdu station.
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Among various hydroxyl oxides of iron, the electrochem-
ical stability of α-FeOOH was the best, while other corrosion
products such as β-FeOOH, γ-FeOOH, δ-FeOOH, and
amorphous phase all had electrochemical activity, which
were easy to be reduced. Hence, it had definite protective
effect on the rust layer after the occurrence of α-FeOOH
in the rust layer. When the Q235 carbon steel samples
were exposed in high-humid atmospheric environment of
Chengdu for 365 days, plenty of γ-FeOOH were formed.
However, there was not a large number of corrosion product
α-FeOOH detected in the rust layer because the corrosion
time is not long enough. The results indicated that although
the Q235 carbon steel specimen had formed a dense rust layer
on the surface, its rust layer still showed the existence of elec-
trochemical instability. Comprehensive analysis of the results
of XRD and FTIR revealed that the corrosion products of
Q235 carbon steel material exposed in Chengdu atmospheric
environment for 365 days mainly contained γ-FeOOH,
Fe(OH)3, Fe3O4, and a small amount of α-FeOOH; also, a
lot of water of crystallization exists in the corrosion products.
Furthermore, with the growth of the exposure time, γ-FeOOH
began to transform to α-FeOOH, so the electrochemical
stability of the rust layer tended to increase.

4. Conclusions

(1) In the corrosion process of Q235 carbon steel mate-
rial, the degree of corrosion on the front side was
much greater than that on the back side. With expo-
sure time increasing, the area of the rust layer
expanded and the rust layer gradually became thicker

(2) With exposure time increasing, the surface micro-
scopic corrosion morphologies changed from irregu-
lar particles and vesicle structures to rod-shaped and
spherical particles and loose clusters. Finally, the cor-
rosion products connected to the layered structure,
and the surface rust layer was obviously dense and flat

(3) The corrosion products were mainly composed of
γ-FeOOH, α-FeOOH, Fe(OH)3, γ-Fe2O3, Fe3O4,
and FeSO4·nH2O. In the later exposure periods, the
proportions of α-FeOOH, γ-Fe2O3, and Fe3O4 were
increased
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