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The main topic of the meeting in Aachen of the work-
ing groups “Textures and Anisotropy” of the French and
German Metallurgy and Materials Societies was “Texture
and processing.” Indeed, the crystallographic texture and
microstructure, which closely depend on the processing
route and chemistry of materials, determine their physical
and mechanical properties.

At the macroscopic scale, texture and microstructure
until the final product are tightly linked to the successive
steps of the processing route, that is, solidification, hot work-
ing (forging, rolling, etc.), classical cold working or severe
deformation, heat treatments, recrystallization annealing. In
fact, texture and microstructure comprise grain size and
shape, the spatial distribution of the actual phases, the spatial
distribution of grain orientations which is described by the
orientation density function, the spatial distribution of grain
misorientations which is associated with the nature of grain
boundaries.

At the microscopic scale, the main physical mechanisms
occurring throughout the processing route are the following.

(i) The first mechanism is crystallization from a noncrys-
talline state generally starting from the liquid state: during
this solidification step, large columnar grains, with a 〈100〉
direction for cubic materials, develop perpendicular to the
ingot or slab surface, except when a strong electromagnetic
mixing is operating. All the final microstructures and
textures will obviously be affected by this first solidification
stage; however, phase transformations can dramatically
change the textures by randomization or by creating a
new texture (transformation texture) according to Burgers
relations, for instance.

(ii) The second mechanism is precipitation and/or phase
transformations by diffusion and/or martensitic transforma-
tion during hot working or heat treatments.

(iii) The third mechanism is slip and dynamic recrys-
tallization during hot working, slip, and/or twinning during
cold deformation.

(iv) The fourth mechanism is primary recrystallization
during annealing of the cold worked state as well as normal
and abnormal grain growth.

(v) The fifth mechanism is rigid body rotation of
particles, due to mechanical, electrical, or magnetic forces.

The studies of crystallographic texture primarily deal
with metals, including intermetallics, but also ceramics,
geological materials, and some organic materials such as
polymers. The crystallographic texture and the related
grain boundary distribution affect the intragranular and
intergranular properties, respectively.

At the intragranular scale, the presence of preferred
orientations is at the origin of the anisotropic behavior of
structural materials such as earing during deep drawing of
cans or ridging during sheet forming of ferritic steels. This
plastic anisotropy can be described by various anisotropy
coefficients. In order to control plastic anisotropy, online
texture determination equipment is in use, with a low
resolution which is, however, sufficient to give a reasonable
approximation of the low-order anisotropy coefficients.

The presence of texture can also play an important role
for in-service properties of functional materials. Remark-
able examples are cladding tubes for nuclear fuel, high
temperature superconductors, ceramic substrates, magnetic
properties of thin films, or of Fe-3%Si electrical steels used
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in transformer cores. However, the behavior of textured
materials can be inhomogeneous if the spatial distribution
of grain orientations is not random. For instance, the
presence of grain clusters of similar orientation which can
be compared to coarse grains or a single crystal embedded
in a fine grain matrix is totally unacceptable for the fatigue
resistance or toughness.

At the intergranular scale, the spatial distribution of the
nature of grain boundaries affects important properties such
as stress corrosion resistance, especially if percolation of
a given grain boundary type sensitive to embrittlement is
observed. Moreover, grain boundaries obviously play a major
role in primary recrystallization and grain growth.

In conclusion, it is evident that the control of texture
and microstructure represents a scientific and industrial
challenge of prime importance to predict and optimize
material properties, challenge on which the German and
French “Texture and Anisotropy” groups are working.

Werner Skrotzki
Günter Gottstein

Claude Esling
Richard Penelle
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A newly developed laser powered heating stage for commercial SEMs in combination with automated established electron
backscatter diffraction (EBSD) data acquisition is presented. This novel experimental setup can be used to achieve more informa-
tion about microstructure and orientation changes during grain growth, recrystallization, recovery, and phase transformations.
First results on the α-γ-α phase transformation in steel within 886◦C–900◦C are presented.

Copyright © 2008 I. Lischewski et al. This is an open access article distributed under the Creative Commons Attribution License,
which permits unrestricted use, distribution, and reproduction in any medium, provided the original work is properly cited.

1. INTRODUCTION

Most investigations into microstructure and texture evolu-
tion are limited to postmortem analysis. Due to this limita-
tion, there is a need for experimental setups permitting the
in situ observation of microstructural changes of polycrys-
talline materials. Besides in situ deformation, the main fo-
cus lies on the in situ observation of temperature-influenced
processes like grain growth, recrystallization, recovery, and
phase transformations. An example is the α-γ-α phase trans-
formation in low-carbon steels [1–3]. The observation of this
phase transformation by using the EBSD technique is limited
to the low-temperature regime, since it is a reversible process
and cooling down instantaneously leads to a back transfor-
mation to the low-temperature phase.

Due to this fact, a new laser powered heating stage was
developed for commercial SEMs with the capacity to heat
specimens up to a temperature of 1000◦C. Data acquisition
utilizes a combination of the well-established electron back-
scatter diffraction (EBSD) technique and orientation con-
trast (OC) imaging. By using a combination of a heating
stage with the automated EBSD technique, we achieve a pow-
erful tool for in situ observations of microstructural changes
at elevated temperatures. Previous studies on annealing and
recrystallization experiments utilizing a combination of a hot
stage and automated EBSD technique were limited to tem-
peratures of about 400◦C [4]. Seward et al. performed in situ
SEM observations of the hcp-to-bcc-phase transformations

in titanium at 900◦C in a special SEM dedicated to high-
temperature EBSD measurements [5].

In this study, a novel concept of a high vacuum heating
stage utilizing the energy of an infrared diode laser as heat-
ing source is introduced. A great advantage of this approach
is the very small size, because only the sample holder is situ-
ated inside the SEM chamber and therefore no influence on
the electron beam occurs, which would lead to image drift or
distortion.

2. EXPERIMENTAL SETUP

2.1. SEM-EBSD system

In Figure 1, the whole SEM-EBSD system for the high-
temperature investigations is presented. A Jeol JSM-6100
SEM equipped with a standard eucentric goniometer
stage and a scintillator-photomultiplier secondary electron-
detector were used. The electron gun consists of a tungsten
hairpin filament. The SEM possesses a standard EBSD detec-
tor system Nordlys by HKL with a 70◦ tilted specimen stage
for EBSD analyses. The analog detector signal is then digi-
tized by a NORDIF EBSP image processor supplied by the
Hamamatsu Photonics company and finally processed by the
software Channel 5 supplied by HKL technology. The EBSD
detector contains a four-quadrant forward scatter detector
mounted around the phosphor-screen, which provides the
OC images for enhancement of the microstructure investiga-
tion by EBSD.
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Figure 1: Sketch of the experimental setup during in situ EBSD measurement.
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Figure 2: Sketch of the heating stage. (a) Isometric front view depicting the basic outer parts. (b) Cross-section of the stage interior: (1)
rear outer copper heating shield (active water cooled); (2) internal tantalum heating shield (not cooled); (3) SiC-sample holder—absorber
platelet; (4) specimen mount—tungsten clamp; (5) heating stage copper base (active water cooled); (6) optical fiber guidance; (7) goniometer
stage adapter. Overall dimensions are approximately 8.2× 3.5× 3.6 cm3.

2.2. Laser-powered heating stage

The heating stage was developed at the Institute of Physical
Metallurgy and Metal Physics of RWTH, Aachen University.
The general construction is shown schematically in Figures
2(a), 2(b) and contains three basic components. The main
body consists of a small SiC sample holder functioning as the
actual sample heater. The laser light source is a commercial
diode infrared laser. It is a continuous wave laser of 810 nm
wavelength and maximum power output of 100 W with a
stability of ±2%. The incident infrared laser light which is
emitted from an optical fiber (Figure 3) is heating the SiC
sample holder only by absorption. The specimen is finally
mounted onto the SiC sample holder by a tungsten clamp
(Figures 2(a), 2(b)(4)).

The second component is the inner heating shield
(Figure 2(b)(2)) which is not cooled and made of tantalum
sheets, for high-temperature stability. The final component
consists of the outer heating shield (Figures 2(a), 2(b)(3))
which is made of copper. The rear part of the outer heat-
ing shield and also the copper base of the heating stage
are directly cooled by an integrated water cooling circuit
(Figure 2(a)).

Thermocouple holder
SiC sample holder

Incident laser beam

Optical fiber

Figure 3: Basic principle of the laser heating stage: SiC-sample
holder is heated up by absorbing the infrared laser light of wave-
length 810 nm.

The temperatures of various attachments (EBSD-Detec-
tor, secondary electron detector, and heating stage) in the
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Figure 4: α-γ phase transformation from 897◦C to 900◦C during heating up. Thick black lines mark grain boundaries of misorientation
angles larger than 15◦; thin black lines larger than 5◦; red lines mark Σ3-twin boundaries; grey-shaded grains identify the bcc α-phase; colored
grains are the fcc γ-phase. Disorientations from K-S between 0◦ and 5◦ are marked with white lines, larger than 5◦ yellow and larger than
10◦ green lines.

SEM chamber are monitored by thermocouples for safety
reasons. Three thermocouples are used to monitor the heat-
ing stage temperature (heating shield, sample holder) and to
control the desired temperature and the heating rate. Adjust-
ment of the laser power output proceeds by an external com-
puter connected via an RS232 interface using Labview 8.0
(Figure 1). The heating stage can be operated at any tilting
angle and working distance WD down to 15 mm.

3. EXPERIMENTAL RESULTS

All experiments were conducted using the following EBSD
parameters: tilting angle 70◦, WD = 15 mm, accelerating
voltage 20 kV, aperture size 110 μm, 6–8 bands, 0.7 μm step
size, and magnification x500. The measurement of an area of
250 × 180 μm takes 45 minutes. A ferritic hot band was cold
rolled down to 80% thickness reduction in reverse manner.
After recrystallization, annealing the center part of the sam-
ple was investigated subsequently to metallographic prepa-
ration. The sample was heated up, respectively, cooled down
in 1◦C steps in the temperature range between 880◦C and

920◦C. The temperature was directly measured by a thermo-
couple placed inside the sample. The exact chemical com-
position of the investigated material is given in Table 1. All
data were collected using beam-controlled measurements
and the commercial Channel 5 software by HKL technol-
ogy.

Figures 4(a)–4(d) shows acquired EBSD data maps of
identical positions of the sample surface at four different
temperatures between 897◦C and 900◦C for the α-γ phase
transformation. The thick black lines mark the grain bound-
aries of misorientation angles larger than 15◦, the thin black
lines denote misorientations larger than 5◦, and the red lines
indicate Σ3-twin boundaries. The grey-shaded area corre-
sponds to the low-temperature bcc α-phase and the col-
ored grains are the high-temperature fcc γ-phase. The phase
boundaries between the α- and γ-phases are colored in ref-
erence to the Kurdjumov-Sachs (K-S) orientation relation-
ship [6]. Disorientations from K-S between 0◦ and 5◦ are
marked with white lines, larger than 5◦ yellow and larger than
10◦ green lines. In the following, mainly a phenomenological
view on the achieved data is given to demonstrate what kind
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Figure 5: fcc α-fiber and β-fiber orientations for different transformation steps (897◦C/5% fcc; 898◦C/13.5% fcc; 899◦C/27.5% fcc; and
900◦C/49.4% fcc).

Table 1: Chemical composition in wt% of the investigated microalloyed ferritic low-carbon steel.

C Si Mn Al N Cr V Mo Ti Nb

0.065 0.05 0.99 0.042 0.003 0.027 0.006 0.005 0.07 0.003

of information we get from high-temperature in situ EBSD
measurements.

The α-γ phase transformation can be seen to start with
nucleation and growth in the temperature range of 897◦C
(Figure 4(a)) (5% γ-phase). With increasing temperature
further growth of the already formed nuclei as well as the for-
mation of new fcc γ-nuclei occur. Besides, those new γ-grains
with twin-relationships to the already formed neighboring
fcc γ-grains appear. At 900◦C, already 50% of the area has
turned into γ-phase (Figure 4(d)). As expected from former
ex situ experiments, the nucleation sites are predominantly
at grain boundaries and triple junctions (Figures 4(a)–4(d))
[1, 2]. Further, it can be seen that the growth of the new γ-
grains is mainly homogeneous and isotropic. Also, a grain
refinement can be observed (bcc 5.3 μm, fcc 3.1 μm).

The K-S correspondence holds for the majority of the
newly formed γ-grains in relation to mostly one neighboring
bcc mother grain. Furthermore, the texture development of
the γ-phase for different stages of transformation was inves-
tigated. The result is shown in Figure 5 using the fcc α-fiber
and β-fiber. The fcc texture shows only slight changes in the
range of 5 to 50% phase transformation except for the cop-
per component on the β-fiber during the first transformation
step at 897◦C (5% fcc).

The reverse process, the γ-α-phase transformation, is
shown in Figures 6(a)–6(e). The EBSD maps reflect the mi-

crostructural evolution of the surface area between 893◦C
and 886◦C, respectively, after two complete transformation
cycles. The marking of the lines is the same as in Figure 4 ex-
cept for the colouring of the grains (now: fcc grains are in
grey, bcc grains are colored). A complete back transforma-
tion into the low-temperature bcc-α phase was observed.

In comparison to the forward transformation, the back
transformation of the newly formed α-phase occurs also by
nucleation mainly at triple junctions and its growth. The
γ-α phase transformation can be seen to start at the tem-
perature of 893◦C (Figure 6(a)) (1.4% α-phase) and is com-
pleted at 886◦C (Figure 6(e)) (99.8% α-phase). With the de-
creasing temperature, further growth of the already formed
nuclei as well as the formation of new α-bcc nuclei oc-
cur. but there are obvious differences to the α-γ phase
transformation. The main difference is the inhomogeneous
growth of the bcc grains. The white and yellow lines in-
dicate a good K-S relationship between the two phases; at
these K-S boundaries no further phase transformation was
observed (see the marked lines). The marked bcc grains
which show no significant growth during transformation
are bordered by more K-S boundaries with less devia-
tion from the perfect relationship. These bcc grains have a
good K-S relationship with two or three of the surround-
ing fcc grains, and no further growth of such grains takes
place. In contrast to the α-γ phase transformation no grain
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Figure 6: γ-α phase transformation from 893◦C to 886◦C during cooling down. The marking of the lines is the same as in Figure 4. Grey
grains are the fcc γ-phase; colored grains are the bcc α-phase. Some grains with less or without growth are marked with black circles. Some
K-S phase boundaries are marked with black arrows.

refinement occurred, rather during the γ-α phase transfor-
mation a grain coarsening (fcc 9.3 μm, bcc 24.2 μm) was ob-
served.

No textures for the γ-α phase transformation could be
calculated due to the poor grain statistics.

4. DISCUSSION

An important aspect of the α-γ-α phase transformation in
steel is the texture development and the occurrence of vari-
ant selection [3, 7, 9]. Variant selection means that during the
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phase transformation not all possible crystallographic vari-
ants are equally selected, for example, among the 24 variants
of the K-S relationship. The α-γ-α phase transformation pro-
ceeds by nucleation and growth. It is, therefore, of particular
interest which stage determines the final texture and when
and how variant selection occurs.

The results of the high-temperature in situ EBSD mea-
surements for the α-γ phase transformation demonstrate
that the nucleation of the newly formed phase occurs mainly
at triple junctions. Also, a good K-S correspondence in
relation to mostly one neighboring bcc mother grain was
found for the majority of the newly formed γ-grains. The fcc
texture changes only slightly with progressing phase transfor-
mation for a transformation fraction of 5 to 50% except for
the copper component on the β-fiber during the first trans-
formation step at 897◦C (5% fcc). The observed deviation
of the fcc texture at low transformed volume fraction (5%
fcc) is likely due to insufficient statistics because in this case
only 123 grains could be investigated. Otherwise, the results
show that the fcc transformation texture does not signifi-
cantly change with progressing transformation. From this re-
sult we can conclude that the developed austenite texture is
essentially determined by nucleation, that is, variant selec-
tion takes place at the nucleation stage.

During the γ-α phase transformation, the nucleation oc-
curs also mainly at triple junctions and large ferrite grains
develop. In contrast to the α-γ phase transformation, sev-
eral ferrite grains exhibit a good K-S relationship not only
to one but two or three of the surrounding austenite grains,
and virtually no growth of such grains takes place. Therefore,
the microstructure during the γ-α phase transformation con-
sists of small bcc grains surrounded by K-S boundaries and
large bcc grains with less K-S boundaries. Some of the small
bcc grains develop an elongated shape during the γ-α phase
transformation. This can be attributed to the fact that the
phase transformation to ferrite is only feasible in a direction
free of K-S boundaries (see Grain A).

This effect of the K-S phase boundaries during the γ-
α phase transformation was noticed also for the α-γ phase
transformation, but was not as obvious as during the back
transformation. This is associated with faster growth kinetics
of the bcc grains during back transformation, by which the
difference between the K-S and non-K-S phase boundaries
becomes more pronounced and which also leads to a coars-
ening of the ferrite grains. Because of the poor grain statistics
no bcc texture could be calculated for the γ-α phase transfor-
mation.

The circumstance that an fcc grain has mostly one
mother grain (good K-S matching) and a newly nucleated
bcc grain, very often more than one K-S neighbor, can be as-
sociated with the so-called texture memory effect and the nu-
cleation rate. From previous investigations it is known that a
texture memory effect occurs during the α-γ-α phase trans-
formation cycle [3, 7–9]. This means that the bcc textures
prior and subsequent to this transformation are compara-
ble, apparently because a bcc grain transformed into an fcc
grain by using one specific out of 24 K-S variants. During
back transformation of the fcc grain, the same variant seems
to be preferred which leads to the same bcc orientation as

prior to transformation. If we assume that the nucleation rate
during the γ-α phase transformation is smaller than the α-γ
phase transformation, the following (extreme) case is possi-
ble. A bcc grain possesses three fcc grains with a good K-S re-
lationship during the α-γ phase transformation. During back
transformation at one of these three fcc grains which possi-
bly share a triple junction, a new bcc grain nucleates with the
same variant as before. If this bcc grain nucleates inside the
triple junction, it will be surrounded only by K-S boundaries.
In case of a small nucleation rate for the γ-α phase trans-
formation, this bcc grain will be “isolated” in a subsequent
transformation cycle, and the new fcc grains which nucle-
ate with a K-S relationship at this bcc grain will have a K-S
boundary only to this grain.

5. SUMMARY

A new laser-induced heating stage for commercial SEMs is
introduced with the capacity to heat specimens to a tempera-
ture of 1000◦C whilst acquiring microstructural and crystal-
lographic data by means of the EBSD technique. The in situ
investigations into the high-temperature α-γ-α phase trans-
formation in a microalloyed low-carbon steel demonstrate
the excellent performance of this laser powered heating stage
and its potential for other high-temperature applications.
The following first results are presented.

(i) Nucleation was observed mainly at triple junctions.
(ii) The austenite texture is determined by nucleation.

(iii) The microstructure development during the γ-α phase
transformation is inhomogeneous.

(iv) The growth kinetics during the γ-α phase transforma-
tion is faster than the α-γ transformation.

(v) The mobility of the transformation front depends on
its proximity to a K-S relationship.
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1. INTRODUCTION

As finished products, industrially manufactured nonoriented
electrical steels are single-phase ferrite polycrystalline mate-
rials. A macroscopic volume of such a material contains
an aggregate of a large number of microscopically small
granular crystallites. Each of the individual grains in the
polycrystalline aggregate displays a specific orien tation with
respect to an external reference frame. In general, these
grains are not randomly oriented, but a preference for
certain orientations may be present. In this case, the material
exhibits a specific crystallographic texture. On the other
hand, when the grains are oriented in an arbitrary manner,
the material is textureless or displays a random texture.

Each individual crystal orientation is characterized by
the orientation relation between the sample and the crystal
reference frame. The sample reference frame is a right-
handed orthonormal (xs, ys, zs) coordinate system which
coincides with the RD, TD, and ND directions of the rolled
sheet (rolling, transverse, and normal direction, resp.). The
crystal reference frame is also a right-handed orthonormal

coordinate system which is attached to the 〈100〉 directions
of the cubic crystal lattice. The orientation relation between
crystal and sample reference system is uniquely determined
by the three Euler angles ϕ1, Φ, ϕ2. These angles define three
consecutive rotations which must be carried out according
to the schedule of Figure 1 in which the Bunge convention is
adopted [1]. By executing these three rotations, the sample
reference system is brought to coincidence with the crystal
reference system.

For each of the grains present in the polycrystalline
material, its orientation can be uniquely specified by means
of these three Euler angles. Each set of three Euler angles
(ϕ1, Φ, ϕ2) determines the coordinate of a point in the ori-
entation space which is defined in the usual Euclidean way
by the three orthogonal axes corresponding to the three
Euler angles, (cf., Figure 2). Imagine that for each volume
element of a material, it would be possible to determine
precisely its crystallographic orientation. Then, each volume
element would be represented by a specific point in Euler
space (cf., Figure 2). In case that the material displays a
certain texture, these representation points exhibit a specific
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Figure 1: Definition of the Euler angles according to the Bunge
notations. The set of three Euler angles (ϕ1, Φ, ϕ2) uniquely de-
termines the correspondence between the sample reference (xs, ys,
zs) and the crystal reference frame (xc, yc, zc).
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Figure 2: Representation of individual orientations in Euler space
jointly representing a specific distribution which characterizes the
crystallographic texture of the material.

distribution which characterizes the orientation distribution
function (ODF):

f (g)dg = dV

V
(1)

with dV/V = the volume fraction of material represented by
an infinitesimal orientation element dg around an arbitrary
orientation g. This ODF is a three-dimensional distribution
function which contains the entire texture information of the
material under consideration.

Due to intrinsic symmetry properties of rolled sheet
material such as nonoriented (NO) electrical steels, the
domain of the ODF can be resitricted to the following
subspace 0 < (ϕ1, Φ, ϕ2) < 90 deg. Moreover, due to a for-
tunate coincidence, almost all texture components which
are observed in cold rolled or annealed sheet steel are
represented in the ϕ2 = 45 deg section of Euler space. There-

H (001)[110] C (001)[010] H (001)[110]

α fibre θ fibre

γ fibre

J (114)[110]

(112)[110]

(223)[110]

I

(111)[110] (111)[121]

F
E

(110)[110]L (110)[001]G

E ’(111)[011]
F’

(111)[112]

(554)[225]T∗

Figure 3: Characteristic ϕ2 = 45 deg section of Euler space which
represents the most common rolling and recrystallization comp-
onents of low-carbon steels. The α, γ, and θ fibres represent groups
of orientations for which 〈110〉//RD, 〈111〉//ND, and 〈001〉//ND,
respectively. C = cube {001}〈100〉, H = rotated cube {001}〈110〉, G
= Goss component {110}〈001〉.

fore, the ODF of a low-carbon steel sheet is most commonly
depicted by this section only. Figure 3 shows the charac-
teristic texture components which are represented in the
ϕ2 = 45 deg section. They are mainly the cube ({001}〈001〉),
the rotated cube ({001}〈110〉), and the Goss ({110}〈001〉)
components which are of importance for magnetic appli-
cations. Apart from individual texture components also
fibre components are displayed. These fibre components
represent a group of orientations for which one crystal
direction corresponds to a specific sample direction. The
most important fibres are the α, γ, and θ fibres for which
〈110〉//RD, 〈111〉//ND, and 〈001〉//ND, respectively.

2. EVALUATION OF THE MAGNETIC QUALITY
OF A TEXTURE

When one wants to investigate the effect of texture on the
magnetic properties of electrical steel, reliable quantitative
parameters are required to characterize both the dependent
and the independent variables, that is, magnetic properties
and texture, respectively. With regard to the magnetic prop-
erties, the usual quantitative features can be employed such
as the core losses, the permeability, the coercive field, the
remnant induction, and other characteristics of the hysteresis
curve. With regard to the texture, one must take into account
the physical fact that the 〈100〉 directions are the directions
of easy magnetization of a Fe-single crystal [2]. The Fe-
single crystal magnetization curves show that optimum soft
magnetic properties are obtained when the external field is
applied in the 〈100〉 direction. Therefore, the ideal texture
of a soft iron core is the one that maximizes the density of
〈100〉 crystal directions parallel to the flux lines of magnetic
induction. Because in rotating applications the flux lines
are nearly isotropically distributed in the laminated sheets,
the ideal texture is the one that maximizes the incidence
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Figure 4: definition of the Aθ(g) parameter as the minimum angle
between the direction of the magnetization vector M and the nearest
〈100〉 direction of the crystal.

of 〈100〉 directions in the plane of the sheet. This is not
the well-known Goss component ({110}〈001〉) which is
usually observed in grain-oriented steels [3], but rather the
orientations of the cube fibre for which the {001} planes are
parallel to the rolling plane. The latter texture components
display two coplanar 〈100〉 directions in the plane of the
sheet, whereas the former component only delivers one 〈100〉
direction to the lamellar plane.

In order to quantify the magnetic quality of an arbitrary
NO steel texture, a precise parameter is defined which can
be derived from the ODF. For every arbitrary crystal ori-
entation g, the angle A(g) can be determined which is the
minimum angle between the direction of the magnetization
vector M and the closest 〈100〉 direction (out of 3 symmetric
equivalent 〈100〉 directions), compared to (cf., Figure 4).
The texture parameter Aθ is defined as the orientation-
averaged value of A(g), taking into account the volume
fraction of each texture component, for an arbitrary mag-
netic field direction θ. This orientation weighted average
value can be very elegantly expressed by the convolution
integral of Aθ(g) and the ODF f (g),

Aθ =
∫
f (g)Aθ(g)dg. (2)

The value ofAθ is confined to the range (0−54.7deg). The
lower limit corresponds to the case of a single component
texture in which one of the 〈100〉 directions of the crystal
lattice corresponds to the magnetization direction, whereas
the upper limit is observed for a single component texture
in which the direction of magnetization is aligned with the
〈111〉 lattice direction.

In rotating electrical machine applications, the directions
of the magnetizing field will be equally distributed in the
lamellar plane of the rolled sheet. Consequently, a direction
averaged A parameter must be considered as

A =
∫
Aθ dθ, (3)

in which the integral expands over all possible planar direc-
tions of the rolled sheet. For a sample with orthorhombic
sample symmetry, as usually observed in cold-rolled sheet
steel, the integral of (3) can be readily approximated by the
following expression:

A = A0 + 2A45 + A90

4
, (4)

Table 1: Direction-averaged A values (in deg) of a number of
texture components and fibres which are present in the typical
texture of NO electrical steels (random refers to a random texture).

{001}〈110〉 θ fibre α fibre γ fibre

22.5 22.5 30.1 38.7

{110}〈001〉 {001}〈001〉 {112}〈110〉 random

33.8 22.5 36.1 31.9

in which A0, A45, and A90 represent the A values (according
to (2)) for an applied field which encloses an angle of 0, 45,
and 90 deg, respectively, with the direction of rolling.

A low value of the A parameter corresponds to a high
magnetic quality of the texture because it implies that, on
average, the 〈100〉 directions are closely aligned with the
flux lines which are randomly distributed in the plane of the
sheet. Table 1 presents the direction averaged (according to
(4)) A parameters for a number of ideal texture components.
It can be demonstrated that the theoretically lowest value
of the A parameter is 22.5 deg. According to the data of
Table 1, this value is displayed by all individual components
of the θ fibre, and also by the θ fibre itself. Therefore, the
above presumption is vindicated, that is, the cube fibre
(θ fibre) is truly the ideal texture for NO electrical steels. This
conclusion was reported as well by Rollett et al. [4].

3. CORRELATION BETWEEN TEXTURE AND
MAGNETIC PROPERTIES

Once a reliable procedure has been established to quantify
both the texture and the magnetic properties, a relation be-
tween them can be investigated. Such a correlation study
can only be carried out successfully on condition that the
independent variable (i.e., the crystallographic texture char-
acterized by its A value) can be varied over a sufficiently
wide range in order to gauge the effect on the dependent
variable. In order to achieve this goal a dedicated data set
was produced composed of a number of samples for which
the Aθ parameters varied between 27.7 and 36.3 deg. For
each of these samples belonging to the data set, the hysteresis
losses were measured for a magnetic induction of 1.5 T and
the permeability was assessed by measuring the magnetic
induction for an applied magnetic field of 25 A/cm. All these
magnetic properties were measured at 0, 45, and 90 deg with
respect to the rolling direction and correlated with A0, A45,
and A90, respectively.

The metallurgical methods employed to produce samples
with varying textures had also introduced a considerable
spread of grain size in the dataset. Because grain size may
also have an important effect on the magnetic properties,
this parameter had to be included in the correlation study
as well. The linear regression equations which correlate the A
value and the average grain diameter D with the magnetic
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properties (Ph at 1.5 T and B25) reveal the following cor-
respondences:

Ph = (−3.9± 0.8)D + (0.15± 0.04)A− 0.869,

with r2 = 0.632,
(5)

B25 = (−0.016± 0.04)A + 2.164, with r2 = 0.848. (6)

In the above equations, the hysteresis loss is expressed in
W/kg, the induction B25 in T, the A parameter in hex-
adecimal degrees and the grain size D in mm. Because the
grain size only had a minor effect on the induction, the
parameterD could be ignored in the regression equation (6).

In order to estimate the texture effect, the following
comparison can be considered. If the texture could be
controlled in the most ideal way such that the theoretically
optimum A parameter could be achieved of 22.5 deg, it
would imply a drop of approximately 10 deg compared to the
A value of 32 deg which is regularly observed on industrially
manufactured NO steels (cf., infra). The above regression
equations (5) and (6) show that such a 10 deg drop of the A
value will produce a decrease of 1.5 W/kg in hysteresis losses
and an increase of induction (B25) with 160 mT. These values
must be compared with the changes that can be produced by
other independent state variables of the microstructure such
as grain size, precipitation density, or residual stresses. When
such a critical analysis is carried out, it can be concluded
that the texture has its most significant effect on the in-
duction B25, which in this study is used as a measure for
the permeability. With regard to the hysteresis Ph losses at
1.5 T, the grain size is much more decisive than the texture.
The relative lack of correlation with a regression coefficient of
r2 = 0.632 indicates that also other microstructural features
which were not taken into account here such as, for example,
residual stresses or presence of precipitates may affect the
hysteresis losses.

On the theoretical level, it could be argued that the
induction B25 measured at an applied field of 25 A/cm is
not the most sensitive magnetic parameter to reflect the
influence of texture neither. In the magnetization curve,
two different parts can be distinguished: the lower part
(below the characteristic deflection point) which is con-
trolled by magnetic domain wall displacement and the upper
part (above the characteristic deflection point) which is
controlled by rotational magnetization. It is the latter part
which is the most dependent on the texture. This part of
the magnetization curve can be appropriately characterized
by the difference in saturation induction Bsat and remnant
induction Brem. Therefore, in spite of the practical problems
in determining the exact Bsat value experimentally, in order
to further examine the effect of texture on the magnetic
behavior of NO electrical steels, it is suggested to use this
difference (Bsat-Brem) as the reference magnetic parameter.

4. CONVENTIONAL TEXTURE CONTROL IN
NO ELECTRICAL STEELS

On the basis of an extensive testing program on industrially
manufactured NO steel grades, it was concluded that even

the widest variation of conventional processing parameters
applied in state-of-the-art steel manufacturing would only
produce limited variations in the magnetic quality of the
textures. In these experiments, the following processing pa-
rameters were considered: slab reheating temperature (SRT),
finish rolling temperature (FRT), hot band coiling tempera-
ture (CT), hot band annealing (yes/no), cold rolling reduc-
tion (CR), continuous annealing temperature, line speed
of continuous annealing, and skin pass reduction (SKP).
On top of this, also the chemical composition of these steel
was thoroughly investigated. The applied windows for all
these processing and chemical parameters are listed in
Table 2. Despite these wide scale variations, theA0 parameter
only varied between 25 and 31 deg, whereas theoretically
this value can change between 0 and 55 deg.

Figure 5 displays the typical ODFs which are observed
in the subsequent stages of the manufacturing process of
NO electrical steels. The textures reported in Figure 5 are
measured in the middle of the sheet and thus represent the
bulk textures. The single most important processing factor
for texture control is the finish rolling temperature (FRT).
Whereas for structural steels the conventional FRT is in the
full austenite region [5], for NO electrical steels the op-
timum textures are obtained with finish rolling in the two-
phase region or even the full ferrite phase. Figure 5(a) dis-
plays the hot band texture which is observed after such a two-
phase rolling. It is characterized by a very strong maximum
on the rotated cube component (with an intensity maximum
of >30x) and an extension along the α fibre toward the
{112}〈110〉 component. After a typical cold rolling reduc-
tion of 70%, the intensity is more homogeneously spread
along the α fibre, but a maximum of >20x still remains
on the rotated cube component (cf., Figure 5(b)). The ro-
tation flow as a result of cold deformation can be entirely
understood on the basis of the classical full constraints Taylor
theory and its relaxed constraints derivatives [6].

After primary recrystallization, the texture is significantly
weakened as compared to the hot band and the cold rolling
textures (cf., Figure 5(c)). Although the intensity maximum
remains on the rotated cube component ({001}〈110〉), it has
decreased from >20x to ∼5x. The metallurgical mechanisms
that controlled the recrystallization of the cold-rolled sheet
did not allow the magnetically favorable {001} orientations,
which dominated the hot and cold band textures, to be
preserved in the annealing texture. Conversely, as shown
in Figure 5(c), the recrystallization of a 70% cold-rolled
product will rather favor the {111} orientations at the
expense of the {001} orientations [7]. In principle, for the
type of low Si grade NO steels presently under consideration,
the quality of both the hot band microstructure and texture
is more favorable with regard to the magnetic properties
than the quality of the cold-rolled and annealed product.
In many instances, also the grain size of hot-rolled sheet
and additional microstructural features such as density or
morphology of 2nd phase particles is commonly appropriate
in terms of magnetic quality. Unfortunately, the required
gauges of 0.65 mm or less cannot be obtained on current
state-of-the-art hot rolling mills and thus, a subsequent cold
rolling and annealing stage is unavoidable.
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Table 2: Variation range of the following steel manufacturing processing parameters: SRT = slab reheating temperature, FRT = finish rolling
temperature, CT = hot band coiling temperature, line speed and annealing temperature of the continuous annealing line, and skin pass
reduction. Also the minimum and maximum levels (in mass %) of various alloying elements are listed.

Process parameter Min. Max. Element Min. Max.

SRT. (◦C) 1070 1250 C 0.021 0.055

FRT (◦C) 790 920 Si 0.000 2.153

CT (◦C) 580 780 P 0.006 0.032

Hot band annealing no yes S 0.008 0.033

Line speed (m/min) 150 250 N2 0.0017 0.0224

Annealing temp. (◦C) 700 800 Almet 0.011 1.060

Skin pass red. (%) 2 8 Sb 0.000 0.160

A = 29.2 A = 31.0 A = 30.7

30 22 4
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Figure 5: Typical texture evolution during the subsequent stages of the conventional manufacturing process of a fully processed NO electrical
steel: (a) hot band texture, (b) cold rolling texture, and (c) annealing texture.

A substantial part of the volume of NO electrical steels is
manufactured as semiprocessed sheet. These semiprocessed
products are submitted to a skin pass reduction of 4 to 8%
and additionally an annealing treatment is carried out on
the punched laminations which are ready to be processed
in soft-iron cores of electrical devices. This additional heat
treatment, which is commonly carried out not by the steel
manufacturer but by the manufacturer of iron cores, serves
multiple purposes such as decarburization, grain growth, or
relieving of internal stresses. This treatment definitely also
affects the texture of the final product as it is exhibited
in Figure 6. The ODF after this final annealing treatment
displays two characteristic maxima: one on the α fibre in
the vicinity of the {113}〈110〉 component and one on the
TD fibre (〈110〉//TD) some 10 deg away from the Goss
component. Although a marked textural change has oc-
curred, the magnetic quality of the texture in terms of its
average A value was hardly affected at all by the additional
heat treatment on the stamped lamella. It was shown that

the texture which was produced by the annealing could
be explained by considering the stored energy of plastic
deformation after skin pass rolling [8].

5. ADDITIONAL METHODS OF TEXTURE CONTROL
IN NO ELECTRICAL STEELS

5.1. Cross rolling

In order to control the recrystallization texture, one has to
bear in mind that during the annealing of cold-rolled sheet a
selection will be made of orientations which have developed
during the cold rolling process. Therefore, it should be
attempted to form as few as possible unfavorable orienta-
tions of the α and γ fibres as a result of the rolling strain.
Unfortunately, these are the stable end orientations which
appear after conventional rolling reductions of 60 to 80%
[5]. By changing the orientations of the rolling-mill rolls with
respect to the sheet, the rotation paths of the orientation flow
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Figure 6: Texture evolution as a result of skin pass annealing (with decarburization) on a semiprocessed NO electrical steel: ODF (a) before
and (b) after the annealing treatment.
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Figure 7: ODFs observed after cross rolling: (a) rolling texture, (b) primary recrystallization texture, and (c) after additional annealing
treatment.

during plastic deformation can be affected. In the present
study, a laboratory scale experiment was carried out in which
the hot-rolled sheet was 90 deg rotated before cold rolling.
In doing so the RD of hot rolling turns into the TD of cold
rolling and vice versa. Hence, the hot band texture, with its
characteristic strong α fibre (cf., Figure 5(a)) is transformed
into a texture with a strong 〈110〉//TD fibre by simply
substituting the hot rolling by the cold rolling reference
frame. Because the latter fibre is highly unstable for cold
rolling, all its components will rotate toward the semistable
{001}〈110〉 orientation. This procedure will give rise to

an extremely strong rotated cube component ({001}〈110〉)
with an extraordinary intensity of >150x, compared to
Figure 7(a), which offers the advantage that it does not intro-
duce the unfavorable α and γ fibre components during cold
reduction. This favorable texture is not preserved, though,
after the primary recrystallization treatment which produces
a rather weak texture with a maximum in the vicinity of
{112}〈110〉 (cf., Figure 7(b)).

When this material is cold rolled to a reduction of 4
to 8% and submitted to an additional annealing treatment,
comparable to the one which is applied to semiprocessed
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products, the rotated cube component spectacularly reap-
pears in the material and even other components of the
θ fibre are formed. The texture presented in Figure 7(c) is the
result of such an additional annealing treatment. It displays a
maximum of >50x on the rotated cube component and∼10x
on the cube component. The exceptional magnetic quality
of this texture is reflected in the very low average A value
of 24.3 deg which is only 1.8 deg away from the theoretical
minimum value of 22.5 deg. It is obvious that cross rolling
cannot be implemented in a continuous line manufacturing
process. Whether or not the proposed process with cross
rolling is of industrial relevance is entirely dependent of
economic considerations, that is, added economic value by
superior material properties versus increased manufacturing
cost because of loss of production efficiency.

5.2. Two-stage cold rolling

Conventional continuous annealing is applied on a cold-
rolled material with a rolling strain of 70% reduction at
a temperature between 700 and 850◦C and with a heating
rate of 2 to 10◦C/s. These large rolling reductions are neces-
sary to obtain the relatively thin gauges of 0.60 mm or
less which are generally required for the production of soft
iron core lamella. The metallurgical mechanisms, however,
which control the texture formation during recrystallization
under these circumstances only favor the nucleation of {111}
orientations which are highly unfavorable for magnetic pur-
poses. Other recrystallization mechanisms which stimulate
the formation of the desired {001} orientations only operate
after limited rolling strains (of the order <10%). Therefore,
it is an interesting strategy to apply the necessary reduction
in two stages: at first a substantial reduction (60 to 70%)
in order to obtain the required gauge followed by a second
much lower reduction (5 to 10%) in order to control the
texture and the microstructure. This production path can be
associated with the manufacturing of semiprocessed grades
of NO steels which are produced by a similar approach. It
is known that the magnetic quality of the texture may largely
benefit from an annealing treatment carried out on a temper-
rolled material [9–12].

The magnetic properties, measured on a 0.65 mm gauge
sheet, of two NO steels are compared in Table 3. One NO
steel was cold manufactured in a one stage process, whereas
the other one was produced in a two-stage process. The first
column pertains to a set of samples that were cold rolled
in one stage with a reduction of 70%, whereas the second
column refers to the samples which were submitted to an
intermediate annealing treatment between two successive
rolling operations with a reduction of 70 and 10.4%, respec-
tively. After the second rolling, a final annealing treatment
was applied. It can be noticed that primarily the hysteresis
losses are favorably affected by this process, whereas the B25
and B50 values are hardly affected at all.

The reason for this behavior must be explained in terms
of the microstructural and textural evolution. The annealing
treatment following a small rolling strain triggers a process
of strain-induced abnormal grain growth [13] which is
highly beneficial for the hysteresis losses. Although this grain

Table 3: Comparison of the magnetic properties of two sets of
samples. One set is cold rolled in a single stage with a reduction
of 70% and the other set was intermediately annealed between cold
rolling stages with a reduction of 70 and 10.4%, respectively, prior
to a final annealing treatment.

Property Sample

One-stage Two-stage

cold rolling cold rolling

P(1.5) [W/kg] 6.61 5.14

Ph(1.5) [W/kg] 3.80 2.28

Pw(1.5) [W/kg] 2.81 2.86

P(1) [W/kg] 3.09 2.34

B25 [T] 1.65 1.65

B50 [T] 1.74 1.73

A-parameter (deg)
30.9 31.8

(direction averaged)

growth process is also accompanied by a marked texture
evolution, the A parameter change (cf., Table 3) indicates
that the magnetic quality of the texture has not improved.
The reason for this behavior is complex and is not entirely
understood as yet, but it is related with the detailed features
of the recrystallization and grain growth mechanisms which
operate after such low rolling reductions.

5.3. Surface textures

Yoshinaga et al. [14] have demonstrated that a relatively
strong rotated cube texture can be obtained at the surface
of an ultra-low-carbon steel when a conventionally cold-
rolled sheet of this material is submitted to a short annealing
treatment (2 to 3 minutes) in the full austenite phase.
The forward and reverse ferrite to austenite transformation
produces textures of the type presented in Figure 8. It can
be observed that there is a pronounced difference between
the surface and the bulk textures. It is assumed that the
surface energy will drastically affect the orientation selection
occurring during the diffusion-controlled phase transforma-
tion.

Once a favorable surface texture is created, a method
must be established which allows the surface grains to
grow into the bulk of the sheet. Such a method is part
of the metallurgical process proposed by Tomida [15]. He
performed a two-stage annealing treatment on a cold rolled
and recrystallized NO electrical steel with a Mn content of
1.0 to 2.5 mass% and a C content of 0.05 to 0.10 mass%.
The first stage of this annealing treatment was carried out
under vacuum conditions (P < 10−5 hPa) during 12 hours
at varying temperatures between 850 and 1100◦C. During
this stage of the annealing treatment, the Mn gradually
diffused out of the surface layers of the sheet. As Mn is a
strong austenite stabilizing element, the removal of Mn from
the surface layer locally triggered a ferrite transformation
near the surface with a favorable {001} texture, very much
comparable to the one observed by Yoshinaga et al. [14].
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ϕ2 = 45 deg

Bulk texture

ϕ2 = 45 deg

Surface texture

8

α

γ

Figure 8: Textures observed after a forward and reverse ferrite-austenite transformation in an ultra-low-carbon steel (a) in the bulk and
(b) at the surface of the sheet. Levels: 2-4-6-8-11-14 [14].

The second stage of the annealing treatment was carried
out under a decarburizing atmosphere. Under these circum-
stances, the ferrite surface grains gradually consumed the
austenite bulk of the material, hereby extending the favorable
surface texture over the entire volume of the material and
thus creating a columnar structure. By applying this method,
extraordinary sharp cube textures could be produced con-
currently with highly favorable columnar microstructures
displaying an average grain size of more than 100 μm. This
gave rise to a core loss between 1.4 and 1.7 W/kg and
an induction of 1.76 to 1.81 T at an applied magnetic field
of 50 A/cm.

6. SUMMARY AND CONCLUSIONS

In the present paper, the effect of texture on the magnetic
properties of nonoriented electrical steels was analyzed.
Based on the methods provided by modern quantitative
texture analysis, a texture parameter was proposed which
accurately characterizes the magnetic quality of any arbitrary
steel texture. This parameter was correlated with a number
of magnetic properties on an extensive set of steel samples.
It was found that the texture has a larger impact on the
permeability than on the core losses. The latter property is
more dependent on the grain size than on the texture.

Various methods of texture control during steel manu-
facturing were evaluated. An extensive experimental study
has revealed that the conventional processing parameters of a
modern state-of-the-art steel plant only provide limited tools
for an optimum texture control. It was shown that the finish
temperature of hot rolling is the one single parameter of
key importance for the development of a favorable magnetic
texture on the final product after cold rolling and annealing.

In general, the comparatively favorable properties of the
hot band texture and microstructure cannot be preserved
after cold rolling and annealing. Therefore, nonconventional
processing strategies were also investigated in the present
study. A number of promising alternative techniques were
evaluated such as cross rolling, two-stage cold rolling and
surface annealing. In laboratory scale experiments, all of
these techniques have proven to produce the favorable {001}
texture combined with optimum microstructural features
favoring highly advantageous magnetic properties through a
modification of the hysteresis loss.
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1. INTRODUCTION

During recent years, bulk ultrafine-grained (UFG) mate-
rials, produced by severe plastic deformation (SPD) and
with grain sizes in the range of 1 μm down to 100 nm,
have received considerable scientific attention (e.g., [1]).
Compared to their conventional grain-sized counterparts,
the UFG microstructure leads, beside many other enhanced
properties in UFG materials, to an extraordinary high-
strength and enhanced ductility [2]. From the technical
point of view, ARB is a highly promising process be-
cause it incorporates the production of new UFG mate-
rials and because it can be easily integrated into existing
industrial process chains. Due to their significantly higher
specific strength, UFG materials have a high light-weight
construction potential for automobile and aircraft indus-
try, while their enhanced ductility may contribute to good
metal sheet formability using conventional techniques such
as bulge testing or deep drawing. As high strength and
light weight structural components, the use of UFG mate-

rials can lead to weight reduction and resource conserva-
tion.

While much is known about texture formation in SPD
materials produced by equal channel angular pressing (e.g.,
[3]), texture measurements on face-centered cubic (FCC)
metals subjected to accumulative roll bonding (ARB) are less
frequent. ARB, which was originally introduced by Saito et
al. (Figure 1), is a process where the rolled sheet is cut, pol-
ished, brushed, stacked, and then roll bonded [4–6]. By re-
peating this procedure, very high strains can be introduced
sucessfully into different metals and alloys, and as a result,
significant structural refinement can be achieved. Observa-
tions of the structural evolution during ARB have shown the
formation of a lamellar structure at high strains, indicating
a similarity to what takes place during conventional rolling
[7]. Furthermore, texture formation should be comparable
with that of the conventional rolling. However, because of re-
peated stacking of sheets containing a texture gradient char-
acterized by plane strain deformation in the centre and a high
portion of shear in the surface layer of the sheets, marked
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· · ·
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Surface treatment Cutting

Roll bonding

Figure 1: Principle of the accumulative roll bonding process [4].

differences are expected. Moreover, there are small zones
heavily treated by brushing in order to accomplish a good
bonding.

The present project aims at studying the formation of
texture thoroughly in AA6016 as a function of ARB cycles.
This alloy is often used in the automotive industry for body
panels. Therefore, based on the Taylor factor and the calcu-
lated Lankford parameter, the mechanical anisotropy of the
advanced metal sheets is discussed.

2. EXPERIMENTAL DETAILS

In this investigation, sheets of the aluminum alloy AA6016
with an original thickness of 1 mm were used. The chem-
ical composition is listed in Table 1. Prior to roll bonding,
the material was a solution, heat treated at 520◦C for 1 hour
and subsequently quenched in water. Prior to rolling, the
sheets were prewarmed in a furnace to 230◦C for 4 min-
utes. The ARB process, optimized with regard to thermal
stability and interlamellar bonding [6], was applied using a
four-high rolling mill (Carl Wezel, Mühlacker) at a work-
piece temperature of 230◦C to small strips of material, which
had a width of 80–100 mm and a length of approximately
300 mm. The thickness reduction was set nominally to 50%
per rolling pass. After each pass (cycle), the surfaces were
wire brushed in order to remove the oxide layer and the sheet
was folded at half of the length and then the rolling process
was repeated (Figure 1). A maximum of 8 ARB cycles, cor-
responding to εvon Mises = 6.4, were applied which lead to a
sheet with 28 = 256 bonded layers, each having a thickness
of 3.9 μm. After each cycle, the bonded metal sheets were air
cooled.

The microstructure of the ARB processed AA6016 af-
ter different number of cycles was observed using scan-
ning and transmission electron microscopy (SEM: Zeiss

DSM 965, TEM: Philips CM 200). Sheet cross-sections for
SEM observation and TEM foils after mechanical grind-
ing were prepared using the standard Struers electrolyte A2
at 20 V at about −10◦C and 22 V at room temperature,
respectively.

Texture measurements were done by neutron diffraction
on a stack of eight sheets with a size of 10 mm× 10 mm. Be-
cause of their high penetration depth, neutrons allow bulk
texture measurements. The orientation distribution function
(ODF) was calculated from the measured pole figures (200,
220, 111) by using the harmonic method with a maximum
series expansion coefficient of 22 [8, 9]. The Euler angles are
in the Bunge notation [10].

To discuss the texture-induced plastic anisotropy, the
Taylor-Bishop-Hill theory of crystal plasticity was used to
calculate the Taylor factor and the Lankford parameter [11–
13]. The Taylor factor M describes the correlation between
applied stress σxx and resolved shear stress τ according
to

M = σxx
τ

(1)

with x being parallel to the tensile axis. In polycrystalline
metals, the Taylor factor of the aggregate is a superposition
of the Taylor factors of each orientation Mi weighted by its
volume fraction fi:

Mres =
∑

i

fiMi. (2)

To calculate M, the Taylor Program written by Van Houtte
[14] was used. For room temperature deformation, the
{111}〈110〉 slip systems were taken.

For discussion of the yield stress, it is necessary to exam-
ine M as a function of the Lankford parameter

r = dεyy
dεzz

, (3)

where dεyy and dεzz are incremental strains in y and z direc-
tions, that is, within and normal to the sheet plane, respec-
tively. For plane strain deformation with dεzz = 0, r becomes
infinite. Therefore, it is more appropriate to use ρ describing
the ratio of width contraction to tensile extension:

ρ = −dεyy
dεxx

. (4)

Assuming volume constancy (dεxx+ dεyy+ dεzz = 0) the
Lankford parameter becomes

r = ρ

1− ρ . (5)

Minima in the M(ρ) curves belonging to minimum Tay-
lor energy give information on the most likely deformation
mode during tension [15–19]. Thus ρ at minimum M yields
r. To get information on the deep drawing properties of
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Figure 2: SEM image of the grain structure in the initial state (a) and after 2 ARB cycles (b) (reconstructed from an orientation map) with
low- and high-angle boundaries shown as thin and thick lines, respectively. TEM bright-field images of the lamellar subgrain and grain
structure after 4 (c) and 8 ARB cycles (d), respectively. (Horizontal: rolling direction RD, vertical: normal direction ND.)

Table 1: Chemical composition of aluminum alloy AA6016.

wt.% Si Cu Fe Mn Mg Cr Zn Ti Other Al

AA6016 1.0–1.5 0.52 0.5 0.2 0.25–0.6 0.1 0.2 0.15 0.15 Balance

rolled sheets, the coefficient of normal anisotropy

〈r〉 = 1
4

(
rRD + 2r45◦ + rTD

)
(6)

and its variation

�r = 1
2

(
rRD − 2r45◦ + rTD

)
(7)

(with RD = rolling direction, TD = transverse direction,
and 45◦ = direction at 45◦ to RD in the rolling plane) are

important. For good deep drawing, 〈r〉 should be large, thus
only leading to a small thickness reduction, and Δr should be
zero leading to isotropic drawing conditions within the sheet
plane.

3. RESULTS AND DISCUSSION

The starting material is totally recrystallized with equiaxed
grains with sizes of about 20–30 μm (Figure 2(a)). Dur-
ing ARB, an ultrafine-grained lamellar structure develops
(Figure 2(b)). After 3-4 cycles, a steady-state width of the
lamellae of about 200 nm is reached (Figures 2(c), 2(d)) [6].
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(a) 0 cycles, max: 14.6 m.r.d. (b) 2 cycles, max: 4.4 m.r.d.
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(c) 4 cycles, max: 6.7 m.r.d.

(d) 6 cycles, max: 8.7 m.r.d. (e) 8 cycles, max: 10.1 m.r.d.

Figure 3: Texture of ARB AA6016 after (a) 0, (b) 2, (c) 4, (d) 6, and (e) 8 cycles displayed as ODF sections at ϕ2 = 45◦ with intensities given
in multiples of a random distribution (m.r.d.). Key figure shows the position of the main texture components.
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Figure 4: Intensity along different fibers: (a) α-fiber, (b) β-fiber, and (c) ND-fiber.



6 Texture, Stress, and Microstructure

2

3

4

M

0 0.2 0.4 0.6 0.8 1

ρ = −dεyy/dεxx
RD
45◦

TD

Figure 5: Taylor factor M calculated with the FC Taylor model as a
function of strain mode for tensile deformation of an ARB sheet (8
cycles) in different directions. Arrows mark the minima in the M(ρ)
curves.

A more detailed analysis of the microstructural evolution by
electron backscatter diffraction (EBSD) is under way.

The starting texture consists of a strong cube compo-
nent, spreading out to form a 〈100〉 fiber parallel to ND
and a minor Goss component (Figures 3, 4(a), and 4(c)).
During ARB, this texture breaks down and a texture typ-
ical for rolling of face-centered cubic (FCC) metals with
high-stacking fault energy develops. The texture is charac-
terised by the β-fiber with the Cu component dominat-
ing (Figures 3 and 4(b)). Moreover, the rotated cube com-
ponent is formed. This component typical of simple shear
during rolling develops in the surface layer of the sheets.
The shown textures are the bulk textures of the entire sheet
thickness. Thus, with these textures, it is possible to cal-
culate the bulk properties of the ARB sheets. Calculations
of the mechanical anisotropy of the sheets are given in
Figure 3.

The calculations using the Taylor model were done with
a systematic variation of the strain tensor [19, 20]. The
variation of the strain tensor describes different deforma-
tion modes (e.g., ρ = 0 and 1; plane strain, ρ = 0.5: axi-
ally symmetric deformation) which are directly related to
the Lankford parameter (see (3)). The textures measured
for each sheet were discretized into 1000 single orienta-
tions. The denoted Taylor factorsM are the volume weighted
means of the Mi factors calculated for these sheet orien-
tations (see (2)). The minimum M value characterises the
minimum deformation energy and the deformation mode
is given by ρ at minimum M (Figure 5). The Taylor calcu-
lations were done with the full and relaxed constraints (FC
and RC) models. Strong rolling leads to flattening of grains
in the rolling plane and elongation in the RD. Therefore,
in case of RC, the so-called pancake model was used, that
is, the shear strains, εzx and εzy , in the rolling plane were
relaxed.

Figure 6 shows the Taylor factor as a function of the num-
ber of cycles. In the initial state (cube recrystallisation tex-

ture), M45◦ is higher than MRD and MTD. After ARB cycling,
giving rise to the typical FCC rolling texture development,
this relation is reversed. The M values calculated with the
FC Taylor model are somewhat higher than those calculated
with the RC model. Moreover, in the RC case MTD is slightly
smaller than MRD. As M is directly related to the flow stress
(1) there is flow stress anisotropy between RD/TD and 45◦,
which becomes reversed with ARB cycling.

Figure 7 shows the Lankford parameter as a function of
the number of cycles. Similar to the anisotropy of M, in the
initial state, rRD and rTD are higher than r45◦ . After ARB, this
relation is reversed. As r is related to ρ (3) this means that
with ARB cycling the strain mode during tension changes.
The results obtained with the FC and RC models are in qual-
itative agreement. A strong increase of simulated r45◦ val-
ues with rolling degree has also been reported by Park [21].
However, in this case a strong discrepancy with experiment
exists.

The deep drawing conditions of the sheets can be judged
from the magnitudes of 〈r〉 and Δr.

The larger the 〈r〉, the less the sheet thinning takes place,
while a decrease of the norm of Δr leads to less earing.

As seen in Figure 8, 〈r〉 increases steadily with increasing
the number of cycles, while Δr decreases and changes its sign.
Thus with regard to sheet thinning, the high-cycle ARB state
is best suited. In contrast, the low-cycle ARB state should not
result in any earing. As Δr changes its sign with increasing
the number of ARB cycles, earing is shifted from the RD/TD
positions (Δr positive) in the initial state to the 45◦ positions
(Δr negative) in the high-cycle ARB state.

In conclusion, the results obtained here reveal that low-
cycle ARB material may be optimal for deep drawing, while
they also show good strength and ductility. Although high-
cycle ARB leads to higher strength and ductility [6], de-
sirable drawing properties are not expected due to ear-
ing. It should be pointed out that the considerations made
above are based on standard room temperature deforma-
tion mechanisms. As discussed in literature, high temper-
ature deformation mechanisms like grain boundary slid-
ing, coble creep, and thermally activated annihilation of dis-
locations should be considered for UFG aluminium ma-
terials even at low homologous temperatures [2, 22, 23].
From the above-made considerations, it is suggested that for
obtaining a good compromise between strength and deep
drawing ability, the sheets should be rolled between 3 to
5 ARB cycles. In this context, it should be also mentioned
that recent results on ARB processed AA6016 alloy (up
to 8 cycles) show very promising formability under the
complex loading conditions in a bulge test. The observed
formability of UFG AA6016 is comparable to the conven-
tional grain-sized counterparts, but the UFG material ex-
hibits higher burst pressures [24]. However, in compari-
son to bulge testing slightly different material behavior may
be expected during deep drawing due to a different stress
state.

Nevertheless, starting with a cube texture low-cycle ARB
may be optimal for deep drawing with simultaneously
fulfilling good strength and ductility. Measurements of the
Lankford parameter confirming the calculations presented
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Figure 6: Taylor factor M at minimum ρ as a function of the number of cycles, (a) FC and (b) RC Taylor models.
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Figure 7: Lankford parameter r calculated for tensile deformation in different directions as a function of the number of cycles, (a) FC and
(b) RC Taylor models.
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Figure 8: Coefficient of normal anisotrop〈r〉 (a) and its variation Δr (b) as a function of the number of cycles calculated with the FC and
RC Taylor models.
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here are under way. It should be mentioned that similar
calculations were already performed on rolled molybdenum
sheets and stand in good agreement with the experimental
results [25]. However, it may be remarked that small devi-
ations of the calculated and measured mechanical parame-
ters in [25] may be partly attributed to the effect of grain
shape, latent hardening, and dislocation structure [26, 27],
all of which have not yet been taken into account.

ACKNOWLEDGMENT

Thanks are due to T. Reiter for sample preparation.

REFERENCES

[1] R. Z. Valiev, Y. Estrin, Z. Horita, T. G. Langdon, M. J. Zechet-
bauer, and Y. T. Zhu, “Producing bulk ultrafine-grained ma-
terials by severe plastic deformation,” Journal of the Minerals,
Metals and Materials Society, vol. 58, no. 4, pp. 33–39, 2006.
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A 12 T magnetic field has been applied to the annealing process of a 0.81%C-Fe (wt.%). It is found that the magnetic field shifts
the eutectoid carbon content from 0.77 wt.% to 0.83 wt.%. The statistical thermodynamic calculations were performed to calculate
the eutectoid temperature change by the magnetic field. Calculation shows that the increase of the eutectoid temperature by a 12 T
field is 29◦C. Synchrotron radiation measurements were performed to measure the pole figures of the samples and were analyzed
by MAUD to determine the bulk texture of the ferrite phase in the field-treated and non-field-treated samples. Results show that
although there is no specific preferred orientation appearing by applying the magnetic field, slight enhancement of 〈001〉 fiber
component occurs in both the sample normal direction (ND) and the transverse direction (TD). This effect might be related to
the magnetic dipolar interaction between Fe atoms in the transverse field direction.

Copyright © 2008 Y. D. Zhang et al. This is an open access article distributed under the Creative Commons Attribution License,
which permits unrestricted use, distribution, and reproduction in any medium, provided the original work is properly cited.

1. INTRODUCTION

Study of the effect of a high magnetic field on diffusional
phase transformation in steels has attracted attention in re-
cent years. So far most efforts have been made on reveal-
ing the effect of a magnetic field on phase transforma-
tion behaviors and microstructural characters in hypoeu-
tectoid steels [1–8]. Results have shown that the magnetic
field applied can increase the austenite-to-ferrite transforma-
tion temperature [1–3], accelerate the transformation pro-
cess [5–7], and change the morphology and grain bound-
ary character distribution of the product phases [5, 8]. In
this work, a quasi-eutectoid steel, 0.81C-Fe, was selected and
heat-treated without and with a 12 T magnetic field. The
shift of the eutectoid point by the application of a high
magnetic field was experimentally investigated and theoret-
ically calculated. The influence of the magnetic field ap-
plied on the evolution of the texture of ferrite has been
investigated by means of synchrotron radiation measure-
ments.

2. EXPERIMENTAL

The material used in this study was a plain eutectoid
steel with chemical composition (wt.%) 0.81%C, 0.22%Si,
0.20%Mn, 0.05%Cr, 0.014Cu, 0.019%P, 0.003%S, and bal.
Fe. It was prepared by induction casting. The cast rod was
twice forged in the longitudinal direction followed by the
radial direction, in the temperature range 1100–868◦C to
homogenize and refine the microstructure. Samples of di-
mensions 30 mm × 10 mm × 2 mm were cut from the hot
forged bar. They were austenitized at 830◦C for 50 minutes
and cooled at a rate of 2, 5, 10, and 23◦C/min without and
with a 12-Tesla high magnetic field. During the heat treat-
ment, the samples were placed in the central (zero magnetic
force) region (200 mm long in the field direction).

The transformed microstructure is observed with an
Olympus BX61 microscope equipped with a digital camera
and the analysis software package for materials science. The
crystal structures of proeutectoid ferrite and proeutectoid ce-
mentite are confirmed by the indexing of the EBSD Kikuchi
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patterns acquired with a Jeol JSM 6500F FEG-SEM equipped
with the HKL Channel 5 EBSD system. The area percentages
of bulk ferrite appearing in the magnetic field-treated sam-
ples and the lamellar spacing of pearlite in both the field-
and the non-field-treated samples were measured. The mea-
surement was performed in 20 images of each sample to ob-
tain a statistical representation of the results. As the lamellar
spacing in each micrograph varies due to both the changing
of formation temperature and the angles at which the lamel-
lae intersect the sample-sectioning plane, the smallest lamel-
lar spacing in each micrograph was measured. This small-
est lamellar spacing obtained is related either to the pearlite
formed at the very end of the transformation or to the angle,
close to right angle, at which lamellae intersect the sample
plane.

Synchrotron radiation measurements were performed
at the Hamburg Synchrotron Radiation Laboratory (HA-
SYLAB), German Electron Synchrotron (DESY), Hamburg,
Germany, to measure the incomplete pole figures of the sam-
ples cooled at 2◦C/min without and with a 12-Tesla high
magnetic field. The measurements were carried out in trans-
mission mode with a monochromatic synchrotron beam [9]
of wavelength 0.164 Å (75.59 keV). The collimator was set to
an area of 1 × 1 mm. The first slit was set to 1 × 1 mm and
the second was set to 2 × 2 mm. During the measurement,
the sample was rotated from −80◦ to +80◦ around the ω axis
with a step size of 2◦/step and a measurement time of 4 s/step.
Data were recorded with an area detector (34.5 cm in diame-
ter) placed behind the sample, at a distance of 115.5 cm. The
data were analyzed with MAUD (“Materials Analysis Using
Diffraction” program package by Lutterotti et al., University
of Trento [10, 11]) and represented in inverse pole figures.

3. RESULTS AND DISCUSSION

3.1. The eutectoid point shift under a 12 T
magnetic field

Figure 1 shows the microstructures of samples cooled at
2◦C/min without (a) and with (b) a 12 T magnetic field.
Besides the main constituent of lamellar pearlite, the strik-
ing difference between the two micrographs is that in the
non-field-treated specimen we observed a slight amount of
proeutectoid cementite (arrowed in the zoom image in the
top right corner of Figure 1(a)), which characterizes the hy-
pereutectoid microstructure, while in the field-treated spec-
imen we find some bulk ferrite between pearlite colonies
(white areas circled in Figure 1(b)) that is the typical com-
ponent of hypoeutectoid microstructure, instead of proeu-
tectoid cementite. The crystal structures of proeutectoid ce-
mentite and the proeutectoid ferrite observed with the op-
tical microscope were further confirmed by the indexing of
their Kikuchi patterns by EBSD technique. The average area
percentages of the bulk ferrite measured in the field-treated
specimens at various cooling rates are shown in Table 1. It is
seen that the amount of the bulk ferrite decreases with the
increase of the cooling rate. This is the normal influence of
the cooling rate on proeutectoid transformation. The pres-
ence of the bulk ferrite in the field-treated specimens sug-
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Figure 1: Optical micrographs of specimens austenitized at 830◦C
for 50 minutes and cooled at 2◦C/min without (a) and with (b) a
12 T magnetic field (the field direction is horizontal). The zoom im-
age in the right-hand corner of (a) shows the secondary cementite,
as indicated by the arrow. The magnification is 1.5 times that of the
main image. The circles in (b) mark out the proeutectoid ferrite be-
tween pearlite colonies.

gests that the magnetic field shifts the eutectoid point of the
Fe-C binary system beyond the carbon content of the tested
material (0.81%wt.C). Using the lever law, the carbon con-
tents of the new eutectoid point under various cooling rates
were calculated and displayed also in Table 1. As the carbon
content of the equilibrium eutectoid point is obtained un-
der equilibrium transformation condition, that is, under ex-
treme slow cooling condition, the variation of the eutectoid
carbon content with cooling rate is plotted in Figure 2 and
extrapolated to zero cooling rate to obtain the equilibrium
eutectoid carbon content. The extrapolated equilibrium eu-
tectoid carbon content is 0.8287%(wt.). This value is notice-
ably different from that calculated in [3] (0.795 wt.%).

The lamellar spacing of samples fully austenitized and
cooled at various cooling rates (2, 5, 10, and 23◦C/min)
without and with a 12 T magnetic field was also measured
and is shown in Figure 3. It is seen that, at all the cool-
ing rates tested, the lamellar spacing obtained is larger with
the magnetic field than without. As the austenite to pearlite
transformation is diffusional and involves the formation of
the carbon-depleted ferrite and carbon-rich cementite, the
lamellar spacing of pearlite depends on the diffusion length
of carbon atoms that is temperature related. Therefore, the
larger spacing corresponds to the higher formation tempera-
ture. This lamellar spacing increase resulting from the mag-
netic field applied evidences that the magnetic field also shifts
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Table 1: Average area percentages of the bulk ferrite and the stan-
dard deviation in 0.81C-Fe specimens austenitized at 830◦C for
50 minutes and cooled at various cooling rates with a 12 T magnetic
field, and the calculated eutectoid carbon content by using lever law
and the standard deviation.

Cooling rate
(◦C/min)

Area percent-
age of ferrite
(%)

Eutectoid
carbon content
(wt.%)

2 2.153± 0.850 0.827 ± 0.0070

5 1.905± 0.857 0.825 ± 0.0071

10 1.519± 0.372 0.822 ± 0.0030

23 1.277± 0.452 0.820 ± 0.0037
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Figure 2: Eutectoid carbon content change with cooling rate. Black
solid line: from the measured result. Gray line: extrapolation to the
slow cooling rates following the changing tendency.

the eutectoid point to the high temperature side. As it is al-
most impossible to measure—in temperature scale—the eu-
tectoid point shift in situ under a high magnetic field, its de-
termination through theoretical calculation may be useful.

Let us remind that the eutectoid point of Fe-C system is
the intersection of the Ae3 line (austenite/ferrite γ/α equi-
librium boundary) and the Aecm line (austenite/cementite
γ/cem equilibrium line). By using the well-established sta-
tistical thermodynamic models, the Ae3 and Aecm lines can
be calculated, so the eutectoid composition and temperature
can be determined. It is known that the driving force for
austenite to proeutectoid ferrite transformation, ΔGγ→α+γ, is
directly related to the equilibrium position (composition and
temperature) of Ae3 line and is expressed as follows:

ΔGγ→α+γ = RT

[
xγln

a
γ/α
C

a
γ
C

+ (1− xγ)ln
a
γ/α
Fe

a
γ
Fe

]
, (1)

where xγ is the mole fraction of carbon in the initial austen-
ite, R is the gas constant, T is absolute temperature, a

γ/α
j is

the activity of C or Fe in austenite on the γ/α boundary, and
a
γ
j is the activity of C or Fe in the initial austenite. By def-

inition, the driving force of a phase transformation is the
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Figure 3: Average lamellar spacing of specimens austenitized at
830◦C for 50 minutes and cooled at a rate of 2, 5, 10, and 23◦C/min
without and with a 12 T magnetic field.

Gibbs free energy difference between the product and par-
ent phase. It is known that a magnetic field lowers the Gibbs
free energy of a magnetized phase [5–7] according to its mag-

netization. The amount lowered is
∫M

0

⇀
B ·d

⇀
M for ferro-

magnetic phase [12] and (1/2μ0)χB2 for paramagnetic phase
[12], where B = B0 + μ0M, B0 is the magnetic induction of
the applied field, μ0 is the permeability of free space, M is
the magnetization, and χ is the magnetic susceptibility. As
ferrite (or cementite) and austenite have different magneti-
zation under the same magnetic field, their Gibbs free energy
changes by the magnetic field are different. In this way, the
phase equilibrium between the parent and the product phase
is altered. Assume that under the magnetic field, the γ/α (or
γ/cem) boundary xγ/i (mole fraction of carbon in austenite

on Ae3 or Aecm line) moves to Mx
γ/i

. The activity of C or

Fe in austenite at the new γ/α (or γ/cem) boundary is Ma
γ/i
j ,

thus the total driving force under the magnetic field for the
austenite-to-proeutectoid ferrite transformation can be ex-
pressed as

ΔGγ→α+γ+MΔG
γ→α+γ=RT

[
xγln

Ma
γ/α
C

a
γ
C

+(1− xγ)ln
Ma

γ/α
Fe

a
γ
Fe

]
.

(2)

Substituting (1) into (2) and letting xγ take the equilibrium
carbon content at the γ/α boundary xγ/α, we obtain

MΔG
γ→α+γ = RT

[
xγ/αln

Ma
γ/α
C

a
γ/α
C

+ (1− xγ/α)ln
Ma

γ/α
Fe

a
γ/α
Fe

]
.

(3)

As for γ/cem boundary Mx
γ/Fe3C

, it can be obtained according
to the way to obtain xγ/Fe3C in [13] as follows:

ΔGFe3C + MΔGFe3C−γ = RT lnMa
γ/Fe3C
C + 3RT lnMa

γ/Fe3C
Fe ,

(4)
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where ΔGFe3C = 39828 − 193.296T + 22.345T lnT [14], the
Gibbs free energy change of the formation of 1 mol cementite

from 3 mol of γ-Fe and 1 mol of graphite, and MΔG
Fe3C−γ

is
magnetic Gibbs free energy difference between cementite and
austenite that is determined by the magnetic susceptibility
difference between the two phases. From the quasi-chemical
model [15–17], the general expression of the activity of car-
bon and iron in austenite is

ln a
γ
C=5ln

1−2xγ

xγ
+

6wγ

RT
+6ln

(
δγ−1+3xγ

δγ+1−3xγ

)
+
ΔHγ−ΔSxsγ T

RT
,

ln a
γ
Fe = 5ln

1− xγ
1− 2xγ

+ 6ln
[1− 2Jγ +

(
4Jγ − 1

)
xγ − δγ

2Jγ
(
2xγ − 1

) ]
,

(5)

where δγ = [1− 2(1 + 2Jγ)xγ + (1 + 8Jγ)(xγ)2]
1/2

and Jγ =
1 − exp(−wγ/RT), wγ is the pairwise interaction energy of
carbon in austenite, ΔHγ and ΔS

xs
γ are the relative partial en-

thalpy and nonconfigurational entropy of austenite. We fi-
nally take wγ = 5880 J/mol, ΔHγ = 44400, and ΔS

xs
γ = 17.2

from Shiflet et al. [18] (after trying various sets of data from
published literature and verifying with the Fe-C diagram
without a magnetic field). By using a model based on the itin-
erant electron theory as implemented by Sakoh and Shimizu
[19], a density functional-based method in conjunction with
statistical approximations [20] and the Weiss molecular field
model for ferromagnetism [21], the temperature variations
of susceptibilities of austenite and cementite and the magne-
tization of ferrite can be calculated, and thus MΔG

γ→α+γ
and

MΔG
cem−γ

can be obtained. Substituting (5) into (3) and (4)
and using the Newton-Raphson iterative algorithm, part of
the phase diagram of Fe-C binary system without and with a
12 T magnetic field was calculated and is shown in Figure 4.
For comparison and completion, the γ/α and γ/cem equi-
librium lines without magnetic field are also calculated by
using related equations [13] and the α/γ equilibrium lines
without and with magnetic field are also calculated by using
the related equations [13] and data [22] and are shown in
the same figure. It is seen that the influence of the magnetic
field is mainly on Ae3 line. The calculated eutectoid carbon
content and temperature without and with a 12 T magnetic
field is 0.779 wt.%C; 725.71◦C and 0.847 wt.%C; 754.68◦C.
The calculated eutectoid carbon contents without and with
the magnetic field are quite close to the values determined
from the experimental results.This agreement shows that the
eutectoid temperature increase calculated by this method is
reliable. In the case of a 12 T magnetic field, the eutectoid
temperature shift is 28.97◦C. Equations (3) and (4) together
with (5) offer a practical and accurate method to determine
the new phase equilibrium boundary lines and the eutectoid
shift under the influence of a magnetic field.

3.2. Texture evolution under the effect of
the applied magnetic field

Figure 5 shows the inverse pole figures of the samples heat-
treated at slow cooling rate (2◦C/min) without and with the
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Figure 4: The calculated Fe-C phase diagram without and with a
12 T magnetic field.

12 T magnetic field and the corresponding sample coordinate
system. Despite the textures are relatively weak, it is clearly
seen that under the magnetic field there is slight enhance-
ment of 〈001〉 fiber component in both the sample normal
direction (ND) and the widthwise or transverse direction
(TD), as seen in Figure 5(b). This result corroborates earlier
results we found in a medium carbon plain steel heat-treated
under a 12 T magnetic field [8]. Actually in the present case,
both ND and TD are transverse field directions. It is known
that each Fe atom carries a magnetic moment. Under the ap-
plied magnetic field, these moments tend to align along the
field direction. Then, there exists the dipolar interaction be-
tween neighboring Fe atoms. They attract each other along
the field direction but repel each other along the transverse
field directions (ND and TD in the present study). Correla-
tively, the distance between neighboring atoms tends to de-
crease along FD and increase along ND and TD to minimize
the total energy of the system. For ferrite, the carbon atoms
are located in the octahedral interstices, as shown in Figure 6
[8]. The interstices are flat in the 〈001〉 direction. The oc-
cupation of the carbon atom in this interstice exerts an ex-
pansion stress on its neighboring iron atoms along the 〈001〉
direction. This gives rise to the lattice distortion and creates
distortion energy. If such a 〈001〉 direction of a grain was
parallel to the transverse field direction (ND or TD), the lat-
tice distortion energy would be reduced through increasing
the atomic spacing in such 〈001〉 direction by the magnetic
field. Therefore, the nucleation and growth of the grains hav-
ing such 〈001〉 parallel to the ND and TD are energetically
favored by the magnetic field. In this way, the 〈001〉 compo-
nent is enhanced in the transverse field directions (ND and
TD).

4. SUMMARY

The eutectoid carbon content and temperature of Fe-C bi-
nary system under a magnetic field have been examined
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Figure 5: Inverse pole figures of the samples austenitized at 830◦C for 50 minutes and cooled at a rate of 2◦C/min without (a) and with a
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also called trd “times random distribution”.

〈001〉

Carbon atom

Iron atom

Figure 6: Schematic illustration of an octahedral interstice occu-
pied by a carbon atom in bcc Fe [8].

quantitatively for the first time in the present work. The ap-
pearance of the proeutectoid ferrite confirms the shift of eu-
tectoid carbon content. Under a 12 T magnetic field, it shifts
from 0.77 wt.%C to 0.8287 wt.%C (determined from the ex-
perimental data). The increase of the pearlite lamellar spac-
ing by the magnetic field qualitatively evidences the increase
of the eutectoid temperature. By making use of the quasi-
chemical model to calculate the corresponding activities of
Fe and carbon in the related phases and considering the mag-
netic field influence through magnetic Gibbs free energy de-
termined by the magnetization of the corresponding phases,
the new phase equilibrium is calculated. Calculation shows
that the increase of the eutectoid temperature by a 12 T field
is 28.97◦C.

In addition, the magnetic field enhances the 〈001〉 tex-
ture component along the sample normal and transverse di-
rections that are both transverse field directions. This results
from the dipolar interaction of the magnetic moments car-
ried by the Fe atoms. The repelling interaction between Fe
atoms in the transverse direction increases the atomic spac-
ing that mitigates the lattice distortion induced by the solu-
tion of carbon atoms in the transverse field direction.
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At the prospect of a lightening of the automobile structures, welded spots have been realized on a stacking of two sheets (a 6008
aluminum alloy on steel) Friction Stir Spot welding (FSSW). Different process parameters have been tested, but only the influence
of the dwell time will be described in the present paper. The dwell time corresponds to the time during which the probe stays
in rotation at its bottom location before extracting. A study of the microstructures and textures associated to mechanical tests
(tensile shear tests) allowed determining the best set of welding parameters. The recrystallized area around the welding spot has
been characterized by electron back-scattered diffraction (EBSD). A mechanism of continuous dynamic recrystallization has been
identified since the misorientation of subboundaries increases close to the weld, and this is for all the dwell times tested. Elsewhere,
the increase of the dwell time induced a larger recrystallized zone. It has also been found that a long dwell time induced a larger
welded area but also a higher quantity of intermetallic compounds (especially FeAl, Fe2Al7, and FeAl2) with high-microhardness
values (up to 800 Hv). Thus, the dwell time must not exceed a certain value, otherwise it can weaken the weld.
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1. INTRODUCTION

Introducing the aluminum on the automotive structures
would permit to reduce their weight [1, 2] and so to reduce
the fuel consumption. However, the aluminum presents a
lower mechanical resistance comparing to steel. So assem-
bling both aluminum and steel would permit to solve this
problem and then to reduce the weight of the automotive
bodies. The friction stir spot welding (FSSW) is expected to
provide a practical solution for joining aluminum and steel
[3, 4].

This kind of bimetallic welding is still little known, and
many tests and studies must be performed in order to in-
dustrialize the process. The purpose of this work consists in
studying the microstructures and the recrystallization mech-
anisms of the aluminum steel welding according to the dwell
time, in order to optimize their mechanical resistance. Some
authors dedicated their works for visualizing the microstruc-
ture obtained during the linear FSW of aluminum alloys
[5, 6] and the FSSW [7, 8]. Concerning the microstructural
evolution on FSSW, the studies permitted to identify the dif-

ferent areas inside the joint [8]: the BM (base metal), the
HAZ (heat affected zone), the TMAZ (thermomechanically
affected zone), and the SZ (stir zone); but the recrystalliza-
tion mechanisms are less touched on, and so this present
work will be useful to better understand the metallurgical
phenomena occuring during this process.

Moreover, the formation of brittle intermetallic com-
pounds varies according to the welding conditions and has
to be avoided as much as possible. Indeed, it has been shown
that those intermetallic compounds can cause a weakening
of the spot welds because of high microhardness [9, 10].

2. THE FRICTION STIR SPOT WELDING (FSSW)

The technique FSSW is purely mechanical. It permits an as-
sembly without fusion and presents several advantages, espe-
cially for the materials such as aluminum, magnesium, and
copper alloys, which are not easily joined with conventional
fusion welding method.

The process is composed of three different steps (Figure
1). At first, the tool is formed by a probe and a shoulder is put



2 Texture, Stress, and Microstructure

Shoulder

Probe

Print left by the tool

Clamped sheets

Phase 1 Phase 2 Phase 3

Figure 1: The different steps of FSSW (Friction Stir Link).

Studied plan

Upper view of
a halfsample

Al

Steel

Print left by
the tool

1

23

Figure 2: Photography of a cut sample, which shows the studied plan of the welds.

2.5

3

3.5

4

4.5

Fa
ilu

re
lo

ad
(k

N
)

0 1 2

Dt (s)

Average
Test 1
Test 2

Figure 3: Evolution of tensile shear strength versus the dwell time.

in fast rotation (Phase 1). Under a defined effort, the shoul-
der gets in contact with the surface of sheets, which must be
welded (Phase 2). The heat generated by friction involves a
local softening of the material, and so it permits the mix-
ing of both parts; a new metallurgical structure common to
the two materials is formed. In this manner, the metallic link
is insured without reaching the fusion temperature, which
permits to avoid the problems which generally occur for the
classical ways of welding (porosities, blisters, and cracking,
etc.). Lastly, the tool in rotation is removed from the mate-
rial (Phase 3), and it remains a print at the surface.

Therefore, the principal welding parameters are the ro-
tation speed of the tool, the effort of welding, and the dwell
time, which corresponds to the time during which the tool
stays in rotation at the bottom of the weld and the geometry
and the material used to machine the FSW tool. The quality
of the spot welds depends directly on the different parame-
ters.

3. MATERIAL AND EXPERIMENTS

3.1. Configuration and materials

The studied spot welds were realized at the FSW Center of
the Institut de Soudure at Goin, in France. The FSW probe
is machined into rhenium tungsten alloy (W25Re), and the
shoulder is made of steel Z38CDV5 treated at 50 HRC.

A 6008 aluminum alloy plate of 2.5 mm thickness is su-
perimposed to a galvanized steel plate of 2 mm thickness. The
nature of the steel used here is specific to the automotive in-
dustry. The tool has a diameter of 6 mm. As the tool is 4 mm
length, it penetrates completely into the aluminum sheet and
partially into the steel sheet.

Each sample was cut out (Figure 2) and mechanically
polished. Lastly, the samples underwent an electrolytic pol-
ishing with a solution Struers A2 adapted to steel and alu-
minum alloys (made up of 60% of perchloric acid), at 20◦C,
with a tension of 45 V during 12 seconds.

Three samples with different values of dwell time were
studied (the other parameters remained constant, with a ro-
tation speed of 2000 rpm). From sample 1 to sample 3, the
dwell time, Dt, increases from 0 second to 2 seconds.

3.2. Characterization and analysis methods

To make first observations on the welding, optical micro-
scopes, SEM, and FEG/SEM were used. The scanning elec-
tron microscope was also used for the chemical analysis by
EDS. Then, orientation imaging microscopy (OIM) attached
to a Zeiss DSM 940 SEM was employed to evaluate grain-size
distribution and grain-boundary misorientation.

To assess the fragility of the intermetallic compounds
and for more complete information, Vickers microhardness
tests were realized with a 100 g loaded tester, using a LECO
M400H.

Analyses by microprobe were also performed to obtain
the distribution of the chemical elements across the welding.
Those experiments were realized at the LCMTR (Laboratoire
de Chimie Métallurgique des Terres Rares) at Thiais.
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Lastly, concerning the mechanical properties, some ten-
sile shear tests were carried out.

4. RESULTS AND DISCUSSION

4.1. Mechanical resistance

The influence of welding parameters on the mechanical re-
sistance of the spot weld was analyzed. With the better offset
of parameters, tensile shear resistance of about 4 kN has been
reached. A lack of time and a lack of samples have limited
the number of possible tensile shear tests. However, even if

three points are not enough to reach a conclusion, the av-
erage of mechanical strength tends to show that the more
the dwell time increases, the more the welding is resistant.
More experiments will be realized to confirm this trend, but
it seems that over a threshold the mechanical resistance stays
equivalent (Figure 3). It can also be observed that there seems
to be more reproductibility problems for the dwell times of
1 second and of 2 seconds, than without dwell time (0 sec-
ond).

4.2. Material flow

4.2.1. General view

A general view of the sample was obtained using the scanning
electron microscope (Figure 4). The welding holds thanks to
the area called the “hanging.” It corresponds to the entrance
of the steel into the Al alloy, possibly because of the stirring
of the material during the welding.

The comparison of the hangings shows geometrical dif-
ferences depending on the dwell time. To understand its in-
fluence, different distances were measured: the size of the
base (b), the height (h), and the width (w) of the “hang-
ing” (Figures 5, 6). It shows that while the dwell time in-
creases, the size of the base increases too, which can ex-
plain the better mechanical resistance obtained with a high
dwell time. It also shows that when the dwell time is low,
the hanging stretches mostly in height. Conversely, when the



4 Texture, Stress, and Microstructure

0

17

35

52

69

86

104

(%)Fe

2 mm Fe Wt 15 kV
0

12

25

37

50

62

75

107
(%)Al

2 mm Al Wt 15 kV

(a) Dt = 0 s

0

14

28

42

57

71

85

100
(%)Fe

1000μm Fe Wt 15 kV
0

15

30

44

59

74

89

100
(%)Al

1000μm Al Wt 15 kV

Migration
of steel

(b) Dt = 2 s

Figure 7: Microprobe maps of the Fe and Al distributions around a hanging (weight percentage, 3 μm step, LCMTR Thiais in France) for
the samples with Dt = 0 second (a) and with Dt = 2 seconds (b).

0

3

6

9

12

15

19

21

(%)

1000μm Zn Wt 15 kV

Figure 8: Microprobe cartographies of Zn distribution around the
“hanging” (weight percentage, 3 μm step, LCMTR Thiais in France)
for the sample with Dt = 2 seconds.

dwell time is high, the hanging stretches laterally, without
gaining height.

4.2.2. Chemical distribution

Then, by observing the cartographies obtained by micro-
probe (Figure 7), it can be noted that there is migration of
steel into the Al alloy, Moreover, the areas with intermetallic
compounds can be located. An important chemical hetero-
geneity exists. The maps of the chemical elements highlight
also that the increase of the dwell time induces an increase of
the heterogeneity of the intermetallic areas.

A chemical analysis was performed by EDS, and it per-
mitted to conclude that, according to the dwell time, there are
different imtermetallic compounds, which are formed dur-
ing welding. Indeed, for the lower value (Figure 7(a)), there
is formation of FeAl, Fe3Al. On the other hand, for the higher
dwell time (Figure 7(b)), there is formation of FeAl, Fe3Al,
Fe2Al7, and FeAl3. The microhardness of the intermetallic
compounds which appear at the higher dwell time is much
more important, and so much more weakening than for the
lower (Table 1).

Then, the intermetallic areas have been quantified
(Table 2), and it has been found that increasing the dwell
time results in creating more intermetallic compounds.
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Figure 10: (a) The original microstructure in the studied plan under a step size of 1 μm. (b) The texture in the rolling plan of the Al alloy.

It can be noted that there are important movements of
zinc inside the aluminum part (Figure 8), which comes from
the galvanized layer of the steel sheet. The cartography of zinc
distribution permits to observe the expanse of the area af-
fected by zinc, with a high concentration under the shoulder.
As the melting temperature of zinc is worth 420◦C, it can be
assumed that this element becomes liquid during welding.

4.2.3. The cracked areas

Many cracks appeared in the intermetallic areas around the
hanging (Figure 9), but there are also frequent cracks at the
interfaces between steel and the intermetallic compounds.
These cracks may come from the passage to a molten state of
the material induced by high temperatures. Then, during the
cooling, the difference between the expansion coefficient of
the steel and that of the intermetallic compounds may have
resulted in the cracking at the interfaces.

To conclude, the weld holds thanks to the area called
“the hanging.” The more “the hanging” is wide, the more
the welding is resistant. As the welding is bimetallic, there
is formation of intermetallic compounds at the aluminum
steel interface around the hanging. It has been found that
the more the dwell time is high, the more “the hanging” is
wide, but also the more there is presence of intermetallic
compounds, which weaken the weld because of their high

microhardness [9, 10], and so which could explain the me-
chanical properties evolution.

4.2.4. The microstructure of alloys before welding

The Al alloy sheet was hot rolled. Therefore, original mi-
crostructure is composed of medium-sized grains (with a di-
ameter between 60 and 80 μm) (Figure 10(a)). There are al-
most no subboundaries (defined as grain boundary which
misorientation is lower than 15◦). And from the obtained
microstructure, it can also be noticed that most grains have a
{001} plan parallel to the studied plan.

Then, the calculation of the orientation distribution
function (ODF) corresponding to the aluminum before
welding (Figure 10(b)) presents a classical texture composed
of the cube orientation {100}〈010〉. The presence of a sec-
ondary component close to Goss orientation can be ob-
served.

Concerning the steel microstructure, it is constituted of
small grains (around 8 μm) (Figure 11). There are many
grains whose plan is {101}. The obtained texture, repre-
sented in the Euler space in Figure 11(b), corresponds to a
classical texture of rolling, with the presence of α and γ fi-
bres visible on the section at ϕ2 = 45◦. It can also be noted
that the sharpness stays relatively weak because the maxi-
mum reached is only 6.4.
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4.2.5. Comparison of the microstructures obtained
with different dwell times

Different orientation maps were measured by EBSD in the
aluminum part, all of dimension 200 μm× 400 μm with a
1 μm step. To observe the evolution of the microstructure
closer and closer to the welding spot, horizontal displace-
ments were performed from the original microstructure to
“the hanging” (Figure 12) for 2 values of dwell time (0 and 2
seconds).

The most important difference between both dwell times
concerns the extent of the recrystallized area. Indeed, for Dt
= 0 second, at 9000 μm far from the weld center, the mi-
crostructure corresponds to the original one. But, on the
contrary, for Dt = 2 seconds, at 9000 μm, the microstruc-
ture is still far from the original one; the grains are elon-
gated, and it remains subboundaries. This difference is high-
lighted by the curve in Figure 13, which shows the evolution
of the percentage of subboundaries depending on the dwell
time.
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The passage from a microstructure composed of sub-
boundaries to a microstructure without subboundaries,
when approaching the hanging, corresponds to the maxi-
mum of the curves in Figure 13. Indeed, getting closer to
the welding center, the mixing tends to increase the bound-
ary misorientation. Then, when the misorientation reaches
15◦, the low-angle boundaries are replaced by the high-
angle boundaries, which correspond to the maximum of the
curves. There seems to be a shift of this maximum depending
on the dwell time because of the difference in the tempera-
ture and the deformation reached in the welds. Indeed, if we
assume that the passage to a misorientation higher than 15◦

is associated to a critical couple (ε,T)c, it is obvious that this
couple will be reached farther from the welding center for the
high dwell time, as illustrated in Figure 14.

After those maxima, the decrease in percentage of low-
angle boundaries is due to the transformation of low-angle
to high-angle boundaries. Then, the change of slope in the
curve (ε, T) at around 1 mm from the weld center can be due
to the friction effect of the tool on the material. This change
of slope induces the drastic drop of low-angle boundaries ob-
served very close to the nugget (Figures 13, 14), resulting in
the formation of dynamically recrystallized microstructure
with small grains highly misoriented. Obviously, it remains
to check this hypothesis of (ε, T) evolution by a simulation
of temperature and deformation, for instance, [11].

4.2.6. Evolution of the microstructure of the aluminum
part after welding

Far from the welding nugget, the microstructure is described
above, that is, the microstructure of the original aluminum
sheet. Then, getting closer to the welding center, there is an
apparition of dislocation substructure, characterized by low-
angle (misorientation <15◦) boundaries inside grains. In-
deed, when the temperature and the deformation increase,
the phenomenon of recrystallization is more activated and so
the subboundaries misorientation increases [12, 13]. Conse-
quently, near the welding center, a recrystallized microstruc-
ture of small grains is obtained. This metallurgical phe-
nomenon corresponds to the continuous dynamic recrystal-
lization (Figure 15). The texture obtained close to the weld-
ing center seems to be identical with the two values of the
dwell time; it is composed of the orientation {012}〈221〉, but
these results must be taken with precaution because the stud-
ied areas are small and contain large grains (less than 100
grains per map), and so the statistic is poor. In order to re-
fine the analysis of the texture, it would be better to increase
the size of the analyzed areas.

5. CONCLUSION

This study had the aim to understand the influence of the
dwell time on the microstructure around the weld. At first,
it has been found that when increasing the dwell time, there
seems to be an improvement of the tensile shear strength.
Indeed, a long dwell time induced a larger welded area, but
simultaneously a long dwell time induced a higher quan-
tity of intermetallic compounds (especially FeAl, Fe2Al5, and
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Table 1: Description of the different intermetallic compounds.

Bimetallic
compounds

Dwell time (s) Al content (atomic
percentage)

Structure [10]
Microhardness
(HV) [10]

Fe3Al 0 and 2 25
Ordered body-centered cubic
structure

260–370

FeAl 0 and 2 50
Ordered body-centered cubic
structure

420–520

Fe2Al7 2 63
Complex body-centered cubic
structure

620–730

FeAl3 2 74–76
Highly complex monoclinic
body-centered cubic structure

820

Table 2: Intermetallic compounds surface fraction according to the
dwell time (obtained by weighing).

Dwell time (second) 0 1 2

Intermetallic
compounds fraction

0.17 0.18 0.20

FeAl2) with high-microhardness values [10] (Table 1). Thus,
the dwell time must not exceed a certain value; otherwise it
can weaken the weld.

Moreover, a continuous dynamic recrystallization has
been evidenced whatever the dwell time is. Near the spot
welding, the microstructure is composed of small equiaxed
and misoriented recrystallized grains. At last, a higher dwell
time tends to widen the recrystallized area.

So, to conclude, an intermediate dwell time value gives
a good compromise between a sufficient width of the hang-
ing and limited intermetallic compounds formation, in or-
der to optimize the mechanical resistance. However, more
experiments are needed to confirm the mechanical trend.
Consequently, this study on the influence of the dwell time
should be helpful for further works on weld parameters op-
timization. It is also necessary to study the other parameters
that can increase temperature and strain such as the rotation
speed and the welding effort. Moreover, getting information
on the deformation and the temperature fields is needed.
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