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The spark plasma sintering (SPS), a variant of field-assisted
sintering (FAST) or pulsed electric current sintering (PECS),
is a novel pressure assisted pulsed electric current sintering
process, which utilizes ON-OFF DC pulse energizing. Due to
the repeated application of an ON-OFFDC pulse voltage and
current flow between powder particles, the spark discharges
and the Joule heating (local high temperature state) are
therefore dispersed to the overall specimen. The SPS process
is based on the electrical spark discharge phenomenon and
is a high efficient, energy saving technique with a high
heating rate and a short holding time. The problem of
rapid grain growth of nanomaterials during conventional
sintering can be inhibited to a larger extent by using the
SPS technique. The SPS can be used for diverse novel
bulk material applications, but it is particularly suitable for
the processing of nanomaterials. Despite such anticipated
advantages, the optimization of the process window (heating
rate-temperature-time) in SPS process is a challenging task.
More importantly, the underlying mechanisms for superfast
densification still remains to be explored.

In the above perspective, this special issue contains some
peer-reviewed research papers, which address some of the
exciting issues or illustrate new nanomaterials development
using SPS. This special issue’s papers are all very much of the
“head up” variety. First D. V. Dudina and A. K. Mukherjee
reviewed the reactive SPS on the successes and challenges of

nanomaterial synthesis. Secondly, some work on bioceramics
is covered, for example, antimony-doped tin oxide nanoce-
ramics (J. Wu et al.). Additionally, we look to some works
on the nanostructured metals, for example, nanostructured
nickel (F. Naimi et al.) and FeAl alloys (S. Paris et al.).
In the end, the SPS of nanocomposites is also introduced,
for example, graphene/Bi

2
Te
3
thermoelectric materials (B.

Liang et al.) and Ti-ZrO
2
functionally graded materials (M.

Jayachandran et al.).
This field of “nanomaterials processed by SPS” develops

very fast. This special issue is just a tip of the iceberg, but we
also can conjure up the whole thing through seeing a part of
it.

We thank all the authors for their contribution to the
literature on SPS.

Faming Zhang
Bikramjit Basu
Lianjun Wang

Izabel Fernanda Machado
Claude Estournès
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Graphene/Bi
2
Te
3
thermoelectric materials were prepared by spark plasma sintering (SPS) using hydrothermal synthesis of the

powders as starting materials. The X-ray diffraction (XRD) and field emission scanning electron microscope (FE-SEM) were used
to investigate the phase composition and microstructure of the as-prepared materials. Electrical resistivity, Seebeck coefficient,
and thermal conductivity measurement were applied to analyze the thermoelectric properties. The effect of graphene on the
performance of the thermoelectric materials was studied. The results showed that the maximum dimensionless figure of merit
of the graphene/Bi

2
Te
3
composite with 0.2 vol.% graphene was obtained at testing temperature 475K, 31% higher than the pure

Bi
2
Te
3
.

1. Introduction

Thermoelectric (TE) materials can directly convert thermal
energy to electricity and vice versa through all solid-state
energy conversion. They have been considered as one of
the potential solutions to energy crisis and global climate
changes [1–3]. Good thermoelectric materials require a high
Seebeck coefficient (𝛼), high electrical conductivity (𝜎), and
low thermal conductivity (𝜅) for a high figure of merit
(𝑍 = 𝛼2𝜎/𝜅), which is related to the thermoelectric energy
conversion efficiency. These parameters are not independent
for a given material.

Bismuth telluride- (Bi
2
Te
3
-) based compounds, as one

of the most excellent thermoelectric materials near room
temperature, are extensively used in the area of medical
appliance, microelectronic devices, biologic slug, and so
on [4, 5]. Due to the wide practical applications, a great
deal of research has focused on improving the TE proper-
ties of Bi

2
Te
3
materials [6–12]. Nanostructure can enhance

the electronic density of states near Fermi level, and the
nanostructured thermoelectricmaterials have a large number
of boundaries that will strongly scatter the phonons and
carries [13]. Therefore, the Seebeck coefficient is improved,

and the thermal conductivity is reduced, which lead to the
improvement of thermoelectric properties.

Graphene has become one of the most exciting topics
of research in recent years. This two-dimensional material
constitutes layers of carbon atoms arranged in six-membered
rings. As a new kind of functionmaterials, graphene has high
conductivity, high carrier mobility, and excellent mechanical
properties [14, 15]. So, it has been widely used to prepare
various kinds of functional composites since the first report
of the free standing graphene [16–20].

In this work, Graphene/Bi
2
Te
3
nanopowders with dif-

ferent graphene contents were synthesized by hydrother-
mal synthesis, and then bulk materials were fabricated by
spark plasma sintering (SPS). The TE properties of the
Graphene/Bi

2
Te
3
composite materials sintered body, pre-

pared from the synthesized nanopowders, were character-
ized. Our studies focus on the particle morphology and
sintering behavior of Graphene/Bi

2
Te
3
nanopowders.

2. Experimental Procedure

All the chemicalswere of analytical grade andwere usedwith-
out further purification. Graphene nanosheet (J&K Scientific
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Inc.) was dispersed in the alcohol to form a certain concen-
tration of solution.

In a typical procedure, BiCl
3
and Te powders with the

stoichiometric ratio of Bi : Te = 2 : 3 were mixed in a beaker
filled with a certain amount of distilled water. Then different
quantities of graphene nanosheet (0, 0.1 vol.%, 0.2 vol.%,
2 vol.%) were dissolved in the beaker. The solution was
stirred immediately following the addition of NaOH as the
pH controller, hydrazine hydrate (N

2
H
4
⩾ 50% v/v) as

the reductant, and ethylenediamineteraacetic acid disodium
salt (EDTA-2Na) in sequence. The process of ultrasonic
agitation lasts 0.5 h. Finally, the solution was removed into
the autoclave with the water up to 80% volume. The solution
was heated to 180∘C and then cooled naturally to room
temperature after about 8 h. The dark-grey powders in the
autoclave were centrifuged and washed with distilled water
and anhydrous ethanol several times and then dried in
vacuum oven at 60∘C for 5 h. The phase structures of the
samples were investigated by X-ray diffraction (XRD) using
Cu/K𝛼 radiation (𝜆 = 1.54056 Å). The morphologies of
powders were observed by field emission scanning electron
microscopy (FESEM).

The as-prepared Graphene/Bi
2
Te
3
nanopowders were

sintered using spark plasma sintering (Dr. Sinter 725; Sumit-
omo Coal Mining Co., Tokyo, Japan).The nanopowders were
loaded into cylindrical carbon dies with an inner diameter
of 10mm. The heating rate was controlled in the range of
70∘C/min, and the pressure was set at 80MPa. The final
temperature was selected at 350∘C for a dwelling time of
6min. The Seebeck coefficient and electrical conductivity
were measured by using temperature differential and four-
probe methods, respectively, with Ulvac-Riko ZEM-3 equip-
ment in a helium atmosphere. The thermal conductivity
was estimated from the specific heat, thermal diffusivity,
and density by using DSC, laser flash method (Model No.
LFA 447 NanoFlash), and Archimedes immersion method,
respectively.The thermoelectric figure ofmerit was evaluated.

3. Results and Discussion

Figure 1 shows the X-ray diffraction (XRD) patterns of
Graphene/Bi

2
Te
3

compounds with different contents of
graphene.Main diffraction peaks in Figure 1 could be indexed
according to JCPDS 15-0863 for Bi

2
Te
3
. Diffractions of other

phases could not be found such as Te, Bi, or their compounds.
It indicated that we had obtained a pure Bi

2
Te
3
phase with

good crystallinity. As the contents of graphene in the com-
posites are very low, the diffraction peaks of graphene show
low strength. We found that the Graphene/Bi

2
Te
3
composite

powders showed the same XRD pattern as the Bi
2
Te
3
.

Figure 2 shows the morphologies of the as-prepared
Graphene/Bi

2
Te
3
nanopowders with different concentrations

of graphene. Figure 2(a) reveals the synthesized Bi
2
Te
3

powders with a size of 30∼200 nm, which are agglomerated
and nonuniform. Figure 2(b) demonstrates the existence of
graphene in the composite powders (marked by arrow), and
the particle size is uniform. This is because the presence of
graphene hindered the Bi

2
Te
3
grain growth.Therefore, Bi

2
Te
3
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Figure 1: XRD patterns of Graphene/Bi
2
Te
3
nanopowders with dif-

ferent contents of graphene.

Table 1: Relative density of Bi2Te3/graphene bulk materials fabri-
cated by SPS.

Content of graphene
0 0.1 vol.% 0.2 vol.% 2 vol.%

Actual density (g/cm3) 7.71 7.70 7.68 7.57
Theoretical density (g/cm3) 7.86 7.85 7.85 7.79
Relative density 98.09% 98.09% 97.83% 97.18%

grains become smaller and homogeneous. FromFigures 2(c)-
2(d), the existence form of graphene and Bi

2
Te
3
can be

observed clearly. A large number of Bi
2
Te
3
particles were

coated by large nanosheet of graphene. Figure 2(d) is the
place that the arrow pointed in Figure 2(c).The coated Bi

2
Te
3

particles can be seen clearly through the graphene.
SPS was used to densify the Bi

2
Te
3
/graphene compos-

ite powders. The actual densities of Bi
2
Te
3
/graphene bulk

materials were calculated using the Archimedes immersion
method with deionized water as the immersionmedium.The
theoretical densities of the sapmles were calculated according
to the rule of mixtures. The relative densities are shown
in Table 1. The results reveal that the relative densities of
the Bi

2
Te
3
/graphene bulk materials decrease slightly as the

contents of graphene increase.
Figure 3 shows FESEM images for the fracture surface of

bulk samples with different contents of graphene. Comparing
pure Bi

2
Te
3
sample with 2 vol.% graphene composited sam-

ples, it is easy to find that the pure Bi
2
Te
3
samples are well-

densified, but there are some holes (marked by arrow) in the
composite. And, it is observed that the average grain sizes of
the two bulk samples are obviously different. The grain size
of composite sample is smaller than pure Bi

2
Te
3
sample. It is

suggested that the existence of graphene not only reduced the
density of the sample but also decreased the size of grains.The
density reduced makes the carrier concentration drop which
is detrimental to the improvement of electrical conductivity.
But, at the same time, the decrease of the grain size increases
the ability of grain boundary scattering phonons, which is
beneficial to the decrease of the thermal conductivity.



Journal of Nanomaterials 3

(a) (b)

(c) (d)

Figure 2: FESEM images of graphene/Bi
2
Te
3
nanopowders with different graphene contents, (a) 0, ((b)–(d)) 2 vol.%.

(a) (b)

Figure 3: FESEM fractographs of bulk Bi
2
Te
3
/graphene with different graphene contents, (a) 0, (b) 2 vol.%.

The temperature dependence of Seebeck coefficient is
presented in Figure 4(a). The negative Seebeck coefficient
confirmed that the electrical charge was transported mainly
by electron and all the samples are n-type conductor. A
similar varying trend of the Seebeck coefficient is showed in
the whole measuring temperature range. The absolute values
of Seebeck coefficient first increase and then decrease with
raising the measuring temperature. The Seebeck coefficient
of semiconductor can be expressed as

𝛼 = (𝛾 + 𝐶 − ln 𝑛
𝑒
)

𝑘
𝐵

𝑒

, (1)

where 𝑘
𝐵

is the Boltzmann constant, 𝑒 is the electron
charge, 𝛾 is the exponent of the power function in the

energy-dependent relaxation time expression, 𝐶 is constant,
and 𝑛

𝑒
is the electron concentration. Therefore, as shown

in Figure 4(a), the Seebeck coefficient of Graphene/Bi
2
Te
3

decreased at high temperatures (>400K) with increasing the
temperature due to an increase in the carrier concentration
by intrinsic conduction.

Figure 4(b) shows the temperature dependence of the
electrical conductivity. All the samples show a decreasing
trend in the electrical conductivitywith raising themeasuring
temperature, which indicate a metallic conducting behavior.
With the temperature rising, scattering process of lattice
vibration on the carrier is strengthened gradually, and the
carrier mobility is reduced. So, the conductive performance
of materials declines. The highest and lowest conductivity
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Figure 4: Temperature dependence of Seebeck coefficient (a), electrical conductivity (b), thermal conductivity (c), and ZT (d) for bulk
materials of different graphene contents.

values at room temperature are 1.03 × 105 S/m and 0.91 ×
10
5 S/m, respectively. There is no big difference.
Figure 4(c) shows the temperature dependence of the

total thermal conductivity on the Graphene/Bi
2
Te
3
com-

pounds.The thermal conductivity of Bi
2
Te
3
increased rough-

ly with increasing the temperature, whereas that of the gra-
phene/Bi

2
Te
3
composites decreased slightly with increasing

the temperature. With an increase in the temperature, the
total thermal conductivity of the compounds decreased
roughly.

Figure 4(d) gives the dimensionless figures of merit, ZT
of all composite samples. A remarkable tendency can be seen
from Figure 4(d). With the temperature rising, ZT value
increases and the effect of graphene is obvious.Themaximum
ZT of about 0.21 is obtained in the present work of the sample
with 0.2 vol.% graphene. The microstructure has a certain
extent effect on the performance of thematerial, but ZT value
depends on a combination of various factors, so higher ZT
could be expected by the composition optimization.

4. Conclusions

In summary, the bulk nanostructuredGraphene/Bi
2
Te
3
com-

posites have been prepared by hydrothermal synthesis fol-
lowed by spark plasma sintering. In the precursor nanopow-
ders, Bi

2
Te
3
particles were coated by graphene nanosheets

with a grain sizes varying from 30∼200 nm. The effect of
graphene composite content on the thermoelectric properties
of nanostructured bulk materials is investigated in this study.
The maximum ZT value of about 0.21 has been obtained at
475K with the 0.2 vol.% content of graphene, which is 31%
higher than that of pure Bi

2
Te
3
materials.
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The effects of mechanically activated powder mixture (Fe + Al) on the microstructure and the chemical composition of FeAl
compound produced by reactive sintering implying an exothermic reaction were studied. Firstly, the characteristics of Fe/Al
mechanically activated powder mixtures were investigated in terms of their phase composition and microstructure. The high-
energy milling allowed the formation of micrometric agglomerates composed of nanometric crystallites of iron and aluminum.
Three aggregate sizes class A: 𝜙 < 125 𝜇m, class B: 125 𝜇m ≤ 𝜙 < 250 𝜇m, and class C: 𝜙 ≥ 250 𝜇mwere considered.The latter class
enhanced the reactivity of powder mixtures due to an increase of interfaces in contact as an analogy to nanostructured multilayer
systems. Interrupted SPS experiments were performed on these mixtures to understand the origin of chemical heterogeneities
observed after the reactive sintering. Formation of the intermediate phase Fe

2
Al
5
at ∼510∘C was accompanied by an exothermic

reaction and a linear expansion and followed by the formation of small amount of FeAl. The conversion to FeAl was complete at
temperatures higher than the melting point of Fe

2
Al
5
(1170∘C). Finally, a phase evolution between Fe and Al versus the temperature

during the reactive sintering is suggested.

1. Introduction

Obtaining dense FeAl compounds with a perfectly controlled
microstructure is of interest because of improved hardness
and strength but also because of expectations of better
ductility and toughness for these intrinsically brittlematerials
[1]. Techniques for producing ultrafine grained bulkmaterials
have been extensively studied over the last decade [2–9].They
include consolidation fromnanostructuredmilled powder by
using conventional hot compaction [2, 3], thermal spraying
by different processes such as high velocity oxy-fuel (HVOF)
[4–6] as well as the spark plasma sintering (SPS) [7–9].
Prior works reported that SPS was an effective method for
the synthesis of monolithic FeAl compounds using powders
prepared via ball-milling [10–12]. Consequently, it is cru-
cial to control the microstructure of mechanically activated
powder mixtures (called hereafter MAP-mixture) which can
be considered as agglomerates composed of nanoreactants.
SuchMAP-mixtures are reported to be combustion synthesis
nanoreactors [13]. Indeed, the combustion front reaction

propagates in individual aggregate from the surface to the
core. In addition, this fine multilayers system inside MA-
agglomerates allows to improve the combustion synthesis
parameters such as an increase of the combustion front
velocity (by a factor 3 or 5 in the case of Mo/2Si [14]
and of Fe/Al systems, resp. [15]) or decrease the ignition
temperature of the exothermic reaction between Fe and Al
by 100∘C down to about 400∘C [16]. However, the decrease
of the grain size down to the nanometer scale is not the only
pertinent parameter. Indeed, the quality and the size of the
exchange surface between reactants are essential, especially
when a mechanical pressure is applied during a liquid-
solid reaction [17]. Such contacts between particles play a
major role in the heat conduction and the kinetics of the
reaction. For example, in contrast to combustion synthesis
of MAP-mixtures, the reaction from Fe/Al nanostructured
powders prepared by evaporation-condensation in cryogenic
media [18] leads to the formation of alumina with some
minor FeAl compounds [19]. The purpose of this work is to
control the characteristics (morphology, structure, chemical
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composition, analogy with fine multilayers systems without
any mechanical alloyed phases) of mechanically activated
powder mixtures. In addition, to understand the origin of
the FeAl chemical heterogeneities, SPS-stop experiments (i.e.,
when the current is switched off) were performed at desired
temperatures determined from the SPS shrinkage curve.
Consequently, each stage of the synthesis and the consolida-
tion of FeAl by SPS reactive sintering were investigated.

2. Experimental Procedure

The synthesis process to produce dense nanostructured FeAl
from elemental powders (Fe + Al) is composed of two
steps [20]: (i) mechanical activation of the elemental powder
mixture by a short duration treatment in a high energy
planetary ball-mill and, (ii) synthesis and densification of
FeAl in one step by reactive sintering using SPS equipment.

The Al and Fe reactants are taken in the stoichiometric
ratio 53 at.% Fe. 10 g mixture of elemental powders of Al
(Cerac, 15–20𝜇m in particle size, and 99.5% purity) and Fe
(Prolabo, 10–15𝜇m in particle size, and 99.5% purity) was co-
milled in confined air via a planetary ball vario-mill Fritsch
Pulverisette 4 [22, 23]. Based on previous works [10, 16],
a specific ball-milling condition was established at 150 rpm
(rotation per minute) for the disk rotation speed, −200 rpm
for the absolute vial rotation speed, and 4 h uninterrupted
milling duration. The charge ratio C

𝑅
(ball to powder mass

ratio) was 7. The powders being constituted of quite abrasive
materials, a short duration of milling has been selected to
avoid any contamination of the product by the milling tools.
In fact, in order to limit the powder contamination by the
milling tools but also to increase simultaneously the yield
of MAP-mixtures, three millings without cleaning milling
tools have been carried out. Indeed, under these conditions,
the ductile character of powders induced the formation of
FeAl coating on the vial surface aging as a protective liner
against the abrasion on the surface of tempered steel tools.
In addition, the milling parameters were selected to be short
to avoid the formation of mechanically induced phases but
still sufficiently long for producingMA-agglomerates. In fact,
fracture and welding are the two basic events which cause a
permanent exchange ofmatter between particles and ensure a
mixing of components at a nanometer scale level [10, 16]. To
perform study of the aggregate size effect, two sieves of 125
and 250 𝜇mmesh size were selected in order to prepare three
granulometric classes.

Then, these MA-powders were introduced in the SPS
apparatus [24] for performing reactive sintering implying
an exothermic reaction. The mechanically activated powders
were first cold compacted into green body in a cylindrical
graphite die lined with graphite foil using a uniaxial pressure
of 80MPa during 2min. The relative density of the green
sample resulting from the cold compaction was about 70%,
determined by geometrical measurements. The graphite die
containing the cold-compacted sample was set inside the
SPS chamber. SPS process is a pressure-assisted pulse-current
sintering inwhich by repeated application ofDCpulses, spark
point discharges and Joule heating points result in efficient

sintering with low power consumption. The experimental
procedure is well detailed elsewhere [11]. A uniaxial pressure
of 14 kN (i.e., 70MPa) was applied both during the reaction
and during the cooling. A high DC current was generated,
increasing from 0 to 1750A in 20 s then held at the maximum
value for 160 s.Thus, the total duration for applying DC pulse
current from the beginning of the heating to the beginning
of the cooling is equal to 4 minutes. Temperatures were
measured by means of a K-type thermocouple inside a hole
located at 3mm of sample surface. The end-products were
typically disks of 18.8mm in diameter and from 2.2 up to
5.5mm in height. Before characterization, samples were first
polished with 180-grit silicon carbide and down to 1𝜇m
with diamond paste and, finally cleaned in an ultrasonic
ethanol bath in order to remove surface contamination from
graphite foil. The density of sintered products was evaluated
by Archimede’s method.

For each “quenched” sample corresponding to SPS stop
experiments, a phase and a chemical analysis were carried
out, respectively, by X-ray diffraction (XRD) and by scanning
electronmicroscopy (SEM).These quenchingmeans freezing
the different stages from shrinkage curve at desired tempera-
tures of the SPS process by shutting off the electric current. X-
ray powder diffraction (XRD)measurementswere performed
using a D5000 Siemens high-resolution diffractometer with
a monochromatic Cu-K

𝛽
beam (𝜆 = 0.1392 nm) focused

with a secondary curved graphite monochromator. Pattern
decomposition was achieved by means of the profile-fitting.
At the same time, a least-square refinement programwas used
to determine the cell parameter of reactants. A JEOL 6400F
Scanning Electron Microscope (SEM) with a field emission
gun (FEG) and coupled with a LINK OXFORD Energy
Dispersive X-Ray Spectrometry (EDXS) was used to analyze,
respectively, the grain morphology and the local chemical
composition ofmaterials. Consequently,MAP-mixtures were
embedded and polished whereas dense materials were cut
along the axial direction and were embedded in carbon
charged resin (Konductomet). A back-scattered electron
(BSE) technique was also used to determine the elemen-
tal chemical distribution. To estimate the global chemical
composition, EDXS measurements were also performed on
FeAl products annealed at 950∘C in vacuum during 48 hours
in order to get a reference material; these analyses were
performed on square surfaces (100× 100 𝜇m2). The chemical
compositionwas determined from 50measurements. An ICP
plasma torch (ICP OES Vista Pro commercialized by Varian)
coupled with a Meinhardt nebulizer and cyclonic chambers
(200 kPa, 1.3 kW) was also used to check the Fe and Al
contents.

3. Results and Discussion

3.1. The MAP-Mixture. Themicrostructure analysis deduced
from XRD, SEM, and ICP experiments of all MAP-mixtures
including polydisperse mixture is reported in Table 1. In
comparison with the classical mixture (Turbula) composed
of micrometer sized grains (10–15𝜇m and 20𝜇m for Fe
and Al, resp.) [15], the mechanical activation stage allows
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Table 1: Average characteristics in terms of chemical composition and microstructure parameters (crystallite size, microdistortion level, and
lattice parameter) for each class of MAP-mixtures (Fe + Al) in comparison with those obtained by a TURBULA classical mix. aJCPDS Al =
0.4049 nm, aJCPDS Fe = 0.2866 nm. ∗Average characteristics 𝑖 = ∑(Characteristic 𝑖 × yield of each granulometric class). ⧫Grain size given by
suppliers.

Characteristics TURBULA powders
MA powders resulting from the third ball-milling

Polydispersity Seaved—grain-size ranges Φ (𝜇m)
Average∗ 3rd milling Class A < 125 Class B 125–250 Class C ≥ 250

Yield (%) 100% 96% 8 ± 4 17 ± 2 75 ± 03
Chemical composition

Global—ICP (%at. Fe) 53 ± 1 53 ± 3 53 ± 3 45 ± 3 47 ± 4 55 ± 3
Global—EDXS (%at. Fe) 53 ± 1 53 ± 2 53 ± 2 46 ± 2 49 ± 2 54 ± 1

Microstructure
Fe
Crystallite size (nm) 10–15𝜇m⧫ 53 50 90 ± 5 67 ± 4 45 ± 3
Microdistortion level (%) 0.13 0.13 0.10 0.12 0.14
Lattice parameter (nm) 0.2866 (3) 0.2867 (1) 0.2867 (2) 0.2866 (9) 0.2867 (4) 0.2868 (3)

Al
Crystallite size (nm) 20𝜇m⧫ 70 70 110 ± 7 87 ± 5 62 ± 3
Microdistortion level (%) 0.09 0.08 0.08 0.08 0.09
Lattice parameter (nm) 0.4049 (2) 0.4049 (9) 0.4050 (4) 0.4050 (2) 0.4050 (6) 0.4049 (7)
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Figure 1: X-ray diffraction pattern of Fe/Al MAP-mixtures (theo-
retical XRD peak position of FeAl phase from ICDD n∘01-1257).
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Figure 2: SEM (BSE mode) micrographs showing and comparing
differentmorphologies ofMAP-mixtures (53 at.% Fe/Al) in function
of the granulometry class (P4 (150/−200/4h)). The bright layers and
the dark ones are Fe and Al phase, respectively [21].

the formation ofmicrometer sizeMA-powders (ranging from
0.4 𝜇m up to 800 𝜇m) constituted of Fe and Al with an
average crystallite sizes of 50 nm and 70 nm, respectively.

The size distribution of MAP-mixtures is very wide and
may be responsible for some heterogeneity after SPS reactive
sintering. Taking into account the detection limit of the
apparatus, XRD patterns which performed MAP-mixtures
confirm that no mechanical alloyed phase is formed during
themilling (Figure 1). In fact, only Fe and Al XRD peaks were
observed and any modification of the lattice parameters of
these phases was highlighted. The internal microstructure of
the MA powders depended on the aggregate size (Figure 2).
From chemical composition, microstructure, and structure,
the yield of each aggregate size was calculated (Table 1). The
yield was improved when the size of MA-powders increased;
as an example 75% of MAP-mixtures had larger size than
250𝜇m.The size difference can be explained by an activation
degree of powder which increases with the agglomerate
size. This operation allowed selecting three classes of MA-
agglomerates, having different particle sizes: (i) class A: 𝜙 <
125 𝜇m, (ii) class B: 125 < 𝜙 < 250𝜇m, and (iii) class C: 𝜙 >
250𝜇m. A fourth batch of powder labeled as “polydisperse”
was also studied, that is, without any size separation.

From SEM observations of the MA-aggregate cross-
sections (Figure 2), it is obvious that the morphology and
the microstructure between each class are heterogeneous
and may be responsible for the chemical contrast observed
in sintered products [10, 12]. Indeed, SEM observations
of MA-agglomerates (Figure 2) revealed that the chemical
distribution between Fe (white color) and Al (dark color) is
different from one type of aggregates to another one. Even
after a mechanical activation step, the initial grain size of Fe
(10–15 𝜇m) and Al (20𝜇m) is still observed in smaller MA-
aggregates (Class A, Figure 2(a)). In addition, concerning
the medium MA-agglomerates (Class B, Figure 2(b)), some
grains of Fe and Al are slightly elongated and had a thickness
in the range of few micrometers. Finally, only large MA-
aggregates (i.e., Class C, Figure 2(c)) may be considered
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as Fe/Al multilayers. Indeed, this latter is comparable to
the Fe/Al diffusion couples. Moreover, a variation of the
aggregate morphology inside this lamellar structure can be
observed on the larger agglomerate (Class C). The analogy
with multilayers structure is improved from the surface to
the center of the agglomerate. In comparison to the initial
powders, the thickness reduction of Al elongated grains (i.e.,
layers) is greater than those of Fe especially at the center
of aggregates (i.e., ranging from 100 nm to 500 nm). Similar
behavior has been reported for other systems such as Al-Cr
[25] and Al-Mo [26]. In the center of agglomerate, it can
be assumed that the microstructure of the powder particles
could not be solved using SEM, since the size of layers
has been reduced below 0.2 micrometer. Between the finest
multilayers, it is possible to distinguish the presence of a new
intermediate color (gray) (Figure 3(a)) that consisted of 53
at.% Fe from chemical analyses (Figure 3(b)). These confirm
the well-established Fe/Al diffusion couples, the improve-
ment of powder reactivity, and, therefore, the conversion rate.
In fact, according to Fe/Al binary phase diagram [27] and
to the schematic diagram showing the possible hierarchy
of phase formation in the case of a diffusion couple [28],
this interfacial intermediate phase may correspond to an
amorphous phase, a Fe or Al rich solid solution, and/or
another intermetallic phase like Fe

2
Al
5
formed at higher

temperature [29].This latter intermetallic is assumed to form
after an annealing of Fe/Al multilayer thin films [30].

From Table 1, the crystallite sizes of reactants are in the
nanometric range for both Al and Fe parts. In particular,
the crystallite size of Fe (idem for Al) decreases when the
size of MA-aggregates increases whereas the Fe microdis-
tortion rate decreases (no evolution is observed for Al). In
addition, whatever the granulometry, overestimated value of
aluminum amount (70 at.%) was determined. Similar results
were obtained for powders mixed during 4 h in Turbula.
This difference can be explained by the higher analyzed XRD
depth (∼7 times) of Al (30 𝜇m) in comparison with that of Fe
(2.4 𝜇m) for a similar fraction of irradiated area. Neverthe-
less, as the Fe particles seem to be embedded by an aluminum
layer, a careful interpretation is needed. In addition, whatever
the granulometry, no contamination (mainly by Cr) from
milling tools has been observed (Figure 3(b)). Nevertheless,
the global chemical analysis of aggregate shows a significant
amount of oxygen (<10 at.%) which increases with the grain
size, that is, 5, 7, and 9 at.% for the smallest (Class A), the
medium (Class B), and the larger (Class C) agglomerates,
respectively. Similar results were reported by Godlewska
et al. [31]. However, the origin of the oxygen may be due
to the milling atmosphere (confined air) containing oxygen.
Nevertheless, these oxides are not detected by XRD (in the
detection limit of the apparatus). This study confirms the
interest to use high-energy ball-millingwithout cleaning vials
in order to avoid any contamination.Moreover, the formation
of passive layer around themicrometric aggregate surfacewill
reduce considerably the reactivity towards ambient air of the
isolated nanometric particles allowing storage, transport, and
handling.

Although the ball-milling conditions are identical for
each granulometric class (P4 (150/−200/4 h), noticeable het-
erogeneities have been found to appear whatever the scale
observation (from macroscopic to microscopic levels) in
micrometric Fe/Al MA-aggregates. Transverse observations
have shown that aggregates are heterogeneous and that they
are responsible for the chemical contrast present on reactive
sintered compound. Similar behavior was observed in the
case of the Mo/2Si agglomerates [32]. Heterogeneities of
Fe/Al aggregates depend on their size. Consequently, the
control of the MA-aggregates features (chemical composi-
tion, microstructure, intergranular porosity, etc.) is crucial
in order to elaborate intermetallic compounds with expected
properties. Such a result is emphasized because Fe/Al
MA-aggregates can be considered as combustion synthesis
nanoreactors [13]. To adjust the specific characteristics of
MA-aggregates for expected foreseen applications, it is neces-
sary to understand the origin of such heterogeneities. A simi-
lar behavior, that is, the observation of heterogeneous micro-
metric aggregates composed of nanostructured reactants was
already reported in the case of the production of items
from cold-rolling process [33]. A nanometer size multilayers
system and the chemical homogeneity are obtained when
the number of cycle is increased and when the mechanical
pressure is higher. Consequently, it is possible to assume that
the difference ofMA-aggregate characteristics must be due to
a modification of plastic deformation mechanism during the
ball-milling process [34, 35]. In MA techniques, the repeated
fracture-welding process results in an intimate mixture of
the two constituents with a concomitant increase of the
defect concentration and strain in the mixture. In the case
of ductile-ductile powder mixture (such as Fe/Al system),
milling refines the grain size further to a lamellar structure
and even greater number of defects are introduced [36–38].
Ball-milling conditions have an influence on the nature and,
also on the concentration of defects and, consequently on
the chemical homogeneity. High energy planetary ball-mill
(especially pulverisette P4), in which the rotation speeds of
vials and the plate can be selected independently, allows
extending the milling investigation for producing powders
with the desired characteristics [39–44]. Oleszak and Shingu
[34] reported that the shape of agglomerates with different
chemical composition from 50 to 100 at.% Fe is more regular
when the milling duration is prolonged. According to El-
Eskandarany et al. [45], the large distribution of the MA-
aggregates size indicates that the growth mechanism of
aggregates to obtain powders with optimal characteristics is
not complete. It can be stipulated that the heterogeneity can
be due to a difference of co-milling effective duration.Milling
injects an additional energy to the reactant system in the form
of the interfacial and strain energies and effectively lowers
the activation barriers. In fact, in a few minutes to one hour,
the lamellar spacing (Figure 3(a)) usually becomes small (few
micrometers) and the crystallite size is refined to nanometric
dimensions.Moreover, the presence of structural defects (i.e.,
dislocations, vacancies, staking faults, grain boundaries, etc.)
enhances the diffusivity of dissolved elements into thematrix.
Additionally, the slight temperature increase during milling
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layers and the dark ones are Fe and Al phase in the agglomerates, respectively. Contrast of brightness is characteristic of the heterogeneity
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supports the diffusion and, consequently, a true alloying takes
place among the constituent elements.

3.2. SPS Reactive Sintering. TheseMAP-mixtures were intro-
duced in the SPS apparatus for performing reactive sintering
according to conditions previously described. The control
of the SPS processing parameters has been found to allow

the formation of a dense FeAl compound (close to 99%)
forming amicrostructure with nanosized coherently diffract-
ing domains [12]. TEM analyses have been found to reveal
that the nanoorganization, especially the nanosize of the
coherently diffracting domain size, was due to dislocation
networks [12]. The beneficial effect of the SPS process on
the densification was demonstrated elsewhere [11] showing
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Figure 5: Evolutions of (a) the voltage (V), intensity (I/10) and pressure (kN × 10) and of (b) the temperature (T) and the displacement versus
the time of a sample sintered at 1750A and 70MPa.

that the relative density increased with the heating rate, the
applied pressure, and the holding time up to a critical value.
SEM observations (Figure 4) of the sintered sample showed
clearly the presence of heterogeneous chemical compositions
which differ versus MA-aggomerate size. In order to explain
the origin of these heterogeneities, SPS-stop experiments
were carried out using only larger MA-agglomerates (Class
C) in which the chemical contrast seems to be stronger
and also closer to expected FeAl stoichiometry (53% at. Fe,
Table 1). Figure 5(a) presents the evolution of SPS processing
parameters versus the time during the reactive sintering from
Fe +Al. In addition, as presented in Figure 5(b). From a fine
analysis of such curves associated to reaction mechanisms,
it is possible to describe the different sintering stages of
the process leading to the formation of FeAl during a
reactive sintering implying an exothermic reaction, that is,
temperatures at which expansion and phase transformation
take place. Such analysis allows selecting “interesting” tem-
peratures that is performing SPS “stop.” From Figure 5, five
distinct successive stages can be highlighted labeled as zones
I to V. XRD patterns from the SPS end-products quenched

from different temperatures are presented in Figure 6. The
corresponding microstructure contrast due to the difference
in chemical composition is presented in Figure 7. The phase
identification deduced from XRD characterization analysis
and the chemical composition determined by EDX are also
reported. It can be clearly stated that the nature of the
phases determined by XRD (Figure 6) and microstructure
observed by SEM (Figure 7) change versus the temperature.
For describing all stages of the reactive sintering in the Fe/Al
system, the linear expansion (deduced from Figure 5(b))
and the relative density evolutions were plotted versus the
temperature (Figure 8).

In Zone I, as can be observed (Figure 8), the displacement
increases slowly from the room temperature to 400∘C. A SPS-
stop experiment carried out at 350∘C revealed the absence of
chemical interaction. The sample contained only Fe (bright
layers) andAl (dark layers) like the initial green sample which
is validated by the XRD analysis (Figure 6(b)). This confirms
that no significant reaction occurs from RT up to 400∘C.
Consequently, the slight expansion in Zone I was caused by
the thermal expansion of particles, die, and gas.
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In Zone II, from 400∘C to 500∘C, a slight shrinkage of the
sample is observed (Figure 8(a)).

At 450∘C, for the sample quenched from 450∘C, an inter-
mediate color can be observed at the Fe(s)/Al(s) interfaces
(Figure 7(a)). Using energy dispersive spectroscopy (EDS),
the dark gray phase surrounded by iron gets an atomic
percent Fe equal to ∼30 ± 2. This latter can be identified as
an amorphous or crystallized intermetallic phase rich in Al
(such as Fe

2
Al
5
according to the Fe-Al phase diagram [27])

and/or as a solid solution of Fe(Al) or Al(Fe). In particular,
Thompson [46] has pointed out that an interdiffusion is
necessary between pure components at the interface before
the nucleation of any intermetallic compound. In addition,
it was reported [21] that at temperatures below 300∘C, the
interdiffusion of Fe in f.c.c Al is faster for Al-Fe diffusion
couple. Above this temperature, the diffusion behavior is
opposite; that is, interdiffusion of Al in b.c.c. Fe is faster. From
calculated free energy at 450∘C, intermetallic compound can
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Figure 8: Evolution of (a) of the linear expansion during a SPS
reactive sintering from Fe + Al mixture. Red points correspond
to XRD phase analysis presented in Figure 6. A zoom of the
temperature profile showing the fast increase of the temperature
characteristic of the exothermic reaction is inset. (b) Dependence of
relative density of interrupted sample, that is, of the different phases
(detected by XRD from Figure 6), as a function of temperature. In
addition, five zones in agreement with Figure 5 are presented.

nucleate within the aluminum solid solution [47]. However,
the amount of solute content (Fe) in solid solution of Al is too
small to be detected.

In Zone III, a sharp temperature elevation (3780∘C ⋅
min−1) from 500∘C to 600∘C is observed simultaneously as a
significant shrinkage which is validated by the faster stage of
densification (Figure 8). These evolutions are characteristics
of the exothermic reaction occurring between Fe and Al
powders. This latter is confirmed by X-ray analysis which
shows the presence of an unreacted Fe and the formation
of the aluminum rich Fe

2
Al
5
(Figure 6(d)) and of a minor

amount of FeAl. The formation of Fe
2
Al
5
is detectable only

from 600∘C whereas it can exist at lower temperature. As
previously observed, the dark gray phase is confirmed as
Fe
2
Al
5
(∼30%at. Fe). The intermetallic compound is formed

around the partially unreacted Fe particle (bright layer). The
interface between the Fe

2
Al
5
layer and Fe grain is irregular

due to the tongue-like morphology of the Fe
2
Al
5
layer.

Similar morphology was observed during dipping solid Fe
in liquid aluminum [48, 49]. It can be concluded that at this
stage, despite the fact thatmelting point of Al was not reached
(660∘C), aluminumhas totally reacted to form iron aluminide
and left behind large pores (Figure 7(b)) certainly due to

Fe2O3

53%at. Fe
(FeAl)

80𝜇m

53%at. Fe
(FeAl)

Figure 9: SEM (BSE mode) micrographs of a homogeneous single
phase FeAl after thermal treatment (1000∘C, 30min) on sample
containing Fe + Fe

2
Al
5
+ FeAl phases presented in Figures 6(e) and

7(c).

a local temperature higher than measured temperature. As
reported by different authors [29], the reaction demonstrated
to be always accompanied by an expansion of the sample due
to the solid state exothermic reaction 2 Fe(s) + 5 Al⇒ Fe

2
Al
5

which occurred at ∼560–565∘C.
Then, in Zone IV from600∘C to 1100∘C, it can be seen that

the amount of FeAl increases on the expense of Fe
2
Al
5
and

Fe (Figure 6(e)). These observations are confirmed by high
resolution SEM images (Figure 7(c)). Three uniform well-
distinguished phaseswhich differ in contrast can be observed.
However the amount of FeAl is very small even after the
second reaction. The EDS analysis obtained from these
regions indicate that between Fe (bright grain) and aluminum
rich Fe

2
Al
5
there is another layer (light grey layers) exhibiting

narrowmorphology ringswith Fe concentrationmuchhigher
(55% at.) than expected in Fe

2
Al
5
(Figure 7). These may be

the rings of the aggregates. These layers are believed to be
consisting of FeAl or a mixture of FeAl with Fe or Fe

2
Al
5
.

At higher temperature (1100∘C), according to SEM analysis
(Figure 7(d)), the amounts of Fe

2
Al
5
and Fe still decrease

whereas the quantity of FeAl increases. Such observations can
be explained from diffusion couple of species. As reported
by Maitra and Gupta [30] during the formation of FeAl, the
microstructure of the diffusion couple has revealed that exist
two Kirkendall planes: one at the Fe/FeAl interface and, the
other at the FeAl/Fe

2
Al
5
interface on the Fe

2
Al
5
side. For

the Kirkendall plane at Fe/FeAl interface, it can be inferred
that Fe diffused faster (∼×104) than Al in the Fe-rich part
of FeAl. A similar conclusion can be drawn for the other
Kirkendall plane in agreementwith the diffusivity values [50].
These observations are confirmed from activation energy for
the growth of the FeAl layer. The activation energy for the
growth of the FeAl layer is larger (180 kJ⋅mol−1) than that for
the diffusion of iron atoms into Fe

2
Al
5
(141 kJ⋅mol−1) and is

smaller than that for the diffusion of aluminum atoms into
FeAl (340 kJ⋅mol−1) [51]. It was identified that the growth of
all intermetallic layers was controlled by the diffusion of Fe
atoms into the Al-richer intermetallic layers [52].The growth
of the FeAl layer was likely controlled by the diffusion of iron
atoms into the Fe

2
Al
5
layers.
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Figure 10: Phase evolution from Fe/Al MAP-mixtures for producing pure FeAl compound by reactive sintering.

Finally, in Zone V from 1100∘C to 1235∘C, the evolution
of the SPS curves corresponds to the formation of FeAl. At
1180∘C, only XRD peaks of FeAl are observed (Figure 6(f)).
FeAl compound was formed to exhibit a micrometric grain
size ranging from 1 to 6 𝜇m [12]. Nevertheless, from the
observation of BSE micrograph, whereas the previous areas
corresponding to Fe and Fe

2
Al
5
disappear, a modulation of

contrast can be clearly observed (Figure 7(e)). Such observa-
tions can be explained by the chemical contrast present at
the submillimeter-scale (EDX) [10, 11] with a variability of
Al content in the range of 36–47%. The specificities can be
introduced by the melting of Fe

2
Al
5
at 1171∘C according to

the Fe-Al phase diagram [27]. Hence, the melting of Fe
2
Al
5

allows a faster shrinkage and leads to a fully dense compound;
that is, the density of the compact reaches 99.5% TD. No
macroporosity can be observed in SEM image (Figure 7(e))
which is confirmed from Hg porosimetry analysis, and no
open porosity was detected. It is obvious that hot pressure
applied during SHS allows full-densification of material.

To confirm the role of Fe
2
Al
5
in the formation of FeAl,

an additional experiment was performed on the sample
quenched from 800∘C in order to get FeAl from solid state
reaction between Fe

(s)/Fe2Al5(s)/FeAl(s) phases. The sample
was heated for 30min at 1000∘C, below the melting point
of Fe
2
Al
5
. Compared to previous FeAl compounds formed,

a single phase material (with pores) was formed (Figure 9)
with 94% relative density. After polishing of the sample to
eliminate oxide layers, local phase analysis (EDS) on several
zones showed that the sample composition is homogeneous
and corresponds to the expected composition (53 at.% Fe,
Figure 9). Characteristics are consistent with those obtained
by Gedevanishvili and Deevi [29] at 900∘C. Homogeneous

FeAl compounds can be formed via a solid state reaction.
Consequently, it is expected that the new FeAl phase formed
during the melting of Fe

2
Al
5
has a different formation mech-

anisms than the FeAl synthesized at lower temperature. This
study confirms the necessity on the one hand, to follow the
evolutions of the phase nature and of their respective domains
of composition and, on the other hand, to understand the
sequence of phase formation, the interface type, the mor-
phology of interfaces, and the growth mechanism. Thus, it is
possible to suggest a reaction mechanism for producing pure
FeAl (Figure 10).Whatever the SPS conditions, the formation
of FeAl occurred in three steps: the formation of a solid
solution Fe (Al) followed by a solid state reaction of Fe

2
Al
5

to the interfaces of Fe(s)/Al(s) and, then FeAl. Nevertheless,
it is not possible to conclude the fact that such reactions
are competitive or successive. The formation of Fe

2
Al
5
is

prejudicial to elaborate dense FeAl in one step from Al liquid
phase [15]. To limit the reaction duration, it is necessary
to go through the melting of Fe

2
Al
5
. This latter phase,

combined to the presence of Fe(s), is responsible for the
original characteristics of the FeAl compounds. In agreement
with others intermetallics, an increase of the heating rate
will reduce the duration of precombustion reaction and,
consequently the formation of Fe

2
Al
5
. A higher heating rate

will promote Fe-solid-Al-liquid reaction which results in the
production of pure nanostructured FeAl compounds [53]
whereas the presence of Fe

2
Al
5
leads to a stoichiometry

gap. Consequently, the heterogeneous characteristics of MA-
agglomerates according to their size which are considered
as SHS microreactors reinforce the obligation of their check.
They are responsible for the FeAl chemical heterogeneities
which depend on the reaction path.
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4. Conclusion

This study gives a fine description of the formation of Fe/Al
MA-agglomerates using a high energy planetary ball-mill. It
has been demonstrated that mechanical activation resulted
in the formation of micrometer size aggregates composed
of nanostructured Fe/Al multilayers with heterogeneous
characteristics themselves. These latter are responsible for
the heterogeneous characteristics of the subsequent dense
“nanostructured” FeAl compounds synthesized by SPS reac-
tive sintering. A system presenting an “ideal” nanometer
size multilayer system is obtained when the larger aggregates
are formed. Consequently, for this ball-milling conditions,
that is, P4 (150/−200/4 h), the optimal mixture resulted from
the 3rd ball-milling without cleaning tools and had the
coarsest studied granulometry (𝜙 ≥ 250 𝜇m, i.e., Class C).
In addition, it is essential for each agglomerate size to adapt
reactive sintering parameters for limiting FeAl chemical
heterogeneities.

The dense FeAl intermetallics synthesized via a mechani-
cally activated reactive sintering process have been shown to
exhibit some chemical heterogeneity. To produce FeAl mate-
rials with perfectly controlled characteristics, the sequences
of phases formed during the sintering ofMAP-mixtures (Fe +
Al) were identified by X-ray diffraction, scanning electron
microscopy back scattered electrons coupled with energy
dispersive X-ray spectrometry, and density measurements.
The results were correlated to the temperature profile and
the shrinkage curve occurring during flash sintering. It
was found that the formation of the intermediate phase
Fe
2
Al
5
at ∼510∘C was associated with an exothermic reaction

and a linear expansion and followed by the formation of
small amount of FeAl. The conversion to nanoorganized
FeAl is complete at higher temperatures than the melting
point of Fe

2
Al
5
(1170∘C). The formation of two types of

iron aluminide intermetallics. (i.e., with distinct reaction
mechanisms) seems to be at origin of the FeAl specificities.
Consequently, it is essential to limit the formation of Fe

2
Al
5

by solid state reaction and to promote the direct reaction
between Fe(s) and Al(l) by a control of the mechanical
activation and reactive sintering conditions.
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Spark plasma sintering (SPS), initially developed as an advanced sintering technique for consolidating nanopowders into
nanostructured bulk materials, has been recently looked at in much broader perspective and gained a strong reputation of a
versatile method of solid state processing of metals, ceramics, and composites. The powders in the SPS-dies experience the action
of pulsed electric current and uniaxial pressure; they are heated at very high rates unachievable in furnace heating and sintered
within shorter times and at lower temperatures than in conventional methods. The principle of SPS and convenient design of the
facilities make it attractive for conducting solid state synthesis. In this paper, based on our own results and the literature data, we
analyze the microstructure formation of the products of chemical reactions occurring in the SPS in an attempt to formulate the
requirements to the microstructure parameters of reactant mixtures and SPS conditions that should be fulfilled in order to produce
a nanostructuredmaterial.We present successful syntheses of nanostructured ceramics andmetalmatrix composite with nanosized
reinforcements in terms of microstructure stability and attractive properties of the materials and discuss the challenges of making
a dense nanostructured material when reaction and densification do not coincide during the SPS. In the final part of the paper, we
provide an outlook on the further uses of reactive SPS in the synthesis of nanostructured materials.

1. Introduction

Spark plasma sintering (SPS) has attracted enormous interest
from researchers and engineers in the past two decades
such that it is now difficult to imagine the development of
modern materials science without the advantages offered by
this method. SPS uses a combination of uniaxial pressure and
pulsed direct current to heat and sinter the powder specimen
placed in a die usually made of graphite [1]. When the
powders pressed in a die are conductive, the current passes
directly through the sample and heats the material rapidly.
Nonconductive materials are usually heated by means of heat
conduction from the die walls. The role of the ON-OFF
pulsing is to create hot spots at the interparticle contacts con-
stantly moving within the sample during the sintering cycle.
The sintering is performed in dynamic vacuum protecting

sensitive materials from oxidation, in the meantime enabling
processes of chemical reduction. The main advantage of the
SPS over conventional pressure-less furnace sintering and hot
pressing is a possibility of shortening densification time, low-
ering sintering temperature and producing nearly fully dense
or fully dense materials with limited grain growth. High
activity in the SPS-related research in different laboratories is
demonstrated by reviews and research articles discussing the
process features andmechanisms [2–8], sintering possibilities
of nanograined materials [9–11], and systematically describ-
ing the material systems [11–13] processed by this method.

With SPS advancing as a promising method for rapid and
successful consolidation of nanopowders and nanostructured
materials, it has been soon recognized that chemical reactions
can be also performed in the SPS so that synthesis and
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densification could be combined saving processing time and
adding flexibility to thematerials design. Researchers became
intrigued by a possibility ofmaking nanostructuredmaterials
by chemical reactions conveniently placing solid reactants
in a SPS-die and subjecting them to pulsed current. If the
reactants are prepared in such a way that the reaction occurs
at multiple points within the reactant mixture, the treatment
of themixture by pulsed current is highly suitable for reaction
initiation and ultimately for synthesizing a nanograined
product. Then, if SPS can preserve the microstructure of the
ex situ synthesized nanopowders, it is likely that the nanos-
tructured product obtained in situ could be consolidated into
a nanostructured body.

By now, reactive SPS has been used for synthesizing
nanomaterials and making nanocomposites in a large num-
ber of systems. In this paper, we analyze the successes and
challenges of reactive SPS and provide an outlook on the
further developments in this area. We did not aim at making
a list of all studies that have been published up to date, rather,
by analyzing the literature data and our own results, we have
tried to reveal the factors responsible for the successes of
reactive SPS in nanomaterial synthesis and issues pertaining
to the processing that still remain unsolved. As in other
reactive sintering processes, when new phases form during
the SPS, such factors as uniformity of distribution of the
reactants in the mixture, heat release during exothermic
reactions, specific volume change and the presence of reac-
tion byproducts need to be taken into account when the
microstructure evolution of the synthesized product is traced.
In addition to factors common to all reactive processes,
there are specific features of the microstructure development
during the reactive SPS, which are related to the use of electric
current: the changes in electrical conductivity of the material
during the course of reaction and the presence of high-
temperature regions at the inter-particle contacts serving as
reaction initiation zones.

2. SPS-Dies as Chemical Reactors:
Targeted Synthesis and Undesirable
Chemical Reactions

Sintering dies of the SPS facilities can be considered as high-
temperature reactors with a controlled atmosphere. Figure 1
shows a schematic of the die-punch setup normally used
in the SPS experiments. Beneficially for oxidation-sensitive
materials, dynamic vacuum of the SPS chamber creates a
protective environment. In the presence of carbon as a
material of the die/punches and foil lining the walls of the die
(a possible option), the atmosphere of the chamber becomes
reducing, which can be helpful in full chemical reduction
of oxides present in the material in small concentrations as
additives or contamination, or lead to partial reduction of
the oxide material being sintered. The reducing environment
of the SPS is favorable for conducting reduction reactions
to form new phases and nanocomposite structures (e.g.,
Ni nanoparticle-toughened alumina in situ formed from
coprecipitated Al

2
O
3
and NiO oxides [14, 15]; magnetic

FePt/Fe
3
Pt nanocomposites, in which the Fe

3
Pt phase is

Hydrauhic press

Graphite punch

Graphite die

Powders of
reactants

dc pulse generator

Characteristics of the
reaction products

-Residual reactants 
(for incomplete reactions)
-Grain size

-Remaining porosity

-Altered electrical conductivity

Characteristics of the
reactant mixtures

-Microstructure uniformity

-Grain size

-Agglomeration

-Electrical conductivity

Figure 1: A die-punch setup of the SPS facility as a chemical reactor.

formed as a result of in situ reduction of Fe
3
O
4
during the SPS

[16]) and to tailor the phase composition and microstructure
of the surface of SPS-ed specimens (e.g., Fe-FeAl

2
O
4
-Al
2
O
3

composites, in which the Fe phase in the surface layer is
formed in situ by reduction [17]). The reducing action of
the SPS environment can be enhanced by increasing the
SPS temperature: the higher the SPS-temperature, the lower
oxygen content will be retained in the SPS-ed materials.

Thanks to the capabilities of the SPS facilities, such
features of reactive sintering as specific volume changes
and heat release during exothermic reactions, which create
complications in conventional sintering process, can be
addressed. Applied pressure helps consolidate the porous
reaction product into a denser material upon reaction com-
pletion. During the SPS-process, a controlled power input
balances the heat from an exothermic reaction so that a tem-
perature schedule is maintained with only small deviations
of the measured temperatures from the programmed values.
This is achieved by a controlled drop of current through
the sample once the reaction is initiated in the system.
Experimentally, a stability of the programmed temperature
schedule has been proved during the synthesis of titanium
diboride [18] and rhenium diboride [19] from elements in
the SPS. Compounds that form with extensive evolution of
heat can be synthesized in the presence of a diluent, which is
introduced into the reactantmixture to decrease the adiabatic
temperature of the reaction and to control the grain size
of in situ synthesized phases. Similar to conventional self-
propagating high-temperature synthesis, the reaction mode
in reactive SPS depends on the heating rate with a certain
minimum heating rate required to ignite the reaction and to
carry it out in a self-sustaining or thermal explosion mode.

Pulsed direct current can enhance the reaction kinetics
when the reactants are brought to interaction in the SPS.
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This effect is, however, system-dependent. Applied currents
induce faster growth of the MoSi

2
product layer in the Mo-

Si system [4] relative to the reaction performed without
current. In the Hf-B system, no reactivity changes have been
observed under applied current as the thicknesses of theHfB

2

product layers formed during the SPS agreed well with the
calculations for diffusion couples [20].

The chemical properties and microstructural character-
istics of the reactant mixture such as mixing uniformity,
grain size and degree of agglomeration will influence the
microstructure of the as synthesized product obtained by the
SPS. This statement will be also true for other processes of
reactive sintering. Specific to the synthesis in the SPS is a
change in the electrical conductivity of the materials in the
diewith reaction advancement and a possibility of controlling
the synthesis by varying the electrical conductivity of the
reactants. If a high-conductivity additive is introduced into
an insulatingmixture of the reactants, local high-temperature
spots will form within the sample in the regions adjacent
to the conducting particles; it is in these hot spots that
the reaction will start. When pulsed electric current passes
through Ti-B powder mixtures containing Mg additions, hot
spots form in the areas adjacent to the Mg grains as the
electrical conductivity of Mg is higher than that of the Ti-
B mixture [18]. The observed effects of the Mg additions
are a reduced ignition temperature and a more uniform
sintered product. A similar approach was used for initiating
decomposition of magnesium hydride MgH

2
, which is an

insulator [21]. In order to increase electrical conductivity,
graphite was added to the MgH

2
powder. Magnesium, the

product of decomposition, increases the electrical conduc-
tivity of the material in the SPS-die. This example shows
that as the reaction product accumulates, the conductivity
of the material in the sintering die changes; if it increases,
the reaction is self-accelerated due to the presence of in situ
formed conductive particles inducing the formation of hot
spots in the remaining, not yet fully reacted, mixture.

Partial reduction of oxides during the SPS presents
another way of increasing electrical conductivity of the
material in the sintering die. Interestingly enough, it can be
used to advantage to facilitate densification of materials that
would otherwise have been heated through conduction from
the die only [23]. During the SPS of nanocrystalline rutile
TiO
2
, its partial reduction led to the formation of oxygen

vacancies and an increase in its electrical conductivity, which,
in turn, made it possible for the current to pass through the
sample ultimately resulting in successful densification of the
material at unexpectedly low temperatures and pressures.

An important factor in the SPS synthesis is the tem-
perature range of the reaction. If the reaction does occur
within a wide temperature range during the SPS heating,
the upper temperatures of the range are likely to destroy
the nanostructure of the synthesized product formed at the
initial heating stages. These considerations are illustrated by
the synthesis of AlMgB

14
in the SPS in a mechanically milled

mixture of Al, Mg, and B [24]. The first boride phase formed
was the lower boride AlMgB

4
, which appeared in the sintered

sample at 600∘C. The AlMgB
14

phase was found after the

SPS at 800∘C and the synthesis continued until the reaction
was complete at 1325∘C. The noticeable shrinkage of the
sample was observed starting from 1250∘C, which is much
higher than the reaction onset temperature. Obviously, a fine-
grained product was not favored as the grains nucleated in
the beginning of the process coalesced and continued to grow
with increasing SPS temperature.

Chemical changes in materials during the SPS can be
due to reactions that are purposefully conducted (targeted
synthesis of newphases) or to undesirable chemical reactions.
The latter are interfacial reactions between the phases that are
to be preserved, or reduction of oxides that lose their valuable
properties upon change in the oxygen content in the SPS
environment. An example of an interfacial reaction occurring
mainly in the vicinity of contacts between the powder
particles was observed in titanium silicon carbide Ti

3
SiC
2
-

reinforced copper composites ex situ synthesized and SPS-
ed [25]. During sintering of 5 vol.% Ti

3
SiC
2
–Cu powders, the

low intrinsic resistivity of the composite particles and a well-
established contact between the powder agglomerates due
to applied pressure helped avoiding melting of the copper
matrix, which would otherwise have taken place as a result
of a local increase in temperature at the particle contacts
under pulsed electric current. In the 18 vol.% Ti

3
SiC
2
–Cu

composite, which has a higher intrinsic resistivity and whose
higher hardness prevents the formation of an intimate contact
between the composite particles under the chosen pressure
(40MPa), SPS resulted in partial melting of the Cu matrix.

The evidence of melting and resolidification can be seen
in the images taken both from the polished cross section
and fracture surface of the composite (Figures 2(a) and
2(b)). The XRD phase analysis (Figure 2(c)) shows that
local melting of Cu resulted in its fast interaction with
Ti
3
SiC
2
leading to the formation of TiC

𝑥
separated from

the Cu-Si melt during the SPS. The EDS analysis confirmed
the absence of Ti and the presence of Cu and Si in the
resolidified areas marked in Figure 2(a). The concentration
of Si in such areas was determined to be 11% by the EDS,
which corresponds to the maximum solubility of silicon in
copper. This result demonstrated that local melting during
the SPS can destabilize the Ti

3
SiC
2
phase leading to de-

intercalation of Si, which dissolves in Cu. Fast cooling of
inter-particle contacts during the SPS enables supersaturated
Cu (Si) solid solutions to form. Partial melting of the Cu
matrix compromises phase stability and uniformity of the
microstructure of the Ti

3
SiC
2
–Cu composites and therefore,

cannot be suggested as a pathway to enhanced densification.
Partial reduction of oxides in the SPS environment can

lead to the formation of oxygen vacancies in their crystalline
structure [22, 26]. Jiang and Mukherjee have sintered sol-
gel-produced Y

2
O
3
–MgO composite nanopowders and pro-

duced a nanograined compact [22]. Due to oxygen losses,
the crystalline lattices of both phases experienced contraction
as indicated by decreased lattice parameters determined
from the shift of the positions of the corresponding peaks
on the XRD patterns (Figure 3). Low infrared transmission
of the SPS-ed Y

2
O
3
–MgO nanocomposite could be greatly

improvedwhen the oxygen contentwas restored by annealing
in air after the SPS (Figure 4).
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Figure 2: Microstructure of the SPS-ed 18 vol.% Ti
3
SiC
2
–Cu composite ((a)—polished cross section and (b)—fracture surface) and XRD

patterns of the cold-pressed and SPS-ed 18 vol.% Ti
3
SiC
2
–Cu compacts (c).
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Figure 3: XRD patterns of the Y
2
O
3
–MgO nanocomposites: powders, SPS-ed and annealed in air after the SPS, showing the shift of the peak

positions of both oxides (reprinted from [22], Copyright (2011), with permission from Elsevier).
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3. Successful Syntheses of
Nanostructured Materials and
Nanocomposites by Reactive SPS

In order to obtain a nanograined or nanocomposite product
by a chemical reaction in the SPS, careful choice of the reac-
tants and their preparation procedures should be made. The
microstructure of the precursor is of primary importance.
In order to initiate the reaction at many nucleation sites at
the same time, a large number of contact points between
the solid reactants should be established, which is favored by
well-developed interfaces in the reactant mixture. The most
visible solution along this line is to have particles of reactants
as small as possible and to mix them thoroughly avoiding
the formation of aggregates of particles of the same type.
However, as will be discussed later, a mixture of fine particles
or grains is not the only way to create conditions for the
formation of nanosized reaction products.

If two nanopowders are selected as initial reactants and
the aggregates of each component are retained in themixture,
then the availability of the reactants to each other is greatly
reduced. In such cases, sintering of particles of the same pow-
der can occur before the reaction starts. Kim et al. [27] applied
dry mixing and ultrasonic treatment in liquid in an attempt
to improve the mixing uniformity of nickel and aluminum
nanopowders and proved the former to be more efficient in
breaking the nanoparticle aggregates. In order to obtain a
nanograined product, it may be sufficient to have only one
reactant in the form of nanopowder. A demonstration of this
possibility is the synthesis of nano-HfB

2
through the reaction

between micron-sized B
4
C powder, HfO

2
nanopowder, and

phenolic resin [28]. The crucial influence of the preparation
procedure of a two-phase mixture of nanopowders on the
reaction onset temperature and resultant microstructure of
the reaction product was clearly shown in a comparative
study by Stanciu et al. [29], who used three types of precursors
for reactive sintering of Al

2
TiO
5
: co-gelified Al

2
O
3
and

TiO
2
powders, mechanical mixtures of Al

2
O
3
and TiO

2

individual sol-gel powders, and powders synthesized by co-
precipitation. As is seen from the XRD patterns, the reaction
between co-gelified Al

2
O
3
and TiO

2
powders was complete

after the SPS at 1100∘C occurring only partially in the other
two precursors (Figure 5).

A more widely used powder preparation technique for
the subsequent reactive SPS is mechanical milling [32], in
which powders with a size from several to several tens of
microns are normally used as raw materials. The powder
mixtures are placed in a vial and subjected to impact and
shear from the milling media. During milling, the powders
experience grinding and particle and grain size reduction
and accumulate defects of the crystalline structure. Repeated
fracturing and cold welding of the particles during mechan-
ical milling gradually refine the microstructure of the milled
mixture, improve its uniformity and increase the interfacial
area between the components. If high-intensity milling is
used, the targeted reaction can partially occur duringmilling.
The presence of certain amounts of reaction products in
the mixture prior to sintering can help form and preserve
a nanostructured material after the SPS when the product
grains serve as multiple nucleation centers. As was shown
by Munir [9], the presence of reaction products in the
mechanically milled Mo-Si mixture helped achieve a finer-
grained product synthesized in the SPS. However, depending
on the mixing uniformity, distribution and number/size
of the product grains formed during milling, an opposite
influence can be also expected if a few product grains formed
during milling continue to grow consuming the reactants
during the SPS. In such cases, a coarse-grained material will
develop as a result of the reactive SPS.

Sintering of powder precursors with well-developed
interfaces between the reactants is the most common
approach to the synthesis of nanomaterials by reactive SPS.
Interestingly enough, interfaces can develop during the reac-
tion itself, if the latter proceeds through several stages and
thus has a complex mechanism. Zhang et al. [30] have shown
that a phase with grains as small as 100 nm can form as a
result of a solid state reaction betweenmicron-sized powders.
They have synthesized a Ti

3
SiC
2
-SiC composite from the

mixture of Ti, C and Si. The intermediate crystalline phases
TiCx and Ti

5
Si
3
Cy formed first from the elements and then

participated in the reaction:

(

4
3
− 3𝑧)TiC

𝑥
+

1

3

Ti
5
Si
3
C
𝑦

+ (2 −

4

3𝑥

− (1 − 3𝑥) 𝑧 −

1

3𝑦

)C

→ (1 − 𝑧)Ti
3
SiC
2
+ 𝑧SiC.

(1)

The resultant SiC phase had a grain size of about 100 nm,
while the Ti

3
SiC
2
phase had grains grown up to 5 𝜇m

(Figure 6). The formation of SiC through intermediate prod-
ucts rather than by a direct reaction from the elements
appears to be crucial for the microstructure development of
the Ti

3
SiC
2
–SiC nanocomposites, the mixture of intermedi-

ate phases possessing a refined structure relative to that of the
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Figure 5: XRD patterns of the SPS-ed compacts produced from Al
2
O
3
and TiO

2
nanopowder mixtures of different processing histories,

SPS-temperature 1100∘C: (a)—co-gelified Al
2
O
3
and TiO

2
powders, (b)—mechanical mixtures of Al

2
O
3
and TiO

2
individual sol-gel powders,

(c)—powders synthesized by co-precipitation; squares-Al
2
TiO
5
, triangles-TiO

2
, and circles-Al

2
O
3
(reprinted from [29], Copyright (2004),

with permission from Elsevier).

(a) (b)

Figure 6: Fracture surface of Ti
3
SiC
2
-SiC nanocomposite SPS-

ed at 1280∘C showing grains of SiC about 100 nm in size, (a)—
lower magnification, (b)—higher magnification (reprinted from
[30], Copyright (2007), with permission from Elsevier).

reactant mixture. Similar observations have been reported
by Wang et al. [33] for the submicron-grained TiN-Al

2
O
3

composites formed fromAlN, TiO
2
and Ti powders, all three

having particles from several to several tens of microns.
Though the powders were mixed by milling, the conditions
of mixing were mild (mixing was conducted in ethanol);
therefore, a significant grain size reduction could not be
expected. From the reported experimental results, it can be
assumed that the fine-grained structure of the composite was
due to a sequence of several solid state reactions occurring in
the reactant mixture.

Flexible control over the SPS parameters allows inducing
nanocrystallization of amorphous metallic [34, 35] and non-
metallic [36] matrices and maintaining the nanostructure of
the composite materials until the end of sintering. A further
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Figure 7: XRD patterns of the Si
3
N
4
-SiC ceramic nanocomposite

obtained by SPS of a Si-C-N amorphous precursor (a) and Si
3
N
4
-

SiC-TiC
0.3
N
0.7

ceramic nanocomposite obtained by reactive SPS in a
mixture of nanocrystalline TiO

2
with amorphous Si-C-N (reprinted

from [31], Copyright (2004), with permission from Elsevier).

development of this processing route is the use of amorphous
solids as reactants in mixtures with other phases. Following
this line, Duan et al. [31, 37] synthesized Si

3
N
4
-SiC-TiC

0.3
N
0.7

ceramic nanocomposites (Figure 7) by reactive SPS starting
from a mixture of nanocrystalline TiO

2
and an amor-

phous Si-C-N material obtained by pyrolysis of a polymer.
In the synthesized composite, the TiC

0.3
N
0.7

phase formed
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(a) (b)

(c) (d)

Figure 8: Si
3
N
4
/SiC/TiC

0.3
N
0.7

nanocomposite: (a)—fracture surface, SEM; (b)—microstructure of dark areas in (a) corresponding to the
Si
3
N
4
/SiC, TEM; (c)—region 1 in (a), TEM; (d)—region 2 in (a) corresponding to the TiC

0.3
N
0.7

phase, SEM (reprinted from [31], Copyright
(2004), with permission from Elsevier).

a network composed of 100–300 nm grains, which penetrated
through the regions of the Si

3
N
4
/SiC composite with grains

ranging from 20 to 30 nm (Figure 8); improved densification
of the three-phase composite was achieved in comparison to
the SPS of the amorphous Si-C-N alone.

If refractory compounds are synthesized in the SPS form
by exothermic chemical reactions, local heat evolution in the
reaction initiation zones and the concomitant temperature
rise in the adjacent regions can make it very challenging to
synthesize materials with nanosized grains. If the reaction
is moderately exothermic, the product grains do not grow
as fast and, provided a suitable SPS schedule is found for
densification, a nanostructured bulk product can be obtained.
Examples of successful syntheses have been reported by
Munir [9], who synthesized nanostructured MoSi

2
with

140 nm grains, and by Paris et. al. [38], who showed that iron
aluminides with 30–90 nm grains could be obtained from
mechanically milled mixtures, in which the reactants were
refined and thoroughly intermixed at the nanoscale.

Ceramic nanomaterials and nanocomposites synthesized
in the SPS show attractive mechanical properties making
a careful selection of reactants and process parameters
worthwhile. One of the most significant achievements of the
reactive SPS is the preparation of fracture-tough ceramics.
Monolithic titanium monoboride TiB with needle-shaped
grains produced by reactive SPS possessed a fracture tough-
ness of 5.9 ± 0.4MPa⋅m1/2 [39]. A fracture toughness of

6.5MPa⋅m1/2 and amicrohardness of 20.6GPawere achieved
in TiN-TiB

2
in situ composites [40]. Along with high fracture

toughness, other attractive properties appeared: Si
3
N
4
-SiC-

TiC
0.3
N
0.7

nanocomposite showed a fracture toughness of
6.7MPa⋅m1/2 and metal-like electrical conductivity [31, 37]
while nanoorganized MoSi

2
synthesized in the SPS exhibited

a fracture toughness of 5.8 ± 0.4MPa⋅m1/2 and better oxida-
tion resistance than its microcrystalline analog [41].

Full reduction of a metal oxide to a metallic phase in the
SPS is used to synthesize metallic nanoparticle-toughened
ceramics [15]. During the SPS of the Al

2
O
3
-NiAl

2
O
4
two-

phase composite synthesized by co-precipitation and cal-
cination, Ni nucleated from the NiAl

2
O
4
phase so that in

the resultant composite, Ni nanoparticles were uniformly
distributed in the matrix of Al

2
O
3
. The presence of metallic

nanoparticles improved the bending strength and fracture
toughness of the nanocomposite relative to Al

2
O
3
.

Successful synthesis and consolidation of metal matrix
composites containing nanoparticles of reinforcing phases
by reactive SPS have been demonstrated for Ti

5
Si
3
-Ti [42]

and Fe
3
C-Fe systems [43]. The distribution uniformity of

Si achieved during mechanical milling of Ti-Si powder
mixtures ensured the formation of 100–200 nm Ti

5
Si
3
par-

ticles during the SPS; these particles stabilized an ultra-fine
grained structure of the Ti matrix (200–400 nm), smaller
titanium grains being observed in composites with higher Si
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produced by mechanical milling and SPS compared to that of pure
titanium and the TiAl6V4 alloy (reprinted from [42], Copyright
(2006), with permission from Elsevier).

content [42]. This unique microstructure was responsible for
attractive mechanical properties of the Ti

5
Si
3
-Ti composite

possessing strength comparable to that of the Ti6Al4V alloy
and improved wear resistance (Figures 9 and 10). Interest-
ing combinations of strength and ductility were achieved
in Fe-C alloys produced by SPS of mechanically milled
mixtures of iron and graphite, the formation of cementite
Fe
3
C taking place during sintering of a nanostructured

precursor [43]. The fully dense materials were composed of
a nanostructured ferrite matrix having an average grain size
of 150 nm and cementite Fe

3
C dispersoids a few nanome-

ters in size distributed in the ferrite grains and along the
grain boundaries. The yield strength of the SPS-ed Fe-Fe

3
C

composite was 2000MPa, while its fracture strength and

plastic strain reached 3500MPa and 40%, respectively. High
plastic deformation of the composite was an interesting
finding, as nanostructured Fe-based alloys produced by other
consolidation methods are normally much more brittle. This
unique behavior of the Fe-Fe

3
C composites was attributed to

its full density, good metallurgical bonding achieved during
the SPS, and a uniform distribution of the dispersoid phase
retaining its fine size after sintering and preventing the
material failure by inhomogeneous deformation during shear
events rather characteristic of other Fe-based nanocrystalline
alloys.

4. Challenges of Producing Dense
Nanomaterials by Reactive SPS

The microstructure development during the reactive SPS
follows one of the two possible scenarios: (1) simultaneous
reaction and densification; (2) complete reaction followed by
densification (if the latter is aimed at) at higher temperatures.
A chemical reaction within a narrow temperature range
accompanied by shrinkage of the sample is the best situation
for the formation of a dense nanostructured product [9].
However, the reaction and densification steps do not always
coincide during the reactive SPS. When the reaction is
complete before densification starts, then, in order to obtain
a fully dense product, one has to resort to higher-temperature
sintering. Anselmi-Tamburini et al. [44] have shown that
boron carbide B

4
C forms in the mixtures of amorphous

boron and carbon black at 1200∘C during the SPS, while
temperatures as high as 1900∘C are required to produce a
dense compact from the reaction product. In certain cases,
full density sintered products can only be obtained when the
fine structure of the material is sacrificed. The interrelation
between the grain size and density of boron carbide B

4
C

synthesized from the mixtures of amorphous boron and
carbon black nanopowders was demonstrated by Hulbert
et al. [45, 46], who used an off-set die in the SPS facility.
Modeling of the process suggested that the difference between
the temperatures of the upper and bottom parts of the sample
was 400K. The sintered material had a gradient structure in
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(a)

(b)

Figure 11: Fracture surface of the TiB
2
-B
4
C composite showing an

agglomerate of TiB
2
with a pore in the center, reactant mixture

milled for 4 h, SPS-ed at 1600 (a); a nearly fully dense TiB
2
-B
4
C,

reactant mixture milled for 16 h, SPS-ed at 1700 (b) (reprinted from
[48], Copyright (2009), with permission from Elsevier).

terms of grain size and porosity. Within the sample, a fine-
grained porous B

4
C with grains of 200 nm was formed in the

regions subjected to lower temperatures, while dense boron
carbide with grains about 2𝜇m in size could be found in parts
of the sample that experienced higher sintering temperatures.

In single-phase materials synthesized by reactive SPS, the
microstructure evolution can be described using the grain
size and porosity characteristics. In composite materials, the
grain size may not be the same for all constituent phases
depending on the mechanism of the synthesis reaction and
the tendency of each material to coarsen during sintering.
The porosity distributionmay not be uniform throughout the
volume of the composite. When working with a multiphase
material, one has to take into account the differences in
properties of the phases, such as characteristic grain growth
and densification rates. An illustration of the above consider-
ations is the in situ synthesized B

4
C-23 vol.%TiB

2
composites

obtained by reactive SPS from Ti-B-C mechanically milled
mixtures [47, 48]. The agglomeration of titanium diboride
is seen in the SPS-ed B

4
C-TiB

2
samples that were milled for

durations insufficient for a uniform distribution of titanium
[47]. The agglomerates of titanium diboride consisted of
faceted grains 1-2 𝜇m in size and contained a pore in the
center (Figure 11).

In the same sample, the boron carbide phase showed
much smaller grains. The presence of a pore inside the TiB

2

agglomerate can be explained by a decrease in the specific
volume that accompanies the reaction between metallic
titanium and boron. Faster densification of the synthesized
boron carbide, whose content in the composite was 77 vol.%
and which thus played the role of a matrix being already
quite dense by the moment the reaction between Ti and B
was complete, did not allow TiB

2
grains to rearrange and

better sinter between themselves. Due to refractory nature of
TiB
2
, its agglomerates comprised the major part of the total

porosity of the composites. In order to eliminate this porosity,
the distribution of titanium should be more uniform, which
was achieved by a longer mechanical milling of the reactant
mixtures. As is seen from Figure 11(b), the nearly fully dense
material had micron-sized grains of both phases. Similar
observation for the B

4
C-TiB

2
composites was reported by

Nikzad et al. [49] showing that a relative density of 98% could
be only achieved allowing marked grain growth to happen.
The gradually coarsening microstructure of the in situ B

4
C-

TiB
2
composites obtained upon increasing electric current

while keeping the other experimental parameters constant is
demonstrated in Figure 12. Although submicron grains can
be seen in the sample SPS-ed at 1100 A and having a relative
density of 94%, the sample of 98% relative density reveals
excessive grain growth such that both phases are represented
by grains of several microns.

5. Outlook

As the information on the successes of SPS in the rapid
and convenient synthesis of new materials and compounds
as well as previously known materials but of improved
microstructure and properties penetrates into new areas
of materials science, an increasing number of researchers
express their interest in performing feasibility tests and later
on to embark on a systematic study of the synthesis of
their materials with the help of this promising method.
In the past two decades, we have seen a large number of
studies on reactive SPS. Most of them are based on chemical
reactions between premixed reactants to synthesize new
compounds and composites. A pathway to nanostructured
products through decomposition reactions well established
in materials science has not yet been given full attention in
regard to the SPS capabilities.Thermal decomposition of salts
[50] resulting in the formation of metal nanoparticles can
become reactions of choice to be performed in the SPS. In the
coming years, new syntheses routes can be anticipated to be
found for various materials using SPS in its usual design as
well as with new geometries of dies and punches. Once the
conditions for the nanostructure formation are established
using simple geometries, the temperature distribution in the
reacting sample can be varied by a more elaborate design of
the die-punch setup. The synthesis thus can be implemented
to give microstructures with gradients in the grain size and
porosity including bodies of tubular geometries [51]. The
successes of reactive SPS in synthesizing bulk nanostructured
materials can be further extended by the simultaneous
synthesis and, joining of two materials [52] as well as by the
manufacturing of nanostructured coatings [53–55].
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(a)

(b)

(c)

Figure 12:Microstructure of the B
4
C-TiB

2
composites SPS-ed using

different electric current values ((a)—1100A, (b)—1150A, and (c)—
1200A) (reprinted from [49], Copyright (2012), with permission
from Elsevier).

6. Conclusions

Initially designed for conducting solid state sintering, SPS
has been proved to be attractive for conducting solid state
chemical reactions. Being a powerful technique and a user-
friendly facility, SPS has been developed into a method
of solid state synthesis under applied electric current and
mechanical pressure. An increasing number of solid state
chemists consider SPS as a new tool, full capabilities of
which are yet to be discovered. If the reactants are mixed at
the nanolevel, then the formation of a nanograined product
during the SPSwill be favored.However, there exists a specific
microstructure development path withmultiple intermediate
reaction products: even though the reaction started in the
mixture of coarse-grained powders, its final products can
be composed of nanograins. Making a dense material from
the nanostructured reaction product in the SPS is another
challenge; in certain cases, when the reaction is complete

before any substantial densification occurs, successful consol-
idation cannot be achieved without sacrificing the as synthe-
sized nanostructure. However, applying the same principles
of optimization of the SPS parameters as those used for
consolidation of ex situ produced nanopowders, a processing
parameter window can be found to maintain the fine grain
size of the reaction product until the sintering completion.
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1 ICB UMR 6303 CNRS/Université de Bourgogne, BP 47870, 21078 Dijon Cedex, France
2 Nexter Munitions, 7 route de Guerry, 18000 Bourges, France

Correspondence should be addressed to F. Bernard; fbernard@u-bourgogne.fr

Received 25 February 2013; Accepted 16 April 2013

Academic Editor: Faming Zhang

Copyright © 2013 F. Naimi et al.This is an open access article distributed under the Creative Commons Attribution License, which
permits unrestricted use, distribution, and reproduction in any medium, provided the original work is properly cited.

An investigation was performed to evaluate the potential of the spark plasma sintering process in producing dense nanostructured
materials. Microstructured and nanostructured nickel was sintered by SPS starting from nickel powder (APS 3–7 𝜇m) in the as-
received state and after a mechanical activation using a high-energy ball mill. First, a sintering study to determine SPS processing
conditions to reach full densification was carried out with specimens 50mm in diameter and 10mm in height. In a second step, an
experimental investigation was undertaken with dense nickel disks to generate tensile properties. The tensile tests were performed
at a strain rate of 10−3 s−1 with specimens 16mm in gage length and 4mm in gage diameter. Tensile ductility in excess of 40% was
reached with the microstructured nickel. For the nanostructured nickel, high yield stresses in excess of 600 MPa were measured
with a tensile ductility of 30%. These results were analyzed through densification and microstructure measurements.

1. Introduction

The term “nanomaterials” is usually used for nanostructured
or nanophased materials, in which the dimension of grains
is ranged from 1 to 100 nanometers, which have specific
characteristics due to the modification of the surface/volume
ratio. However, if many examples in the literature can easily
illustrate these effects in electronics, magnetic recording,
cosmetics, catalysis, etc. [1–7], it is very difficult to access to
the evolution of mechanical properties versus the grain size.
The relative dearth of experimental data onmechanical prop-
erties of nanomaterials has been attributed to the difficulty in
preparing significant size dense specimens [8]. Nevertheless,
some examples showed clearly that the improvement of
mechanical properties of metals and alloys is historically
related to a refinement ofmicrostructure. Indeed the decreas-
ing of the grain size increases the yield strength according to
the Hall-Petch law [9–11]. The development of substructure
limits the dislocationmotions via the precipitation—creation
of dislocation cells (10–200 nm)—and, consequently, rein-
forces the compromise between yield stress and ductility [12].

For example, in the case of tungsten alloys prepared by pow-
der metallurgy and thermal transformation, an increasing by
two orders of magnitude of strength resistance is observed
[13].

Material processing via powders has the potential of
controlling the material microstructure at a nanoscale. The
process begins with the synthesis of powders. It is now
possible to synthesize powders with a grain size in the
nanorange for a wide range of ceramic and metallic com-
pounds from three different ways: (i) physical route such
as evaporation-condensation processes and laser pyrolysis
[14–21], (ii) chemical route including soft chemistry, sol-gel
methods, and hydrothermal synthesis which can be extended
to supercritical conditions [22–25], and (iii) the mechanical
route in which powders are “nanostructured” (as opposed to
those “nanosized”), for example, powders of metallic alloys
with a nanodistribution of phases within each particle, can
be obtained by mechanical alloying [26–30].

Then, it is necessary to add a consolidation step to obtain
dense materials. Different processes have been developed to
consolidate nanoparticles [31–34]. Rawers [34] has reviewed
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themainmethods to densify nanomaterials and discussed the
advantages and disadvantages. All the methods are based on
the application of high pressure but also of high temperature
to affect densification through particle deformation andmass
transport. One promising technique is the hot pressing of
mechanically milled powders, in which the careful control
of processing parameters (time, temperature, and pressure)
makes possible the fabrication of fully dense nanostructured
samples [33, 34]. However, the high-temperature treatment
leads to significant grain coarsening (Ostwald ripening).
Usually, for limiting the grain growth, it is necessary to
decrease the temperature, for example, by the use of very
high pressure (4GPa in some cases) in order to plastically
deform the nanometric grains [35]. An alternative route
to enhance densification and avoid excessive grain growth
is the so-called fast firing method [36] and fast sintering
techniques, usually named SPS (spark plasma sintering, [37]).
The aim of these methods is to reduce the time of exposure
to high temperatures. An example is given in the case of W-
2Y nanopowders prepared by ball milling and then sintered
in vacuum [38]. In a recent review containing 1005 papers,
Orrù et al. [39] report the potentiality of SPS technology
to produce “in a short time” various types of materials.
Indeed, SPS is one of the most attractive techniques for
producing innovative materials with a moderate cost and, for
some cases, enhanced properties [37, 39]. The SPS technique
allows rapid heating through Joule effect by applying to the
powders and environmental tools (die, punches, and spacers
usually in graphite) a high current (∼1000 to 30 000A). It
allows producing materials from 10 to 100 times faster as
compared to classical powder metallurgy techniques. Rapid
heating is performed and sintering is greatly enhanced,
allowing the production of a dense material with a limited
grain coarsening. Exceptional results are obtained such as a
limitation of grain growth in the case of ceramics [40–42], or
of metallic composites [43, 44].

The aim of the present research work was to fabricate
dense nanostructured nickel in order to take advantage of the
improvement of mechanical properties with reduced grain
size. One of the challenges was to limit the grain coarsening
even in significant size specimens, through the control of the
SPS processing parameters (such as heating rate, sintering
temperature, holding time, and pressure). However, it is also
crucial to control the production of nanopowders in order to
get powders having a nanometric size and a size distribution
as narrow as possible. Such a control is not obvious due to
the large reactivity of nanoparticles. That is why as-milled
powders have been produced using high-energy ball milling.
Indeed, the milling process leads to both the reduction in
the crystallite size and the accumulation of defects in powder
particles. The other interest of ball milling is the possibility
to form agglomerates with a micrometer size (size usually
available with commercial ones) containing nanocrystallites.
Moreover, the reactivity towards ambient air of mechanically
activated powder in which the specific surface area is reduced
in comparison with individual nanoparticles produced, for
example, by a chemistry route. Consequently, the storage,
the transport, and the handling of mechanically activated Ni
agglomerates are facilitated.
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Figure 1: Description of the SPS process.

In the present work, Ni milled powders were prepared
using high-energy planetary mill and were subsequently
consolidated as disk of 50mm in diameter using the SPS
process, from which tensile specimens were extracted for
mechanical characterization.

2. Experimental Procedure

The investigation has been performed by evaluating the
mechanical properties of nickel samples sintered by SPS from
a mechanically activated powder. Mechanical properties are
then compared with those of a reference sample obtained by
electrodeposition. The process to produce dense nanostruc-
tured Ni from a micrometric commercial powder (commer-
cial powder) consists in two steps [45, 46]: (i) mechanical
activation of the elemental powder by a short-duration
treatment in a high-energy planetarymilling (milled powder)
and (ii) densification of Ni in one step by flash sintering using
SPS equipment.

The dimensions of sintered specimens must be sufficient
to perform tensile tests, that is, 50mm in diameter and
10mm in height. Conditions of powder preparation were
selected to produce per vial one batch necessary to perform
one SPS sample. Consequently, 120 g of elemental powder Ni
(Alfa Aesar, APS 3–7 𝜇m in particle size, 99.9% purity) was
milled in a planetary ball vario-mill Fritsch Pulverisette 4
[47, 48]. Based on previous works [49, 50], a specific ball
milling condition was established at 250 rpm (rotation per
minute) for the disk rotation speed and −50 rpm for the
absolute vial rotation speed. The charge ratio 𝐶

𝑅
(steel ball

to powder mass ratio) was 7. The powder being constituted
of quite abrasive materials, a short duration of milling has
been selected to avoid any contamination of the product by
the milling tools (8 h uninterrupted). Moreover to limit this
contamination but also to increase the yield of nanostruc-
tured powder, three millings without cleaning milling tools
have been carried out. Under these conditions, the ductile
character of powders induced the formation of Ni coating
on the vial surface acting as a protective liner against the
abrasion on the surface of tempered iron tools. In addition,
the milling parameters were selected to be sufficiently long
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(a) (b)

Figure 2: Tensile test: (a) tensile specimens layout in the sintered disc with a diameter of 50mm in which three specimens were extracted,
(b) tensile specimen with installed extensometer.
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Figure 3: SEM observations of commercial Ni powder (APS 3–7 𝜇m) and (a) milled Ni powder (b) including the particle size distribution
determined by laser granulometry for both systems (c).

for producing mechanically activated agglomerates. Many
studies reported the existence of correlation between ball
milling conditions and microstructure of milled powders
[51, 52]. It was determined that there is an interval of time
for which the crystallite size and the dislocation density
are not time dependent whereas the twin faults density
increased proportionally to milling duration. Other authors
[51] showed that in the case of nanostructured Cu powder
prepared by ball milling a frequency of shocks in range of 6–
17Hz does not affect the microstructure. On the other hand,
crystallite size, dislocation and, twin densities are function of
the energy of shocks. From the kinetic model developed by
Abdellaoui and Gaffet [48], the change of speed rotations of
disk and vials led to an injected power during the ball milling
process which can be expressed as the energy of shocks (𝐸)

and the frequency of shocks (𝐹). In this work, energy and
frequency of shocks are, respectively, equal to 0.08 J and 9Hz.

Sintering is the second step and is required to obtain
nanostructured materials with a density perfectly controlled.
In the case of SPS, the sintering is due to the simultaneous
application of direct current pulses of very high intensity
(several thousands of amperes) and of a uniaxial pressure
to the encapsulating system (Figure 1). The Ni powders were
sintered in the spark plasma sintering apparatus (HPD125
apparatus, FCT System GmbH). Dense samples of 50mm
diameter and 10mm thickness were sintered into a graphite
die (100mmouter diameter and 50mmheight).The powders
were first cold compacted in the die lined with graphite foil
(graphite foil is also inserted between the powder and the
punches) at the sintering pressure during 5 minutes. The die
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containing the cold-compacted sample was enveloped with
a carbon felt to reduce the radiation heat losses from the
outer surface. The temperature was monitored by a K-type
thermocouple located in a hole at 3mm far from the sample
and half height of the die.

Before characterization, the samples were first polished
with 180-grit silicon carbide and up to 1 𝜇m with diamond
paste and, finally, cleaned in an ultrasonic ethanol bath in
order to remove surface contamination from graphite foil.
The relative density is obtained by the ratio of the bulk density
of the sintered samples (determined using the Archimedes
method in distilled water) to the theoretical density. Each
value is an average of three measurements. X-ray powder
diffraction (XRD) measurements were performed with a
Bruker-AXS D8 Advance diffractometer (CuK𝛼 radiation,
𝜆 = 0.154051 nm) using a super speed VANTEC-1 detector.
Pattern decompositionwas carried out with the profile-fitting
program TOPAS using Le Bail’s method [49].

A scanning electronmicroscope (SEM JEOL JSM-7600F)
with a field emission gun (FEG) and coupled with (i) a LINK
OXFORD Energy Dispersive X-Ray Spectrometry (EDXS)
and (ii) an electron backscattering diffraction (EBSD) detec-
tor was used to analyze, respectively, the grain morphol-
ogy and the local chemical composition of materials. The
microstructures of powders (commercial and milled) were
characterized by embedding and polishing them in order
to perform an analysis of the cross section of grains or
agglomerates and SPS materials were cut along the axial
direction. The samples were observed under secondary or
backscattered electron modes and analyzed by orientation
imagingmicroscopy (OIM).TheEBSDKikuchi patternswere
posttreated using CHANNEL 5.0 software in order to obtain
information on grain size distribution. The grain maps were
reconstructed assuming that the real grains contain more
than two adjacent pixels with the same orientation and the
grain boundary angles were higher than 4∘.

Finally, in order to evaluate the mechanical properties,
three tensile specimens were extracted from SPS-sintered
samples in relation with the schematic representation given
on Figure 2. Such a procedure allows us to perform, for
each as-sintered material, three tests. The tensile tests were
performed at a strain rate of 10−3 s−1 with specimens 16mm
in gage length and 4mm in gage diameter using a Testwell
machine equipped with a load cell of capacity 5000 daN. The
gage length elongation was measured with an extensometer
Epsilon over a gage length of 10mm.

3. Experimental Results

3.1. Mechanical Activation Stage. The powder issued from
the high energy ball milling does not keep the spherical
morphology of the commercial powder grains (Figure 3).
Mechanically activated powders in comparison to commer-
cial Ni powders appear as large agglomerates due to succes-
sive fracture/welding process occurring during the milling.
Indeed, the size of commercial powder grain increases from
8𝜇m to 200𝜇m (𝑑(0.5) measured by laser granulometry
(Figure 3(c)) whereas the crystallite size determined from
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Figure 4: (a) BSE micrographs showing the transverse cut of
milled Ni agglomerates. The dark zones correspond to oxygen
contamination and pores in agreement with (b) EDX analyses
reported in the table in which WDS (Fe, Cr) analysis were added.

XRD peak profile analysis decreases from 250 nm to 52 nm.
This mechanical activation has allowed the formation of
micrometric agglomerates constituted of nanocrystallites.
In addition, the microdistortion rate corresponding to an
increasing of defect density is also modified but the mag-
nitude seems to be lower (∼+10%). For the selected milling
condition, no contamination from the milling tools was
detected by both EDX-SEM and XRD analyses. Indeed, two
chemical analyses performed by EDXandWDSonmilledNi-
agglomerate confirmed that no Cr and Fe contamination was
observed. Only few areas located on agglomerate boundary
are composed of oxygen (Figure 4). However, oxides are not
detected by XRD (in the detection limit of the apparatus).
This study confirms the interest to use high-energy ball-
milling without cleaning vials in order to avoid any contami-
nation.

Figure 5 obtained from SEM-EBSD analysis permits to
determine a grain size distribution (inverse pole figure) and a
defect density (kernel analysis) on commercial (Figure 5(a))
and mechanically activated (Figure 5(b)) nickel powders.
The white areas on commercial powder figures correspond
to the resin. These figures confirm the XRD analyses and
show that the high energy ball milling process allows reduc-
ing the crystallite size (Figure 5(b)-top). Moreover, many
defects have been introduced (Figure 5(b)-down). Indeed,
the inverse pole figure for the milled powder exhibits a large
grain size distribution including zones containing large grains
and others composed with finer grains. In fact mechanical
activation of Ni powder allows to obtain a good combination
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Figure 5: For both (a) commercial and (b) milled Ni powders, inverse pole figure mode and kernel average misorientation have been plotted
in order to establish, respectively, the average grain size of particles (top) and a defect density inside powders (down).

between large and fine particles. Moreover, the density
of defects introduced during the milling is significant in
comparison with commercial powders in which the density
of defect is negligible. This density of defects observed on
EBSD images is higher than that obtained by XRD analysis
for which the contribution of microdistorsion seems to be
underestimated. In addition, the lattice strain has been found
to increase in the first stage of grain deformation, to reach
a maximum, and then to decrease upon further millings
[26, 27]. This behavior has been attributed to strain release
which can be observed during themilling especially when the
plastic deformation mechanisms are activated via formation
and movement of dislocations to grain boundary gliding.
Consequently, it is essential to study the influence of the
crystallite size reduction and defect density multiplication
on the sintering, in particular, on the grain coarsening and
consolidation stages.

3.2. Sintering Stage. In order to evaluate the sintering behav-
ior of each powder (i.e., commercial and milled powders), a
dilatometric study inside the SPS machine was performed.
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Figure 6: Dilatometric curves of sintering of the commercial
powder (270–1000∘C) and the mechanically activated Ni powder
(230–800∘C).

The SPS cycle consisted of a sintering at 1000∘Cunder 50MPa
without dwelling time. A heating rate of 50∘C/min has been
applied. This comparative study presented Figure 6 which
shows the sintering behavior of both powders is different. In
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particular, the temperatures corresponding, respectively, at
the beginning (230∘C instead of 270∘C) and at the end (800∘C
instead of 1000∘C) of sintering decrease when a mechanical
activation stage on the commercial powder is used.This effect
can be attributed to the microstructure difference in terms of
crystallite size and defect density as it was observed on EBSD
analysis presented on Figure 5. In addition, the shrinkage
curve of Ni commercial powder is composed of two steps,
firstly between 270∘Cand 400∘Cand secondly between 400∘C
and 1000∘C whereas such a slope change is not observed for
the milled powder (Figure 6).

This different sintering behavior can be explained by the
difference of morphology between the two powders. Indeed,
the commercial one, due to its thistle-like morphology, has
in a first step, and before starting to sinter, its surface
which becomes smooth. The optimization of the sintering
conditions of themicrometricNi powder has been performed
in a previous work by the establishment of a SPS sintering
map [50–52, 59, 60]. Accordingly, the commercial Ni powder
was sintered at 750∘C under 100MPa during 5 minutes. The
heating rate was divided into two steps. The heating rate was
200∘C/min until 600∘C and decreased at 50∘C/min for the
second step.The density of the sample was 99 ± 0.5%. Tensile
tests were performed on this SPS sintered sample and com-
pared with the reference Ni prepared by electrodeposition
(99% dense) (Figure 7). The yield stress, the hardening char-
acteristics, and the ductility of the micrometric SPS sintered
specimen and electrodeposition one are totally comparable.
Such a comparison validates the SPS process for producing
dense nickel with similar properties to the reference material
(electrodeposition Ni). Consequently, the sample elaborated
from the Ni milled powder has been sintered in the same
conditions (sintering parameters and tools). The density of
this sintered specimen is equal to 96 ± 0.5% only. This
density difference could be attributed to the plasticity of the
milled powder agglomerates which is smaller than that of
the commercial powder. As expected, the nanostructured
Ni sample exhibits a higher mechanical strength than the
micrometric sample (Figure 8). A nonnegligible ductility of
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Figure 8: True stress-strain response of the microstructured and
the nanostructured nickel elaborated by SPS under a pressure of
100MPa.

25% was reached with the nanostructured sample. Figure 9
compares the fractographs of the micrometric nickel and
the nanostructured nickel both elaborated by SPS under a
pressure of 100MPa.They both exhibit stretched voids typical
of ductile failure.Themicrometric nickel reveals a continuous
net of stretched voids of size ranging from 2 to 10 𝜇m,
while the nanostructured nickel reveals a finer stretched
void structure with a somehow continuous network of voids
ranging from 0.5 to 2𝜇m. In addition, the nanostructured
nickel exhibits large voids spherical in shape of size ranging
from 5 to 10 𝜇m. Because of their spherical aspects, these
voids are believed to originate from pores as the residual
porosity is high in excess of 4%.

To improve the density of the sample elaborated from the
milled powder, the SPS process has to be optimized. Precisely,
the beneficial effect of the SPS process on the densification
was demonstrated elsewhere showing that the density is
improved with the heating rate, the applied pressure, and the
holding time up to a critical value [39]. However, heating rate
and holding time do not provide a significant improvement
and an increasing of the sintering temperature could lead
to grain growth, which will be harmful to the mechanical
properties. On the contrary, an increasing of the pressure
allows decreasing the sintering temperature while improving
densification. So, the strategy adopted has been to apply
higher pressure to enhance the contribution of the plastic
deformation to densification and bonding. The high stress
enhances the plastic strain controlling pore closure. Also, the
stress plays a significant role in stress-assisted densification
mechanisms. In addition, the extensive plastic deformation
under high stress results in the destruction of any continuous
surface oxides on powder particles which may degrade
bonding and properties. The high pressure applied may also
have a beneficial effect of slowing down grain growth because
of the reduction of free volumes in grain boundaries which
favor atomic jumps across the boundary.

Therefore, the effect of the pressure has been investigated.
Because of the poor flexural strength of the graphite, the
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Figure 9: Fractographs of the tensile specimens for the microstructured (a) and the nanostructured (b) nickel elaborated by SPS under a
pressure of 100MPa.

uniaxial pressure is limited to 100MPa. Consequently, spe-
cific tungsten carbide-cobalt tools including cylindrical die
of 100mm outer diameter and 50mm height and punches
have been designed. However, the sample densification is
influenced by the nature of SPS tools. Despite a similar sin-
tering temperature, the sample temperature can be different
[61]. Therefore, the electrical and thermal conductivities of
WC-Co tools impose to modify the thermal cycle applied to
mechanically activated Ni powder. In addition, applying very
high pressures will strongly affect the sintering behavior by
changing the densification temperature. In order to evaluate
the influence of the tool on the sintering, a dilatometric curve
of the milled powder has been realized from the following
sintering conditions: sintering at 700∘C under 200MPa with
a 200∘C/min heating rate without dwelling time. According
to this curve the sintering of milled Ni powder has been
performed at 550∘C during 10 minutes under 200MPa. As
previously mentioned, the heating rate was divided into
two steps. The heating rate was 200∘C/min until 450∘C and
decreased at 50∘C/min for the second step.The density of this
sample was close to 98 ± 0.5%.

On Figure 10, it appears that the sintered nanostructured
Ni at 200MPa has higher mechanical strength (∼590MPa)
than the milled powder sintered under 100MPa (∼500MPa).
In addition, the ductility has been improved from 25 to 35%.

As shown in Figure 11, both nanostructured nickel sam-
ples exhibit a continuous network composed of stretched
voids with size ranging from 0.5 to 2𝜇m. For the nanostruc-
tured nickel elaborated under high pressure (Figure 11(b)),
small spherical voids in size, less than 1 𝜇m, have been
observed as well. However their sizes similar to the size of the
stretched voids indicate that the residual porosity may play a
minor role in the final failure process of this nanostructured
nickel.

Finally, the yield strength of 590MPa is three times higher
than the yield strength of electrodeposition sample. In fact
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the strength observed is approximately consistent with what
would be expected under the Hall-Petch relationship. The
second interesting feature is that a plastic strain of 30% is an
observed event at this high strength level. Most nanophase
nickel alloys (grain size <100 nm) reported previously did
not exhibit such pronounced plastic strain before fracture.
It is surmised that the premature failure observed in these
materials may at least partly be due to the presence of a
significant amount of pores, impurities. The behavior of this
nanostructured nickelmay lead to the presence of “bi-modal”
microstructure which is composed of larger grain dispersed
in the finer grain matrix as observed on Figure 12.

The EBSD-SEM image on this sample shows clearly these
two areas. A sample elaborated in the same conditions but



8 Journal of Nanomaterials

Voids originating from pores

Nanostructured nickel elaborated at a 100MPa

30𝜇m

(a)

Nanostructured nickel elaborated at a 200MPa

Voids originating from pores

30𝜇m

(b)

Figure 11: Fractographs of the tensile specimens for the two nanostructured nickels.
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Figure 12: EBSD-SEM images of the sample elaborated from the
milled powder sintered under 200MPa.

with the commercial powder has a larger and more homo-
geneous microstructure. Consequently, it will be interesting
to control this combination between larger gains and finer
ones in order to understand the role of each grain population
onmechanical properties especially on strength and ductility.
However, in comparison with Hall-Petch plot for nickel
processed by different processing routes (Figure 13), it is
clearly shown that the dense nanostructured nickel (98%with
an average crystallite size of 130 nm determined by XRD
analysis) produced by mechanically activated SPS process is
in agreement (our result is symbolized by a open circle) with
the dashed line which represents a linear fit on data generated
by electrodeposition by Ebrahimi et al. [53] and Xiao et al.

0

200

400

600

800

1000

1200

1400

Yi
el

d 
str

en
gt

h 
(M

Pa
)

[Ebrahimi et al., 1999]
[Xiao et al., 2001]
[Krasilnikow et al., 2005]
[Bui, 2008]

[Bui, 2010]
[Farbaniec, 2012]
This study

0 0.05 0.1 0.15 0.2 0.25
Grain size−1/2 (nm−1/2)

Figure 13: Hall-Petch plot for nickel processed by different process-
ing routes (see [53–58]).

[54]. Other data reported in the figure were generated with
nanopowders sintered by SPS [55] and HIP [56] and with
micrometric nickel plastically deformed by equal channel
angular pressing [57] and by dynamic plastic deformation
[57]. If the latest technology is another potential mean to gen-
erate ultrafined and nanostructured nickel, the sintering of
nanopowders, compared to mechanically activated powders,
reveals its limitations, as the high density of oxides provides
higher strength with a drawback of exhibiting no capacity to
deform plastically.
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4. Conclusion

Themethod of dense nanostructured Ni preparation used in
the present work is the mechanically activated spark plasma
sintering (MASPS). The process to fabricate dense nano-
materials starting from micrometric commercial powders
consists in two main steps: (a) mechanical activation (MA)
using a high energy ball mill and (b) densification using
the SPS device. In the former, mixture of pure elemental
powders of Ni was milled in a Fritsch planetary ball mill
(the so-called vario-mill P4 Pulverisette). Finally, the milled
nickel powders have been sintered by SPS. The sintering
conditions from these mechanically activated powders will
be established in order to identify the “SPS window” for
which it is possible to consolidate these powders without a
coarsening of particles or with a control of the grain growth
from a modification of the applied pressure (200MPa).
Consequently, dense nanostructured nickel samples have
been produced (98%). These latter presented a specific and
interesting microstructure which combines larger particles
with smaller ones.

In addition, in order to use a representative sample for
performing mechanical tests, it will be essential to control
these nanostructures in larger sample (diameter greater than
50mm). Finally, these Ni nanostructured samples were tested
using classical static mechanical tests such as traction tests
and compared to the literature data. These nanostructured
nickel specimens which had yield strength of 600MPa with
ductility close to 30% are in agreement with the expected
Hall-Petch relationship.
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A mixed-powder pouring method has been proposed to fabricate functionally graded materials (FGMs) with the desired
compositional gradient. The experimental procedure involves preparation of mixed powders consisting of more than two types
of particles with different size and/or density, which exhibit different velocities in suspension and sedimentation to form the green
body under gravity conditions.The green body was sintered by a spark plasma sintering (SPS) method.The initiation of the particle
settlement was precisely controlled by using crushed ice as the suspension medium. Ti-ZrO

2
FGMs were fabricated, in this study,

using different sizes of ZrO
2
and Ti particles. Vickers hardness confirmed the compositional gradient in the fabricated FGMs. A

numerical simulation was also carried out to analyze the particle movement inside the suspension medium during the formation
process and predict compositional gradient in the FGMs.

1. Introduction

Functionally gradedmaterials (FGMs) are the advanced com-
positematerials characterized by spatial variations in compo-
sition and microstructure that change over the volume [1–5].
Due to this compositional gradient in materials and compo-
nents, the functional properties of FGMs can be achieved
[1–5]. The interface between materials is substantially elimi-
nated; that is, the stress singularity is removed leading tomin-
imizing thermal fatigue failure.

There are several effective techniques recently proposed
to fabricate Ti-ZrO

2
FGMs [6–8]. Kinoshita et al. proposed

a method developing compositional gradient using a slurry-
pouringmethod [7, 8].Thismethod allowed particles to settle
down under the gravitational force and the FGMs were suc-
cessfully fabricated with large and continuous compositional
gradients. However, it is difficult to control the initiation of
particle settlement. In case of a centrifugal slurry-pouring
method, the initiation of particle settlement cannot be con-
trolled to completely nullify the effect of gravitational force.

In this study, to overcome this problem, we propose
mixed-powder method, in which crushed ice is used as the

particle suspension medium to control the particle sediment
from the initiation to the end. In order to clearly understand
behavior of particles in the suspension medium, also termed
as a “buffer zone,” the simulation was carried out in cases of
different buffer zone lengths. We show that the desired
gradient pattern from 100% Ti at one surface to 100% ZrO

2

at another can be obtained with the buffer zone of length
250mm based on the simulation. Ti-ZrO

2
FGMs were

experimentally fabricated using this new technique ofmixed-
powder pouring method. The simulation and experimental
results are compared to verify the validity of the model and
understand the effectiveness and usefulness ofmixed-powder
pouring method in the FGM fabrication.

2. Basic Theory and Simulation

The velocity of a spherical solid particle migrating in viscous
liquid under the gravitational force can be described based on
Stokes’ law. In the simulation, the crushed ice was assumed
to possess the characteristics of water, and the movement
of solid particles is not affected by any other external forces
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except for the resistance force by the suspension liquid and
the gravitational force. The velocity of Ti and ZrO

2
particles

migrating under the gravitational force in liquid can be
expressed by the following equations:

VTi =
(𝜌Ti − 𝜌𝑓)

18𝜂

𝑑Ti
2
𝑔,

VZrO
2

=

(𝜌ZrO
2

− 𝜌
𝑓
)

18𝜂

𝑑ZrO
2

2
𝑔,

(1)

where 𝜌Ti, 𝜌ZrO
2

, and 𝜌
𝑓
are the densities of Ti and ZrO

2

particles and the density of suspension liquid, 𝑑Ti and 𝑑ZrO
2

are diameter of Ti and ZrO
2
particles, and 𝜂 and 𝑔 are

viscosity of suspension liquid and acceleration due to gravity,
respectively.

Figure 1 shows migration velocities of Ti and ZrO
2

particles under the gravitational force, where the densities of
Ti and ZrO

2
particles are 4.5Mg/m3 and 6.05Mg/m3, respec-

tively [8]. The velocities of the particles are calculated as a
function of sizes and densities using (1).

As seen in Figure 1, it is obvious that the velocity of ZrO
2

particles is higher than that of Ti particles, when the particle
size is the same, due to larger density of ZrO

2
particles. On the

other hand, if the mixed powder contains the ZrO
2
particles

of smaller size and Ti particles of larger size, then Ti particles
can have higher velocity than that of ZrO

2
particles in some

specific conditions [8, 9].
The velocity of the particles is also greatly influenced by

the resistance by the suspension liquid. Using Brinkman’s vis-
cosity equation [10], the resistance force by the viscous liquid
to the migrating particles is calculated in the simulation. The
viscosity of suspension liquid containing solid particles with
spherical shape can be written as follows:

𝜂 =

𝜂
0

(1 − 𝑉/𝑉max)
5/2
, (2)

where 𝜂, 𝜂
0
, 𝑉, and 𝑉max are the apparent viscosity of the

liquid containing solid particles, the viscosity of the suspen-
sion liquid without particles, the volume fraction of solid
particles and the maximum containable volume fraction of
solid particles, respectively.The𝑉max depends on the packing
fraction of solid particles in liquid. The maximum volume
fraction of spherical solid particles is between 52% for simple
cubic packing and 74% for close packing.

In this study, the formation behavior of graded composi-
tion in Ti-ZrO

2
FGMs using mixed-powder pouring method

under gravity is simulated. The length of the suspension
medium, that is, the buffer zone, of 250mm, is used in the
simulation.The buffer zone is divided into subzones with the
equal length as shown in Figure 2. The particle movement
velocity along the gravitational force direction is calculated in
each zone. Correspondingly, the volume fraction of the two
kinds of powders at any arbitrary zone, 𝑛, is also simulated.
The volume fraction of particles, 𝑉

𝑛
, at zone 𝑛 is calculated

using the formula following:

𝑉


𝑛
= 𝑉
𝑛
−

V
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+

V
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Graphite die

Graphite punch

Hollow tube

in length
divided into
250 sections

Hollow tubeParticle
movement

under
gravity

3D 2D

250mm𝜙 19mm

Figure 2: Classification of buffer length in zones.

where 𝑉
𝑛
, V
𝑛
, 𝑎, and 𝐷

𝑛
are the prior volume fraction of

particle, movement velocity of a particle, width of each zone,
and the ratio of volume fraction of zones 𝑛 and 𝑛 + 1, respec-
tively.

Figure 3 shows the flowchart for calculation of the veloc-
ity of particles inside the suspension zone and the volume
fraction of the particles in each zone. The input parameters
required for calculation are as follows: the densities of
the particles used in the mixed-powder pouring method,
the density and viscosity of water (suspension medium) of
0.998Mg/m3 and 0.89mPa⋅s, respectively, particle size range,
and the number of zones or sections in the suspension
medium. The maximum packing factor is set at 0.52 in the
calculation process.

The initial volumes of two particles are calculated. In case
of Ti particles of a size range of 90–150𝜇m, the initial volumes
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Figure 3: Calculation process of particle distribution in FGMs.

of 90𝜇m and 150 𝜇m sized Ti powder are taken as 25% each,
and the rest 50%of initial volume is assumed to be the average
of 90𝜇m and 150 𝜇m, that is, 120𝜇m.The velocity of particles
at each zone is calculated based on Stoke’s law. From the
velocity of the particles, the volume fraction of particles is
calculated using (3). This process is repeated in the specified
limited time and the final particle distribution is obtained.

3. Materials and Methods

For the mixed-powder pouring process, homogeneously
mixed powders of Ti and ZrO

2
with a volume ratio 1 : 1

were prepared. Ti particles have an angular shape, and
ZrO
2
particles have a spherical shape. The details of pre-

pared homogeneous mixture with different particle sizes are
described in Table 1. In all the samples shown in Table 1, the
average size of ZrO

2
particles is larger than that of Ti particles.

3.1. Preparation of SPS Specimen. Agraphite diewith an inner
diameter of 20mm and a height of 40mm was used. carbon
sheet was placed along the inner wall of the graphite die. A
bottom punch was fitted tightly to one end of the graphite
die as shown in Figure 4. A hollow tube with a length of
220mm made of plastic was fitted and sealed to another end
of the graphite die. The height of the total suspension, that is,
the length of the hollow tube along with the graphite die is
250mm.The crushed ice with a volume of 78.5 × 10−6m3 was
prepared using the ice crusher.

The hollow tube was filled with the crushed ice as shown
in Figure 4(a). Then, prepared homogeneously mixed pow-
ders were poured from the top of the crushed ice, as shown
in Figure 4(b).The crushed ice was allowed to melt gradually
under isothermal conditions at 40∘C. Sedimentation of Ti
and ZrO

2
particles proceeded along the hollow tube at the

uniform temperature. The homogeneously-mixed powders
poured on the top of crushed ice will move down along the
hollow tube and settle down at the bottom of the graphite die.
Sedimentation of the mixed powders depend on the densities

and/or sizes of the particles. After settlement, a green body
was obtained, as shown in Figure 4(c), which was sintered
using SPS afterwards.

3.2. Fabrication of FGMs. The SPS was carried out under the
pressure of 30MPa at the sintering temperature of 1200∘C.
After sintering, disc-shaped Ti-ZrO

2
sample of FGMs with

20mm in diameter and 10mm in height was obtained. To
carry outmicrostructural investigation, the specimenwas cut
into a cuboid shapewith dimensions of 10× 8× 5mm3 using a
microcutter. Scanning electron microscope (SEM) and energ
y dispersive X-ray spectroscopy (EDX) were used to observe
themicrostructure and evaluate the composition distribution
of the fabricated FGMs, respectively. Further, Vickers hard-
ness test was conducted on the FGM samples to study the
mechanical property and confirm the gradient in the com-
position of the fabricated FGMs.

4. Results and Discussion

4.1. Compositional GradientsObtained by Simulation. Figures
5(a), 5(b), and 5(c) show the calculated volume fraction dis-
tributions of Ti and ZrO

2
in samples A, B, andC, respectively.

The abscissa in Figure 5 is the position in the direction of
gravity normalized by the length of composite; that is, 0 and 1
represent the top and bottom surfaces of the FGMs, respec-
tively. It can be seen from Figure 5 that Ti and ZrO

2
dis-

tributions across the normalized position have yielded large
compositional gradient within the FGMs. According to the
simulation, with increase in normalized position 0 to 1, the
volume fraction of Ti decreases and ZrO

2
increases, which

results in a largely graded microstructure. It can be also seen
in the figures that the particle distribution becomes homoge-
neous between normalized positions 0.6 and 0.65.

4.2. Microstructure and Compositional Gradient of Ti-ZrO
2

FGMs. Photographs of Ti-ZrO
2
FGMs samples #A, #B, and

#C are shown in Figures 6(a), 6(b), and 6(c), respectively. As
shown in these figures, continuous compositional gradients
may form within these samples.

Figures 7(a), 7(b), and 7(c) are the SEM images the FGMs
samples #A, #B, and #C, respectively.The four SEM images in
each column show the graded structure of Ti and ZrO

2
across

the normalized position, that is, from top to bottom of the
fabricated FGMs. From the four figures, it can be seen that the
concentration of spherical particles increases gradually from
top to bottom.

The concentrations of Ti and ZrO
2
at each region were

analyzed by EDX, and the volume fraction distributions of Ti
and ZrO

2
in Ti-ZrO

2
FGMs were obtained as shown in

Figures 8(a), 8(b), and 8(c). It can be seen from these figures
that the volume fraction of Ti is close to 100% between the
normalized positions of 0 and 0.2 in all the samples. The
composition of Ti decreases and that of ZrO

2
increases

continuously and gradually, to become nearly homogeneous
between normalized positions of 0.6 and 0.65. The volume
fraction of ZrO

2
reaches close to 100% between the nor-

malized positions 0.8 and 1, as shown in Figures 8(a) and
8(b). Therefore, it is found that the mixed-powder pouring
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Figure 4: Experimental setup: (a) pouring crushed ice into hollow tube, (b) pouring homogeneous Ti-ZrO
2
mixed powder into hollow tube

containing crushed ice, and (c) process involved in preparation of green body.

Table 1: Samples prepared in this study.

Particle Density Mass Sample A Sample B Sample C
ZrO2 6050 kg/m3 9.51 g 75–106 𝜇m 38–75 𝜇m 106–150 𝜇m
Ti 4500 kg/m3 7.07 g 63–90 𝜇m 45𝜇m pass 90–150 𝜇m

method is an effective fabrication technique for FGMs with
large and continuous compositional gradient. However, from
the results shown in Figure 8(c), it can be observed that the
volume fraction of ZrO

2
fails to reach 100% near the normal-

ized position 1 where the large compositional gradient is not
observed because of small migration speed difference be-
tween Ti and ZrO

2
particles. The larger buffer zone is neces-

sary, for obtaining the larger compositional gradient in
sample #C.

Figure 9 shows the X-ray diffraction (XRD) pattern from
the ZrO

2
surface in sample A. At the ZrO

2
surface, peaks

for ZrO
2
(tetragonal) and no peak for Ti can be seen,

which means that 100% ZrO
2
layer formed at one side. It is

considered that FGMs with 100% ZrO
2
at one side and 100%



Journal of Nanomaterials 5

0

20

40

60

80

100

Vo
lu

m
e f

ra
ct

io
n 

(v
ol

%
)

0 0.2 0.4 0.6 0.8 1
Normalized position (top to bottom)

Ti
ZrO2

(a)

0

20

40

60

80

0 0.2 0.4 0.6 0.8 1
Normalized position (top to bottom)

Ti
ZrO2

Vo
lu

m
e f

ra
ct

io
n 

(v
ol

%
)

100

(b)

0

20

40

60

80

0 0.2 0.4 0.6 0.8 1
Normalized position (top to bottom)

Ti

Vo
lu

m
e f

ra
ct

io
n 

(v
ol

%
)

ZrO2

100

(c)

Figure 5: Calculated volume fractions of Ti and ZrO
2
in Ti-ZrO

2
FGMs, (a) sample A, (b) sample B, and (c) sample C.
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Figure 6: Photographs of Ti-ZrO
2
FGMs samples, (a) sample A (b) sample B, and (c) sample C.
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Figure 7: SEM photographs of microstructure of Ti-ZrO
2
FGMs for (A) sample A, (B) sample B, and (C) sample C. Photographs of (X-a),

(X-b), (X-c) and (X-d) are taken at normalized position of 0.0 to 0.25, 0.25 to 0.5, 0.5 to 0.75, and 0.75 to 1.0, respectively.

Ti at another side can be obtained with a suitable selection of
powder sizes and buffer zone length.

4.3. Hardness. The hardness values in Ti-ZrO
2
FGMs sam-

ples #A, #B, and #C are also shown in Figures 8(a), 8(b),
and 8(c), respectively. The Vickers hardness (Hv) of Ti and

ZrO
2
ranges between 200–300 and 1200–1300, respectively. It

was concluded in [11] that SPS has the potential of enhanced
densification and suppressed grain growth due to a fast
heating rate and apparent low firing temperature. Therefore,
the actual hardness measured in the fabricated FGMs is on
the slightly higher side. The hardness inside the fabricated
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FGMs increases with the increase in normalized position 0
to 1, thereby, confirming the increasing ZrO

2
content across

the normalized position.

5. Conclusions

In this study, FGMs were fabricated using a mixed-powder
pouring method followed by SPS. The desired continuous
compositional gradient with 100% Ti at one side and 100%
ZrO
2
at another side in the Ti-ZrO

2
FGMs was obtained.

Numerical simulation considerably represented experimen-
tal results, which can be used to select suitable sizes of
powders and experimental conditions to obtain predesigned
compositional gradients in the FGMs.
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Densification of antimony-doped tin oxide (ATO) ceramics without sintering aids is very difficult, due to the volatilization of
SnO
2
, formation of deleterious phases above 1000∘C, and poor sintering ability of ATO particles. In this paper, monodispersed

ATO nanoparticles were synthesized via sol-gel method, and then ATO nanoceramics with high density were prepared by spark
plasma sintering (SPS) technology using the as-synthesized ATO nanoparticles without the addition of sintering aids. The effect of
Sb doping content on the densification was investigated, and the densification mechanisms were explored. The results suggest that
ATO nanoparticles derived from sol-gel method show good crystallinity with a crystal size of 5–20 nm and Sb is incorporated into
the SnO

2
crystal structure. When the SPS sintering temperature is 1000∘C and the Sb doping content is 5 at.%, the density of ATO

nanoceramics reaches a maximum value of 99.2%. Densification mechanisms are explored in detail.

1. Introduction

Because of their high electrical conductivity combined with
chemical stability and corrosion resistance, antimony-doped
tin oxide (ATO) materials are widely used in numerous
applications such as catalytic and gas-sensing applications
to monitor toxic gas emissions, as electrodes in the glass
industry and as transparent conductive oxide (TCO) films
[1–4]. Recently, ATO ceramics with high density (>95%) and
high electrical conductivity have become target candidates
for depositing TCO films in substitution of the more conven-
tional indium tin oxide (ITO) films [5].

However, the densification of ATO ceramic is very diffi-
cult because surface diffusion and evaporation-condensation
limit densification [6, 7]. Long heating times required for
conventional sintering (pressureless sintering and hot press-
ing) usually cause evaporation of SnO

2
and lead to particle

coarsening and low density. The sintering problem is further
complicated by the high vapor pressure of SnO, the formation
of deleterious intermediate phases, and decomposition of

the ATO system at temperatures above 1000∘C [8]. Adding
additives such as ZnO, CuO, andMnO

2
can promote densifi-

cation by a liquid-phasemechanism [9–11], but the secondary
phases formed in these cases adversely affect the electrical
conductivity.

Spark plasma sintering (SPS) has the potential to obtain
fully dense materials at low temperature and with a rapid
sintering rate, which can prevent the formation of deleterious
intermediate phases and reduce the evaporation of SnO

2
.

Furthermore the spark discharge could activate the particles
to improve densification [12, 13]. Many researchers have
reported the enhanced densification of SnO

2
-based ceramics

prepared by SPS [14, 15]. Scarlat et al. [14] prepared ATO
ceramics using the field-assisted sintering technique (FAST)
with ATO powders obtained by solid phase synthesis. The
relative density (92.4%) was enhanced compared with the
density of ATO ceramics sintered by conventional sintering
technique (61.3%), but it is still too low for a target used
to prepare TCO films using magnetron sputtering method.
Zhang et al. [15] used the SPS technique to fabricate ATO
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ceramics with high density of 97.4% using monodispersed
ATOnanoparticles synthesized by the hydrothermalmethod.
Compared to Scarlat et al.’s results, the high density of ATO
ceramics obtained by Zhang et al. can be contributed to the
higher activation energy of ATO nanoparticles. However,
Zhang has only reported the sintering behavior of ATO
ceramic with 5 at.% doping content of Sb. The sintering
mechanism as well as the relationship between Sb doping
content and densification behavior is not clear. Besides, as
a conductive material, the effect of electrical conductivity
on the sintering behavior and densification of ATO ceramic
should not be ignored during the large electrical current
sintering of SPS.

In this paper, monodispersed ATO nanoparticles were
synthesized by the sol-gel method. Then, SPS with low
temperature sintering and rapid sintering rate was used to
obtain ATO ceramics with high density, without the incorpo-
ration of sintering aids. Finally, the densificationmechanisms
associatedwith SPS consolidation of bulkATO ceramics were
investigated.

2. Experimental

The ATO nanoparticles were prepared using sol-gel method.
A precursor solution was synthesized using tin (IV) tetra-
chloride (SnCl

4
, >98%), antimony chloride (SbCl

3
), anhy-

drous ethanol (C
2
H
5
OH, >99.7%), and citric acid (CA) in a

three-necked flask. The solution was refluxed at 70∘C for 5 h
with a vigorous stirring and then aged at 30∘C for 48 h to get
a gel. Finally, the gel was dried at 80∘C in a vacuum oven for
24 h and then calcined in furnace at 500∘C for 3 h.

The SPS system (SPS-1050, Sumitomo Coal Mining Co,
Yokohama, Japan) was used in the present investigation. The
ATO nanoparticles were loaded in a 20mm inner diameter
graphite die, and then the die was transferred into the SPS
machine. The pulse pattern was kept constant and consisted
of twelve pulses (with a pulse duration of 3.3ms), followed by
two periods of zero current. The applied axial pressure was
40MPa from the beginning of the heating step to the duration
time, then it was unloaded to 0MPa during the cooling
step. All samples were sintered at 1000∘C (which is below
the formation temperature of some deleterious intermediate
phases during sintering) with a heating rate of 100∘C/min and
dwell durations up to 3min in vacuum (∼20 Pa).

The density of the sintered ATO ceramics was tested by
the Archimedes method in water. The phase structures of the
ATO nanoparticles and sintered ceramics were investigated
by X-ray diffraction (XRD, Rigaku Ultima III) with CuK𝛼
radiation. The sample was scanned from 20∘ to 80∘ (2𝜃) in
steps of 0.05∘. The crystallite size is calculated by the full
width at half maximum (FWHM). The microstructures of
the ATO nanoparticles and sintered ceramics were observed
in a field emission scanning electron microscope (FE-SEM,
Hitachi S-4800) and a transmission electron microscope
(TEM, JEM-2100F STEM/EDS). The oxidation states of Sb
were determined by X-ray photoelectron spectroscopy (XPS,
VG Multilab 2000). During XPS analysis, a Mg/Al double
anode X-ray was used as the excitation source.

3. Results and Discussion

3.1. Phase Composition andMicrostructure of ATONanoparti-
cles. Figure 1 shows the XRD patterns for ATO nanoparticles
with different Sb doping concentrations and pure SnO

2

nanoparticles. It can be seen that, with antimony content
varying from 0 to 10 at.%, ATO nanoparticles show the
presence of only one crystalline phase structurally related
to cassiterite, which indicates that the SnO

2
lattice can

accommodate 10 at.% Sb atomswithout significant changes in
the structure [16].With increasing Sb content, the peaks show
little shift to the lower 2𝜃 values, which indicates that Sb is
incorporated into the SnO

2
crystal structure. The crystallite

size determined from the SnO
2
(110) plane by FWHM is

approximately 4.6 nm, 5.8 nm, 9.1 nm, and 16.8 nm for ATO
nanoparticles with 1 at.%, 3 at.%, 5 at.%, and 10 at.% Sb,
respectively.

Figure 2 illustrates the TEM morphology of ATO
nanoparticles with 5 at.% Sb and 10 at.% Sb. It is clear that the
as-synthesized ATO nanoparticles show good crystallinity.
The crystallite size of ATO nanoparticles with 5 at.% Sb is
∼10 nm, while the crystallite size of ATO nanoparticles with
10 at.% Sb is ∼20 nm, which is in agreement with crystallite
size estimated by FWHM. This similarity indicates that the
ATO nanoparticles synthesized by the sol-gel method are
monodispersed. The small difference in crystallite size with
different Sb doping concentration may contribute to the
segregation of Sb to the surface of ATO particles, which
ultimately affect the grain growth of particles [17]. The
monodispersed ATO nanoparticles indicate high activation
energy and good sintering potential, which may enhance the
densification of ATO ceramics.

3.2. Densification and Sintering Behavior of ATO Nanoceram-
ics. The SPS process used to consolidate the ATO nanoce-
ramics (without the use of sintering aids) was carried out
at 1000∘C for a holding period of 3min in vacuum at
a heating rate of 100∘C/min. Figure 3 shows the sintering
behavior of pure SnO

2
nanoparticles and as-synthesizedATO

nanoparticles. Figure 3(a) illustrates displacement, displace-
ment rate, and temperature curves as a function of the
sintering time, while Figure 3(b) illustrates the densification
curves converted from displacement by considering the
relative densities of sintered samples [18, 19]. The slight
shrinkage for ATO nanoparticles at the initial sintering stage
can be seen clearly from Figure 3(a), while no shrinkage for
SnO
2
nanoparticles can be observed at the same stage. The

slight shrinkage indicates the activation ofATOnanoparticles
due to spark discharge, and this phenomenon will be further
illustrated in Section 3.4. Furthermore, ATO nanoparticles
show higher displacement rate than pure SnO

2
nanoparticles

at about 700∘C, which indicates enhanced sintering potential
of ATO nanoparticles, especially ATO nanoparticles with 5
at.% Sb. On the other hand, it can be seen obviously in
Figure 3(b) that the ATO nanoparticles containing 5 at.% Sb
show a higher density than the other two samples at the same
sintering temperature.

The lattice parameters and density data of the sintered
ATO nanoceramics are provided in Table 1. For comparison,
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Figure 1: XRD patterns for ATO nanoparticles with different Sb doping concentrations.
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Figure 2: TEMmorphology of ATO nanoparticles with (a) 5 at.% Sb, (b) 10 at.% Sb.
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Table 1: Lattice parameters and density data of the sintered ATO nanoceramics.

Sample 𝑎 = 𝑏 (Å) 𝑐 (Å) 𝑉 (Å3) 𝑑theor (g/cm
3) 𝑑exp (g/cm

3) 𝑑rel (%)
Pure SnO

2

† 4.7382 3.1871 71.552 6.993 6.599 94.4
1 at. % Sb 4.7405 3.1898 71.682 6.987 6.71 96.1
3 at. % Sb 4.7468 3.1905 71.89 6.95 6.73 96.8
5 at. % Sb 4.7486 3.1955 72.057 6.944 6.889 99.2
10 at. % Sb 4.749 3.221 72.622 6.89 6.732 97.7
𝑉 is the volume of the ATO crystal lattice, 𝑑theor is the theoretic density calculated by the lattice parameters, 𝑑exp is the experimental density tested by the
Archimedes method, and 𝑑rel is the relative density calculated as 𝑑exp/𝑑theor.
†Pure SnO2: JCPDS Card number 41-1445.

equivalent data for pure SnO
2
are also included. It is clear that

both 𝑎 and 𝑐 lattice parameters increase with increasing Sb
doping concentration. These slight lattice distortions of the
cassiterite SnO

2
indicate that Sb is incorporated into the tin

oxide lattice to form the ATO solid solution. Furthermore,
the as-sintered ATO nanoceramics exhibit high density (96–
99% 𝑑theor) under the selected SPS conditions, while the
density of pure SnO

2
ceramic is only 94.4%.With the increase

in Sb doping concentration from 0 at.% to 10 at.%, the density
first increases then decreases.When Sb doping concentration
is 5 at.%, the density reaches the maximum value of 99.2%
which is in agreement with the SPS sintering behavior shown
in Figure 3.

3.3. Phase Composition and Microstructure of ATO Nanoce-
ramics. Figure 4 shows the XRD patterns of sintered ATO
nanoceramics with different Sb doping concentrations. The
XRD spectra show that all peaks are characterized as the cas-
siterite SnO

2
(JCPDS Card number 41-1445), which indicates

that the sintered nanoceramics maintain the character of the
ATO nanoparticles and no apparent phase change occurs.
The pure and consistent phase of cassiterite SnO

2
before and

after sintering implies that the low temperature sintering of
SPS successfully prevents the formation of deleterious inter-
mediate phases and the decomposition of the ATO system.
The slight shift in peak position with different Sb doping
concentration is in agreement with the increases in lattice
parameters.TheXRDdata shows some differences before and
after sintering, which may attribute to the transformation of
Sb3+ to Sb5+ during sintering [20].

Representative SEM micrographs of the sintered ATO
nanoceramics with different Sb doping concentrations are
provided in Figure 5. It is observed that the as-sintered ATO
nanoceramics are nearly fully dense with no obvious porosity.
The grain sizes of the sintered ATO nanoceramics are less
than 100 nm, and the grain size increases with increasing Sb
doping concentration. When the Sb doping concentration
varies from 1 at.% to 10 at.%, the grain size increases from
20 nm to 100 nm. The variable grain sizes may be due to the
segregation of Sb to the surface of the ATO nanoparticles.
With increasing Sb doping concentration, Sb segregation
is known to occur as trivalent Sb (III) at the surface of
ATO particles [21]. Trivalent Sb (III), as a cationic dopant
with oxidation states lower than Sn4+, will act as a sintering
additive to promote densification and grain growth [22].

Therefore, considering the Sb segregation, the grain size
and density of the sintered ATO nanoceramic will increase
with increasing Sb doping concentration. However, it can be
seen from Figure 3 and Table 1 that the ATO nanoceramic
with 5 at.% Sb shows a higher displacement rate and higher
density than the ATO nanoceramic with 10 at.% Sb. Thus,
the densification mechanisms for SPS-consolidated ATO
nanoceramic cannot simply be attributed to the mechanism
of adding Sb as a sintering additive.

3.4. Densification Mechanisms in ATO Nanoceramics. From
the SPS point of view, the passage of electrical current
depends on the electrical conductivity of the powder com-
pact. In case of an insulating powder, the major part of
the current passes through the graphite die, with a small
fraction passing through particles. While for a conducting
powder, the current will pass through the powder [23]. SnO

2

is an n-type semiconductor with low electrical conductivity,
and the conductivity will be improved by the addition of
dopants such as Sb ions [24, 25]. Thus, a comparatively
larger fraction of the total current will pass through the
ATO powder compact compared with the SnO

2
powder

compact. The electrical resistivity values of SnO
2
(with no

Sb) and ATO will also be shown in Figure 7. Therefore,
spark discharges in the void spaces become more frequent
in the ATO powder compact. The slight shrinkage and
higher displacement rate of ATO nanoparticles shown in
Figure 1 indicate the passage of current through the sample
and the frequent spark discharge in void spaces, as further
investigated in the following.

In an effort to investigate the densification mechanisms
further, an ATO nanoceramic sample containing 5 at.% Sb
was removed from the SPS unit after reaching only 700∘C.
This sample was evaluated using SEM and EDS, as shown
in Figure 6. As shown in Figure 6(a), the spark discharges
generate special grains (see region A) in the gaps between
the particles. No such grains were observed in the starting
nanoparticles. The EDS results in Figure 6(b) suggest that
the molar ratios of Sb/Sn/O for the different regions of the
microstructure are different. The molar ratios for the region
far from the gaps (see region C) are 1/19/40, which is quite in
agreement with the molar ratios for the raw particles. On the
other hand, the Sn and O contents in the region on the gaps’
edge (see region B) are much smaller than that in the starting
nanoparticles, with a molar ratio of 1/15/20.
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Figure 4: XRD patterns for sintered ATO nanoceramics with different Sb doping concentrations.
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Figure 5: SEMmicrographs of sintered ATO nanoceramics with different Sb doping concentrations: (a) 1 at.% Sb, (b) 3 at.% Sb, (c) 5 at.% Sb,
and (d) 10 at.% Sb.

Many researchers have reported the effect of spark dis-
charge during SPS sintering [26–28]. Particularly, Wu et al.
have claimed that the discharge and high local temperature
near the pores accelerate the reaction between raw materials
[27]. On the other hand, Park et al. [7] have reported
the possibility of SnO

2
to evaporative decompensate into

SnO(g) and O
2
(g) during spark plasma sintering. Thus, the

different molar ratios suggest that, on the edge of the gaps,
SnO
2
decomposes into SnO(g) and O

2
(g) then condenses

as SnO
𝑥
in the gaps by the spark discharge. Therefore, SPS

discharges in the void spaces enhance the mass transport,
which ultimately enhances densification.

Figure 7 shows the electrical resistivity of the sintered
ATO nanoceramics with different Sb doping concentrations.
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Figure 6: SEM micrograph and EDS spectra for ATO nanoceramic containing 5 at.% Sb, after SPS sintering to 700∘C.
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Figure 7: The electrical resistivity of sintered ATO nanoceramics
with different Sb doping concentrations.

It can be seen that the electrical resistivity decreases with
increasing Sb doping concentration and reaches a minimum
value of 4.43 × 10−3Ω⋅cm when the Sb doping concentration
is 5 at.%. The low electrical resistivity of the sintered ATO
nanoceramic with 5 at.% Sb suggests more current passed
through the sample andmoremass transport occurred due to
SPS discharge in the void spaces. This phenomenon explains
the high displacement rate for the ATO nanoparticles with 5
at.% Sb, shown in Figure 3, which leads to the highest density
of 99.2% for the sintered ATO nanoceramic containing 5 at.%
Sb.

Although some researchers have reported the enhanced
properties of SPS-prepared ATO ceramics, the density
obtained by Park et al. [7] is around 95% and is 92.4%
by Scarlat et al. [14], which are lower than our results.
Other researchers have prepared dense ATO ceramics with
density of >98% using hot pressing sintering, by adding
sintering aids such as ZnO, CuO, and MnO

2
[9–11], but

the additive phases deteriorate their electrical properties.
From the previous discussion, the high density of SPS-
consolidated ATO ceramics can be attributed to three factors:
(a) monodispersed ATO nanoparticles with little amount of
Sb segregation at the surface provide high sintering potential
and high surface activation; (b) low temperature sintering
of SPS avoids the need for sintering aids and prevents
the formation of deleterious intermediate phases and the
decomposition of the ATO system, and the fast sintering rate
reduces the evaporation of SnO

2
; and (c) semiconducting

ATO nanoparticles enable more current to pass through
the sample during sintering and SPS discharge in the void
spaces enhances the mass transport, which further enhances
densification.

4. Conclusions

Monodispersed ATO nanoparticles were prepared via sol-
gel method. Antimony is incorporated into the SnO

2
crystal

structure in concentrations of 1 at.%, to 10 at.% and the ATO
nanoparticles show good crystallinity with crystallite sizes on
the order of 5–20 nm. Near full density ATO nanoceramics
were obtained without the addition of sintering aids by
applying the SPS process at 1000∘C with a holding time
of 3min and a heating rate of 100∘C/min using the as-
synthesized ATOnanoparticles.The highest density achieved
in the sintered ATO nanoceramic was 99.2% when the Sb
doping concentration was 5 at.%.The high density of the SPS
consolidatedATOnanoceramics is attributed to three factors:
(a) monodispersed ATO nanoparticles with little amount of
Sb segregation at the surface provide high sintering potential
and high surface activation; (b) low temperature sintering
of SPS prevents the formation of deleterious intermediate
phases and the decomposition of the ATO system, and the
fast sintering rate reduces the evaporation of SnO

2
; and (c)

semiconducting ATO nanoparticles enable more current to
pass through the sample during sintering and SPS discharge
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in the void spaces enhances themass transport, which further
enhances densification.
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