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The study of materials science is mainly based on our
understanding of the relationship between microstructure
and materials properties. Factors such as temperature, stress,
and environment can lead to microstructural evolution with
a concomitant change in properties. It is the materials
scientist’s role to harness our knowledge on this relationship
to produce materials with improved properties, or to predict
the performance of existing materials under various service
conditions.

Over the past two decades, there have been a burgeoning
number of novel or improved materials. This development
is accompanied by significant advances in techniques in
materials characterization as well as increased sophistication
in theoretical methods for the analysis of microstructures.
The application of these new techniques and methodologies
to study the microstructural evolution of novel materials
offers tremendous opportunities for scientific advancement
on many fronts, with the prospect of providing new solutions
to problems which have hitherto remained intractable.

The papers published in this special issue encompass
various materials systems: metals and alloys, glass ceramics,
thin films, nanowire, and oxide powders for engineering
applications.

The paper by Dehmas et al. reports an investigation on
the precipitate phases in Inconel 718, an important alloy for
high temperature applications such as turbine blades. Using
transmission electron microscopy and X-ray diffraction, the
authors were able to confirm the presence of rotation-
ordered domains in δ plates and explain unexpected contrast
by double diffraction due to overlapping phases.

The paper by Ukai et al. is also focused on Nickel-based
super-alloy for high temperature turbine applications. This
study has enhanced our understanding of the precipitation
and growth kinetics of γ′ and its characteristics in mechani-
cally alloyed materials.

The paper by Hiraoka et al. reports the results of an
investigation on the strength and ductility of tungsten sheets
after various recrystallization treatments. Three-point bend
tests were performed at temperatures between 290 and
500 K. Fracture surfaces were examined by scanning electron
microscopy. The mechanical properties of tungsten and
molybdenum were compared.

A glass ceramic material was studied by Montedo et
al. in the their paper. The material studied is a candidate
material for applications such as laminated tapes for screen-
printed electronic components. The crystallization kinetics
was studied using differential thermal analysis and scanning
electron microscopy.

Other two papers were written by the same team of
authors. Two titanium oxide glass ceramic materials with
La2O3 addition, one strontium rich and one lead rich, were
studied. The crystallization behavior of these materials was
investigated using differential thermal analysis and X-ray
diffraction.

Microstructural evolution during rapid thermal anneal-
ing of Ge nanowires was investigated by Tang et al.
in the seventh paper. Scanning electron microscopy and
transmission electron microscopy were used to observe
Ni2Ge/Ge/Ni2Ge nanowire heterostructures. This work has
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important implications for the future development of field
effect transistors.

Wang et al. present their work on zinc oxide thin films
in the their paper. Two types of thin films were investigated:
Ag ion-exchanged soda-lime glasses and aluminium-doped
ZnO (AZO). Changes in chemical states and structural
modification during and after heat treatment were explored.
The results provide the basic information for determining
the optimum heat treatment to grow silver quantum dots of
various size and density in thin films.

Another interesting contribution on the subject of ZnO
thin films appears in one of the papers. Japanese researchers
from the Kochi University of Technology have developed a
new technique for measuring the Youngs modulus of ultra-
thin films with thickness in the range of about 10 nm. The
technique was applied to study the mechanical properties of
Ga-doped ZnO thin films, a possible substitute material for
indium-tin-oxide transparent electrodes.

Another paper deals with powder materials for Lithium
ion battery applications. Akao et al. from the University
of Fukui produced LiNi0.5Mn1.5O4 cathode materials by
flame combustion using a spray pyrolysis apparatus. X-
ray diffraction revealed that, after calcination at 900◦C,
crystalline powders with polygonal morphology and narrow
particle size distribution were obtained.

The paper by Sola et al. is concerned with a literally
“down to earth” problem. For many years, scientists have
been developing ways to make use of fly ash in order to turn
it from an industrial waste with environmental and storage
problems into a useful material. The most obvious solution
to this conundrum is to use it as an additive in sintered
briquettes in the construction industry. These authors have
determined the effect of different types of fly ash on the
compressive strength of sintered briquettes. They showed
that sintered briquettes samples made with Tuncbilek fly
ash had higher percentage of glassy phase and compressive
strength.

Papers published in this special issue will be of interest to
materials scientists and engineers who wish to extend their
knowledge on the effect of thermal processing on a broad
range of materials. We would like to take this opportunity
to thank all the authors who have submitted their papers to
this publication.

Joseph K. L. Lai
Brian Ralph

Zhiwen Chen
Kin Ho Lo
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LZSA (Li2O-ZrO2-SiO2-Al2O3) glass ceramic system has shown high potential to obtain LTCC laminate tapes at low sintering
temperature (<1000◦C) for several applications, such as screen-printed electronic components. Furthermore, LZSA glass ceramics
offer interesting mechanical, chemical, and thermal properties, which make LZSA also a potential candidate for fabricating
multilayered structures processed by Laminated Objects Manufacturing (LOM) technology. The crystallization kinetics of an
LZSA glass ceramic with a composition of 16.9Li2O·5.0ZrO2·65.1SiO2·8.6Al2O3 was investigated using nonisothermal methods
by differential thermal analysis and scanning electronic microscopy. Apparent activation energy for crystallization was found to
be in the 274–292 kJ·mol−1 range, and an Avrami parameter n of 1 was obtained that is compared very favorably with SEM
observations.

1. Introduction

A considerable effort has been spent to obtain high-per-
formance glass ceramics for several potential applications
in the medical, automotive, and telecommunication fields
[1]. Low-temperature cofired ceramics (LTCCs) have created
good perspectives for those applications, with special atten-
tion to the glass ceramic materials [2, 3]. LZSA glass ceramics
(Li2O-ZrO2-SiO2-Al2O3) have been studied because of their
beneficial thermal, mechanical, and thermal properties [4],
among other interesting features. Moreover, laminated LZSA
bodies crystallized at 850◦C/30 min have demonstrated to
exhibit a low dielectric constant of 8.61 ± 0.84 at 1 MHz
(room temperature) [5]. Furthermore, their relatively low
temperatures of sintering [6] make β-spodumene-based
glass ceramics (LZSA) a potential candidate for obtain-
ing multilayered structures processed by LOM technology
(Laminated Objects Manufacturing) [7]. However, the low

sintering temperature is also accomplished by low crystal-
lization temperature in this system, especially for very fine
powders and low heating rates. In order to control thermal
treatment for obtaining optimized properties, it is necessary
to determine the kinetics parameters of crystallization for
this glass ceramic system.

Isothermal crystallization kinetics of glass ceramic sys-
tems commonly refers to the following well-established
Johnson-Mehl-Avrami equation [8]:

− ln (1− x) = ktn, (1)

where x is the volume fraction crystallized at a given
temperature and time t, n is the Avrami parameter related
to the nucleation and crystal growth mechanisms, and k is
the reaction rate constant related to the apparent activation
energy for crystallization, Ec. Nonisothermal conditions have
been more largely widespread in the crystallization studies
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Table 1: Chemical composition of LZSA parent glass.

Oxides Glass composition, mol%

SiO2 65.1

Al2O3 8.6

Na2O 0.6

K2O 0.4

Li2O 16.9

CaO 0.6

MgO 2.0

ZrO2 5.0

BaO 0.2

ZnO 0.6

of amorphous materials [3, 9–15], despite the scepticism
of Shaaban [16]. According to Shaaban [16], Kissinger plot
and Ozawa plot cannot be directly used for crystallization
of amorphous materials, because crystallization is advanced
by the nucleation and crystal growth process instead of
by nth order reaction. However, most of work reported in
the literature used DTA or DSC to determine the kinetics
parameters Ec and n. Measurements using dilatometer were
also applied in some cases [17, 18].

Those methods, which assume that deflection from the
baseline is proportional to the instantaneous reaction rate,
require a uniform temperature of the sample independently
of the heating rate. This is obtained employing small samples
and low heating rates during heat treatments [9].

The aim of this work is to present the results of an inves-
tigation about the crystallization kinetics of a β-spodumene-
(LiAl [Si2O6]) based LZSA glass ceramic composition by
means of Nonisothermal method.

2. Material and Methods

2.1. Samples Preparation. A β-spodumene-based glass ce-
ramic composition with interesting chemical, thermal, and
electrical (dielectric constant) properties [4, 5] was selected
and prepared from suitable amounts of Li2CO3, ZrSiO4,
SiO2, and LiAl[Si2O6] (spodumene, Colorminas Colorifı́cio
e Mineração, Criciúma, Brazil). The powders were mixed
and melted at 1550 ± 3◦C for 2 h in a gas furnace using a
mullite crucible. The melt was poured into deionized water
and the quenched frit powder was remelted at 1550 ± 2◦C
for 2 h in an electric furnace (Nabertherm LHT 02/17 LBR,
Nabertherm, Lilienthal, Germany) using an alumina crucible
to finally obtain a homogeneous viscous liquid. Chemical
analysis is shown in Table 1. A small amount of the obtained
melt was poured into a graphite crucible, transferred to an
annealing furnace (Linn High Therm LM 421.27, Linn High
Therm, Eschenfelden, Germany) and held at 570◦C for 1 h
to obtain small monoliths (50 mm × 5 mm × 4 mm) that
were used to determine the glass transition temperature (Tg)
by beam-bending test (Beam-Bending Viscosimeter, Bähr
Thermoanalyse VIS 401, Hüllhorst, Germany) applying a
constant heating rate of 10◦C·min−1. Thermal expansion
was measured with a horizontal dilatometer (DIL 402C,
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Figure 1: Viscosity of the selected glass in function to the tem-
perature.

Netzsch, Selb, Germany) at the same heating rate. From
the remaining glass frit a powder fraction of 0.5–0.7 mm
was prepared and subsequently dry-milled in a porcelain
ball mill for 3 h. The particle size was determined by laser
granulometric analysis (Cilas 1064L particle size analyzer,
Orleans, France). Theoretical densities of glass powder
and glass ceramic obtained at different temperatures were
measured by He pycnometry (AccuPyc 1330, Micromeritics,
Norcross, GA; 5 measurements). Apparent geometric den-
sities of the compacted bodies (40 MPa, 1.4 g·cm−3 green
density) were determined geometrically. Relative densities
at several temperatures were calculated taking into account
the ratio between apparent and theoretical densities of
the heat-treated samples. Dielectric constant measurements
were carried out according to DIN 53 482/VDE 0303 in
a HP Dielectric Test Fixture (16451B, Hewlett Packard,
Waldhausen, Germany) at room temperature applying a
frequency of 1 MHz. The samples were discs of 20 mm ×
1.2 mm heat-treated at 850◦C for 10 min.

2.2. Determination of the Predominant Crystallization Mech-
anism. The method of Thakur and Thiagarajan [19] was
used to determine the nucleating efficiency, in which the
variation in onset of crystallization, ΔTx, with particle
size was monitored in a differential scanning calorimeter
(DSC 404C, Netzsch, Selb, Germany; alumina crucibles, dry
air). A constant heating rate of 10◦C·min−1 was applied
to determine the predominant crystallization mechanism.
Moreover, a small monolith sample (5 mm× 4 mm× 4 mm)
was polishing to eliminate apparent surface defects and
subsequently heat-treated at 875◦C for 2 h (10◦C·min−1).

2.3. Identification of the Crystalline Phases Formed. High-
temperature X-ray diffraction (HT-XRD) patterns were
recorded (Siemens D500, Siemens AG, Mannheim, Ger-
many) from powdered samples. Monochromated Cu Kα1
radiation was applied at a voltage of 30 kV and a current of
30 mA.

2.4. Crystallisation Kinetics Investigation. The onset of crys-
tallization Tc was determined by differential thermal analysis
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Table 2: Properties of the investigated LZSA glass ceramic (sintered
at 850◦C for 10 min).

d50, μm 2.34

ρ, g·cm−3

Parent glass 2.622 ± 0.004

Glass ceramic 2.711 ± 0.003

α, 106 ◦C−1 2.38

tan δ 0.029 ± 0.011

εr 9.97 ± 0.84

Tg , ◦C 580

Tc, ◦C 794

Tc−Tg , ◦C 214

(DTA STA 429, Netzsch, Selb, Germany; alumina crucibles,
dry air) at 5, 10, 15, and 20◦C·min−1 heating rates.

2.5. Crystal Growth Investigation. Monoliths (50 mm ×
5 mm × 4 mm) were prepared from the transparent glass
samples. Some of them were cut in small pieces of 5 mm
× 4 mm × 4 mm which were used for investigating the
crystal growth under different heat treatment conditions
in an electrically heated furnace (LM 421.27, Linn High
Therm, Eschenfelden, Germany). Temperatures of 700, 750,
775, 800, 825, 850, 875, and 900◦C and swelling times of 15,
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Figure 4: DSC scans at 10◦C·min−1 heating rate for different glass
powders: (a) 2.34 μm mean particle size; (b) 0.5–0.7 mm size.

30, 60, and 120 min were applied. After heat treatment, each
sample was transversally cut. Morphology, crystal formation,
and crystalline growth from surface towards to the centre
of the monoliths were analysed by scanning electronic
microscopy (SEM, Philips XL 30, Eindhoven, The Nether-
lands).

2.6. Determination of the Activation Energy for Structural
Relaxation. The activation energy for structural relaxation
was determined for the investigated composition by means
of the method of Moynihan et al. [20] Small monoliths
(20 mm × 5 mm × 4 mm) were analyzed to determine
the glass transition temperature (Tg) according to DIN
52324 (Bestimmung der Transformationstemperatur) with a
horizontal dilatometer (DIL 402C, Netzsch, Selb, Germany;
dry air). However, the last heating run to determine Tg was
performed at 5, 10, 15, and 20◦C·min−1 heating rates.

3. Results and Discussion

Some basic properties of the selected glass are summarized
in Table 2. Taking into account this glass presents Tg of
580◦C (Figure 1), determined by beam-bending test, and
sintering in glasses occurs by viscous flow, densification
would be expected to start around Tg . In fact, Figure 2
shows that sintering started at about 600◦C and maximum
shrinkage was achieved at 800–850◦C. This result compares
very favorably with relative density data, Figure 3. By means
of optimized heat treatment (30 min at 700◦C and 10 min at
850◦C), a low-porosity (3.2%), low-CET (2.38 × 10−6◦C−1),
and low-dielectric constant (9.97 ± 0.84) material was
obtained.

3.1. Crystallization and Particle Size. According to previous
work [4], very fine powders of β-spodumene-based glass
ceramics show crystallization on the surface rather than in
the bulk because of very high specific surface area. Figure 4
shows DSC of two LSZA glass powders differing in size:
powder a is of small grain size (d50 ∼ 2.34μm) and exhibits
a pronounced exothermic peak centered at approximately
790◦C indicating intensive crystallization of β-LiAl[Si2O6]
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during heating; powder b has a significantly larger particle
size (d50 ∼ 500–700 μm) and a small peak at approximately
840◦C. Thus, with decreasing particle size, the temperature
of the exothermic peak maximum was shifted to lower
temperatures. From the magnitude of the peak temperature
shift with the particle size, ΔTx, it was concluded that surface
crystallization should dominate over volume crystallization
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R2 = 0.998
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Figure 8: Apparent activation energy for crystallization plot for the
selected glass based on (2) with n = m = 1.

when ΔTx > 20◦C whereas volumetric crystallization was
expected to prevail for ΔTx <10◦C [19]. Since for the LSZA
glass ΔTx ∼ 50◦C for the two grain sizes studied surface crys-
tallization is concluded to dominate devitrification which is
in good agreement with previous work for similar glasses [4].
Thus, the results confirm a distinct particle size effect on the
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crystallization of β-LiAl[Si2O6] which for small particle sizes
will be dominated mainly by surface crystallization. Hence,
for larger particle size, crystallization rate will be slower and
volumetric crystallization will increase at a given heating rate
[14].

3.2. Crystalline Phase Composition. HT-XRD patterns re-
corded on a powdered sample in the temperature range
of 650–950◦C are shown in Figure 5. Additional powder
samples were prepared and heat-treated at 650, 670, 685,
700, and 725◦C for 10 min in order to obtain new XRD
patterns as shown in Figure 6. At room temperature the
material is essentially vitreous except for traces of zirconia
(monoclinic ZrO2, m-ZrO2) (Figure 5). Due to the limited
cooling rate and small solubility, precipitation of m-ZrO2

may have occurred even during quenching. Crystallization
of β-spodumene solid solution (Li0−6Al0−6Si2−4O6, ICCD
card no. 21-503; LiAlSi3O8, ICCD card no. 15-27) was
found to commence at approximately 670◦C (Figure 6).
A pronounced acceleration was observed at temperatures
above 725◦C. The peak maxima occurred at 800◦C which
coincides with the results of DTA measurements. Above
750◦C zircon (ZrSiO4, ICCD card no. 6-266) crystallized
as the second major phase with maxima reached at 900◦C
(Figure 5).

3.3. Crystallization Kinetics. DTA and DSC have widely been
used to evaluate Nonisothermal crystallization kinetics [14–
16, 21–23]. Based on the variation in peak crystallization
temperature (Tp) with heating rate (α = dT/dt) the apparent
activation energy for crystallization, Ec, was derived from
Matusita and Sakka’s [22] modification of the Kissinger [21]
equation:

ln

(
αn

T2
p

)
= −

(
mEc
RTp

)
+ C, (2)

where n and m are numerical factors related to the crys-
tallization mechanism [12], R is the gas constant, and C is
a constant. For the case when crystallization is dominated
by three-dimensional crystal growth, n = m = 3, and for
predominantly surface crystallization, n = m = 1. A plot of

Table 3: Onset temperature for each heating rate investigated.

Heating rates Tp (◦C)

5◦C·min−1 755

10◦C·min−1 776

15◦C·min−1 788

20◦C·min−1 799

ln (T2
p/α

n) against 1/Tp should give a straight line with slope
(Ec/R). The value of the Avrami parameter n was evaluated
from a common method developed by Augis and Bennett
[23]:

n = 2.5RT2
p

EcΔw
, (3)

where Δw is the full width of the DTA exothermic peak at
the half maximum and Ec was calculated from (2). Avrami
parameter n was found to be in the range of 1.0 and 1.2
and can be adjusted to a value of 1, confirming that the
glass shows crystallization by surface mechanism. Then, one
can consider n = m = 1 [9], taking into account that
crystallization at different heating rates occurs on a fixed
number of nuclei, and (3) can be reduced to the Kissinger
equation [20].

Typical DTA scans of glasses subjected to different
heating rates from 5◦C/min to 20◦C/min are shown in
Figure 7, while Tp values are summarized in Table 3. The
peak temperature Tp of the exothermic peak associated with
crystallization of β-spodumeness increased from 755◦C to
799◦C with increasing heating rate. However, the exothermic
event related to zircon crystallization is not well defined,
although it was clearly recorded in the XRD patterns.

Apparent activation energy for crystallization plot is
given in Figure 8. The linearity of the curve obtained for
these plots suggests that a fixed number of nuclei were
achieved in the crystallization [24]. Taking n = m = 1 values
of Ec ∼ 274 kJ/mol and n ∼ 1.2 were derived. Hu et al.
[25] reported Ec values of 415 kJ·mol−1 for crystallization of
β-quartzss and β-spodumene crystalline phases, whilst Lee
et al. [24] measured 285 kJ·mol−1 for crystallization of β-
eucryptite (β-LiAl [SiO4]).

The area under the exothermic peak can provide infor-
mation about the evolution of the crystallization process.
Considering the area under the exothermic peak (DTA scan)
for each temperature that is proportional to the volumetric
fraction of crystals (X), the crystallization progress by
DTA scans with different heating rates was also evaluated
(Figure 9). For each heating rate, the curves assumed typical
sigmoidal shape. Crystallization started at approximately
700◦C independently on all the heating rate but finished
at higher temperatures as the heating rate was increased.
The incubation time (τ), that is, the time necessary for β-
spodumeness crystalline phase development, increases with
heating rate increasing. Thus, the improvement of densifica-
tion could be achieved at 20◦C·min−1 heating rate.

3.4. Microstructure. Figure 10 shows SEM micrographs of
the microstructures observed in the parent and crystallized
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Figure 10: SEM image of β-spodumene-based glass ceramic monolith prepared at 875◦C for 15 min: (a) parent glass; (b) first crystallization
front; (c) second crystallization front.

LZSA glass ceramic. Distinct differences in morphology
and distribution of crystalline precipitations are related
to different stages of the crystallization process. At the
beginning of the crystallization process, columnar crystals
of β-spodumeness with a typical grain size of ∼ 4 μm
form that preferentially grow perpendicular from the surface
(Figure 10(b)). This one-dimensional growth pattern is in
agreement with Avrami parameter obtained (n ∼ 1.2).
With increasing crystallization time at 875◦C, however,
crystallites tend to form spherical particles with grain sizes
of 1 μm (Figure 10(c)). According to the DTA data and XRD
patterns, the second front of crystalline growing should be
related to the formation of zircon in the presence of β-
spodumeness.

3.5. Determination of the Activation Energy of Structural
Relaxation. The activation energy of structural relaxation,
Erelax, can be related to the activation energy of viscous flow.
The value for Erelax should give an indication of the sintering
ability of a glass powder system [26]. The activation energy of
structural relaxation was calculated according to the relation
of Moynihan et al. [20]:

lnα = −Erelax

RTg
. (4)

Values of glass transition temperature, Tg , for the
different heating rates were 589◦C (α = 5◦C/min), 600◦C
(10◦C/min), and 607◦C (15◦C/min). The activation energy
of structural relaxation derived from these data attained a
value of Erelax ∼ 386 kJ/mol which significantly is higher than
the activation energy for crystallization.

Regarding the powdered glass features (composition,
mean particle size, and thermal properties), processing
characteristics (temperatures and heating rates), and the final
properties of the obtained glass ceramic, some properties
were improved such as porosity, despite the small temper-
ature range for sintering, and CTE. However, the control
of crystallization (temperature and time) can be used to
create a three-layered structure with specific thickness of each
layer from glass monoliths. An internal, thinner layer mostly
formed by crystals of β-spodumeness and an external, coarser
layer formed by crystals of β-spodumeness and zircon could
create residual stress in order to exhibit increased apparent
fracture toughness and energy absorption.
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4. Conclusions

Taking into account some interesting thermal and dielectric
properties, a selected β-spodumene-based glass ceramic
composition (16.9Li2O·5.0ZrO2·65.1SiO2·8.6Al2O3) was
used for crystallization kinetics investigation by means of
Nonisothermal method. The crystallization mechanism was
found to be predominantly surface crystallization when the
particle size is small. Two crystallization fronts regarding
the crystalline phases formed, β-spodumeness and zircon,
were identified starting at approximately 670◦C and 700◦C,
respectively. The morphology of the microstructures showed
a columnar structure for the former and a globular for the
second one. Apparent activation energy for crystallization Ec
was found to be in the range 274 kJ/mol with an Avrami
parameter n of 1 that is compared very favorably with SEM
observations. At 850◦C/10 min, a low-porosity (3.2%), low-
CTE (2.38× 10−6◦C−1), low-dielectric constant (9.97± 0.84)
material was obtained. Moreover, the dielectric loss at 1 MHz
was <0.3%. A value of 386 kJ·mol−1 was obtained for the
activation energy of structural relaxation Erelax, in which its
value is significantly higher than the activation energy for
crystallization, hindering densification of material.

Acknowledgments

The authors are grateful to the Brazilian Foundation for
the Coordination of Higher Education Graduate Train-
ing (CAPES), to the National Council of Scientific and
Technological Development (CNPq), and to the German
Foundation for Interchange (DAAD) for supporting this
work.

References

[1] R. R. Tummala, “Ceramic and glass ceramic packaging in the
1990s,” Journal of the American Ceramic Society, vol. 74, pp.
895–908, 1991.

[2] Y. Shimada, K. Utsumi, M. Suzuki, H. Takamizawa, M.
Nitta, and T. Watari, “Low firing temperature multilayer glass
ceramic substrate,” IEEE Transactions on Components, Hybrids,
and Manufacturing Technology, vol. 6, no. 4, pp. 382–388,
1983.

[3] C. R. Chang and J. H. Jean, “Crystallization kinetics and mech-
anism of low-dielectric, low-temperature, cofirable CaO-
B2O3-SiO2 glass-ceramics,” Journal of the American Ceramic
Society, vol. 82, no. 7, pp. 1725–1732, 1999.

[4] O. R. K. Montedo, F. M. Bertan, R. Piccoli, D. Hotza, A.
N. Klein, and A. P. N. de Oliveira, “Low thermal expansion
sinterered LZSA glass-ceramics,” American Ceramic Society
Bulletin, vol. 87, no. 7, pp. 34–40, 2008.

[5] C. M. Gomes, A. P. N. Oliveira, D. Hotza, N. Travitzky,
and P. Greil, “LZSA glass-ceramic laminates: fabrication
and mechanical properties,” Journal of Materials Processing
Technology, vol. 206, no. 1–3, pp. 194–201, 2008.

[6] O. R. K. Montedo, F. J. Floriano, J. de Oliveira Filho, E.
Angoletto, and A. M. Bernardin, “Sintering behavior of LZSA
glass-ceramics,” Materials Research, vol. 12, no. 2, pp. 197–200,
2009.

[7] C. M. Gomes, C. R. Rambo, A. P. N. de Oliveira et al., “Col-
loidal processing of glass-ceramics for laminated object man-
ufacturing,” Journal of the American Ceramic Society, vol. 92,
no. 6, pp. 1186–1191, 2009.

[8] W. A. Johnson and R. F. Mehl, “Reaction kinetics in processes
of nucleation and growth,” AIME Transactions, vol. 135, pp.
416–442, 1939.

[9] I. W. Donald and B. L. Metcalfe, “Thermal properties and
crystallization kinetics of a sodium aluminophosphate based
glass,” Journal of Non-Crystalline Solids, vol. 348, pp. 118–122,
2004.

[10] A. Marotta, A. Buri, and F. Branda, “Surface and bulk crys-
tallization in non-isothermal devitrification of glasses,” Ther-
mochimica Acta, vol. 40, pp. 397–403, 1980.

[11] F. Branda, “Nucleation and crystal growth in inorganic glass-
forming systems: a DTA study,” Thermochimica Acta, vol. 203,
pp. 373–378, 1992.

[12] I. W. Donald, “The crystallization kinetics of a glass based on
the cordierite composition studied by DTA and DSC,” Journal
of Materials Science, vol. 30, no. 4, pp. 904–915, 1995.

[13] A. P. N. de Oliveira, A. B. Corradi, L. Barbieri, C. Leonelli,
and T. Manfredini, “The effect of the addition of ZrSiO4

on the crystallization of 30Li2O/70SiO2 powdered glass,”
Thermochimica Acta, vol. 286, no. 2, pp. 375–386, 1996.

[14] Y. Hu and C. L. Huang, “Crystallization kinetics of the
LiNbO3-SiO2-Al2O3 glass,” Journal of Non-Crystalline Solids,
vol. 278, no. 1–3, pp. 170–177, 2000.

[15] H. Shao, K. Liang, and F. Peng, “Crystallization kinetics of
MgO-Al2O3-SiO2 glass-ceramics,” Ceramics International, vol.
30, no. 6, pp. 927–930, 2004.

[16] E. R. Shaaban, “Non-isothermal crystallization kinetic studies
on a ternary, Sb0.14As0.38Se0.48 chalcogenide semi-conducting
glass,” Physica B, vol. 373, no. 2, pp. 211–216, 2006.

[17] M. S. Bapna and H. J. Mueller, “Thermodilatometric char-
acterization for devitrification of a micaceous dental glass-
ceramic,” Journal of the American Ceramic Society, vol. 82, no.
7, pp. 1771–1776, 1999.

[18] B. Karmakar, P. Kundu, S. Jana, and R. N. Dwivedi, “Crys-
tallization kinetics and mechanism of low-expansion lithium
aluminosilicate glass-ceramics by dilatometry,” Journal of the
American Ceramic Society, vol. 85, no. 10, pp. 2572–2574,
2002.

[19] R. K. Thakur and S. Thiagarajan, “Studies in catalyzed
crystallization of glasses: a DTA method,” Glass and Ceramic
Bulletin, vol. 13, pp. 33–45, 1966.

[20] C. T. Moynihan, A. J. Easteal, M. A. Debolt, and J. Tucker,
“Dependence of the fictive temperature of glass on cooling
rate,” Journal of the American Ceramic Society, vol. 59, pp. 12–
16, 1976.

[21] H. E. Kissinger, “Variation of peak temperature with heating
rate in differential thermal analysis,” Journal of Research of the
National Bureau of Standards, vol. 57, pp. 217–221, 1956.

[22] T. Ozawa, “Kinetics of non-isothermal crystallization,” Poly-
mer, vol. 12, no. 3, pp. 150–158, 1971.

[23] J. A. Augis and J. E. Bennett, “Calculation of the Avrami
parameters for heterogeneous solid state reactions using a
modification of the Kissinger method,” Journal of Thermal
Analysis, vol. 13, no. 2, pp. 283–292, 1978.

[24] K. Lee, D. A. Hirschfeld, and J. J. Brown, “In situ whisker-
reinforced β-eucryptite glass-ceramic: I, morphology and
crystallization kinetics,” Journal of the American Ceramic
Society, vol. 79, no. 3, pp. 597–602, 1996.



8 Advances in Materials Science and Engineering

[25] A. M. Hu, M. Li, D. L. M. Dali, and K. M. Liang, “Crystalliza-
tion and properties of a spodumene-willemite glass ceramic,”
Thermochimica Acta, vol. 437, no. 1-2, pp. 110–113, 2005.

[26] E. M. Rabinovich, “Preparation of glass by sintering,” Journal
of Materials Science, vol. 20, no. 12, pp. 4259–4297, 1985.



Hindawi Publishing Corporation
Advances in Materials Science and Engineering
Volume 2011, Article ID 316513, 16 pages
doi:10.1155/2011/316513

Review Article

Formation and Device Application of Ge Nanowire
Heterostructures via Rapid Thermal Annealing

Jianshi Tang,1 Chiu-Yen Wang,2 Faxian Xiu,1, 3 Yi Zhou,1 Lih-Juann Chen,2 and Kang L. Wang1

1 Device Research Laboratory, Department of Electrical Engineering, University of California, Los Angeles, CA 90095, USA
2 Department of Materials Science and Engineering, National Tsing Hua University, Hsinchu 30013, Taiwan
3 Department of Electrical and Computer Engineering, Iowa State University, Ames, IA 50014, USA

Correspondence should be addressed to Kang L. Wang, wang@ee.ucla.edu

Received 21 April 2011; Accepted 14 June 2011

Academic Editor: Joseph Lai

Copyright © 2011 Jianshi Tang et al. This is an open access article distributed under the Creative Commons Attribution License,
which permits unrestricted use, distribution, and reproduction in any medium, provided the original work is properly cited.

We reviewed the formation of Ge nanowire heterostructure and its field-effect characteristics by a controlled reaction between a
single-crystalline Ge nanowire and Ni contact pads using a facile rapid thermal annealing process. Scanning electron microscopy
and transmission electron microscopy demonstrated a wide temperature range of 400∼500◦C to convert the Ge nanowire to
a single-crystalline Ni2Ge/Ge/Ni2Ge nanowire heterostructure with atomically sharp interfaces. More importantly, we studied
the effect of oxide confinement during the formation of nickel germanides in a Ge nanowire. In contrast to the formation
of Ni2Ge/Ge/Ni2Ge nanowire heterostructures, a segment of high-quality epitaxial NiGe was formed between Ni2Ge with the
confinement of Al2O3 during annealing. A twisted epitaxial growth mode was observed in both two Ge nanowire heterostructures
to accommodate the large lattice mismatch in the NixGe/Ge interface. Moreover, we have demonstrated field-effect transistors
using the nickel germanide regions as source/drain contacts to the Ge nanowire channel. Our Ge nanowire transistors have shown
a high-performance p-type behavior with a high on/off ratio of 105 and a field-effect hole mobility of 210 cm2/Vs, which showed
a significant improvement compared with that from unreacted Ge nanowire transistors.

1. Introduction

As an important one-dimensional material, semiconductor
nanowire has attracted enormous research interest for its
unique electrical properties, which has promising applica-
tions as building blocks for nanoelectronics [1–5]. Since
2004, there have been a lot of efforts on studying the thermal
diffusion of metal into a single-crystalline Si nanowire, in
which a silicide/silicon/silicide nanowire heterostructure is
formed by solid-state reactions between the Si nanowire and
metal contacts. Many metals (contact pads or nanowires)
have been studied as the diffusion source, such as Ni [6–8],
Co [9], Pt [10], and Mn [11]. One of the salient features
in this nanowire heterostructure is the atomically sharp in-
terface between the Si nanowire and the formed silicide na-
nowire. Such clean interface may help to avoid Fermi-level
pinning effect, which is commonly observed in conventional
metal-semiconductor contacts [12]. Also, the nanowire

heterostructure can be easily used to fabricate nanowire field-
effect transistors (FETs) using the formed silicide regions
as the source/drain contacts to the Si nanowire channel
[6, 7, 10]. The channel length can be well controlled by the
annealing time and growth length of silicide, therefore, can
be aggressively shrunk down to sub-50 nm [11]. Clearly, this
process offers great advantages over modern high-cost and
complex photolithography technology to fabricate short-
channel transistors and may further facilitate the advance of
scaled nanodevices.

Compared with Si nanowire, metal-Ge nanowire is a new
system of interest, since Ge is an important complement
to Si with even higher carrier mobilities for further device
miniaturization compatible to the existing CMOS technol-
ogy [1, 2]. For Ge, the atomically sharp interface is of
particular interest to alleviate the Fermi-level pinning effect
in the metal-Ge contact, since Ge has a high density of in-
terface states due to native defects on the Ge surface [12].
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Experimentally, Yamane et al. have demonstrated the epitax-
ial growth of high-quality Fe3Si on Ge(111) substrate with an
atomically controlled interface, which successfully depined
the Fermi-level of Fe3Si/Ge contact [19]. It is, therefore,
highly desirable to achieve a metallic contact to Ge with a
high-quality interface. On the other hand, many germanides,
such as Mn5Ge3 and Ni3Ge, exhibit ferromagnetism above
room temperature [20, 21], and thus offer great advantages
over silicides for future applications in spintronics, such as
realizing spin injection into semiconductor from a ferro-
magnetic contact. Therefore, there is an increasing research
interest on the metal-Ge nanowire system, such as Ni-Ge
[13–15] and Cu-Ge [16–18]. For comparison, Table 1 briefly
summarizes the literature report of Si and Ge nanowire
heterostructures formed by solid-state reactions between a
semiconductor nanowire and metal contacts. It is noted that
the annealing temperature of metal-Ge nanowire system is
usually lower than that of metal-Si nanowire system, which
is partially due to a lower melting point of Ge than Si. The
low-temperature process in metal-Ge nanowire systems is
favorable to reduce the thermal budget in forming nanowire
heterostructures toward future process integration.

In this paper, we will first discuss the formation of single-
crystalline Ge nanowire heterostructure by the solid-state
reaction between a Ge nanowire and Ni contact pads. By a
comparative study of with or without an Al2O3 capping layer
during annealing, we study the effect of oxide confinement
in the growth of germanide in a Ge nanowire. A detailed
transmission electron microscopy (TEM) analysis including
the epitaxial relationships is presented in this section. In
the second part of this paper, we will introduce electrical
characterizations of Ge nanowire back-gate FETs fabricated
using the Ge nanowire heterostructures. Specifically, the
effect of Al2O3 capping layer on the device performance is
studied in this section. Finally, we will discuss the possible
research directions for future work on the Ge nanowire het-
erostructures, especially for promising applications in spin-
tronics and further study on the growth dynamics.

2. Experimental Results

The growth of Ge nanowires can be accomplished by a
variety of techniques. In this study, two popular methods
were employed to synthesize single-crystalline Ge nanowire
with 〈111〉 growth direction. One is the supercritical fluid-
liquid-solid (SFLS) approach, in which Ge nanowires were
produced in highly pressurized supercritical fluids enriched
with organogermane precursors and metal nanocrystals as
catalyst [22, 23]. The typical diameter of as-synthesized Ge
nanowires is around 40–50 nm and the length could be more
than 10 μm. The other approach is the vapor-liquid-solid
(VLS) method, in which metal (such as Au) catalyzed Ge
nanowires were grown on SiO2/Si(100) substrates by means
of chemical vapor deposition (CVD) using a gaseous Ge
precursor GeH4 [24]. The VLS-grown Ge nanowires are
typically 70–80 nm in diameter and have lengths over 10 μm.
The reported carrier mobility of VLS-grown Ge nanowires is
higher than SFLS-synthesized Ge nanowires [13, 14], while

the latter method is claimed to provide a better control of
the nanowire size and a higher product yield [23, 25]. In
both two methods, Ge nanowires are not doped on purpose
during growth, but unintentional doping usually occurs [26,
27].

To form NixGe/Ge nanowire heterostructures, SFLS-
synthesized Ge nanowires diluted in isopropyl alcohol (IPA)
were dispersed onto a SiO2/Si substrate. The top thermal
SiO2 was about 330 nm thick. The Si substrate was degen-
erately doped with a resistivity of 1–5 ×10−3 Ω-cm, which
served as a back gate for further device characterization. E-
beam lithography (EBL) was used to define Ni contacts to
Ge nanowires. Before e-beam evaporation of about 120 nm-
thick Ni (with the purity of 99.995% and in vacuum at
a pressure lower than 10−6 Torr), the sample was dipped
into diluted hydrofluoric acid (HF) for 15 s to completely
remove native oxide in the contact region. A field-emission
scanning electron microscopy (JEOL JSM-6700 FESEM) was
used to examine the sample morphology before and after
the annealing process. Figures 1(a) and 1(b) show the device
schematics before and after the thermal diffusion of Ni
into the Ge nanowire. Figure 1(c) shows the SEM image
of the as-fabricated Ge nanowire device showing a uni-
form contrast. Then the sample was annealed with rapid
thermal annealing (RTA) in the ambient of N2 to allow
Ni thermal intrusion into Ge nanowire and subsequently
form NixGe/Ge heterostructures along the nanowire. In
the previous study on the interfacial reactions of Ni thin
film on Ge(111) substrate, the germanide phase formation
sequence was found to be Ni2Ge and NiGe at increasing
temperatures in the range of 160◦C to 600◦C [28]. Various
annealing temperatures ranging from 400◦C to 700◦C were
used in this study to optimize the formation of nanowire
heterostructures. It is found out that Ge nanowires were
easily broken at a high annealing temperature (>550◦C) due
to the significant reduction of the melting point for Ge
nanowires compared with that of bulk Ge [29]. When the
temperature decreased to 400◦C–500◦C, clear diffusion of Ni
into the Ge nanowire was also observed and the formed ger-
manide was identified to be Ni2Ge (refer to the TEM analysis
later). Figure 1(d) shows the SEM image of the Ge nanowire
device upon RTA at 500◦C for 60 s, in which clear contrast
was observed between the Ge nanowire and the formed
nickel germanide nanowire due to the conductivity dif-
ference. The remained Ge region was easily controlled down
to 650 nm, and it can be further reduced to sub-100 nm
[11, 16]. Similar contrast was also observed after RTA at
400◦C for 40 s, as shown in Figure 1(e).

In order to identify the phase of the formed germanide
and the epitaxial relationship of germanide-germanium in-
terface, in situ TEM was used to study the formation process
and reaction kinetics. To prepare the TEM sample, the
single-crystalline Ge nanowires were dispersed on the TEM
grid with a square opening of a Si3N4 thin film. The low-
stress Si3N4 film was deposited by low-pressure chemical
vapor deposition (LPCVD). The Si3N4 film was about 50 nm
thick, which provided a reliable mechanical support for
Ge nanowire devices during the fabrication process and at
the same time to assure it is transparent to the electron



Advances in Materials Science and Engineering 3

Table 1: Summary of Si and Ge nanowire heterostructures formed by solid-state reactions between a semiconductor nanowire and metal
contacts.

Material system Annealing condition (◦C) Formed silicide/germanide Metal diffusion source

Ni-Si [6] 550 NiSi Ni contact pad

Ni-Si [7] 470 NiSix (not identified) Ni contact pad

Ni-Si [8] 500–700 NiSi Ni nanowire

Co-Si [9]
700 CoSi Co nanodots

800 Co2Si Co nanodots

Pt-Si [10] 520 PtSi Pt contact pad

Mn-Si [11] 650 MnSi Mn contact pad

Ni-Ge [13] 400–500 Ni2Ge Ni contact pad

Ni-Ge [14] 450 (capped with Al2O3) Ni2Ge/NiGe Ni contact pad

Ni-Ge [15] 300–450 Ni2Ge Ni contact pad

Cu-Ge [16–18] 310 Cu3Ge Cu contact pad

Ge

Ni

SiO2

Si

(a)

Ge

Ni

SiO2

Si

NixGe

(b)

0.5 μm

(c)

1 μm

(d)

0.5 μm

(e)

Figure 1: Formation of Ni2Ge/Ge/Ni2Ge heterostructures. Schematic illustration showing (a) before and (b) after the diffusion process of Ni
into the Ge nanowire forming a Ni2Ge/Ge/Ni2Ge heterostructure. (c) SEM image of the Ge nanowire device with EBL defined Ni electrodes.
(d) SEM image of the Ni2Ge/Ge/Ni2Ge heterostructure after RTA at 500◦C for 60 s in which the length of the Ge region was easily controlled
to submicron range. The arrows indicate the growth tips of the Ni2Ge nanowire. (e) SEM image of the Ni2Ge/Ge/Ni2Ge heterostructure after
RTA at 400◦C for 40 s. The arrows indicate the growth tips of the Ni2Ge nanowire. Reproduced from [13].

beam without interference with images of the nanowires.
EBL-defined Ni pads were employed as the Ni diffusion
source. A JEOL-2010 TEM (operated at 200 KV with a point-
to-point resolution of 0.25 nm) attached with an energy
dispersive spectrometer (EDS) was used to investigate the
microstructures and to determine the compositions of the
samples. To in situ observe the reactions of the Ni electrodes
with Ge nanowires, the samples were heated inside TEM
with a heating holder (Gatan 652 double tilt heating holder
connected with a power supply to heat up the samples to
the desired temperature) under a RTA mode with a pressure

below 10−6 Torr. Figures 2(a)–2(c) show high-resolution
TEM (HRTEM) images of the formed NixGe/Ge interface
upon 500◦C annealing. According to the lattice-resolved
HRTEM analysis, the formed germanide was identified to
be single-crystalline Ni2Ge with an orthorhombic lattice
structure and lattice constants a = 0.511 nm, b = 0.383 nm,
and c = 0.726 nm (space group 62). It was observed that
a large lattice mismatch of 56.3% at the Ni2Ge/Ge epitaxial
interface could result in the segregation of nanoparticles (see
Figure 4). In Figure 2(b), a clean and sharp interface between
Ni2Ge/Ge was observed with an approximately 1 nm GeOx
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Figure 2: Epitaxial relationship at the Ni2Ge/Ge interface. (a) Lattice-resolved TEM image of the formed Ni2Ge nanowire. The inset shows
the FFT pattern, confirming that the formed germanide phase is Ni2Ge. (b) TEM image of Ni2Ge/Ge heterostructure showing an atomically
sharp interface. (c) Lattice-resolved TEM image of the unreacted Ge nanowire. The inset shows the FFT pattern. (d) Low magnification TEM
image of the as-fabricated device with the Ni pad and the Ge nanowire. (e) Low magnification TEM image after annealing at 500◦C. The
arrow indicates the interface of the Ni2Ge/Ge nanowire. (f) EDS of Ni2Ge, showing a relative 2 : 1 concentration ratio of Ni and Ge atoms.
Reproduced from [13].

shell surrounding both the Ge and Ni2Ge regions. The insets
in Figures 2(a) and 2(c) illustrate the fast Fourier transform
(FFT) patterns of Ni2Ge and Ge HRTEM images, respec-
tively. The crystallographic epitaxial relationships between
Ge and Ni2Ge are shown to be Ge[011]//Ni2Ge[011] and
Ge(11 1)//Ni2Ge(100), as we discussed. Figures 2(d) and 2(e)
show the low-magnification TEM images of Ge NWs before
and after annealing at 500◦C, respectively. Figure 2(f) shows
the EDS of the formed germanide nanowire region, showing
that the ratio of Ni to Ge concentration is about 2 : 1, which
further support the fact that the formed germanide phase is
Ni2Ge. The signals of Si and N peaks are contributed from
the Si3N4 window.

Real-time observation on the Ni2Ge growth in a Ge
nanowire was performed using in situ TEM video, which
allows us to obtain lattice-resolved TEM images of the ep-
itaxial interface in progression and thus to estimate the
growth velocity. Figure 3(a) shows the relation of Ni2Ge
nanowire length versus the reaction time at 400 and 500◦C,
illustrating a potentially linear growth behavior of Ni2Ge
in the Ge nanowires, while the detailed growth mechanism
requires further study. Figures 3(b), 3(c), 3(d), and 3(e)

show the in situ TEM images of the Ni2Ge nanowire
growth at 400 and 500◦C, respectively. The growth length
of the Ni2Ge nanowire is 138.9 nm for 455 s at 400◦C and
357.5 nm for 340 s at 500◦C, respectively. Based on the
data collected on more than three nanowires, the extracted
growth velocities are about 0.31 nm/s at 400◦C and 1.05 nm/s
and 500◦C, respectively. Using the Arrhenius plot [8], the
activation energy of the Ni2Ge growth in the Ge nanowire
is estimated to be 0.55 ± 0.05 eV/atom.

As mentioned above, due to a large lattice mismatch on
the Ni2Ge/Ge epitaxial interface, the resulting huge strain
in the Ni2Ge/Ge/Ni2Ge nanowire heterostructure could lead
to the segregation of Ni2Ge nanoparticles on the Ni2Ge na-
nowire after a long-time annealing. Figure 4(a) shows the
TEM image of an as-fabricated Ge nanowire device with
EBL-defined Ni pads at room temperature. Figures 4(b)–
4(d) are a series of in situ TEM images of the Ge nanowire
device upon 400◦C, 450◦C and 500◦C sequential annealing,
respectively. The time clocks shown at the lower-right corner
in each TEM image were captured in the form of hour:
minute:second. Volume expansion and segregation to form
nanoparticles were clearly observed. Figure 4(e) shows a
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TEM image of another Ge nanowire device annealed at
400◦C for 30 min. The results in Figures 4(c)–4(e) clearly
demonstrate that as a result of strain release, Ni2Ge nanopar-
ticles were formed and segregated on the Ni2Ge nanowire as
Ni diffused along the formed Ni2Ge nanowire.

Similarly, the segregation of nanoparticles during anneal-
ing was also observed in the Ni-Si nanowire system as re-
ported by Weber et al. [7]. For Si, a thin layer of high-quality
native oxide is usually formed on the Si nanowire surface,
while Ge does not have a stable native oxide. It is observed
that the SiO2 shell has a substantial confinement effect on the
nickel silicide growth along with phase transformation in a
Si nanowire [30]. We studied the effect of oxide confinement
on the germanide growth in a Ge nanowire; an oxide layer,
such as Al2O3, was deposited to cap the Ge nanowire device
before the annealing process, as shown in the schematics
of Figure 5(a). Figure 5(b) shows the SEM image of the as-
fabricated Ge nanowire device showing uniform contrast.
Prior to RTA, 20 nm thick Al2O3 was deposited on top by
atomic layer deposition (ALD) at 250◦C (Figure 5(c)). It was
noticed that the diameter of the Ge nanowire was increased
after the Al2O3 deposition since ALD provided a conformal
coverage. After that the sample was then annealed with RTA
in N2 ambient to allow for the thermal intrusion of Ni
into the Ge nanowire and subsequently form the NixGe/Ge
heterostructures along the nanowire. Clear diffusion of Ni
into the Ge nanowire was observed in both SEM and TEM,
and the formed germanide was analyzed in HRTEM, as
to be explained further later. Figure 5(d) shows the SEM
image of the NixGe/Ge/NixGe heterostructures after RTA

at 450◦C for 20 s. Clear contrast was observed between the
Ge nanowire and the formed nickel germanide nanowire,
which is again attributed to the conductivity difference of
the two. Figure 5(e) schematically illustrates the formation
of NixGe/Ge/NixGe nanowire heterostructure with the Al2O3

confinement. The red line indicates the position where the
device was cut with focused ion beam (FIB) to study the
cross-sectional structure, as to be explained in Figure 6.

Figure 6(a) shows the low-magnification cross-sectional
TEM image of the NixGe/Ge nanowire heterostructure,
which was cut with FIB from the Ge nanowire device fab-
ricated on a SiO2/Si wafer, as shown in Figure 5(e). Before
FIB cutting, a 200 nm-thick Pt film was deposited on top to
protect the NixGe/Ge/NixGe nanowire heterostructure from
the ion beam bombardment. When preparing the cross-
section of NixGe for TEM analysis using FIB, we chose the
position as close as to the NixGe/Ge interface. It is noted that
in the cross-sectional view, there were some nanoparticles
segregated on the SiO2 surface from the bottom of the
formed nickel germanide, the region that was not confined
by the Al2O3 capping layer. This result also explains the
fact that we did not observe nanoparticles on the Al2O3

capped surface from the SEM image shown in Figure 5(d).
Figure 6(b) shows the lattice-resolved HRTEM image of
the interface between the formed NiGe nanowire and the
segregated NiGe nanoparticle, which were both identified
to be NiGe from the FFT pattern shown in the inset of
Figure 6(b). NiGe has an orthorhombic lattice structure with
lattice constants a = 0.538 nm, b = 0.342 nm, and c =
0.581 nm (space group 62). In order to further confirm the
germanide phase, an EDS line scan was performed through



6 Advances in Materials Science and Engineering

Ni

500 nm

200 nm

200 nm200 nm

200 nm

RT

400◦C

400◦C

450◦C

500◦C

0:16:39 0:48:09

1:37:30

0:00:00

(a)

(b) (c)

(d) (e)
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arrows indicate the interface between the formed Ni2Ge and the Ge nanowire. The red circles indicate Ni2Ge nanoparticles segregated from
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the Al2O3-capped NixGe nanowire to determine the profiles
of Ge, Ni, Al and O atoms, as shown in the cross-sectional
TEM image in Figure 6(c) as well as the individual line-scan
profile in Figures 6(d)–6(g). From Figures 6(d) and 6(e), the
Ni/Ge ratio was estimated to be about 1 : 1, which further
proved the NiGe phase.

To study the epitaxial relationships between NixGe and
Ge, the VLS-grown Ge nanowires were dispersed on the
TEM grids with a square opening of a Si3N4 thin film,
as described above. The sample preparation was similar
to the process as explained above for the Ni2Ge/Ge/Ni2Ge
nanowire heterostructure. The only difference is that before
the annealing process, an Al2O3 film was deposited by ALD

at 250◦C to cap the device and confine the solid state
reaction of germanidation during annealing. The Al2O3-
coated devices were then annealed both in situ (inside
TEM) and ex situ (in RTA). Figure 7(a) shows the low-
magnification TEM image of the Ni-Ge nanowire device
capped with 10 nm Al2O3 after annealing at 450◦C for 30 s.
The enlarged TEM image in Figure 7(b) shows that there
are clearly two interfaces in the NixGe/Ge nanowire het-
erostructure. Figure 7(c) shows the EDS line-scan profile
from the nanowire heterostructure. The line profile indicates
two germanide phases in the formed NixGe region, which
corresponds to the two interfaces observed in the NixGe/Ge
heterostructure. The Ni/Ge ratio is about 1 : 1 in the small
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germanide region close to the NixGe/Ge interface, suggesting
the formation of NiGe. This result is consistent with the
line-scan profile in Figures 6(d) and 6(e). The length of the
NiGe region can range from tens of nanometers to hundreds
of nanometers in our experiments. On the other hand, the
Ni/Ge ratio is about 2 : 1 in the other germanide region
close to the Ni pad on the left, implying that the phase
is Ni2Ge. It is also worth noting that the almost constant
concentration of Ge along the heterostructure suggests
Ni is the dominant diffusion species in this system [28].
Figure 7(d) shows the lattice-resolved HRTEM image of the
NixGe/Ge heterostructure, clearly exhibiting two interfaces.
The FFT patterns at the Ni2Ge, NiGe, and Ge regions are
shown in Figures 7(e)–7(g), which help further confirm the
germanide phases. The crystallographic epitaxial relation-
ships between the Ge/NiGe interface were determined to be
Ge[011]//NiGe[010] and Ge(11 1)//NiGe(001), while those
for the Ni2Ge/NiGe interface were Ni2Ge[100]//NiGe[010]
and Ni2Ge(011)//NiGe(001). It is worth noting that a large
lattice mismatch of 77.7% observed at the NiGe/Ge epitaxial
interface could result in the segregation of nanoparticles
(see Figure 6). In contrast, the epitaxial relationships in
the Ni2Ge/Ge/Ni2Ge nanowire heterostructure formed with-
out oxide confinement during annealing were found to
be Ge[011]//Ni2Ge[011] and Ge(11 1)//Ni2Ge(100), as we
discussed [13]. Therefore, the Al2O3 capping layer plays an

important role in confining the growth of germanides and
also promoting the formation of NiGe to maintain high-
quality epitaxial relationships between Ni2Ge and Ge.

Figure 8 schematically illustrates the epitaxial relation-
ships of the Ni2Ge/Ge interface in the Ni2Ge/Ge/Ni2Ge
nanowire heterostructure and the NiGe/Ge interface in
the Ni2Ge/NiGe/Ge/NiGe/Ni2Ge nanowire heterostructure.
According to the epitaxial relationships in both cases, the
nanowire growth direction (along the Ge [111] direction)
is not perpendicular to the epitaxial planes (parallel to the
Ge (11 1) plane). This “twisted” growth mode of nanowires
is substantially different from that in the typical epitaxial
growth of thin films, in which the growth direction is usually
perpendicular to the epitaxial planes [31]. The presence of
the oxide capping may alter the energy of the growth and
thus change the twisted angle. Furthermore, it suggests that
the twisting in nanowires may be used to accommodate sub-
stantially large lattice mismatches. This unique growth mode
may be attributed to the fact in minimizing the total system
energy in the presence of a large lattice mismatch in the
interface. Further microscopic studies in simulation and
experiment are required to understand the growth kinetics
for this unique growth mode in one-dimensional systems.

The formed atomically sharp interface in the
NixGe/Ge/NixGe nanowire heterostructures (both with and
without Al2O3 capping during annealing) can be used
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to explore promising applications in nanoscale devices
[6, 7, 10, 16]. As aforementioned, this NixGe/Ge/NixGe
nanowire heterostructure can be easily used to fabricate Ge
nanowire FETs, in which the germanide regions NixGe can
be used as source/drain contacts to the Ge nanowire channel.
The channel length can be simply controlled by the an-
nealing time and growth length of the germanide nanowire;
therefore, it can be well controlled to sub-100 nm using a
convenient RTA process. Clearly, this simple process has
a great advantage over traditional complex and expensive
photolithography technology in achieving short-channel
transistors.

Back-gate FETs were fabricated on the SiO2/Si sub-
strate to study the electrical transport property of the
Ni2Ge/Ge/Ni2Ge nanowire heterostructure. The Si substrate
is degenerately doped to serve as a back gate. The device
schematic is shown in Figure 9(a), and electrical measure-
ments were performed using a probe station with a Keithley
4200 semiconductor parameter analyzer. For comparison,
Figure 9(b) shows the logarithm plot of typical Ids-Vgs curves
for the Ge nanowire FET at various drain voltages before
and after RTA. They both show a p-type transistor behavior,
although we intended to grow undoped Ge nanowires. This
is mainly due to the Fermi level pinning at the Ge nanowire
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surface induced by Ge surface states, which tends to result
in hole accumulation [26, 27]. The maximum current meas-
ured before RTA at Vds = 0.5 V is about 30 nA, correspond-
ing to a current density of 2.4 × 103 A/cm2. The current
density is relatively small due to a large Schottky barrier at
the source/drain contacts before annealing. To extract the
mobility, we first used the cylinder-on-plate model to esti-
mate the gate capacitance coupling between the Ge nanow-
ire and the back-gate oxide as

Cox = 2πεoxε0L

cosh−1((r + tox)/r)
, (1)

(see [32]) where ε0 = 8.85 × 10−14 F/cm is the vacuum
dielectric constant, εox = 3.9 is the relative dielectric constant
for SiO2, and r = 20 nm is the radius of the Ge nanowire.
The Ge nanowire channel bis L = 3μm, and the thickness
of the back-gate dielectric is tox = 330 nm. Given the above
parameters, the estimated gate capacitance is Cox = 1.83 ×
10−16 F. The field effect hole mobility can be extracted from

the Ids-Vgs curves using the transconductance (gm) at a fixed
drain bias Vds

μ = gmL2

VdsCox
. (2)

Using the maximum transconductance extracted from
the Ids-Vgs curves, the hole mobility obtained falls in
the range of 3–8 cm2/Vs. This is consistent with previous
reported values (less than 10 cm2/Vs) for SFLS-synthesized
Ge nanowires [25].

After RTA at 400◦C for 15 s, however, electrical transport
measurements on the Ge nanowire device show much
improved transistor characteristics, as shown in Figure 9(b).
The gate bias was scanned from 0 V to −40 V, the latter
of which corresponds to a maximum vertical gate electrical
field of 1.21 × 106 V/cm. The Ids-Vgs curves show a p-
type behavior with an on/off ratio larger than 103. The
maximum current measured at Vds = 0.5 V is about 0.7 μA
corresponding to a current density of 5.6 × 104 A/cm2,
which was more than 20 times larger after annealing, in
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which the Ni2Ge contact to the Ge nanowire channel was
developed. The maximum transconductance extracted from
Ids-Vgs curves at drain bias Vds = 0.1 V is 13.3 nS, giving
rise to a field-effect hole mobility of 65.2 cm2/Vs. Although
this mobility is still lower than the reported value from
VLS-grown Ge nanowires [14, 16], it still shows about one
order of magnitude improvement among SFLS-synthesized

Ge nanowires [25], and this increase may be attributed to the
atomically sharp contact of Ni2Ge to the Ge nanowire.

Similarly, the Ni2Ge/NiGe/Ge/NiGe/Ni2Ge nanowire
heterostructures formed with Al2O3 capping during anneal-
ing can also be used to fabricate Ge nanowire FETs.
To further improve the transistor performance, VLS-grown
nanowires were used in this study because of their higher
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carrier mobility. Back-gate nanowire FETs were fabricated
on the SiO2/Si substrate similarly as shown in Figure 10(a).
Figure 10(b) shows the typical Ids-Vgs curves of a back-
gate Ge nanowire FET after RTA at 450◦C for 20 s, in
which the on/off ratio is as high as 105. The maximum
transconductance is obtained to be about 0.168 μS at Vds =
0.1 V, which gives rise to a normalized transconductance of
2.4 μS/μm, assuming the effective channel length is equal
to the nanowire diameter (70 nm) [10]. The extracted
hole mobility in our experiments is typically in the range
of 150–210 cm2/Vs. Compared with SFLS-synthesized Ge
nanowires, the significant improvement in the transistor
performance here could be attributed to a better crystalline
quality of VLS-grown Ge nanowires. Figure 10(c) shows the
typical Ids-Vds curves of a back-gate Ge nanowire FET at
various gate voltages.

As explained above, the Al2O3 capping layer helps con-
fine the growth of germanide in a Ge nanowire during ther-
mal annealing. More importantly, it is of interest to study the
effect of the Al2O3 capping layer on the device performance.
In the previous study on the metal contacts to Ge substrate
through a thin layer of Al2O3 tunneling oxide by Zhou et al.,
it is found that Al2O3 helps terminate the dangling bonds
and passivate the Ge surface, therefore, alleviate Fermi level
pinning effect [12]. In this study, dual sweepings of gate bias
in the Ids-Vgs curves were performed to investigate the charge
trapping due to the Al2O3 capping layer on passivating the
Ge nanowire surface. Figure 10(d) shows the Ids-Vgs curves
under various conditions: before Al2O3 deposition (both in
air and in vacuum) and after Al2O3 deposition at 250◦C.
The gate bias was swept from +40 V to −40 V then back
to +40 V in steps of 0.5 V at a fixed drain bias of Vds =

20 mV. The Ids-Vgs curve measured in air before annealing
shows the biggest hysteresis, which is mainly due to the
absorption of molecules from the ambient and the charge
trapping on the Ge surface [26, 33]. The measured reduced
hysteresis in a vacuum (less than 10−5 Torr), however, rules
out the contribution from the ambient. Also, measurements
in the vacuum help reduce scatterings from the molecules
absorbed on the Ge surface as carriers transport along the
Ge nanowire channel, which will reduce the resistance of
Ge nanowires. Furthermore, the hysteresis was significantly
reduced after the Al2O3 deposition, which unambiguously
demonstrates the passivation effect of the Al2O3 layer on
the Ge nanowire surface [12]. Besides, the Al2O3 passivation
could again reduce scatterings for carriers transport along
the Ge nanowire channel and thus further reduce the re-
sistance of Ge nanowires. The small hysteresis present after
Al2O3 passivation, however, may arise from the charge
trapping on the Ge surface between the Ge nanowire channel
and the back-gate dielectric, the region that is not covered by
the Al2O3 capping layer.

3. Conclusion and Discussion for Future Study

In summary, Ge nanowire heterostructures with atomically
sharp interfaces have been demonstrated by the solid-
state reaction between a single-crystalline Ge nanowire
and Ni contact pads via a facile rapid thermal annealing
process in a temperature range of 400–500◦C. The crys-
tallographic epitaxial relationships in the formation of the
Ni2Ge/Ge/Ni2Ge nanowire heterostructure were determined
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Figure 10: Electrical characteristics of Ge nanowire back-gate FETs (with Al2O3 capping during annealing) at 300 K. (a) Schematic
illustration of a Ge nanowire back-gate FET. (b) Ids-Vgs curves of the back-gate Ge nanowire transistor after RTA, showing a p-type MOSFET
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from [14].

to be Ge[011]//Ni2Ge[011] and Ge(11 1)//Ni2Ge(100). Back-
gate FETs were fabricated using the formed Ni2Ge region
as source/drain contacts to the Ge nanowire channel. The
electrical measurement shows an on/off ratio over 103 and
a field-effect hole mobility of about 65.4 cm2/Vs, which
are superior to reported values for SFLS-synthesized Ge
nanowires.

More importantly, the effect of oxide confinement on the
formation of the Ge nanowire heterostructure was studied by
capping the Ge nanowire device with a layer of Al2O3 before
the annealing process. In contrast to the single germanide
phase in the Ni2Ge/Ge/Ni2Ge nanowire heterostructure, a
segment of high-quality epitaxial NiGe was then formed
between Ni2Ge and Ge. The crystallographic epitaxial
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Figure 11: (a) TEM image of a Ge nanowire in point-contact with two Ni nanowires on the TEM grid at room temperature. (b) TEM image
showing the diffusion of Ni into the Ge nanowire upon 450◦C annealing. The red arrows indicate the growth tip of the NixGe nanowire. (c)
TEM image of another Ge nanowire in point contact with a Ni nanowire on the TEM grid at room temperature. (d) TEM image showing the
diffusion of Ni into the Ge nanowire upon 450◦C annealing. The red circle highlights the consumption of Ni in the formation of the NixGe
nanowire upon annealing. Also, the segregation of NixGe nanoparticles was not observed in the Ni-Ge nanowire point-contact system upon
annealing.

relationships were determined to be Ge[011]//NiGe[010]
and Ge(11 1)//NiGe(001) for the Ge/NiGe interface and
Ni2Ge[100]//NiGe[010] and Ni2Ge(011)//NiGe(001) for the
Ni2Ge/NiGe interface, respectively. Similarly, back-gate FETs
were fabricated on the formed Ni2Ge/NiGe/Ge/NiGe/Ni2Ge
nanowire heterostructure, and the electrical measurements
reveal a high-performance p-type behavior, showing a high
on/off ratio of 105 and a field-effect hole mobility of about
210 cm2/Vs. Moreover, the Al2O3 capping was found to
passivate the Ge nanowire surface as well as to provide an
appreciable confinement during the growth of germanide
and changes its composition to maintain the high-quality
epitaxial relationships.

For further understanding the growth kinetics of Ge
nanowire heterostructures, a more detailed study is required
[8, 9, 34–36]. For instance, the size of the metal diffusion
(contact) source may affect the formation of Ge nanowire
heterostructure, especially the segregation of nanoparticles.

In this paper, the metal source was defined with EBL and e-
beam evaporation, in which the size of planar Ni contacts
(typically in the μm range) is much larger than the diameter
of Ge nanowires (typically below 100 nm) [13]. On the
other hand, in some other studies of Si nanowire het-
erostructures, another extensively-studied diffusion source
was metal nanowires or dots (refer to Table 1), which led to
a point-contact rather than a planar contact to the Si na-
nowire [8, 9, 37, 38]. Similarly, we have also studied the
formation of Ge nanowire heterostructures through the
point contact reaction between a Ge nanowire and a Ni
nanowire. Figure 11(a) shows the TEM image of a Ge
nanowire in point contact with two Ni nanowires on the
TEM grid at room temperature. The Ni nanowires were
prepared by the electrochemical deposition, and the diameter
was typically 50–100 nm which depends on the size of
the anodic aluminum oxide (AAO) template. Figure 11(b)
shows the TEM image, similarly illustrating the diffusion
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Figure 12: (a) TEM image of a fragmented Ni3Ge nanowire on the TEM grid upon 650◦C annealing. (b) HRTEM image of the
Ni3Ge/Ge/Ni3Ge nanowire heterostructure showing a clean and sharp interface. (c) Lattice-resolved HRTEM image of the Ni3Ge/Ge
interface. The measured lattice mismatch was only 1.5% at the Ni3Ge(11 1)/Ge(11 1) interface. As a result, the twisted growth mode,
which was observed in both Ni2Ge/Ge/Ni2Ge and Ni2Ge/NiGe/Ge/NiGe/Ni2Ge nanowire heterostructures to accommodate the large lattice
mismatch, did not occur in this Ni3Ge/Ge/Ni3Ge nanowire heterostructure. (d) SEM image showing a broken Ge nanowire upon 650◦C
RTA due to a low melting pointing of the Ge nanowire. Reproduced from [13].

of Ni into the Ge nanowire upon 450◦C annealing. The
red arrows indicate the growth tip of the NixGe nanowire.
It is worth noting that the growth of the NixGe nanowire
started from the point-contact region, similar to the planar
contact case [13]. However, this is different from the case
of the NiSi/Si/NiSi nanowire heterostructure formed via
the point-contact reaction between a Si nanowire and a Ni
nanowire, in which the growth of NiSi actually started from
both ends of the Si nanowire instead of the point-contact
region [8]. Further kinetics study is needed to understand the
different phenomena in Ge and Si nanowire heterostructures.
Figure 11(c) TEM image of another Ge nanowire in
point-contact with a Ni nanowire at room temperature.
Figure 11(d) shows the TEM image illustrating the diffusion

of Ni into the Ge nanowire upon 450◦C annealing. Clear con-
sumption of Ni in the formation of the NixGe nanowire
upon annealing was observed, as highlighted by the red
circle. Moreover, it is surprising that the segregation of NixGe
nanoparticles was not observed in the Ni-Ge nanowire point-
contact system upon annealing [13]. We believe that the
much smaller Ni flux through such point contact compared
with the planar contact may play an important role in pre-
venting the segregation of nanoparticles. Therefore, the dif-
ference of various metal contacts in the formation of Ge na-
nowire heterostructures requires further study.

For the device applications, we have demonstrated in
this study that the formed germanides with atomically sharp
interface to Ge can be used as a good electrical contact.
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Indeed, Lin et al. [11] have successfully detected the electrical
spin injection into a Si nanowire from the ferromagnetic
MnSi contact in the formed MnSi/Si/MnSi nanowire het-
erostructure. However, the signal can be observed only at
relatively low temperature, since MnSi has a low Curie tem-
perature of about 30 K. On the other hand, there are many
germanides, such as Mn5Ge3 and Ni3Ge, which exhibit
room-temperature ferromagnetism [20, 21], and thus offer
great advantages over silicides for promising applications
in room-temperature spintronics, including spin injection,
transport and detection.

In fact, a room-temperature ferromagnetic germanide
phase, Ni3Ge [20], was developed at high reaction
temperature, in which a high-concentration Ni vapor
from a large-area Ni contact pattern surrounded the Ge
NWs to form a fragmented Ni3Ge nanowire. Figure 12(a)
shows the TEM image of the formed Ni3Ge/Ge/Ni3Ge
nanowire heterostructure on the TEM grid upon
650◦C annealing. Figure 12(b) illustrates the HRTEM
image of the Ge nanowire heterostructure with a clean
and sharp interface between Ni3Ge and Ge. The Ge
region was controlled down to as small as 12 nm. The
strained short Ge region in the Ni3Ge/Ge/Ni3Ge nanowire
heterostructure is promising for high-performance FETs
and spintronics applications [11, 39]. Figure 12(c) shows
the lattice-resolved TEM image of the Ni3Ge-Ge in-
terface, and the formed germanide was identified to be
single-crystalline Ni3Ge with a face-centered cubic (FCC)
lattice structure (Fd3m, space group 227 and JCPDS no.
65-7680) and a lattice constant of a = 0.574 nm. Although
a slight volume expansion was still observed, the Ni3Ge
lattice was well fit with the Ge lattice, due to their same
lattice structure and a very small lattice mismatch of
only 1.5% (the lattice constant of Ge is a = 0.568 nm).
It is worth mentioning that the twisted growth mode,
which was observed in both Ni2Ge/Ge/Ni2Ge and
Ni2Ge/NiGe/Ge/NiGe/Ni2Ge nanowire heterostructures
to accommodate the large lattice mismatch, did not occur in
this Ni3Ge/Ge/Ni3Ge nanowire heterostructure due to such
a small lattice mismatch. However, as mentioned above,
the melting point of Ge nanowires is significantly reduced
from that of bulk Ge [29]. As a result, Ge nanowires were
easily broken at high temperature, as shown in Figure 12(d).
Therefore, a ferromagnetic germanide remains undeveloped
at a relatively low temperature in order to study the spin
transport in Ge nanowire.
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Heat treatment is commonly used during device processing in order to achieve specific functionalities of the devices. How a series
of heat treatment applies to accomplish this goal can be found in the literature. However, specific properties of the devices after
the treatment are more emphasized than the details of the structural modifications in the industrial applications. In this paper, it is
intended to illustrate the fundamental changes in the structure due to heat treatment which result in the desired physical properties
of the devices. Two study cases, Ag ion-exchanged soda-lime glasses and aluminum doped ZnO (AZO) films, were illustrated. The
changes in chemical states, the structural modification during and after heat treatment are explored. By understanding how the
metallic Ag formed and accumulated during annealing, an optimum heat treatment to grow the proper size and density of silver
quantum dots in the films are possible. Post annealing effect on the AZO films shows that the crystallinity, the peak positions shifts,
and grain sizes were changed after annealing. Both illustrated cases indicate thermally induced changes in chemical state, the stress
release, and rearrangement of atoms in materials during and after annealing.

1. Introduction

Heat treatment is commonly used to change the properties
of metals, such as to soften or harden, to relieve the internal
stress and to modify the grain structures [1]. Heat treatment
is also widely applied to semiconductor and optoelectronic
devices. For example, in order to activate the electrical prop-
erties of ultralow energy ion implanted donors and acceptors
in silicon, recrystallize the damaged silicon crystal caused by
ion implantation [2], and to maintain the shallow dopant
depth profile similar to as-implanted profile, a subsequent
rapid thermal annealing, at high ramp rate (400◦C/s), short
time (<1 s), and high temperature (>1000◦C) annealing is
required [3]. The other example is that heat treatment is
used to form the quantum dots/nanocrystals after metal ions
implanted in MgO, SiO2 and Si [4–6]. Moreover, the size
and density of the quantum dots in the film were closely

correlated to the annealing temperatures [7]. Even though
there are so many reports of heat treatment on different
materials, the specific properties of the devices after the
treatments are more emphasized than the consequence of the
structural modifications in the industrial applications.

Chemical states of metal atoms in optical materials
play an important role in optical properties since they
control the polarizability of electrons in the metal-ligand
matrix under light exposure and therefore, the refractive
indices of materials are greatly affected by them. They
also indicate how the metal atoms form different bonds to
its neighboring atoms [8]. As a result, in this paper, the
structural modifications, that is, chemical states of Ag in Ag
ion-exchanged soda-lime glasses and the structure of AZO
films were investigated by X-ray Photoelectron Spectroscopy
(XPS) and X-ray Diffractometer (XRD) during and after the
heat treatment.
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2. Experiment

2.1. Silver in Ion-Exchanged Soda-Lime Glasses. Silver ion-
exchanged soda-lime glasses were prepared by using com-
mercially available soda-lime glasses (72.6% SiO2, 15.4%
Na2O, 6.3% CaO, 3.87% MgO, 1.63% Al2O3, and 0.2%
Fe2O3) submerged into a molten AgNO3 salt at 450◦C for
45 min. Samples were examined by the Perkin-Elmer PHI
model 560 system for XPS analyses. The X-ray was Mg Kα
line (1253.6 eV), produced by 15 KV electron impact on a
magnesium anode at a power level of 300 W and was used
as an excitation source. The pass energy was set at 25 eV to
provide a 0.5 eV resolution. The heat treatment of the ion-
exchanged glass sample was carried out by using a button
heater underneath the metal plate on which the sample was
mounted. The sample was heated in 50◦C increments up to
450◦C, and the photoelectrons were collected by a double-
pass cylindrical mirror energy analyzer at various sample
temperatures. The time that the sample was held at each
temperature was 30 min which allowed the collection of XPS
data. In order to separate the metallic state from an Ag3d XPS
peak, a pure metal silver foil with native oxide was studied
before and after 2.8-keV argon ion sputtering for 1 h by XPS.
Once the spectra of the metallic silver and oxidized silver
from sputtering study had been obtained, the curve fitting
technique was applied to resolve the metallic and the oxidized
state of Ag in Ag3d spectra. The peak position in the XPS
spectrum is the binding energy of the emitted photoelectron
which represents a certain chemical state. The relative surface
concentration of the chemical state of that element was
calculated from the integrated area of XPS peak with the
atomic sensitivity factor taken into account. The calibration
of the binding energy due to surface charging even after
the surface was neutralized by a low energy electron flood
gun was done, similar to other researchers [9], by assuming
the binding energy of adventitious carbon 1s photoelectrons
located at 284.6 eV.

2.2. Aluminum-Doped Zinc Oxide Films. The apparatus of
the ion beam sputtering deposition (IBSD) system included
an ion source used to produce an energetic ion beam for
sputtering metal materials off from target and then to deposit
the metal oxide onto a substrate in oxygen ambiance. The
ion source of this system was made by Veeco Inc. equipped
with 3 cm diameter molybdenum grids. The details of the
IBSD setup was previously published [10]. The high purity
99.99% zinc and aluminum metal targets with the same sizes
of 12 cm×10 cm×1 cm were mounted side by side on a water-
cooled copper block as shown in our previous publication
[11]. The incident angle between ion beam and the normal
of target surface was 45◦.

Prior to mounting the substrates and pumping down the
system, the 1.3 cm×1.3 cm B270 glass substrates were cleaned
by alcohol in an ultrasonic cleaner and blown dry by nitrogen
gas. The chamber was cryogenically pumped down to a base
pressure of 6 × 10−6 Torr. Then the targets were cleaned in
situ by the ion beam with a shutter to cover the substrate for
30 mins. The ion-beam voltage was kept at 1000 V with the
ion-beam current at 20 mA during deposition. Argon was fed
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Figure 1: The in situ XPS spectra of Ag3d3/2 and Ag3d5/2 from
ion-exchanged glass at various sample temperatures: (a) 20◦C, (b)
100◦C, (c) 200◦C, (d) 300◦C, (e) 400◦C, and (f) 450◦C.

into the ion source as a working gas and oxygen was fed into
the chamber at a partial pressure of 1.2 × 10−4 Torr which
was examined by our previous study of deposition ZnO film
[12]. The total pressure of the chamber was maintained at
2.4×10−4 Torr. The AZO thin films were deposited onto B270
glass substrates at room temperature.

By adjusting the positions of two targets with respect to
the Ar ion beam, the relative concentrations of Al and Zn in
the films were controlled by the sputtered area ratio of the
Al to Zn target. The as-deposited AZO films were annealed
in air at 100, 200, 300, and 400◦C, respectively. An X-ray
diffraction (XRD) apparatus (Rigaku Multiflex) with a Cu
Kα line (1.54055 Å) was used to examine the structure of
the films after annealing. The d-spacing between adjacent
crystalline planes, grain sizes in the film, and the stress in the
films was deduced from the diffraction angles and the full
width at half maximum (FWHM) of the diffraction peak.

3. Results and Discussion

3.1. Silver in Ion-Exchanged Soda-Lime Glasses. A series of in
situ XPS spectra under heating were shown in Figure 1(a)–
1(f) where each XPS scanned the binding energy range of
the photoelectron from 379 down to 363 eV at the sample
temperature range from 20 to 450◦C. The origin of the core
level photoelectron of the element was labeled at each peak
position. Not only do the binding energies of the silver peaks
continuously shift, but also the line shapes of the peak change
as the heating temperature increases.

In order to investigate the chemical states of silver during
heating, a pure silver foil with native oxide on it was studied
by ion sputtering and the XPS. The XPS spectrum of silver
with silver oxide was shown in Figure 2(a) where the oxidized
silver was found. Only metallic silver was seen in the XPS
spectrum after 1 h of 2.8 keV argon ion sputtering shown
in Figure 2(b). The binding energies and the FWHMs of
oxidized silver, and metallic silver of Ag3d5/2 and 3d3/2 peaks
are listed in Table 1. The FWHMs of Ag3d3/2 and 3d5/2 peaks
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Figure 2: The XPS spectra of Ag3d3/2 and Ag3d5/2 from pure silver
with native oxide (a) before sputtering and (b) after 1 h of argon ion
sputtering.

Table 1: The variations of FWHM and binding energy shifts of
metallic silver and oxidized silver of Ag3d3/2 and Ag3d5/2.

States Peak FWHM (eV) Binding energy (eV)

Oxidized 3d3/2 1.62 373.61

Oxidized 3d5/2 1.68 367.61

Metallic 3d3/2 1.51 374.32

Metallic 3d5/2 1.55 368.32

of metallic silver are 1.51 eV and 1.55 eV, and those of Ag3d3/2

and 3d5/2 peaks of oxidized silver are 1.62 and 1.68 eV. It is
clear that the line width of metallic silver is smaller than that
of oxidized silver, and the binding energy of metallic silver
is approximately 0.6 eV higher than that of oxidized silver
which is consistent with the results in the literature [13]. By
comparing the data listed in Table 1 and Figure 1, it is clearly
seen that the metallic silver on the surface gradually increases
and becomes the dominant state during the heat treatment.
In other words, more Ag–O bonds break and more metallic
silver is formed on the surface during the heat treatment.

The metallic, Ag◦, and oxidized silver, Ag+, components
in the Ag3d spectra shown in Figure 1, are decomposed
by using a best Gaussian curve fitting program. The two
chemical states of silver, Ag◦ and Ag+, obtained from
sputtering results in Table 1 were used as a guide to fit
the spectra. The relative Ag concentrations including total,
oxidized, and the metallic Ag during heating were calculated
and plotted in Figure 3. A three-step growth of total Ag on
the surface is clearly seen. Under 100◦C the growth rate is
low, then the Ag grows rapidly until 350◦C, and finally it
slows down. The oxidized Ag increases a little before 250◦C
and then decreases till 450◦C, while the accumulation of
metallic Ag shows a similar three-step pattern as the total Ag
does.

It is clearly shown in Figure 1 that silver inside the ion-
exchanged sample diffuses towards the surface during the
heat treatment. Two chemical states of silver, Ag◦ and Ag+,
were resolved by comparing the line shapes of the Ag3d
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Figure 3: The concentration changes of total, metallic, and oxidized
Ag on surface at different sample temperatures. A three-step
diffusion process was observed.

signals at various sample temperatures to the Ag3d spectra
obtained from the sputtering of a pure silver metal. The
growth of the higher binding energy component of the Ag3d
signal indicates that the metallic silver is formed during
heating.

The accumulation of silver on the surface was produced
by Ag–O bond breaking during heating. This bond breaking
in ion-exchanged sample results from the difference in Gibbs
free energies of pure silver, silver oxide and SiO2. Even
though the Gibbs free energy of silver oxide (−2.68 kcal
mol−1 at 25◦C) is lower than that of pure silver (0 kcal mol−1

at 25◦C) and higher than that of SiO2 (∼ −200 kal mol−1

at 25◦C), the dissociation of oxygen from Ag–O bonds to
form Si–O and Ag–Ag bonds still results in a net loss in
the system energy [14]. Combining this energy loss and the
thermal relaxation of the surface stress introduced by the
size difference between Ag+ and Na+ (the ratio of ionic radii,
rAg+ /rNa+ , is 1.29) [15, 16] during the ion-exchange process,
surface diffusion, and accumulation of metallic silver are
clear. That is to say that the Ag–O bond breaking and the
Ag–Ag and Si–O bond formation are thermodynamically
favorable. Thus, the oxidized silver inside the glass network
diffuses to the surface and then precipitates in order to
maintain the system at a minimum energy state. Since a
slight amount of metallic silver on the surface after the ion-
exchange process and before heat treatment was observed,
these metallic silvers can serve as nuclei for the precipitation.

The new Si–O bond formation on the surface was
confirmed by the line shape changes and the positive binding
energy shifts of O1s and Si2p XPS peaks which were
described and discussed elsewhere [17]. These metallic silver
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clusters in ion-exchanged glass were also found by Fourier
transform IR spectroscopy [18].

The oxidized silver is involved in the diffusion process
through the same diffusion mechanism as sodium inside
alkali oxide glasses [19]. Only a few oxidized silvers have
enough energy to move towards the incompletely relaxed
surface at low temperature; hence, little metallic silvers are
seen. Once the temperature is high enough (above 100◦C),
many Ag–O bonds are broken as the result of a more relaxed
surface and consequently, more Ag◦ is precipitated. It is seen
that the metallic silver is dominant product of the diffusion at
sample temperature above 300◦C. As more metallic silver and
oxidized silver accumulate on the surface, either a repulsive
potential must be generated which retards further diffusion
or no more room for the silver to accommodate on the
sample surface. This explains not only why the oxidized silver
starts decreasing at 250◦C but also the enrichment of total
silver apparently slows down at temperature above 350◦C.

3.2. Aluminum-Doped Zinc Oxide Films. Figure 4 shows
the crystalline orientations of the as-deposited AZO film
and films after annealed at 100, 200, 300, and 400◦C
observed ex situ by XRD. Even though a small (100) and
big (002) peaks were observed between 26◦ and 40◦ as
shown in Figure 4(a), only the obvious changes in (002)
peak caused by the annealing were reported here. The
changes of (002) peak measured by XRD in situ during
annealing at specific temperatures were published previously
[11]. It was seen that the diffraction angles changed as a
function of annealing temperature in Figure 4. The double
diffraction angle, 34.18◦, was found in the as-deposited
film; not much change in the double diffraction angles
after 100, 200, and 300◦C annealing which were 34.14◦;
34.16◦; and 34.16◦, respectively. However, a big shift to
34.42◦ was observed in the film after 400◦C annealing.
The corresponding d-spacing, lattice constant, between two
adjacent (002) crystalline planes was calculated by using the
Bragg diffraction equation. The d-spacing in the film after
being annealed at different temperatures was listed in Table 2.

The other feature in Figure 4(b) was that the intensity
of the peak varied as a function of annealing temperature,
very intense peak in as-deposited film, about the same but
lower peak height seen in the films after annealed at 100, 200,
and 300◦C, and the lowest peak height after film annealed
at 400◦C. These peak heights as a function of annealing
temperature were different when the XRD spectra were
measured in situ at specific annealing temperatures reported
previously [11] in which the peak intensity grew slowly when
the annealing temperature was below 250◦C but grew rapidly
after 250◦C. Since the intensity of the XRD peak indicates the
quality of the crystallinity, a good quality of crystallinity in
as-deposited film was seen, but the quality is getting worse
after annealing. Energy provided by annealing activates the
rearrangement of the atoms in the lattice which results in
the changes of crystallinity. A significant amount of smaller
Al3+ ions (74–104 pm radius [20]) substitute bigger Zn2+

ions (74–104 pm radius [20]) after 400◦C annealing may
result in the change in local strain, the reduction of the lattice
constant, and the change of the crystalline quality.
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Figure 4: The XRD spectra of AZO films before and after annealing
at various temperatures. (a) One small (100) and one big (002)
peaks were observed in a range of 26◦ to 40◦ and (b) detailed
variation of (002) peak as a function of annealing temperature.

From the analyses of the XRD peak shapes in Figure 4(b),
the grain sizes along (002) orientation can be calculated by
using the FWHM of the peak and the Scherer’s formula.
Both the FWHMs and the grain sizes were plotted in Figure 5
in which the higher the annealing temperature, the smaller
the grain size was detected, that is, the smaller the grain
size, the worse the quality of the crystallinity. The growth of
the grain was expected after annealing but the opposite was
observed. When the XRD spectra measured in situ at 400◦C
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Table 2: The d-spacing between (002) planes in AZO films under
different conditions.

Film condition 2θ (◦) d-spacing (Å)

As-deposited at room temperature 34.18 2.621

After 100◦C annealing and cooling down
to room temperature

34.14 2.624

After 200◦C annealing and cooling down
to room temperature

34.16 2.623

After 300◦C annealing and cooling down
to room temperature

34.16 2.623

After 400◦C annealing and cooling down
to room temperature

34.42 2.603

16

17

18

19

20

21

22

RT 100 200 300 400

0.5

0.48

0.46

0.44

0.42

0.4

0.38

G
ra

in
si

ze
(n

m
)

FW
H

M
(◦

)

Annealing temperature (◦C)

Grain size (nm)

FWHM (◦)

Figure 5: The grain sizes and FWHMs of the AZO films before and
after annealing at different temperatures.

the replacement of Zn2+ by Al3+ occurred, and the increase of
the grain size was observed in previous study [11]. However,
when the spectra were collected ex situ after annealing at
400◦C and cooling down to room temperature, the stress
was greatly released as shown below. Cracks of the film were
observed visually which resulted in the decrease of the grain
size in the film. The thermally activated replacement of Zn2+

by Al3+ ions still remained in the film hence the reduction of
the d-spacing was still detected.

The thermal energy may enhance or reduce the stress in
the film which influences the rearrangement of the atoms in
the film during the annealing. It is important to calculate
the stress in the film after annealing. A biaxial strain model
[21] was applied to calculate the stress in the films. The
strain in the c-axis direction determined by XRD is ε =
(Cfilm −C0)/C0, where C0 is the unstrained lattice parameter
from the ZnO powder, and Cfilm is the lattice constant of the
film obtained from XRD spectra. The stress σfilm parallel to
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Figure 6: The compressive stress in the AZO film before and after
annealing at different temperatures.

the film surface can be calculated by using the following
formula, which is valid for the hexagonal lattice [22]:

σfilm = 2c2
13 − c33(c11 + c12)

2c13
× Cfilm − C0

C0
. (1)

For elastic constants ci j , data of single ZnO crystalline have
been used: c11 = 208.8, c12 = 119.7, c13 = 104.2, c33 =
213.8 GPa. The final equation of the film stress derived from
XRD is deduced

σfilm = −233 · ε(GPa). (2)

The negative sign in above equation indicates that the stress
in the film is compressive stress. The compressive stress
determined from the above formula as a function of the
annealing temperature is shown in Figure 6. It was found
that the stress increases little after 100◦C annealing and then
decreases little after 200 and 300◦C annealing, but there
are a huge decrease in stress after 400◦C annealing and
cooling down to room temperature. From the calculation,
there is about 1.8 Gpa compressive stress in the film after
the deposition at room temperature by IBSD method. This
compressive stress in the film was mainly caused by the
kinetic energy loss of sputtered species, the film’s structure,
and the surface energy difference between the film and glass
substrate.

Recent study of glass substrate temperature during
sputtering deposition of aluminum by Sebag et al. [23]
found that the substrate temperature rose in a range of 2
to 7◦C during ca. 100 s time interval at the beginning of the
deposition. Since the temperature risen was so low, there is
no thermal effect on the deposited film fabricated by the
IBSD method. The sputtered species with an energy ranged
typically from a few eV to tens eV lost their energies from
the momentum transfer process but no thermal annealing
involved during the film growth on the substrate using IBSD
method. A good quality of crystallinity in as-deposited film
may attribute to this high compressive stress. The change
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of compressive stress in the film after the annealing results
from thermally activated replacement of bigger Zn2+ ions
by smaller Al3+ ions and the formation and interaction of
defects, vacancies, and interstitials. Once the compressive
stress was greatly released after the 400◦C annealing, the
grain shrunk significantly due to the cracks of the film, that
is, bigger grains were cut into small pieces. It was found that
the resistivity and energy band-gaps of the AZO films are
correlated well to the film structure [24].

4. Conclusion

Two case studies of Ag in ion-exchanged glasses and Al-
doped ZnO films during and after heat treatment clearly
demonstrate the thermal effect on the structural changes in
both materials. The XPS and XRD were used to monitor
the in situ and ex situ structural modifications of the Ag in
ion-exchanged layer and AZO films. Two chemical states of
Ag resulted from the reduction of the total Gibbs energy
and the stress relaxation were found during annealing. By
understanding how the metallic Ag formed and accumulated
during annealing, an optimum heat treatment to grow
the proper size and density of silver quantum dots in the
films is possible. Postannealing effect on the AZO films
shows that the crystallinity of the film decreases as the
annealing temperature increases while the peak position
shifts toward to higher diffraction angle, and grain size
decreases dramatically after 400◦C annealing due to cracks in
the film. All the observed property changes can be explained
by the thermally activated Zn2+ ions replacement by Al3+ ions
and the compressive stress in the film.
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The aim of this study is to evaluate the effect of the different types of fly ash on the compressive strength properties of sintered
briquettes. Thermal gravimetric (TG) analysis was carried out. The chemical composition and physical properties of the materials
used were determined. Particle size distribution and microstructure elemental analyses of the materials used were carried out
by a particle size analyzer (Mastersizer) and a scanning electron microscope (SEM-EDS). Following the characterization of the
materials, briquettes were prepared by sintering at different temperatures. Compressive strength test results of the briquette samples
indicated that briquettes with a compressive strength value of 47.45 N/mm2 can be produced. The results obtained exceed the
Turkish standard (TS EN 771-1) requirements (9.8–23.54 N/mm2). SEM-EDS results showed that briquette samples made with
Tunçbilek (T) fly ash had a higher percentage of the glassy phase than the other briquette samples. Due to this microstructure, it
results in higher compressive strength value.

1. Introduction

As an industrial waste, fly ash presents some environmental
and storage problems; however, it has been used widely as
an excellent mineral additive in the construction industry
[1, 2]. The use of fly ash prevents environmental pollution,
and it contributes to a reduced need for natural resources.
Fly ash is available in different types, such as C and F. The F
type has a low Ca content, and its content of SiO2 + Fe2O3

+ Al2O3 is greater than 70 (ASTM C 618) [3]. There are
many studies investigating fly ash and its use as an additive
in cement mortars [4, 5]. Fly ash is also used as an additive
in the production of briquettes [6–11]. This study presents
comprehensive details about the utilization of different types
of fly ash that were collected from different thermal power
plants (Çayırhan, Orhaneli, Seyitömer, and Tunçbilek) in
Turkey and that were used to produce briquettes that have
high compressive strength values.

2. Materials and Methods

2.1. Properties of Materials Used

2.1.1. Soil. The soil was obtained from the Boyabat Brick
Factory in Turkey. Its specific surface area was 0.7502 m2/g,
and its chemical properties are given in Table 1. It had a high
SiO2 content (51.21%).

2.1.2. Fly Ash. Four samples of fly ash were collected from
the Çayırhan (C), Orhaneli (OE), Seyitömer (SO), and
Tunçbilek (T) thermal power plants in Turkey, which are
recycling materials for evaluation as additive materials in
the building sector. Their specific surface areas are 0.5957,
0.8731, 0.4420, and 1.2769 m2/g, respectively. The chemical
analysis results of the fly ashes are given in Table 1. According
to ASTM 618, the SiO2+ Al2O3+ Fe2O3 values indicated that
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Table 1: The chemical composition (%w/w) of the materials used.

Constituents (%) Soil C OE SO T

SiO2 51.21 44.05 43.18 53.32 58.36

Al2O3 12.59 11.57 19.36 20.16 22.17

Fe2O3 2.66 8.81 7.71 10.50 7.09

CaO 7.04 14.19 17.84 4.40 2.61

MgO 3.31 4.97 2.80 4.50 2.46

K2O 1.70 1.80 1.64 2.98 2.27

Na2O 1.52 3.59 0.36 0.51 0.71

SO3 5.57 10.34 2.53 1.04 0.34

KK 12.00 1.39 4.00 1.65 3.35

F CaO 0.07 0.14 0.31 — 0.01

Cl− 0.0085 — — — —

Table 2: Content of the soil sample.

Content %w/w

Gravel 0.0

Sand 24.1

Silt 63.4

Clay 12.5

the fly ash sample obtained from the (C) thermal power plant
should be classified as type C and the (OE), (SO), and (T) fly
ash samples should be classified as type F.

2.1.3. Experimental Program. In order to prepare the bri-
quette specimens from the materials, characterization exper-
iments were carried out. A physical analysis of the soil was
performed to determine the percentage of sand and gravel
present. In addition to the physical analysis, a hydrometer
analysis was applied to the mass of the soil that passed
through sieve No. 200 in order to separate the silt and
clay materials. Tests of the consistency limits of the soil—
the plastic limit, the liquid limit, and the plasticity index
(PI)—were conducted. In order to determine the thermal
behavior of the soil, a TG analysis was carried out with a
TGA-50. The particle size distribution of the materials was
measured by the Mastersizer-x technique (Malvern, MS-X
1995 model). In order to describe the microstructure and to
conduct an elemental analysis of the materials and briquettes,
the SEM-EDS technique (JSM-5910LV, EDS Model: Oxford-
Inca-7274) was used. The compressive strength results
were explained by using the results obtained from these
analyses.

2.1.4. Preparation and Testing of Briquettes. Following the
characterization tests, different mixtures were prepared from
fly ash samples. Fly ash was added to the soil in ratios of 5%
and 10%. Each mixture was treated with 6% water to provide
sufficient plasticity. At the end of this procedure, the mixtures
were squeezed at 200 kgf/cm2, and the samples were molded

Table 3: Test of consistency limits of the soil sample.

Limits %

Liquid 37.5

Plastic 23.4

Plasticity index 14.1

Table 4: Granulometric data for the materials used in experiments
and their size fractions.

Percentages % of particles with diameter

Materials d(0.10) (μm) d(0.50) (μm) d(0.90) (μm)

S 2.83 17.44 73.41

C 3.70 27.23 129.95

OE 3.43 21.18 77.71

SO 6.16 29.76 96.86

T 1.99 13.76 52.39

for sintering. Before sintering, the moisture in the mixtures
was evaporated in an oven at 105◦C. The remolded mixtures
had dimensions of 3.6 × 3.6 cm2, and they were sintered at
850, 900, and 950◦C in the laboratory oven. After the oven
had reached the required temperature, the briquettes were
removed from the oven. The briquettes produced with this
process were tested for compressive strength according to the
Turkish standards (TS EN 771-1) [12].

3. Results and Discussion

3.1. Characterization of the Materials

3.1.1. Hydrometer Analysis. A hydrometer analysis was car-
ried out to obtain the soil content, which was found to be
24.1% sand, 63.4% silt, and 12.5% clay. The findings are
listed in Table 2. The results of the tests of the consistency
limits of the soil are given in Table 3: a 37.5% liquid limit, a
23.4% plastic limit, and a 14.1% plasticity index. From the
test results, it can be concluded that the soil is suitable for
brick production according to the American Association of
State Highway and Transportation Officials (AASHTO).

3.1.2. Particle Size Distribution. The Mastersizer-x technique
was used for measuring the particle size distribution. Granu-
lometric data for the S showed that the d(90) and d(50) values
were 73.41 and 17.44 μm. Granulometric data for the size
fractions of the C, OE, SO, and T fly ash is displayed in
Table 4; the d(90) and d(50) values were 129.95 and 27.23,
77.71, and 21.18, 96.86, and 29.76 and 52.39 and 13.76 μm,
respectively. The particle size ranged from 3 μm to well over
129 μm for the materials. It can be observed that there are
significant differences in the particle size distributions of
the two samples of C and T for d(90): 129.95 and 52.39 μm,
respectively. It can also be observed from the granulometric
data that T was the finest fly ash.
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Figure 1: TG analysis of the soil sample.

3.1.3. Thermogravimetric (TG) Analysis. In order to obtain
the thermal behavior of the soil, a TG analysis was carried
out. A 13% weight loss was found. The moisture and water
loss of the soil were 4% up to 200◦C. Decomposition started
and the water loss of the soil increased to 7% between 200
and 800◦C. Figure 1 shows that above 800◦C, decomposition
continued, but the curve is not very sharp. Therefore,
the temperature range from 850 to 950◦C was chosen for
sintering.

3.1.4. Morphological and Elemental Analyses. Morphological
and elemental analyses were conducted using SEM-EDS.
Figure 2 shows that fly ash samples are spherical in shape,
whereas the soil sample is amorphous. The T fly ash sample
has a finer particle size than the C fly ash sample, and the
elemental analysis shows that the C fly ash sample has more
Ca content than the T fly ash sample (Table 3). The C fly ash
is C type, and the T fly ash is F type [5]. In addition to the
morphological analyses performed to obtain an elemental
analysis of the materials, four points (P) were chosen on
the SEM photographs, and they were analyzed. The analysis
results are shown in Table 5.

3.2. Compressive Strength Values of the Produced Briquettes

3.2.1. Mixing Ratios and Compressive Strength Values of the
Produced Briquettes. After the sintering process, compressive
strength tests of the briquettes were performed according to
the Turkish standard (TS EN 771-1). It was concluded that
briquettes with a compressive strength value of 47.45 N/mm2

can be produced at 950◦C. This result was obtained from
the briquette that was prepared with 5% T fly ash. This is
the best compressive strength result obtained for the samples
that were prepared. This compressive strength result is a very
high value; the Turkish standard (TS EN 771-1) only requires
9.8–23.54 N/mm2. When the briquettes made with T fly ash
were compared with the others, the compressive strength of
the T briquettes was higher than that of the others at the

same temperatures. The compressive strength results for the
briquettes are shown in Table 6. The compressive strength
of the briquettes changed with the different types of fly
ash.

3.2.2. SEM-EDS Analysis of the Briquettes after the Com-
pressive Strength Tests. After the compressive strength tests,
morphological and elemental analyses were applied to the
samples by using SEM-EDS. There are three groups of
mixtures. The first group included mixtures with 5% fly ash,
the second group included those with 10% fly ash, and the
third group included mixtures with 20% fly ash. Samples
were chosen from the first group (b, e) and the third group
(l). The samples b and e have 5% fly ash; they contain
different types of fly ash, and l includes two samples with
10% fly ash, with different types of fly ashes (C and OE).
No samples were chosen from the second group because
their compressive strength results were similar to those of the
first group. The selected samples have the best mechanical
strengths in their respective groups.

It can be observed in Figure 3 that there are distinct
differences between sample e and the others. Primarily, a
quartz (SiO2) phase was formed, and this can be seen in
Figure 3. This is comparable with point 1 of Table 7. There are
different phases shown in Figure 3. These phases are anhy-
drite (CaSO4) in trace ratios, gehlenite (2CaO·Al2O3·SiO2),
potassium aluminum silicate (K2O·Al2O3·4SiO2), hematite
(Fe2O3), and aluminum silicate (3Al2O3·2SiO2). Here, the
phases that affect the compressive strength properties are
quartz, gehlenite, and potassium aluminum silicate. These
phases are all proportional in Table 7.

4. Conclusions

The following conclusions can be drawn from the experi-
mental results.

(i) Briquettes can be manufactured with different types
of fly ash.

(ii) The briquettes sintered at 950◦C had better compres-
sive strength results than those sintered at 900 and
850◦C.

(iii) When the amount of fly ash added was increased
from 5% to 10%, the compressive strength decreased,
but the compressive strength of all of the briquettes
was higher than 9.8 N/mm2.

(iv) The briquette created with 5% T fly ash had better
mechanical strength than did those prepared using
other materials. The mechanical strength of this bri-
quette was very high (47.45 N/mm2), and when com-
pared with the standard value (9.8–23.54 N/mm2), it
is remarkable. Therefore, stronger construction could
be designed with these briquettes.

(v) Fly ash not only provides better mechanical strength
for building materials but also contributes to decreas-
ing environmental pollution, production costs, and
the use of natural resources.
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Figure 2: SEM micrographs of fly ashes (a) Soil ×1500 (b) C ×1500 (c) OE ×1500 (d) SO ×1000 (e) T ×1000.

Table 5: SEM-EDS elemental analyses of materials.

Elemental analysis

C O Na Mg Al Si P S K Ca Ti Fe Total

S

P1 54.44 0.85 2.72 8.41 18.43 2.54 2.00 4.63 0.45 5.52 100

C

P1 13.15 37.14 1.65 3.10 0.55 1.69 42.73 100

P2 8.92 40.93 3.30 2.13 3.95 1.34 7.56 31.87 100

P3 12.64 49.21 0.85 6.43 5.94 12.57 0.59 9.04 1.17 1.56 100

P4 13.23 47.94 5.04 2.63 13.28 0.78 0.65 0.34 11.52 0.64 3.95 100

OE

P1 15.32 35.68 2.99 2.87 1.34 41.81 100

P2 51.95 2.01 11.36 18.78 1.30 9.54 5.06 100

P3 25.25 43.82 0.68 0.61 11.98 13.72 0.81 1.64 1.49 100

P4 17.76 49.20 0.61 2.37 2.17 0.57 26.40 0.92 100

SO

P1 21.88 37.14 1.44 3.43 10.66 0.78 1.32 23.34 100

P2 18.73 47.96 2.01 7.95 15.30 1.72 3.38 2.95 100

P3 15.70 53.95 0.74 2.76 24.03 0.73 0.43 1.67 100

P4 15.08 50.62 0.77 10.37 20.25 1.29 1.60 100

T

P1 8.05 34.88 2.05 2.49 0.65 51.88 100

P2 16.32 50.96 0.84 31.89 100

P3 52.17 3.08 10.37 31.35 1.79 1.25 100

P4 74.46 22.39 1.15 2.00 100
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Figure 3: SEM micrographs of briquettes (a) b × 500 (b) e × 500 (c) 1 × 500.

Table 6: Mixing ratios of the materials and average compressive strength values of briquettes.

Sample code Mixing ratios
Compressive strength values (N/mm2)

850◦C 900◦C 950◦C

b 95% S + 5% C 30.8 38.6 41.4

c 95% S + 5% OE 30.8 38.7 40.7

d 95% S + 5% SO 26.7 32.7 34.4

e 95% S + 5% TB 35.0 44.8 47.5

g 90% S + 10% C 14.9 29.2 36.8

h 90% S + 10% OE 22.5 27.9 31.2

i 90% S + 10% SO 11.8 26.5 31.0

j 90% S + 10% T 33.4 42.8 43.9

l 80% S + 10% C + 10% OE 15.5 31.7 38.2

m 80% S + 10% SO + 10% T 17.2 25.0 27.1

Table 7: SEM-EDS elemental analyses of briquettes (wt%).

Elemental analysis

C O Na Mg Al Si P S K Ca Ti Fe Total

b

P1 50.91 3.36 8.72 30.11 6.90 100

P2 49.92 1.70 3.53 8.57 21.10 1.14 8.68 5.36 100

e

P1 56.58 43.42 100

P2 40.13 1.44 1.99 4.96 17.09 1.95 1.03 16.86 14.55 100

l

P1 49.40 50.60 100

P2 45.73 2.21 1.35 8.96 31.67 7.22 1.19 1.68 100

P3 50.71 2.83 8.15 20.67 10.15 7.50 100

(vi) The compressive strength results of the briquettes
changed with the fly ash properties.

(vii) It was proven that all of the fly ash samples used in
the experiments were suitable for use in briquette
production.
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Crystallization and microstructural behavior of various strontium-rich glass ceramics in the system 65[(PbxSr1−x)TiO3]-
24[2SiO2·B2O3]-5[BaO]-5[K2O]-1[La2O3] (0.0 ≤ x ≤ 0.4) with addition of 1% La2O3 have been investigated. The addition
of La2O3 has been found to play an important role in crystallization of perovskite (Pb,Sr)TiO3 as a solid solution phase. Also, it
causes a change in the surface morphology of the fined crystallites of the major phase. Differential thermal analysis (DTA) shows
only one exothermic crystallization peak, which shifts towards higher temperature with increasing amount of strontium oxide.
Glasses were subjected to various heat treatment schedules for the crystallization. Very good crystallization of strontium-rich glass
compositions is observed. X-ray diffraction studies confirm that cubic perovskite lead strontium titanate crystallizes as major
phase. Lattice parameter decreases with increasing strontium content similar to lead strontium titanate ceramics. Uniform and
interconnected crystallites are dispersed in glassy matrix.

1. Introduction

Strontium titanate has a cubic structure above −163◦C
where it transforms to a paraelectric phase. There is no
dielectric anomaly at −163◦C, but a strong elastic anomaly
is observed [1]. The dielectric constant follows Curie–
Weiss law below room temperature. Strontium titanate is a
prototype ceramic with perovskite structure and is of much
technological importance. Applications of strontium titanate
glass ceramics for a long time have been limited to cryogenic
temperature sensors and include a capacitance thermome-
ter, a dielectric bolometer, and capacitive energy storage
dielectrics [2]. The materials studied by Stookey [3] were
essentially different from the group of glass ceramic materials
discovered by King and Stookey [4]. In the later type of mate-
rials a relatively unstable glass was devitrified by the addition
of a nucleating agent. They found that by dissolving TiO2 in
such a glass a situation could be created in which, in a certain
temperature range, the material was supersaturated in TiO2,
giving rise to crystallization of rutile. In some cases, TiO2

did not crystallize as such, but combined with one of the
modifying ions of the base glass to precipitate as a titanate,
for example, crystallization of SrTiO3 with perovskite struc-
ture. The crystallization and microstructural behavior of
glass ceramic with perovskite titanate phases, SrTiO3 [5–
14] have been investigated. Thakur et al. [15] investigated
the crystallization, microstructure and dielectric behavior of
SrTiO3 glass ceramic. SrTiO3 could be crystallized as the
major phase by addition of an appropriate concentration of
K2O and selected heat treatment schedules. In these glass
ceramics addition of La2O3 enhances the crystallization of
strontium titanate phase and increases the dielectric constant
enormously. Recently Sahu et al. [16] explored the substi-
tution of strontium for lead in lead titanate precipitated
in borosilicate glass with suitable choice of composition
and heat treatment schedule. The investigation on the
phase development and microstructural characteristics of
the glass ceramic in the system [SrOTiO2]-[2SiO2B2O3]-
[K2O-BaO] showed that the solid solution of SrTiO3 with
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PbTiO3 phases can be crystallized in borosilicate glasses
[17].

The present paper reports our results of investiga-
tions carried out to crystallize perovskite lead strontium
titanate/perovskite strontium titanate solid solution phase in
a borosilicate glassy matrix in presence of La2O3. The donor
doped La2O3 was chosen as an additive because it strongly
affects the crystallization behavior and dielectric properties
of the perovskite glass ceramic systems 65[(PbxSr1−x)TiO3]-
24[2SiO2·B2O3]-5[BaO]-5[K2O]-1[La2O3].

2. Experimental Procedure

The nomenclature, preparation, and characterization meth-
ods of glass and glass ceramic samples are described elabo-
rately in part I of this paper entitled “Crystallization Behavior
and Microstructural Analysis of Lead-Rich (PbxSr1−x)TiO3

Glass Ceramics Containing 1 mole % La2O3”. A brief
description is presented here. Sr-rich glass compositions in
the system 65[(PbxSr1−x)OTiO2]-24[2SiO2·B2O3]-5[K2O]-
5[BaO]-1[La2O3] with varying lead-to-strontium ratios
(0.0 ≤ x ≤ 0.40) have been prepared by melt quench method
by melting the glass in the temperature range 1210–1330◦C
and annealing at 400◦C for three hours in another furnace.
All the glasses were characterized by DTA to determine glass
transition and the crystallization temperatures (Table 1). On
the basis of DTA results, various glass ceramic samples were
prepared by heat treating the glasses in the temperature
range 820–890◦C. The different heat treatment schedules
and nomenclature of glass ceramic samples are listed in
Table 2. The nomenclature of various glasses and glass
ceramic samples in the system is reported earlier [18]. The
nomenclature of glass ceramic samples includes the code of
their parent glass composition followed by heat treatment
temperature then by letter “T” and “S” for 3 and 6 hours
heat treatment, respectively. X-ray diffraction patterns were
recorded using a Rigaku X-ray diffractometer using Cu Kα
radiation. X-ray diffraction patterns were compared with
standard d-values from JCPDS files for different constituting
phases. The glass ceramic samples were ground and polished
successively using SiC powders and diamond paste (1 μm).
The polished glass ceramic samples were etched for 1
minute with etchant (30% HNO3 + 20% HF). Gold coatings
were applied to the etched surface of various glass ceramic
samples by the sputtering method in order to study the
morphology of the different crystalline phases present by
scanning electron microscopy (SEM).

3. Results

3.1. Differential Thermal Analysis (DTA). DTA patterns of
various glass samples 4PL5B, 3PL5B, 2PL5B, 1PL5B, and
STL5B are given in Figures 1 and 2.

All glasses show only a single exothermic peak in their
DTA patterns. A shift in the base line is observed in the DTA
plot, which depends on the composition of the glass. This
shift in the base line shows a change in the specific heat of the
glass, which is attributed to the glass transition temperature,

Table 1: Glass transition temperature, DTA peaks of various glass
samples in system [(PbxSr1−x)·TiO3]-[2SiO2·B2O3]-[BaO·K2O]-
[La2O3].

Compositions (x) Glass code Tg(◦C) DTA Peaks Tc (◦C)

0.4 4PL5B 600 820

0.3 3PL5B 635 871

0.2 2PL5B 635 865

0.1 1PL5B 660 878

0.0 STL5B 660 890

Tg . Glass transition and exothermic crystallization peak
temperatures Tc, for different glass samples are listed in
Table 1. The crystallization peaks are differing with respect
to their broadness and symmetry. The peak temperature
increasing with increases the strontium content.

3.2. X-Ray Diffraction Analyses and Crystallization Behav-
ior. On the basis of DTA results, various glass ceramic
samples were prepared by heat treating the glasses in the
temperature range 820–890◦C for 3- and 6- hour heat
treatment schedule. The different heat treatment schedules
and nomenclature of glass ceramic samples are listed in
Table 2. X-ray diffraction (XRD) patterns for various glass
ceramic samples crystallized at different temperatures for 3
hours are shown in Figures 3 and 4, respectively. These glass
ceramic samples show the formation of perovskite phase
in major amount along with rutile (R) and/or strontium
borate (SB) as minor phase. Minor rutile (R) phase is
present in glass ceramic sample with 0.1 ≤ x ≤ 0.4. SB
phase appears only in the lead-free STL5B890T glass ceramic
sample. Figure 5 shows XRD patterns for the glass ceramic
samples 4PL5B820S 3PL5B871S and 2PL5B865. Perovskite
lead strontium titanate crystallizes as the major phase. It
is also observed that the secondary phase of rutile (trace
amount) is also present in these glass ceramic samples.
Figure 6 shows the XRD pattern for the glass ceramic
samples 2PL5B878S and STL5B890S, respectively. These are
strontium-rich compositions and major phase of perovskite
strontium titanate with traces of rutile (TiO2) and strontium
borate (Sr2B2O5) as secondary crystalline phases.

Excellent crystallization is observed in 4PL5B820S and
STL5B890S glass ceramic samples. Both glass samples crys-
tallize for six-hour heat treatment schedule. The excellent
crystallization is attributed to the sufficient nucleation and
growth for six-hour heat treatment schedule. It is too
difficult to crystallize major phase of perovskite strontium
titanate in glassy matrix. La2O3 plays an important role in
crystallization of the glass samples and therefore acts as a
nucleating agent. Heat treatment schedules, glass ceramic
codes, and crystalline phases of different strontium rich glass
ceramic samples are shown in Table 2.

The lattice parameters are much closer to standard lattice
parameters [19]. The observed crystal structure is cubic,
similar to SrTiO3, over the entire composition range (0.0 ≤
x ≤ 0.4). Density of the glass and glass ceramic samples
was determined by using Archimedes principle [20]. Density
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Figure 1: DTA patterns of glasses (a) 4PL5B, x = 0.4, (b) 3PL5B, x = 0.3, and (c) 2PL5B, x = 0.2.
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Figure 2: DTA pattern of glasses (a) 1PL5B, x = 0.1, and (b) STL5B, x = 00.

of the glass ceramic samples was determined using distilled
water as the liquid medium.

The following weights were taken and used in the density
calculations:

W1 is the weight of empty specific gravity bottle (gram);
W2 is the weight of specific gravity bottle with sample
(gram); W3 is the weight of specific gravity bottle with

sample and distilled water (gram); W4 is the weight of
specific gravity bottle with distilled water (gram).

Density = W2 −W1

W4 −W1 − (W3 −W2)
. (1)

3.3. Surface Morphological Analysis. Figures 7(a), 7(b), and
7(c) illustrate the scanning electron micrographs for glass
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Figure 3: X-ray diffraction patterns of glass ceramic samples (a) 4PL5B820S (b) 3PL5B871T and (c) 2PL5B865T.
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Figure 4: X-ray diffraction patterns of different glass ceramic samples (a) 1PL5B878T and (b) STL5B890T.
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Figure 5: X-ray diffraction patterns of glass ceramic samples (a) 4PL5B820S, (b) 3PL5B871S, and (c) 2PL5B870S.

Table 2: Heat treatment schedules, glass ceramic codes, and crystalline phases of different strontium rich glass ceramic samples in the system
[(PbxSr1−x)O·TiO2]-[2SiO2·B2O3]-[K2O]-[BaO]-La2O3.

Glass code
Glass ceramic code Heat treatment schedules

Crystalline phases
Heating rate (◦C/min) Holding temp (◦C) Holding time (hrs)

4PL5B
4PL5B820T 5 840 3 P + R

4PL5B820S 5 840 6 P

3PL5B
3PL5B871T 5 871 3 P + R

3PL5B871S 5 871 6 P + R∗

2PL5B
2PL5B870T 5 870 3 P + R + SB∗

2PL5B870S 5 870 6 P + R∗+ SB∗

1PL5B
1PL5B878T 5 878 3 P + R

1PL5B878S 5 878 6 P + R∗

STL5B
STL5B890T 5 890 3 P + R∗ + SB∗

STL5B890S 5 890 6 P + R∗

P: perovskite titanate, PT: PbTi3O7, R: rutile (TiO2), SB: strontium Borate. (Sr2B2O5),∗: trace amount.
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Figure 6: X-ray diffraction patterns of glass ceramic samples (a) 1PL5B878S and (b) STL5B890S.
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Figure 7: Scanning electron micrographs of glass ceramic samples (a) 4PL5B840T, (b) 3PL5B871T, and (c) 1PL5B878T.

ceramic samples (4PL5B840T, 3PL5B871T, and 1PL5B878T)
obtained by crystallizing the glass samples 4PL5B, 3PL5B,
and 1PL5B for 3 hours, respectively. Glass ceramic sample
4PL5B840T shows random growth of the crystallites of
perovskite titanate as major phase, which are interconnected
with one another. The secondary phase formation of the

rutile is also which is represented by the dark needle-like
shapes in the micrographs. This secondary phase is also
confirmed by XRD analysis.

Scanning electron micrographs of the glass ceramic sam-
ple 3PL5B871T are shown in Figure 7(b). The micrograph
of this glass ceramic sample shows that the crystallites
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Figure 8: Scanning electron micrographs of glass ceramic samples (a) 4PL5B840S, (b) 3PL5B871S, (c) 2PL5B870S, (d) 1PL5B878S, and (e)
STL5B890S.

are fully developed in the glassy matrix. These crystallites
are interconnected and randomly oriented in the glassy
phase. The scanning electron microstructure of glass ceramic
sample 1PL5B878T crystallized at 878◦C for 3 hours is shown
in Figure 7(c). This glass ceramic sample shows the square
shape crystallites of the perovskite titanate phase, which
are randomly distributed, in the residual glassy network.
It is also observed that the large amount of residual glass
remaining after crystallization is due to smaller soaking
time. Figure 8 shows the scanning electron micrographs of
the different glass ceramic samples 4PL5B840S, 3PL5B871S,
2PL5B870S, 1PL5B878S, and STL5B890S, respectively. All
these glass ceramic samples are obtained by the crystalliza-
tion of their respective glasses for 6-hour soaking time. The
crystallization of 4PL5B840S is similar to the crystallization

of glass ceramic sample 3PL5B871S. It is also observed
that the morphology of the crystallites of 4PL5B840S and
3PL5B871S was found to be the same. Only a small change
is marked in secondary phase of rutile. Figure 8(c) shows
the scanning electron micrograph for the glass ceramic
sample 2PL5B870S, which is obtained by crystallization
at 870◦C for 6 hours corresponding to the exothermic
peak in the DTA plot. Crystallite sizes of the order of a
micron are formed which are uniformly distributed in the
glassy matrix. Some of crystallites are aligned towards the
right side and the rest are aligned towards the left side.
Figure 8(e) depicts the scanning electron micrograph of
the glass ceramic sample STL5B890S crystallized at 890◦C
for 6 hours. Well-interconnected crystallites of SrTiO3 are
randomly distributed in the glassy network. Needle-like fine
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Table 3: Density of glass and glass ceramic, crystal structure, lattice parameters, and axial ratio of major crystalline phase in different
strontium-rich glass ceramic samples in the system [(PbxSr1−x) O·TiO2]- [2SiO2·B2O3]-[K2O]-[BaO]-1La2O3.

Glass code Density
(gm/cc)

Glass ceramic Density
(gm/cc)

Crystal structure Lattice
parameters, a (Å)

(PbSr)TiO3

ceramic∗, a (Å)

4PL5B 3.827
4PL5B820T 3.856 Cubic 3.915± 0.006

3.9274PL5B820S 4.109 Cubic 3.913± 0.002

3PL5B 3.635
3PL5B871T 4.208 Cubic 3.911± 0.000

3.9433PL5B871S 3.256 Cubic 3.902± 0.003

2PL5B 3.507
2PL5B870T 3.961 Cubic 3.899± 0.001

3.8802PL5B870S 3.671 Cubic 3.904± 0.005

1PL5B 3.384
1PL5B878T 3.857 Cubic 3.904± 0.001

3.8801PL5B878S 3.426 Cubic 3.895± 0.002

STL5B 3.212
STL5B890T 3.261 Cubic 3.897± 0.000

3.904STL5B890S 3.386 Cubic 3.901± 0.000
∗

Reference [19].
The glass codes, density of glass and glass ceramics, crystal structure and lattice parameters are shown in Table 3.

crystallites present in trace amount are of rutile phase, which
is confirmed by XRD studies. The crystallization temperature
for this glass was found to the maximum among all the
glass compositions because of the absence of lead in this
composition. The excellent crystallization was observed for
this glass ceramic sample.

4. Discussion

The XRD data of the major perovskite phase in different glass
ceramic samples for the Sr-rich glass ceramic compositions
x ≤ 0.4 were indexed on the basis of a cubic unit cell
similar to SrTiO3. Values of lattice parameters “c” and
“a” for perovskite phase in strontium-rich glass ceramic
samples was determined from software “CEL” and are given
in Table 3. Density of the glass and glass ceramic samples
were determined using Archimedes principle [20, 21]. It is
observed that the density of glasses systematically decreases
with increasing the concentration of SrO (Table 3). Density
of various glass samples lies between 3.212 and 3.287 gm/cc.
It found to be larger for the glass sample 4PL5B while it
is less for glass sample STL5B. Sahu [22] has reported that
the strontium-rich glass ceramic samples without doping of
La2O3 show that the phase separation is smaller and rate of
crystallization is higher during heat treatment. Hence, high
cooling rate is required during the quenching of the melt to
get bulk transparent glasses. This might be one of the reasons
for the difficulty of glass forming of these compositions. In
the intermediate compositions, that is, when the Pb2+/Sr2+

ratio is 1 or nearly one, glass-in-glass phase separation takes
place during the early stage of crystallization treatment. This
also makes the glass formation easy with a relatively low
cooling rate. But after doping the La2O3 in the strontium-
rich glass ceramic samples the morphology of the crystallites
is very dense and directionally distributed in the glassy
matrix. The doping of La2O3 enhances the crystallization
and retards the minor phase in these glass ceramic samples.
Therefore, a very high value of dielectric constant and low
loss are observed in these glass ceramic samples [18].

5. Conclusions

Very good transparent and bulky glasses were prepared in
the strontium rich compositions. DTA patterns of strontium-
rich glass samples show only a single exothermic peak. The
addition of lanthanum oxide promotes the crystallization
of major phase and retards the crystallization of minor
phases. Therefore, very good crystallization is observed in
these glass ceramic samples. X-ray diffraction patterns of
strontium-rich glass ceramic compositions show presence
of strontium titanate or perovskite lead strontium titanate
as major phase with some secondary phase of rutile and
strontium borate. Directional morphology of the perovskite
fine crystallite growth was seen in the micrographs for these
glass ceramic samples. XRD data of the major perovskite
phase in strontium-rich glass ceramic samples show that the
structure of crystalline phase is cubic, similar to SrTiO3, for
x ≤ 0.4.
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Solid solution of perovskite Pb,SrTiO3 in Pb-rich composition can be crystallized in borosilicate glassy matrix. The addition of
rare earth and transition metal oxides is known to influence the crystallization behavior and surface morphology of perovskite
crystallites in glassy matrix. In the present paper, the glasses in the lead-rich system 64[(PbxSr1−x)·TiO3]-25[2SiO2·B2O3]-5[K2O]-
5[BaO] (1 ≤ x ≤ 0.5) with the addition of 1 mol % La2O3 were prepared to study its effect on their crystallization behavior.
Differential thermal analysis (DTA) patterns show one or more exothermic crystallization sharp peaks, which shift towards
higher temperature with increasing concentration of SrO. The glasses were subjected to various heat-treatment schedules for
crystallization. X-ray diffraction analysis of these glass ceramic samples shows that major crystalline phase of the entire glass
ceramic sample with x ≥ 0.5 was found to have tetragonal structure similar to PbTiO3 ceramic, and addition of La2O3 enhances
the crystallization of the perovskite phase and retards the crystallization of minor phases.

1. Introduction

Glass ceramics are an important class of materials that have
been commercially quite successful. The pore-free polycrys-
talline materials are produced by the controlled crystalliza-
tion of glass and composed of randomly oriented crystals
with some residual glass [1]. Crystallization is accomplished
by subjecting the glasses to a carefully regulated heat treat-
ment schedule, which results in the nucleation and growth of
crystal phases within the glass samples [2]. Extensive studies
have been reported on the crystallization and dielectric
behavior of ferroelectric glass ceramics, specifically PbTiO3

and NaNbO3 [3]. These studies show that both the parent
glass composition and heat treatment schedule determine the
crystalline phase constitution, microstructure, and dielectric
properties of respective glass ceramics. Bergeron and Russell
investigated the growth of PbTiO3 from PbO-B2O3-TiO2

glasses and found that the crystallization proceeded mainly
from the surface [4]. The crystallization and microstructural
behavior of glass ceramic with perovskite titanate phases,

such as PbTiO3 [5–11] and SrTiO3 [12–15], have been
investigated. Limited work has been carried on the lead
strontium titanate borosilicate glass-ceramic system, despite
its wide applications. Thakur et al. [16] investigated the
crystallization, microstructure, and dielectric behavior of
SrTiO3 glass ceramic with different oxide additions. They
could crystallize SrTiO3 as a major phase in borosilicate glass
ceramic system with addition of proper concentration of
alkali oxide K2O and selected heat treatment schedules. It
was also reported that the addition of La2O3 enhances the
crystallization of strontium titanate [17]. Later on Sahu et al.
[18, 19] explored the possibility of substitution of strontium
for lead in the system [(Pb1−xSrx)O·TiO2]-[2SiO2·B2O3]-
[K2O]-[BaO] for crystallization of solid solution perovskite
phase. The phase development, microstructural analysis,
and dielectric behavior of the glass ceramics indicated that
both the glass composition and heat-treatment schedules
determine the crystalline phase constitution. Solid solution
of PbTiO3 and SrTiO3 phases could be crystallized in
borosilicate glasses [20–23].
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Table 1: Glass transition temperature, density of glass, and DTA peaks of various glass samples in the system [(PbxSr1−x) O·TiO2] -
[2SiO2·B2O3]-[BaO·K2O]-[La2O3].

Compositions (x) Glass code Density (gm/cc)
DTA Peaks (◦C)

Tg Tc1 Tc2 Tc3

1.0 PTL5B 5.655 510 — 620 700

0.9 9PL5B 4.485 540 597 635 695

0.8 8PL5B 4.357 570 — — 726

0.7 7PL5B 4.125 575 — 686 739

0.6 6PL5B 3.965 575 — — 730

0.5 5PL5B 3.912 600 — — 806

Table 2: Heat treatment schedules, glass ceramic codes, and crystalline phases of different lead-rich glass ceramic samples in the system
[(PbxSr1−x)O·TiO2]-[2SiO2·B2O3]-[BaO·K2O]-[La2O3].

Glass code Glass ceramic code
Heat treatment schedules

Crystalline phases
Heating rate (◦C/min) Holding time (hrs) Holding temp (◦C)

PTL5B
PTL5B700T 5 3 700 P + PT

PTL5B700S 5 6 700 P + PT

9PL5B

9PL5B597T 5 3 597 P + PT

9PL5B635T 5 3 635 P + PT

9PL5B700T 5 3 700 P + PT∗

9PL5B700S 5 6 700 P + Pb

8PL5B
8PL5B726T 5 3 726 P + R

8PL5B726S 5 6 726 P + R∗

7PL5B
7PL5B686T 5 3 686 P + R∗ + PT

7PL5B739T 5 3 739 P

7PL5B739S 5 6 739 P + PT

6PL5B
6PL5B730T 5 3 730 P + R

6PL5B730S 5 6 730 P + U∗

5PL5B
5PL5B806T 5 3 806 P + R

5PL5B806S 5 6 806 P + R∗

P: Perovskite titanate, PT: PbTi3O7, R: Rutile (TiO2), Pb: Pb2O4, ∗Trace amount.

A brief report on crystallization and dielectric behavior
of lead strontium titanate borosilicate glass ceramics with
addition of La2O3 was reported [21]. In the present paper,
a detailed study has been made to understand the crystalliza-
tion behavior and microstructural morphology in the lead-
rich glass ceramic samples in the system 64[(PbxSr1−x)TiO3]-
25[2SiO2B2O3]-5[K2O]-5[BaO] with addition of 1% La2O3.
The crystallization and surface morphology of strontium-
rich compositions are given in the second paper “Crystal-
lization behavior and surface morphology of strontium rich
(PbxSr1−x) TiO3 glass ceramics in presence of La2O3-II.”

2. Experimental Procedure

Glasses in the system 64[(PbxSr1−x)TiO3]-25[2SiO2·B2O3]-
5[K2O]-5[BaO]-1[La2O3] with varying lead to strontium
ratio (1 ≤ x ≤ 0.5) have been prepared by melt-quench
method. The highly pure chemicals powder of PbO, SrCO3,
TiO2, SiO2, H3BO3, BaCO3, K2CO3, and La2O3 was mixed
in a mortar using acetone as a grinding medium. The dry
powders were melted in the temperature range 1120–1240◦C
in an electrically heated furnace. The melt was poured into

an aluminium mould, pressed by a thick aluminium plate,
and immediately annealed at temperature 400◦C for three
hours in another furnace. All the glasses were characterized
by differential thermal analysis (DTA) to determine glass
transition and the crystallization temperatures (Table 1).
Differential thermal analysis was done on the powdered glass
samples at a heating rate of 10◦C/min. On the basis of DTA
results, various glass ceramic samples were prepared by heat
treating the glasses in the temperature range 600–806◦C. The
different heat-treatment schedules and nomenclature of glass
ceramic samples are listed in the Table 2. The glasses were
heat treated by heating them at a heating rate of 5◦C/min to
the desired temperature and holding them for 3 or 6 hours.
The samples were then cooled to room temperature at a
cooling rate of 10◦C/min. Three-hour heat treatment was
given to all glasses at their respective DTA peaks, whereas
six-hour heat treatment was given to all glasses at their DTA
corresponding to major crystalline perovskite phase. The
nomenclature of glass ceramic samples includes the code of
their parent glass composition followed by heat-treatment
temperature and followed by a letter “T” and “S” for 3 and 6
hours heat treatment, respectively. X-ray diffraction patterns
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were recorded using a Rigaku X-ray diffractometer using Cu
Kα radiation. X-ray diffraction patterns were compared with
standard d-values from JCPDS files for different constituting
phases. Gold coatings were applied by the sputtering method
to the etched surfaces of various glass ceramic samples
intended for scanning electron microscopy (SEM) in order
to study the morphology of different crystalline phases.

3. Results

3.1. Differential Thermal Analysis (DTA). DTA curves for
these glasses with different (Pb) lead to strontium (Sr) ratio
(x = 1.0 to 0.5) are shown in Figures 1 and 2. DTA patterns
of different glasses show one or more exothermic peaks.
These exothermic peaks represent the temperature at which
the rate of crystallization of different phases is maximum.
All glasses show a shift in the base line at a temperature,
depending on the composition, in the temperature range of
510–600◦C. This shift in the base line shows a change in
the specific heat of the glass, which is attributed to the glass
transition temperature, Tg . Glass transition temperatures
of different glass samples are given in Table 1. The glass
transition temperature has been found to increase with the
increasing concentration of SrO. This may be due to increase
in the viscosity of the melt.

DTA pattern of the glass PTL5B with no strontium shows
two exothermic peaks at 620 and 700◦C (Figure 1(a)). The
peak at 700◦C represents the crystallization of the major
perovskite lead titanate, (P), PbTiO3 phase in the glass
ceramic. The peak at 620◦C represents the crystallization of
the minor PbTi3O7 (PT). This is confirmed by powder X-
ray diffraction (XRD) studies. The peak corresponding to
crystallization of major perovskite phase is present in DTA
patterns of all the glasses. Two DTA peaks are also observed
for the glass 7PL5B.

Three DTA peaks are observed for the glass 9PL5B. All
other glasses show a single exothermic peak in their DTA
patterns. The temperature of peaks Tc1, Tc2, and Tc3 for
different glasses in this system with PbO to SrO ratio and 1%
La2O3 is given in Table 1.

3.2. X-Ray Diffraction Analysis and Crystallization Behavior.
X-ray diffraction (XRD) patterns for various glass ceramic
samples crystallized at different temperatures for 3 hours are
shown in Figure 3. All the peaks in respective XRD patterns
were matched with JCPDS of various compounds data for
constituent oxides. X-ray diffraction pattern for the glass
ceramic samples PTL5B700T (x = 1.00) is shown in Table 2.

In Figure 3(a), it is observed from the XRD pattern
that PbTiO3 (P) is the major crystalline phase and PbTi3O7

(PT) is the secondary phase in this glass ceramic sample.
Figures 3(b) and 3(c) show the XRD patterns of glass ceramic
samples 9PL5B695T and 8PL5B726T with heat treatment at
different temperatures. XRD patterns of glass ceramic sample
9PL5B695T show the presence of tetragonal perovskite phase
as major phase and PbTi3O7 as a minor phase. When the
glass is heat treated at lower temperature, the amount of
minor PbTi3O7 phase is more in comparison to the glass
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Figure 1: DTA pattern of glasses: (a) PTL5B, x = 1.0, (b) 9PL5B,
x = 0.9, and (c) 8PL5B, x = 0.8.

ceramic sample obtained by heat treating at 695◦C. This is
indicated by the relative intensity of XRD lines of P and PT
phases. This shows that the DTA peaks at lower temperatures
correspond to crystallization of minor phase, while the peak
Tc3 at 695◦C corresponds to crystallization of perovskite
phase.

The XRD data of the major phase of these glass ceramic
samples were indexed on the basis of tetragonal unit cell
similar to lead titanate. The lattice parameters (s) for the
major crystalline phases in the glass ceramic system were
obtained by using software CEL. The structure, lattice
parameters (c, a), tetragonality, c/a, for the crystalline phase
are given in Table 3. The glass ceramic samples obtained by
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Figure 2: DTA pattern of glasses: (a) 7PL5B, x = 0.7, (b) 6PL5B,
x = 0.6, and (c) 5PL5B, x = 0.5.

heat-treating glasses with x = 1.0 and 0.9 were found to show
similar crystallization behavior (Figure 3). They differ only
in terms of minor phase and value of lattice parameters. XRD
patterns for glass ceramic samples 9PL5B597T; 9PL5B635T;
9PL5B695T are shown in Figure 4. The XRD patterns for
these glass ceramic samples show the formation of perovskite
as a major phase. Large amount of PT and small amount
of rutile (R) are also present. The amount of secondary
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Figure 3: X-ray diffraction patterns of different glass ceramic
samples: (a) PTL5B700T, (b) 9PL5B695T, and (c) 8PL5B726T.

phase of PbTi3O7 for x = 0.9 obtained by heat treatment at
higher temperature is found to be less in comparison to the
composition with x = 1.0. The glass with x = 0.7 was heat
treated for 3 and 6 hours at 686◦C and 739◦C to study the
effect of the crystallization temperature and soaking time on
the microstructure and dielectric behavior of the resulting
glass ceramic samples. Perovskite titanate was found to be
major phase with secondary PbTi3O7 and trace amount of
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Figure 4: X-ray diffraction patterns of different glass ceramic
samples: (a) 9PL5B597T, (b) 9PL5B635T, and (c) 9PL5B695T.

rutile phase. But for glass ceramic obtained by heat-treating
at 739◦C for 3 hours, the presence of secondary phases of
PbTi3O7 and rutile (TiO2) was not observed. Figure 5 shows
the XRD patterns for the glass ceramic samples 6PL5B730T
and 5PL5B806T. Perovskite titanate (P) was found as a major
phase and rutile (R) as a minor phase. They contain the same
phases but only differ in the tetragonality.

2θ0

20 30 40 50 60 70 80

P

P

P

P

P P

P

P
P P PP

x = 0.7

In
te

n
si

ty
(a

.u
.)

(a)

P

P

P

P

P

P
P P P

P

P

R R R

2θ0

20 30 40 50 60 70 80

x = 0.6

In
te

n
si

ty
(a

.u
.)

(b)

PbTi3O7

P

P

P

P
P P

P
P

PP

PT
TiO2R

R R
R R

2θ0

20 30 40 50 60 70 80

x = 0.5

In
te

n
si

ty
(a

.u
.)

Perovskite titanate

(c)

Figure 5: X-ray diffraction patterns of different glass ceramic
samples: (a) 7PL5B739T, (b) 6PL5B730T, and (c) 5PL5B806T.

XRD patterns for glass ceramic samples PTL5B700S,
9PL5B700S, and 8PL5B726S crystallized at 700◦C and 726◦C
for 6 hours, respectively, are shown in Figure 6. Glass ceramic
sample PTL5B700S has the phase constitution similar to
PTL5B700T that is obtained by heat treating the glass for 3
hours.
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Figure 6: X-ray diffraction patterns of different glass ceramic
samples: (a) PTL5B700S, (b) 9PL5B700S, and (c) 8PL5B726S.
∗: Trace amount of Rutile (TiO2) phase.

For the glass ceramic sample 9PL5B700S, a change
is observed in the crystalline phase in comparison to
9PL5B700T. This change is in the form of secondary phases,
PbTi3O7 (PT) and Pb2O4 (Pb). For sample heat treated at
700◦C for 3 hours, the secondary phase is PbTi3O7 whereas
for 6 hrs of heat treatment, the secondary phase is Pb2O4.
Figure 6(c) depicts the XRD pattern of glass ceramic sample
8PL5B726S. This shows the presence of perovskite titanate
as the major phase. A little amount of TiO2 (rutile) phase is
also present. This glass ceramic sample shows better amount
of perovskite phase in comparison to 3-hour heat treatment
schedules. Figure 7(a) shows the XRD pattern for the glass
ceramic sample 7PL5B739S. This sample contains PbTi3O7

as minor phase along with perovskite as major phase.

Figures 7(b) and 7(c) show XRD patterns for the glass
ceramic samples 6PL5B730S and 5PL5B806S. Perovskite lead
strontium titanate is crystallized as the major phase. It is also
observed that the secondary phase of rutile (trace amount)
is also present in these glass ceramic samples except for
the glass ceramic sample 6PL5B730S. In 6PL5B700S glass
ceramic sample, an unidentified phase is observed in small
amount in place of rutile phase.

Comparison of XRD data of these glass ceramic samples
with standard data from JCPDS files for different possible
phases of constituent oxides indicates that although the
major phase is lead titanate or lead strontium titanate,
solid solution perovskite and many minor phases form
in significant proportion. The parent glasses for lead rich
glass ceramic samples also show many exothermic peaks
in their respective DTA plots. Since these glass ceramic
samples are rich in lead, minor phases PbTi3O7 and Pb
borate form. As the strontium content increases in the glass
ceramic sample, the exothermic peaks corresponding to the
crystallization of minor phases are suppressed. It results
in the crystallization of lead strontium titanate perovskite
phase predominantly. XRD patterns of these glass ceramic
samples indicate the presence of the other minor phases only
in trace amount. In strontium-rich compositions, rutile is
mostly present in trace amount. Glass ceramic samples for
all glasses were also prepared with 6 hours holding time at
their respective crystallization temperatures for the major
phase. XRD patterns of these glass ceramic samples with the
XRD patterns of the respective glass ceramic samples, which
were crystallized for 3 hours, were compared. It is found
that XRD peaks of the major phase are well developed and
sharp for samples obtained by heating for 6 hours. The peak
intensity of minor phase/s decreases. In a few cases, there is
a change in the nature of the minor phase. In case of glass
ceramic samples 9PL5B695T, the minor phase is PbTi3O7

(PT), whereas in glass ceramic samples, the minor phase
present is PbB2O4. The crystallization rate of PbB2O4 may
be slower than that of PbTi3O7 and hence PbB2O4 minor
appears on longer heat treatment.

3.3. Surface Morphology. The surface morphology of all glass
ceramic samples shows fine crystallites of perovskite major
phase of lead titanate and lead strontium titanate. Qualitative
inspection of all these micrographs revealed that the relative
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Figure 7: X-ray diffraction patterns of different glass ceramic samples: (a) 7PL5B739S, (b) 6PL5B730S, and (c) 5PL5B806S.

Table 3: Crystal structure, lattice parameters, and axial ratio of major crystalline phase in different lead-rich glass ceramic samples.

Glass ceramics Crystal structure
Lattice parameters

Axial ratio (c/a)
(Pb,Sr)TiO3 ceramic∗

c (Å) a (Å) c (Å) a (Å) c/a

PTL5B700T Tetragonal 4.117 ± 0.005 3.916 ± 0.005 1.051
4.138 3.892 1.063

PTL5B700S Tetragonal 4.125 ± 0.005 3.906 ± 0.005 1.056

9PL5B700T Tetragonal 4.080 ± 0.002 3.910 ± 0.002 1.043
4.004 3.837 1.043

9PL5B700S Tetragonal 4.079 ± 0.005 3.909 ± 0.005 1.043

8PL5B726T Tetragonal 4.019 ± 0.001 3.916 ± 0.001 1.026
3.983 3.864 1.030

8PL5B726S Tetragonal 4.163 ± 0.007 3.910 ± 0.007 1.064

7PL5B739T Tetragonal 3.974 ± 0.001 3.921± 0.001 1.013
3.984 3.903 1.020

7P5B739S Tetragonal 3.977 ± 0.002 3.922 ± 0.002 1.014

6PL5B730T Tetragonal 3.967 ± 0.001 3.916 ± 0.001 1.013
3.947 3.882 1.016

6PL5B730S Tetragonal 4.024 ± 0.001 3.915 ± 0.001 1.027

5PL5B806T Tetragonal 3.932 ± 0.002 3.927 ± 0.002 1.001
3.960 3.896 1.016

5PL5B806S Tetragonal 3.938 ± 0.001 3.918 ± 0.001 1.005
∗

Reference [20].

content of residual glass phase was little or not significant.
The coexistence of coarse and ne perovskite particles has
also been observed and reported in similar lead titanate
glass ceramics [18, 24]. Scanning electron micrographs of
the various glass ceramic samples heat treated for 3 and 6
hours are shown in Figures 8 and 9. Figure 8 shows scanning
electron micrographs of glass ceramic samples PTL5B700T,
9PL5B695T, 8PL5B726T, 7PL5B739T, and 5PL5B806T. The

glass ceramic sample PTL5B700T is found to be composed
of interconnected fine crystallites of lead titanate (PbTiO3),
which are dispersed in the glassy matrix (Figure 8(a)). XRD
studies confirm that the fine crystallites are of PbTiO3,
which is the major crystalline phase. In general, the white
region in the microstructure represents the major crystalline
phase/secondary phase, while the black region depicts the
residual glass in all scanning electron micrographs. For the
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Figure 8: Scanning electron micrographs of glass ceramic samples: (a) PTL5B700T, (b) 9PL5B695T, (c) 8PL5B726T, (d) 7PL5B739T, and
(e) 5PL5B806T.

glass ceramic sample PTL5B700S, there is a change in the
morphology of the crystallites of the major phase, PbTiO3,
(Figure 9(a)). These crystallites are found to have round
shape and are agglomerated. The size of the crystallites is
higher in comparison to that for 3-hour of heat-treated glass
ceramic sample. Figure 8(b) shows the scanning electron
micrograph of the glass ceramic sample 9PL5B700T. The

crystallites size is in the submicron range. The volume frac-
tion of the residual glass is small. Some smaller whitish grains
represent the secondary phase of PbTi3O7. Figures 8(c) and
9(b) are the scanning electron micrographs for the glass
ceramic samples 8PL5B726T and 8PL5B726S, respectively.
The glass ceramic sample 8PL5B726T shows dispersion of
the major perovskite phase in the glassy matrix. As the
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Figure 9: Scanning electron micrographs of glass ceramic samples: (a) PTL5B700S, (b) 8PL5B726S, (c) 7PL5B739S, (d) 6PL5B730S, and (e)
5PL5B806S.

crystallization time is increased from 3 to 6 hours, well-
separated crystallites of major phase are formed as shown in
Figure 9(b).

It is confirmed from the study of XRD and SEM that
the 6-hour heat-treatment schedule is not suitable for the
crystallization of glass sample 7PL5B (x = 0.7). The scanning
electron micrograph of glass ceramic sample 6PL5B730S
shown in Figure 9(d) shows crystallization of submicrometer

grains of perovskite phase. The shiny white region represents
the trace amount of the unidentified phase.

Figures 8(e) and 9(e) show the scanning electron micro-
graphs of chemically etched surfaces of glass ceramic samples
5PL5B806T and 5PL5B806S, which are obtained by the
crystallization of the glass 5PL5B at 806◦C for 3 and 6 hours
of heat treatment schedule. The large amounts of rutile
(TiO2) are crystallized on the upper side of the perovskite
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titanate major phase, while for the 6-hour heat-treated glass
ceramic sample 5PL5B806S, the trace amount of rutile is
distributed inside the glassy matrix.

4. Discussion

There is a shift in different XRD peaks positions of major
perovskite phase with changing lead to strontium ratio in
the compositions of the base glasses. The position of XRD
peaks for various glass ceramic samples shifts systematically
with composition, x or Pb/Sr ratio. The lattice parameters
“c” and “a” and the axial ratio (c/a) of the perovskite phase
continuously decrease as the concentration of SrO increases
in the glass. In general, XRD patterns of the glass ceramic
samples rich in lead with x = 1.0 to 0.5 indicate the formation
of tetragonal crystals similar to lead titanate. The shift in the
XRD peak positions and hence the resulting changes in the
lattice parameters from that of undoped PbTiO3 ceramics
could be due to two factors: (i) formation of PbTiO3 solid
solution with SrTiO3 (ii) and strain due to crystal clamping.
Since both of these effects may have been present, the crystal
phase developed in these compositions cannot be identified
unambiguously through room temperature XRD techniques.
Some other characterization techniques have to be adopted
to confirm the composition of crystallites.

5. Conclusions

Differential thermal analysis (DTA) patterns show more
than one peak in the lead-rich glass compositions. These
peaks are sharp. Doping of La2O3 affects the crystallization
behavior and dielectric properties of the glass ceramic
samples. The addition of La2O3 promotes the crystallization
of major phase and retards the crystallization of minor
phases. X-rays diffraction patterns of lead-rich glass ceramic
samples show that the major phase of PbTiO3 or perovskite
(Pb,Sr)TiO3 and a trace amount of pyrochlore phase of
PbTi3O7. Crystalline phase of all the glass ceramic sample of
glasses with x ≤ 0.5 was found to have tetragonal structure.
Surface morphology of the fined crystalline phase is observed
uniform and well interconnected in residual glassy matrix.
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LiNi0.5Mn1.5O4 cathode materials were produced by spray pyrolysis apparatus using the flame combustion. SEM revealed that as-
prepared powders had spherical morphology with porous microstructure which had an average diameter of about 2 μm with broad
size distribution. After the calcination, LiNi0.5Mn1.5O4 powders with polygonal morphology and narrow particle size distribution
were obtained. XRD showed that LiNi0.5Mn1.5O4 was well crystallized after the calcination at 900◦C. Rechargeable measurement
of LiNi0.5Mn1.5O4 cathode showed that the long plateau was observed at 4.7 V in discharge curve of LiNi0.5Mn1.5O4 cathode and its
discharge capacity was 145 mAh/g at 1 C. The capacity retention of LiNi0.5Mn1.5O4 cathode were 95% at 1 C after 100 cycles. The
discharge capacity and capacity retention of LiNi0.5Mn1.5O4 cathode were 125 mAh/g and 88% at 20 C. LiNi0.5Mn1.5O4 cathode
exhibited also stable cycle performance at 50◦C.

1. Introduction

Lithium ion batteries have been extensively used as energy
storage devices for portable electronics. Recently, these are
well noted as the power sources for the vehicles such as
EV and HEV [1]. Both layered type LiCoO2 and spinel
type LiMn2O4 is the most important cathode materials
because of their high operating voltage at 4 V [2, 3]. LiCoO2

have been mostly used as cathode material of commercial
lithium ion batteries. However, LiCoO2 has a problem related
to capacity fading due to the instability in rechargeable
cycles. Cobalt is also expensive and its resource is not
sufficient. Furthermore, the thermal stability is very low
in the rechargeable process. Therefore, LiCoO2 cathode
material is not suitable as a lithium ion battery for EV
and HEV. On the other hand, LiMn2O4 cathode material is
suitable due to their advantages such as low cost, abundance,
nontoxicity, and thermally stable [4]. It was known that Ni-
substitute lithium manganese oxide spinel (LiNi0.5Mn1.5O4)
was exhibited rechargeable behavior at about 5 V [5–7].

LiNi0.5Mn1.5O4 has attracted significant attention as
a cathode material with high energy density. It was important

to control the chemical composition to obtain homogeneous
LiNi0.5Mn1.5O4 powders. So far, LiNi0.5Mn1.5O4 powders
have been prepared via the solution techniques such as copre-
cipitation [8, 9], spray drying [10], sol-gel [11, 12], polymer
gel [13] and chemical wet process [14]. LiNi0.5Mn1.5O4

powders have been also prepared via the improved solid state
reaction [15–18] and molten salt reaction [19, 20].

We have noted spray pyrolysis in order to prepare
a homogeneous LiNi0.5Mn1.5O4 powder. It was well known
that the spray pyrolysis was an effective process for the rapid
synthesis of homogeneous multicomponent oxide powders
[21]. We have tried to synthesize various type cathode
materials for lithium ion battery by spray pyrolysis [22–24].
The rechargeable capacity and cycle performance of lithium
ion battery were improved by using the cathode materials for
lithium ion battery derived from spray pyrolysis. Park and
Sun [25] have reported that homogeneous LiNi0.5Mn1.5O4

powders can be obtained by ultrasonic spray pyrolysis. How-
ever, spray pyrolysis has not been applied as an industrial
process because it is difficult to homogeneously pyrolyze
the mist of inorganic salts in the electrical furnace that the
scale-up was done. The difference of pyrolysis temperature
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Figure 1: Schematic diagram of flame spray pyrolysis apparatus.

inside and outside of the electrical furnace increases with
increasing the dimension of electrical furnace. So far, we
have also offered the two types of spray pyrolysis apparatuses
by using gas burner to produce cathode materials [26, 27].
The advantage of these apparatuses is that it is possible
to pyrolyze a large amount of mist during the short time
compared with that of electrical furnace. The spray pyrolysis
using the flame combustion has also the high effect of
energy saving compared with that using the heating of
conventional electric furnace. In this work, we modified
the flame combustion type spray pyrolysis apparatus [26]
in which the mist flowed from the bottom to the top
and then tried to produce LiNi0.5Mn1.5O4 powders. In
this paper, the powder characterization and electrochemical
properties of the LiNi0.5Mn1.5O4 powders produced by large
spray pyrolysis apparatus using the flame combustion were
described.

2. Experimental

2.1. Powder Preparation. LiNO3, Mn(NO3)2·6H2O, and
Ni(NO3)2·6H2O were used as starting reagents. They were
weighted out to attain the molar ratio of metal component
(Li : Mn : Ni) of 2 : 3 : 1 and were dissolved in distilled water
to prepare the starting solution. The concentration of the
starting solution was 1 mol/dm3. Figure 1 shows schematic
diagram of flame spray pyrolysis apparatus used in this
work. The apparatus is a prototype developed in order to
verify the industrial production of cathode materials by the
spray pyrolysis. This consisted of a two-fluid nozzle atomizer
(the diameter of nozzle was 10 μm), a furnace (1800 mm ×
580 mm) with six gas burners, a cooling line, and a bag filter.
In comparison with the spray pyrolysis apparatus developed
in a past study [26], the scale-up of the furnace was done.
The flame combustion was generated using the liquefied
petroleum gas and then the temperature of it was maintained

at 500◦C. The mist of the starting solution was continuously
generated by two-fluid nozzle atomizer with the flow rate
of 10 dm3/h. The mist was introduced to the furnace by
using the air carrier gas and pyrolyzed in the furnace at
500◦C. The temperature in the furnace was monitored by the
thermometer using Pt thermocouple. The thermometer was
set in the centre of the furnace. The cooling line was naturally
cooled by the radiation of heat using air. The potential
of powders production increased up to 5 kg/day compared
with the spray pyrolysis apparatus (3 kg/day) developed in a
past. Both as-prepared LiNi0.5Mn1.5O4 powders and outgas
were cooled less than 100◦C by a cooling line before the
powder collection in the bag filter because the temperature of
outgas was more than 200◦C. LiNi0.5Mn1.5O4 powders were
continuously produced for 5 h at the rate of 200 g/h. As-
prepared LiNi0.5Mn1.5O4 powders were calcined from 700◦C
to 1000◦C for 2 h under the air atmosphere.

2.2. Characterization of Powders. The crystal phases of
LiNi0.5Mn1.5O4 powders were identified with powder X-
Ray Diffraction (XRD-6100, Shimadzu). The particle mor-
phology, microstructure, and state of aggregation of
LiNi0.5Mn1.5O4 powders were observed with a scanning
electron microscope (SEM, JSM-6390, JEOL). The chemical
component of LiNi0.5Mn1.5O4 powders was determined by
induced coupled plasma analysis (ICP, SII, SPS-7800). Spe-
cific surface area of LiNi0.5Mn1.5O4 powders was measured
by BET method (SSA, BEL Japan, BELSORP-miniII). The
particle density of LiNi0.5Mn1.5O4 powders was determined
with the pycnometer (Pycnomatic, Thermoelectron) using
He gas.

2.3. Electrochemical Measurement. Cathode was prepared
using 80 wt% LiNi0.5Mn1.5O4 powders, 10 wt% acetylene
black as a conductive agent, and 10 wt% polyvinylidene
fluoride resin as a binder. They were homogeneously mixed
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10 μm

Figure 2: SEM photograph of as-prepared LiNi0.5Mn1.5O4 powders.

10 μm

Figure 3: SEM photograph of LiNi0.5Mn1.5O4 powders calcined at
800◦C.

with N-methyl-2-pyrrolidone. They were dried at 120◦C for
24 h in a vacuum oven. Metal lithium sheet was used as the
anode. Microporous polypropylene membrane was used as
a separator. 1 mol/dm3 LiPF6 in ethylene carbonate/diethyl
carbonate (EC : DEC = 1 : 1 in volume ratio) was used as the
electrolyte. The coin type cell (CR2032) was assembled in a
glove box filled with an argon gas. The rechargeable capacity
and cycle stability of LiNi0.5Mn1.5O4 cathode were measured
by the rechargeable tester (BTS2004H, Hosen) from 3.5 V to
4.9 V at the rechargeable rate from 1 C to 20 C. The cycle
stability of LiNi0.5Mn1.5O4 cathode was also measured at
50◦C.

3. Results and Discussion

3.1. Particle Characterization of LiNi0.5Mn1.5O4 Powders.
LiNi0.5Mn1.5O4 powders were continuously produced at rate
of 200 g/h. Figure 2 shows an SEM image of LiNi0.5Mn1.5O4

powders obtained after 5 h. SEM image revealed that as-
prepared LiNi0.5Mn1.5O4 particles had spherical morphology
with broad particle size distribution. The average particle
size and geometrical standard deviation (σg) of them were
1.68 μm and 1.34, respectively. The follow particles or
spheroidal particles were also observed in Figure 2. This
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Figure 4: XRD patterns of LiNi0.5Mn1.5O4 powders, (a) as-
prepared, (b) calcined at 800◦C.

result suggested that the large mist derived from two-
fluid nozzle atomizer with about nozzle size of 10 μm
led to large particle size and broad size distribution of
LiNi0.5Mn1.5O4 powders. Specific surface area and parti-
cle density of as-prepared LiNi0.5Mn1.5O4 powders were
24.6 m2/g and 3.32 g/cm3, respectively. These results sug-
gested that LiNi0.5Mn1.5O4 particles obtained had the porous
microstructure which was consisted of primary particles.

Figure 3 shows the particle morphology of
LiNi0.5Mn1.5O4 powders calcined at 900◦C for 2 h. When
as-prepared LiNi0.5Mn1.5O4 powders were calcined at
900◦C, the primary particles were sintered to form uniform
polygonal morphology. The average particle size and σg of
them were 1.01 μm and 1.3, respectively. It was found that
the particle size and size distribution became small and
narrow. Specific surface area of LiNi0.5Mn1.5O4 powders
decreased to 1.03 m2/g. The particle density of them
increased to 4.17 g/m3 due to the sintering of the primary
particles. This led to the improvement for the dispersibility
of LiNi0.5Mn1.5O4 powders in N-methyl-2-pyrrolidone
solvent, so that the homogeneous slurry of them was
obtained for the preparation of cathode.

Figure 4 shows XRD patterns of as-prepared
LiNi0.5Mn1.5O4 powders and LiNi0.5Mn1.5O4 powders cal-
cined at 900◦C for 2 h. XRD revealed that the crystallinity of
as-prepared powders was low, but that was well crystallized
by the calcination at 900◦C. It was seemed that these
diffraction patterns of LiNi0.5Mn1.5O4 powders were
identified with a cubic spinel structure with Fd3m of space
group. The diffraction patterns of impurities except for
spinel phase were not observed. From ICP analysis of
LiNi0.5Mn1.5O4 powders calcined at 900◦C, the molar ratio
of LiNi0.5Mn1.5O4 powders was 1.0 : 0.49 : 1.49 and showed
good agreement with that of starting solution. This suggested
that Li+ ion, Ni2+ ion and Mn4+ ion were uniformly mixed
at molecular level in each mist which was played a role as a
microreactor.

3.2. Electrochemical Properties of LiNi0.5Mn1.5O4 Cath-
ode. Figure 5 shows the charge and discharge curves of
LiNi0.5Mn1.5O4 cathode at discharge rate indicated. The
plateau was observed at around 4.7 V in discharge curves of
them. This was attributed to Ni2+/Ni4+ redox couple [28].
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indicated.

The discharge capacity of LiNi0.5Mn1.5O4 cathode was
145 mAh/g at 1 C. Another plateau was observed at around
4 V in the discharge curve of LiNi0.5Mn1.5O4 cathode at
1 C. This was attributed to Mn3+/Mn4+ redox couple.
The discharge capacity decreased with increasing the dis-
charge rate. The plateau at 4 V disappeared at more than
10 C. The discharge capacity of LiNi0.5Mn1.5O4cathode was
125 mAh/g when the discharge rate was 20 C. The voltage
of LiNi0.5Mn1.5O4 cathode also lowered about 0.1 V at 20 C.
The disappearance of plateau and the decrease of voltage may
result in the increase in the polarization of cell. This was
reported in the literature [29].

Figure 6 shows the discharge efficiency of LiNi0.5Mn1.5O4

cathode at the rate indicated. The discharge efficiency of
LiNi0.5Mn1.5O4 cathode was 95% at 1 C. Although, the
discharge efficiency of LiNi0.5Mn1.5O4 cathode decreased
with increasing the discharge rate, it kept more than 85% at
even 20 C. It is considered that LiNi0.5Mn1.5O4 particles with
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Figure 7: Relation between discharge capacity and cycle number at
rate indicated.
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Figure 8: The change of a discharge capacity in alternately repeating
rechargeable to 20 times at 1 C and 10 C.

uniform polygonal morphology and high crystallinity are
responsible of these outstanding rechargeable performances.

Figure 7 shows the relation between discharge capacity
and cycle number of LiNi0.5Mn1.5O4 cathode at the discharge
rate indicated. The rechargeable test was carried out up to
100 cycles at room temperature. The capacity fading was
slightly observed in LiNi0.5Mn1.5O4 cathode at 1 C after 100
cycles. The capacity retention of LiNi0.5Mn1.5O4 cathode
was 95% at 1 C. That of LiNi0.5Mn1.5O4 cathode obtained
decreased with increasing the discharge rate and then capac-
ity fading increased. The cycle retention of LiNi0.5Mn1.5O4

cathode was 88% at 20 C after 100 cycles. It was found
that LiNi0.5Mn1.5O4 cathode had excellent the cycle stability.
It was considered that the rechargeable reaction uniformly
occurred at the level of interface between particle and
electrolyte because of narrow particle size distribution.

Figure 8 shows the cycle performance of LiNi0.5Mn1.5O4

when the cycle test was done alternately for 10 cycles at 1 C
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Figure 9: Relation between discharge capacity and cycle number at
30◦C and 50◦C.

and 10 C. 140 mAh/g of discharge capacity was maintained
at 1 C. The discharge capacity of LiNi0.5Mn1.5O4 cathode
decreased to 130 mAh/g at 10 C. LiNi0.5Mn1.5O4 cathode had
also good stability for the alternate cycle test at the higher
and lower dischargeable rate. This suggested that the spinel
structure of LiNi0.5Mn1.5O4 was also stable for intercalation
of Li+ ion at the high and low rechargeable rate. This
suggests that LiNi0.5Mn1.5O4 spinel structure may lead to the
high cycle stability for the volume change during the rapid
intercalation of lithium ion.

Figure 9 shows the cycle performance of LiNi0.5Mn1.5O4

cathode at 30◦C and 50◦C. The cycle test was examined at
1 C for 200 cycles. The discharge capacity of LiNi0.5Mn1.5O4

cathode at 30◦C was 135 mAh/g after 200 cycles. The
capacity retention of it was 95%. The discharge capacity of
LiNi0.5Mn1.5O4 cathode at 50◦C was 115 mAh/g after 200
cycles. The capacity retention of it was 91%. It was found
that the cycle performance at 50◦C was also stable as well as
that at room temperature.

4. Conclusions

LiNi0.5Mn1.5O4 cathode materials were successfully pro-
duced by spray pyrolysis apparatus using the flame com-
bustion. As-prepared LiNi0.5Mn1.5O4 powders had spherical
morphology with porous microstructure which had an
average diameter of 1.68 μm with broad size distribution.
After the calcination, LiNi0.5Mn1.5O4 powders with polygo-
nal morphology and narrow particle size distribution were
obtained. LiNi0.5Mn1.5O4 powders were well crystallized after
the calcination at 900◦C and the chemical composition was
in good agreement with that of starting solution. Recharge-
able measurement of LiNi0.5Mn1.5O4 cathode showed that
the plateau was observed at 4.7 V in discharge curve of
LiNi0.5Mn1.5O4 cathode and its discharge capacity was
146 mAh/g at 1 C. The capacity retention of LiNi0.5Mn1.5O4

cathode was 95% at 1 C after 100 cycles. The discharge
capacity and capacity retention of LiNi0.5Mn1.5O4 cathode
was 125 mAh/g and 88% at 20 C. LiNi0.5Mn1.5O4 cathode
exhibited stable cycle performance at 50◦C.
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We used three kinds of tungsten sheets in this study. First, we examined microstructure such as grain size distribution using an
optical microscope. Secondly, we carried out three-point bend tests at temperatures between about 290 and 500 K. Then, we
examined fracture surface of a failed specimen using a scanning electron microscope. Lastly, by analyzing all these results, we
evaluated apparent intergranular and transgranular fracture strengths and discussed strengths and ductility of tungsten. Addition-
ally, we compared mechanical properties of tungsten with those of molybdenum.

1. Introduction

Generally, pure molybdenum after recrystallization indicates
a certain amount of ductility at room temperature. In con-
trast, pure tungsten after recrystallization does not deform
plastically near room temperature, since its ductile-to-brittle
transition temperature is much above 400 K [1]. Such brit-
tleness of tungsten is principally attributed to high hardness
which leads to high yield strength and difficulty of plastic
deformation. However, detailed discussion on such differ-
ence in the strengths and ductility between tungsten and
molybdenum has not been carried out until now.

Materials used in this study are pure tungsten, K-doped
tungsten, and La-doped tungsten. All these materials are sub-
jected to recrystallization treatments in various conditions.
First, we examined microstructure such as average grain size
and size distribution of the specimen after recrystallization
using an optical microscope (OM). Secondly, we carried out
three-point bend tests at temperatures between about 290 K
and 500 K and obtained yield and maximum strengths. From
the temperature dependences of the yield and the maximum
strengths, we evaluated two parameters (critical stress and
critical temperature) [2, 3]. Lastly, we carried out fracture
surface observation of a failed specimen by a scanning elec-
tron microscope (SEM). Analyzing these experimental data,

we estimated apparent intergranular and/or transgranular
fracture strengths. Furthermore, we compared and discussed
difference in the mechanical properties between tungsten
and molybdenum.

2. Experimental Procedures

Three kinds of tungsten sheets were used in this study. One
is pure tungsten sheet (designated as “W” in the text). The
others are K-doped tungsten sheet (K: about 50 mass ppm,
designated as “KDW” in the text) and La-doped tungsten
sheet (La2O3: about 1 mass%, designated as “LDW” in the
text). Thickness of these sheets is about 1 mm. The materials
are produced by powder metallurgy, sintered, hot-rolled,
and stress relieved. Typical grain structure of these materials
is a fibrous structure. Before the following measurements,
the materials were subjected to recrystallization treatments
in various conditions. Pure tungsten sheet was heated at
1773 K for 3.6 ks or at 2073 K for 3.6 ks in a vacuum of less
than 10−5 torr. Two doped tungsten sheets were heated at
2073 K for 3.6 ks in vacuum. In the test, heat treatments at
1773 for 3.6 ks and at 2073 K for 3.6 ks were designated as
“r1” and “r2,” respectively. For example, K-doped tungsten
after recrystallization at 2073 K for 3.6 ks is designated as
“KDW(r2).”
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Figure 1: Definition of critical stress and critical temperature.

We examined microstructure of the material using OM.
Grain shape is approximately equiaxial. Thereby we mea-
sured grain size in the direction parallel to the final rolling
direction and determined average grain size and its distribu-
tion.

We evaluated mechanical properties of the material by
three-point bend tests. We carried out the tests at a strain
rate of 2 × 10−4 s−1 at a temperature between about 290 K
and 500 K. We obtained yield strength (σy) and maximum
strength (σm) using the following:

σy =
3aFy
wt2

,

σm = 3aFm
wt2

.

(1)

Fy and Fm are the load at the yield point and maximum
load point, respectively. 2a (= 16 mm) is the support span.
w and t are the specimen width and thickness, respectively. In
this study, typical specimen width and thickness were 4 mm
and 1 mm, respectively. Here, we automatically converted
the bend strength (σbt) to the tensile strength (σtt) using
the following equation. This equation was experimentally
obtained [4]:

σtt = σbt
1.74

. (2)

From temperature dependence of the yield and maxi-
mum strengths, we estimated two parameters (critical stress,
σc and critical temperature, Tc) [2, 3]. These parameters are
derived as schematically shown in Figure 1. Critical stress
is a stress which is necessary to generate and propagate
microcracks alternatively along the grain boundaries or in
the matrix. This stress corresponds to apparent intergran-
ular fracture strength of a polycrystalline material. Critical
temperature, on the other hand, is an expression of ductile-
to-brittle transition temperature (DBTT), and reciprocal of
this temperature corresponds to low-temperature ductility.
Higher value of (1/Tc) means the material is more “ductile”
and even at a lower temperature.

We determined fracture mode as follows. We observed
the fracture surface of a specimen which failed in a brittle

manner at about 290 K using SEM. In this study, we represent
the fracture mode by a parameter, PIF-value. PIF-value is
a percent intergranular f racture value and is defined as
a ratio of intergranular fracture area to total fracture area.
For example, a high PIF-value means grain boundaries
of the material are generally very weak. For molybdenum
with an average grain size of 20–25 μm, critical stress (σc)
and fracture mode (PIF-value) demonstrate the following
relationship [2, 3]:

PIF-value = 0.2(k − σc). (3)

Here, the constant k corresponds to apparent transgranular
fracture strength, since the value of k at PIF-value = 0 means
a stress which is necessary to propagate microcracks only in
the matrix.

3. Results

3.1. Grain Size and Its Distribution. Grain size distribution of
the material is shown in Figures 2(a) (W(r1)), 2(b) (W(r2)),
2(c) (KDW(r2)), and 2(d) (LDW(r2)). Average grain size
is also indicated in the figure. Grain size distributions of
W(r1) and KDW(r2) are similar. Average grain sizes of these
materials are almost the same, and their distributions were
relatively narrow. Grain size distributions of W(r2) and
LDW(r2) are generally different from W(r1) and KDW(r2).
The former materials indicate much larger grain size and
much wider size distribution than the latter. At first, these
results suggest that grain coarsening occurred after heating
at a higher temperature in case of pure tungsten. Secondly,
K-doping and La-doping suppressed grain coarsening to a
certain extent.

3.2. Strengths and Ductility. Temperature dependences of the
strengths are shown in Figure 3 (yield strength) and Figure 4
(maximum strength).

Yield strength of pure tungsten significantly depends on
the heating condition. Yield strength of W(r2) which was
heated at 2073 K is generally much lower than that of W(r1)
which was heated at 1773 K. Yield strength of KDW(r2) is
approximately the same as that of W(r1). Yield strength
of LDW(r2) is slightly lower than that of W(r1) and/or
KDW(r2), but higher than that of W(r2).

Maximum strength of pure tungsten also significantly
depends on the heating condition. Maximum strength of
W(r2) is generally much lower than that of W(r1). Maximum
strengths of KDW(r2) and LDW(r2) are ranging between
W(r1) and W(r2), although strength of KDW(r2) is higher
than that of LDW(r2).

Critical stress and critical temperature are summarized
in Table 1. We obtained these parameters in a manner as
already shown in Figure 1. First, critical stress approxi-
mately corresponds to the maximum strength. Critical stress
of W(r1) is much higher than that of W(r2). Critical
stresses of KDW(r2) and LDW(r2) are ranging between
W(r1) and W(r2), although stress of KDW(r2) is higher
than that of LDW(r2). Critical temperature, on the other
hand, does not necessarily follow the critical stress or the
maximum strength. Difference in the critical temperature
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Figure 2: Grain size distributions for various materials.
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Figure 5: Typical fracture surfaces of various materials.

among materials is considerably little in contrast to that in
the critical stress. This result is well interpreted, since the
critical temperature is determined not only by the maximum
strength (critical stress) but by the yield strength. In contrast,
the critical stress is determined almost only by the maximum
strength [2, 3].

3.3. Fracture Mode. Typical fracture modes of various tung-
sten are shown in Figures 5(a)(W(r1)), 5(b)(W(r2)),
5(c)(KDW(r2)), and 5(d)(LDW(r2)). Fracture modes of
W(r1) and KDW(r2) are principally intergranular fracture.
On the other hand, fracture modes of W(r2) and LDW(r2)
are mixture of intergranular and transgranular fracture.



Advances in Materials Science and Engineering 5

Table 1: Summaries of critical stress, critical temperature, and PIF-
value for various materials.

Materials Critical stress Critical temperature PIF-value

σc/MPa Tc/K (%)

W(r1) 585 430 85

W(r2) 370 450 60

KDW(r2) 530 440 93

LDW(r2) 475 450 57
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Figure 6: Grain size dependence of yield strength for various mate-
rials.

By a high-magnification SEM observation, intergranular
fracture surfaces of W(r1) and W(r2) are relatively clean,
except for a number of very small pores. General aspect of
the intergranular fracture surfaces of KDW(r2) is similar to
W(r1) and W(r2). On the other hand, some coarse inclusions
are recognized on the intergranular fracture surfaces of
LDW(r2). Considering the heating temperature of 2073 K, it
is supposed that these inclusions are La2O3 particles.

Using fracture surface photographs, we determined PIF-
value. Average values are summarized also in Table 1. PIF-
values of W(r1) and KDW(r2) are as high as about 90%
similar to pure molybdenum after recrystallization [5]. On
the other hand, PIF-values of W(r2) and LDW(r2) are
medium (about 60%).

4. Discussion

4.1. Grain Size Dependence of Yield Strength and Critical
Stress. It is well known that strength of a material is signifi-
cantly affected by the microstructure such as grain size. For
example, Hall-Petch relationship stands between the yield
strength and the grain size [6]. Thereby we discussed grain
size dependence of the yield strength and critical stress in this
session.

In Figure 6, yield strength obtained at about 500 K is
plotted against the reciprocal of square root of grain size
(d). In this study, average grain size was used as the grain

2 3 4 5 6 7 8

W(r1)

W(r2)

KDW(r2)
LDW(r2)

0

200

400

600

800

C
ri

ti
ca

ls
tr

es
s

(σ
c
/M

Pa
)

d−1/2/mm−1/2

Figure 7: Grain size dependence of critical stress for various
materials.

size. Dotted line in the figure indicates a linear relationship
between the yield strength at 500 K and the reciprocal of
grain size that was reported by Yih and Wang [7]. Data
of various tungsten are well consistent with the linear
relationship, although data of LDW(r2) is slightly higher.
The latter result might be attributed to the dispersion of
inclusions as shown in Figure 5(d).

In Figure 7, critical stress is plotted against the reciprocal
of square root of grain size. In this study, the critical stress
corresponds to the fracture strength of a material at a rel-
atively low temperature. There is no data concerning the
contribution of grain size to the critical stress or to the frac-
ture strength in tungsten. Therefore, we applied the results
obtained for molybdenum with grain size of 20–25 μm
(green solid line) [8]. It is obvious that data for tungsten
qualitatively agree with the relationship for molybdenum.

4.2. Relationship between Critical Stress and Fracture Mode.
In Figure 8, PIF-value is plotted against critical stress. Data
obtained for molybdenum with grain size of 20–25 μm [5]
is also plotted in the figure for reference. In addition, the
green line having a slope of 0.2 represents linear relationship
between the critical stress and the fracture mode for molyb-
denum [5, 8].

It is interesting that data of W(r1) and KDW(r2) approx-
imately agree with the green line obtained for molybdenum.
It is noted that all these materials have grain sizes almost
as large as 20–25 μm. Present result suggests, at first, that
relationship between the PIF-value and the critical stress is
applicable not only to molybdenum but also to tungsten. Sec-
ondly, intergranular fracture strength of KDW(r2) is slightly
lower than that of W(r1) with their transgranular fracture
strengths being equivalent with each other.

Data of W(r2) and LDW(r2) deviate left hand from the
linear relationship. This result might be attributed to the
contribution of grain size to the intergranular and trans-
granular fracture strength (the constant, k in (3)), although
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contribution of grain size on the transgranular fracture
strength for tungsten has not been reported yet. Grain coars-
ening concurrently induces lowering of transgranular frac-
ture strength as well as lowering of intergranular fracture
strength. As a result, PIF-value is almost unchanged.

4.3. Plots of Critical Stress and Reciprocal of Critical Temper-
ature. As already mentioned, the critical stress corresponds
to the apparent intergranular fracture strength. On the other
hand, the critical temperature is an expression of ductile-to-
brittle transition temperature (DBTT), and the reciprocal of
critical temperature is a measure of ductility [2].

In Figure 9, reciprocal of critical temperature (ductil-
ity) is plotted against critical stress. Data obtained for
molybdenum [5] is also plotted in the figure for com-
parison. At first, it is obvious that ductility of tungsten

is generally much lower than that of molybdenum. This
result is principally interpreted by the difference of yield
strength between molybdenum and tungsten. It is known
that yield strength of tungsten is much higher than that
of molybdenum at a given temperature with the grain size
being equivalent. The straight line in the figure indicates
the temperature dependence of the yield strength. Secondly,
intergranular fracture strength of tungsten is almost equiva-
lent with that of molybdenum if the grain size is the same.

5. Summaries of Results

(1) Yield strength of tungsten principally depends on the
microstructure such as grain size. Yield strength of
tungsten at a given temperature is much higher than
that of molybdenum.

(2) Critical stress of tungsten depends not only on the
grain size but also on the intergranular fracture
strength. Critical stress of tungsten is almost equiv-
alent with that of molybdenum if the grain size is the
same.

(3) Low-temperature ductility of tungsten is determined
both by the yield strength and the maximum strength
(critical stress). As a result, ductility of tungsten is
generally much lower than that of molybdenum.
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A new technique for measuring Young’s modulus of an ultra-thin film, with a thickness in the range of about 10 nm, was developed
by combining an optical lever technique for measuring the residual stress and X-ray diffraction for measuring the strain in the film.
The new technique was applied to analyze the mechanical properties of Ga-doped ZnO (GZO) films, that have become the focus
of significant attention as a substitute material for indium-tin-oxide transparent electrodes. Young’s modulus of the as-deposited
GZO films decreased with thickness; the values for 30 nm and 500 nm thick films were 205 GPa and 117 GPa, respectively. The
coefficient of linear thermal expansion of the GZO films was measured using the new technique in combination with in-situ
residual stress measurement during heat-cycle testing. GZO films with 30–100 nm thickness had a coefficient of linear thermal
expansion in the range of 4.3 × 10−6 – 5.6 × 10−6 ◦C−1.

1. Introduction

Optically transparent and conductive ZnO films, such as Ga-
doped Zinc oxide (GZO) or Al-doped ZnO films, are attract-
ing attention as alternative electrode materials to indium tin
oxide (ITO), with good optical transparency and electrical
conductive properties for liquid crystal displays (LCDs),
flexible displays, touch-screens, and solar cells. Motivations
for the development of ZnO transparent electrodes include
(a) the scarcity of indium natural resources and (b) the
toxicity of indium. Indium is a rare element and ranks only
61st in abundance in the Earth’s crust [1]. Also, in terms
of toxicity, recently, indium was suspected to be a cause of
pulmonary diseases [2].

ZnO electrodes need to endure against mechanical forces
caused by the thermal processing steps during the manufac-
ture of electronic devices such as flat panel displays, flexible
displays, touch-screens, and LEDs, and by the expansion or
shrinkage of parts caused by thermally severe circumstances
(during summer and winter, e.g.) in the case of solar cells.
These external forces could enhance the frequency of peeling
or cracking in the elements composing the systems, such as
transparent electrodes, during the fabrication or operation

of the devices. It is desired that the films used to form such
electrodes have mechanically soft properties, because soft
materials can absorb external forces and avoid peeling and
cracking of the films. To obtain such a film, various mechani-
cal characteristics of the thin film, such as elasticity, plasticity,
viscosity, brittleness, yield strength, and adhesiveness, should
be evaluated and be analyzed.

In these characteristics, Young’s modulus is one of the
most important mechanical properties of a film. It is an
intrinsic property of the film (material) that relates to the
atomic bonding and the crystalline structure.

In this work, a new technique was developed for mea-
suring the mechanical characteristics of an ultra-thin film
of a transparent electrode in LCD. Young’s moduli and the
coefficients of linear thermal expansion of GZO thin films
were analyzed using the new technique.

2. Experimental

GZO films were prepared using two deposition methods: (1)
conventional magnetron sputtering with dc power (dc MS)
or with combined dc power/radiofrequency (rf) sputtering
(rf + dc MS), and (2) reactive plasma deposition (RPD) [3].
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The concentration of gallium in the deposition source was set
to be 3.0–6.0 wt% Ga2O3 in order to minimize the GZO film
resistivity. The conditions used for preparation of the GZO
films are listed in Table 1.

The residual stress in the films was measured by the con-
ventional optical lever method (model: F2300, Flexus Co.),
which involved scanning a 633 nm wavelength laser beam of
an HeNe laser (CW mode, laser power: 4 mW). A sample
was put on the 3 small surface-projections arranged at the
positions of the equilateral triangle on the heater plate. The
residual stress in the film was measured during heating from
25 to 500◦C and then cooling to 25◦C. The substrate was
deformed by the residual stress in the film. The radius of
curvature of the substrate was measured by detecting the
reflected laser beam. The residual stress in the film was then
obtained by measuring the change in the curvature radius of
the substrate before and after forming the film on it, and by
using the coefficient of linear thermal expansion and Young’s
modulus of the substrate.

The crystal structures of the GZO films were analyzed
using an X-ray diffractometer (XRD, model: ATX-G Rigaku
Co.), a transmission electron microscope (TEM model: H-
9000UHR Hitachi High-technologies Co.) and a scanning
electron microscope (SEM, model: S-4300 Hitachi High-
technologies Co.).

3. Results and Discussion

3.1. Residual Stress in GZO Thin Films

3.1.1. Residual Stress in GZO Films as a Function of Thickness.
The crystalline structure of the GZO films was observed
using a TEM. Figure 1 shows a cross-sectional TEM image of
a 100 nm thick GZO film formed at 180◦C by the RPD sys-
tem. The GZO film has a columnar polycrystalline structure,
as shown in the low magnification TEM micrograph in Fig-
ure 1(a). The alternating black and white striped layers in the
middle magnification micrograph in Figure 1(b) correspond
to Zn and O atomic layers in a Wurtzite crystalline structure
forming the GZO material. The irregular parts in the image
with stacked Zn and O atomic layers can be recognized
in the vicinity of the surface of the substrate (region (1)
in the lowest magnification micrograph (a)) as shown in
Figure 1(b). This irregularity disappeared from a distance of
approximately 50 nm from the surface of the substrate. The
GZO film had an excellent crystalline structure, similar to a
single crystal, as shown in the cross-sectional lattice image in
region (2) in Figure 1(a) with distance from the surface of the
substrate as shown in Figure 1(c). The boundary position in
the cross-sectional lattice image cannot be identified.

Generally, stress increases remarkably at a dispersive lo-
cation such as a surface or a discontinuity in a material. We
forecasted that the residual stress in a GZO film with ca.
50 nm thickness would show an abnormality or irregularity
on the dependence of the residual stress as a function of
the film thickness. Figure 2 shows the typical residual stress
dependence of the GZO film on the thickness. The residual
stress of the film was measured at ca. 25◦C in air. The films
were formed on a (100) Si single crystal substrate (wafer) and

a thermally oxidized silicon dioxide film at 180◦C by the RPD
system.

All the films formed in this work had compressive stress.
It is known that the residual stress in a film depends on the
degree of energetic particle bombardment, that is, energy
striking the condensing film, during deposition in sputtering
or ion-plating with plasma discharge [4–9]. RPD is a kind of
ion-plating method. Energy particle bombardment, “atomic
peening effect”, introduces compressive stress in a film. The
energy is a function of various process parameters such as
working pressure, discharge voltage, gas mass, and substrate
temperature.

The irregularities in the dependence of the residual com-
pressive stress of the GZO films on the thickness appeared at
approximately 60 nm thickness of the films formed on the
Si wafer and the SiO2 layer. This thickness corresponds to
a distance of ca. 50 nm from the surface of the substrate,
indicating that a boundary between region (1) and region
(2) shown in Figure 1(a) exists. This correspondence proved
the close connection between the residual stress and the
distribution of crystalline irregularities in the film. This indi-
cates that residual stress measurement, one of the available
macroscopic evaluation methods, can be used as a monitor
of the crystal structure in the nanoscale regime in the film.
Figure 3 compares the dependence of the residual stresses
on thickness for the GZO films formed by dc MS, rf + dc
MS, and RPD. It was found that the region with crystalline
irregularities in the vicinity of the interface for the film
formed by rf + dc MS was distributed up to a distance of
approximately 100 nm from the surface of the substrate. This
distance was about twice longer than that for the film formed
by RPD.

3.1.2. Hysteresis Behavior of Stress-Temperature Characteris-
tics of GZO Films. The properties of the residual (compres-
sive) stresses in GZO films formed by RPD and magnetron
sputtering methods with various thicknesses, shown in
Figures 4 and 5, were analyzed using heat-cycle testing. Such
testing for GZO films was also discussed in our previous
papers [10, 11]. Testing between room temperature and
500◦C was carried out twice for each sample. The heating
and cooling rates were controlled to about 2.8◦C/min. It is
considered that these rates realized a thermally quasi-static
(thermal equilibrium) situation for the samples. In-situ
measurements of residual stresses in the films during the
heat-cycle testing were carried out. Measurement of the
residual stress took less than a few milliseconds at each point
in the heat-cycle testing. Each film showed the following
common behavior: (a) the compressive residual stress in the
film was reduced steeply beginning from 200 to 400◦C (the
temperature differed among the films formed by dc MS, rf
+ dc MS, and RPD) when the temperature was increased
in the first heating step (step (1)), (b) the residual stress
decreased monotonically when the temperature was lowered
from 500◦C (step (2)), and (c) the dependence of the residual
stress on the temperature in each film during the second
heat-cycle (steps (3) and (4)) almost coincided with that
in step (2). The linear relationship between the residual
stress and temperature in steps (2)–(4) indicates that the
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Table 1: Specifications for the formation of GZO films by dc MS, rf + dc MS, and RPD.

Magnetron sputtering
RPD

dc MS rf + dc MS

Ga2O3 content in ZnO source (wt%) Ga2O3: 3.0–6.0 Ga2O3: 3.0–5.0

Power (kW) 0.1–2.0
rf: 0.1–1.5 Discharge

dc: 0.1–1.5 current: 140–150

rf/dc = 0.5–2.0 (A)

Operation pressure (Pa) 0.1–0.8 0.1–0.8 0.4–0.6

Deposition rate (nm/min) 4–20 4–20 150–170

Operation temperature (◦C) 150–350 150–350 150–250

(a)

(b)

SiO2
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Si(c)
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Figure 1: (a) Cross-sectional TEM micrograph of a GZO film. (b) Close-up view of a region in the vicinity of the film-substrate interface
(region (1) in (a)). The layered structure in a GZO film with a Wurtzite structure, enhanced using Photoshop Elements 3.0 software (Adobe
Systems Inc.). (c) Lattice image and electron diffraction pattern observed by TEM in the vicinity of the surface of the film (region (2) in (a)).
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Figure 2: Dependence of residual stress in the GZO film formed by
the RPD system on the film thickness before heat treatment. The
symbols denote measured data. The dots (a) and open (b) circles
correspond to the 1st and 2nd experimental series of GZO films
respectively, and the triangles (c) show the residual stress in ZnO
films without Ga (3rd series). The films in the 1st and 3rd series
were formed on Si wafers with thermally oxidized silicon layer films.

major residual stress component in each film was thermal
stress. This thermal stress is caused by the difference in the
coefficient of linear thermal expansion between the GZO
film and the Si substrate. The residual stress behavior in
step (1) for the films prepared by RPD and dc MS was
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Figure 3: Comparison of the dependence of residual stress on film
thickness in as-deposited GZO films prepared at 180◦C by (a) RPD,
(b) dc MS, and (c) rf + dc MS.

closer to that during steps (2)–(4) for comparatively thicker
(i.e., 500 nm) GZO films. Thus, the main component of
the residual stress in such thick films was thermal stress
(intrinsic stress), even before the heat-cycle testing for the
as-deposited film. The GZO films approached the ideal
crystalline structure with increasing thickness. On the other
hand, the residual stress behavior in step (1) in the GZO
films prepared by rf + dc MS was obviously not close to
that in steps (2)–(4) even in the 500 nm thick films. This
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Figure 4: Residual stress behavior during heat-cycle testing (room temp:−500◦C) in an atmosphere of flowing Ar gas for GZO films formed
by the RPD system.

indicates that high strain or irregular crystalline structures
exist until a far distance from the substrate surface in the film.
This is consistent with the result for the dependence of the
residual stress on the thickness in the rf + dc MS film prior
to annealing, as mentioned previously in Figure 2. In the case
of the film formed by the rf + dc MS, the irregularity, strain
or dispersion of the c-axis direction perpendicular to the
substrate surface was seen above 500 nm from the interface.

The behavior of the residual stress due to heat treatment
can yield the coefficient of thermal expansion value of a film.
For obtaining the coefficient, Young’s modulus of the GZO
thin-film needs to be determined by some measurement
technique. Furthermore, the thermal stress in the film has
to be derived from the dependence of the residual stress
on the temperature. The residual stresses in the GZO films
formed by magnetron sputtering as a function of tempera-
ture changed in a complicated manner compared with the
residual stress in the GZO film formed by RPD during
heating in the first cycle (step (1)), as shown in Figures 4
and 5. Hence, we focus on the mechanical properties of the
GZO thin film formed by the RPD system in this paper. We
propose a new technique for the measuring Young’s modulus
of ultra-thin films and demonstrate its effectiveness for
analyzing mechanical characteristics of a film in the present
stage.

3.2. Young’s Modulus of GZO Film

3.2.1. Proposed New Technique for Measuring Young’s Moduli
of Ultra-Thin Films. Current methods of measuring Young’s

modulus that are used widely are destructive techniques that
damage the samples. In any case, Young’s modulus of ultra-
thin films cannot be measured by these methods. We propose
a new nondestructive measurement method for Young’s
modulus that does not damage the sample and is applicable
for ultra-thin films with thickness in the range of approxi-
mately 10 nm. Furthermore, we discuss the mechanical char-
acteristics of GZO films obtained using the new method.

Young’s modulus (E) has been conventionally deter-
mined by techniques measuring the distortion caused in
a sample by an external applied force (F) using the following
formula:

E =
(
F

A

)/(
Δl

l

)
, (1)

where A is the unit area on the cross-section of the sample
perpendicular to the direction of the applied force (load), Δl
is the expanded length, and l is the original length of the
sample. Various traditional techniques using this relation-
ship have been applied for measuring Young’s modulus for
a long time. The nanoindentation method [12], as shown
in Figure 6, has become the major technique for measuring
Young’s modulus of thin films. However, the method is not
applicable to films thinner than ca. 1 μm. The front edge of
a Berkovich tip that is usually employed in depth-sensing
indentation systems penetrates the film that easily reaches the
vicinity of the under-layer such as a substrate. This causes
the penetration depth of the tip-loading weight (force)
relationship to deviate from the intrinsic curve that should be
observed in the film material. Thus, Young’s modulus derived
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Figure 5: Residual stress behavior during heat-cycle testing (room-temperature: −500◦C) in an atmosphere of flowing Ar gas for GZO films
formed by the magnetron sputtering system. The columns (a) and (b) correspond to changes in the residual stress during heat-cycle testing,
respectively.

using such a curve deviates from the intrinsic modulus value
of the thin film material.

The new technique developed in this work for measuring
Young’s modulus is applicable for films thinner than 1 μm.
The principle of Young’s modulus measurement is shown in
Figure 7. (F/A) and (Δl/l) in formula (1) correspond to the
stress (σ) and strain (ε), respectively. Thus, formula (1) can
be rewritten as

E = σ

ε
. (2)

This is the basic equation of Hooke’s law indicating that
Young’s modulus of a material in a thin film form can be
determined directly by measuring both stress and strain
within the film.

Generally, the residual stress in a film is measured by the
optical lever method, the sin2ψ method [13] using X-ray
diffraction, or the nanoindentation method described pre-
viously. The sin2ψ method is not suitable for analyzing the
residual stress in a thin film with thickness less than a few
micrometers.
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Load Berkovich tip

Sample film

Film surface

Substrate surface

(a) Indent cross-sectional view in a film (b) Indent view in the
plane of the film

Figure 6: Diagram of an indent left by a Berkovich tip in a film.

Normal direction
to the di raction lattice plane

Incident X-ray beam

Di raction X-ray beam

Lattice plane

Laser beam

Direction of beam scanning

Film

(1) Optical lever method

for measuring stress σ

(2) In-plane X-ray di raction method

for measuring strain ε in the direction of the film

Figure 7: Diagram of a nondestructive measurement technique of Young’s modulus and coefficient of linear thermal expansion of a
polycrystalline film which uses the optical lever technique for measuring the residual stress in conjunction with the in-plane X-ray diffraction
technique for measuring strain.

The stress measured by this technique using the optical
lever method is the in-plane component of the residual
stress in the film. The strain was measured using grazing-
incidence wave-dispersive XRD (sometimes referred to as
“in-plane X-ray diffraction” [14]). A Cu-Kα X-ray (wave-
length: 0.154184 nm) beam was irradiated with a low angle
of incidence on the surface of the sample. This angle was set
to 0.35 degrees with respect to the surface, which is close
to the total reflection angle for a ZnO film. The strains
and grain sizes along the in-plane direction in each film
were obtained by the Williamson-Hall equation (plot) [15],
shown hereinafter, using the angles and the full widths at
half maxima (FWHMs) of the diffraction X-ray peaks with
crystalline indexes of the material of the film:

σ cos θ
λ

= 2ε
(

sin θ

λ

)
+
(

1
δ

)
, (3)

where σ is the full width at half maximum (FWHM) of the
diffraction X-ray peak, θ is the angle of X-ray diffraction
peak, ε is the strain, and δ is the grain size.

Therefore, when σ cos θ/λ (vertical axis: y-axis) as a func-
tion of sin θ/λ (horizontal axis: x-axis) is plotted, the strain is
obtained from the slope of the y-x curve and the grain size is
determined from the y-intercept.

Our proposed technique for measuring Young’s modulus
combines the previous two techniques. It has the following
special features: (1) It is nondestructive (the sample is not
damaged), (2) it is applicable for ultra-thin films with
thickness as small as ca. 10 nm, (3) it allows for the value of
each layer in a multilayer composite sample to be obtained
separately, and (4) it can determine Young’s modulus in
the direction of a crystalline index. (This is fundamentally
possible in the optical lever method; however, it can typically
only measure the residual stress in the direction of the plane
of the film. It then becomes necessary to introduce a method
of enabling vector analysis on the stress.)

3.2.2. Strain and Grain size in GZO Polycrystalline Ultra-Thin
Films. The diffraction patterns from GZO films prepared by
the RPD system obtained using out-of-plane and in-plane
techniques for XRD measurements are shown in Figure 8.
Only the (002) and (004) diffraction peaks of ZnO with
a Wurtzite crystalline structure in the diffraction data were
obtained by the out-of plane XRD technique, as shown in
Figure 8(a). According to Figure 8(b), the peaks obtained
by the in-plane XRD technique were diffracted from the
(xx0) crystalline planes. These results indicate that the GZO
polycrystalline films consist of grains with the c-axes of the
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Figure 8: Typical XRD profile of a GZO film with 150 nm thickness prepared at 180◦C using the RPD system. Profiles (a) and (b) were
obtained using out-of-plane and in-plane techniques for XRD measurements, respectively.
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Figure 9: Average grain size and strain in the in-plane direction
(a-axis of Wurtzite cell) as a function of film thickness.

Wurtzite crystalline cells oriented strictly along the normal
direction to the surface of the film.

The strains and grain sizes in polycrystalline GZO films
were determined using (3) and the (x00) diffraction peaks in
the in-plane XRD patterns, respectively. The obtained strain
is the component in the a-axis direction of the Wurtzite
crystalline cell of ZnO, that is, in the in-plain direction of
the GZO film. Figure 9 shows the dependence of strain and
grain size in a GZO film on the film thickness before and
after the heat-cycle testing in the range of room temperature
to 500◦C. The grain size increased monotonically with the

film thickness. On the other hand, the strain decreased
with increasing film thickness. These dependencies on the
film thickness had good correspondence to cross-sectional
TEM micrographs shown previously in Figure 1. That is,
region (1) close to the interface of the substrate had smaller
grains and higher strains caused because the direction of
stacking of alternative Zn and O atomic layers (the direction
coincided with that of the c-axis of the Wurtzite crystalline
cell) was not corresponding between each crystalline grain.
To compare with it, the stacking directions were precisely
oriented among grains in region (2) at a far distance from the
surface of the substrate as shown in Figure 1. In particular,
the dependence of strain on film thickness was consistent
with the dependence of the regular stacking of atomic layers
on the distance from the interface. The strain characteristics
as a function of the GZO thickness in region (1) in Figure 1
had a slope steeper than that in region (2).

We next discuss changes in the grain size and strain
in a GZO film caused by the heat-cycle testing between
room temperature and 500◦C. The heat treatment had little
or no effect on grain growth in the in-plane direction
(a-axis direction). On the other hand, the strain in the
GZO film decreased remarkably by the heat-cycle testing.
The reduction rate of strain in the film with ca. 100 nm
thickness caused by the heat-cycle testing reached about
50%. On the other hand, strain in a very thin film with ca.
30 nm thickness was reduced only about 20% by the heat
treatment. It is estimated that the heat-cycle testing condition
was inadequate for releasing high strain caused by highly
crystalline irregularities in region (1). It is considered that
a large number of crystalline defects were included in the
vicinity of the interface with the substrate, such as in region
(1) in Figure 1(a).

3.2.3. Young’s Modulus of GZO Thin Film. Young’s modulus
of a GZO thin film was derived by substituting stress and
strain into (2) as mentioned in the previous section. Young’s
modulus of the as-deposited GZO film depended on the
film thickness as shown in Figure 10(a). Young’s modulus of
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an ultra-thin film, such as with 30 nm thickness, was about
205 GPa. The film with 60 nm thickness had a maximum
modulus of 300 GPa. This value decreased with increasing
thickness of the film and reached a value of about 117 GPa
in the comparatively thick GZO film with 500 nm thickness.
Generally, Young’s modulus shows a correlation with the
hardness of a material. The hardness increases with the
number of defects in a material. The defects pin atomic layer
slip relative to other layers in a crystal due to an external
force. Then, Young’s modulus in an ultra-thin film or in
the interfacial neighborhood with a large number of defects
becomes larger than that of a thick film or at a far distance
from the surface of a substrate. This dependence shown in
Figure 10(a) is consistent with that of the distribution of
crystalline irregularities or the dispersion of the stacking
direction of atomic layers within each grain shown in Figures
1(a) and 1(b). The dependence of Young’s modulus of a
GZO thin film on the film thickness after heat-cycle testing
between room temperature and 500◦C is also shown in
Figure 10(b). Young’s modulus of the comparatively thicker
film with 500 nm thickness was reduced remarkably by about
one digit and half from the value before heat-cycle testing.
The reason why Young’s modulus of the thicker film with
relatively fewer defects decreased drastically is not yet clear.
In an area away from the interface with the substrate, as
shown in Figure 1(c), the Zn and O atomic layers at the
polycrystalline grain boundary were smoothly connected.
The proportion of the volume of the region where a large
number of defects existed in the vicinity of the surface of
the substrate in the total volume of the film decreased with
the increasing thickness of the film. Then, the value obtained
for Young’s modulus was affected by the ratio of region
(2)/(region (1) + region (2)) as shown in Figure 1. In the case
of the 500 nm-thick GZO film, Young’s modulus measured
by this new technique was almost equal to that of region (2)
with small amount of defects, since the volume of the region
became one order of magnitude larger than that of region
(1) with a large number of defects. At this stage, we can
only speculate on the reason for why Young’s modulus of the
500 nm thick was reduced significantly by heat-cycle testing.
Very small numbers of defects existed at grain boundaries in
region (2), which was one of the main factors contributing
to the modulus before heat treatment. The positions that
the Zn and O atomic layers were connected continuously
smoothly at the grain boundaries as shown in region (2) in
Figures 1(a) and 1(c) and the positions that they were not
connected smoothly in region (1) existed in a film. Then,
the crystalline defects occurred at the later positions in the
grain boundaries. This small number of defects in region
(2) could disappear easily from the grain boundaries by heat
treatment. As a result, Young’s modulus of thick films, such
as with 500 nm thickness, was reduced remarkably by heat
treatment. The value was almost comparable with that of a
material with low hardness, such as talc or calcium sulfate.

3.3. Coefficient of Linear Thermal Expansion of GZO Films.
The thermal stress (σT) in a film is derived by the following
equation using the temperature (T) dependence of residual
stress in the film:
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Figure 10: Young’s modulus in the in-plane direction (a-axis of
Wurtzite cell) of the GZO film formed by the RPD system as
a function of film thickness. (a) Young’s modulus before heat-cycle
testing (as-deposited). (b) Reduction in Young’s modulus value of
the thin film caused by the heat-cycle testing. The same data in (a)
is redrawn in (b).

σT = Δσ

ΔT
. (4)

Using the thermal stress (σT) and Young’s modulus of the
film, the coefficient of linear thermal expansion (α f ) of the
film can be derived by the following:

α f =
σT
(

1− v f
)

Ef
+ αs. (5)

Here, v f , Ef , and αs represent the Poisson’s ratio of the
film, Young’s Modulus of the film, and the coefficient of
linear thermal expansion of the substrate, respectively.

The thermal stress and the coefficient of linear thermal
expansion of the GZO films formed on the thermally oxi-
dized Si wafer of a single crystal with a (100) crystalline
surface were obtained using the stress-temperature charac-
teristics of the GZO film shown in Figure 4 and using (4)
or (5). These material properties of the GZO films were
derived from the stress-temperature characteristics in the
range between room temperature and 250◦C taking into
account the following factors: (1) Young’s moduli of the
GZO films derived using the measured residual stresses and
strains in the films mentioned in the previous section were
values at room temperature, and (2) the highest processing
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Figure 11: Thermal stress and coefficient of linear thermal expan-
sion of GZO films formed by the RPD system as a function of film
thickness. (a) Dependence of thermal stress on film thickness, and
(b) dependence of the coefficient of linear thermal expansion on
film thickness.

temperature for manufacturing LCDs is generally limited to
about 250◦C since parts such as RGB (Red-Green-Blue) color
filters that form LCDs are made of organic materials. As
shown in Figure 4, when the samples were heated up in the
first cycle step (step (1)), the behavior of the residual stress
as a function of the temperature was complicated. Then, the
dependence of the residual stress on the temperature on the
second heating stage (step (3)) was used for obtaining the
thermal stress.

The value of 2.67 × 10−6 ◦C−1 at around 100◦C for the
coefficient of linear thermal expansion of Si as function of
temperature, reported by Okada and Tokumura [16], was
used for αs in (5). The thermal stress and the coefficient of
linear thermal expansion of a GZO film were then deter-
mined as shown in Figure 11. The Poisson ratio of a GZO
film was tentatively assigned as 0.3, which is the average of
the Poisson ratios of ZnO picked as obtained from various
reports [17–23], because our technique had not yet reached
an applicable level to measure it in this stage. In the case
of a Poisson ratio of 0.1 lower or higher than 0.3 (Poisson
ratio: 0.2 or 0.4), the coefficient of linear thermal expansion
increases or decreases only about 7%.

The coefficients of linear thermal expansion of the
GZO films with 30–100 nm thickness coincided with our
expectation. On the other hand, the coefficient of linear

thermal expansion of the 500 nm thick film deviated far from
our expectation. It is not clear why an abnormal coefficient of
linear thermal expansion of the film with 500 nm thickness
was obtained. We believe that this likely originated in
the excellent continuity of atomic layers at polycrystalline
boundaries, similar to a singly crystal as shown in Fig-
ure 1(c).

4. Summary

We developed a new technique for analyzing the mechanical
properties of ultra-thin polycrystalline films. This method
for measuring Young’s modulus of an ultra-thin film used
stress measurement by the optical lever technique together
with X-ray diffraction with an X-ray beam incident from
an approximately total reflection angle (in-plane XRD tech-
nique). This measurement technique is nondestructive and
does not cause any damage to a film. Furthermore, the tech-
nique can be applied for measuring Young’s modulus of
ultra-thin films of various polycrystalline materials with 10–
30 nm thickness.

In the dependence of the residual stress in the GZO thin
films on film thickness, the maximum stress appeared in
the film with 50–60 nm thickness. This thickness coincided
exactly with the distance from the surface of the substrate,
that changes from the region with irregular stacking direc-
tions of alternate Zn and O atomic layers among columnar
grains to the region consisting of grains with strictly aligned
stacking direction. Thus, the residual stress represents infor-
mation from nanoscale regions in crystalline films.

Young’s moduli of the GZO films showed a similar de-
pendence on the film thickness. The maximum modulus
reached a value of about 300 GPa. The modulus decreased
with increasing thickness. The GZO film with 500 nm thick-
ness had a Young’s modulus of 117 GPa. This value of the
modulus is reasonable compared to values of 61–125 GPa
reported for ZnO films with 2-3 μm thickness measured
using the nanoindentation technique [24]. The coefficient
of linear thermal expansion of GZO films with 30–100 nm
thickness was in the range of 4.3 × 10−6–5.6 × 10−6 ◦C−1.
On the other hand, the film with 500 nm thickness had a
remarkable high coefficient of 8.3× 10−5 ◦C−1. We estimated
that this high value was related to the excellent continuity
of Zn and O atomic layers in the in-plane direction (the
direction of the a-axis of the Wurtzite cell of ZnO) between
grain boundaries similar to a single crystal. This excellent
continuity also had a favorable effect on the low Young’s
modulus and low residual stress.

The results indicate that the new measurement tech-
nique for Young’s modulus of ultra-thin films is very
useful. The mechanical properties of the GZO films formed
by conventional magnetron sputtering are not discussed in
this paper. In a future paper, the characteristics of the films
will be compared with those of the GZO films prepared
by the RPD system. Furthermore, the technique will be
applied for developing ZnO transparent conductive films
that can resist external mechanical pressures during the
manufacture of LCDs and testing long-term reliability of
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displays under external conditions of heating at 50–60◦C and
a high humidity of 90–95%.
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Inconel 718 is widely used because of its ability to retain strength at up to 650◦C for long periods of time through coherent
metastable γ′′ Ni3Nb precipitation associated with a smaller volume fraction of γ′ Ni3Al precipitates. At very long ageing times at
service temperature, γ′′ decomposes to the stable Ni3Nb δ phase. This latter phase is also present above the γ′′ solvus and is used
for grain control during forging of alloy 718. While most works available on δ precipitation have been performed at temperatures
below the γ′′ solvus, it appeared of interest to also investigate the case where δ phase precipitates directly from the fcc matrix free of
γ′′ precipitates. This was studied by X-ray diffraction and transmission electron microscopy (TEM). TEM observations confirmed
the presence of rotation-ordered domains in δ plates, and some unexpected contrast could be explained by double diffraction due
to overlapping phases.

1. Introduction

Alloy 718 is the most widely used material for turbine
disks and it is selected for many other applications as a
high-strength material for temperatures up to 650◦C. This
alloy was developed in the 60s when the former Fe-based
superalloys evolved towards Ni-based superalloys. Alloy 718
contains both Fe and Ni alloyed with some Al and Ti, though
the most important addition is the refractory element Nb.
A typical composition of alloy 718 is reported in Table 1. It
contains a small amount of carbon as well as very low levels
of other species such as Si, Ta, Mn, Cu, S, B, P, and Mg, not
listed in Table 1 but generally controlled.

The strength of alloy 718 comes from coherent solid-state
precipitates, which are for a small part γ′-Ni3Al but mostly
γ′′-Ni3Nb precipitates [1–6]. Both of these precipitates are
ordered forms of the fcc-A1 Ni-rich matrix: L12 in the case of
γ′ and DO22 in the case of γ′′. The solvus of these precipitates
is at about 900–920◦C as discussed previously [7]. Moreover,
γ′′ precipitates are metastable while the stable form of Ni3Nb
is the so-called delta phase which is orthorhombic. Forging

of 718 alloy is done at about 980◦C slightly below the solvus
of the delta phase, in such a way that this phase is sufficiently
abundant to be effective in limiting grain growth but not
too abundant to avoid significant Nb depletion in the matrix
which would affect the subsequent strengthening by γ′′

precipitation. This latter precipitation is generally obtained
after two successive periods of isothermal ageing at 750◦C
and 650◦C, respectively.

Precipitation of delta phase proceeds through a discon-
tinuous reaction starting at grain boundaries and an intra-
granular precipitation of thin plates. It has been reported that
the former reaction predominates at low temperatures whilst
the latter is more characteristic of intermediate temperatures
[2], but no systematic and quantitative study has been
performed on that aspect. At high temperatures, both types
of precipitates may be observed as illustrated in Figure 1.

In fully strengthened material, precipitation of delta has
been studied for many years at both low and intermediate
temperatures as it corresponds to a dramatic decrease of the
mechanical properties of alloy 718. Kirman and Warrington
[2] showed that the growth of δ at the expense of γ′′
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Table 1: Specification (wt.%) of alloy 718 [8] and composition of the alloys used in the present study [7, 9].

Ni Fe Cr Nb Ti Al Mo C Co

Specification 50.0–55.0 Balance 17.0–21.0 4.75–5.50 0.75–1.15 0.20–0.80 2.80–3.30 <0.08 —

Alloy 1 [9] 54.4 17.4 17.9 5.4 1.1 0.5 3.0 0.02 0.2

Alloy 2 [7] 53.0 17.1 17.5 5.3 1.1 0.5 3.1 0.12 0.2

100 μm

Figure 1: SEM micrograph showing mainly cellular (grain bound-
ary) and some intragranular precipitation of delta phase in a sample
held for 1 h at 960◦C.

precipitates is often associated with the formation of faults
within the γ′′. By means of dark field imaging, these authors
observed that the faults are illuminated together with the
related delta plate, and they concluded that the formation
of these faults is the first step in the transformation of me-
tastable to stable Ni3Nb precipitates. These observations have
been repeated more recently by Sundararaman et al. [10].
Further details on the faults appearing in γ′′ precipitates have
been previously presented by our group [11].

The only report of TEM examination of a material aged
at a temperature above the γ′′ solvus is due to Sundararaman
et al. [10]. In a sample held at 950◦C, these authors observed
only the presence of delta phase as expected but did not
give any details and in particular no diffraction diagram
was recorded. The present work was intended to pursue the
investigation of the growth conditions of delta phase at high
temperature. X-ray diffraction results and TEM observations
are reported.

2. Material and Methods

Two Inconel 718 alloys were used in this investigation, sup-
plied, respectively, by Special Metals Corporation (denoted
alloy 1 in the following) and by Aubert and Duval (denoted
alloy 2). The amounts of the main elements in their compo-
sition are listed in Table 1, further details having been given
previously [7, 9].

As described previously [9], alloy 1 in the as-received
state showed a microstructure very similar to that of a fully
strengthened material, that is, some residual delta phase

Table 2: Structural parameters for δ phase at 25◦C: Pmmn (no. 59)
with a = 5.114 Å, b = 4.244 Å, and c = 4.538 Å [13].

Wyckoff x Y z Occupancy

Ni (1) 2a 0 0 0.3182 1

Ni (2) 4f 0.7494 0 0.8414 1

Nb (1) 2b 0 1/2 0.6513 1

precipitates mainly at grain boundaries and a high volume
fraction of small γ′′ precipitates within the grains. Samples
of this material were aged for various times at 960◦C or
920◦C and then air cooled. Alloy 2 was received in the fully
strengthened state and the specimens studied here were aged
for 3 h at 960◦C.

XRD profiles were all recorded on samples from alloy
1 using a diffractometer with Cu-Kα radiation (λcu =
1.54184 Å), with the power fixed at 4 kW (40 kV and
100 mA). The instrument was set up for Bragg-Brentano
geometry with a line focus and a graphite monochromator
in diffracted beam arm. During the scans 2θ ranged between
10 and 100◦ with an angular step of 0.025◦ and 30 s counting
time at each step. As the volume fraction of the delta phase
is low even after heat-treatment, the precipitates were also
electrolytically extracted from the heat-treated specimens for
X-ray characterization. The solution used to dissolve the
matrix consisted of 1 mL ammonium sulfate, 2 mL tartaric
acid, and 97 mL water. The current was set at 100 mA/cm2

and the time for extraction was 5 to 6 h [12]. From the
structural data reported in the literature for the δ phase [13],
and listed in Table 2, an initial set of lattice parameters was
obtained by least-square refinement using DICVOL software
[14]. Then, structure refinement was carried out by Rietveld
analysis of the X-ray powder diffraction data with FullProf
software [15]. An account of the mathematical procedures
implemented in the Rietveld analysis [16] is summarized in
the appendix.

For microstructural investigation by TEM, thin foils
were prepared by cutting, mechanical thinning down to a
thickness of about 50 μm, and jet polishing in a TenuPol-
5 at −10◦C and a voltage of 22 V. The electrolyte was one
part perchloric acid, two parts butylcellosolve, and nine
parts methanol. The samples were investigated using either
a Philips CM20 or a JEOL 2100F, both operating at an accel-
eration voltage of 200 kV.

3. Results

3.1. X-Ray Diffraction. Figure 2 shows the whole X-ray dia-
gram recorded on a sample of alloy 1 aged for 1 h at 960◦C.
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Figure 2: Whole experimental X-ray diagram with first indexation
of the lines, showing that all the peaks may be attributed to either
the fcc matrix or the delta phase.

Through least-squares refinement, the XRD pattern is fully
indexed on a cubic lattice (fcc matrix) with unit cell parame-
ter of 3.604 Å and a orthorhombic lattice (δ phase) with unit
cell parameters a = 5.108 Å, b = 4.214 Å, and c = 4.521 Å
(volume V = 97.315 Å3). All peaks in Figure 2 are indexed
and there is no evidence of any other phase present, such as
γ′ or γ′′.

For further exploitation of the X-ray diagrams on bulk
samples, the parameters of the delta phase were then eval-
uated from the X-ray pattern acquired on the extracted
precipitates. Figure 3 shows the experimental diagram for 2θ
between 39◦ and 49◦, in which the peak at 43.51◦ is associated
to some remains of the matrix and/or the γ′′ phase while all
other peaks come from the delta phase. To optimally adjust
all the delta phase intensities from the initial structural model
[13], the atomic positions were refined by Rietveld’s method.
The refinement was constrained by the space group with
its respective Wyckoff ’s positions as given in Table 2. Then
these atom positions were fixed to allow for the refinement
of the site occupancies as a function of one of the following
conditions:

(A) Nb site occupancy fixed, the sum of the Ni site occu-
pancies is equal to 1;

(B) Nb site occupancy fixed, Ni site occupancies are in-
dependent;

(C) the three site occupancies are independent.

Rietweld refinement gave similar results for all three con-
ditions. The X-ray diagram calculated for condition (A)
was superimposed on the experimental diagram in Figure 3.
The amount of remaining matrix was adjusted so that the
height of the calculated peak at 43.51◦ corresponds to the
experimental value. Similarly, the amount of delta phase was
fixed so that the height of its most intense peak at 46.11◦

agrees with the experimental value. It is seen that most of
the other peaks of the delta phase are well reproduced by
calculation apart from the one at 42.99◦ which corresponds
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Figure 3: Experimental and calculated X-ray diagram correspond-
ing to precipitates extracted from the material. The diagram was
calculated after Rietveld refinement according to condition (A).
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Figure 4: XRD pattern showing angular displacement of the (111)
matrix peak as function of ageing treatment.

to the close packed (020) plane of delta phase. This is
certainly related to the shape of the delta precipitates that are
mainly thin discs grown in the (020) plane after heat treating
for 1 h at 960◦C [9].

XRD profiles were then recorded on samples aged for var-
ious times and temperatures, thus showing various amounts
of delta phase. It was found that the change of the parameters
of the delta phase was not significant while the matrix
parameter clearly proved to be affected. This is illustrated
in Figure 4 which presents the (111) peak of the matrix for
the three samples investigated. A significant shift is seen in
the peak position from one sample to another which could
certainly be related to alterations of the volume fraction
of delta phase as evaluated by image analysis [9]. Rietveld
refinement of the X-ray diagrams was also performed to
evaluate the volume fraction of delta precipitates in these
samples. The structural model for condition (A) obtained
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Table 3: Volume fraction (%) of delta phase after different ageing
treatments obtained by image analysis [9] and by Rietveld refine-
ment.

Ageing conditions
Image analysis

[9]
Rietveld

Refinement

960◦C—1 h 2.3 2.5

960◦C—10 h 5.6 6.2

920◦C—10 h 7.3 7.8
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Figure 5: Variation of lattice parameter of the matrix versus volume
fraction of delta phase and niobium content in the matrix.

from the precipitate extracted from the bulk specimen was
used for this purpose. The data obtained are compared in
Table 3 to image analysis results and both techniques give
values in quite good agreement.

Finally, Figure 5 shows the lattice parameter of the matrix
as a function of the volume fraction of delta phase and of
the niobium content of the matrix, x

γ
Nb (at.%), that was

evaluated considering that the delta phase is the binary stoi-
chiometric Ni3Nb phase. It is seen that the lattice parameter
of the matrix decreases more or less linearly with increasing
volume fraction of delta phase, that is, obeying a Vegard law
such as: aγ = 3.587 + 0.0062 · xγNb (Å). The effect of Nb
substitution on the fcc matrix agrees well with the value of
0.007 Å (at.%)−1 estimated from the data assessed by P. Nash
and A. Nash for the binary Ni-Nb system [17].

3.2. TEM Observation. It has been shown previously that
nucleation of delta phase is difficult in a material free of
γ′′ precipitates [7]. We therefore investigated the first stage
of delta phase growth by TEM. The first TEM observations
were performed on a sample of alloy 1 aged for 1 h at
960◦C. A typical bright field micrograph showing a plate-
like precipitate is shown in Figure 6. Two areas labeled as 1

1

2

300 nm

Figure 6: Bright field image of a plate-like precipitate with locations
1 and 2 used for recording SAD pattern.

and 2 were selected for electron diffraction and the selected
area diffraction (SAD) patterns corresponding to the [111]γ,
[001]γ zone axis of the matrix were recorded.

The SAD patterns along the [111]γ zone axis obtained
on the matrix and on the precipitate in location 1 are shown
in Figures 7(a) and 7(b). The pattern in Figure 7(b) was
easily indexed as the one corresponding with the [010]δ
zone axis. The orientation relationship between the γ matrix
and the δ phase is thus (111)γ//(010)δ and [101]γ//[100]δ .
This relationship is the same as the one that has been
reported after ageing at lower temperatures [18], and simply
corresponds to the alignment of compact planes and dense
directions in both structures. The SAD pattern obtained
with the same conditions in location 2 is presented in
Figure 7(c). The additional spots observed in this latter
SAD pattern, arise from a mirror image of the pattern in
Figure 7(b) with respect to the (220)γ plane. These spots
can also be indexed as belonging to a second variant of the
δ phase with an orientation relationship to the matrix γ
given by (111)γ//(010)δ2 and [011]γ//[100]δ2. In fact, close
observation of the pattern in Figure 7(b) also shows faint
dots from this second variant.

A striking figure was obtained when looking at the
SAD of the plate along the [001]γ zone axis of the matrix.
Figure 8(a) shows the pattern recorded on the matrix,
Figures 8(b) and 8(c) show those obtained on the plate in
locations 1 and 2, respectively. The presence of two variants
is again observed in location 2, with one of them being as
before the variant showing up in location 1. Astonishingly
enough, the pattern in Figure 8(b) is indexed according to
the metastable γ′′ phase with the usual orientation rela-
tionship to the matrix: (001)γ//(100)γ′′ and [010]γ//[001]γ′′ .
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Figure 7: Experimental SAD patterns of the matrix (a) and in locations 1 (b) and 2 (c) of the precipitate shown in Figure 6. The patterns
were identified as the [111]γ zone axis for the matrix (a) and the [010]δ for the delta plate (b). In location 2, a second variant of the delta
phase appears together with that in location 1 (c).

Apparently, this pattern cannot be directly related to the
delta phase. In location 2, the pattern is thus apparently
the superposition of two variants of the γ′′ phase along the
[100]γ′′ and [010]γ′′ zone axes, respectively.

Using the CaRIne Crystallography software [19] to
simulate the SAD patterns, it was noticed that the reflections
of γ′′ are superimposed on the δ phase for [111]γ and those
of δ are superimposed on the γ′′ phase for [010]γ for both
variants. These results suggest that the plate-like precipitate
may contain both phases, namely, γ′′ and δ. Dark field
images with γ′′ spots seemed to indicate that this phase
surrounds the δ plate. However, these images were not clear
and it appeared necessary to resort to high-resolution TEM
(HRTEM) to decide whether that precipitation of delta from
the gamma matrix involves an intermediate γ′′ precipitate
even at temperatures where it is not expected to appear.

This second part of the TEM investigation was carried
out on a sample of alloy 2 aged for 3 h at 960◦C and then
quenched. This sample thus contained δ phase that precip-
itated at the grain boundaries and in the grains, both in

the form of plates. By selecting appropriate areas in the thin
foil we successively studied the two phenomena illustrated
in the δ plate observed in Figure 6: the existence of different
variants of the ordered phases and the concomitant presence
of δ and γ′′ within the same precipitate.

Figure 9 shows TEM images of a δ platelet lying parallel
to the (111)γ plane and observed along the [101]γ direction.
In the low-magnification image, Figure 9(a), different areas
can be seen in the platelet, for example, those labeled δ1 and
δ2. The borders between these areas are shown with solid
lines in Figure 9(a). A closer observation of this boundary is
reported in Figure 9(b) showing lattice imaging of the differ-
ent phases. Examination of these images and the correspond-
ing Fourier transforms (obtained with ImageJ software [20])
indicated that the δ platelet is a coherent precipitate in the
γ matrix, with the habit plane (111)γ//(010)δ . The Fourier
transform patterns showed that the areas labeled δ1 and δ2

correspond to different orientations of the orthorhombic
phase along [101]γ//[100]δ1 and [101]γ//[102]δ2, respec-
tively. In the δ structure, the [102]δ axis is rotated 2π/3
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Figure 8: Experimental SAD patterns of the matrix (a) and of the precipitate seen Figure 6 in locations 1 (b) and 2 (c). The patterns were
identified as the [001]γ zone axis for the matrix (a), the [100]γ′′ for location 1, and the [100]γ′′ and [010]γ′′ for location 2.
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Figure 9: TEM observation of a δ platelet in a 718 alloy sample aged 3 h at 960◦C. The low-magnification bright field image in (a) shows the
extent of different variants of the δ phase, detailed in the HRTEM image of the same sample in (b).
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away from [100]δ , so that the latter orientation relationship
corresponds to (111)γ//(010)δ2 and [011]γ//[100]δ2. The two
areas observed in Figure 9 thus confirmed the existence of
two variants of the δ phase in a given precipitate. Such
variants have been previously reported by Zhang et al. [21]
and described in terms of orientation twins or antiphase
domain structures. Indeed the variants only differ by the
orientation of the [100]δ direction in the (010)δ plane with
respect to different 〈110〉γ directions of the (111)γ plane.

Further HRTEM investigation of the same sample
showed that the boundary between delta precipitates and the
matrix could present unexpected contrast. This is illustrated
in Figure 10 that was obtained along the [101]γ zone axis
of the matrix and shows the extremity of a δ precipitate.
The interfaces between precipitate and matrix parallel to
(111)γ and (010)δ planes are sharply defined and show
ledges. The third interface shows a very different contrast
with the occurrence of fringes parallel to the (111)γ plane.
These fringes repeat every six (111)γ planes which recalls
the stacking sequence of six compact planes in the γ′′

phase (A1B1C1A2B2C2 . . . as described by Paulonis et al. [1]).
Fourier transforms of the image in the different areas labeled
a, b, and c in Figure 10 are shown in Figure 11. The first two
correspond, respectively, to the SAD pattern of the matrix
along [101]γ zone axis and delta phase along [100]δ zone axis,
as shown by the schematic illustration of the indexation in
Figure 11.

The third pattern, obtained by the Fourier transforma-
tion of the interfacial area c in Figure 10, cannot be indexed
as a diffraction pattern of γ′′ phase along the various possible
directions (either [110]γ′′ or [201]γ′′ type) that would have
been compatible with the orientation relation between γ
and γ′′. In the corresponding schematic indexation, it is
seen that the pattern consists of the superimposition of the
two first patterns plus additional points. These points could
in fact all be deduced by translations of δ or γ spots by
a vector±1/3(010)δ = 1/6(111)γ. Such a vector is given
for instance by connecting (111)γ and (012)δ as illustrated
in Figure 11(c). This corresponds to double diffraction
phenomena and leads to the conclusion that the fringes
observed are due to the superimposition of γ and δ phases.
Such a superimposition and the associated fringes have been
reported by Chen et al. [22] in TiAl alloys where the phases
involved were the L10-gamma and DO19-alpha phases.

This analysis allowed us to reconsider the interpretation
of the SAD patterns presented in Figure 8. Indeed the ori-
entation relationship between the matrix γ and the δ1 phase
indicates that the [001]γ direction is parallel to the [332]δ1

direction. The corresponding diffraction patterns are shown
in Figures 12(a) and 12(b), respectively. The superimposition
of these two patterns which is given in Figure 12(c) shows
that, when considering double diffraction (e.g., the arrows
in Figure 12(c)), all the spots observed in Figure 8(b) could
be explained solely by the presence of γ and δ phases. For
completeness, we may remark that the diffraction pattern
in Figure 8(c) is simply explained in the same way by the
mirror symmetry about the (220)γ plane, already noted in
Figure 7.

γ

δ

a

b

c

(111)γ

(010)δ

5 nm

Figure 10: HRTEM image taken on a sample held for 3 h at 960◦C.

Similar observations were conducted on specimens of
the 718 alloy after different heat treatments. When extra
spots were observed on SAD patterns they could always be
explained by such double diffraction. Accordingly, it may
be stated that γ′′ was not present on the edges of the delta
precipitates as could have been erroneously guessed from the
SAD patterns in Figure 8.

4. Conclusion

The precipitation of δ phase at high temperature from a
supersaturated matrix (i.e., without γ′′ phase) was studied
by XRD and TEM. Rietveld refinement proved to be very
efficient to study δ precipitation. The volume fraction of δ
precipitates was determined and allowed us to calculate the
alterations occurring in the γ cell parameter with the amount
of dissolved Nb. The results confirm the close correlation
between δ precipitate growth kinetics and the evolution of
the niobium content in the matrix. Detailed TEM studies
of the δ platelets confirmed the existence of antiphase
domains related by a 2π/3 rotation around the [010]δ axis.
Some diffraction contrast observed at the edges of delta
precipitates could lead to the erroneous conclusion that
delta phase grows through the formation of an intermediate
γ′′ phase. Examination of the Fourier transforms from the
images showed that the contrast observed is due to a double
diffraction phenomenon occurring when γ and δ phases
overlap. The present investigations thus indicate that δ phase
may grow directly from the supersaturated γ matrix.

Appendix

Considering the integrated intensity of the peaks to be a
function of the refined structural parameters, a least-squares
procedure was used to minimize the difference between
the observed and simulated powder diffraction patterns.
The progress of the minimization was monitored through
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Figure 11: Fourier transform of zones a, b, and c in Figure 10 (first row) and their indexing (second row).
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Figure 12: Indexing of the SAD pattern shown in Figure 8(b), indicating that the pattern can be obtained by the superimposition of
diffraction along [001]γ (a) and [332]δ1 (b) plus some additional spots arising from double diffraction as shown by the arrows in (c).

the usual reliability parameters, Rwp (weighted residual fac-
tor) and Rexp (expected residual factor) defined as:

Rwp =
⎡
⎢⎣
∑

2θ w2θ

(
Iexp(2θ)− Icalc(2θ)

)2

∑
2θ w2θ

(
Iexp(2θ)

)2

⎤
⎥⎦

1/2

,

Rexp =
⎡
⎢⎣ N − P∑

w2θ

(
Iexp(2θ)

)2

⎤
⎥⎦

1/2

,

(A.1)

where Iexp(2θ) and Icalc(2θ) are the experimental and calcu-
lated intensities at 2θ angles, w2θ = 1/Iexp(2θ) are weight
factors, N is the number of experimental observations, and

P is the number of refined parameters. Also, we used the so-
called goodness of fit (GoF) factor given as

GoF = Rwp

Rexp
. (A.2)

Refinements were carried out until convergence was reached
and the value of the GoF factor became close to 1 (usually,
the final GoF varies from 1.1 to 1.3). The parameters that
were refined using FullProf are the following:

(i) background;

(ii) unit cell parameters;

(iii) breadth of peaks (a Pearson VII profile function was
found to be best suited to fit the experimental peaks);
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(iv) scale factors (Si), which are related to the mass
fraction (xi) of the phase i in the mixture by

xi = (SiZMiVi)/ti∑
i(SiZMiVi)/ti

, (A.3)

where Z is the number of formula units per unit cell
for phase i, M is the mass of the formula unit, V is
the unit cell volume, and t is the Brindley coefficient
that accounts for microabsorption effects.

Then, the volume fraction ( fi) of phase i can be calculated
from the mass fraction as:

fi = xi/ρi∑
i xi/ρi

, (A.4)

where ρi is the density of phase i.
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The precipitation and growth kinetics of γ′ precipitates, which are strengthening factors in Ni-base oxide dispersion strengthened
(ODS) superalloys, were investigated. The cuboidal-type γ′ precipitates are formed in conventional arc-melted Ni–Al alloys,
whereas spherical-type precipitates are formed in the mechanically alloyed (MAed) specimens. The morphology is controlled by a
lattice misfit between the γ′ precipitates and the matrix at the aging temperature of 800◦C. The growth kinetics of the γ′ precipitates
can be followed by Ostwald ripening. The Arrhenius plot yielded a lower activation energy for the solute atom diffusion in MAed
specimens, which is attributed to their high dislocation density and nanosized grains.

1. Introduction

In jet engines and gas turbines, where Ni-base superalloys
with single crystals are currently used extensively as the
materials for blades, disks, and vanes, the inlet temperature
exceeds 1600◦C. Next-generation Ni-base superalloys are
intensively being developed to improve thermal efficiency by
increasing inlet temperature; an oxide dispersion strength-
ened (ODS) type of Ni-base superalloy could be candidate
of such alloy. The strength of Ni-base ODS superalloys is
affected by both dispersed oxide particles and γ′ precipitates
with an L12 ordered structure. The coarsening behavior of γ′

precipitates in Ni-base superalloys on being subjected to high
temperature has been extensively investigated [1, 2]. Kusabi-
raki et al. [3] reported that coarsening of γ′ precipitates in
Inconel X-750 follows Ostwald ripening, according to the
Lifshitz-Slyozov-Wagner (LSW) theory [4], which describes
that an increase in the radius of γ′ precipitates is proportional
to t1/3 (where t is the time). However, for mechanically
alloyed (MAed) Ni-base ODS superalloys, experimental
information on γ′ precipitate behavior is extremely limited
[5]. In this study, the precipitation and growth kinetics of γ′

precipitates were investigated for the Ni–15at%Al alloy, Ni–
15at%Al–0.6at%Y2O3 alloy, and similar MA6000 fabricated
by ourselves by mechanical alloying and arc-melting as a
reference, focusing on the effects of MA and Y2O3 addition.

2. Experimental Procedures

The elemental powders in the size of about 100 μm were
provided to make three kinds of target compositions: Ni–
15at%Al, Ni–15at%Al–0.6at%Y2O3, and similar MA6000
(Ni–15 wt%Cr–1.95 wt%Mo–4.45 wt%Al–2.9 wt%Ti–
4 wt%W–1.9 wt%Ta–1 wt%Y2O3). These powders were
placed in a pot 45 cc in volume together with stearic acid
under argon gas atmosphere in a glove box, and they were
mechanically alloyed (MAed) by using a planetary-type
ball mill (Fritsch P-6). The weight ratio of ball to powder
was set to 10 : 1. The mechanical alloying was processed
for 24 h. Subsequently, the MAed powders were sintered by
hot-pressing (HP) at 1200◦C for 3 h. For comparison, the
Ni–15at%Al alloy was fabricated by arc-melting and was
then heat-treated at 1200◦C for 72 h for forming a solid
solution. Here, as-MAed powders are referred to “MA,”
the subsequently hot-pressed alloys of MAed powders are
referred to “MAHP,” and the arc-melted alloys are referred
to “arc.”

In order to measure hardness changes due to γ′ pre-
cipitation, MAed powders were enclosed in an ampoule
under vacuum, and the Vickers hardness test was conducted
after annealing at four different durations—3 min, 10 min,
60 min, and 72 h at 800◦C. The particle size of the MAed
powders was about 50 μm. Hence, the Vickers hardness
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measurement was carried out under lower loading of 100 gf
for 5 s and was averaged for 10 times, with the maximum
and minimum data points being neglected. For evaluat-
ing the growth kinetics of γ′ precipitates, their scanning
electron microscopy (SEM) observations were carried out
after annealing for 24 h, 72 h, and 120 h at 800◦C, 850◦C, and
900◦C.

3. Results and Discussion

3.1. Hardness Increase by γ′ Precipitation. Figure 1 shows
the results of hardness measurements under as-fabricated
conditions of Ni–15at%Al (arc), Ni–15at%Al (MA), and Ni–
15at%Al–0.6at%Y2O3 (MA). A comparison of the hardness
values of the three kinds of alloys showed that mechanical
alloying induces a hardness increase by Hv 350, which could
be due to the introduction of severe plastic deformation
during the alloying process. The addition of 0.6at%Y2O3 to
Ni–15at%Al (MA) increases the hardness by approximately
Hv 40.

The increase in hardness, ΔHv, from the hardness
under the as-fabricated condition, induced by annealing
at a temperature of 800◦C is shown in Figure 2, where
the annealing time is expressed in the logarithmic scale.
Dislocation recovery and grain coarsening by annealing
induce decrease in hardness. Results of X-ray diffraction
analysis confirmed that this hardness increase is attributable

Table 1: Dislocation density and grain size of as-fabricated
specimens produced by mechanical alloying and arc-melting.

Dislocation density
(1/m2)

Grain
size

Ni–15at%Al (MA) 3.65 × 1016 91 nm

Ni–15at%Al–0.6at%Y2O3 (MA) 5.18 × 1016 66 nm

Ni–15at%Al (arc) 8.50 × 1013 3 mm

to γ′ precipitation during annealing, as shown in Figure 3,
where the low-angle peak corresponds to the γ′ precipitates
and the high-angle one corresponds to the Ni solid solution
in Ni–15at%Al (MA). The maximum ΔHv becomes Hv 50
for Ni–15at%Al (arc), Hv 90 for Ni–15at%Al (MA), and Hv
110 for Ni–15at%Al–0.6at%Y2O3 (MA). These results imply
that the process of mechanical alloying leads to the hardness
increase because of enhanced precipitation of γ′. With
respect to Y2O3 behavior, it was found in a previous study
that Y2O3 particles were dissociated by mechanical alloying,
and then, yttrium and oxygen combined and reprecipitated
as Y2O3 upon annealing at a temperature of around 600◦C
[6]. On the basis of these findings, it is concluded that Y2O3

particles do not directly affect the increase in hardness under
the as-fabricated condition, as shown in Figure 1, and during
annealing at 800◦C, Y2O3 particles also precipitate and could
affect the hardness increase of Ni–15at%Al–0.6at%Y2O3

(MA), as shown in Figure 2.
By X-ray diffraction analyses of the MAed powders and

arc-melted alloy before annealing, the grain size (D) and
accumulated strain (ε) were derived using the diffraction
peak angle (θ) and width of the half height (β), according
to (1) [7]

β
cos θ
λ

= 2ε
sin θ

λ
+
K

D
, (1)

where λ is the wavelength of the incident X-ray (0.154 nm)
and K is a constant (0.9). Furthermore, the dislocation
density (ρ) can be estimated from accumulated strain (ε)
using (2) [8]

ρ = 14.4
ε2

b2
, (2)

where b is the value of the Burgers vector (0.249 nm) in
the Ni solid solution. Table 1 lists the analysis results. It
is obvious that mechanical alloying results in extremely
fine grains (grain size of the order of nanometers) and an
extremely high dislocation density. These values are slightly
enhanced by the addition of 0.6 at % Y2O3. Specimens
produced by arc-melting have a large grain size of 3 mm
and lower dislocation density. From the characterization of
microstructures under the as-fabricated condition (Table 1),
we find that the extremely fine grains and high dislocation
density are responsible for the higher hardness in MAed and
0.6 at% Y2O3-added alloys.

3.2. γ′ Precipitate Morphology. Figure 4 shows the SEM
micrographs of Ni–15at%Al (MA) after annealing at 900◦C
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Figure 3: Results of X-ray diffraction for Ni-15at%Al (MA) after aging at 800◦C.
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Figure 4: SEM micrographs of Ni-15at%Al (MA) after annealing at 900◦C for 24 h (a), 72 h (b), and 120 h (c).

for 24 h, 72 h, and 120 h, and Figure 5 shows those of Ni–
15at%Al (arc) under the same annealing conditions. The
dark region corresponds to the γ′ precipitates, which was
confirmed by Ni and Al distributions by means of EPMA
analyses. As shown in Figure 5, the γ′ precipitates in dark
region can be observed in regular arrangement along the
lattice for arc-melted alloys. It was found that each array

was composed of small cube type of γ′ precipitates in a high
magnification. A dimension of the cubes is approximately
0.3 μm (cuboidal morphology), and the cubes grow with
increasing annealing duration. It is also reported by Ricks
et al. [9] that the cube type of the γ′ precipitates are devel-
oped on the (001) plane and coalescence into the cuboidal
arrays. In contrast, the spherical-shaped γ′ precipitates are
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Figure 5: SEM micrographs of Ni-15at%Al(arc) after annealing at 900◦C for 24 h (a), 72 h (b), and 120 h (c).

heterogeneously distributed in the MAed specimens, where
each sphere appears to be an agglomeration of fine spheres
in a dimension of approximately 0.2 μm. Figure 6 shows
the distribution of γ′ precipitates in the MAHP alloys of
Ni–15at%Al, Ni–15at%Al–0.6at%Y2O3, and MA6000 after
annealing at 900◦C for 72 h. The γ′ precipitates appear to be
slightly arranged along a lattice, rather than spherical-type of
agglomeration.

In order to evaluate the various morphologies of the
γ′ precipitates in MAed and arc-melted alloys, their lattice
misfits were evaluated. On the basis of the X-ray diffraction
measurements, the lattice constant a is calculated using

d = λ

2 sin θ
,

a = d
√
h2 + k2 + l2,

(3)

where θ is the diffraction angle, λ is the wavelength of the
CuKα characteristic X-ray spectral line of 0.154 nm, and (h k
l) is the index of the lattice plane. In the case of Ni–15at%Al
(MA), the 2θ values of γ and γ′ precipitates are 44.21◦ and
43.82◦, respectively, as shown in Figure 3. The diffracted
lattice plane is (111) for both cases. Substituting these values
into (3), the lattice constant becomes aγ = 0.35441 nm
and aγ′ = 0.35743 nm. These lattice constants are at room
temperature; the values at 800◦C, where γ′ precipitation

Table 2: Lattice misfit parameters at 800◦C measured by X-ray
diffraction.

Lattice misfit (%)

Ni–15at%Al (MA) 0.54

Ni–15at%Al–0.6at%Y2O3 (MA) 0.61

Ni–15at%Al (arc) 0.25

occurs, must be calculated. The lattice constants of γ and γ′

precipitates at 800◦C are estimated to be aγ-800 = 0.35928 nm
and aγ′-800 = 0.36120 nm by using thermal expansion
coefficients of 1.279 × 10−5 (1/K) for γ and 1.320 × 10−5

(1/K) for γ′ precipitates. The lattice misfit δ of Ni–15at%Al
(MA) was found to be 0.54% at 800◦C when these values
were substituted into (4):

δ = aγ′ − aγ
aγ

. (4)

The lattice misfit δ of Ni–15at%Al (arc) became 0.25% at
800◦C when 2θ = 43.69◦ for γ and 2θ = 43.44◦ for
γ′ precipitates and aγ-800 = 0.36333 nm and aγ′-800 =
0.36421 nm. Similarly, the lattice misfit δ of Ni–15at%Al–
0.6at%Y2O3 (MA) was found to be 0.61%. These results are
listed in Table 2.
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Figure 6: SEM micrographs for MAHP specimens after annealing at 900◦C for 72 h. Ni-15at%Al (a), Ni-15at%Al-0.6at%Y2O3 (b), and
MA6000 (c).

Table 3: The growth rate constant K′ (m3/s) of γ′ precipitates at
800◦C, 850◦C, and 900◦C.

800◦C 850◦C 900◦C

Ni–15at%Al (arc) 4.20 × 10−27 1.99 × 10−26 9.22 × 10−26

Ni–15at%Al (MA) 3.84 × 10−27 6.84 × 10−27 2.34 × 10−26

Ni–15at%Al (MAHP) 3.91 × 10−26 7.33 × 10−26 1.23 × 10−25

Ni–15at%Al–
0.6at%Y2O3(MAHP)

7.94 × 10−26 1.32 × 10−25 1.81 × 10−25

MA6000 (MAHP) 3.13 × 10−26 5.87 × 10−25 9.86 × 10−25

If the lattice misfit δ between the γ and γ′ precipitates
is zero, γ′ randomly precipitates in a spherical morphology;
however, a slightly positive misfit results in a cuboidal γ′

morphology, because preferential growth of the γ′ precipitate
occurs in the crystalline direction so as to minimize the elas-
tic energy [9]. In addition, it has been reported that increas-
ing the lattice misfit δ by more than 0.5% destroys coherency
and leads to spherical precipitates [10]. The results listed in
Table 2 are in agreement with the results mentioned above.

3.3. Growth Kinetics of γ′ Precipitates. Figure 7 shows the
sizes of the γ′ precipitates for Ni–15at%Al (MA) with

increasing aging time (24 h, 72 h, and 120 h) at 800◦C,
850◦C, and 900◦C. The plot of the average size against the
aging time is almost a straight line when the cube of the
diameters of the γ′ precipitates is considered although their
individual sizes vary widely even at the same aging time and
same temperature. This could imply that the growth of γ′

precipitates is followed by Ostwald ripening, and the LSW
relation would be satisfied, which is expressed as [11]

d3 − d3
0 =

64σDCeV 2
m

9RT
t = K ′t,

K ′ = 64σD0CeV 2
m

9RT
exp

(
− Q
RT

)
,

(5)

where d0 and d are average particle sizes at the initial time
and after aging time t, σ is the interface energy between the
γ′ precipitate and the matrix, D is the diffusivity of the solute
atom, Ce is the solute atom concentration in equilibrium
with the γ′ precipitate having infinite size, Vm is the molar
volume of the γ′ precipitate, R is the gas constant, and T
is the absolute temperature. K ′ is the growth rate constant,
which is expressed using the activation energy of atomic
diffusion, Q. The value of K ′ at each temperature can be
experimentally derived from the slope of the nominal values
in Figure 8 although there is wide dispersion in upper and
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Table 4: Activation energy Q (kJ/mol) of atomic diffusion derived
from growth rate of γ′ precipitates.

Activation energy of atomic
diffusion (kJ/mol)

Ni–15at%Al (arc) 303

Ni–15at%Al (MA) 188

Ni–15at%Al (MAHP) 210

Ni–15at%Al–0.6at%Y2O3 (MAHP) 186

MA6000 (MAHP) 251

lower limits. Similarly, the values of K ′ were obtained for Ni–
15at%Al (arc), Ni–15at%Al (MA and MAHP), Ni–15at%Al–
0.6at%Y2O3 (MAHP), and MA6000 (MAHP); these values
are listed in Table 3. They are represented by the Arrhenius
plot of ln(K ′) versus 1/T. The values of Q estimated from the
slope of each line in Figure 8 are 188 kJ/mol for Ni–15at%Al
(MA), 303 kJ/mol for Ni-15 at %Al (arc), 210 kJ/mol for Ni–
15at%Al (MAHP), 186 kJ/mol for Ni–15at%Al–0.6at%Y2O3

(MAHP), and 251 kJ/mol for MA6000 (MAHP). These Q
values are summarized in Table 4.

Kusabiraki et al. [3], Castani and Lupinc [12], Ardell
and Nicholson [11, 13] pointed out that a growth of the
γ′ precipitates follows the LSW relation; the activation
energy for the γ′ growth is reported as 281 kJ/mol [3] and
290 kJ/mol [9] in Inconel X-750 and 269 kJ/mol [11] in
Ni—Al. It is also pointed out that this activation energy
belongs to that for diffusion of Al in Ni, of which activation
energy is reported to be 268 kJ/mol [3]. In this study, similar
activation energy of 303 kJ/mol was roughly estimated for the
arc-melted alloys. However, MAed specimen is significantly
reduced in the activation energy of 188 kJ/mol. This could be
due to the high dislocation density and nanosized grains in
MA, as shown in Table 1. It is considered that the atomic (Al)

−61

−60.5

−60

−59.5

−59

−58.5

−58

−57.5

−57

−56.5

ln
K


0.0008 0.00085 0.0009 0.00095

Temperature (1/K)

(arc)

(MA)

Ni–15A1

Ni–15A1

(a)

−61

−60.5

−60

−59.5

−59

−58.5

−58

−57.5

−57

−56.5

ln
K


0.0008

(MAHP)

(MAHP)

(MAHP)

Temperature (1/K)

MA6000

0.00085 0.0009 0.00095

Ni–15A1

Ni–15A1–0.6Y2O3

(b)

Figure 8: The Arrhenius plot for growth rate of γ′ precipitates.

diffusion to produce γ′ precipitates is adequately enhanced
in MAed specimens. The activation energy for MAHP lies
between that for MAed and that for arc-melted specimens
and could be attributed to dislocation recovery and grain
coarsening by hot-pressing at 1200◦C for 3 h.

4. Conclusions

The γ′ precipitation and growth kinetics in MAed Ni–Al
specimens were investigated, and the following results were
obtained.

(1) The morphology of the γ′ precipitates is totally
different: the morphology is cuboidal in the con-
ventional arc-melted Ni—Al alloys and spherical
in the MAed ones. These differences in morpholo-
gies are attributed to the different lattice misfits
between the γ′ precipitates and matrices at the aging
temperature of 800◦C. The arc-melted specimens
have a lower positive value (less than 0.5%) of
the lattice misfit δ, causing preferential growth of
the γ′ precipitate along the crystalline direction,
whereas an increased lattice misfit δ (more than
0.5%) in the MAed specimen destroys coherency and
leads to isotropic growth in spherical morphology.
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The hardness increase induced by the γ′ precipitates
during aging is accelerated in the MAed specimens.

(2) The growth kinetics of the γ′ precipitates can be
expressed by Ostwald ripening. On the basis of the
LSW theory, the activation energy for the γ′ precip-
itate growth was derived from the Arrhenius plot:
303 kJ/mol for the arc-melted specimens, 188 kJ/mol
for the MAed specimens, 210 kJ/mol for Ni–15at%Al
(MAHP), 186 kJ/mol for Ni–15at%Al–0.6at%Y2O3

(MAHP), and 251 kJ/mol for the MAHP specimens.
The lower activation energy for solute diffusion in
the MAed specimen could be attributed to the high
dislocation density and nanosized grains.
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